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DISLOCATION ETCH PITS AND PLASTIC DEFORMATION IN CALCITE* 


R. E. KEITH and J. J. GILMAN?* 


This investigation was concerned with the development of an etch-pitting procedure for calcite 
crystals (CaCO ). Calcite is of interest because of its plastic properties, especially its capacity for 
mechanical twinning. Etch-pits were produced on calcite using a number of different reagents. The pits 
were found to have unique shapes characteristic of each chemical, its concentration, and the nature of 
any diluent used with it. Concentrated formic acid produced the most satisfactory pits, and it was 
verified that these pits resulted from dislocations. The known glide elements of calcite were confirmed 
by observing arrays of etch-pits on the glide planes. Dislocation structures were observed in twins. 


PIQURES DE CORROSION ET DEFORMATION PLASTIQUE DE LA CALCITE 

Cette étude est relative au développement d'une méthode de production de piqtires de corrosion sur les 
cristaux de calcite (CaCO,). Ce minéral est intéressant a cause de ses propriétés plastiques et 
particuli¢érement de son aptitude au maclage mécanique. 

Les auteurs ont pu produire des piqtres de corrosion sur la calcite en utilisant différents réactifs. 
Ils ont trouvé que celles-ci avaient une forme unique pour chaque réactif utilisé en fonetion de sa 
concentration et de la nature du solvant utilisé. C’est acide formique concentré qui produit les piqtares les 
les plus intéressantes et on a pu prouver que leur formation était en relation avec la présence de disloca- 
tions. Les éléments de glissement connus pour la calcite ont pu étre confirmés en observant la distribu- 
tion des piqtres de corrosion sur les plans de glissement. Enfin, dans les macles, les auteurs ont 


également observé des distributions de dislocations. 


ATZGRUBEN AN VERSETZUNGEN UND PLASTISCHE VERFORMUNG VON KALKSPAT 

Ziel der Untersuchung war die Entwicklung eines Verfahrens zur Erzeugung von Atzgruben an 
Kalkspatkristallen (CaCO,). Kalkspat ist interessant wegen seiner plastischen Eigenschaften, 
insbesondere seiner Fahigkeit zur Bildung mechanischer Zwillinge. Die Atzgruben wurden mit Hilfe 
einer Anzahl verschiedener Reagenzien erzeugt. Die Form der Gruben hing eindeutig ab vom Reagens, 
seiner Konzentration und dem benutzten Lésungsmittel. Konzentrierte Ameisensiure ergab die besten 
Gruben, und es liess sich beweisen, dass diese Gruben von Versetzungen herriihrten. Die Anordnung 
der Atzgruben auf den Gleitebenen bestatigte die bekannten Gleitelemente von Kalkspat. Bei Zwillingen 
wurden die Versetzungsstrukturen beobachtet. 


INTRODUCTION non-metallic crystals, and the technique has been 
Calcite, the rhombohedral form of calcium carbon- widely used to study crystal growth and_ plastic 
ate, is one of the most perfect naturally-occurring deformation.‘ 
erystals.") Specimens used in this investigation, The ability of calcite to form large, straight-sided 


for example, contained around 1 104 dislocation mechanical twins is well known.'”) In faet, mechanical] 


lines/em?. It cleaves well on rhombohedral planes, twins were first discovered in it.'*) Calcite also 
9) 


is transparent, and has a Moh hardness of 3. These undergoes translation gliding or slip.‘ 

properties make it an easy material to handle. The objects of the present research were: first, to 
Mineralogists for many years have made use of etch develop an etch-pitting procedure to reveal dis- 

attack figures to determine the symmetry of crystals, locations in calcite: and, second, to use this procedure 

although the technique has now been largely for studying its deformation. 

supplanted by X-ray diffraction. The etching of 

calcite has been studied by a number of investigators MATERIAL 

(for example, references 2-4), and the fact that the 


Clear, colorless calcite crystals were purchased? in 
etch-pits sometimes occur in orderly arrays has been 


the form of cleavage rhombohedra. These crystals 
reported, but it was not appreciated that these pits 

can often be correlated with the defect (dislocation) 
structures of the crystals. Investigators have reported 
etch-pit patterns on a variety of other metallic and 


were converted into right prisms by sawing off and 
mechanically polishing two opposite ends. Individual 
specimens of any desired size were then cleaved out 


of the prisms perpendicular to the polished ends. All 
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of the observations of etch-pits were made on as- 
cleaved surfaces. 
ETCHING TECHNIQUE 

Calcite requires somewhat different etchants than 
other materials on which etch-pits have been produced. 
Alkaline solutions do not attack calcite at reasonable 
rates at room temperature, and mineral acids cause 
excessively rapid attack with CO, evolution. However, 
weak acids or acids moderated by an inert vehicle can 
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Monocarboxylic acids 

Crystals were etched with various concentrations 
of three homologous acids: formic, acetic, and 
propionic. Examples of the resulting etch-pits appear 
in Figs. 1-3. The observation plane (Figs. | through 
11) is the (010) cleavage plane. The [101] direction is 
toward the top of the page, and the [010]-axis extends 
into the page.* 

The rate of attack varied inversely with both the 


Maximum 


Etchant 
concentration 


Formic acid 90% 


HCOOH l 
Acetic acid 99.9% 
CH,COOH 1: 
Propionic acid 95% 
CH,CH,COOH 


Lactic acid 85° 
CH,CH(OH)COOH 
Maleic acid 
HOOCCH:CHCOOH 
Tartaric acid 


HOOC(CHOH),COOH 


Sat’d. H,O 
soln. 
Fresh sat’d. 
H,0O soln. 
2-month old 


soln. 
Citrie acid Sat’d. H,O 
HOOC CH,C(OH) (COOH) soln. 


CH,COOH 


Ethylene diamine Sat’d. H,O 


Tetra-acetic acid soln. 
(HOOC CH,),N CH,CH, 
N(CH,COOH), 
Nitric acid 70% a3 


Other concentrations, 
parts by volume 


Typical 
etching 
times, 
(sec) 


Optical 
rotation 
(deg) 


Figure 


1 H,O 
: 10 H,O 1 1/2 le 
: 1 Ethanol 45 4 
: 1 Glycerol 90 5 
360 2a 
1 H,O 75 2b 
: 10 H,O 30 2¢ 
* 


1 H,O 


15 0.28 6 
= 15 0.05 7 
10 10.70 Ss 
7.31 
90 0.07 9 
90 - 10 
100 Ethanol 90 11 


* No attack after 6 min. 


be used successfully. In selecting specific etchants, 
the work of Honess and Jones) provided a start- 
ing point. 


The etching treatments that were used in the 
present investigation are listed in Table 1. Crystals 


were immersed in the reagents at room temperature 
and gently agitated for the appropriate time. They 
were then rinsed successively in running tap water, 
95°,, ethanol, and ether. 


RESULTS 
The shapes of the etch-pits were specific to the 
chemicals that were used, their concentrations, and 
the nature of any diluents used with them. They are 
probably also a function of temperature, but this was 
not studied. 


length of the carbon chain of the acid, and with its 
concentration. The latter effect may be due to the 
more complete ionization that occurs in dilute 
solutions of weak acids. For each acid, a dilution was 
reached beyond which the attack began to become 
general and the quality of pits deteriorated. This 
effect appears in Fig. 3b for propionic acid. Very 
dilute acid solutions cause terracing and large, 
irregular flat pits which apparently are not related 
to the defect structure of the crystal. 

One interesting observation was that the orientations 
of the pits differed for concentrated formic and acetic 
acids (Figs. la and 2a). The pits produced by formic 


* The rhombohedral, or Miller, system of indexing is used 
in preference to the hexagonal, or Bravais, system. 
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Concentrated 


a 


Formic acid 


~ 

~ 

am. ~ 

~/ ~ } 
~ | 


360 sec 


No attack after 6 min 


Propionic acid 


(3a) 


acid have their edges roughly parallel and perpen- 
dicular to [101], while the edges of those produced by 
acetic acid are parallel and perpendicular to [100]. 
Gilman and Johnston”® have noticed a_ similar 
orientation difference 
lithium fluoride by their Etch W and Etch A. 

If a diluent other than water is used, the shapes 
of the pits may be changed. Figs 4 and 5 show 
pits resulting from attack by ethanol and glycerol 
solutions of formic acid and should be compared with 
Fig Ib. 


between pits produced on 


Substituted monocarboxylic acid 
Lactic acid was the only etchant in this class. It 
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120 sec 


Fics. 1-3. Etch-pits produced by formic, acetic, and propionic acids. 
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(3b) 30 sec 


differs from acetic acid by having a chemically inactive 
hydroxyl group attached to the carbon next to the 
carboxyl group instead of hydrogen. For dilutions 
less than 1 H,O : 5 acid, the pits do not differ a great 
deal from those of acetic acid, but at greater dilution 
the shapes of the pits change to ovals (Fig. 6) and then 


to lenses. 


Dicarboxylic acids 


Oxalic acid, the simplest dicarboxylic acid, did not 
give pits, but resulted only in overall staining of the 
crystal. Maleic acid made the striking pits shown in 
Fig. 7. 


shown in Fig. 8. 


Tartaric acid resulted in the asymmetric pits 
These were the only asymmetric pits 
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4 ‘ Fic. 7. Saturated maleic acid. 15 sec. « 500. 


Fie. 5. 1 : 1 Formic acid-glycerol. 90 sec. 
: Fic. 8. Saturated tartaric acid. 10 sec. 500. 


Fic. 6. 1 : 1 Lactic acid-H,O. 15 sec. « 500. Fic. 9. Saturated citric acid. 90 sec. 500. 
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observed in this investigation. Since asymmetry of 
etch-pits has been correlated with optical activity of 
the etchant, the acids that are capable of stereoisom- 
erism were checked for optical activity. The results 
are listed in Table 1. They show that the tartaric 
acid was the only optically active etchant. The 
optical activity probably resulted from the method 
of manufacture, and the other acids were racemic 
mixtures. 


Tricarboxylic acids 
Citric acid was the only tricarboxylic acid that was 
studied (Fig. 9). 


Tetracarboxylic acids 

Ethylene diamine tetra-acetic acid resulted in the 
pits shown in Fig. 10. 

At this stage of the investigation, it had become 
apparent that etch-pits can be produced on calcite 
with no difficulty. Next a search was undertaken for 
a polishing reagent which could be used to smooth 
rough surfaces that resulted from cleavage or deep 
etching. Dilute aqueous solutions of HCl, HNO,, 
H,SO,, and acetic acid were tried, with the same 
results as those of Boos‘ and Pfefferkorn™. Large, 
flat, rhomic etch figures and preferential attack at 
cleavage steps resulted. A powerful chelating agent 
for calcium, the tetra-sodium salt of ethylene diamine 
tetra-acetic acid, also failed. Ammonium chloride 
solutions resulted in rhombic pits. Alcoholic and 
glyceryl! solutions of mineral acids resulted in etch-pits 
(Fig. 11). To date, no satisfactory chemical polishing 


agent for calcite has been discovered. 


Fic. 10, Saturated ethylene diamine tetra-acetic acid. 
90 see. « 500. 
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Fic. 11. 1 : 100 Nitric acid-H,O. 90 see. 500, 


CORRELATION OF ETCH-PITS 
WITH DISLOCATIONS 

Two methods were used to find out whether the 
etch-pits that have been described above are located 
at dislocations. Because it produces sharp pyramidal 
pits, concentrated formic acid was chosen as the most 
suitable reagent for routine use, and the dislocation 
correlation tests were made with it. 


(1) Matching cleavage faces 

Since dislocations are line defects, if a cleavage 
fracture is passed through the network of dislocations 
in a crystal, the dislocation etch-pit patterns on the 
two fracture faces should correspond to each other. 
As Fig. 12 shows, this correspondence for calcite 
formic acid is very close except in the region where a 


cleavage step crosses the field. 


(2) Dislocation movement 

In an etched crystal, if a dislocation is moved away 
from its etch-pit by the action of a stress, the etch-pit 
should become flat-bottomed during further etching. 
At the same time, a sharp-bottomed pit should appear 
at the new location of the dislocation. Fig. 13 shows 
such a case for calcite bent at 500°C, 

Although the pits produced by all the reagents 
that were investigated are probably associated with 
dislocations, only concentrated formic acid was tested. 
DISCUSSION OF ETCH-PITTING 

RESULTS 

The shape of an etch-pit is determined by relative 
rates of chemical attack in different crystallographic 
directions. These rates in turn depend upon inter- 
actions between the ions in the etchants and the 
geometric arrangements of the ions on the crystal 
surfaces. Thus the present observations of etch-pit 
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Fic. 12. Matching cleavage faces. Etched. < 500, 


Fic. 13. Dislocation motion. Flat-bottomed pit at former site. 
Smaller pointed pit at new site. Specimen was stressed between 
etchings. < 500. 
shapes that are specific to each reagent confirm the 
views of previous investigators (particularly Honess 
and Jones, and Boos) that the anions of the etchants 
are involved in the dissolution process, and not just 
the hydrogen ions. The fact that the right- or left- 
handedness of the asymmetric pits that are produced 
by optically active etchants can be reversed by 
interchanging the d- or /-forms of the etchant‘? 

cannot be easily explained in any other way. 
APPLICATION OF ETCH-PITTING 
TO PLASTIC DEFORMATION 
Turner et al.) have made a careful and thorough 
study of the deformation of calcite using petrography, 


essentially a macroscopic technique. A summary of 
their findings concerning the glide systems, converted 
to Miller indices, is as follows: 

(1) Twin gliding occurs on the {110} planes in the 
| directions: 

(2) {100}[O11] translation gliding (slip) occurs in 
the temperature range 20°-300°C; 

(3) {1IL{/O11] translation gliding occurs at or near 
room temperature. 
They found no evidence of either translation gliding 
on {110} planes in the reverse sense to twinning, or of 
translation gliding on the (111) plane. Both of these 
glide systems had previously been suggested as 
possibilities in calcite. 


Translation gliding 

The etch-pit technique, as developed in this 
investigation, tells nothing about glide directions, but 
in most other respects it gave results in agreement 
with those of Turner et al. 

The mobilities of dislocations in calcite are very 
low at room temperature, but become appreciable at 
higher temperatures. Fig. 14 shows three sides of a 
prismatic beam of calcite that was loaded as a three- 
point beam at a maximum fiber stress of 2200 g/mm? 
at the center of the span for 2 hr at 500°C. The 
stereographic analysis of Fig. 15 identified the bands 
of Fig. 14 as resulting from glide on (111)—a plane 
equivalent to (111)—and (100). 

Fig. 16 shows a deformation figure made by pressing 
a crystal at 500°C with a rounded glass rod. In 
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Bottom Side 


Top 


Fic. 14a. Three surfaces of a specimen loaded in three-point bending for 2 hours at 500°C, then etched. 


10) 
104°) 


50° 


TOP (OO!) 


Fic. 14b. Key to Fig. l4a. Angles were measured 
microscopically on specimen. 


addition to translation gliding, this region contains 
(110) twinning and (100) and (001) cleavage. The 
semi-circular interference fringes result from parting 
on the (110) twin interface. 

The only respect in which the results of these 
experiments differed from those of Turner ef a/. was 
that {111} translation gliding appeared to be much 
more extensive than {100} gliding over the tempera- 
ture range from room temperature to 600°C. Above 
600°C, appreciable decomposition of the crystal 
occurred during the time necessary to make experi- 
ments. The total deformations in the present work 
were much smaller than those attained by Turner 
et al., however, and this may account for this 
difference in the results. 

There was no conclusive evidence of translation 
gliding on either (110) or (111), in, agreement with 
those workers. 


Twinning 

Twinning was produced either by longitudinal 
compression of cleaved prisms, or bv shear of cleavage 
rhombs. Both methods tended to result in a series 
of narrow twins rather than in the enlargement of a 
single twinned region. 

When twinned crystals were etched, a striking 
structure was sometimes developed (Fig. 17). The 
intense black markings occurred only on the 


/ 
010, 
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Fic. 15. Stereographic analysis of deformation 
appearing in Fig. I4a. 
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Side Top 
Made by pressing with a glass rod. Crystal was at 500°C. 
< 50. 


Fic. 16. Deformation figure at edge of crystal. 
Orientation matches Fig. 14. 
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Fic. 17. Surface markings on twins. Cleaved before twinning. Fic. 18. Etch pits in twin. Cleaved after twinning. 
150. Etched 60 sec. 95. 
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Fic. 19. Etch pits and grooves in twin of Fig. 18. Etched 5 sec. 


side of the twin that made an obtuse angle with 


the observation plane. The proportion of the twin 


that was covered by the markings differed from one 
twin to another. Prolonged etching showed that 
these markings, some of which were barely visible 
before etching, and which were presumably fine 
cracks, existed only in a shallow region near the 
surface. Furthermore, they were never observed on 
specimens cleaved after twinning. The line on which 
the markings begin may be a useful indication of the 
initial position of one twin interface, but the markings 


Fic. 20. Field of Fig. 18. Layer 1/16 in. thick removed 
cleavage. Etched 60 sec. 95. 


ETCH 
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are not an essential part of the twinning mechanism 

To avoid extraneous surface effects, crystals were 
first twinned, and then layers were cleaved off their 
surfaces. This is readily done for the faces parallel to 
the plane of shear. An interesting effect was observed 
with respect to the surfaces of cleaved twins. The 
were always relatively smooth, 


twinned regions 


whereas the untwinned portions of the crystals 
contained large numbers of cleavage steps in the 
neighborhood of the twins. Low"! has observed a 
similar effect in iron-silicon crystals that were cleaved 
after twinning. 

was cleaved and 
104/em?) 


shows that the twin is less perfect than the parent 


Fig. 18S shows a twin after it 


etched. The larger number of etch pits (3 


Many of the pits are flat-bottomed and 


crystals. 


21. Etch figure in twin interfaces. 250. 


presumably result from point-defect clusters.”?) In 
addition to the pits, shallow grooves are often visible 
after a light etch (Fig. 19). The grooves usually lie in 
crystallographic directions, possibly along the traces 
of {100} planes. They are associated with etch pits 
and terminate either at etch pits or at the twin 
The of the 
parallel to the twin interface define a series of straight 


interface. segments grooves that are 


lines which may indicate rest positions of twin 


interface which moved intermittently. The grooves 
apparently arise from imperfections lying on or very 
near the surface and parallel to the observation plane. 
Heavy etching seems to show that the 

detail 
surface is 


YTOOVES 
disappear, but the surface becomes 
difficult to If the 


cleaving off a thin laver, structure that is similar to 


very 
follow. renewed by 
the previous one reappears (Fig. 20). The positions of 
the grooves and etch-pits differ from those on the 
previous surface, but the segments parallel to the twin 


interfaces again define the same set of parallel lines 
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are at least two explanations that could 
account for the They might represent 
dislocation segments lying just beneath the observa- 


There 


grooves. 


tion plane. (Some grooves resemble dislocation loops.) 


Alternatively, the grooves might be debris tracks 
(point-defect clusters) left by moving dislocations. 
The segments parallel to the twin interfaces would 
then represent migration of dislocation segments in 
the interface during the brief interval when the 
interface was at rest. 

It was reasoned that if the grooves were dislocation 
segments, similar grooves might be observed in a 
bent beam cleaved on an active glide plane. The beam 
Although 
the resulting surface was well populated with etch 


of Figs. 12-14 was cleaved transversely. 


pits, there were no grooves. 

A final observation was the existence of etch-pit 
arrays in some twin interfaces (Fig. 21). In some 
cases, further etching caused the pits to disappear, 
and their origin remains uncertain. 
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TWINNING AND FRACTURE OF SINGLE CRYSTALS OF 3°, SILICON IRON* 


D. HULL} 


Thin sheet single crystal (001) specimens of a 3°, silicon iron have been strained in tension at — 196°C 
in the [010] direction. Twins formed, in preference to slip, on four prominent planes (121), (121), (121), 
and (121), which are all equivalent with respect to the applied stress. The morphology of the twins has 
been studied. They are in general parallel sided, but at the free surface one side of the twin is smooth 
and the other has a characteristic zig-zag marking. The markings are steps on the surface which are 
probably produced by a slip process. The crystals fractured without measurable deformation as a result 
of (010) cleavage cracks nucleated at the intersection of twins. Only intersections in which the twins 
meet on a plane normal to the applied stress produced cracks. The (010) cracks were often deflected along 


twin interfaces; on the zig-zag edge of the twin the crack followed the twin interface and on the smooth 
edge a stepped crack of (010) and (100) cleavage facets was produced. 


MACLAGE ET RUPTURE DE MONOCRISTAUX DE FER-SILICIUM (3°) 


Des feuilles minces monocristallines (001) de fer-silicium (3°,) ont été déformées par traction & — 196 C 
dans la direction [010]. Des macles se produisent de préférence au glissement sur 4 plans déterminés 
(121), (121), (121). et (121), qui sont équivalents par rapport a la direction de la tension appliquée. 

pplgq 
L’auteur a étudié la morphologie de ces macles. Elles sont en général a bords paralléles, mais a la surface 
| 
libre du cristal, l'un des cétés de la macle poss¢éde une allure caractéristique en zig-zag. Ces marques 


sont des crans sur la surface: ils sont probablement dis 4 un mécanisme de glissement. Les cristaux 


se sont rompus sans déformation mesurable par suite de fissures de clivage (010) produites a intersection 


des macles. Seules les intersections of les macles se rencontrent dans un plan normal a la tension 


appliquée produisent ces fissures. Les fissures (010) sont souvent déviées le long des interfaces de macles; 


sur le c6té irrégulier de la macle, la fissure suit [interface tandis que sur le c6té rectiligne une fissure 
échelonnée, formée de facettes de clivage (O10) et (100) a été observée. 


ZWILLINGSBILDUNG UND BRUCH VON EINKRISTALLEN 
AUS EISEN MIT 3% SILIZIUM 


Einkristalline Proben in der Form diinner Streifen mit (001)-Orientierung aus Eisen mit 3°, Silizium 
wurden bei — 196°C in der [010]|-Richtung gedehnt. Es bildeten sich vorzugsweise Zwillinge auf den vier 
spannungsmiissig gleichbegiinstigten Ebenen (121), (121), (121) und (121). Die Morphologie der 
Zwillinge wurde untersucht. Sie sind im allgemeinen parallel begrenzt, doch ist auf der freien Oberflache 
die eine Seite des Zwillings glatt, wahrend die andere Seite charakteristisch gezackt erscheint. Es 
handelt sich dabei um Oberflachenstufen, die vermutlich von Gleitvorgangen herriihren, Der Bruch trat 
ohne messbare Verformung ein als Folge von Spaltrissen auf (010)-Ebenen, Die Risse entstanden lings 
der Schnittlinie zweier Zwillinge, und zwar nur langs solcher Schnittlinien, die in einer Ebene senkrecht 
zur angelegten Spannung lagen. Die (010)-Risse verliefen oft zu den Zwillingsgrenzen hin; auf der 
gezackten Seite des Zwillings folgte der Riss der Zwilingsgrenze und auf der glatten Seite des Zwillings 
entstand ein stufenartiger Riss mit (010)- und-(100) Spaltflachen, 


1. INTRODUCTION An alternative approach to the pile-up mechanisin 
Recent work has emphasised the importance of has been made by Cottrell'®. It is proposed that the 


explaining the brittle fracture of single crystals. cleavage crack is formed at the intersection of slip 
This cannot result from a crack initiated by the on two (110) planes when dislocations with Burgers 
pile-up of dislocations at a grain boundary as pro- vectors ja{111] and ja{111] combine to form a new 
posed by Petch™, Mott, Stroh® and others for dislocation with a Burgers vector a{001]. Further 
polycrystalline materials. To overcome this difficulty slip dislocations 1unning into the intersection open 
Biggs and Pratt’) suggested that a strong barrier the new dislocation into a cleavage crack. In experi- 
to slip, similar to a grain boundary, is produced by a ments to determine the mechanism of crack formation 
twin and that the crack can be initiated by the in single crystals of silicon iron Hull found that at 
pile-up of slip dislocations at a twin boundary. A -196°C cleavage resulted from the intersection of 
somewhat similar mechanism to this has been observed twins before any slip was observed. A similar effect 


by Stokes et al.) in magnesium oxide, in which small has been reported by Cahn‘*) in molybdenum and 
cracks were produced at the intersection of a slip Bell and Cahn ® in zine. 


band with a kink band. Appreciable plastic deformation can occur by 
twinning and it is clear that twinning is closely 
* Received March 18, 1959. associated with the formation and growth of cracks. 


+ Metallurgy Division, Atomic Energy Research Establish- 
ment, Harwell, England. 
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It is important, therefore, that both the properties 
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of twins and their effect on fracture is known so that 
the wider problem of brittle fracture can be under- 
stood. In this paper the twinning and fracture of single 
erystals of a 3°, silicon iron are described in detail. 


2. EXPERIMENTAL DETAILS 

Single crystals of high purity 3°, silicon iron were 
cut from a large-grained polycrystalline sheet 0.002 
in. thick. The plane of the sheet was parallel to the 
(O01) cube face and the sides of the specimen corre- 
sponded to cube edges. The specimens, which were 
approximately 0.8 in. long and 0.15 in. wide, were 
electropolished before testing in a solution of chro- 
mium trioxide in glacial acetic acid using the method 
developed by Morris®®, It was possible to polish 
hoth sides of the specimen without appreciable 
196°C in a hard 
1 


staining. The tests were made at 
beam tensile machine with a strain rate of 0.013 min 
The stress was applied in the [010] direction. After 
fracture the polished surfaces of the specimen and 


the cleavage faces were examined metallographically. 


3. RESULTS 
3.1. Morphology of twins 

At 196°C fracture occurred in these crystals 
without any measurable deformation: fracture and 
the onset of twinning appeared to be coincident. 
The twins were readily visible on the polished surface 
because of the relief effects produced. The twins can 
be classed into three sections depending on the con- 
ditions under which they formed: (1) large twins. 
often crossing the whole of the specimen, which 
formed under the direct effect of the applied stress, 
(2) smaller twins which formed in local regions of 
high stress, e.g. close to large twins and cracks, and 
(3) fine short twins which were present only along the 


edges of cleavage cracks and which were probably 


Fie. 1. An (010) cleavage edge with fine twins and 
prominent twins. 600. 
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(OO!) Direction 
(a) Face of 
Stress 


(100) 
Face 


(b) 


Fie. 2. Position of main twins and their orientations, 
(a) two faces of the specimen at right angles, showing the 
twins and the position of the zig-zag markings, and 
(b) a standard (001) stereographic projection with the 
directions of twinning and poles of the twinning planes. 


nucleated by the high stresses associated with the 
propagation of these cracks. Fig. 1 shows a cleavage 
crack with fine twins along the edge, and also some 
of the large twins. The morphology of all the twins 
appeared to be identical and this investigation is 
concerned only with the large prominent twins. 
Measurements of the twin traces on the polished 

surface and the edge normal to this surface showed 
that the large twins were confined to four twinning 
systems, namely, 

(121) (111)......4 

(121) B 

(121) [111]......C 


The positions of these twins on the specimen and on a 
(O01) standard projection are illustrated in Figs. 2a 
and 2b respectively. On the (001) face they appear 
as two parallel sets of twins with opposite tilts. 
The four twinning systems are equivalent to each 
other with respect to the applied tensile stress, since 
the twinning plane and direction make the same 
angles, 35°16’ and 54°44’ respectively, with the (010) 
axis. The resolved shear stress on the twinning plane 
in the twinning direction is therefore the same for 


: 
(121) (121) (721) (121) 
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the four systems, and this accounts for the appearance 
of approximately equal numbers of all four types of 
twin. 

The angle of tilt produced by the large twins was 
measured on the (001) face by determining the width 
of the twin and the difference in height across this 
width using line profile microscopy. The method gave 
an accuracy of +-1°. It was not possible to measure 
the tilt produced on the edges of the specimen, to 
determine the direction and magnitude of the twinning 
shear. The measured tilt on the (001) face, however, 
agreed closely with the value of 17°42’ calculated 
from the theoretical twinning shear 2/2. 

Whilst the twins were in general of uniform thick- 
ness, close examination revealed that one side of the 
twin was smooth and the other showed a characteristic 
zig-zag marking (Fig. 3). On some twins the markings 
extended along the whole length, and on others only a 
few markings were produced. When two parallel 
twins occurred on the (001) face with opposite tilts, 
e.g. (121) and (121), the zig-zag markings appeared 
on opposite sides. When the same two twins were 
observed on the other side of the thin sheet specimen, 
the markings were reversed as seen in Fig. 4. Thus 
the zig-zag markings do not pass through the specimen 
on one side of a twin and therefore, either they are 
reversed through the thickness of the specimen or 


they are produced by an effect peculiar to the surface. 


Examination of the specimens using high magnifica- 
tions and line profile microscopy showed that the 
markings were steps on the surface. Figs. 5 and 6 
show multiple line profiles across a twin: for the 


‘ 


3. General field showing twins with zig-zag markings. 
TOO. 
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Fic. 4. Opposite sides of a specimen containing two 
twins (131) and (121). The zig-zag markings have been 
reversed. A (O10) cleavage crack has also formed 


750. 


twinned region the lines have been deflected but 
remain straight, indicating that the twins result 
from a microscopically homogeneous shear; at the 
zig-zag the profiles are displaced, indicating a step 
on the surface at these points. The appearance of 
the step is illustrated in Fig. 7. In all cases the zig-zag 
occurred at the top of the tilted region. The heights 
of the steps on the edges of twins were equivalent 
to the overall shear in the twin, cf. Fig. 8 (a and b), 
and the step height xy was equal to yz tan x, where 
z is the angle of tilt produced by the twin. A number 
of examples have been observed in which the step 
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Fic. 5. Multiple profiles across a twin; note the centre 
notch does not show a step. 750. 
has not formed completely, but the zig-zag still 
occurs, e.g. the centre zig-zag in Fig. 5: here the 
pointed region appears to bend over. 

The traces of the markings on the twins were 
measured. The long sections were 45° to the [O10] 
direction and the short sections were between 90° 
and 120° to the long sections. The positions of the 
long sections could be measured accurately, but those 
of the short sections depended on the focus position 
(Fig. 8). The arrangement of the markings for the 
four prominent twin systems has been given in Fig. 2. 

It is possible to explain these effects without as- 
suming a specific model for the nucleation and growth 
of twins. If a simple shear model is considered (Fig. 9) 
the reversal of the zig-zag markings is explained since 


the points p and p’ are equivalent with respect to the 


free surface as also are g and q’. The probable way 
in which the markings are formed is illustrated in 
Fig. 7. The twinning shear has tilted the regions 


ABB'A’ about AA’. However. the thickness of 


the twin inside the specimen is larger than A B, part 


Fic. 6. Multiple profiles across a twin. X 750. 


Fic. 7. Diagrammatic illustration of a twin con- 


taining a zig-zag marking on one side. 


Fic. 8. A twin with a prominent zig-zag; the step 
height x’y’ is equal to y’z’ tan «. 2000, 


p 


p 


a’ 


Fic. 9. Simple shear model for twinning. 
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Fic. 10. A (010) cleavage face with a (121) twin at 45°; 
note the intersection of the twin with the two free 
surfaces. L000, 


of the twin is held up below the surface, and slip 
occurs in preference to twinning. Fig. 10, which is a 
photograph of a (010) cleavage face with a (121) twin 
across it at 45°, supports the model. The intersections 
of the twin with the two (001) surfaces give the two 
extremes of the effect illustrated in Fig. 7, namely a 
uniform tilt across the whole width of the twin and a 
single step without any tilted region. The hold up of 
the twin below the surface is shown clearly. 


3.2. Nucleation of cracks by twins 


Six crystals were examined in detail and they 


contained over twenty individual cracks. Four of 
the crystals contained only one crack which crossed 
the whole of the specimen, and the other two had 
broken into three pieces. All but two of the cracks 
originated at the intersection of twins. On the surface 
illustrated in Fig. 2 there are four possible twin 
intersections i.e. A-C, A-~D, B-C and B—D, but A-C 
is equivalent to B—D and A—D is equivalent to B-C. 
In all cases the cracks were initiated at an A-D type 
intersection and none could be attributed to A-C' type 
intersections. Fig. 11 shows a typical crack formed 
at an A-D intersection and Fig. 12 the same field 


11. An A-D type twin intersection producing 
acrack. x 140. 
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Fic. 12. Same field as Fig. 11 viewed with transmitted 
light. 140. 


viewed with transmitted light showing the position 
of the crack. Not all the A—D intersections resulted 
in a crack, as seen in Fig. 13. Severe distortion has 
occurred which is symmetrical about the [100] 
direction. An A—C intersection is shown in Fig. 14. 
The two cracks which were initiated without any 
apparent twin intersections occurred between two 
parallel twins with opposite tilts on the surface; this 
is illustrated in Fig. 15. Between the twins large 
numbers of cleavage cracks have formed which were 
readily detected by viewing with transmitted light. 


3.3. Propagation of cleavage cracks 

In the absence of large twins the cleavage crack is 
extremely straight and the only markings on the 
surface are a few fine twins that are localised close to 
the cleavage edge (Fig. 1), and which produce fine 
markings on the cleavage face (Fig. 10). However, when 
the (O10) cleavage crack meets a twin it is often 
deflected along the twin face (Fig. 16). The appear- 
ance of the crack depends on the particular edge of the 
twin it has followed. On the edge of the twin having 
the fine zig-zag markings the crack follows these mark- 
ings (Fig. 17), but on the smooth edge of the twin the 


Fic. 13. An A—D type intersection that has not formed 
a crack. 1000. 


| 
VOL. 
8 
: 
| 
‘ * 
¥ 
a 


ACTA METALLURGICA, VOL. 8, 1960 


Cleavage crack along zig-zag edge of a twin. 
£ £ £ 


A-—C' type intersection. 1000, Fic. 17. 
1500. 


crack has a step like structure made up of short 
sections of (100) and (010) cleavage facets (Fig. 13). 
The face of such a crack is shown in Fig. 19. The 
cleavage facets are at the top of the photograph 
and the lower region is a cleavage face which has 
followed the face ofa {112} twin. Fig. 20 is a particu- 
larly good example of a smooth edge of a twin with 


a stepped cleavage crack. 

Cleavage cracks which have not crossed the whole 
of the specimen usually stop at the boundaries of 
large twins. Some cracks terminate in an untwinned 
region and fine slip lines or small twins are produced 
at the tip. 

4. DISCUSSION 
Fic. 15. Two twins, (131) and (121), with multiple (010) The observations have shown that when a twin 
cleavage cracks between them. » 140. meets the surface a characteristic zig-zag marking 
is formed on one edge of the twin, whilst the other 
edge remains smooth. The markings consist of stepped 
regions which are probably produced by slip. Barrett 


‘nol 1 sh Fic. 18. Stepped cleavage crack along smooth edge of a 
Fic. 16. 7 of twin made up of (010) and (100) cleavage facets. Opposite 
cleavage cracks deflected along twin boundaries. ; side of crystal from field shown in Fig. 17. 1500. 
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Fic. 19. Cleavage along a twin face. The top part is the 
stepped cleavage along the smooth edge of the twin, and 


the lower part the twin interface. L000. 


and Bakish?”) have observed similar serrations on 
twins formed in tantalum. In this case the notches 
are definitely associated with slip lines between the 
twins, and these workers suggest that the stress 
concentration at the end of a slip line is responsible 
for them. This cannot be true for the twins examined 
in the present work since no slip lines were formed 
away from the twin. 

It is difficult to understand the occurrence of slip, 
rather than further twinning, near the surface although 
it is well established that twin bands can be held up at 
obstacles, including a free surface. The area of new 
surface produced by slip, e.g. on a (O11) plane, at the 
edge of a twin is many times larger than the increase 
that would be produced by twinning: so unless the 
surface energy of the twin face is far greater than that 
of the slip face, surface energy effects cannot be a 
dominant factor. 

A possible explanation is that a simple dislocation 
reaction occurs which allows the stress in the twin to 


Fic. 20. Stepped cleavage along the smooth edge of a 
twin. 


1650. 


SINGLE 


CRYSTALS OF SILICON 
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be relieved by a slip process resulting from dislocation 


sources close to the surface. If the twinning disloca- 
tion has the same vector as the slip dislocations 
involved, the steps will be produced with very little 
lattice. 
effect completely since it would result in the zig-zag 


distortion of the This cannot explain the 
markings coming right through the specimen on the 
same side of the twin. However, there would be a 
large reduction in distortion if the long sections of the 
zig-zags were produced by slip dislocations with the 
same vectors as the twinning dislocations. Considering 
a (121) twin, the long sections of the markings agree 
exactly with the (110) plane which has a [111] slip 
direction. The vector of the twinning dislocation 
also lies in the [111] direction. The formation of the 
short sections, which are less regular than the long 
sections and often appear broad and distorted, must 
be accompanied by much greater deformation. 

It has been pointed out previously that cracks 
produced by twin intersections may result from an 
effect similar to that producing Rose’s channels in 
ealcite."*) If a parallel sided twin is held up inside 
a crystal, a hole will be formed at the end if the stresses 
produced are not relieved by plastic deformation. 
Larger effects are possible when one twin meets 
another.“®) In practice, twins in silicon iron taper 
at their ends and the stress concentration produces 
plastic deformation. However, it is known that twins 
form at very high speed and it is possible, particularly 
at low temperatures, that one may interact with 
another to produce a crack before plastic deformation 
by slip occurs. 

In the present experiments it was found that only 
A-D type 
In the A—D intersection of (121) and (121) twins the 
two planes intersect along the [101] direction, and 


twin intersections produced cracks. 


when the twins have a finite thickness. in the (O10) 
plane, which is normal to the tensile stress. Combi- 
111] and 
producing the (121) and (121) twins, gives a disloca- 
LO] |. If this occurs the 


plane of intersection of the twins will consist of a 


nation of twinning dislocations ja 


tion with a Burgers vector jal 
sheet of ja{101] dislocations, or in effect a sheet of 


small holes. This approach is equivalent to con- 
sidering the formation of Rose’s channels on each 
atomic plane. For an A—C' type intersection of (121) 
and (121) twins, the planes intersect along the [012] 
direction and the twins meet in the (100) plane which 
dif- 
and an A-C 


contains the direction of stress. The essential 


ference, therefore. between an A-D 
intersection is the plane on which they meet. In the 
former the applied stress is normal to the plane and 


will tend to open it into a cleavage crack, and in the 
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latter the stress has no component across the plane. 

Nucleation of cracks by intersecting twins is similar 
in some respects to the intersecting slip mechanism 
proposed by Cottrell'®. In particular, there are two 
factors affecting the formation and propagation of a 
crack, the shear stress operating in the twins to 
produce the crack and the direct tensile stress acting 
across the crack embryo. The controlling factor 
governing brittle fracture will depend on whether 
the resolved shear stress to produce a crack-forming 
twin intersection is greater than the tensile stress to 


propagate the newly formed crack. 

Whilst cleavage, or parting, along a twin interface 
has been observed in uranium by Cahn"), and in 
magnesium by Reed-Hill and Robertson®), cleavage 
in body-centred cubic metals is normally confined to 


{O01} cleavage faces. In the present experiments 
there is evidence for cleavage along the twin interface. 
This is probably associated with the slip step pro- 
duced at the zig-zag markings on the edge of the twin. 
Such a step will produce a line of weakness resulting 
in a stress concentration and in cleavage at the twin 


interface at this point. On the smooth edge of the 
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twin no such weakness is present, and the cleavage 
crack forms a stepped series of {001} cleavage facets 
in preference to following the twin interface. 
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GROWTH OF SILVER SULPHIDE WHISKERS* 


J. DROTT?+ 


The filament growth on silver after reaction with hydrogen sulphide at room temperature has been 
studied by electron microscopy and electron diffraction. 

The filaments are /-silver sulphide and grow from the tip. The growth direction of a long whisker was 
[414]. The elastic strain on a curved whisker was found to be about 1.3 per cent. Many of the whiskers 
display offset portions and branches. Kinks often sprout small irregular whiskers. Interruption of the 
sulphidation reaction seems to influence the morphology of the whiskers on further sulphidation. 

It is suggested that the whiskers grow on mounds having a much less perfect structure than the whiskers 
themselves. 

CROISSANCE DES BARBES DE SULFURE D’ARGENT 

L’auteur étudie par microscopie et diffraction électroniques la croissance de filaments suv lVargent 
apres réaction avec lhydrogéne sulfurique & la température ambiante. 

Les filaments sont constitués par le sulfure et ils croissent a partir de la pointe. 
croissance d'une longue barbe a été trouvée [414]. La déformation élastique d’une barbe courbée a été 
Des pliages se 


La direction de 
trouvée égale & 1,3 pour cent. Beaucoup de ces barbes présentent des ramifications. 
manifestent également sur des barbes irréguliéres. 

Une interruption de la réaction de sulfuration semble avoir une influence sur la morphologie des 
barbes obtenues aprés sulfuration ultérieure. 

L’auteur suggére que les barbes pousseraient sur de petites excroissances ayant une structure beaucoup 
moins parfaite que les barbes elles-mémes. 

WACHSTUM VON SILBER-SULFID-FADENKRISTALLEN 

Mit Hilfe von Elektronenmikroskopie und Elektronenbeugung wurde das Wachstum von Faden- 
kristallen (Whiskers) auf Silber nach Reaktion mit Schwefelwasserstoff bei Raumtemperatur untersucht. 

Die Fadenkristalle sind /-Silbersulfid und wachsen von der Spitze aus. Die Wachstumsrichtung eines 
langen Fadenkristalls war [414]. Die elastische Verzerrung eines gekriimmten Fadenkristalls betrug 
Viele der Fadenkristalle zeigen versetzte Abschnitte Verzweigungen. Von 


etwa 1.3 prozent. und 


Knicken gehen oft kleine unregelmassige Whiskers aus. 


Voriibergehende Unterbrechung der Schwefel 


wasserstoffbehandlung scheint die Morphologie des weiteren Wachstums in Schwefelwasserstoff zu 


beeinflussen. Cyanidlésung griff die Kristalle nicht beobachtbar an. 
Vermutlich wachsen die Fadenkristalle auf Wallen, deren Struktur erheblich weniger vollkommen ist 


als die der Whiskers selbst. 


Filament growth on silver in the presence of sulphur 
has been observed by Arnold®, Margottet®), and 
Terem‘) obtained needles of a few 
millimeters length by the reaction of hydrogen sulphide 
and silver at elevated temperatures. In an investiga- 
tion into the relation between growth morphology and 


kinetics for the reaction between silver and hydrogen 


sulphide at room temperature, Fischmeister and 
Drott'® encountered needles of varying sizes and 


shapes. As much work is now being done on whisker 
growth it was considered of interest to investigate 
these needles further. 


EXPERIMENTAL 
Silver sheet 0.2 mm thick was used. According to 
spectroscopic analysis by the supplier. the impurity 


* Received March 14, 1959. 
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level of the material was below 8 p.p.m., the most 
important impurities being 2 p.p.m. Fe, | p.p.m. Ca, 
| p.p.m. Pb, | p.p.m. Na. Four cornered holes with a 
side about 40 « were punched with a needle in the 
end of a 4 cm long strip of silver sheet. The strips 
were degreased in ethyl aleohol in a Soxhlet-type 
apparatus, electrolytically polished in an alkaline 
cyanide bath and slightly etched in 0.1N nitric acid, 
after which they were washed in distilled water and 
again in ethyl aleohol. They were then placed in a 
polythene holder inside a glass vessel that was filled 
with an atmosphere of air, nearly saturated with 
water, containing 2°,, hydrogen sulphide by volume. 
The tank hydrogen sulphide used was passed through 
glasswool containing iodine, a solution of potassium 
iodide, a solution of barium hydroxide and finally 
washed in water. The edges surrounding the holes in 


the strips examined in silhouette with an 


electron microscope permitting selected area diffrac- 


were 


tion. Figs. 1 (a-c) show the same area on one of the 
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Fic. la. Growth after 304 hr sulphidation. 


edges after 304. 376 and 448 hr sulphidation 
respectively. There is some difficulty in getting the 
sample into the exact position every time, due to the 
construction of the object holder, but this does not 
seriously affect the observations made. Fig. 2 shows 
a strip tarnished for the same length of time as le 
but allowed to remain in its hydrogen sulphide 
atmosphere for the duration of the reaction. 


RESULTS 


To determine the nature and growth direction of 


the needles electron diffraction was used. Diffraction 
pictures taken showed that the filaments were /-silver 
sulphide. The discovery of a solitary very long needle 
(see Fig. 3) made possible the determination of its 
growth direction. Unfortunately, attempts to repro- 
duce a satisfactory print failed because of the small 
size of the diffraction spots. These spots were elon- 


Fic. lb. Growth after 376 hr sulphidation. 


Fic. le. Growth after 448 hr sulphidation. 


gated in the growth direction of the crystal. Several 
spots not parallel to the majority were assumed to 
arise from another crystal in the vicinity and were not 
used in the indexing. The growth direction of the 
observed needle was [414]. The lattice parameters 
used‘8) were a = 9.531 A, b = 6.925 A, ¢ = 8.278 A, 
B = 123.85°. 

A comparison between Figs. la and 1b reveals that 
the needles grow from the tip (A). The sticking 
together of sulphide needles and growth around the 
place of contact?) may be observed in Fig. 1b (B) as 
well as the breaking up of the junction in Fig. le (B). 
We have many examples of filaments with an offset 
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Fic. 3. Silver sulphide whisker. 


portion as described by Arnold,” the most prominent 
one being (A). 
the photographs is the curved whisker Fig. la—b (C) 
which is shown kinked in Fig. le (C’). From the radius 
of curvature and the diameter of the whisker the 
In this case it is 


elastic strain can be calculated. 


found to be 1.3 per cent. This value is somewhat 
uncertain as we do not know the radius of curvature 
the moment before kinking, nor do we know if the 
whisker is in the same plane as the paper. This value 
of the elastic strain in a silver sulphide whisker is 
nevertheless of the same order as those found for 
other whiskers.7°') Many of the whiskers grow 
branches and even the curved whisker ((’) displays a 
branch (D)). The kinks often sprout small, irregular 
whiskers Fig. 2 (£). It seems that the exposure to 
air and/or the heating in the electron microscope 
influence the whisker growth, because after a picture 


Fic. 4a. Needle growth before cyanide treatment. 


SULPHIDE 


Perhaps the most interesting feature of 


WHISKERS 


is taken the filaments often change growth direction. 
Thus the control strip shown in Fig. 2 with its straight 
whiskers contrasts with the comparable Fig. le with 
its many irregular whisker tips. 

It has been found that silver whiskers dissolve more 


slowly in nitric acid than does bulk silver and that 
the attack is at the tip.“ 
dissolve silver sulphide whiskers in potassium cyanide 


During an attempt to 
g 


solution, no attack at the tips or the kinks could be 
detected. 
mersion in 0.5N potassium cyanide solutionand Fig.4b 


Fig. 4a shows needle growth before sub- 
after 12 min submersion. As a control measure, to 
ascertain if any change was due to the breaking of 
needles by water resistance or surface tension, the 
strip had been moved about in distilled water before 
taking picture 4a. Comparison of plates taken before 


lic. 4b. Needle growth after cyanide treatment. 


and after the water treatment showed that very little 
change had occurred. After 12 min in the eyanide bath 
the formerly dull black silver plate had acquired a 
metallic lustre. Though the kinks and the tips suffered 
no visible attack many whiskers, especially the 
longest ones, are missing or found lying in a position 
more nearly parallel to the silver surface than before 
attack. A possible explanation is that solution takes 


The 


“mounds’’.‘®) These mounds are probably made up of 


place at the root. whiskers seem to grow on 
many very small crystals and are thus more susceptible 
to attack The 
dissolving the 


than the highly perfect whiskers. 
of the 


down” 


mounds would account for 


“chopping of the whiskers and the metallic 


lustre acquired by the surface of the strip. 
CONCLUSION 
The silver sulphide whiskers investigated are single 
crystals of high perfection growing from their tips. 
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The whiskers seem to be situated on mounds that 
have a much less perfect structure. Kinks and 


branches are displayed by the whiskers. 
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THE HEATS OF FORMATION OF SOLID NICKEL-COPPER AND NICKEL-GOLD ALLOYS* 


of composition by means of a differential solution calorimeter. 


R. A. ORIANI*+ and W. K. MURPHY?+ 


The enthalpies of formation at 640°C of solid Ni-Cu and Ni—Au alloys have been measured as a function 


Both systems are characterized by 


positive heats of formation. The concentration variations of the partial molar heats of solution of Cu 
and of Ni in liquid Sn at 640°C have been explored. It is shown that Cu in Sn does not satisfy the re- 


quirements of the quasi chemical theory, whereas Ni in Sn does so within experimental uncertainty. 


LES CHALEURS DE FORMATION DES ALLIAGES CUIVRE-NICKEL ET 


OR-NICKEL 


Les enthalpies de formation a 640°C des alliages solides de cuivre-nickel et d’or-nickel ont été mesurées 
en fonction de la composition a l'aide d’un calorimétre différentiel. 
Les deux systémes sont caractérisés par des chaleurs de formations positives. 


Les auteurs ont également examiné les variations, des chaleurs partielles molaires de solution du 
cuivre et du nickel dans l’étain liquide 4 640°C en fonction de la concentration. 

Ils ont montré que pour le cuivre ces variations ne satisfont pas aux exigences de la théorie quasi 
chimique tandis que celles du nickel dans l’étain y répondent bien, compte tenu des erreurs expéri- 


mentales. 


WARMETONUNGEN VON 


NICKEL-KUPFER UND 


NICKEL-GOLD MISCHKRISTALLEN 


Die Bildungsenthalpien von Ni—Cu und Ni—Au Mischkristallen wurden bei 640°C als Funktion der 


Zusammensetzung mit Hilfe eines differentiellen L6sungskalorimeters gemessen, 


Beide Systeme weisen 


eine positive Bildungswarme auf. Die Andernugen der partiellen molaren Lésungswairmen von Cu und 


Ni in fliissigem Sn bei 640°C wurden in Abhangigkeit von der Konzentration untersucht. 


Es zeigt 


sich, dass Cu in Sn die Forderungen der quasichemischen Theorie nicht erfiillt, wahrend diese bei Ni in 


Sn innerhalb der experimentellen Unsicherheiten erfiillt sind. 


interest because of the desirability of attempting to 
observe the energetic effect of the filling of the d-shell 
racancies in nickel that occurs as copper is dissolved 
in the nickel. 
interest because of the apparent anomaly represented 
by the finding™ of positive short-range order in a 
miscibility gap system. The thermodynamics of this 
system has already been investigated’) by a galvanic 
cell technique, but, because of the well known diffi- 
culties associated with the evaluation of properties 
that depend upon the temperature derivative of the 
cell e.m.f., it has been deemed worthwhile to carry 
out 
formation of the terminal solid solutions. 


EXPERIMENTAL 
The calorimeter employed in this work has been 
described in detail elsewhere. It is a differential 
solution calorimeter employing liquid tin as solvent, 
one cell of which receives the alloy and the other cell 
the corresponding amount of the pure metals. The 
alloy and the metals are held in separate discharge 
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The solid solutions of nickel and copper are of 


The nickel-gold alloy system is of 


‘alorimetric measurements of the enthalpy of 


chambers until they have attained the same tempera- 
ture as the solvent tin, whereupon the metals are 
dropped into the respective solvent containers. The 
difference between the heats of solution in the two 
solvent containers is observed through an amplified 
differential thermocouple signal which is recorded 
before, during, and after the dissolution of the metals. 
Each cell was calibrated electrically at various solute 
concentrations during the course of the experiments; 
when the metal concentration in the tin reached about 
5at. °, that charge of tin was replaced by a fresh 
charge. If the individual calibration factors of the 
two cells differed by more than the sum of the un- 
certainties in the knowledge of those calibration 
factors, then the apparent heats of formation were 
corrected for the deviation from twinness of the two 
cells. 

Because of the slow rate of dissolution of pure 
nickel and of the nickel alloys into liquid tin, the 
calorimeter was operated at 640°C at the fastest 
This 


appreciable 


available stirring rate. high temperature, 


however, causes an deviation from 
Newtonian cooling, leading to greater difficulty in 
accounting for the heat lost during the long dissolution 
process. These difficulties, coupled with the smallness 
of the heats of formation, account for the magnitude 


of scatter in the final results. 
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TABLE 1. Partial molar heats of solution 
in liquid tin 


Tem Deviation from 
Solute 2. perature AH; (5) least-squares 
CC) (cal/g atom) line 
(cal/g atom) 


425 52382cu 
640 
306 4322 
450 2¢ 692574 ¢ 
640 

640 + 23770rNi 


RESULTS 

The variation with concentration of the partial 
molar enthalpy of solution of solid copper and of 
solid nickel into liquid tin at 640°C has been obtained 
incidentally to the main investigation. This informa- 
tion is of interest in connection with the adequacy of 
statistical models for describing very dilute solutions. 
The present results, to which have been added relevant 
data from prior work," are collected in Table 1. 
The equations for AH, (s) for solid Cu and Ni at 
640°C represent the present experimental work up to a 
solute concentration in tin of 0.013 mole fraction, 
whereas the equations based on prior work") at the 
lower temperatures represent data up to a solute 
concentration of 0.02 mole fraction. 

Fig. 1 presents the enthalpy of formation of solid 
Ni-Cu solutions from the solid components at 640°C. 
The vertical bars represent the mean deviation of the 
data, based on at least three totally independent 
determinations at any one composition. The accuracy 
of the data may be partially evaluated from the 
estimated inaccuracies of about +0.5 per cent in the 
knowledge of the calibration factors. and about +—0.2 
per cent for the chemical composition of the alloys. 
The enthalpy of formation of solid Ni-Au solutions is 
shown in Fig. 2: a dotted line represents the course 
of the curve in the two-phase field. 


500 


400 


12) 
= 


4H., cal/g atom 


0-4 06 0-8 
Atom fraction, Ni 


Fic. 1. The enthalpy of formation of nickel—copper 
solid solutions at 640°C; the reference state is the 
pure components at 640°C, 


DISCUSSION 

It has previously been pointed out’ that the 
variation with concentration of the partial molar 
heats of solution of the liquid noble metals in liquid 
tin at low concentrations cannot be described by any 
variant of the quasi-chemical model that assumes 
the constancy of the pairwise interaction energies. 
The same statement can be made for the present 
data for Cu in liquid Sn at 640°C. However, it is 
interesting, though fortuitous, that the concentration 
variation for liquid nickel dissolved in liquid tin does 
agree, within experimental uncertainty, with the 
Bragg—Williams approximation. 


AA xia) = AB yi) (1 — 


The results in Table 1 show that (OAH,/O0x5) 7 for both 
Cu and Ag varies markedly with temperature, but 
the physical reason for this variation is not at all 


understood. 


ATOM FRACTION Ni 
Fic. 2. The enthalpy of formation of nickel—gold solid 
solutions at 640°C; the reference state is the pure 
components at 640 C. 

Kubaschewski ef al.) have obtained a value of 
about 540 cal/g atom for the enthalpy of formation 
of equiatomic Ni-Cu solution at 722°C by means of a 
reaction calorimeter. Since the AH,, of these alloys 
may have some temperature variation because of the 
ferromagnetic character of nickel, it cannot be stated 
whether or not there is agreement between these 
authors’ work and the present data at 640°C. The 
same comment applies more strongly to the prelimi- 
nary results of Leach'® for the AH,, of solutions 
in the composition range 20-40 at °, nickel in copper 
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at 0'C. The present results confirm calculated values 
of AH, for Cu-Ni by Meijering’” but disagree 
markedly with the calculations of Rastogi and 
Verma‘), who propose a AH,, curve rising to 2000 
cal/g atom at xy; = 0.3, and dropping to —7500 eal/g 
atom at xy; = 0.8. The positive character of AH, 
for Ni-Cu found in the present work is in qualitative 
agreement with the positive excess free energy of 
solution found by Nanis‘ and by Pratt? both by 
electrochemical cells, and that calculated by Aleock() 
from the measurements of Fukusima and Mitui"®) on 
the solubility of hydrogen in Ni-Cu alloys. The 
positive nature of the AH,, leads one, according to 
the quasi-chemical model, to expect clustering 
(negative short-range order) in the Ni-Cu_ solid 
solutions. It is interesting that Késter and Schiile“* 
have concluded that clustering exists, from the 
behavior during ageing of the electrical resistivity and 
of the Hall coefficient of Ni-Cu alloys, although such 
a conclusion can only be a tentative one. The same 
conclusion has been reached by Ryan et al.“® from 
the variation of magnetic susceptibility upon neutron 
irradiation. 

The scatter in the present results for Ni-Cu prevents 
us from seeing the effect, if any, upon the energetics 
due to the completion of the filling of the d-shell 
vacancies in nickel at «x,,, — 0.6. An_ interesting 
feature of the AH,, curve is the marked assymmetry, 
such that the addition of Cu to pure Ni leads to a much 


larger endothermic effect than does the addition of 


Ni to pure Cu. 

The present results for the Ni-Au solid solutions at 
640°C show positive values for AH,,, as is to be 
expected for a miscibility gap svstem. The magnitudes 
are smaller, by a factor of about two, than those 
obtained by Seigle ef al. using a galvanic cell 
technique at 900°C. The disparity between the two 
sets of data probably cannot be reconciled through 
the temperature variation of the AH/,., as evidenced” 
by the smallness of the AC’, of formation of an almost 
equitomic alloy. The present results confirm the 
surmise of Kubaschewski and Catterall"“® that the 
enthalpy of formation is probably smaller than that 
given by Seigle ef a/. and agree qualitatively with 


the preliminary calorimetric results of Genta.“ 


If one assumes that the excess free energy of forma- 
tion as measured by Seigle et a/. is correct, though the 
quantities depending on the temperature dependence 
of the galvanic cell e.m.f. are not, and if one adopts a 
value, extrapolated from the present work, of about 
1500 cal/g atom for the heat of formation at 900°C 
for Ni, ; Aug ;, one obtains AS* = 0.4 cal/g atom-deg 


NICKEL-COPPER AND NICKEL-GOLD 


instead of the 1.47 cal/g atom-deg of reference 2. 
The excess entropy of formation of 0.4 must be 
compared with the value of 1.07 + 0.2 cal/g atom-deg 
measured by DeSorbo"®) and Oriani“) for the 
vibrational contribution to the excess entropy of 
formation. This means that the equitomie Ni-Au 
alloy has a magnetic contribution to the entropy of 
formation of about —0.7 cal/g atom-deg. 

The question of whether or not the Ni-Au system 
exhibits positive short-range order is at present an 
open one, since recent work of Miinster and Sagel@® 
disagrees with that of Flinn e¢ a/.” in finding negative, 
not positive, short-range order. The present work 
cannot help decide between these two investigations 
because, even though quasi-chemical theory un- 
ambiguously associates a positive heat of formation 
with negative short-range order, physically and more 
realistically there need not be a correlation between 
the two. This is basically because the kind and 
extent of short-range order in the solution depend 
upon the relative values of the pairwise bonding 
energies among the various kinds of pairs as these 
exist in the solution, and not on the energies in the 
pure components: on the other hand, the sign and 
magnitude of the AH, values depend markedly upon 
the properties of the pure components. 
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GRAIN-BOUNDARY ENERGIES IN GOLD-COPPER ALLOYS* 
J. E. HILLIARD,*+ M. COHEN? and B. L. AVERBACH? 


The ratio of grain-boundary to surface energy has been determined as a function of composition in 
the gold-copper system. From interferometric measurements of the boundary groove angles in specimens 
thermally etched at 850°C, the following average grain-boundary to surface-energy ratios were obtained: 
0.25, 0.28, 0.34. 0.42. 0.37, and 0.36 at 0, 20, 40, 60, 80, and 100 at. % copper, respectively. Existing 
data for the surface energies yield 370, 320, 310, 390, 430 and 590 erg em~?, respectively. for the absolute 
grain-boundary energies. A calculation is included of the boundary adsorption corresponding to this 
energy variation, and an estimate is made of the minimum number of atoms required at the grain bound- 


ary to accommodate the calculated absorption. 


ENERGIES 


DES JOINTS DE GRAINS DANS LES ALLIAGES OR-CUIVRE 


Les auteurs ont déterminé le rapport entre l’énergie de joint de grains et énergie de surface dans le 
£ £ £ 


systéme or-cuivre en fonction de la composition des alliages. 
Par des mesures interférométriques des angles de frontiére d’échantillon attaqués thermiquement 


a 850°C, les rapports suivants ont été obtenus: 0,25, 0.28, 0,34, 0,42, 0,37 et 0,36 a 0,20, 0,40, 0,60, 0,80 


et 100°,. 


Les données existantes pour les énergies de surface sont respectivement de: 370. 


2 


et 590 erg cm~*, 


320, 310, 390, 430 


Pour les énergies absolues de frontiére les auteurs donnent également une méthode de caleul de l’ad- 


sorption de frontiére correspondant a cette variation d’énergie et une estimation du nombre minimum 


KORNGRENZENENERGIEN 


d’atomes requis au joint en fonction de adsorption calculée, 


VON GOLD-KUPFER LEGIERUNGEN 


Im Kupfer—Gold System wurde das Verhaltnis der Korngrenzenenergie zur Oberflachenenergie als Fumk- 
tion der Zusammensetzung bestimmt. Nach einer thermischen Atzung der Proben bei 850°C wurden 


die Furchenwinkel der Korngrenzen interferometrisch gemessen. 
tliche Verhaltnisse der Korngrenzenenergie zur Oberflachenenergie: 


Es ergaben sich folgende durchschnit- 
0,25, 0,28, 0,34, 0.42, 0.37 und 


0.36 bei 0, 20, 40, 60, 80, beziehungsweise 100 Atom®, Cu. Vorhandene Daten der Oberflachenenergien 


liefern fiir die absoluten Korngrenzenenergien 370, 320, 310, 390, 430, beziehungsweise 590 erg cm~?, 


Die 


Absorption an der Korngrenze wird entsprechend diesem Energieverlauf berechnet und es wird eine 
Abschatzung mitgeteilt iiber die Mindestzahl von Atomen, die in der Korngrenze notwendig sind, um 


mit der berechneten Absorption iibereinzustimmen., 


1. INTRODUCTION 

Although the orientation dependence of grain- 
boundary energies has been extensively studied, 
surprisingly little attention has been given to their 
variation with composition. In fact, the present 
investigation on Au—Cu alloys seems to be the first 
to permit an evaluation of boundary energies over 
the complete compositional range of an alloy system. 
The measurements to be reported are those for the 
ratio of grain-boundary to surface energy. The 
results of a complementary study on the surface 
energies by White ef al.”) were used to derive the 
absolute boundary energies. 

The technique employed was that of measuring 
the grain-boundary groove angle at the surface of a 
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lurgy at the Massachusetts Institute of Technology under the 
sponsorship of the United States Atomic Energy Commission. 
Received March 9, 1959. 

+ Present address: General Electric Research Laboratory, 
Schenectady, New York. 
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thermally etched specimen. This groove results from 
the local equilibrium between the boundary and 
surface energies (Fig. 1). The equilibrium configuration 
of the three boundaries depends not only on their 
relative energies but also, as was shown by Herring, 
on the derivatives of the energies with respect to 
orientation. Unfortunately, of the latter 
quantities are neither known nor readily measureable. 


some 


It is, therefore, customary to assume that the energies 
are isotropic. With this condition, it is easily shown 
that at equilibrium, 


= 2 cos (4/2), (1) 
in which og, is the grain-boundary energy, og the 
surface energy, and # the boundary groove angle. A 
measurement of 4 thus yields the ratio (ogp/¢s). 


2. PREPARATION OF SPECIMENS 
Five alloys with nominal compositions of 20, 40, 50, 
60, and 80 at. °, Cu were prepared from 99.99+ °, 
Au and 99.999°,, Cu. The charges were induction 
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GRAIN 2 


6B 
Fic. 1. Equilibrium between the 
energy, Ogz. and the surface energy, o,. 
thermally etched grain-boundary groove. 


grain-boundary 
ata 


melted in recrystallized alumina crucibles and bottom- 
poured into a chill mold. Both the melting and casting 
were carried out under vacuum. Samples of the pure 
components were cut from the as-received materials 
which were in the form of }in. rod. All specimens 
were homogenized at 850°C for 1 week under purified 
argon. 

Since attempts at electropolishing were unsuccessful, 
the specimens had to be mechanically polished. This 
was done as carefully as possible on diamond grit 
wheels with alternate etching to minimize surface 
distortion. The specimens were then placed in 
individual Vycor tubes, and heated for a few minutes 
in purified hydrogen to reduce possible surface oxides. 
Immediately afterwards, the tubes were evacuated 
and sealed off. 

In any given run, the specimens were first heated 
at a few degrees below their melting points for about 
30min to minimize subsequent grain-boundary 
migration. The furnace temperature was then lowered, 
- 2°C for 3-6 days for 


the thermal etching of the grain boundaries. 


and the specimens held at 850 


3. MEASUREMENT OF THE BOUNDARY 

GROOVE ANGLE 

The groove profile, and hence the angle, was 

determined interferometrically—a technique which 

has also been used by Mykura“™, About half of the 

measurements were made with a _ conventional 

Bausch and Lomb metallograph and the remainder 
with a Zeiss interference microscope. 

The only modification required with the metallo- 


graph was the replacement of the illuminator by a 


monochromatic source. This consisted of a high 


intensity mercury are lamp and a filter to isolate the 
5461 A mercury line. A cover glass silvered to give 
about 50 per cent reflectivity was used as an optical 
flat. The silvered side of the cover glass was held in 


ENERGIES IN 


GOLD-COPPER ALLOYS 


grain-boundary grooves 
object ive 


1000 


Fic. 2. Interferogram of 
taken on a standard metallograph with 
Hg light source (A 5461 A) magnification 


close contact with the specimen surface by a thin film 
of immersion oil which also served to improve the 
fringe contrast. With the set-up just described, the 
optical flat was essentially parallel to the specimen 
surface so that a grain-boundary groove produced a 
set of approximately parallel fringes, as shown in 
Fig. 2. 

The interference microscope was of the Linnik type 
in which the specimen and optical flat were viewed 
by separate objectives. With this arrangement, the 
inclination of the optical flat to the specimen surface 
was readily adjustable. However, this microscope gave 
strictly two-beam interference, whereas the partially 
cover provided some degree of 


glass 


reflecting 


multibeam interferometry. The latter resulted in a 


sharper fringe pattern, as will be seen from a 
comparison of Figs. 2 and 3a. 


The type of interfero- 
gram shown in Fig. 3b was obtained when the optical 
flat was inclined to the surface. This gave a direct 
the 


particularly useful in detecting abnormalities such as 


representation of groove profile and was 


an abrupt change of slope in the groove wall. (Such 
a discontinuity would be expected at certain critical 
orientations if the surface energy were sufficiently 
anisotropic. ) 

The parallel-fringe pattern (Figs. 2 and 3a) proved 
the more suitable for estimating the groove angles 


encountered in the present work. The interference 
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patterns were photographed and the distance between 
fringes measured on the negative. These observations 
together with a determination of the magnification 
permitted the groove profile to be plotted as shown in 


Fig. 4a. Fora straight groove wall making an angle 


with the optical flat, the spacing between fringes 
would be expected to correspond to a change in 
depth of 2/24 cos d. where / is the wavelength of the 
light and yw the refractive index of the immersion oil. 
Since in the present work ¢ < 14°, the factor 
of cos was sufticiently close to unity to be 
neglected. 

A more serious source of error has been discovered 
by Tolmon and Wood‘). These authors found 
experimentally that, with objectives of high numerical 
aperture (such as were used in the present work), the 
vertical interval between fringes was about 10 per cent 
greater than //2u. They attributed the increase to 
the convergence of the illumination from the objective. 
To correct for this effect in the present work, a vertical 
interval of 1.1 4/2 was adopted in plotting the groove 
profiles. This yielded a_ relative grain-boundary 
energy approximately 10 per cent greater than if an 
interval of A/24 had been used. 

In nearly every instance, the cross-section of the 
groove walls obeyed a relationship of the form 


Y = aX — bX? + ¢, 


where Y and X are coordinates normal and parallel, 
respectively, to the specimen surface, and a, 6, and ¢ 
are constants. Although this relationship was 
discovered empirically, its use was later justified 
theoretically by Mullins.‘® Instead of attempting to 
determine graphically the groove angle at the root, 
a method was adopted to take advantage of the 
parabolic profile. The fringe spacings on each side 
of the groove were plotted (Fig. 4b) as Y/X vs. X, 
with Y and XY measured from an origin located at the 
fringe nearest to the root of the groove. Hence, 
c=. If 0d, is the lateral distance between the origin 
and the root of the groove, and 4, the angle at the root 
made by the groove wall with the Y-axis, then 


cot 4, Y /dX ly 
a 2b0). 


1 
Thus cot 4,. and similarly cot 9,. are given by the 
construction shown in Fig. 4b. 

The reproducibility of the interferometric technique 
was checked by making a sequence of observations 
at short intervals along a boundary. For a groove 
angle of 160°, the measurements agreed within 0.1 


Fic. 3a. Interferograms of grain boundary grooves, 

taken on interference microscope with thallium 

light source. (2 5350 A) Magnification 900, 
Optical flat parallel to specimen surface. 


Fic. 3b. Interferograms of grain boundary. Grooves, 

taken on interference microscope with thallium light 

source. (4 5350 A) Magnification 900. Optical 
flat inclined to specimen surface. 
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(a) 


8 6 


X10°4 om X 10-4 cm. 


Fic. 4. (a) Profile of grain boundary groove from 
measurements on parallel-fringe pattern. (b) Derived 
plot of y/x versus x. 


An additional advantage of this technique is that the 
percentage error in estimating the relative boundary 
energy should be approximately independent of the 
absolute value of the energy, whereas any method 
which utilizes a direct measurement of the groove 
angle will have a percentage error that becomes 
infinite as the absolute energy approaches zero. 


EXPERIMENTAL RESULTS 

For the alloy containing 50 at. °,, Cu, measurement 
of the groove angles was precluded by severe 
distortion of the surface. This distortion was pre- 
sumably caused by the ordering transformation and 
occurred even when the specimens were quenched 
from the thermal-etching temperature. No trouble 
was encountered with the other compositions. 

Only well developed grooves were selected for 
analysis: low-energy boundaries were excluded. Care 
was also exercised to ensure that the measured 
groove was actually attached to a grain boundary 
and was not merely a scar left behind by a moving 
boundary. 

From the frequency plots in Fig. 5, it will be seen 
that the groove angles for a particular alloy ranged 
over several degrees. Such a spread has been observed 
in all previous measurements and presumably arises 
from some anisotropy in the boundary and surface 
energies. 

Satisfactory agreement was found with the previous 
work of Bailey and Watkins on pure copper: they 


have reported groove angles of 158° and 160° for speci- 
mens thermally etched in hydrogen at 800° and 900°C, 
However, the groove angle of 165.8 


respectively. 
for pure gold was somewhat larger than the 164.5 


ENERGIES IN GOLD-COPPER ALLOYS 


PURE Au 
= 165 8° 


20 at pet. Cu 


6 = 1640° 


40 at pct Cu 
= mh 


60 at pct Cu 


§ = 156.0° 
An 


— 80 at pct Cu 
= 1586° 


FREQUENCY 


PURE Cu 
|| | 1593° 


| | | 


156° 160° 164° 168° 
BOUNDARY GROOVE ANGLE 
Fic. 5. Plots of frequency of grain boundary groove 
angle, #, versus @ for six Au—Cu alloys thermally etched 
at 


measured by Buttner et al."*) on fine gold wires 
thermally etched at 1027°C. 
a ratio for ,,,/¢, about 9 per cent less than the latter. 


The former angle gives 


It is unlikely that this discrepancy can be accounted 
for by the difference in temperature of the two sets of 
measurements, because for copper it is known" that 
the ratio o,;;,/¢, is essentially constant over the range 
825° to LO70°C. However, the discrepancy could be 
explained by the fact that the boundaries observed 
by Buttner et al. were mainly between (100) and/or 
(111) faces, and might therefore have an average 
energy different from that characteristic of the 
specimens studied here. 

The relative boundary energies, ¢,;,/a,, calculated 
from the average groove angles by use of equation (1) 
are plotted as a function of composition in Fig. 6a 
Though two separate curves meeting in a peak could 
have been drawn through the experimental points, it 
was considered preferable to smooth the data in 
plotting the absolute grain-boundary energies (Fig. 6c). 
The latter were derived from the surface-energy data 
(Fig. 6b) of White ef al." These values were obtained 
at temperatures ranging from to LOSO'C. 
(approximately 99 per cent of the solidus temperature 
for each alloy). In the pure components, the surface 
energies decrease“ with increasing temperature at 


4-10 per cent per 1LO00°C. However, because the 
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at. pct. Cu. 
Fic. 6. Compositional variation in the Au—Cu system 
of 
(a) The ratio 


(b) The surface energy. o,. (from data of 


White, Adams and Wulff!), and, 


(c) The grain boundary energy, 6,,.- 


temperature dependence in the alloys is unknown, no 
attempt was made to correct the surface energies to 
the 850°C isotherm employed for the grain-boundary 
measurements. As a the 
plotted in Fig. 6¢ may be several per cent lower than 


result. absolute values 
the true energies. 
4. DISCUSSION 

In the absence of a specific model for a high-angle 
boundary, no quantitative explanation can be offered 
for the compositional dependence of o,,,,. However, 
because of the appreciable difference in atomic sizes 
of the this the 
decrease in o,;,, on alloying is not unexpected. With 


components in system, observed 
atoms of different sizes available, it is reasonable to 
suppose that a better fit, and thus a lower energy, can 
be attained at alloy boundaries than at pure-metal 
boundaries. 

We will now consider the application of the present 
results to the calculation of the adsorption at the 
constant temperature, the 


grain boundaries. At 


Gibbs adsorption equation gives 
culducu dx) 


(dogp dix) dx) (2) 


in which x is the atomic fraction of copper in the 
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bulk alloy, « the chemical potential, and [ the excess 
amount of component at the boundary. Following 
Gibbs"), we will define the excess as the difference 
per unit area of boundary between the actual number 
of atoms of a component in the alloy and the number 
that would have been present in the same volume if 
the material on each side of the boundary had 
remained unchanged up to an imaginary dividing 
surface. Since we are considering a grain boundary 
between two identical phases, the excess quantities 
are independent of the location of this dividing 
surface. 

Because there is only a single equation relating 
Pou and Fay 
properties, it is not possible to estimate the individual 


to the observed thermodynamic 


values of the two excesses. However, as was pointed 
Hilliard"?), we 


parameter Pou;au) defined by 


Pou — x); 


out by Cahn and can obtain a 


I Cu( Au) 
since, by application of the Gibbs—-Duhem relation 
+ (1 — x)(dugu/dxr) = 0, 

equation (2) can be rewritten 

(do,;;,/dx) = (ducu/dx)[Tou — aT qu/(1 x)], 
(ducu/dx)| Cu( Au): (3) 
The parameter [ou;4u) can be regarded as the excess 
number of copper atoms over the quantity that would 
be required just to maintain the bulk composition 
at the boundary with the quantity of gold actually 


present. 
Similarly, for Pyuccu, we have 
| Au (1 


(4) 


I Au(Cu) 


The values of Peupau) and Pyu;cu) given in Table 1 
were computed by substituting in (3) the values of 
dog,p/dx and ducy/dx listed in columns 2 and 3. The 
derivative do,,;,/dx was determined from the slope of 
the o,, vs. x curve in Fig. 6c. For the evaluation 
of ducu/dx the thermodynamic data selected by 
and Catteral]® 


junction with the relation: 


Kubaschewski were used in con- 


duculdx (kT /x) + (1 x)? 


(d/dx)| — x)*] 2P — x), 


in which Fc,” is the excess partial free energy of 
copper. This procedure is less susceptible to error 
than direct measurement of the slope of a wey vs. x 
plot. 


The calculated values of and Pauecuy 
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di u/dx 
(erg. atom”! 10*13) 
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TABLE |. Adsorption at the grain boundaries of Au—Cu alloys at 850°C 


(erg. 


GOLD-COPPER ALLOYS 3] 


u 
(atom, A~?) 


ujAu 


10*13) (atom, 


5. 0.25 0.016 
0.2 9.1 0.14 O.O15 0.062 
O.4 7.0 0.09 0.012 0.019 
0.6 6.3 0.34 0.054 0.036 
OS 3.8 0.58 O.15 0.038 

2. 0.69 0.30 0.033 


atoms that must be associated with the grain 
houndary. This can be demonstrated as follows. 


Let us suppose that the alloy composition and 
density remain unchanged up to within a certain 
number of atomic layers on each side of the grain 
houndary. The change in composition and other 
effects of the boundary are thus confined to a region 
bounded by two imaginary dividing surfaces. Let V 
be the actual number of atoms in this region per unit 
area of grain boundary, and x the number which 
would have been present in the absence of the grain 
boundary. Then, if x” is the average atomic fraction 
of copper in the boundary region, we have by defini- 
tion of the excess quantities 


= Nx® — az, 
and 
Pau = — — a(l — 2) 
Eliminating x, we obtain 
N(x? — — x) = Tou — [2/(1 — gy 
Cu(Au): 
which, on rearrangement, yields 
N= - x)/(a Cu( Au): 


Now the atomic fraction, x”, must lie in the range 


0<2"% <1. This requirement in conjunction with 


(5) leads to the following inequalities: 


N> Poucau): if > 


Cu(Au) 
and 

if Poucau) <0. (6) 


In other words, a certain minimum number of atoms 


provide an indication of the minimum number of 


is required in the boundary region to accommodate 
the excess or deficiency of copper atoms. 

Applying (6) to the data given in columns 4 and 5 of 
Table 1, 
value required for N is 0.038 atom A-? at x 


it will be seen that the greatest minimum 
0.8. 
The average lattice parameter is approximately 3.8 A, 
so that a single (100) plane in the bulk alloy will 
contain 0.14 atom A-?, 
of the grain-boundary region is not 
0.038/0.14 (~1/4) that of the bulk alloy, the excess 
gold at 
monolayer. 


Thus, providing the density 
than 


less 


could be accommodated in a 


the 
estimate of the 


that 
provides an 


It must be emphasized preceding 


computation only 


minimum number of atoms associated with a unit 


area of the grain boundary. Unfortunately, there is 


no method of calculating thermodynamiecally from 
the available data the actual thickness, composition 
and density of the boundary. 


REFERENCES 


1. S.S. Wurre, C. M. Apams and J. Wutrr, Trans. 
Inst. Min. (Metall.) Engrs. To be published. 

2. C. HERRING, The Physics of Powder Me tallurgy, (Edited by 

W.E. Kincston), p. 143. McGraw-Hill, New York (1951 

H. Myxura, Acta Met. 3, 436 (1955). 

H. Mykura, Proc. Phys. Soc. 67B, 281 (1954). 

F. R. Totmon and J. G. Woop, J. Sci. Instr. 38, 236 

(1956). 

6. W. Mutuins, J. Appl. Phys. 28, 333 (1957). 


Ame) 


Ste 


7.G. L. C. Battey and H.C. Proc. Phys. Sor 
Lond. 68B, 350 (1950). 
8. F. H. Burrner, H. Upin and J. Wutrr, Trans. Amer. 


Inst. Min. ( Metall.) Engrs. 197, 313 (1953). 

9. N. GsostTErn, Private Communication. 

10. H. Upix, Metal Interfaces, p. 122. American Society for 
Metals, Cleveland (1952). 

11. J. W. Gress, Collected Works. Vol. 1. 
sity Press, New Haven (1948) 

12. J. W. Cann and J. E. Hinviarp, Acta Met. 7, 219 (1959 

13. O. KUBASHEWSKI and J. A. CATTERALL, Thermochemical 
Data of Alloys, p. 61. Press, London (1956). 


p. 224. Yale Univer 


Pergamon 


l 2 3 4 5 
— 
Cu(z) 
VOL. 
8 
1960 


DURCISSEMENT 
DIMPURETES 


ET 


SOLUTION HARDENING BY INTERACTION OF IMPURITY GRADIENTS 
AND DISLOCATIONS* 


R. L. FLEISCHER* 


The Cottrell interaction’ between dislocations and impurity atoms may give rise to significant 
interaction stresses when the impurity concentration is not uniform. 


DE SOLUTION PAR INTERACTION DE GRADIENTS 


D 


E DISLOCATIONS 


L’interaction de Cottrell entre les dislocations et les atomes d’impuretés peut donner lieu a des tensions 


HARTESTEIGERUNG INFOLGE 
KONZENTRATIONSGRADIENTEN 


importantes lorsque la concentration en impuretés n'est pas uniforme. 


WECHSELWIRKUNG 


G 


VON VERSETZUNGEN MIT DEM 


ELOSTER VERUNREINIGUNGEN 


Die Cottrellsche Wechselwirkung zwischen Versetzungen und Verunreinigungsatomen kann betracht- 
liche Wechselwirkungsspannungen verursachen, wenn die Konzentration der Verunreinigung nicht 


konstant ist. 


It has been realized. since it was pointed out 
qualitatively by Parker and Hazlett”, that non- 
uniform distributions of impurity atoms should con- 
tribute to solution hardening. It is the purpose of this 
discussion to describe possible mechanisms of such 
hardening and to indicate in some detail how one of 
these should affect the motion of dislocations. The 
results will then be compared to some existing 
experimental data. 

Three types of interaction will be mentioned here: 
(i) lattice parameter interactions, (ii) elastic con- 
stant (iii) Cottrell interactions. 
Lattice parameter interaction may be considered as 


interactions, and 


follows: If solute concentration varies over many 
atomic distances, a variation in lattice parameter 
will result. If an edge dislocation then moves along 
a direction in which this variation occurs (or a screw 
dislocation moves perpendicular to such a direction), 
either a dislocation-like displacement or a misfit 
across the slip plane will be created by the dislocation. 
Since either implies an increase in energy, the disloca- 
tion will be retarded by a force given by the rate of 
increase of the appropriate energy. 

Elastic the 
“constants” are not constant when there are 


constant interactions arise because 
elastic 
variations in composition. Head has indicated how 
abrupt changes may give rise to forces on dislocations. 
His approach may be applied to continuous changes 
also. Hardening due to lattice parameter or elastic 
constant changes is relevant to other cases in addition 
hardening. A discussion is 


to solution separate 


planned. 


* Received April 9, 1959. 
+ Metals Processing Laboratory, Department of Metallurgy, 
Massachusetts Institute of Technology, Cambridge, Massa- 
chusetts. 
ACTA METALLURGICA, VOL. 


8, JANUARY 1960 


Cottrell interaction is the elastic interaction of a 
dislocation with impurity atoms,) summed for all 
the atoms in the stress field. A calculation will be 
made for the Cottrell interaction in a two-dimensional 
case with a simple one-dimensional variation of im- 
purity concentration. Throughout the following it 
will be assumed that only low temperatures are 
involved, low in the sense that migration of atoms or 
vacancies is negligible. Hence the solute distribution 
remains constant and dislocation climb is absent. 


CALCULATION OF COTTRELL INTERACTION 

Let us suppose that the impurity distribution 
varies in the x-direction only and that the dislocation 
remains essentially straight: then, if an edge disloca- 
tion glides in the x-direction, equal numbers of 
impurity atoms enter the compression and the tension 
regions on either side of the slip plane. There is then 
no net difference in total energy. But if the dislocation 
glides toward the impurities at an angle to the 
x-direction, this is no longer true, since the stress 
field encounters more impurity atoms on one side of 
the slip plane than the other. Now an estimate of the 
interaction resultant force 
dislocation is made for a simple impurity distribution. 


energy and the on a 

Given an edge dislocation (Fig. 1) whose stress 
field extends over an effective radius 7. in a region 
where at a distance 2, the concentration of impurities 


changes from ¢ = 0 to c = Cp, it is desired to find the 


energy of interaction of the dislocation with the 
impurities. 


The energy of interaction of one such atom a dis- 
tance r from the dislocation is, according to Bilby’s 
refinement) of Cottrell’s result, 


Ey = A sin (6 — ¢)/r, 


VO 


' 
| 19, 
= 
32 
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Fic. 1. 


Edge dislocation in a medium containing a 
discontinuity in solute concentration. 


where the edge dislocation is tilted by an angle ¢ 
relative to the X-axis. A = 4@r,? be, where G 
shear modulus, = atomic volume, 
and ¢ = (R — r,)/rp, where R? = volume of impurity 
atom. 

In a unit volume the energy change would be Ly 
times the number of impurity atoms per unit volume 
(co/ro?), so that the total energy change due to the 
interaction of the dislocation and the impurity atoms 


slip distance, 


1S 


dV 
« volume 


or an energy/length 


EB (4Gc,eb sin (6 — 


e area 


d) r) dS 


For the case given, 


Too) 


E = 4Gcyeb 


Jcos” 


sin (0 — dr dé 


r 
2 


9\1/9 | 
2 ( ) 


= 8Gcyeb sin cos"! 
x 

The force on the dislocation is dE/dx), and the 

effective stress on the dislocation is (1/b)(dE/dxq) 

sin cos! (xp/r,). This stress is along the 

x-direction rather than the slip plane of the disloca- 

tion, which is at an angle ¢. Hence the stress along 
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the slip plane is given by inserting a factor cos ¢ into 


the above expression, giving 


sin (24) cos 


By 


that a dislocation would either be attracted to the 


symmetry this stress is central about x) = 0, so 
position x») = 0, requiring energy to move it away, 
or will be repelled, so that a stress would be necessary 


to drive it over the x, () position. 


0 and is 


The maximum value of 7 is then at 2) 
= sin 2¢. (3) 


The expression in equation (2) may be generalized 


to more complicated impurity distributions by 


replacing ¢, by (de/dx) dx where dc/dx is the gradient 


of impurity. Then 
= ¢ sin | | (de/dx) cos“! (x/r,) dx 
| 
— | (de/dx) cos~! (—x/r,,) (4) 
. ly 
4Ge sin (24) | | cd0— ne, 
Jo 
where cos 


For a linear variation of impurity from zero to r, 
T 4G e(de/dx)r, sin 2d, (5) 


so that the effect of a slow variation is comparable 
with that of a discrete jump in concentration, where 
the jump is equal to the total variation r,, (de/dx) 
through the region containing the stress field of the 
dislocation. 

For the dislocation at the extremum of a parabolic 


(de dx), 


distribution of impurities with de/dx atr,, 


T mGe(dc/dx) r_ sin 2d. (6) 


APPLICATIONS TO EXISTING 
EXPERIMENTAL RESULTS 
It is interesting to compare the magnitude of the 
effect the effect of hardening 
from a uniform solid solution. Mott and Nabarro‘®? 
calculated an increase in the flow stress of the order 


considered here with 


of Gec, which means that the effect of variations in 
concentration would be comparable if the variations 
Here, 


as in the theory of uniform concentration solution 


are as large as the total average concentration 


hardening, there is a characteristic length which is of 
importance: i.e. it is the total change in concentration 
across the region (of radius r,) containing the stress 
field of the dislocation that determines the appropriate 
value of ¢. 

There exist a number of cases where it is possible 
to give qualitative descriptions of the distribution of 


(2) 
\ 
6 
SS 
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point irregularities and hence, wherever mechanical 
properties have been measured, approximate compari- 


sons with experiment should be possible. 


1. Irradiation produced defects 


Aerts et al.{® observed extra hardening in irradiated 
NaCl crystals in regions where there would be a 
concentration gradient. In particular their Fig. 18 
shows hardness over the boundary between irradiated 
and non-irradiated regions. An extra hardening at 
the boundary was of the order of 2-4 kg/mm, as 
compared to a total hardening in the uniformly 
irradiated region of 6-8 kg/mm?. Hence, as was just 
suggested to be possible, the extra hardening was of 
the order of the total hardening.* 


2. Impurity segregation to boundaries 


Ball®) has shown that the flow stress of polyerystal- 
line aluminum is a function of the subgrain size but 
not of the disorientation across the boundaries. If 
only the dislocation structure were important in deter- 
mining the strength of the boundary, the strength 
would be expected to depend on this disorientation. 
Since this is not the situation, it may be that the 
impurity content of the boundaries determines the 
flow stress and is constant, as theoretical calculations 
by Webb have shown it should be under suitable 
conditions. This hypothesis would be consistent both 
with Fleischer and Chalmers’ view and Wiseman’s"!) 
conclusion that interactions of solute atoms with 
substructure are important. 


3. Angular dependence 

The factor sin (2¢) of equations (2-6) provides in 
principle a means of testing the theory. Fortunately 
the presence of the other two effects (due to changes 
in lattice parameter and elastic constant) can be 
shown to be unimportant and hence do not com- 
plicate the issue. The sin (24) factor indicates 
that, as far as the Cottrell interaction is concerned, 
the maximum obstruction of dislocation flow should 
occur when the slip direction is at 45° to the impurity 
gradients, and the minimum at 0° or 90°. For a 
tensile sample with gradients along the axis and with 
the primary slip system at 45° to the axis, primary 
slip should be difficult and secondary slip relatively 
easier, so that the observed work hardening rate 


* Aerts et al. attributed the hardness increase to elastic 
strains. If the linear strain is 1/3 . 10-4, the stress (+ &E) is less 
than 200 g/mm?*, which is appreciably less than the increase 
observed. Here it has been assumed that the density change, 
estimated to be 0.01 per cent for alkali halides,'”) contributed 
an elastic strain at the boundary. 


should be greater when the gradients are present. 
This effect appears to have been observed by Fleischer 
and Chalmers®® in some tests of effects of growth 
rate. Their Fig. 12 shows stress-strain curves for two 
crystals grown at 75 em/hr by hand motion of the 
furnace. This type of furnace motion inherently 
involves fluctuations in the real growth rate and hence 
in the impurity concentration. In both of these 
samples the initial work hardening rate was greater 
than that observed for samples grown at more con- 
stant growth rates. In one of the two crystals 
secondary slip occurred immediately, so that no easy 
glide was present. 

It should be clear that other explanations of the 
various effects just described are possible. It is 
desired here merely to point out that the effects are 
consistent with what is to be expected from changes 
in impurity concentration. 


DISCUSSION 


The considerations discussed here should be relevant 
to coring, which is perhaps the most universal process 
that results in non-uniform impurity distributions. 
Once the distribution is known in sufficient detail, it 
should be possible to calculate the contribution to the 
flow stress. Under the usual conditions where several 
elements are present as impurities, their effects should 
superimpose. It is necessary to know both the 
distribution of impurities and the sign of the strain 
they impose, before this superposition can be made. 
In order to be useful, the impurity distribution must 
be known over distances of the order of the spacing 
between dislocations. Unfortunately in most practical 
cases this is not yet experimentally possible, although 
for low dislocation densities the electron probe is 
capable of satisfactory resolving power. 


CONCLUSION 


An estimate of elastic interactions of dislocations 
with non-uniform solute distributions indicates that 
mechanical properties may be strongly affected. 
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It is well established that strain-ageing in low- 
carbon steels is due to the diffusion of interstitial 


solute atoms to free dislocations generated during 


THE CONTRIBUTION OF ATMOSPHERE LOCKING TO THE STRAIN-AGEING 


OF LOW CARBON STEELS* 


D. V. WILSON? and B. RUSSELL 


Cottrell locking of dislocations and precipitation hardening can both contribute to the increase in the 
lower yield stress which develops during the strain-ageing of low carbon steels. An analysis of stress— 
strain relationships based on the Petch equation, ao, = ¢,; + k,d~'/?,"%,"" allows a separation of the contri- 
butions of these two sources of hardening. Observations of the development of changes in the tensile stress— 
strain relationship during ageing have shown that atmosphere locking develops first, causing an increase 
in k,d-1/2 with little change in o;. An estimation based on the Cottrell-Bilby equation” suggests that this 
first stage is completed when the dislocation atmosphere density reaches a value between one and two 
atoms per atom plane. After completion of the first stage, further segregation of solute has little or no 
effect on dislocation pinning: the increases in yield stress are then due to increases in o,; and must be 
caused by solute cluster formation or precipitation. In a strain-aged steel, the contribution of atmos- 
phere locking to the lower yield stress is rather small compared with that in an annealed steel of the same 
grain size. This may be a consequence of the finer scale of the dislocation network in the cold worked 


material. 


CONTRIBUTION DU BLOCAGE DES ATMOSPHERES AU VIEILLISSEMENT 
DE DEFORMATION DES ACIERS A BAS CARBONE 

Le blocage des dislocations et le durcissement de précipitation peuvent contribuer a l’accroissement 
de la limité élastique inférieure au cour du vieillissement de déformation des aciers a bas carbone. 

L’analyse des relations tension-déformation basée sur l’équation de Petch oa, = o; + 
permet les contributions de ces deux sources de durcissement. 

L’examen des modifications intervenant dans la relation tension-déformation au cours du vieillisse- 
ment a montré que le blocage des atmospheres se produit d’abord et quil provoque un accroissement 
en k,d-)* et une faible modification en a;,. 

Une estimation qui s’appuie sur l’équation de Cottrell-Bilby permet de penser que ce premier stade 
est terminé lorsque la densité des atmosphéres atteint une valeur comprise entre 1 et 2 atomes par 
plan atomique. 

Aprés ce premier stade une ségrégation ultérieure des atomes solutés n’a pratiquement plus d effet 
sur le blocage des dislocations: l’augmentation de la limite élastique sont alors dis a des accroissements 
de o; et peuvent étre provoqués par la formation d’amas ou par une précipitation. Dans lacier déformé 
et molli la contribution du blocage des atmosphéres & la limité élastique inférieure est plutét petite 
en comparaison avec un acier recuit de méme grosseur de grain. 

Ceci peut-étre une conséquence de l’existence d’un réseau plus serré de dislocations dans l’acier dé- 


formé, 


BEITRAG DER COTTRELL-ATMOSPHARE ZUR VERFORMUNGS-ALTERUNG 
KOHLENSTOFFARMER STAHLE 

Sowohl das Festhalten von Versetzungen an Cottrell-Atmospharen wie Ausscheidungs-Hartung 
kénnen an der Erhéhung der unteren Streckgrenze beteiligt sein, die sich bei der Verformungsalterung 
kohlenstoffarmer Stahle zeigt. Analysiert man die Spannungs-Dehnungs-Beziehung mit Hilfe der 
Gleichung von Petch, o, 6, + kd-/?.'81) so lassen sich die Beitrage dieser zwei Ursachen der 
Hartesteigerung trennen. Beobachtung der Veranderungen in der Spannungs-Dehnungs-Beziehung 
wahrend des Alterns zeigt, dass die Festlegung der Versetzungen an den Atmospharen zuerst eintritt; 
sie erhéht k,d-!?, wahrend oa; sich wenig andert. Nach einer Abschatzung auf Grund der Cottrell-Bilby- 
Gleichung diirfte diese erste Stufe beendet sein, wenn die Dichte der Atmosphare ein bis zwei Atome pro 
Atomebene betragt. Ist die erste Stufe beendet, so hat die weitere Abscheidung geléster Atome wenig 
oder keinen Einfluss auf das Festhalten von Versetzungen: Die weitere Zunahme der Streckgrenze 
beruht auf der Zunahme von o, und muss durch Zusammenlagerung geléster Atome oder durch Aus- 
scheidung verursacht sein. Bei einem verformungsgealterten Stahl ist der Beitrag der Atmospharen zur 
unteren Streckgrenze ziemlich klein verglichen mit dem bei getempertem Stahl gleicher Korngrésse. 
Dies mag daran liegen, dass das Versetzungs-Netzwerk beim kaltverformten Material feiner ist. 


1. INTRODUCTION re-anchored and the sharp yield point returns.“-" It 


is also evident that segregation need not stop when 
all the dislocation sites allowing strong interactions 
with solute atoms are occupied.>*) This absence of a 


plastic deformation; in this way the dislocations are 


* Received March 13, 1959. 
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saturation effect must be due to some form of pre- 
cipitation of the solute atoms collected by the dis- 
locations. Commercial steels commonly contain more 
available interstitial solute than is needed to complete 
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Cottrell locking after moderate cold working. Thus, 
in general, atmosphere formation and precipitation 
hardening will both contribute to the increase in yield 
stress observed during strain ageing,‘®’ and our 
understanding of the mechanical behaviour of strain- 
aged steels requires a separation of the effects of these 
two sources of hardening. 
Interpretations based on the relationship 


u 0; (1) 


which describes the dependence of the lower yield 
stress o, on the grain diameter 2d,‘ have been 
developed, notably by Petch,'*. to provide a 
method which separates the factors contributing to 
the lower yield strength of annealed polycrystalline 
iron. During Liiders band propagation, it is believed 
that unpinned sources release many dislocations 
which pile up at the grain boundaries. These provide 
stress concentrations which are limited by the grain 
size, and which act with the applied stress to unpin 
nearby dislocations in the next grain. Movement of 
the free dislocations is opposed by internal stresses, 
the effects of which are represented by the ‘friction’ 
stress term o,;. The detailed mechanism of yield 


propagation is represented in Cottrell’s equation”! 


+ 
(l/d)'/? 


2) 


where / is the distance from the pile-wps to the nearest 
sources and o, is the unpinning stress. When d >/ 
equation (2) simplifies to (1). Thus k, = a,/'* and is 
a measure of the pinning of the dislocations. Heslop 
and Petch®® have shown that ¢; may be resolved into 
two parts. The first of these, which varies little with 
temperature, represents the stress needed to move free 
dislocations against the resistance due to structural 
irregularities provided by dissolved solutes, fine 
precipitates, dislocations and sub-structures. The 
second term, on the other hand, is sensitive to 
temperature and is thought to be due mainly to the 
Peierls-Nabarro force. 

Yield propagation in a strain-aged steel is believed 
to be essentially similar to that in the annealed 
condition. Thus strain-ageing should provide an 
opportunity for observing the effects of the growth of 
og, due to dislocation locking, and changes in o,, due to 
segregation and precipitation, while d and / remain 
constant, However, cold working increases o, and 
greatly reduces the variation of o, with grain size. 
Even in fine grained strain-aged steels, it appears, 
g, is not very sensitive to o, (Fig. 4 of this paper). Also 
it is rather difficult to test if d, the effective length of 


the dislocation pile-ups, retains its direct relationshi; 
with grain diameter after moderate deformations 

However, kd? may also be estimated from 
Liiders strain, independently of the grain size depend- 
ence of o,. This latter approach is based on the 
argument that the specimen undergoes Liiders strain 
to recover, by work-hardening, the yield strength it 
loses through the disappearance of k,d~!/? on becoming 
plastic.“". This method is appropriate in the case of 
strain-ageing because the value of the flow stress before 
ageing can be measured precisely and because the 
analysis is concerned more particularly with changes 
in k, and o;. 

This paper describes a study of strain-ageing based 
on such an analysis of the tensile stress-strain relation- 


ships observed at different stages of the ageing process. 


2. EXPERIMENTAL METHOD 


The material used, all from the bottom section of a 
single ingot of good quality commercial rimming steel, 
was of the following composition in wt. °,: 


C 0.038: N 0.0042: Mn 0.40: Si 0.008: S 0.017: 
P 0.008: Ni 0.06: Cu 0.07: Sn 0.01: Al 0.001 


Sheets of five different grain sizes were prepared by 
the strain-anneal method. In the final annealing 
treatment they were heated at 700°C for 2 hr in 
purified nitrogen, followed by cooling to 200°C in 
IS hr. This had no appreciable effect on the nitrogen 
content. Numerous tests showed that the ranges of 


grain size obtained in each group of sheets were: 
Grain Size No. 4 5 
Mean (Grains/mm?) 51 7: 1380 1850 


tange (Grains/mm?) 43-62 180-215 673-798 1250-1500 1650-2100 


Tensile specimens of 0.5 » 0.07 in. cross section 
were machined from the sheets, those for a given 
experiment being taken from adjacent positions. 
Excepting the test pieces used for the experiment 
described in Section 7, all the specimens were heated 
at 200°C for 2000 min and then cooled rapidly before 
prestraining. After this heat treatment the strain- 
ageing behaviour was very similar to that shown after 
commercial “box” annealing: a negligible amount of 
carbon would be left in solution and strain-ageing 
would be due to dissolved nitrogen (i.e. @0.004 wt. 
°.. Thus the possible contribution of stress-induced 
ordering to strain-ageing would be small.) 

Excepting specimens used in the experiment 
described in Section 6, all the test pieces were pre- 


strained to 4 per cent elongation before ageing. This 
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Progressive changes in the tensile stress-strain relationship of grain size I steel 


due to strain-ageing at 60°C after 4 per cent prestrain. 


was sufficient to exceed Liiders strain in annealed 
material of the finest grain size. The machined 
edges of the specimens were lightly polished before 
testing. A simple Liiders band system was established 
during vield at room temperatures, giving unambigu- 
ous values of the lower vield stress. 

Both prestraining and test straining were carried out 
at a strain rate of 107-4 sec~!, using a hard beam 
testing machine and a Lindley extensometer. Except 
in one experiment, the prestrained specimens were 
aged for appropriate periods at 60° + 1°C inanoil bath. 

3. CHANGES IN THE TENSILE 
STRESS- STRAIN RELATIONSHIP DUE TO 
STRAIN-AGEING 

The representative stress-strain curves in Fig. 1 
illustrate the main features of a sequence of changes 
which was observed with each of the grain sizes 
tested. 
process may be divided into four stages:— 

(1) During the first } hr of ageing at 60°C the lower 


By reference to these changes the ageing 


vield stress and Liiders strain increased rapidly and 
almost in step, while at strains beyond the vield. in 


the regime of homogeneous deformation, the stress- 
strain relationship was little affected by the ageing 
treatment. 

(2) Beyond an ageing time which varied slightly 


with different sets of specimens, but which was 
typically about 35 min at 60°C, the Liiders strain 
changed very slowly, or not at all, with further 
ageing.* The yield stress continued to increase, 
however, and this was now accompanied by a rise in 
the level of the stress-strain curve beyond the yield 
point. Up to a stage of ageing reached in about 150 
min at 60°C no appreciable change in the rate of work 
hardening was detected. 

(3) On ageing for more than about 150 min at 60°C 
the vield stress and flow stress beyond the yield point 
continued to increase slowly, but from this point 
further ageing was accompanied by an increase in the 
steel’s ability to work harden. At this stage also, the 
first significant changes in ultimate tensile strength 
and elongation at fracture were observed. Maximum 
values of the yield strength, the ultimate tensile 
strength and the coefficient of work hardening were 
reached only after about 104 min at 60°C. 

(4) After ageing for appreciably longer times than 
104 min at 60°C some evidence of ‘‘overageing” was 
observed: i.e. there was a very slow decrease in yield 
strength, ultimate tensile strength and the coefficient 
of work hardening, an increase in the elongation at 


* This observation was made previously by Tardif and 


Ball™. 
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Fie. 2. Changes in lower yield stress (A y.s.), in 

flow stress beyond the yield (A/f.s.) and in Liiders 

strain (y.p.e.) with ageing time at 60°C after 4 per cent 

prestrain. g.s. No. 1, 51; g.s. No. 2, 195; g.s. No. 5, 
1850, grains per mm®*. 


fracture and, with the finer grain sizes, some increase 
in Liiders strain. 

For present purposes the most important of these 
observations are concerned with the changes in the 
lower yield stress, Ay.s.; in the flow stress beyond 
yield, Af.s.; and in Liiders strain, y.p.e. These 
quantities were measured in each of the complete 
series tested (Grain sizes 1, 2 and 5) and are plotted 
in Fig. 2 as a function of ageing time. 

The test strains at which Af.s. was measured were 
1.5 per cent elongation in the case of grain sizes 1 and 
2, and 2.5 per cent in the case of grain size 5. These 
values were chosen to be not greatly in excess of 
Liiders strain, but beyond the short, rapid rise in stress 
which usually occurs at the end of yielding. (In tests 
at room temperature using low strain rates, it is likely 
that, immediately after the completion of yielding, 
straining is not at first uniform along the gauge 
length, owing to the effects of strain ageing behind 
the Liiders band front.) 

Fig. 2 shows that the main features of the changes 
due to strain ageing were not very sensitive to grain 
size. 

4. THE RELATIONSHIP OF CHANGES IN 


LOWER YIELD STRESS, FLOW STRESS 
AND LUDERS STRAIN 


Perhaps the most interesting observation illustrated 
in Fig. 2 is the approximate constancy of Liiders strain 
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beyond the first stage of ageing. In terms of equation 
(1) this suggests that the rise in yield stress after the 
first stage is due almost entirely to increases in o,. 
Therefore, insofar as the changes in o; are represented 
by the changes in the flow stress beyond the yield, the 
function Ay.s—Af.s. should mirror the observed 
changes in Liiders strain. Fig. 3a shows that this is 
approximately so. 

The tendency for Ay.s.—Af.s. to decrease beyond 
ageing times of about 100-150 min is to be expected, 
since values of Af.s. observed at a finite test strain are 
then influenced by the increased work hardening due 
to ageing. Essentially, in Fig. 3a, we are using the 
change in flow stress beyond the yield to estimate 
Af.s.9, the change in yield stress which would be 
observed if no dislocation locking occurred. Clearly 
this will be accurate only if the rates of work hardening 
in the aged and unaged conditions are identical up to 
the strain at which Af.s. is measured. It appears that 
this difficulty can be at least partly overcome if f.s., 
is estimated directly, by extrapolation back to zero 
plastic strain of the rising part of the stress-strain 
curve observed beyond the yield. This part of the 
curve is represented fairly well by a simple power 
law."%) Thus linear extrapolations can be made 
using a plot of log true stress against log natural 
strain. Values of Af.s., obtained in this way were used 
to plot Ay.s.—Af.s., in Fig. 3b. 

These results strongly support the idea that k,d~! 
remained almost constant between the end of the 
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Fic. 3. (a) The difference between the increase in 
A y.s. and the increases in flow stress measured 
beyond the yield, (A f.s.), 

and (b) The differences between the increases in 

A y.s. and A f.s., obtained by extrapolation 
of the stress-strain curve. Aged at 60°C 
after 4 per cent prestrain. 

In 3b the points are elongated to represent the un- 

certainty of the extrapolations of results for the longer 

ageing time. 
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yield stress Ib/in2 


é-2 
Fic. 4. The variation of the lower yield (tensile) 
stress with d-!/? where d is half the grain diameter in 


mms. Curve 1, annealed specimens. Curves 2 to 4, 


testpieces all prestrained 4 per cent and, Curve 2, un- 


aged: Curve 3. aged to the end of the first stage; Curve 
4, ‘fully’ aged (104 min. at 60°C). 


first stage of ageing and the stage at which maximum 
vield strength was reached. However, the two 
methods represented in Figs. 3a and 3b give rather 
different results for the magnitude of the contribution 
of atmosphere locking to the yield stress, particularly 
with the fine grained steel. For specimens in the first 
stage of ageing, and particularly with grain size 5, 
there was some evidence that work hardening during 
Liiders strain was slightly less than that of unaged 
specimens deformed homogeneously through the same 
strain interval. Since the values of Af.s. used in 
Fig. 3a are all based on the flow stress of unaged 
specimens, this method may tend to underestimate 
the value of Af.s.,. On the other hand, it is likely 
that the extrapolation method tends to underestimate 
Ay.s.—Af.s., in Fig. 3b. In this case the results are 
sensitive to the work hardening coefficient used. 
The extrapolations were based on the slopes of the 
stress-strain curves beyond the sudden rise in stress 
immediately after yield. Possibly this gives too low 
a value of work hardening. 

This uncertainty does not affect the main con- 
clusions suggested by the analysis. These are, in 
terms of equation (1): 

(1) The first stage of ageing is concerned with the 
growth of k,d~'* (and, therefore, with the 
growth of dislocation atmospheres). Up to the 
end of the first stage no change in o, was 
detected in tests at room temperatures. 

The end of the first stage of ageing is defined 
rather clearly because further ageing has little 
or no effect on the value of Liiders strain. 


Beyond the first stage, further increases in o, 
are due almost entirely to increases in o, (and, 
therefore, are probably caused by some form 
of clustering or precipitation of the solute atoms, 
which increases the “friction” stress without 
affecting the “‘unpinning” stress 


5. THE EFFECTS OF GRAIN SIZE 

It is obvious that the observed flow stress values 
considered in the previous two sections cannot be 
precisely equivalent to the ao, term in equation (1), 
since the former vary slightly with grain size. In Fig. 4 
values of the lower yield stress observed at three 
different stages of the ageing process are plotted as a 
function of d~'/? (where d is half the grain diameter). 
The (tensile) stress equivalent to o; may then be 
obtained by extrapolation to For com- 
parison, values of the lower yield stress for the same 
materials in the annealed condition are also plotted 
(Curve 1.) 

The main features of the results shown in Fig. 4 are 
those to be expected from the analysis made in the 
previous section. Thus most of the increase in k,d~!/? 
occurs during the first stage of ageing and, beyond 
this. further increases in o, are due almost entirely 
to increases in g,. It is also evident that cold working 
increases go, and greatly reduces the variation of oa, 
with grain size. Even in an aged, fine grained material, 
it appears, the main contribution to ¢, is made by the 
a, term and k,d~'? is comparatively small at room 
temperature. However, estimates of o, based on 
extrapolation to d~!/? = 0 will be valid only if a direct 
relationship with grain size is retained by the lengths 
of the dislocation pile-ups which are responsible for 
triggering off slip from one grain to the next. In Fig. 4 
it is shown that lines 2 and 3 (representing, respectively, 
the flow stress values at the end of prestraining and 
yield stress values at the end of the first stage of ageing) 
can be drawn to give about the same value of o;. 
Thus the results are consistent with the possibility that 
the simple relationship of the stress concentration 
factor with the grain size is preserved after 4 per cent 
deformation. However, the range of grain sizes 
examined is hardly sufficient to establish this. 

Metallographic observations were made on electro- 


polished specimens of grain size 1, which were strained 
4 per cent, aged | hr at 60°C, polished smooth again, 
then strained a further 4 per cent and re-examined in 


the same area. Slip in the annealed material gave 
characteristically heavy, fairly widely spaced bands, 
while those in the aged material were often rather finer 
and more closely spaced (Fig. 5), suggesting that more 
dislocation sources were operating in the latter case. 
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(a) Annealed specimen electropolished and then (b) Same area after strain-ageing for lhr. at 60°C, 
strained 4 per cent. repolishing and then straining a further 4 per cent 
Fic. 5. Slip bands in grain size 1 material » 150. 
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Fig. 6a and b. Electron micrographs of slip bands in grain size I material after 4 per cent strain. 
Carbon replicas shadowed at 1 : 1. 5000, 
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In the neighbourhood of grain boundaries the slip 
bands showed a variety of behaviour. In some cases 
slip appeared to run through a boundary into a 
neighbouring grain (Fig. 6a). This occurred even when 
slip in the second grain was predominantly on some 
other system (Grains A in Fig. 5a). But quite com- 
monly the heavy slip bands stopped short a little 
way from the boundaries (Grain B in Fig. 5a), giving 
way to diffuse wavy slip which could be detected in 
electron micrographs (Fig. 6b). The frequently 
observed deflection of slip bands, and slip on secondary 
systems in their neighbourhood, suggested that such 
boundaries presented major obstacles to slip pro- 
pagation. These grain boundary features were also 
seen after deforming in the strain-aged condition. 
Almost always slip in the strain-aged material 
occurred on systems parallel to those active in the 
annealed material, so that the general appearance 
throughout a given area was strikingly similar. 
Although, in some grains, clearly defined slip traces 
tended to be shorter in the strain-aged than in the 
annealed material, slip bands occupying an appreci- 
able proportion of a grain diameter were not un- 
common. Quite probably in the strain-aged material, 
as in the annealed steel, large angle boundaries re- 
mained the dominant barriers to dislocation movement. 

If we can assume that the relationship of the stress 
concentration factor to grain size was preserved after 
deformation, then, in the strain-aged specimen, the 
value of k,.(= a," where / is the distance from the 
pile-ups to the nearest sources in the next grain,) was 
only about one third of that in the annealed condition. 
Once atmosphere formation is complete the ‘unpinn- 
ing’ stress a, is expected to be the same as that in 
the annealed materials. Hence this suggests that cold 
working reduced the value of / to roughly one tenth 
of that in the annealed specimens. This is in reason- 
able agreement with the expected change in the scale 
of the dislocation network. 


6. THE EFFECT OF STRAIN-AGEING ON 
THE TEMPERATURE DEPENDENCE OF THE 
YIELD STRESS 

The results described in earlier sections appear to 
provide a clear separation of the contributions to the 
increase in yield stress made by atmosphere formation 
on the one hand and by precipitation (or cluster 
formation) on the other. It is interesting that the 
latter processes, which must occur on the dislocations, 
do not appear to have any appreciable effect on the 
‘unpinning’ stress o,. This suggests that the spacing 
of the precipitates (or clusters) must be such as not 
to affect the critical event in the unpinning process 


which, as Cottrell and Bilby have shown,” probably 
involves the throwing forward of a small loop, only a 
few atomic spacings wide, from the dislocation line. 
Once such a local break-away has occurred the applied 
stress can separate the rest of the dislocation from its 
anchorage. 

This observation suggests an independent method 
for testing the main conclusions we have reached. 
When dislocations are locked by atmospheres the 
effect of temperature on the yield point is strong, 
because the internal stress barrier which opposes 
escape of a dislocation from its atmosphere is very 
narrow."* We expect the stress barriers associated 
with precipitates to be much wider and their con- 
tribution to the temperature dependence of the yield 
stress to be comparatively small. Thus the tempera- 
ture dependence of the yield stress should increase 
during the first stage of ageing, while Cottrell atmos- 
pheres are forming, but subsequent solute segregation, 
to form clusters or precipitates, should cause little 
further increase. 

Such an experiment demands rather precise 
measurements because, in strain aged materials, the 
contribution of atmosphere locking to the yield stress 
is relatively small. The principal obstacle to a direct 
approach proved to be that complex Liiders bands 
invariably formed at temperatures usefully below 
room temperature. In consequence comparable 
values of the lower yield stress could not be identified. 
This complication, and errors arising from specimen 


to specimen variations, were avoided by making a 
comparison of yield stress values at two temperatures 
using a single specimen. The experimental method 
is illustrated in Fig. 7. The specimens, all of grain 
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Fic. 8. Increases in the flow stress (f.s.) measured at 

6.5 per cent test strain, and in lower yield stress 

(y.s.) during strain-ageing of grain size 2 specimens, 
prestrained 7 per cent and aged at 60°C. 

Top. The ratios of the values of f.s., measured 

at 20°C and —68°C, to the stress at the 

end of prestraining (p.s.) measured at 


20°C. 
Bottom. The ratios of y.s. values, measured at 
20°C: and 68°C, to the prestrain 


stress measured at 20°C. 


size 2, were prestrained 7 per cent at room temperature 
and then aged for differing periods at 60°C without 
The test 
straining was started at room temperature and in 
this way a simple Liiders band system was initiated 
at yield. Once the value of the lower yield stress at 
room temperature had been established the specimen 
was cooled rapidly to —68°C and, within a few 
minutes, the test was resumed at the lower tempera- 
ture. The simple Liiders bands already established 


removing the specimens from the grips. 


continued to propagate, and an unambiguous value 
of the lower yield stress at —68°C was obtained. 
Straining was continued at the lower temperature to 
a test strain of 6) per cent, which was beyond the end 
At this point the cold 
removed 


of yield for all specimens. 
acetone surrounding the 
rapidly and replaced by water at 20°C, so that testing 
could be resumed at the higher temperature within 


specimen was 


a few minutes. 

The effects of strain ageing on the lower yield 
stress, measured at 20°C and —68°C, and on the 
corresponding flow stress values at a test strain of 64 
per cent, are represented in Fig. 8. The results are 
presented as the ratios of these four stress measure- 
ments to the stress observed at the end of prestraining 
the same specimen (at 20°C). 

Fig. 8 shows that ageing had little effect on the 
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difference in the two flow stress values, measured at 
20°C and —68°C, (f.s._¢. — f.8-o9). The difference in 
the lower yield stress at the two temperatures, 
(y.8._gg — Y-8.99), on the other hand, increased appreci- 
ably during the first stage of ageing. However, the 
main source of the temperature dependence of the 
yield stress in the strain aged condition appears to be 
the temperature sensitive component of the ‘‘friction”’ 
stress o;.2% In the experiment, (f.8._¢, — f.8-99) and 
(Y.8. 68 
specimen. Once it was established that the flow stress 
difference was only slightly affected by strain ageing, 
these quantities could be used to provide a separation 
of the contribution made by strain ageing alone to the 


Y.8.o9) Were measured directly in a single 


temperature dependence of the lower yield stress. 

In Fig 9 (y.8._¢. — ¥-8-o9) — (f.8-_¢3 — f-8-29) is 
plotted as a function of ageing time. This shows that 
the amount by which the temperature dependence of 
the yield stress exceeded that of the flow stress 
increased during the first stage of ageing and there- 
after remained roughly constant. 

Our main conclusions about the character of the 
components of the increase in yield stress due to 
strain-ageing are thus supported by the experimental 
results summarized in Figs. 8 and 9. Strain ageing 
evidently increases the temperature dependence of the 
lower vield stress appreciably during the period of 
atmosphere formation, but subsequent segregation has 
little effect. 
stress curves shown in Fig. 8 are not precisely parallel. 
The broken line A, drawn parallel to the flow stress 
curve for 20°C, shows there was probably a small 


It is interesting, however, that the flow 


difference in the value of (f.8._¢. — f.8.99) for specimens 
aged within the interval of about 50-100 min. This 
earlier evidence of a small rise in flow stress due to 
strain ageing, when the tests were made at —68°C, 
might indicate that thermal agitation can make a 
significant contribution to surmounting the stress 
barriers due to the first-formed clusters or sub- 
precipitates. However, this apparent change in the 
temperature dependence of the flow stress disappeared 
with further development of the precipitation process. 
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Fic. 9. Development of the contribution of atmosphere 
locking to the temperature dependence of the lower 
yield stress in grain size 2 specimens prestrained 7 per 
cent and aged at 60°C. 
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Perhaps a more likely explanation is that the first- 
formed solute segregates have only a limited lifetime 
at room temperature once plastic flow separates them 
from their host dislocations. At a strain rate of 10-4 
sec”! the Liiders bands would take up to a few minutes 
tests at —68°C 
dispersion of segregates by diffusion would be com- 


to traverse the gauge length. In 


paratively slow and mechanical evidence of ‘stable’ 


segregates is to be expected earlier in the ageing 
pre CeSS, 
7. THE EFFECTS OF THE DISSOLVED 
SOLUTE CONTENT 

The conclusion that solute segregation occurring 
after the completion of atmosphere formation has 
little or no effect on o, suggests that, in fully aged 
low-carbon steels, Liiders strain will be independent 
of the dissolved interstitial solute content provided 
this exceeds the small amount required to complete 
atmosphere formation. 

To test this prediction, specimens of reduced solute 
contents were prepared, all from the same steel, by 
annealing for differing periods in wet hydrogen at 
s00°C. After this treatment the sheets were reduced 
50 per cent in thickness by rolling and then recrystal- 
lized and homogenized, generally by annealing in 
purified argon. (Specimens which were almost carbon- 
free provided an exception: in this case recrystal- 
lization was also carried out in wet hydrogen.) The 
recrystallization annealing treatments, which varied 
from 20 hr at 700°C in the case of specimens decar- 
burised for less than 2 hr, down to 1 hr at 600°C for 
fully decarburised specimens, were designed to provide 
test pieces of comparable grain size throughout the 
range of compositions. In this way all the specimens 
treated in wet hydrogen for up to 20hr, which 
covered practically the whole range of compositions 
of interest for present purposes, were obtained with a 
final annealed grain size of 700 100° grains/mm?. 
After the the 
specimens were cooled to 500°C, held at this tem- 


appropriate annealing treatments 
perature for 15 min, and then quenched in water. 
Specimens of identical history were tested in pairs, 
one, to be used for strain-ageing, being prestrained to 
give 4 per cent elongation immediately after quench- 
ing, while the other was tested at once, to measure the 
properties in the unaged condition. The prestrained 
testpieces were all ‘fully’ aged by holding at 80°C for 
2000 min (equivalent to a little over 104 min at 60°C) 
before testing. 

The of Liiders 


changes in the lower vield stress, in the flow stress 


observed values strain and the 


beyond the vield, and in the ultimate tensile strength, 
due to “full” ageing are given in Fig. 10 as a function 
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Fic. 10. The effect of dissolved solute content on the 

increases in lower yield stress (A y.s.), in flow stress 

at 1.5 per cent test strain (A f.s.) in the ultimate tensile 

strength (A w.t.s.) and on Liiders strain (y.p.e.) due to 

‘full’ ageing by heating at 80°C for 2000 min after 
4°, prestrain. 


of time of treatment in wet hydrogen. The approxi- 
mate dissolved solute contents given along the top of 
this figure are based on equilibrium solubility data 
and on electrical resistivity measurements, made on 
untreated specimens and at two intermediate com- 
positions. In the case of the resistivity measurements 
it was assumed that the change in resistivity is 
proportional to the amount of solute segregating 
throughout the ageing process. 

As expected, the sequence of changes illustrated in 
Fig. 10 is essentially the reverse of that observed 
during the development of 
ordinary low-carbon steel. Considering properties in 


strain-ageing in an 


the ‘fully aged’ condition, a reduction of the amount 
of solute the 
immediate reduction in the extent of the increases in 


available for process results in an 
vield stress, in flow stress beyond the yield and in 
At first, however, Liiders 


After a sub- 


ultimate tensile strength. 
strain is insensitive to solute content. 
stantial reduction in the solute content a composition 
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is reached at which strain ageing has no effect on the 
ultimate tensile strength,* and a further reduction 
leads to the elimination of any rise in flow stress due 
to ageing. The composition at this latter point is a 
critical one, for any further reduction in solute 
content leads to a decrease in the Liiders strain shown 
by fully aged specimens. 

Evidently, at this point, the dissolved solute is just 
sufficient to complete atmosphere locking. (Electrical 
resistivity measurements gave the critical composition 
as approximately 0.0005 wt. °, carbon for the 
particular experimental conditions. Calculations based 
on the Cottrell-Bilby equation,” using a value of 
1.5 10°-°°dyne em? for the interaction parameter 
A, gave a dislocation atmosphere density of a little 
over one atom per atom plane at the completion of 
atmosphere locking.) 

Below the critical composition Liiders strain 
becomes sensitive to solute content and decreases in 
step with the change in yield stress on further decar- 
burisation until, finally, strain-ageing is eliminated. 


8. SUMMARY AND CONCLUSIONS 

The picture of strain-ageing in low carbon steels 
suggested by this investigation has the following 
features 

(1) In the early stages of ageing, nitrogen or carbon 
atoms diffuse to free dislocations and are able to 
occupy sites where interaction is strong. Thus 
atmosphere pinning of the dislocations becomes 


progressively more effective during the first stage of 


ageing, causing the vield stress and Liiders strain to 
increase together fairly rapidly. Probably, at this 
stage, there is very little increase in the resistance to 
movement of the dislocations once they have been 
freed from their atmospheres. In moderately de- 
formed, slowly cooled steels the segregation of about 
0.0005-0.001 wt. °, solute is sufficient to complete 
atmosphere locking. Calculations based on the 
Cottrell-Bilby equation suggest that the atmosphere 
density is only 1 or 2 atoms per atom plane at the end 
of this first stage of ageing. 

(2) The lower yield stress of low carbon steels is 
less sensitive to grain size in the strain-aged condition 
than it is in annealed materials. Also the temperature 
dependence of the yield stress in deformed specimens 


shows only a small increase as a result of strain 


* A similar result has been reported by Hundy'®’. 
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ageing. This behaviour results from the proportion- 
ately rather small contribution made by atmospher: 
locking to the lower yield stress in strain-aged steels 
Its underlying cause is possibly the fine scale of the 
dislocation network, which reduces the stress con- 
centration which must be exerted, by dislocation 
‘pile-ups’ at the grain boundaries, in order to unpin 
potential sources in neighbouring grains. 

(3) Segregation of solute to dislocations does not 
stop when atmosphere formation is complete, but sub- 
sequent segregation has little or no effect on the stress 
required to unpin the dislocations. Thus Liiders 
strain is little affected by ageing beyond the end 
of the first stage. Further rises in yield stress are 
due almost entirely to changes in microstructure 
which increase resistance to the movement of free 
dislocations. Almost certainly these changes are 
solute cluster formation or actual precipitation. 
Evidently such local groupings of the segregating 
solute atoms occur only when all dislocation sites 
allowing strong interactions are occupied. In the later 
stages of ageing, continuing segregation causes an 
increase in the steel’s ability to work harden and a 
decrease in its ductility. This is consistent with the 
idea that stable precipitates are formed in the later 


stages of ageing. 
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LETTERS TO THE EDITOR 


Hétérogénéités structurales des couches super- 
ficielles de l’alliage magnétique Mumétal chauffé 
dans l’air* 


Dans une récente publication consacrée a lalliage 
magnétique Fer—Cobalt—Nickel (Permivar) mono- 
cristallin, Heidenreich et al.“) ont mis en évidence une 
relation entre lefficacité du traitement de recuit 
magnétique, d’une part, la teneur en oxygene et la 
structure du cristal, d’autre part. Il apparait qu'une 
teneur minimale en oxygéne est nécessaire pour que 
l'alliage réponde favorablement au traitement. Dans 
ces conditions la structure est caractérisée par un 
aspect macroscopique particulier de la surface attaquée 
et par la présence de trainées (111) sur le diagramme 
de diffraction d’électrons. Les auteurs sont conduits 
& attribuer cette structure A des défauts du réseau 
créés par l’accumulation d’atomes d’oxygeéne dans les 
plans (111), étape intermédiaire entre la solution 
solide idéale pour des concentrations trés minimes 
d’oxygéne, et la séparation d’oxydes de composition 
définie pour les concentrations plus fortes. 

Lors d'une étude métallographique encore en cours 
nous avons eu l’occasion d’observer avec [alliage 
Mumétal (composition Ni : 67°,—Fe : 17°,—Cr 
2°,—Cu : 5°.) des aspects structuraux que nous 
interprétons comme la conséquence de la diffusion de 


l’oxygeéne dans les couches sous-jacentes a la surface. 
mesurant 


échantillons sont des languettes 

3mm _ prélevées dans du ruban d’épaisseur 
0, 23mm qui avait été traité dans l’'atmosphére 
ordinaire 4 1000°C pendant 1| heure, refroidi, puis 
recuit, également A l’air, 6 heures 4 400°C. La surface 
brute de traitement, qui posséde d’ailleurs |’éclat 


métallique, est polie avec la technique du tampon 


Les 


électrolytique®) par périodes successives de 30 


secondes. Connaissant la vitesse de dissolution, de 
lordre de 4 microns/minute, on peut ainsi suivre 
l’évolution de la microstructure 4 divers niveaux de 
l’épaisseur du ruban. Quelques uns des résultats 
obtenus sont reproduits Figs. 1-8. 

Jusqu’a la profondeur de 6 microns environ les 
frontiéres intergranulaires sont marquées par des 
constituants de deux sortes. Les uns de couler noire 
et de forme arrondie, ressemblant 4 des piqtires, se 
raréfient 4 mesure que la distance sous la surface 
augmente. Les autres de teinte gris clair sont des 
plaquettes plus ou moins irréguliéres qui débordent 


ACTA METALLURGICA, VOL. 8, JANUARY 1960 


> 
Nee 


ort 


Fic. 1. Micrographie en fond clair normal; 
Dissolution 6 microns. » 1 000 


le joint fictif sur des distances relativement con- 
sidérables. A Vintérieur des grains et 4 ces mémes 
niveaux, les éléments du premier type sont totalement 
absents. En revanche, on y trouve des plaquettes 
dispersées, leur taille et conséquemment la netteté 
de leurs contours s’affaiblissant en fonction de la 
profondeur. Il est important de souligner que le 
nombre et la taille des plaquettes intragranulaires 
varient d'un grain a un autre et que dans chacun 
d’eux elles sont 4 peu prés alignées selon une seule 
orientation spécifique. Ainsi qu’on peut le voir a mi 
hauteur de la figure 2 le passage d’un joint de macle 
se traduit par le changement de direction prévu pour 
les traces d’une famille de plans cristallographiques 
interceptant la surface examinée. 

Fig. 2 
éléments 
stituant intergranulaire. 


montre aussi vers sa partie inférieure des 


orientés émanant d’un volumineux con- 


2. Micrographie en fond clair normal; 


Dissolution 6 microns. » 2 000. 
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Fic. 3. Micrographie en fond clair normal; 
Dissolution 6 microns. » 2 000. 


Des que l’épaisseur de matiére dissoute atteint 
8 microns environ les frontiéres des grains contiennent 
encore quelques inclusions noijres, mais les hétéro- 
généités transgranulaires ont pratiquement disparu 
(Fig. 4). Cependant, si la surface est observée avec le 
dispositif du contraste interférentiel & deux ondes 
polarisées qui met en évidence des accidents du profil 
pouvant descendre jusqu’aé quelques  dizaines 
d’Angstréms), la matrice de certains grains présente 
les curieux aspects visibles sous fort grossissement 
Fig. 5-8. I] s’agit de bandes, plus ou moins continues 
ou fragmentées mais conservant toujours une orienta- 
tion définie spécifique du grain considéré, et a cet 
égard les cristaux maclés des Figs. 5 et 6 sont tout a 
fait caractéristiques. On observe aussi des bandes 
tres étroites, ou stries, parsemées de quelques points. 
Quelquefois, méme, l’effet de bandes disparait pour 
laisser place a un réseau de trés fines ponctuations, qui 
n’est pas sans suggérer un arrangement de dislocations, 
et semble correspondre au stade visible ultime du 
phénoméne (Fig. 8). 

Lorsque le niveau atteint la cote 12—15 microns 
sous la surface initiale l’état poli parfait est obtenu, 


Fie. 4. Micrographie en fond clair normal; 
Dissolution 8 microns. 1 000. 


Fic. 5. Micrographie en contraste interférentiel 
a deux ondes polarisées; 
Dissolution 8 microns. » 2 000 


c’est a dire qu’il n’est plus possible de révéler de signes 
dhétérogénéités, exception de trés rares et trés 
discrétes ponctuations strictement intergranulaires. 

Les caractéristiques bien connues de la dissolution 
anodique dans les conditions du polissage électroly- 
tique, d’une part, l’aspect, la répartition et |’évolution en 
fonction de la profondeur des trois principaux types 
d’hétérogénéites, d’autre part, conduisent aux inter- 
prétation suivantes. 

(1°) Les éléments noirs arrondis sont des oxydes 
normaux plus ou moins corrodés pendant le polissage. 

(2°) Lorsque leurs contours sont bien délimités, 
c’est a dire dans les régions assez proches de la surface, 
les plaquettes inter- et transgranulaires traduisent 
manifestement une phase toute différente de la 
matrice et qui pourrait étre un oxyde de l'un des 
composants de lalliage. Ce caractére de phase 
s’estompe dans les couches plus profondes, et, en 
tout cas, il devient problématique pour les plus petits 
éléments a la limite du pouvoir de résolution. 

(3°) Il n’est plus possible d’attribuer le caractére de 
phase, pris dans son sens habituel, aux bandes, stries 


Fic. 6. Micrographie en contraste interférentiel 
a deux ondes polarisées; 
Dissolution 8 microns. 2 O00. 
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Fic. 7. Micrographie en contraste interférentiel 
a deux ondes polarisées; 
Dissolution 8 microns. 2 000. 


et micro ponctuations qui remplacent, loin sous la 
surface, les constituants précédents tout en conservant 
le critére d'orientation. 

Les différences de niveau extrément minimes, 
conséquences de vitesses de dissolution anodique 
variables d'une région une autre méme grain, 
et que seule révéle le contraste interférentiel, sont 
assez comparables a celles montrées par la surface 
polie électrolytiquement d’une solution solide de 
deux métaux présentant de notables fluctuations de 
concentration en atomes du soluté. Toutefois, a 
notre connaissance, on n'a jamais observé encore a 
échelle du microscope optique des hétérogénéités de 
concentration de solution métallique en relation 
aussi flagrante avec le réseau cristallographique du 
grain. C'est pourquoi lhypothese qui ferait intervenir 
un appauvrissement par diffusion centrifuge des 
atomes de |’élément le plus oxydable ne parait pas 
devoir étre retenue. Un autre argument contre cette 
hypothése est le fait qui ressort de la comparaison des 
Figs. 2 et 3 avec les Figs. 5-8. a savoir que les 


plaquettes bien formées ne couvrent qu'une fraction 


Fic. 8. Micrographie en contraste interférentiel 
a deux ondes polarisées; 
Dissolution 8 microns. 2 000. 


de la surface du grain, alors qu’au contraire les stries 
et les bandes s’étendent, lorsqu’elles existent, sur la 
superficie entiére. Bien que la preuve formelle n’en 
soit pas encore apportée, nous pensons que les grains 
dans lesquels se développe cette sous-structure 
spéciale sont ceux qui au stade de dissolution antérieur 
ne contenaient pas de plaquettes volumineuses et 
bien formées, mais une précipitation dispersée (par 
exemple la portion du grain en bas et a droite sur la 
Fig. 2). De telles différences traduisent des vitesses 
de diffusion de l’oxygéne dans le cristal trés variables 
selon lorientation de celui-ci et il est & présumer que 
la sous structure en question se manifestera quand la 
concentration en oxygeéne est insuffisante pour former 
une quantité appréciable d’oxydes. 

Finalement, pour expliquer cette structure nouvelle 
nous sommes conduit a admettre que létat sous 
lequel se trouve loxygéne est intermédiaire entre la 
solution solide vraie et la séparation d'une phase 
oxyde de composition stoechiométrique. Cette inter- 
prétation rejoint done celle de Heidenreich et de ses 
collaborateurs qui considérent des défauts du réseau 
provoqués par l'accumulation d’atomes d’oxygene 
dans les plans (I11). Or, précisément, les micro- 
graphies Figs. 5-8 nous paraissent typiques de 
défauts ou imperfections de ce genre, reconnues par 
les auteurs mentionnés d'une maniére peut étre moins 
directe mais néamoins fort convaincante. Bien 
entendu, il est possible, sinon tres probable, que la 
technique métallographique employée ici ne détecte 
que les défauts les plus accentués. Toutefois nos 
micrographies optiques Figs. 7 et 8 ne sont pas 
tellement différentes de image électronique Fig. 4 
du mémoire référence (1). 

Pour terminer nous voudrions faire un rapproche- 
ment qui nous parait simposer entre les résultats 
décrits ci-dessus et les observations de Moreau et 
Bénard relatives aux aspects morphologiques de 
loxydation superficielle des alliages fer-chrome et 
nickel-chrome dans des milieux entrémement dilués en 
oxygene (atmosphéres H,O—H,).“** Sans entrer dans 
les détails on ne peut s‘empécher de remarquer 
l'analogie, pour ne pas dire la similitude, de la Fig. 2 
ci-contre avec la Fig. 5 du mémoire référence (4) 
montrant les germes d’oxydes orientées sur la surface 
d’un alliage Ni-Cr : 4,6°, 


ressemblance entre nos Figs. 5-8 et les stries trans- 


Il existe également une 


granulaires paralléles & une famille de plans (111), 
caractérisant le profil d’équilibre décrites par les 
auteurs précités, et dont la genése ferait intervenir un 
processus de chemisorption, d’ailleurs réversible, des 
atomes d’oxygeéne. 

Ainsi, au moins d’un point de vue strictement 
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morphologique, et dans la mesure qu’autorise le 
rapprochement de résultats tirés d’alliages de com- 
positions non identiques, les phénoménes qui se 
déroulent sous la surface exposée 4 un milieu riche en 
oxygene ne seraient pas essentiellement différents de 
ceux qui se localisent sur cette surface lorsque le milieu 
est, au contraire, trés pauvre en oxygéne. 

La relation éventuelle entre les deux cas particuliers 
du profil d’équilibre de la surface et dela sous-structure 
interne en bandes et en stries mériterait de faire 
Vobjet d’expériences systématiques, car lhypothése 
de la chemisorption pour le premier n’exclue pas les 
défauts dans le réseau qui expliquent le second. 

Notons, enfin, lintérét du tampon électrolytique 
dans des recherches de ce genre impliquant la 
dissolution lente et progressive des couches super- 
ficielles. Ce moyen est d’ailleurs déja utilisé pour la 
détermination spectrographique de l’appauvrissement 
en composants mineurs au cours de loxydation 
prolongée et a haute température d/alliages com- 
plexes.“ 

P. A. JACQUET 
75, Rue Jeanne-D Arc 
Saint- Mande (Seine) Dau 
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Effect of vacancy condensation on the corrosion 
susceptibility of subgrain boundaries 
in aluminum* 


Rapid and_ selective corrosion along subgrain 
boundaries in high-purity aluminum cooled at an 
intermediate rate from elevated temperatures can be 
produced by exposure to hydrochloric acid of approp- 
riate composition.”;?) Explanation of the unusual 
corrosion susceptibility in terms of atmospheres of 
impurities seems unsatisfactory. The possibility that 
the susceptibility is a result of the condensation of 
lattice vacancies on the sub-boundaries during cooling 
has been investigated by comparing an etch pattern 
with the pattern, described recently by Doherty and 
Davis, of surface pits formed under the oxide film 
by the condensation of vacancies. 
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It may first be noted that the sub-boundary etch 
pattern in aluminum produced by Lacombe’s aqua 
regia plus hydrofluoric acid reagent has been shown to 
be strongly dependent on the distribution of impuri- 
ties.(4,5) 


boundaries in hydrochloric acid also depends on 


The rapid corrosion of high-angle grain 


2) 


impurities. 
sub-boundary susceptibility in hydrochloric acid is 


There are several reasons why high 


not ascribed to impurity Cottrell atmospheres. For 
one thing, the susceptibility is low after slow cooling 
and greatest after cooling at a fairly high rate‘? 
(present practice involves cooling a 1} mm sheet in a 
stream of air from a temperature in the range 550°- 
645°C). For another, this cooling rate seems too high 
to permit formation of the relatively concentrated 
atmosphere presumed to be necessary.”) For the 
purpose of estimating this, it is supposed that an 
atomic concentration of roughly 0.05 extending for 
the three atom layers on each side of the boundary is 
required. The total atomic solute concentration in 
these studies is 10~4 or less so that, even if most of the 
solutes present participate and have interaction 
energies with the boundary of 0.3 eV, the atmosphere 
will be much too dilute, even at equilibrium, except 
below, say, 350°C. The boundary must drain more 
than 10% atom layers so that the product of diffusion 
coefficient and time must be greater than 10~° for the 
postulated atmosphere to form. The volume chemical 
diffusion coefficient, for the solute given in Nowick’s 
estimates’ which has the highest diffusion rate in 
aluminum, is 1O-™ em?/see at 350°C and 10~!? at 300°C 
(these figures agree with recent data for 0.0°, Zn). 
Since the sub-boundary corrosion can be produced in 
300°C 


in less than 15 sec, it can be produced in specimens 


specimens which cool through the range 350 


which would have, on a generous estimate, sub- 
boundary Cottrell atmospheres substantially more 
dilute than supposed necessary. The excess vacancies 
present during cooling cannot enhance solute atom 
diffusion to boundaries, since Doherty and Davis’ 
observations show that the excess vacancies them- 
selves migrate to the boundaries. The third objection 
to the impurity atmosphere hypothesis is that sub- 
boundary corrosion at about the same rate has been 
observed in five lots of aluminum from 99.97 to 
99.996%,, 
crystals grown from the melt, where solute content 
would differ because of its redistribution during 


and has been observed in both ends of 


solidification. 

The vacancy condensation hypothesis was tested on 
a 14x 10 « 100 mm crystal of approximately (122) 
[212] orientation of 99.99 + °, aluminum (0.004°,, Fe, 
0.002°,, Cu, 0.0007°, Si, 0.0001°,, Na, <0.0002°,, for 


VOL. R 
8 
1960 


CTA METALLURGICA, VOL. 8, 1960 


2 


~ 


Fic. 1. Region including a lineage boundary 
in unbent portion of crystal. 500, 


(a) As air-cooled from 645°C showing vacancy 
condensation pits. Fine lines are believed to be 
cracks in the oxide film. Dark field illumination. 


(b) Structure of the same field after subsequently 
electropolishing and etching anodically. Vertical 
illumination. 


Mg. Mn. Ca). It was electropolished, bent over part 
of its length to a 5 em radius, and studies made of the 
flat portion and the first part of the bent portion after 
annealing in air at 645°C for 48 hr and cooling in a 
stream of air. Figs. 1 and 2 show the condensation 
pits observed on the previously electropolished surface 
after cooling from the anneal, together with the 
structure obtained after again electropolishing and 
then etching anodically in 12°,, hydrochloric acid for 
8 hr at 0.05 mA/em?. Anodic etching was desirable in 
the present case since it gives essentially the same 
behavior and is capable of much closer control than 
the straight chemical methods involving hydrochloric 
acid. The condensation pit pattern in Fig. la near a 
wandering lineage boundary (about 5’ tilt) shows the 
distributed pits formed by vacancies piped to the 
surface along dislocations which have gathered more 


than they can absorb,t and the depleted zone from 
which the boundary has drained vacancies and ab- 
sorbed them. The etched surface (Fig. 1b) also shows 
distributed pits (flat-bottomed and not deeper than 


}u) and a depleted zone; however the boundary itself 


is now visible as an etched groove (about 3 deep). It 
is to be noted that the etching was conducted under 
continuous microscopic examination and the pit 
density is known to have been changing slowly, if at 
all, with time when the etching was terminated to 
avoid excessive impingement of the pits on one another. 
In both Figs. la and 1b, the pit density is about 1 « 107 
em~? and the total width of the depleted zone about 
20u. This comparison suggests that dislocations and 
dislocation boundaries on which vacancies have con- 
densed have enhanced corrosion susceptibility under 
the conditions employed and provide sites at which 
attack is initiated. In the case of the boundary, where 
the dislocation density is high, attack penetrates 
faster than it spreads out from the narrow zone in 
which it starts. 

Fig. 2 shows the similarity of condensation and etch 
pit patterns for a variety of boundaries (the orientation 
differences determined from Schulz X-ray photographs 
are 5'-6’ for the lineage boundaries on the left and 
2’-5' for the long polygonization boundaries on the 
right). There is as expected some variation in the 
character of the depleted zone and the depth of the 
etched groove (not visible at this magnification) from 
one boundary to another. The polygonization bound- 
aries appear as more or less continuous grooves on the 
side surface as well as on the face. 

Where the boundaries are near one another, they 
would be expected to compete for vacancies and have 
lower susceptibility. This was noted in some of the 
areas in Fig. 2b; studies on other specimens indicate 
that it depends somewhat on the character or orien- 
tation difference of the boundary, but boundaries much 
closer than the 20u width of the depleted zone ob- 
served here always have distinctly lower susceptibility. 
A behavior comparable to that of the matrix would 
be expected in boundaries of sufficiently low orien- 
tation difference—a simple 1’ tilt boundary has a 
dislocation concentration only a few times more than 
the value for the distributed dislocations deduced 
from the pit density in Fig. 1. A number of segments 
of what are believed to be such low orientation 
difference boundaries are visible in Fig. 1b. 

The most likely explanation for the higher corrosion 
rate at dislocations in these studies is believed to be 


+ This view of the mechanism of pit formation differs from 
the one given in reference 3. 
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Fic. 2. 


Transition region from the unbent to the 
polygonized zone. Oblique illumination. 30. 


(a) As air cooled from 645°C. 


(b) After electropolishing and etching anodically. 


broadly as follows, along lines suggested by the work 
of Pryor“), The aluminum exposed to the acid is soon 
protected by a very thin film of low ionic and elec- 
tronic conductivity, so that the corrosion rate is quite 
low except where dislocations or impurities in the 
metal make it easier to form lattice defects in the film 


and there is thus some slow attack. Edge dislocation 
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lines on which vacancies have condensed have high 


densities; when the slowly corroding surface arrives at 
a jog, a defect is injected into the film, e.g. when thi 
jog is at the layer just below the surface of the meta! 
it will be destroyed by the movement of one atom 
from one surface site to an adjacent one. Continued 
rapid attack will occur if the enhanced local corrosion 
due to increased local film conductivity progresses to 
the next jog before the effect of the additional con- 
ductivity is lost. Vacancies or vacancy pairs associated 
with screw dislocations would have the same effect. 
The vacancy concentration at sufficiently elevated 
temperatures is more than enough to produce high jog 
densities even if some are piped to the surface: a 
10-8, for 


equivalent to several vacancies per site along the 


vacancy concentration of example, is 
dislocation lines at a dislocation density of 108 em~?. 

The sub-boundary corrosion susceptibility in 99.98°,, 
aluminum water-quenched from 600°C is low”:®) and 
has been observed to remain so after aging 4 years at 
room temperature. This is not inconsistent with the 
fact that relaxation times of days or less are associ- 
ated with effects on the plastic properties of aluminum 
the 
plastic properties will be responsive to the formation 


quenched and aged at room temperature'?-!® 
of only a small number of jogs. The vacancies in 
quenched specimens would be expected to be largely 
tied up at impurity traps” or as sheets which have 
collapsed to form small dislocation loops.?) It is 
noteworthy that the sub-boundary susceptibility in 
specimens water-quenched from 600°C and reheated 
for 4 hr periods was restored by reheating to 300°C 
but not below this temperature'?’—this is in accord 
with the view that most of the vacancies in the as- 
quenched state were strongly bound at locations 
other than pre-existing dislocations and dislocation 
boundaries. Sub-boundary etching after aging at 
room temperature has been observed in aluminum 
zinc alloys air cooled from elevated temperatures.(13.14) 
Since the change in etching behavior occurs in as low 
as 15 min for the 12°, zine alloy and since the room- 
temperature interdiffusion coefficient estimated from 
recent data™ is only 10~-1® cm?/see for this alloy, the 
the 
formation of zinc atmospheres unless atomic diffusion 


change in etching behavior cannot represent 
is enhanced by excess vacancies. A large excess of 
vacancies can apparently be trapped in the lattice at 
room temperature in these alloys.“ In this case it 
appears possible that vacancies freed from their traps 
may significantly enhance atomic diffusion before they 
are annihilated at dislocations, so that it is not clear 


whether the change in sub-boundary etching behavior 


associated with zinc atmospheres or vacancy— 
dislocation interactions. 
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On the kinetics of irreversible 
hydrogen embrittlement* 
Lrons and steels subjected to a pressurized hydrogen 
environment at elevated temperatures for sufficient 
periods of time are susceptible to a permanent em- 


brittlement manifested as intergranular fractures 
accompanied by reduced ductility and strength pro- 
perties.1-# This phenomenon has been termed 


“hydrogen attack’’. It is differentiated from the usual 
hydrogen embrittlement by the fact that the latter 
is a reversible type of phenomenon while hydrogen 
attack is irreversible in that original ductility cannot 
be restored by a low temperature anneal. Hydrogen 
attack has generally been thought to be due to the 
chemical reaction of hydrogen and carbides (internal 
decarburization) at the grain boundaries, resulting in 
methane whose pressure builds up causing localized 
grain boundary fissuring and thus giving rise to 
deterioration of the material. Since this model fails 
satisfactorily to explain many observations of this 
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phenomenon, a fundamental investigation on irre- 
versible hydrogen embrittlement has been undertaken 
to obtain sufficient accurate knowledge of the effect 
Although 


this study is still in progress, the experimental results 


in order to derive a suitable mechanism. 


describing the kinetics of hydrogen attack appear 
sufficiently significant to be presented immediately, 
since no quantitative data of this kind have pre- 
viously been reported. 

The data which are to be presented were obtained 
on a killed to a 
hydrogen pressure of 700 |b/in?. Subsequent to ex- 


low-carbon, steel subjected 
posure at the desired temperature and for the desired 
length of time, the specimens were baked at about 
400°F (205°C) in a nitrogen atmosphere to remove 
residual hydrogen, and thus eliminate any cause of 
reversible hydrogen embrittlement. Hydrogen attack 
is defined here as the per cent loss in reduction of area, 
and was measured on miniature round tensile speci- 
mens (0.090 in. diameter, 0.5 in. gauge length) tested 
at room temperature in an Instron testing machine 
at a cross head speed of 0.5 in./min. 

Fig. 1 presents per cent hydrogen attack vs. 
exposure time curves at 800°, 900°, 1000", and 1100°F 
(427°, 482°, 538°, and 593°C) respectively; each point 
represents a mean value obtained from three or four 
specimens. The curves all have the same shape and 
each can be considered to be made up of four seg- 
ments, namely: (1) an incubation time, f), before 
which no permanent embrittlement occurs, as detected 
by the criterion selected; (2) an “‘instantaneous”’ 
steep rate of attack overa short time interval, of 2-4 hr, 
in which the material rapidly proceeds to an advanced 
stage of embrittlement: (3) a decreasing transient 
rate; and finally (4) a low steady-state rate of attack. 
Whether or not this same kinetic pattern occurs for 
all materials and all types of exposure conditions has 


still to be determined. 
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Fic. 2. vs. at 700 Ib/in? H, pressure. 


From Fig. 1, it is clearly seen that up to 1000°F the 


effect of exposure temperature, 7',, on the kinetics 
of hydrogen attack is primarily manifested as a 
pronounced effect on fy. The data observed at 1100°F 
suggest that above about 1000°F another process is 
coming into play and acting in a direction opposite to 
that of the rate controlling process operating below 
this temperature. While no definite effects of 7, 
were observed on the attack rates, there are insuffi- 
cient data definitely to establish this as a conclusion. 
In any event, if 7’, does have some effect on these 
rates, it must be small over the temperature range 
studied and much less than its effect on ¢). 

In addition to the deterioration of ductility, 
strength properties are also affected. Both tensile and 
vield strengths decrease concomitantly with ductility 
as exposure time is increased at any of the tempera- 
tures investigated. The percentage decrease of both 
is approximately 33 per cent. Since internal decar- 
burization is accompanying hydrogen attack, a 
portion of this decrease is probably due directly to 
the loss of carbon content from the steel. 

A plot of Infy vs. 1/7, (7, in °K), results in a 
“C” type curve as seen in Fig. 2; however, up to 
1000°F a straight line relationship holds which can be 
written mathematically as: 


t, = Aexp(Q/RT,) = 3.78 x 10-3 
< exp (14,600/RT',) 


(Py, = 700 Ib/in?) 


where 7’, is exposure temperature in degrees Kelvin 
and A, Q and F# are constants, the latter being the 
gas constant. Although it may be premature to 
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interpret @ as an activation energy, the value of 
14,600 cal/mole rules out the simple diffusion of car- 
bon® or hydrogen‘ in iron acting as the rate 
controlling process at temperatures up to LOOO°F, 
The influence of changes in hydrogen pressure on this 
value is still to be determined. 
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Entropy of long range order in Cu,Au 
and Ni,Fe * 


It is known from statistical mechanics” that the 


entropy is given by equation 
S = k log q(s) (1) 


Here & is Boltzmann’s constant, s the long range order 
parameter, and g(s) the number of ways of arranging 
N atoms over the lattice in a way consistent with a 
given value of s. In this formula the short range order 
parameter of atoms, ao, has been neglected. 

In a previous paper? the authors investigated the 
entropy of long range order in the case of /-brass by 
using certain combinatory number experi- 
mental specific heats. 

In the work now to be reported an analogous 
investigation has been carried out for the binary 
metallic alloys Cu,Au and Ni,Fe. For that purpose 
the combinatory number (cf e.g. Fowler and Guggen- 
heim™)) was used, giving 
N 
g(s) (2) 


1,8) L r,s) rr, (1 $s) 


a 


rs) |’ (rT) 


Here N is the total number of atoms of the system 
(Avogadro’s number in the case of one mole), and r, 
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and 7, are the atomic fractions of the components 

We find from equations (1) and (2) that the change 
of entropy corresponding to the values of s,; and s, at 
temperatures 7’, and 7, (7, > T,). respectively, can 


be obtained from equation 


AS 


+ 


| r,( (Tp - 


[r, (7, + 


(3) 

where R stands for the gas constant. 
On the other hand, the change of entropy corre- 
sponding to the same temperature difference can be 
determined by carrying out the following integration: 


( 


AS 


(4) 


Here c|s(7')| denotes the configurational contribution 
to the specific heat of the system, and 7' the absolute 
temperature. If the quantities s and c[s(7’)| are 
known as functions of temperature, the entropy of 
long range order, AS, can be calculated from (3) and 
(4). The influence of the short range order of atoms 
on the entropy has of course been neglected. 

In the cases of Cu,Au and Ni,Fe we calculated 
numerical values for the entropy of long range order 
which corresponded to the temperature ranges 
250°-380°C and 115°-525°C, respectively. Both 
experimental and theoretical values of s were used 
for the determination of AS in the case of Cu,Au. 
For Ni,Fe the quantity AS was determined only by 
means of the theoretical values of s because of the 
lack of suitable experimental data. 


TABLE 1 


AS values 
(cal/g degree) 


Cu,Au Ni,Fe 


Sexp 0.0039 0.0036 
AS tneor 0.0013 0.0014 
AS" sneor 0.0021 0.0030 
AS® sneor 0.0016 — 
ineor 0.0011 


The results are given in Table 1. By using the 


experimental specific heat curve determined by 
Sykes and Jones) for Cu,Au, the changes in the 
total and the vibrational entropies, AS;o; and ASyipr 
respectively, were integrated separately. In this way, 
we obtained the difference 


ASexp AStot ~ ASvinr, 


which represents the entropy of long range order. 
On the other hand, the quantity AS tneor was caleu- 
lated from equation (3) by substituting for s the 
experimental values of Wilchinsky®). The quantities 
AS® neor, AS tneor. and AS™ neor were determined 
from the same equation by using theoretical values of s 
which were calculated by Cowley‘® by different 
approximate methods. In the case of Ni,Fe we used 
the experimental specific heat curve determined by 
Kaya and Nakayama‘. However, the values of s 
had to be computed by means of the two approxi- 
mations appearing in Cowley’s paper.‘® 

It can be seen from Table 1 that in both cases the 
values of entropy based on the combinatory number 
(2) are somewhat smaller than those obtained from 
the experimental specific heat curves. However, 
the agreement can be regarded as quite good. The 
theoretical values of entropy are in good agreement 
with each other. Thus, it may be concluded that the 
combinatory number (2) gives a rather good approxi- 
mation for the entropy of long range order in the 
cases of Cu,Au and Ni,Fe. 

In explanation of the difference between ASexp and 
AStneor. the approximate nature of g(s) and the 
possible errors in the experimental specific heats may 


be mentioned. 


The authors wish to thank Mr. M. Muhonen for his 
help in the numerical calculations. 
V. Hovi 


Wihuri Physical Laboratory K. MANSIKKA 


University of Turku 


Turku, Finland 


References 


D. TER Haar, Elements of Statistical Mechanics (1st Ed.), 
p. 258, Rinehart, New York (1954). 

2. V. Hovr and K. Mawnsirxkxka, Ann. Univ. Turkuensis 
AI, No. 35 (1959). 

. R. H. Fowter and E. A. GUGGENHEIM, Statistical Thermo- 
dynamics (3rd Ed), p. 598, Cambridge University Press 
(1952). 

C. Sykes and F. W. Jones, Proc. Roy. Soc. A157, 213 
(1936). 

5. Z. W. Witcuinsky, J. App. Phys. 15, 806 (1944). 

3. J. M. Cowiry, Phys. Rev. 77, 669 (1950). 

7. S. Kaya and M. Nakayama, Z. Phys. 112, 420 (1939). 


* Received September 8, 1959. 


= 
2 
+ | rr, (1 Sy) |°" 
— 
ir ryS1)| (Ta 
VO 
19 
; 


LETTERS 


A discussion of “self-diffusion and inter- 
diffusion in gold_nickel alloys” 
A correlation with absolute rate theory* 


Fisher et al. derived from absolute rate theory the 


following expression for the self-diffusion coefficient of 


a component in a homogeneous alloy: 


D 


+ (din y,/d 


AF°/RT), (1) 


exp ( 


where x is the number of paths of jump distance y, in 
either the forward or reverse direction, v,* is the 
frequency of passage of an activated complex across 
the free energy barrier, y; and y,* are the activity 
coefficients of the normal and activated species, c, is the 
concentration of the ith species, R is gas constant, 7’ is 
absolute temperature, and AF,” is the free energy 
difference between normal and activated species 7 in 
the standard state of infinite dilution of activated 
species in pure species 7. At the time Fisher et al. 
developed equation (1), radioactive tracer techniques 
for determining self-diffusion coefficients in alloys were 
not available, so they made special assumptions about 
y,* in order to compare equation (1) with experiment. 
Making such assumptions about y,;* is now un- 
necessary as will be shown in the following. 

Combining equation (1) with the Darken®) equation 
for chemical diffusion in a binary system, 


N,D>, (2) 


R 


(cm?/sec 


Nau 


100) 10°) 


O10 

5 O.017 9.2 486 
10 0.030 5.9 177 
15 0.048 4.2 79 
20 0.080 3.2 36 
25 0.12 2.6 19 
30 0.19 2.2 10 
35 0.28 1.9; 6 
40 0.42 1.7, 3. 
45 0.58 1.6, 2 
50 0.75 1.4, 
55 0.90 
60 1.06 1.3, ] 
65 1.18 0 
70 1.30 0 
75 1.32 0 
80 1.35 1.0, 0. 
85 1.32 0. 
90 1.25 1.0, 0. 
95 1.10 1.0, 0 

1. 


TO 


TABLE 1. Compilation of activity coefficients of activated species, 
nickel-gold, 900°C. 


* Pure solvent is taken as the standard state for normal species: 
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one obtains 


D=[l (d In y,/d In e,)] 
(3) 
where D, and D,° are the diffusion coefticients 


relating to standard state conditions and have the 
form 


D 


exp (—AF,"/RT). (4) 

In order to retain a general form, one may accept 
equations (1) and (3). However, to facilitate com- 
parison with experimental data, it is necessary to 
evaluate y,* and AF,” by independent means. Since 
this is not possible at the present time, it is expedient 
to include both factors together. i.e., place y,;* in the 
exponential. y,* formally expresses the effect of 
composition on the environment of the activated 
solute (including concentration and distribution of 
vacancies in diffusion by the vacancy mechanism). 
ok 


is not unity, even though the concentration of 
activated complexes is very low, because the standard 
state of activated species refers to infinite dilution in 
the 


ponential provides the means by which variation of 


pure normal species. Inclusion of in eXx- 


‘ 
the free energy of activation AF,* with solute con- 


centration may be expressed. 
Thus, 


D, = {1 + (d In y,/d Ine;)] 


exp (—AF,*/RT). (5) 


D§ (em? 


sec 


0.06 L.00 
0.4 1.0, 0.15 
1.2 1.0, 0.05 
2.5 0.02, 
4.8 O.0O1, 
8.2 13. 0.008, 
13 1.2, 0.006, 
2 19 1.3, 0.004, 
7 28 1.4, 0.0031; 
5 36 1.5 0.0026, 
50 1.6, O.00L9, 
A 62 1.8 0.0017, 
le 78 2.0 0.0015, 
95 92 2.1 0.0013, 
.82 105 $4 0.0013. 
79 114 3.7 0.0014, 
73 120 3.2 0.0015 
72 120 3.9 0.0019 
74 115 4.8 0.0025 
83 105 12 0.0041 
90 Ss. 0.0053 


infinite dilution of activated 


Au in pure Au and of activated N, in pure N, are vaken as standard states for activated species. 
\ I 4 1 of activated N, in 7 V;, are val tandard states f tivated sj 


Also D,, = 9 10-19 em?/sec, and Dy; 6 


from reference (1); activity data from reference (4). 


Diffusion data were taken 
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Considering equation (3) it is apparent that the self 
(radioactive) diffusion coefficient in a homogeneous 
alloy, 


D? = (y;/7;*)D?. (6) 


includes the activity coefficient terms. Thus, since 
B, D,®/RT,. the mobility terms in the Darken 
equations are functions of the activity coefficients. It 
is evident that, accepting equation (6), the phenomeno- 
logical treatment") of diffusion is consistent with the 
absolute rate theory. 

Equation (6) may be used to determine »,* from 
experimental data on D,“ and y, as a function of N,. 
The results of such a computation are presented in 
Table 1. The diffusion data for the system nickel- 
gold were taken from Reynolds ef a/.“), and the 
activity coefficients were taken from the work of 
Seigle et al... It is felt that the resulting values for 
y,* are reasonable in view of the following qualitative 
arguments. As the 
creased, the activated gold atom 
compact lattice, and also the equilibrium concen- 


concentration of nickel is in- 


“sees” a more 
tration of vacancies should decrease. Accordingly, it 
is reasonable to expect y,,,* to become large in the 
nickel-rich regions as is observed in Table 1. By 
similar reasoning one would expect y,;* to become 
small in the gold-rich solutions.t 

Hence in this case, absolute rate theory gives a 
plausible rationalization of the results of diffusion 


measurements in the system gold—nickel. 


Metals Research Laboratory R. W. ARMSTRONG 
Carnegie Institute of Technology J.P. 
Pittsburgh 13, Pennsylvania G. M. Pounp 


References 


.J. E. Reynoups, B. L. AVERBACH and M. CoHEN, Acta, 
Met., §, 29 (1957). 

2. J. C. Fisuer. J. H. Hottomon, and D. Trans. 
Amer. Inst. Min. (Metall.) Engrs. 175, 202 (1948). 

.L. S. DarKEN. Trans. Amer. Inst. Min. (Metall.) Engrs. 
175, 184 (1948). 

. L. L. Sereie, M. CoHEN and B. L. AVERBACH, Trans. Amer. 
Inst. Min. (Metall.) Engrs. 194, 1320 (1952). 


* This work was supported by the U.S. Office of Naval 
Research. Received July 31, 1959; revised version October 
22, 1959. 

+ In this qualitative argument 
between solute atoms and vacancies are ignored. 


non-ideal interactions 


Interstitial atoms in cold worked aluminum* 


This question arose when it was found here that 
cold drawn Al wires (0.3 mm in diameter, above 90 
per cent cold reduction) have a slightly higher density 
than the same wires recrystallized at 250°C for 15 min 
in vacuum (Al from the Aluminum Company of 


America, —99.99°,, pure). Although there is some 
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evidence that the density of cold worked metals is 
lower than that of recrystallized ones,“:?) there are 
also measurements showing no effect or the opposite 
behaviour. Such metals are, according to Tam- 
mann”), Sn, Cu, Cd, Ag, Au, and there is confirmation 
by others Ag™ and other metals®:®)). Micro- 
crack formation may be responsible for the lower 
density of cold worked metals.(7—!) 

As density measurements") alone do not reveal the 
actual conditions in a crystalline lattice, precision 
lattice constant determinations”® of cold drawn and 
recrystallized Al wires were also made. In such a case, 
n’, the actual number of atoms per unit cell can be 
calculated from 

vd N/A 


where v is the volume of the unit cell, d the density, 
NV, Avogadro’s number“ and 4 the atomic weight of 
Al. If n’ 
unit cell, excess atoms are present in the metal; if 
the lattice is sound, and if n’ < n, vacant 
For comparison, 7’ 


-n, n being the ideal number of atoms per 


n’ = Wl, 
sites are predominant. 
crystallized zone-refined Al (AIAG, Switzerland) was 
The summarized in 


of re- 


also determined. results are 


Table 1. 

The first line of the table shows that the lattice of 
the zone-refined Al is sound because the deviation 
n’ —n = 0.00041 is within the 
(+0.00044, calculated from error propagation). On 
the other hand the 99.99°,, Al contains excess atoms, 


limits of error 


as n’ — n is completely outside the error span. How- 
ever, the increased density can be explained by higher 
density segregations, observed e.g. by Cuff and Grant 
in such a metal.?*) There is no such explanation for 


the cold worked metal (3rd line of the table) and, at 


present, we have to assume, there are interstitial 


atoms at a concentration of at least 4 atoms per 1000 
unit cells. These atoms are forced into interstitial 
positions during cold work and may be called arresting 
or blocking dislocations, because they resist the pro- 
cess of slipping, causing the strain hardening of the 
metal. At low temperatures these interstitial atoms 
do not move but leave their positions for the regular 
ones upon reception of some energy, e.g. in the form 
of heat (recovery of Al), decreasing the density of 
the metal. 

Thus, according to this concept the cold worked 
metal consists of fibers or tractions of higher density 
strain-hardened metal (due to presence of interstitial 
atoms) and of micro cracks or fissures, which may or 
may not, depending on various obstacles, outbalance 


The 


fissures close at higher temperatures causing a density 


the density increase induced by cold work. 
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TABLE 
1073; A 


6.02368 


de, 
Al (g 


2.69808 
0.000094 


99.9998 recryst. 


2.6993 
0.00052 


+ 99.99 recryst. 


2.7004 


99.99 cold dr. 


s from 8 determ. 

** < from 6 determ. 
lla in the direction of wire axis 
1 @ perpendicular to the axis 


increase of the metal. This concept of strain hardening 
is in agreement with the views of Schmid@® and 
Boas”), 

The present investigation was sponsored by the 
National the contract 


G-2585. 


Science Foundation under 


University of Missouri M. E. STRAUMANIS 
School of Mines and Metallurgy T. Esta 
Rolla, Missouri 
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26.98: for the 99.99% Al 


+ Standard deviation s from 12 determin. 


EDITOR 


n’ of recrystallized and of hard Al wires 
26.98015; v a’, d anda at 


25°C, 


, 


(A) (atoms/unit cell) 


4.04958 4.00041 


0.00003 


4.0019 


4.04947 
0.00004 


4.04944 Il 4.0040 


4.04963 | 
0.00004 


On the growth of germanium dendrites* 


Billig” reported on the growth of plate-like dend- 
rites of germanium by pulling from a seeded super- 
cooled melt. The faces were parallel to {111!, and 
the pulling direction was [112]. Later, Billig and 
Holmes reported that every such dendrite contained 
a thin lamella bounded by twin planes parallel to the 
main faces of the dendrite. To date, 
presence of the lamella nor its connection with the 


neither the 


growth of the dendrite has been satisfactorily ex- 
plained. 

We show here that growth of germanium crystals 
in contact with a supercooled melt can be either slow 
(polyhedral) or very rapid (dendritic) depending on 
the crystallographic nature of the seed. We propose 
a mechanism for the dendritic? growth process and 
present experimental evidence for it. The essence of 
the mechanism is that the two twin planes which 
bound the lamella produce in the sides of the growing 
dendrite a self-perpetuating system of grooves in 
If only 


one, or no, twin plane is present, growth will be slow 


which nucleation and growth occur readily. 


and polyhedral. 
We assume the following: 

(1) The rate of growth of a germanium single crystal 
in a supercooled melt is limited by the rate of surface 
nucleation on the {111} faces. Thus, a growing 
germanium crystal will be completely bounded by 
its slowly growing {111} faces (polyhedral growth). 
If such a crystal contains a coherent twin plane, there 


will be either a groove or a ridge, bounded by {111} 


+ We use the term “‘dendritic’ for convenience, although 
the growth mechanism described here differs from that of 


conventional dendrites. 
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[121] 


TWIN 
PLANE 


(111) 


Fic. 1. Germanium platelet containing one 
twin plane parallel to (111) of Part A. 


faces, where the twin plane intersects the growing 
surface of the crystal. 

(2) Growth is rapid at a groove, because nucleation 
occurs readily in the step at the center line of the 
groove, and atom layers rapidly spread over the 
entire faces of the groove. Growth is slow on the 
planes that form a ridge because it is limited by the 
rate of surface nucleation. 

We first show that a germanium platelet bounded 
by {111} faces and containing only one twin plane 
does not continue to grow rapidly. As shown in Fig. 1 
the twin plane is parallel to the (111) plane of upper 
part 4 of the platelet. At the intersection of the twin 
plane with the external surface, grooves of angle 141 
and ridges of angle 219° are formed by the {111} 
planes of parts A and B. 

During crystal growth, atom layers nucleated at 
the center line of a groove rapidly cover the groove 
faces only, causing a rapid net growth normal to the 
groove. On the other hand, growth outside the 
grooves is slow because it is controlled by surface 
nucleation on the {111} planes. As growth proceeds, 
the ridges of the hexagonal platelet become longer at 
the expense of the grooves, until finally the platelet 
assumes a triangular shape, bounded on its sides 
entirely by ridges. Further growth will be polyhedral. 

To confirm this experimentally, seed crystals of 
germanium, containing one twin plane parallel to 
(111), were prepared having external faces parallel to 
(111) and (101). A seed crystal was brought in contact 
with a 60g melt with either a [121] or [121] direction 


[i27] 


vertically downward. The melt temperature was 
adjusted to give a stationary solid—liquid interface 
and then reduced about 20°C, as measured by a 
thermocouple 0.5 em below the surface. The crystal 


ie 


Fic. 2. Germanium crystal containing one twin plane; 
(a) grown in the [121] direction, (b) grown in the {121} 
direction. 
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SECTION 1 


was then withdrawn at a rate of about 0.05 cm/sec 
until it became separated from the melt. 

Fig. 2a shows such a crystal grown in the [121] 
direction. The crystal grew, as predicted, in the shape 
of a triangular platelet with one corner pointing 
upward and with its side faces bounded by ridges. 
Similarly, a crystal grown in the [121] direction grew 
into a triangular platelet bounded by ridges and 
pointing downward as shown in Fig. 2b. (The conical 
protrusions are frozen droplets of liquid that clung to 
the crystal.) Experiments of this kind were repeated 
many times with supercoolings ranging from 5° to 
45°C. Dendritic growth was never observed. 

On the other hand, dendritic growth in germanium 
occurs readily, even at small supercooling, if the melt 
is nucleated with: (1) a germanium dendrite which 
contains at least two parallel twin planes, or (2) a 
seed crystal cut out of a large germanium crystal 
which contains two parallel twin planes. 

Many germanium dendrites, grown at different 
supercoolings and nucleated by different methods, 
including heterogeneous nucleation, were examined 
microscopically. No dendrite twin 
All dendrites contained two or 


contained one 


plane only. more 


twin planes. 

It appears, therefore, that besides supercooling, a 
necessary condition for dendritic growth in germanium 
is a seed crystal that contains at least two parallel 
twin planes. A simplified explanation of the dendritic 
growth of such a seed crystal will now be given with 


\ 


SECTION 2 


121| 
:. 3. Germanium platelet containing two twin planes 
parallel to (111) of Part A. 


reference to Fig. 3. The platelet, which contains 
two twin planes, consists of three parts, A, B and (. 
We assume, again, that the platelet is bounded by 
111} faces. At the periphery of the platelet, there 
are alternating ridges and grooves, formed by inter- 
secting {111} faces of the two outer parts A and C and 
the center part B. Parts A 
normal to [121], [112] and [211]; parts B and C form 
and {211}. 


the platelet to be submerged in a supercooled liquid 


and B form 


grooves normal to [121], {112 Assume 


up to the indicated level. Parts B and C can grow by 
the in the [112] and [211] 
directions forming triangles x and /# until bounded by 


“groove mechanism” 
ridges, 1, 2, 5 and 6. Similarly, parts A and B will 
grow downward forming the triangular platelet 
bounded by ridges 3 and 4. 

Each part which is “left behind” now has formed 
with its neighboring part, 
Part A. therefore, 
can advance in the [112] and [211] directions, part C 


a groove, of angle 109.5 


indicated in section (1) of Fig. 3. 


in the [121] direction. As soon as part A reaches the 
ridges 1, 2 and 5, 6 of the triangular platelets « and /, 
it forms a 141° groove with part B. Similarly, part C 
forms a groove with part B as soon as it advances to 
ridges 3,4. Growth can then continue in the described 
manner. 

Because of the peculiar orientation relationship 
between the three parts (A, B and C) grooves will be 


+ Crystallographic directions refer to part A. 
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continuously generated as growth proceeds. In accord- 
ance with the discussed mechanism of growth, a 


germanium dendrite containing two twin planes 


should exhibit a six-fold growth symmetry. 


Fig. 4 shows a photograph of such a dendrite, whose 


Fic. 4. dendrite two twin 


planes exhibiting six-fold growth symmetry. 


Germanium containing 
rate of withdrawal from the supercooled melt was 
momentarily stopped. “Branching” occurred in the 
four 211) directions which are inclined to the [121] 
direction of withdrawal. 

The observed external shapes of germanium dend- 
rites” can be explained by imagining the following 
At time fy, 


geometry is shown in Fig. 5 starts to grow into a 


sequence of events. the dendrite whose 


supercooled melt. After completing three growth 


cycles, (the contours are marked 1, 2 and 3), at time 


t, the dendrite is pulled upward until the bottom of 


the dendrite is at the surface of the melt. Repetitions 
of this process give a saw-tooth appearance to the 
sides of the dendrite. Triangles 3 may not develop 
fully since they require backward growth; and this 
would give a 120° tooth angle instead of the 60° angle 
shown in Fig. 5. Both shapes are actually observed, 
as can be seen in Fig. 4. 

This mechanism accounts for growth in width and 
length: however, these dendrites also grow in thick- 
ness, presumably by surface nucleation. The proposed 
mechanism is by no means a complete description of 
the morphology of these dendrites. However, it 
accounts for some of the main features of the growth 
of dendritic platelets in germanium. It is likely, how- 
ever, that this mechanism may be effective in plate- 
like growth of other materials either from the liquid 
or from the vapor. 
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Growth germanium 
containing two parallel twin planes. 


Fic. 5. sequence of a platelet 
The author wishes to thank W. G. Pfann for many 
helpful discussions and K. E. Benson for timely 
experimental assistance. 
R. 8S. WAGNER 
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Discussion of “experimental evidence 
of boundary migration” 


In a recent letter to this journal,” Ferro ef al. 
correlated oxide patterns on the surface of silicon iron 
with grain boundary migration. They suggested that 
recrystallized regions (areas swept by grain bound- 
aries) were less susceptible to oxidation than unre- 
crystallized regions (areas not swept by grain bound- 
aries). We have also observed a correlation between 
oxide patterns and grain boundary migration in high- 
purity silicon iron but have interpreted the origins of 
the patterns differently. The following examples of 
oxide patterns provide the basis for our interpretation 
and conclusions. 
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Sample 0.0055 in. (0.14 mm) thick, annealed 
for 30 min at 1100°C after a 20 min heating-up period. 


The material, containing 3°, silicon and less than 
0.006 wt. °, impurities, was cold-rolled either to 0.006 
in. or to 0.012 in. thick and electropolished prior to 
the anneal. The annealing atmosphere was purified 
argon at a pressure of | atm. A dew point of less than 
—70'C was obtained by passing tank argon through 
a tower containing titanium chips heated to LOOO'C. 
The samples were suspended by a silicon-iron wire in 
a sealed container. 

The formation of oxide particles depended on 


several factors: the oxygen or water vapor content of 


the argon, the oxygen content of the silicon iron, the 
temperature of annealing, the time of purging allowed 
to remove occluded water vapor from the container, 
and the rate of heating to the anneal temperature. 
Most of the oxvgen required to form the oxide patterns 
came from the sample; a small amount possibly came 
from occluded water vapor. 
oxygen were not constant; they depended on time 
and annealing conditions. 

Since the samples were in the cold-rolled condition 
prior to the anneal, recrystallization and normal grain 
growth occurred quickly, until a relatively stable two- 
dimensional grain structure resulted.) 

Fig. 1 shows some oxide (particle) patterns after an 
anneal of 30 min at 1100°C. The oxide patterns show 
that the four-sided grain was removed during the 
anneal and that further grain boundary migration 
occurred. The uneven and sometimes circular pattern 
of oxides in the large grain, away from the grain 
boundary region, however, is a result of thermal 
etching of the grain and not a result of boundary 


migration. This grain has a (111) plane within 1° of 


the plane of the sample. The thermal etch striations 
‘an be seen in the region nearly free of oxides. The 


TO THE 


These two sources of 
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last-forming part of the (111) grain, which resulted 
from the disappearance of the four-sided grain, has a 
higher oxide density. We interpret these observations 
to mean that: (a) the oxides had largely formed prior 
to the start of disappearance of the four-sided grain; 
(b) the interaction of the boundary and oxides created 
broken lines of oxides during spasmodic migration; 
however, slow and steady boundary migration re- 
sulted in broad bands free, or nearly free, of oxides: 
(c) no additional oxides were being formed during 
this period of boundary migration; (d) only negligible 
boundary—oxide interaction occurred when the rate 
of boundary migration increased sufficiently as a 
result of increased boundary curvatures of the shrink- 
the 


patterns occurred because of a change of 


oxide 
lattice 


ing grain; and (e) further changes in 


orientation or because of thermal etching. 
A different pattern of oxides is shown in Fig. 2. 
from (111), 


The rows of oxides are 


This three-sided grain, oriented about 8 
was also thermally etched. 
roughly parallel to the line of intersection of the (111) 
Many of the 


large oxides in Fig. 2 coincide with the boundaries of 


plane with the surface of the sample. 


the shrinking, three-sided grain. Other large oxides 


lie in rows slightly ahead of two of the advancing 


boundaries. The largest oxide is at the junction of 


two such advance lines of oxides, i.e. 


junction of three boundaries. There is an approximate 


opposite a 


two-fold symmetry to the pattern of oxides shown in 
the upper grain. This grain has a (110) plane 15° from 
the plane of the sample. Similar symmetrical patterns 
have been observed on other grains near (110). Such 
grains form a thermal etch pattern (observable in 
electron micrographs) during long anneals at 1200°C 
in impure argon that is similar to the present pattern 
formed by the oxides. 

The number of oxide particles on the (111) grain is 
10? 


density is near 10° em~*. 


for (110) type grains the number 
In general, such densities 
are dependent on the orientation of the underlying 
grain in agreement with results obtained by Moreau 
and Benard for Ni-Cr alloys." 

Both the transitory nature of surface conditions and 
the oxide—boundary interaction effects are shown in 
Fig. 3. 
A and B had been growing into grain C during the 30 


The oxide patterns in Fig. 3a show that grains 
min anneal at 1200°C in purified argon. The same 
area, shown in Fig. 3b, after a 15 min reanneal, 


A and B. Asa result 


of the second anneal many new but smaller oxide 


confirms the growth of grains 


particles were added to the areas originally free of 
oxides. All of the original oxides on grain A retained 


their positions during the second anneal. However, 


‘2 
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Same as Fig. 1, but different area. 
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Fic. 3. Sample 0.0115 in. (0.28 mm) thick, annealed at 1200°C. Heating-up period 15 min. 
(a) After a 30 min anneal at temperature. (b) After a 15 min reanneal. < 1000, 


the positions of other oxides were not always main- It appears that along the stationary A—B boundary 
tained. For example, the oxide particle at the bound- some of the large oxide particles in grain B moved 
ary (see arrow in Fig. 3a) is 4 to the right of its away from the boundary. This may indicate that the 
original position and slightly behind the boundary — shape (or a changing condition) of the surface of grain 
after the second anneal (see arrow in Fig. 3b). Such B in the vicinity of the boundary is unfavorable to 
movement of large oxide particles is not understood. either the retention or the formation of oxides. In 
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(b) 


. 4. Same as Fig. 3 but different area. L000, 


this connection no new oxides formed in grain B close 
to the A~B boundary, but they did form on the grain 
A side of the boundary. 
in the area swept by the B-C boundary may have 


The lack of new small oxides 


resulted from migration of the boundary after all such 
new oxides had formed. A large, 
original oxides near the junction point, however, was 


left B-C Other 


coalescing, mass of 


behind by the moving boundary. 


THE E 
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original oxides have moved forward on both the B 
and A-C 
In another 


boundaries. 


area of the sample new (small) oxide: 
were observed along the thermally etched striations 
that had formed during the first anneal. This is shown 


Figs. 4a and 4b for a grain with its (100) plane 


within 3° of the surface. The correspondence between 
the position of new oxides and thermal striations 
indicates that surface shape is important in the 
determination of nucleating sites of oxides. 

From the above information the conclusion is drawn 
that both thermal faceting and thermal grooving are 
important factors in the formation of oxide patterns. 

. Dunn 


WALTER 


General Electric Research L aboratory C.G 
Schenectady, New York J. L. 
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ERRATUM 


A recent letter by the writers (Acta Met. 7, 818 (1959)) discusses the manner 
of dissociation of a chain of vacancies. A result of the kinetic argument is that the 
number of vacancy pairs is greater than single vacancies. This fact was mentioned in 
a note by R. R. Hasitcutt, J. Phys. Soc. Japan 8, 798 (1953). The writers regret that 
this reference was omitted. 
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THE APPLICATION OF THE ROWLAND MECHANISM TO THE PROBLEM OF THE 
NUCLEATION OF SECONDARY CRYSTALS IN CUBE-TEXTURE COPPER* 


Cc. A. VERBRAAK*+ 


Experimental evidence is provided that the growth of large secondary crystals with the Kronberg 
and Wilson orientations is preceded by the formation of crystals with the orientation {111} (112) during 
the secondary recrystallization of heavily twinned cube-texture copper. The nucleation of the {111}(112)- 
crystals is explained with the aid of the Rowland lattice model. The crystals with the Kronberg and 
Wilson orientations are first and second order twins of the initially formed {111}(112)-crystals. 


APPLICATION DU MECANISME DE ROWLAND AU PROBLEME DE LA GERMINATION 
DE CRISTAUX SECONDAIRES DANS LE CUIVRE A TEXTURE CUBIQUE 


L’auteur démontre expérimentalement que la croissance de grands cristaux secondaires possédant les 
orientations de Kronberg et Wilson, est précédée par la formation de cristaux d’orientation {111} (112) au 


cours de la recrystallisation secondaire de cuivre a texture cubique fortement maclée. La germination 


de cristaux {111} (112) est expliquée a aide du modéle réticulaire de Rowland. Les cristaux possédant 


les orientations de Kronberg et Wilson sont des macles du premier et du second ordre des cristaux 


initiaux possédant orientation {111} (112). 


ANWENDUNGEN DES ROWLAND MECHANISMUS AUF KEIMBILDUNGSFRAGEN BEI 
DER SEKUNDAREN REKRISTALLISATION VON KUPFER MIT WURFELTEXTUR 
Es wird von Versuchen iiber die sekundiare Rekristallisation von stark verzwillingtem Kupfer mit 
Wiirfeltextur berichtet. Die Ergebnisse zeigen, dass vor dem Wachstum grosser sekundarer Kristalle 
mit Kronberg und Wilson Orientierungen sich Kristalle mit {111}(112) Orientierung bilden. Die Keim- 
bildung dieser {111}(112) Kristalle wird mit Hilfe des Rowlandschen Gittermodells erklart. Die Kristalle 
mit Kronberg und Wilson Orientierungen sind die Zwillinge erster und zweiter Ordnung der urspriinglich 

entstandenen {111}(112) Kristalle. 


1. INTRODUCTION proximately 30°), Kronberg and Wilson’) (asym- 


The growth of large crystals during the secondary metrical rotations over angles of 22° in one direction 


recrystallization of cube-texture material has been and 38° in the other direction), Rathenau and Custers') 
the subject of many investigations. The principle (described as a {112}-texture), Burgers et al.“ (rota- 


orientations of these secondary crystals as reported tions of approximately 15° and 30°), and Beck ef al.‘ 
in the literature can be classified as follows: (c) Crystals with a (111)-plane parallel to the 
(a) Crystals with an orientation that can be de- rolling plane: Burgers et a/.,“@) and Sharp and Dunn”?. 


scribed as a rotation of the cube-orientation about the The twinning frequency of the various secondary 
rolling direction: Dahl and Pawlek” (rotation over crystals depends on the orientation relationship be- 
an angle of 30°), Kronberg and Wilson (rotation tween the growing secondary crystal and the matrix 


over an angle of 19°), Rathenau and Custers™ (de- (see, e.g. Burgers et al.“)). 


scribed as a {210}-texture), and Burgers et al.“. Another important experimental fact is the obser- 


(b) Crystals with an orientation that can be ob- vation made by Kronberg and Wilson that no second- 


tained by rotating the cube-orientation about one of ary crystals are formed in twin-free cube-texture 


its four octahedral poles: Bowles and Boas (ap- copper. From this observation these authors con- 
cluded that the stacking-fault energy is the driving 
force for the nucleation of the secondary crystals. 


* This work is part of the research programme of the 
Research group “Metals F.O.M.-T.N.O.” of the “Stichting This suggestion is confirmed by our previous experi- 
voor Fundamenteel Onderzoek der Materie’’ (Foundation for 

Fundamental Research of Matter-F.O.M.) and was also 
made possible by financial support from the “Nederlandse gq e¢opper single crystal with an initial orientation 
Organisatie voor Zuiver-Wetenschappelijk Onderzoek”’ (Neth- 

erlands Organization for Pure Research-Z.W.O.). Received (110) [110] after a rolling reduction of 98.5 per cent 
March 13, 1959. NO Le Peer and 15 min anneal at 400°C recrystallizes into a sharp 

+ Laboratory of Physical Chemistry, Technical University, 
Delft, Holland. 
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ments on copper single crystals.) We observed that 


cube-texture, which is more heavily twinned than the 
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cube-texture formed on annealing cold-rolled poly- 
crystalline copper. In accordance with the conception 
of Kronberg and Wilson we observed that in this more 
heavily twinned cube-texture a greater number of 
secondary crystals of a smaller size is formed during 
the secondary recrystallization. 

We have now chosen these cold-rolled (110) [110}]- 
copper single crystals for our present study of the 
secondary recrystallization, because the smaller size 
of the secondary crystals formed in these specimens 
(the average size of the secondary crystals varied 
between 0.1 and | mm) makes it possible to determine 
pole-figures with the aid of an integrating X-ray 
technique. In this way a statistically more correct 
picture of the secondary recrystallization can be 
obtained than by determining the orientations of 
large secondary crystals separately by ordinary Laue 
methods. 

2. EXPERIMENTAL PROCEDURE 

Reerystallization at different temperatures in the 
range 300°-1040°C 
furnace. For temperatures in the range 300°— 800°C 


was carried out in a vacuum 
an annealing period of 15 min was chosen, and for 
temperatures of 900°— 1040°C a period of 1 hr. The 
time to reach the final recrystallization temperature 
varied from 2 to 5 min. The reecrystallization at all 
temperatures was carried out directly on the cold- 
rolled specimens, i.e. without pre-anneal at a lower 
temperature. 

For the construction of the pole-figures, X-ray 
photographs were taken with the various positions of 
the specimen 5° apart, using an integrating X-ray 
camera (the construction of the camera did not permit 
measurements of the centre of the pole-figure). 

For a more quantitative comparison of the texture 
components, the intensities of the X-ray reflections 
from crystallographic planes parallel to the rolling 
plane X-ray 
diffraction apparatus with precision goniometer and 


were measured using a_ stabilized 
Geiger counter. * 
3. EXPERIMENTAL RESULTS 

The octahedral pole-figure of a specimen annealed 
for 15 min at 700°C is shown in Fig. 1. In this speci- 
men there is still an appreciable amount of the 
cube-texture left. There are. however, three other 
types of orientation formed (compare also Fig. 5): 

(1) A {111}(112)-twin texture. 

2) Four twins of the {111}(112)-texture, which are 
identical with the orientations described by Kronberg 
and Wilson as a rotation about the octahedral poles 
of the cube-texture over an angle of 22°, and will be 


* Philips, Type PW 1010. 
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Fig. 1. Octahedral pole-figure of a (110)[110] copper 
single crystal cold-rolled to 98.5 per cent reduction and 
annealed for 15 min at 700°C 
cube-texture 

@ twins of the cube-texture 
(111 }<112)-texture 

kh type (A) texture 

A type (B) texture 


later referred to as type (A) crystals (approximate 
orientation: {511'(172)). 

(3) Four twins of the type (A) crystals, which are 
identical with the orientations described by Kronberg 
about the octahedral 
poles of the cube-texture, and will be later referred to 
as type (B) 
{235} (412)). 

The octahedral pole-figure of a specimen annealed 
for 1 hr at 1040°C is shown in Fig. 2. 


and Wilson as rotations of 38 


crystals (approximate orientation: 


In this specimen 


Fic. 2. Octahedral pole-figure of a (110)[110] copper 
single crystal cold-rolled to 98.5 per cent reduction and 
annealed for 1 hr at 1040°C 
kh type (A) texture 
A type (B) texture 
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the secondary recrystallization is completed, resulting 
in a sharp texture containing the type (A) and 
type (B) orientations. 

The relative intensities of the cube, {111}(112) and 
type (A) textures for different annealing temperatures 
‘an be determined by measuring the intensities of the 
X-ray reflections of the planes (200), (111) and (115) 
parallel to the rolling plane. 

As shown in Fig. 3,* the intensity of the cube- 
texture in specimens containing oxygen rises steadily 
with higher annealing temperatures, while no second- 
ary recrystallization occurs. This has already been 
reported by Wood. In pure copper, however, the 
intensity of the cube-texture in these specimens 
(cold-rolled (110)[110]-crystals) reaches a maximum 
at annealing temperatures of 400°-500°C and de- 
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Annealing temp°C 
Fic. 3. Relative intensities of X-ray reflections of 


crystallographic planes parallel to the rolling plane 

. -— @ (200)-reflection in specimens containing oxygen 
200)-reflection in specimens of pure copper 
\ (111)-reflection in specimens of pure copper 
(115)-reflection in specimens of pure copper 


* The measurements shown in this figure were made on 
specimens cut from the same strip of a cold-rolled (110) [110}- 
crystal. Several other strips were investigated and in each 
case the same phenomena were observed. Due to minor 
differences in the rolling process, however, the maximum 
intensity of the cube-texture and the start of the secondary 
recrystallization occur at different annealing temperatures in 
various strips. The clearest picture of the successive intensity 
ratios can therefore be obtained by plotting in a single figure 
only the measurements on specimens of the same strip. 


OF SECONDARY 


CRYSTALS IN CUBE-TEXTURE COPPER 


Photomicrograph of partially secondary recry- 
stallized specimen. 800 


Fig. 4. 


cube-texture matrix 

(7) {111}(112)-erystal 

(A) type (A) crystal 

(S) nucleation site of ty pe (A) crystal 


creases at higher annealing temperatures, at the cost 


of secondary crystals. 
The {111!}(112)-texture is formed in the narrow 
600°C while at higher tem- 


temperature range 450 
peratures the growth of these crystals ceases, in spite 
of the fact that the secondary recrystallization after 


15 min anneal at 600°C is far from complete. 
The formation of the type (4A) texture starts in the 


same temperature range as the {111} 112)-texture, 
but unlike the latter, the tvpe (4) crystals are able to 


grow at higher annealing temperatures. 


Metallographic examination reveals also three types 


of secondary crystals in these specimens: 
(1) Crystals with one set of twin-boundaries making 


an angle of 30 
marked (/) in Fig. 4). 

(2) Crystals with two sets of twin-boundaries mak- 
ing angles of 30° and 45° respectively with the rolling 
direction (crystal marked (A) in Fig. 4). A typical 
example of this type can also be seen in the paper by 
Burgers et al. (crystal marked A in Fig. 3 of their 


with the rolling direction (crystal 


paper). 
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(3) Crystals with one set of twin-boundaries making 
an angle of 45° with the rolling direction. 

Although it was not possible to determine the 
orientations of these crystals separately (because of 
their small size), it is most likely from the evidence of 
the twin-boundaries, and from the orientations of 
similar but larger crystals in the specimens of Burgers 
et al., that these crystals belong to the {111} (112), type 
(A), and type (B) textures respectively. Boundaries 
making an angle of 30° with the rolling direction are 
thus twin-boundaries between a {111}(112) and a 
tvpe (4) crystal, whereas those at 45° to the rolling 
direction are either twin-boundaries between type 
(A) and type (B) crystals, or octahedral twist- 
boundaries between type (A) or type (B) crystals and 
the cube-texture matrix. 

Metallographic examination of partially secondary 
recrystallized specimens also provides evidence of 
twinning by stimulation (see also e.g. Burgers and 
May"), as shown in Fig. 4. In this figure the area 
marked (C’) is the cube-texture matrix, the crystal 
(I) has from the of the twin- 
boundaries a {111} (112)-orientation, whereas the 
crystal marked (4) is apparently, from the appearance 
of the boundaries, nucleated by stimulation at point 
(S) by the growing crystal (/). In completely secon- 
dary recrystallized specimens, crystals with the shade 
of crystal (A) in Fig. 4 show two sets of twin-bound- 
with the rolling 


marked evidence 


aries making angles of 30° and 45 
direction, which is an indication that this stimulated 


crystal belongs to the type (A) texture. 


4. DISCUSSION OF RESULTS 

From the X-ray evidence that the growth of the 
{111}(112)-components terminates long before the 
secondary recrystallization is completed (Fig. 3), and 
from metallographic examination (Fig. 4), we conclude 
that the type (4) crystals are stimulation twins of the 
{111}(112)-crystals. As shown in the stereographic 
projection of Fig. 5, a twinning operation on the 
octahedral plane (1) of a (111)[112|-crystal results in 
a type (A) orientation, which has an octahedral 
plane (2) nearly in common with the cube-orientation, 
and has an orientation that can be described as a 
rotation of the cube-orientation about this octahedral 
pole through an angle of 22°. A stimulation of this 
type (A) erystai by a (111)[112]-crystal is very likely, 
because the cube-orientation of the matrix is nearer 
to this type (A) orientation than to (111){112]. 
Furthermore, this type (A) orientation has an octahe- 
dral plane in common with the cube-orientation, and 
is therefore more favourably orientated for growth 
into the cube-texture than a (111)[112]-crystal. At 
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this point we would like to draw the attention to the 
fact that a (111)[112]-crystal has a greater twinning 
frequency than a type (A) crystal, as already reported 
by Burgers et al."°). 

If now the growing crystal (4) encounters a twin 
of the cube-texture (see Fig. 5), a second twinning 
operation might occur on the octahedral plane (2) 
resulting in a type (B) orientation, because this type 
(B) orientation is nearer to this twin of the cube- 
texture than the type (A) orientation. 

The type (2) orientation is also favourably oriented 
for growth into the cube-texture because it has the 
same octahedral plane (2) in common with the 
cube-texture. 

The same cycle can be performed by twinning on 
octahedral plane (3) of the (111)[112]-orientation, and 
by twinning on the two corresponding octahedral 
planes of the (111)[112]-orientation. In this way four 
type (A) and four type (B) orientations can be formed.* 

A twinning operation on octahedral plane (4) of the 
(111)[112]-orientation is not likely, because this twin- 
ning does not result in an orientation which has an 
octahedral plane in common with the cube-texture. 

From the point of view set out above, it is now 
understandable why the secondary crystals have 
orientations that can be described by asymmetrical 
rotations about the octahedral poles of the cube- 
texture through angles of 22° in one direction and 38° 
in the opposite direction, whereas, if growth-selectivity 
was the only governing principle, equal rotations in 
both directions would be expected. 


* Although Sharp and Dunn‘* do not mention the exact 
orientations of the secondary crystals, the directions of the 
twin-boundaries in Figs. 1 and 2 of their paper, and the 
statement that a {115}-plane of crystal C in Fig. 2 coincides 
with a {111}-plane of crystal A, provide sufficient evidence 
that the dark crystals in Fig. 1 and the crystals B and C in 
Fig. 2 belong to the {111}(112)-texture, whereas the large 
grain in Fig. 1 and crystal A in Fig. 2 are type (A) crystals. 
The {111}(112)-crystals in the specimens of Sharp and 
Dunn are then stimulated by a type (A) erystal. At first 
sight this seems to be contrary to our conception that it is the 
type (A) crystal that is stimulated by the {111}(112)-erystals. 
Their results cannot, however, be compared with our experi- 
ments, because in their case the specimens were moved into a 
furnace with a temperature gradient, whereas our specimens 
were annealed at a uniform temperature. The fact that the 
{111}(112)-erystals observed by Sharp and Dunn always 
contained both twin components of the {111} (112)-orientation 
at the nucleation site (crystals B and C in Fig. 2), shows that 
even in this case a normal twinning operation of the type (A) 
crystal can hardly be the origin of the {111}(112) twinned 
crystals. 

In our opinion the {111}(112)-crystals in the specimens of 
Sharp and Dunn are formed as follows. When the boundary 
of a type (A) crystal (moving with the temperature gradient 
and also marked A in Fig. 2 of their paper) encounters a 
heavily twinned area of the cube-texture matrix (a potential 
nucleation site of a {111}(112)-erystal), a Rowland mechanism 
occurs, which then necessarily results in the nucleation of both 
twins of the {111}(112)-texture, as will be discussed later in 
this paper. 
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the twinning 


projection of 
operations of the {111}(112)-texture resulting in the 
type (A) and type (B) orientations 


Fia. 5. 


Stereographic 


octahedral poles of the cube-orientation 
@ octahedral poles of a twin of the cube-orientation 
A 12]-orientation 
A type (A) orientation 
A type (B) orientation 


The problem of the nucleation of the secondary 
crystals is now reduced to that of the nucleation of the 
{111}(112)-texture. The only experimental guidance 
as yet available for the solution of this problem is the 
proportionality between the number of secondary 
crystals and the number of twins in the cube-texture, 
indicating that the elimination of the twin stacking- 
faults of the cube-texture is the driving force for the 
nucleation of the {111}{112)-texture (Kronberg and 
Wilson considered the elimination of those stacking- 
faults to be the driving force of the nucleation of the 
type (A) and type (B) crystals directly). 

In our paper concerning the nucleation of the 
cube-texture'®) we have shown that a cube-recrystal- 
lization-texture can be formed on annealing quite 
different rolling-textures, if only these rolling-textures 
contain a heavily twinned {112}(111)-texture com- 
ponent. From this observation we concluded that the 
cube-texture is nucleated by the untwinning of this 
{112}(111) twin-texture by means of an inverse 
Rowland mechanism. We will now apply a similar 
(112) slip-mechanism to the problem of the nucleation 
of the {111}(112)-texture. 

First of all we have to bear in mind, however, that 
in the case of the nucleation of the cube-texture only 
one set of stacking-faults, namely those on the twin- 
plane of the {112}(111)-texture, had to be eliminated, 
which can be achieved by an inverse Rowland 
mechanism, whereas in our present problem four sets 
of stacking-faults of equal frequency on the four 
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octahedral poles of the cube-texture matrix must be 
eliminated co-operatively. 

A possible mechanism is shown in Figs. 6, a and b 
The white balls in Fig. 6a compose a half-octahedron 
with a cube-orientation (the rolling direction is C,C, 
and the rolling plane C,C,C,) on which two darker 
balls 7’; and 7’, are placed in twin-position. If now 
the original cube-plane C,C,C, is transformed into an 
octahedral plane by means of a normal Rowland 
mechanism (see Fig. 6b), the original cube-orientation 
is transformed into a (111)[112]-orientation, while the 
atoms 7’; and 7’, automatically shift into this same 
orientation by retaining their positions on the two 
operating octahedral slip-planes (only one of these 
planes, C\C,C, is visible in Fig. 6). The two other 
octahedral planes (only one, is visible in 
Fig. 6) are transformed into cube-planes and any 
stacking-faults on these planes will therefore be 
eliminated in the same way as the untwinning by an 
inverse Rowland mechanism.* The complementary 
orientation (111)[112] is not shown in Fig. 6, but will 
be formed simultaneously during the transformation 
of the cube-plane C,C,C, of Fig. 6a into the octahedral 
(twin-)plane C,C,C, of Fig. 6b. 

Although the elimination of the four sets of stacking- 
faults of the cube-texture in this way leads to a 
{L11}(112)-texture, we have to bear in mind that 
this elimination of stacking-faults can be achieved by 
six different Rowland transformations of the cube- 
texture, leading to the following orientations: 


direction of compression direction of extension 


transverse direction rolling direction 


0 rolling direction transverse direction 


l transverse direction normal direction 
0} l normal direction transverse direction 
3 0 rolling direction normal direction 


normal direction rolling direction 


An explanation has now to be sought as to why, of 
those six possible orientations, only one is formed in 
an observable quantity. 

By assuming that the surface energy favours a 
plane of high density at the surface of the strip, all 

*In a previous paper!!! we have demonstrated that a 
normal Rowland transformation and an Rowland 
transformation are both the results of the same type of co- 
operative (112) slip-operations on two octahedral planes. In 
both cases stacking-faults can be formed and eliminated. To 
avoid confusing the two transformations, we always refer to 
the transformation of the main texture-components. Thus 
the untwinning of the {112} (111) twin-texture resulting in a 
cube-texture'®) is an inverse Rowland mechanism although it 
is accompanied by twinning on the octahedral planes of the 
cube-texture. For the same reason the transformation of the 
cube-texture into the {111}(112)-texture is a normal Rowland 
mechanism although it is accompanied by the elimination of 
the twins of the cube-texture. For a description of the 
difference between a normal and an inverse Rowland mechan- 
ism we refer to Burgers and Verbraak'!?), 
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trans- 
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Rowland 


Fic. 6. Lattice model showing the 
formation of the cube-texture and 
{111 


twins 


and {111} 110) are un- 
f111}(112)- 
110)- 


gliding directions of the original rolling process and is 


orientations but {111} 112 


favourable. Of these two only the 


orientation preserves the two most favourable 


able to eliminate a possible remnant of the (110 
stacking-faults discussed in our previous paper.'®) 
If the above suppositions are correct, the greatest 
decrease of free energy will be obtained by the 
towland transformation leading to a {111} 112)- 
texture. 

If in a single-texture matrix the six possible Row- 
land transformations are equally frequent, the twin- 
ning cycle described in this paper would result in an 
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annealing texture, containing orientations which can 
be related to the original single-texture matrix by 
symmetrical rotations around octahedral poles through 
The 
general impression will then be an average rotation 
of about 30°, 
original single-texture matrix of 10°. 

It might be a trick of nature that two annealing 


angles of both 22° and 38° in each direction. 


if we assume a normal spread of the 


twins of a Rowland transformation (type (A) and 
tvpe (6) orientations) are also favourably oriented 
for growth-selectivity. and it would therefore be 
interesting to know whether intermediate texture 
components (such as the {111} 112)-components dur- 
ing the secondary recrystallization of cube-texture 
copper) can also be detected in other cases, where 
rotations around octahedral poles are observed during 
the recrystallization of a single-texture matrix. 

Secondary crystals with an orientation that can be 
described by a rotation of the cube-texture about the 
rolling direction were not observed in our specimens. 
These orientations, found by some authors starting 
with polycrystalline copper, might be caused by the 
growth of {210}-texture components sometimes accom- 
panying the cube-texture as discussed in a previous 
paper.) 
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ISOTHERMAL REVERSION OF THE B.C.C.—>H.C.P. TRANSFORMATION INDUCED 
IN »’ AgCd BY MECHANICAL DEFORMATION* 


D. B. MASSON?+ 


The hexagonal close-packed structure induced in fp’ AgCd by mechanical deformation was found to 


revert gradually to the original body-centered cubic structure at room temperature. The rate of reversion 


was measured for several alloys of composition around 50 at. °,. 


The reversion rate was found to be 


dependent on composition and temperature; the process appeared to be thermally activated with an 
activation energy of about 23 kcal/mole. The rate data were found to agree with equations that have 


REVERSION ISOTHERME DE LA 
- HEXAGONALE COMPACTE 


been derived by other authors for nucleation and growth processes. 


TRANSFORMATION CUBIQUE CENTREE 
INDUITE 


DANS AgCd PAR 


LE p’ 


UNE DEFORMATION MECANIQUE 


La structure hexagonale compacte induite dans le $’ AgCd par une déformation mécanique, peut subir, 


a la température ambiante, une réversion graduelle vers la structure originale cubique centrée. L’auteur 


a mesuré la vitesse de réversion de nombreux alliages de composition atomique voisine de 50%. 


Cette 


vitesse dépend de la composition et de la température; le mécanisme semble activé thermiquement et 


correspond a une énergie d’activation voisine de 23 kcal/mole. 


Les vitesses déterminées expérimentale 


inent sont en accord avec les équations établies par d’autres auteurs pour les mécanismes de germination 


et croissance, 


ISOTHERME RUCKBILDUNG DER IN jp’ 
INDUZIERTEN UMWANDLUNG 


AgCd 
KUBISCH 


ONAL 


MECHANISCHE V! 
> HE? 


DURCH 
RAUMZENTRIERT 


Durch mechanische Verformung lasst sich in /’ AgCd eine hexagonal dichteste Struktur erzeugen. 
Diese bildet sich bei Raum-temperatur allmahlich in die urspriingliche kubisch raumzentrierte Struktur 


zuriick. 
etwa 50 Atom®,, wurde gemessen. 


Die Riickbildungsgeschwindigkeit von verschiedenen Legierungen der Zusammensetzung um 
Sie hangt nach den vorliegenden Untersuchungen von der Zusam 


mensetzung und der Temperatur ab; der Vorgang scheint thermisch aktiviert zu sein mit einer Aktivie 
rungsenergie von etwa 23 keal/Mol. Die Geschwindigkeitswerte stimmen mit Gleichungen iiberein, die 


andere Autoren fiir Keimbildungs- und Wachstumsvorginge abgeleitet haben. 


INTRODUCTION 

The promotion of martensitic transformations by 
mechanical deformation is a_ well documented 
phenomenon. Hess and Barrett", for example, found 
that plastic deformation induced the f.c.c. — h.c.p. 
transformations of cobalt and cobalt—nickel alloys at 
temperatures appreciably above those observed for 
spontaneous transformation on cooling: a similar 
effect, opposite in sign, was noted for the h.c.p. — f.c.c. 
reversion on heating. In this case plastic deformation 
was thought to have supplanted thermal agitation in 
overcoming the activation energy of the transfor- 
mations. The same behavior was noted by Barrett®) 
with the alkali metals lithium and sodium, by Barrett 
and Trautz® in several lithium—magnesium alloys, 
by Massalski and Barrett™ in p’ CuZn, and by Masson 
and Barrett®:® in #’ AgCd. However, in all the 
examples cited, except those in p’ CuZn and p’ AgCd, 
the low-temperature structure induced by mechanical 
deformation proved to be stable when heated to 
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Institute for the Study of Metals at the University of Chicago. 
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temperatures considerably above ./,, the temperature 
of their cold work-induced formation. In sodium, for 
example, lines from the X-ray powder pattern of the 
hexagonal structure induced by mechanical deforma- 
tion at 5°K persisted when the metal was heated at 
60°K with only a slight decrease in intensity. Similar 


situations were also found in cobalt and lithium. 
Somewhat different behavior was observed in /’ 
CuZn and p’ AgCd. In these alloys mechanical 


deformation was found to change the structure from 
its original body-centered cubic to either hexagonal 
close-packed (Ag ‘d) or to both hexagonal close-packed 
and face-centered cubic (CuZn) structures. In contrast 
to the behavior observed in sodium these deformation- 
induced structures gradually reverted to the original 
b.c.c. without heating above .V,. The reversion rate 
depended on both temperature and composition. The 
present investigation was undertaken to study the 
kinetics of the reversion of the cold work-induced h.c.p. 
structure to b.c.c. in p’ AgCd and explain, if possible, 
the instability of this cold work-induced transfor- 
mation product. 

Both p’ CuZn and 
body-centered cubic structure. Although superlattice 
lines cannot generally be detected by X-ray diffraction 


AgCd possess an ordered 


because of the adjacent positions of the elements of the 
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respective alloys in the periodic chart, measurements 
of the temperature dependence of the elastic modulus 
by Késter' have shown them to be ordered. It 
is quite possible, however, that the mechanical 
deformation producing the observed structural trans- 
formation might have reduced the degree of long-range 
order—in fact, such disorder induced by cold work 
has been suggested as the cause for the transformation 
in CuZn“-®) and p’ Whether or not it may 
cause a structural transformation, the disordering of 
superlattices by cold work is well recognized. 
Dehlinger and Graf’ and Dahl observed that cold 
work caused superlattice lines in ordered AuCu and 
AuCu, to disappear: furthermore, as a result of cold 
work the resistivity of ordered AuCu, increased to 
that of the disordered alloy. Similar effects were 
observed by Linde“ in ordered CuPt; by Schafer?) 
in FeAl; and by Honeycombe and Boas in 
fb’ CuZn. These considerations led Massalski and 
Barrett™ to attribute the b.c.c.— (f.c.c., h.e.p.) trans- 
formation of £’ CuZn to an increase of the free energy 
of the b.c.c. phase caused by cold work-induced 
disordering: Kaufman‘* concurred with this opinion 
in his thermodynamic interpretation of their results. 

Therefore, in the following treatment of the cold 
work-induced transformation of ordered b.c.c. AgCd 
to a h.c.p. structure and the subsequent spontaneous 
h.c.p.— b.c.c. reversion at room temperature, it will be 
assumed that mechanical deformation can have two 
effects—(1) it may aid in overcoming the activation 
energy of the transformation and (2) it may reduce 
the long-range order of the initial structure. 


EXPERIMENTAL PROCEDURE AND RESULTS 


All samples studied were prepared by fusing 
predetermined amounts of the constituent metals 
under an inert atmosphere in transparent Vycor 
tubes. A detailed description of the preparation, 
analysis and heat treatment of the samples has been 
published previously.) The compositions in weight 
and atomic percentage are given in Columns | and 2 
of Table 1. As can be seen, all are very near 50 at.°, 
and therefore have a composition only slightly 
removed from that of the 1 : 1 atomic ratio of perfect 
order. The form in which the samples were ultimately 
obtained, prior to the treatment described in the 
following paragraphs, was that of large grained 
pellets, quenched from 823°K, having an ordered 
body-centered cubic structure. The beta structure 
which was obtained was slightly metastable for many 
of these alloys; at equilibrium they would fall within 
the two phase (x + /’) and (f’ + y) fields at room 
temperature. No phase separation occurred, however, 


presumably because of the low diffusion rates expected 
at this temperature. 

The kinetic study of the h.c.p. — b.c.c. reversion 
after mechanical deformation was divided into two 
parts. The first part involved measuring the reversion 
rate of alloys of several different compositions, holding 
the temperature constant at 300°K:; the second 
involved measuring the reversion rate at several 
temperatures for each different alloy. The mechanical 
deformation to which the samples were subjected was 
that achieved by filing the pellets: this was found to 
be sufficient to induce the initial b.c.c. — h.c.p. trans- 
formation. Reversion rates were determined by 
measuring the intensity of one of the b.c.c. X-ray 
peaks diffracted from the cold-worked filings, as 
function of time. 

For the kinetic studies at 300°K, filings were made 
from the pellets, screened through 200 mesh and 
mounted immediately on a G.E. XRD-3 X-ray 
diffraction unit. The detector was set to receive the 
b.c.c. 110 peak, and intensity was counted as a 
function of time. Since it was desired that data 
collected from one run should be capable of 
comparison with data from alloys of other composi- 
tions, all b.c.c. 110 peak intensities were normalized to 
background. This was done by taking the quotient of 
the 110 peak intensity divided by the measured back- 
ground intensity. This corrected for the factors 
affecting absolute intensities of both peak and back- 
ground (such as X-ray tube current and detector 
voltage) which might notremain constant from one run 
to the next: actually the correction was very small 
because of the uniformity of the runs. Care was taken 
that the layer of powder was thick enough to appear 
infinitely thick to the X-ray beam, so that all 
radiation was absorbed in each case. 

Isothermal reversion curves plotted from data 
collected in this manner at 300°K are shown in Figs. | 
and 2, with the normalized intensity ratios plotted 
as the ordinate and the time elapsed since filing as the 
abscissa. It should be noted that all curves had 


approximately the same _ initial intensity ratio, 
indicating that equal amounts of this cubic structure 
(assumed to be zero: see reference (5)) were initially 
present. The curves in Fig. 1 show the time 
dependence of the reversion of compositions of less 
than 50 at. °, silver: those of Fig. 2 for compositions 
in excess of this value. The composition dependence 


is obvious. 

Two features of the isothermals of Figs. | and 2 
are of special interest. The first of these is the 
induction time (i.e. initial periods where d//dt — 0) 
before the reversion starts: the second is the slope of 
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49-0 at. 


Intensity of BCC IIO peak 


48-5 at. % 


the curves over the range where the reversion is 
occurring rapidly. It can be seen that the induction 
time is quite long for some compositions, but is 
shortened markedly by small decreases in silver 
content. In the isothermals of Fig. | on the low 
silver side, the induction time is so short that the 
reversion appears to begin immediately after filing 
(i.e. d//dt is never zero). The slope of the curves, on 
the other hand, shows a composition dependence that 
is symmetrical about 50 at. °,. As the 1: 1 atomic 
ratio is approached from the high silver side these 
slopes become increasingly steeper—they reach a 
maximum at 50 at. °,, and then decrease with further 
decrease in silver. Both features will prove to be of 
interest in the analysis of the rate curves given 
below. 

The determination of reversion rates as a function 
of temperature over the range 300°—360°K was 
accomplished by a similar technique. However, a 
different sample mount was needed to maintain the 
temperature at the desired level throughout the 
reversion. The described 
previously‘ in connection with applications around 


mount used been 


10) iO 20 +30 40 50 60 70 80 90 
Time, 
Fic. 1. Normalized intensity of the b.c.c. 110 peak as a function of time elapsed since mechanical deformation 
during the reversion at room temperature of alloys containing less than 50 at. °, Ag. The initial intensity 
is only slightly greater than background (i.e., normalized intensity greater than one) which indicates very little 
of the b.c.c. structure was present immediately after deformation. 


| 
“110 «6130 140 180 


min 


however, it was found to be equally useful 


78°K: 


around room temperature. The sample was held in 


the X-ray beam on a copper holder heated by a 


heater consisting of a small coil of nichrome wire. 
360°K could 


within 


Any temperature over the range 300 
(2-3 hr) 


be maintained as long as needed 
+0.1° by manual control of the heater current. 


Sample temperatures were measured by a copper- 


constantan thermocouple varnished to the mount in 


a position immediately adjacent to the area exposed 
to the X-ray beam. The holder was heated to the 
desired temperature prior to filing the sample 
through 200 


filings 


then made, screened mesh 


were 


immediately and pressed into a coating of grease on 
The high heat capacity of the 


the copper mount. 
mount kept temperature fluctuations low during this 
short and 


times were 


operation, since transfer 
temperatures were not far removed from ambient. 
The the 


immediately after the sample transfer, was maintained 


temperature of mount. as measured 


Samples could be filed, 
screened, the for 
intensity measurement at temperature within 3 min 


throughout the reversion. 
mounted and aligned in 


beam 


— 
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Intensity of BCC IIO peak 


Time, 


Fic. 2. 
the same as those of Fig. 1. Above 50 at 


compositions below 50 at. 


80 90 


Note that the slopes of the curves have their maximum value at 50 at. °, 


i00 lO 120 130 140 150 160 170 180 190 


min 


Data for the reversion at room temperature in Compositions above 50 at.°, Ag plotted on coordinates 
®,, an induction time occurs prior to the reversion, but is absent in 


and 


diminish on either side of this composition. 


of the time filing. Diffracted intensity of the b.c.c. 110 
peak was measured as a function of time at 1/2, 1, or 
2 min intervals, depending on the temperature and 
reversion rate. 

Atypical series of isothermals for the reversion of one 
alloy is shown in Fig. 3. The percentage of sample 
reverted is plotted on the ordinate vs. In time on the 
The temperature of 
beside each curve. It can be seen that the curves 
this 
is especially true in the early stages of the transfor- 


abscissa. reversion is shown 


are parallel but displaced along the In time axis 


mation (below 75 per cent reversion). The reversion 
rate is obviously temperature dependent, since an 
increase of only 14° caused a 10-fold decrease in the 
half time. 

In the experiments described above, the alloys 
always possessed the b.c.c. structure prior to filing: 
however, the following experiment was performed to 
show that a b.c.c. structure was not needed initially 
for the cold worked alloy to change gradually to b.c.c. 
following to the Ag—Cd 
phase diagram?” shows that an alloy containing 
48.5 at. °,, silver lies entirely within the hexagonal € 


deformation. teference 


field at 623°K. It was found that this ¢ phase could 
retained at 
Quenched filings retained their h.c.p. ¢ structure for 
however, cold worked filings made from a 


be room temperature by quenching. 
weeks: 
quenched pellet “reverted” from the cold worked 
h.c.p. structure to b.c.c. in a few hours. Apparently 
the cold work, and not necessarily the structure 
present prior to deformation, is the factor necessary to 
initiate the change. It should be emphasized that cold 
working the quenched h.c.p. ¢ phase did not result 
this 


occurred over the time of a few hours at 


immediately in “reversion” to a b.c.c. structure 
“reversion” 
room temperature, similar to the behavior shown in 
Fig. 1 the structure 
deformation. 

Quite striking color changes were observed during 
the structural The metal 
generally pink when it possessed the b.c.c. structure 
this pink coloration of 6 phases has been noted by 
many investigators. When the orthorhombic structure 
was obtained as the result of cooling or the h.c.p. 
structure as a result of cold working, however, the color 
After the b.c.c. structure 


where was h.c.c. prior to 


transformations. was 


turned to metallic silver. 
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fraction transformed 


w 


Isothermal reversion of cold work-induced structure 


Per cent reversion-product in the 50 at. ° 


Fic. 3. 


» alloy 


vs. time elapsed since deformation at several 


temperatures. Curves are parallel but displaced along the In time axis, as would be expected if the reversion 


had been regained by heating the orthorhombic phase 
or by allowing the h.c.p. phase to revert spon- 
taneously, the pink coloration was also regained. 


ACTIVATION ENERGY OF REVERSION 
The activation energy for the reversion from the 
cold work-induced h.c.p. structure could be obtained 
from the data plotted in Fig. 3. If the reversion 
was a thermally activated process the temperature 
dependence of the reaction rate constant, >, should 
obey the well known Arrhenius Equation. 


b = A exp (—Q/RT) (1) 

b = reaction rate constant 

A = frequency factor, assumed to be a constant 

() = activation energy 

T’ = absolute temperature, °K 

R = gas constant 

Squation (1) cannot be used directly since the 
experimental data appear as fraction transformed, /, 


obeys the Arrhenius Equation. 


of time, ¢, at several 


However, for any given value of f the rate 


function 


as a temperatures 
(Fig. 3). 
constant is proportional to the reciprocal of the time 
needed to attain f at that temperature. 
Thus, 
b(T) x (l/t)F(f) (2) 
where 
F(f) 


f = fraction transformed at time f¢ 


some function of f 


¢ = time elapsed since deformation 
Equation (1) can be rewritten in terms of ¢ for any 
constant value of f, and we get 
t = A’ exp (Q/RT) (3) 
A’ = constant containing A and F 


Thus a plot of the logarithm of the time needed to 
attain a given value of f vs. 1/7’ will have a slope of 
(/R if equation (1) is applicable to the data. 

This is shown plotted for the reversion of AgCd 
50.0 at. °,, silver in Fig. 4—data from the reversion 


of other compositions give similar curves. In Fig. 4 
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Activation energy of AgCd 50-Oat. % 


“315 «3200 3-250 3300 3:35 
Fic. 4. Ln time required to attain 50 per cent reversion 
vs. reciprocal of the absolute temperature. Slope yields 
an activation energy of 22.9 kcal/mole. 

the points fall on a straight line whose slope yields a 
value of 22.9 kcal/mole for the activation energy. 
These points are for f = 0.5, but the curves of Fig. 3 
are so nearly parallel that values of f from 0.2 to 
0.7 give the same slope and activations energy within 
+0.2 kcal/mole. Below f = 0.2 and above f = 0.7 
the slopes of f vs. In time are changing so rapidly that 
small errors in curve fitting cause large errors in In 
time. Nevertheless the data indicate that, over the 
temperature range covered, the reversion is a 
thermally activated process with a temperature- 
independent activation energy. Curves similar to 
those of Figs. 3and 4 were determined for the reversion 
of several alloys around 50at.°,: the activation 
energies from these data are given in Column 3 of 

TABLE 1. Activation energies for the hexagonal to 


cubic reversion. 
Activation energy, 


Composition, Composition, 
(kcal/mole) 


at. % Ag wt. % Ag 


52.0 51.0 
50.7 49.7 
50.4 49.4 
50.0 49.0 
48.1 47.1 
47.0 46.0 


bo bo bo bo bo bo 


Table 1. It is note-worthy that these activation 
energies are very nearly the same for compositions 
near the 1:1 atomic ratio, but increase when the 
amount of silver is either increased or decreased from 
this equiatomic composition. 


RATE THEORY OF REVERSION 


The sigmoid shaped curves shown in Fig. 3 
resemble those found by investigators who have 
measured recrystallization rates of cold-worked 
metals. This leads one to apply the equations that 
have been developed for such nucleation and growth 


processes—as will be seen, the agreement is good. 


Equations have been derived by Johnson and Mehl”®) 
and by Avrami"® giving the fraction transformed, 


f, as a function of time, ¢, for such a process. The 


general form of these equations is shown below in 
equation (4). 
f =1— exp (— Bt") (4) 
B = constant containing rates of growth and 
nucleation 


constant whose magnitude depends 
upon particle shape 


Equation (4) was derived for the situation in which 
the following three conditions are obeyed: (1) the 
reaction proceeds within a homogeneous matrix 
which undergoes no concentration change, (2) 
nucleation is random throughout the matrix, and 
(3) rate of radial growth is constant. In the special 
case where the shape of the growing precipitate is 
spherical and constant rates of nucleation and growth 
are maintained throughout the transformation, the 
value of the constant, k, should be 4. If the rates of 
nucleation and radial growth do not remain constant 
or if the particle does not grow in a spherical shape, 
the value of k may fall as low as 1. 

The assumption made in the derivation of equation 
(4) should be applicable to the present structural 
reversion of cold-worked AgCd. The alloys consisted 
of a homogeneous solid solution prior to mechanical 
deformation: because of the low temperature main- 
tained during reversion no long-range diffusion and 
the accompanying concentration changes should have 
occurred. Nucleation sites should have been 
distributed randomly throughout the sample, since 
it consisted of finely divided (—200 mesh) particles 
having identical thermal and mechanical histories. 
Constant rate of growth of the precipitate is perhaps 
the most tenuous assumption; however, as will be 
seen later, departure from constant growth rates 
might explain the variation of the constant k from the 
ideal value of 4. 
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Fit of data to theoretical equation 


f, fraction transformed 


AgCd 50-0 at. % Ag at 390°C 


| | | | Solid line f=l-e 
8=68xi075 
A=4 


Time, min 


Fic. 5. Agreement of the data (points) for reversion of 

the 50 at. °, alloy at 312.0°K with the curve (solid line 

predicted by equation (4). Note that a value of k 4, 

predicted by the theory for spherical growth, is the 

value which also gives best agreement between these 
data and equation (4). 


Attempts to fit the present data to equation (4) 
were quite successful. The agreement between some 
of the data and the rate curve predicted by equation 
(4) is shown in Fig. 5. The parameters k and B were 
obtained from In In [1/(1 — f)] vs. 
according to equation (4) these should be a straight 
line of slope & and intercept In B on the In In[{1/(1 — f)} 
axis. Agreement shown in Fig. 5 is good until the 
final stages of the transformation, at which point 
the equation predicts a greater reversion rate than 


plots of 


was actually observed. 

Notice that the value k = 4 was used in calculating 
the theoretical curve of Fig. 5. This is the value 
predicted by both the Johnson and Mehl, and Avrami 
theories for constant rates of growth and nucleation. 
Although temperature appears to have no systematic 
effect on & for any given alloy, on both sides of the 
1:1 atomic ratio k becomes smaller than 4 as the 
This is shown in 


composition departs from 50 at. °5. 
Table 2 where k values are listed for the isothermal 
reversion of each composition. The values calculated 


for B from equation (4) are also shown in Table 2. 


OF THE 


TABLE 2. Composition and temperature dependence of the 
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constants k and B from the rate equation 


Tem- 
d erage 
perature k k 8 B 


K 


Composition 
At. % Ag 


8.1 2 

48.1 308.1 1.7 

48.1 303.9 2.3 2.0 1.7 10 
3. l 


In In [1/(1 — f)] 
These were plotted for 


Several plots of 


representative 


vs. In ¢ are shown in Fig. 6. 


several different compositions since the purpose was 


to emphasize the composition dependence of the 


slopes—for any given composition the curves at 
different temperatures are toughly parallel (see & in 


Table 2). The importance of the curves is not that 


they approximate straight lines, since the In In plot 
tends to minimize curvature of any function, but that 
the 


they have slopes in the range predicted by 
mathematical analysis and that the maximum slope 
observed, 4, is also the maximum value predicted by 
6 all depart from 


the analysis. The curves of Fig. 


linearity during the final stages of the transformation; 


this is the same disagreement between theory and 
This behavior has 
the 


experiment as observed in Fig. 5. 


cases where 


been observed previously"® in 


analysis has been applied, and Avrami attributed it 
the 


to the depletion of nucleation sites during 
transformation. Possibly by this stage the reversion 
had that the 
impingement of growing spheres made by Avrami and 
by Johnson and Mehl was not sufficient to account 
for the growth rate might also no 
longer be constant. 


Equation (4) has also been applied previously to 


progressed so far correction for 


deceleration; 


recrystallization rate studies with about the same 


| 
| Bune 
| | | } 
| | | | 
; 52.0 332.2 3.0 2.3 x 10-4 
80} 52.0 328.8 2.8 1.3 10-4 
| | 52.0 324.2 2.6 2.7 4.0 « 10-5 
i |. | 52.0 315.2 2.5 4.5 x 10-8 
| 50.7 317.5 3.7 1.0 10-4 
50.7 312.8 4.1 6.3 
50.7 307.8 4.0 4.0 6.6 « 10-7 
| 50.4 317.4 4.4 6.9 « 10-5 
50.4 305.9 4.0 4.1 5.5 x 10-7 
| 50.4 299.9 4.4 3.6 
| 50.0 317.9 3.9 1.4 
| | | 50.0 312.0 4.1 6.6 10-5 
| | | 50.0 307.4 3.9 4.1 2.6 
| | 
20 
10 25 47.0 311.0 1.3 5.5 « 10-2 
| 47.0 306.8 1.4 1.6 L.4 x 10-* 
47.0 298.6 2.0 3.5 lo-* 
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#=4-0 


ya 


re) 52-0 Ag 


% Ag 


/ 


48:1 % Ag 


47:0% Ag 


Fie. 6. Ln in [1/(1 f)| vs. In time 
their intercept on the InIn [1/(1 
dependence of k at constant temperature; 


parallel (see Table 2). If the 


success as was found here. 


Xecrystallization also 
occurs without long range diffusion, although it does 
with a structural change as was observed 


Gordon,.“” Decker and Harker™®) 


not occur 
here. In particular, 
and Michalak and Hibbard" have found equation 
(4) applicable to the recrystallization of copper: 
Stanley Meh!) to the reerystallization of 
silicon and Anderson and Mehl? to the 
of In all where 
growth rates were studied they were found to be 


and 
ferrite: 
recrystallization aluminum. cases 
constant,'*°.2) which is consistent with the assumptions 


made in the analysis. However, it has been observed 
by these workers that the rate of nucleation is time 
dependent throughout the recrystallization—this has 


proved difficult to handle quantitatively. 


DISCUSSION 
The atomic mechanism that is postulated to explain 
The 


mechanical deformation accompanying the filing of 


the observed phenomena is the following. 


the quenched pellets was thought to be sufficient to 
decrease the long-range order of the body-centered 
cubic structure. 
the disordered b.c.c. structure at low temperatures, the 


Because of the high free energy of 


time 

elapsed since deformation. 
f)| axis gives the value 
curves for 
data agreed perfectly with equation (4) these would be straight lines. 


the 


The slope of these curves is equal to k; 
B in equation (4). These show the composition 
same composition but different temperatures are 


of 


resulting configuration was unstable and transformed 
to 
hexagonal structure. 
deformation, 


an energetically more favorable close-packed 


This transformation was aided 
to the 
disordering, and was probably of the martensitic type. 


by mechanical in addition 


However, 
and Cd atoms was apparently so great at 300°K that 


the tendency toward ordering of the Ag 


small ordered regions nucleated within the disordered 


h.c.p. matrix. Since the ordered b.c.c. structure was 


the equilibrium configuration at room temperature,t he 


nuclei possessed that structure. The nuclei were 


f, fraction transformed 


thought to grow by means of short-range jumps of 


atoms across an incoherent interface separating 
This was believed to be 
for the 
reversion because the process was isothermal and 
apparently thermally activated. 


martensitic reactions are quite rare—furthermore, 


matrix from “precipitate” 


more probable than a shear mechanism 


was Isothermal 
martensitic transformations proceed with such rapid 
are nucleated that the gradual 
growth observed here seems more consistent with a 
diffusion-controlled mechanism. 

The activation energies in Table 1 
constant over a narrow range around the | 


growth rates once they 


are nearly 


: | atomic 
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ratio, but increase markedly on either side of this 
composition. A possible cause for this increase in 
the energy barrier impeding the passage of atoms from 
the h.c.p. matrix to the b.c.c. precipitate is suggested 
by the narrow composition range of the /’ field at 
room temperature. Since some of the compositions 
having a high activation energy fall in the (« + /’) 
or 
depositing at the interface and impeding the growth of 
the precipitate. The width of the #’ region at room 
temperature is about as great as the composition 


- y) phase fields, possibly traces of « or y were 


range where the activation energy remains constant 
at its lowest value; compositions where Q becomes 
larger are those which might be in a two phase field. 
If traces of such a phase did form, however, diffraction 
of X-rays from them could not be detected by the 
Geiger counter used. 

An alternative explanation of the behavior of the 
reversion kinetics is suggested by the symmetrical 
decrease of k in alloys having compositions on either 
side of 50 at. °,. In Avrami’s analysis the dependence 
of fon the fourth power of time arose from the product 
of the ¢' dependence of constant nucleation rate 
multiplied by the # dependence of constant radial 
growth of a three dimensional particle. If depletion 
of the available nuclei occurred early in the process, 
however, only the @ relationship required by spherical] 
growth would be observed. However, if the product 
grew in two dimensional plates or one dimensional 
needles, the time dependence could have dropped as 
low as the first power of ¢. In all cases & should fall 
between | and 4. 

Nabarro®) has calculated from strain considera- 
tions in a crystal of cubic symmetry that a spherically 
shaped precipitate causes maximum strain in the 
surrounding matrix while a two dimensional disk is 
At the 1: 1 atomic 


2 


ratio where the maximum number of A—B bonds 


the shape causing least strain. 


(energetically favored in an ordered lattice) might 
occur, the reversion would be expected to be driven 
most strongly and k could be expected to have its 
highest value—in this case approaching the value of 
4 predicted for a spherical precipitate. On departing 
from the 1 : | composition, however, fewer A— 6 bonds 
would be formed and therefore a smaller energy 
difference would be available to “drive” the reversion. 
Shapes more favored by strain considerations might 
form—these would cause the composition effect on & 
shown by the data in Table 2 and by the curves of 
Fig. land 2. Michalak and Hibbard@® and Avrami“® 
claim similar relationships between the parameter k 
and precipitate shape, and offer some experimental 


evidence in support of this relationship. 
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It was noted above that the isothermal reversion 
curves, Figs. | and 2, showed composition-dependent 
induction times. These can be interpreted with the 
aid of equation (4), in which they are related to the 
constant B of the exponential term. This constant 
contains a geometry factor for impingement and the 
rate of nucleation, G — rate 
Values of B 
calculated from the intercepts of the curves in Fig. 6 
on the In In{1/(1 
can be seen that B is temperature dependent, as 


variables N and G (N 
of linear growth) in the combination NG? 


f)| axis are given in Table 2. It 


would be expected, but is also affected markedly by 
composition. A temperature increase of 19° is seen to 
increase B by a factor of 10°; variation of cadmium 
content by only 3 at. °,, also increases B by a factor 
of about 10°. The reason for this large composition 
dependence is not understood; however, this is the 
origin of the induction effect shown in Fig. 2. 
SUMMARY 
Cold AgCd 


b.6.c0.—> h.c.p. structural transformation as the result 


oly 
worked which has undergone a 
of mechanical deformation was found to revert sponta- 


neously to the original b.c.c. structure at room 


temperature. A kinetic study of this reversion was 
made by measuring the intensity of X-rays diffracted 
by powder samples as a function of time elapsed since 
mechanical deformation. The reversion rate was 
determined for several alloys of compositions around 
50 at. °, over the temperature range 298°— 332°K. 


This rate was found to be dependent on the 


composition and temperature: the process was 
apparently thermally activated with an activation 
energy of about 23 kcal/mole, depending on the 
composition. The isothermal reversion curves obeyed 
theoretical rate equations derived by Johnson and 
Mehl" and Avrami@® for nucleation and growth 
suggested that the original 


processes. It was 


b.c.c.—> h.e.p. transformation was caused by a 
reduction in the long-range order accompanying the 
cold work, and that the reversion occurred as ordered 
b.c.c, domains nucleated within the disordered h.c.p. 
matrix. The h.c.p. 


be analogous to the recrystallization of a cold worked 


> b.c.c. reversion was believed to 
metal, with the exception that a crystal structure 
change was involvedand the transformed b.c.c.domains 
were much smaller (since the work was done on —200 
mesh filings) than conventional recrystallized grains in 
macro samples. The color of the powder samples was 
also found to depend on the crystal structure of the 
alloy. 
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THE COBALT TRANSFORMATION* 


Cc. R. HOUSKA,?* B. L. AVERBACH® and M. COHEN? 


The f.c.c. = h.c.p. transformation in cobalt powder (equilibrium temperature = 417 C) has been studied 
by X-ray methods and correlated with the density of stacking faults in both phases. Only the h.c.p. phase 


is present in the cold-worked powder. The line broadening due to local strains and small particle sizes 
can be essentially removed by annealing at 300°C, leaving a residual broadening that permits a quanti- 


tative determination of the density of random growth and deformation faults. The latter are present in 
smaller numbers than the growth faults, and are more readily removed by recovery treatments. 

When the h.c.p. phase is generated from the f.c.c. phase by cooling through the allotropic transformation 
range, two types of faulted regions become evident: region 1 contains only deformation faults, and 


region 2 contains both deformation and growth faults. It is suggested that region | constitutes the first 
part of the h.c.p. phase to form on cooling, while region 2 represents the latter part of the transformation. 
Approximately 25-30 per cent of the parent f.c.c. phase is retained at room temperature under these 


conditions. 

Faulting in the f.c.c. phase can be detected with some assurance only after the cooling transformation is 
underway, but the extent of such faulting is small compared to that in the h.c.p. phase. The observed 
faulting in both phases is produced mainly by the allotropic transformation, and is not inherited from 
the parent phase. The faulting generated in the parent phase by the cooling transformation can be partly 
removed by holding at subcritical temperatures; it is thought that this relaxation process removes 
barriers to the f.c.c. — h.c.p. transformation and is responsible for the small increments of the h.e.p. 


phase which form isothermally in the same temperature range. 
An analysis of the broadening effects in the various diffraction lines suggests that the stacking faults 
do not terminate within the crystallites or subgrains, but extend to the boundaries. No evidence is found 


to signify any reversible extension or contraction of the faulting with changing temperature; that is, 


the faults observed are not in thermodynamic balance. 


COBALT 


LA TRANSFORMATION DU 


Les auteurs ont étudié, par des méthodes de rayons X, la transformation c.f.c. = h.c. de cobalt en 
poudre (température d’équilibre 417°C). Ils ont également étudié la densité des fautes d’empilement 


dans les deux phases de la transformation. Seule la phase h.c. existe dans la poudre déformée a froid. 
L’élargissement des raies dai a des déformations locales et aux dimensions faibles des particules, disparait 
par un traitement a 300°C. L’élargissement résiduel permet une détermination quantitative de la densité 
des fautes de croissance et de déformation. Cesderniéres sont moins nombreuses que les fautes de croissance 
et son plus facilement éliminées par des traitements de revenu. Lorsque la phase h.c. se forme au départ 
de phase c.f.c. par refroidissement au travers de la transformation allotropique, deux types de régions 
imparfaites apparaissent: la région | contient uniquement des fautes de déformation et la région 2 contient 
a la fois des fautes de déformation et de croissance. Les auteurs pensent que la région 1 correspond & la 
premiére zone ov la phase h.c. s'est formée au refroidissement tandis que la région 2 représente la fin de la 
transformation. Dans ces conditions, 25 & 30°, de la phase mére c.f.c, sont retenus a la température 
ambiante. Dans la phase c.f.c., les défauts peuvent étre apergus avec quelque certitude, uniquement 
lorsque leur transformation au refroidissement est en cours. L’importance de ces défauts est faible 
vis-a-vis de celle de la phase h.c. Les fautes observées dans les deux phases proviennent principalement 


de la transformation allotropique et non de la phase mere. 
Les fautes apparues dans la phase en cours du refroidissement peuvent étre partiellement ¢liminées 


par un maintien a des températures sub-critiques; on croit que ce mécanisme de relaxation élimine les 
obstacles a la transformation c.f.c. — h.c. et est responsable des petits incréments de la phase h.c. qui se 


forme de maniére isotherme dans la méme gamme de temperature. 
Une analyse des effets d’elargissement des différentes raies de diffraction permet aux auteurs de 
suggérer que les fautes d’empilement ne se terminent pas a l’intérieur des cristallites ou sous-grains mais 


s'étendent jusqu’aux joints. 
On n’a pas obtenu de résultat qui permette de croire 4 une extension ou une contraction réversible de 
ces défauts avec une modification de température; ceux-ci ne correspondent done pas 4 un état d’équilibre 


thermodynamique. 


DIE KOBALT-UMWANDLUNG 
An Kobaltpulver wurde die Umwandlung kubisch-flachenzentriert = hexagonal dichtest gepackt 
(Gleichgewichtstemperatur 417°C) mit Réntgenmethoden untersucht und mit der Dichte der Stapelfehler 
in beiden Phasen in Beziehung gesetzt. Im kalt bearbeiteten Pulver findet sich nur die hexagonale 
Phase. Die Linienverbreiterung infolge lokaler Verzerrungen und geringer TeilchengrOsse lasst sich 
durch Anlassen bei 300°C weitgehend beseitigen; die verbleibende Verbreiterung gestattet eine quantita- 
tive Bestimmung der Dichte von Wachstums- und Deformations-Stapelfehlern. Die letzteren sind in 


* This paper is based on a doctorate thesis presented in January 1957 by C. R. Houska to the Department of Metallurgy at 
the Massachusetts Institute of Technology, Cambridge, Massachusetts. The research was sponsored by the United States 
Atomic Energy Commission. Received April 27, 1959. 
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geringerer Anzahl vorhanden als die Wachstums-Stapelfehler und lassen sich durch Erholungsbehand- 
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Erzeugt man die hexagonale Phase mittels Abkiihlung der kubischen durch das Temperaturintervall der 


allotropen Umwandlung hindurch, so zeigen sich zwei Arten fehlerhafter Bereiche: 
nur Deformations-Stapelfehler, Bereich 2 enthalt sowohl Deformations- wie Wachstumsfehler. 


Bereich | enthalt 
Es wird 


vorgeschlagen, dass Bereich 1 den bei Abkiihlung zuerst entstehenden Teil der hexagonalen Phase 


Bereich 2 zuletzt entsteht. 


darstellt. wahrend 
Raumtemperatur etwa 2 


Unter den hier vorliegenden Bedingungen bleiben bei 
der kubischen Matrix erhalten. 


In der kubischen Phase kénnen Stapelfehler mit einiger Sicherheit erst entdeckt werden, wenn die mit 


der Abkiihlung verbundene Umwandlung schon im Gang ist. Das Ausmass der Stapelfehler ist jedoch ger- 
ing verglichen mit dem der hexagonalen Phase. In beiden Phasen entstehen die Stapelfehler hauptsach- 


lich durch die allotrope Umwandlung und stammen nicht aus der Matrix. 


Die bei der Abkiihlung und 


Umwandlung in der Matrix entstehenden Stapelfehler lassen sich teilweise beseitigen, wenn man die 


Probe bei subkritischen Temperaturen halt. Vermutlich beseitigt dieser Relaxationsprozess Hindernisse 


der Umwandlung kubisch 


> hexagonal und ist verantwortlich fiir den geringen Zuwachs der hexagonalen 


Phase, der sich in demselben Temperaturgebiet isotherm bildet. 


Kine 


Untersuchung der Verbreiterungseffekte verschiedener Beugungslinien deutet darauf hin, dass 


die Stapelfehler nicht in den Kristalliten oder Subkérnern endigen, sondern sich bis an die Korngrenzen 
erstrecken. Fiir eine reversible Ausdehnung oder Zusammenziehung der Stapelfehler bei Temperaturand- 


findet sich keinerlei Anzeichen; 


thermodynamischen Gleichgewicht. 


erungen 


die beobachteten Stapelfehler befinden sich also nicht im 


1, INTRODUCTION 
There has been much interest in the allotropic 
transformation of cobalt because of the apparent 
simplicity of the phase change 
cooling 


heating 


f.c.c. 


The thermodynamic equilibrium occurs at 417°C, 
hut appreciable hysteresis is observed between the 
heating (430°C) and cooling (390°C) transformations.) 
The kinetics of these reactions are predominantly 
will be shown) isothermal 


athermal, although (as 


components are operative to some degree. These 
characteristics, together with the diffusionless nature 
of the phase change, permit one to designate it as 
martensitic.’ The displacive features of the cooling 
recently by 
that the 
macroscopic surface tilts normally encountered in 


transformation have been analyzed 


Takeuchi and Honma‘ who concluded 
martensitic reactions (and also in cobalt—nickel alloys) 
are so small in pure cobalt that they escape detection. 
The “homogeneous” shears are only 100-300 A thick. 
and because they can take place readily in three 120 
directions on the close-packed plane, few (if any) gross 
upheavals on the surface are developed. 

As in other martensitic reactions, the same crystals 
of the parent phase can be regenerated by reversing 
the transformations,’ and this can be repeated 
through a number of cycles. Thermodynamic 
considerations indicate that the driving force required 
to start the reaction in either direction is quite small 
being only a few cal/mole®> compared to a few 
hundred for iron-base alloys.‘” 

Stacking faults have been found in h.c.p. cobalt after 


the cooling transformation,'*~! and in the f.c.c. phase 


of cobalt-nickel alloys after plastic deformation.“” 
However, the nature and distribution of the faulting 
in the cobalt phases have not been studied in relation 
to the transformation. This is the main purpose of the 
present It was thought that the details of 
faulting and the transformation characteristics might 


work. 


shed light on each other. 


2. EXPERIMENTAL METHODS 

The fractional amount of each phase present was 
determined by at temperature X-ray measurements of 
the integrated line intensities (101) ¢.p, and (200)¢ 
with occasional checks on (002)n ep. (11 and 
(O04)nh ep. (222)re¢. A Geiger-counter spectrometer 
with filtered FeA z radiation was used for this purpose. 
The measurements were conducted on powder briqu- 
ettes prepared by grinding cobalt of 99.99 °,, purity * 
with an alundum wheel, and collecting the cobalt 
powder magnetically. The —325 mesh powder was 
cold pressed into 1 } din. slabs.t Heating of the 
specimen on the spectrometer was carried out in a 
purified helium atmosphere. 

The diffraction-line profiles 
Fourier methods, as 
interpreted in terms of the stacking faults present. 
Information was obtained on the density of stacking 
faults, their type (growth or deformation faults) and 
distribution. However, this could be done quantita- 
tively only with the h.c.p. phase; the diffraction lines 
of the f.c.c. phase were always comparatively sharp and 
only semi-quantitative conclusions could be drawn. 


were analyzed by 


described elsewhere,“ and 


* Obtained from Johnson, Matthey and Company, Ltd., 
London, England. 

* Although these specimens could be handled without 
crumbling, they should be regarded essentially as powders 
from the X-ray and transformation standpoints. 
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AND 


The annealing twins observed metallographically by 
Bibring et al."*) would not be expected to affect these 
line-broadening considerations. 


3. DISCUSSION OF RESULTS 


The as-pressed powders were completely h.c.p. and 
exhibited a weak texture, the basal plane of the 
particles tending to lie parallel to the compression 
surface. The diffraction lines were extremely broad 
due to the presence of local strains and/or small 
particle thus the stacking-fault 
contributions. However, a series of recovery experi- 
ments showed that, at temperatures up to about 
300°C, the broadening due to local strains and small 


particle sizes could be essentially removed, leaving a 


sizes, obscuring 


fairly constant residual broadening that was attribut- 
able to stacking faults. After 2 hr at 300°C, a local- 
strain and particle-size analysis" was carried out on 
the (002) and (004) reflections* of the h.c.p. phase: the 
local strains were very small (less than 5 « 10~* based 
on a distance of 100 interplanar spacings) and the 
average particle size was large (over 1000 A). 

During the recovery process, the stacking fault 
density was not correspondingly changed. This could 
be inferred from the following experiment. Diffraction 
lines of the type h — k = 3t + 1,/ + Oare broadened 
when stacking faults exist in the h.c.p. phase (¢ is an 
integer). Thus, the (101) line should be broadened 
by stacking faults while the (002) should not. Yet 
both of these lines displayed the same rate of 
sharpening as a function of temperature when the 
as-pressed briquettes were annealed up to 300°C. 
The activation energy for the recovery process was 
about 20,000 cal/mole. 

Growth faults and deformation faults were found 
after the local-strain and_ particle-size broadening 
was removed by annealing for 2 hr at 300°C. These 
stacking faults may be depicted as: 


h.c.p. 
ABABCBC ABABCAC A 


Growth fault Deformation fault 


The letters A, B, and C represent the conventional 
stacking of close-packed planes. Either type of fault 
can be produced by the growing-together of two 
out-of-phase h.c.p. lattices, while the deformation fault 
can also be formed by partial slip which converts A 
planes into C planes and (automatically) B planes 
into A planes. The growth fault contains three planes 


* These lines are not effected by stacking faults. 
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of f.c.c. stacking, whereas the deformation fault con- 
tains four such planes. 

The density of both types of faulting is represented 
in Table 1 by means of the notation 1 : p, where p is 
the average number of reference planes to be sampled 
before one faulty sequence is found. Growth faults 
were found to be more prevalent than deformation 
faults. Further sharpening of the (101), (102) and 
(103) lines occurred when the annealing treatment was 
increased to 7 days at 300°C and 2 days at 390°C. This 
sharpening was caused by a decrease in the probability 
of finding faults, but there 
equivalent change in the occurrence of growth faults. 
Both types of faulting appeared to be distributed at 
random in contrast (as will be discussed later) to the 


deformation was no 


faulting in the h.c.p. phase when generated from the 
f.c.c. phase on cooling. Evidently, deformation faults 
can be removed more readily than growth faults: this 
may come about because a deformation fault contains 
a larger volume of the unstable f.c.c. configuration than 
does a growth fault, or because a deformation fault 
can be “‘unslipped”’ merely by the passage of a partial 
dislocation along a single close-packed plane. 

It could be inferred that, for the most part, the 
faults did not terminate within the crystallites or 
subgrains but extended across to the boundaries. This 
was manifested by the fact that after the local-strain 
and effects had the 
broadening due to the stacking faults was confined to 
reflections of the types b= st 
reflections of the type (hkO) and (00/) were quite 
sharp. Ifthe faults terminated within the subgrains 
and were therefore bounded by dislocation loops or 
extended dislocations, the (hkO) and (O00/) lines would 


particle-size been removed, 


0. while 


(10) 


be subject to strain broadening. This situation was 
not found. 

Sebilleau and Bibring™ have reported the surprising 
result that when cold-worked h.c.p. cobalt is heated 
quickly to 350°C, some f.e.c. phase is produced even 
though it is normally unstable relative to the h.e.p 
phase at this temperature. This finding was confirmed 
in the present work. The f.c.c. phase thus formed was of 
the order of 5 per cent and increased at 400°C, but at 
each such temperature the reaction took place in less 
than (the for the X-ray 
measurement) and ceased despite continued holding 
for 6 hr. 
related to the stacking faults present in the h.c.p. phase, 
it should be recognized that the increased intensity of 


10 min time required 


Although this phenomenon was probably 


the f.c.c. phase must have come from very much larger 
regions than the stacking-fault layers. Conceivably, 
the equilibrium temperature can be lowered by the 


energy of cold working (the enthalpy of the allotropic 
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TABLE 1. Stacking faults in cold-worked h.c.p. cobalt 


1960 


Annealing 
time 


Annealing 
temp., 


300 2 hr 0.62 
300 7 days 0.49 
300 7 days 

+ 0.46 
390 2 days 


* Integral line breadth 


transformation is only 60 cal/mole, which is about 
the same magnitude as the energy stored by cold 
working), and hence the f.c.c. phase may be generated 
below 417°C, at least in localized regions, if much 
recovery is not allowed to occur in advance. Once the 
f.c.c. phase has been formed in this way, it may persist 
even if recovery then ensues because the driving force 
tending to restore the h.c.p. increment is very small at 
these temperatures. 

On heating pressed powders above 417°C, both 
athermal and isothermal components of the h.e.p.— 
f.c.c. reaction were observed. At 430°C, 12 per cent of 
the f.c.c. phase formed rapidly (within 10 min) and 5 
per cent more in 6hr. At 450°C, the corresponding 
values were 15 and 12 per cent and at 470°C, they 
were 45 and 34 per cent. 

The h.c.p. + f.c.c. transformation during heating 
did not go to completion until above 500°C. Grain 
growth became quite noticeable in the diffraction 
patterns at about 600°C. On cooling from temperatures 
of 600°-1000°C, the amount of the f.c.c. phase retained 
at room temperature was 25-30 per cent, and tended 
to be larger for air cooling than for furnace cooling. 
The relative insensitivity to the heating temperature 
in this range may have resulted from the fact that 
grain growth and enhanced perfection of the parent 
phase can work in opposite directions in influencing 


martensitic transformations. Bibring et al.2”) have 
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+. 1. Heating transformation in Co h.c.p. — f.c.c. 


Integral breadth* (101) 
degrees in 26 


Stacking-fault probability 


Total 


Deformation 


Growth 


1: 31 1:53 1: 20 
1 : 26 1 : 125 1: 21 
3s 1: 250 1 : 25 


area of diffraction peak divided by height of peak. 


found that the f.c.c. phase is not retained at room 
temperature in massive, coarse-grained specimens, 
which is in contrast with the behavior of the powder 
specimens used in the present work. 

Starting now with specimens that had _ been 
annealed at 500°, 600°, and 1000°C and air cooled to 
room temperature, the heating transformation was 
traced again, this time dealing with the 70-75 per cent 
of h.c.p. phase that had been produced by the prior 


cooling transformation. Each of the specimens 
30° = 
° \ 
= 60K | wil 
50 4 
e 


HCP 
b 
] 


Vol 

| 


x 
e 
0 100 200 300 400 500 600 
T (*C) 
Fic. 2. Transformation hysteresis during slow heating 


and cooling of cobalt previously annealed at 1000°C 
for 3 days and air cooled to room temperature. Circled 
points indicate isothermal transformation. 


(Fig. 1) showed a small increase in the amount of h.c.p. 
phase on heating in the range of 300°—-400°C. Above 
420°C, the reverse h.c.p. <— f.c.c. transformation was 
found to set in more rapidly the higher the previous 
annealing temperature. This effect of prior history 
may be connected with the grain size and perfection 
of the f.c.c. phase generated by the annealing 
treatment. 

Fig. 2 traces two complete cycles of transformation, 
commencing with a specimen that had been air cooled 
from 1000°C. Each plotted point represents a 40 min 
hold. Again the formation of additional h.c.p. phase was 
noted during the heating before the h.c.p. < f.c.c. re- 
action occurred. During the second heating, however, 
this formation of h.c.p. did not take place; the sub- 
critical increment of transformation was found more 
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Per cent 
region 


Integral breadth * 


Treatment 
(101) degrees in 24 


600°C, 3 days, air cooled 0.90 35 


900°C, 0.45 40 


3 days, air cooled 


* Integral line breadth 


frequently in specimens that had been previously 
air-cooled, and less so in specimens that had been 
slowly cooled from above the critical temperature. 
The cooling transformation f.c.c. <— h.c.p. set in just 
below 400°C (after the conversion to the f.c.c. phase was 
complete at 550°C) and was mainly athermal, although 
a few per cent of isothermal transformation could 
invariably be detected if the holding time were 
doubled at any given temperature in the transforma- 
tion range. This was also the case for the afore- 
mentioned increment of f.c.c. —> h.c.p. transformation 
noted on subcritical heating. The encircled points in 
Fig. 2 indicate these isothermal effects. 

The stacking-fault probabilities in the h.c.p. phase 
after air cooling from 600° and 900°C are shown in 
Table 2. 
be distributed into two regions. Region 1, comprising 
about 35 per cent of the 75 percent h.c.p. phase present, 
contained only (random) deformation faults: region 2, 
constituting the remainder of the h.c.p. phase, contained 
both deformation and growth faults, with the latter 
predominating. The density of deformation faulting 
was about the same in the two regions and decreased 


In these instances, the faulting appeared to 


markedly when the annealing temperature was raised 
from 600° to 900°C. Yet the density of growth faults 
was not greatly changed by this difference in annealing 
temperature. Considerable grain growth had occurred 
in the f.c.c. phase when the annealing temperature was 
increased from 600° to 900°C. The local-strain and 
particle-size broadening in the as-transformed h.c.p. 
phase was insignificant compared to the stacking-fault 
broadening, i.e., the (hkO) and (00/) lines remained 
sharp. 

In every instance, the f.c.c. diffraction lines were 
sharper than those of the coexisting h.c.p. phase. The 
(200)¢ ¢¢. line can be broadened by local strain, small 
particle size, and stacking faults. However, since the 
local-strain and particle-size effects were small in the 
h.e.p. phase as produced by the allotropic transforma- 
tion, it was assumed that a similar situation prevailed 
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TABLE 2. Stacking faults in h.c.p. cobalt produced by the cooling transformation 


Per cent 
region 2 
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Stacking-fault probability 


Region 2 


Region 1 


» 


Growth Deformation 


Deformation 


Growth 


65 Nil 1: 33 1:12 1: 33 


: 300 


60 Nil 1 : 290 1:17 l 


- area of diffraction peak divided by height of peak. 


in the f.c.c. phase, and the entire broadening was 
ascribed to stacking faults. The integral breadth of 
the (200),..... line after air cooling to room temperature 
from 500°, 600° and 1000°C was found to decrease in 
that order. 
in the stacking-fault probability of roughly 1: 60, 
1: 80, and 1: 160, respectively. 

On reheating (see Fig. 3), sharpening of the (200)¢ ¢ ¢ 
line started at about 200°C and continued smoothly 


This trend corresponded to a decrease 


through the critical temperature. The decrease in 
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Fic. 3. At temperature breadth of the cobalt (200) f.c.c. 
line. Specimen annealed at 500°C for 3 days and air 
cooled prior to the cycles shown. 


stacking-fault probability in the f.c.c. phase, suggested 
by this progressive line sharpening, was not reversible; 
as shown in Fig. 3, broadening did not occur when 
the heating was interrupted at 400°C and the specimen 
cooled to 300°C. 
the broadening when the f.c.c. phase was cooled from 
However 


In addition, there was no return of 


690°C to the equilibrium temperature. 
when the f.c.c.—>h.c.p. reaction set in on cooling, 
concomitant line broadening took place (which was 


also the case for the aforementioned broadening of the 
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h.e.p. lines). A second heating resulted in line sharpen- 
ing again. In all subcritical iso- 
thermal f.c.c. —>h.c.p. transformation attended the 


instances, some 
line sharpening on heating. 

It is evident that the faulting in both phases must 
have been produced largely by the cooling transforma- 
tion, and was not inherited from the parent phase. 
Furthermore, no indication of an equilibrium adjust- 
ment between partials or extended dislocations was 
found on heating or cooling. For example, when the 
f.c.c. phase was cooled from above the critical 
temperature, the increasing relative stability of the 
h.e.p. phase should have caused an increase in the 
stacking-fault broadening if the partial dislocations 
were present in thermodynamic balance. This was not 
observed. Correspondingly, the reduction of stacking 
faults in the f.c.c. phase on heating could not be 
attributed to the decreasing relative stability of the 
h.c.p. phase because the recovery process was not 
critically affected by heating through the equilibrium 
temperature. The line sharpening was rather due to 
a relaxation process involving the removal of entire 
stacking-fault planes in the f.c.c. phase whenever the 


annealing kinetics were favorable. 


4. RELATIONSHIP BETWEEN THE OBSERVED 
STACKING FAULTS AND THE COBALT 
TRANSFORMATION 

According to Table 2, the stacking faults in the h.e.p. 
cobalt produced by the allotropic transformation are 
not uniformly distributed. Region 1 contains only 
deformation faults, both 
deformation and growth faults. and is much less 


while region 2 contains 
perfect than region |. This difference in perfection is 
due primarily to the concentration of growth faults in 
region 2. It is likely that region | represents the first 
phase to form on cooling, where 
the 


transformation strains can be readily accommodated 


part of the h.e.p. 
partitioning of the matrix is negligible and 
by slip and deformation faulting in both phases. In 
addition, the faulting of the parent phase during 
transformation may provide extra out-of-phase 
embryos for subsequent nucleation, or this induced 
faulting may be inherited by the h.c.p. phase in the 
growth process. In any case, the density of deforma- 
tion faults in such transformed regions might be 
expected to be very sensitive to the grain size and 
state of perfection of the parent phase, which is in 
line with the large decrease in the deformation-fault 
probability in region 1 when the annealing temperature 
is raised from 600° to 900°C (Table 2). 

During the latter part of the transformation on 


cooling, partitioning becomes more pronounced and 
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parallel layers of the h.c.p. phase come together, 
resulting in growth faults where the two h.c.p. lattices 
This, then, would 
region 2. The 


happen to be out-of-phase. 
correspond to the 
deformation faults in region 2 may originate partly in 
the same way (by growth) and partly through 
inheritance of the f.c.c. faulting generated during the 


situation in 


earlier stages of the reaction. 

Seeger") has proposed a propagation mechanism 
for the diffusionless f.c.c. —> h.c.p. transformation in 
cobalt, consisting of a pair of like partial dislocations 
that rotate around a perpendicular screw dislocation 
and thereby the ABC ABC stacking to 
ABABAB along an advancing helix. The present 
findings require three modifications in this mechanism: 
(a) Inasmuch as virtually no macroscopic displace- 
ments are observed, at least three sets of dislocation 


convert 


mills are necessary to enable the shear to take place 
with almost equal ease in any of the three 120° 
directions in the close-packed plane. (b) In view of the 
numerous stacking faults found in the h.c.p. phase, 
the rotating partials must be capable of making 


“mistakes” and accepting faults in the f.c.c. phase 
without becoming jammed. (c) The dislocation mills 


must lie preferentially at crystallite or subgrain 
houndaries to account for the fact that the stacking 
faults do not appear to terminate within the h.c.p. 
lattice or assume an equilibrium spacing. 

The isothermal component of the f.c.c. —h.e.p. 
reaction, observed on interrupted cooling in the 
reheating air-cooled 


transformation on 


specimens to 300°-400°C, appears to be associated with 


range or 


the increased perfection of the f.c.c. phase that occurs in 
this range. This suggests that the removal of stacking 
faults (probably deformation faults) in the f.c.c. phase 
may facilitate the dislocation motions which convert 
the f.c.c. configuration to h.c.p. All of these phenomena 
are consistent with a diffusionless type of transforma- 
tion. On the other hand, the isothermal part of the 
h.e.p. — f.c.c. reaction at temperatures of 430°-470°C 
in the initially cold worked powder may well involve 
diffusion. 
5. CONCLUSIONS 

1. Random growth and deformation faults can be 
measured quantitatively in cold-worked h.c.p. cobalt 
powder, after a low-temperature recovery treatment 
to remove the local-strain and particle-size broadening 
The f.c.c. phase is not present in this condition. 

2. When the h.c.p. phase is generated on cooling from 
the f.c.c. region, stacking faults are introduced, but they 
are not random. Region 1 contains only deformation 
faults, and region 2 contains both deformation and 
faults. It 


region | 


growth is postulated that 
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constitutes the first part of the h.c.p. phase to form on 
cooling, while region 2 represents the latter part of 
the transformation. Approximately 25-30 per cent of 
the parent f.c.c. phase is retained at room temperature 
under these conditions. 

3. The diffraction lines of the f.c.c. phase are 
relatively sharp at temperatures above the critical, 
indicating a very low probability of stacking faults in 
the parent phase. No broadening is detected on 
cooling to, and through, the equilibrium temperature. 
However, broadening does ensue on further cooling 
when the allotropic change sets in. Thus, the observed 
faulting in both phases is produced mainly by the 
transformation, and is not inherited from the parent 
phase. 

4. The faulting in both phases can be partly 
removed by heating at subcritical temperatures. This 
is not a reversible process. Isothermal transformation 
of f.c.c.—>h.e.p. takes place concomitantly: it is 
thought that this transformation results from the 
removal of stacking-fault barriers. 

5. The broadening effects in the various diffraction 
lines indicate that the stacking faults do not terminate 
within the crystallites or subgrains, but extend to the 
boundaries. No evidence is found to signify any 
reversible extension or contraction of the faulting in 
either phase with changing temperature. 

6. It should be emphasized that the above findings 
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were obtained on powder specimens and do not 


necessarily apply to massive specimens. 
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THE LIFE HISTORY OF INDIVIDUAL SLIP LINES DURING THE PLASTIC 
DEFORMATION OF a-BRASS SINGLE CRYSTALS* 


J.T. FOURIE* 


The development of slip line structures in two x-brass single crystals of different orientation is investi- 
gated experimentally with the electron microscope. By using a selected area replica technique, definite 


ireas are photographed repeatedly at intervals of approximately 2 per cent extension in thirty-six 


stages for one crystal and twenty-six stages for another. The results of average glide and density 


measurements of slip lines confirm an orientation effect observed in an earlier investigation. This is 


explained in terms of the formation of Lomer—Cottrell sessile dislocations. Measurements on individual 


lines indicate that these grow in depth, not continuously, but in definite steps as the extension is increased. 


These growth steps often occur simultaneously and can be attributed to the production of dislocation 


bursts by sources activated by strong local fluctuations in the internal stress field around them. As an 


alternative, a mechanism involving cross-slip between a number of lines is proposed. The formation of 


cross-slip itself is discussed with reference to successive micrographs of selected areas. These are ex- 


plained by assuming that a dislocation source is activated on the cross-slip plane as a result of high 


internal stresses. 


LSEVOLUTION DE LIGNES DE GLISSEMENT INDIVIDUELLES AU COURS 
DE LA DEFORMATION PLASTIQUE DE MONOCRISTAUX DE LAITON « 


L’auteur a examiné au microscope électronique le déplacement de lignes de glissement dans deux mono- 
cristaux de laiton x d’orientations différentes. I] utilise une technique d’empreinte permettant de repérer 
exactement la région examinée. Les régions ont pu alors étre photographiées, dans trente-six états de 


déformation pour le premier cristal et dans vingt-six états de déformation pour le second cristal. Chacun 


de ces examens correspond alors & une modification d’environ 2°, de l'allongement au cours de la 


déformation. Les résultats du glissement moyen et de la densité des lignes de glissement confirment 


leffet d’orientation observé au cours d’un travail antérieur. 
L’auteur explique cet effet en faisant intervenir la formation de dislocations sessiles de Lomer-Cottrell. 


Des mesures effectuées sur des lignes individuelles de glissement indiquent que celles-ci croissent en pro- 


fondeur de maniére discontinue mais de quantités déterminées lorsque la déformation s’accroit. Ces 


seuils de croissance apparaissent souvent simultanément et peuvent étre attribués a la production de 


groupes de dislocation par des sources activées par de fortes fluctuations locales du champ de tensions 


internes qui les entoure. L’auteur propose d’expliquer cet effet par un mécanisme qui fait intervenir le 


glissement croisé entre un certain nombre de lignes. L’apparition de ce glissement croisé est discutée en se 


référant aux micrographies successives dune région bien déterminée. L’auteur explique les micrographies 


obtenues en admettant qu'une source de glissement est active sur le plan de glissement croisé par suite de 


fortes tensions internes. 


DIE LEBENSGESCHICHTE EINZELNER GLEITLINIEN WAHREND DER PLASTISCHEN 
VERFORMUNG VON EINKRISTALLEN AUS «-MESSING 

Die Entwicklung der Gleitinien auf zwei x-Messing Einkristallen verschiedener Orientierung wird 
elektronenmikroskopisch untersucht. Durch eine gezielte Abdruckmethode werden bestimmte Gebiete 
nach Dehnungsintervallen von etwa 2°,, wiederholt aufgenommen, bei einem Kristall in 36 Stufen und bei 
dem anderen in 26 Stufen, Die Ergebnisse der durchschnittlichen Gleitung und die Messungen der Gleitlini- 
endichte bestatigen einen Orientierungseffekt, der in friiheren Untersuchungen beobachtet wurde. Er 
wird durch die Bildung von unbeweglichen Lomer—Cottrell Versetzungen erklart. Messungen an indivi- 
duellen Gleitlinien zeigen, dass ihre Tiefe mit wachsender Verformung nicht kontinuierlich sondern in 
bestimmten Stufen zunimmt. Diese Wachstumsstufen treten oft gleichzeitig auf und kénnen dem 
Auftreten von Versetzungsausbriichen zugeordnet werden aus Quellen, die durch starke lokale Schwan- 
kungen des inneren Spannungsfeldes aktiviert werden. Als Alternative wird ein Quergleitungsmecha- 
nismus zwischen einer Reihe von Gleitlinien vorgeschlagen. Die Bildung der Quergleitung selbst wird 
anhand einiger aufeinanderfolgender Bilder von ausgewahlten Gebieten besprochen. Sie wird erklart 
durch die Annahme, dass als Folge hoher innerer Spannungen eine Versetzungsquelle auf der Quer- 
gleitebene aktiviert wird. 


1. INTRODUCTION means that there is no control over which part of the 
Previous electron microscope investigations of slip — surface is ultimately seen in the microscope, nor is it 
lines on metal surfaces have all been carried out by possible to photograph the same area more than once. 
what can be termed random replica techniques. This One exception is a paper by Mader“) where the same 
* Received March 9, 1959. area is photographed a second time after further 

+ National Physical Research Laboratory, South African extension of the crvstal. 


Council for Scientific and Industrial Research, Pretoria, : , 
South Africa. The aim of the present work was chiefly that of 
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employing a recently developed selected area replic: 
technique to repeat and refine the measurements 
obtained by Fourie and Wilsdorf® on plastically 
deformed x-brass single crystals. The random replica 
technique used in the latter investigation necessitated 
the analysis of a large number of photographs before 
any conclusions could be drawn. The new technique, 
however, has made it possible to single out individual 
slip lines and examine their behaviour as_ plastic 
deformation is increased, thus greatly simplifying the 
The 


results described in this paper include measurements 


measurements and improving their reliability. 


on the variation of the average glide per slip line and 
the change in density of slip lines in specific areas 
during plastic deformation. In addition, measurements 
on the growth of individual lines are discussed as well 
as the formation of cross-slip and its association with 
other slip systems. Dislocation models are suggested 
which account for the development of the surface 
structures. 
2. EXPERIMENTAL 

(i) Preparation of single crystals 

The single crystals used in this investigation were 
grown from the melt in a graphite crucible of internal 


rectangular cross-section 1.2 x 2.4 mm according to a 


modified Bridgman method. The final composition of 


the crystals was 20°, zinc and 80°, copper, with 
traces of Fe, Pb and Nias impurities. The orientations 
of the crystals were determined from Laue photo- 
graphs and the two crystals chosen (57 and 61) had 
orientations as shown in Fig. 1. The crystals used in 
the previous investigation®) are also shown in this 
diagram. 

Polishing of the crystals was done electrolytically in 
a bath of 35°,, phosphoric acid at 2.6 V. 


(ii) Deformation of single crystals 

A simple tensile machine was used for extending the 
crystals. Crystal 57 had earlier been cut into two 
lengths, the one being used in the previous investi- 
gation®) and the other in the present investigation, 
where it was extended in thirty-six steps of about 


55 
44X x55 
@57 X44 
4 46 57 
(a) (b) 
Fic. 1. The orientations of crystals. (a) Axes. 


(b) Surfaces. 
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2 per cent elongation from 1/2 to 79 per cent. Crystal 


61 was extended in twenty-six steps from | to 62 per 
cent. The crystals were unloaded after every step of 
deformation for the purpose of replicating the surface. 
To eliminate the effect of widely differing strain values 
along the length of x-brass crystals at small deforma- 
the increase in the distance 
initially 


tions (Piercy et al.\), 


between two micro indentation marks, 


0.04 mm apart, was measured at » 500 magnification. 
In this manner the strain in that portion of the 
The 


replica technique which is described below permitted 


crystal was determined relatively accurately. 


any area in this narrow selected portion of the crystal 
to be photographed. The measured strain could thus 
be associated with the amount of slip shown in the 
actual micrograph to an even greater accuracy than in 


the previous investigation.“ 


(iii) Selected area replication 

The technique used in this investigation is the same 
in principle as the selected area replica technique de- 
scribed by Fourie®). However, a few important 
changes have been introduced, and the final technique 
may briefly be summarized as follows: 

(a) A primary Formvar replica backed with bedacry| 
is made according to Bradley". 

(b) The primary replica is shadow cast with Pt from 
a line source as described by Hall". The amount of Pt 
is calculated to give a layer 25 A thick and the sample 
is placed 10 cm from the source, the shadowing angle 
being about 30°. Without breaking the vacuum in the 
evaporation plant, the platinum layer is then backed 
with a carbon layer about 100 A thick. 

(c) The bedacryl layer is dissolved and the replica 
transferred to a newly cleaved mica surface as de- 
scribed in detail elsewhere.‘ 

(d) The carbon film, now facing upwards on the 
mica plate, is covered with a thin collodion film by 
flooding with a 1/4 per cent solution in amyl acetate 
and allowing this to drain vertically on filter paper. 

(e) The specimen carrier is positioned with respect to 
reference marks replicated from the original sample, 
and is fixed in position by allowing a | per cent 
bedacryl in benzene solution to penetrate between 
replica and specimen carrier. After allowing the 
bedacryl to harden for 5 min the carrier is securely 
fixed in position along its edges with 20 per cent 
collodion in amyl acetate. 

(f) The replica is detached from the mica plate by 
placing in distilled water for 5 min. 

(g) The specimen carrier is placed in chloroform for 
30 min during which time the Formvar and bedacryl 
layers are completely dissolved. 


| 
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The replica thus obtained is essentially a shadow- 


cast primary replica, backed with carbon and collodion. 


As the photographs in the present work indicate, there 
is a considerable improvement in resolution. A further 
advantage is that practically no replicas are lost 


through breakages, thus saving a large amount of 


preparation time. 


3. MEASUREMENTS AND RESULTS 
For the purpose of slip line measurement, three 
zones were selected on the replica of each crystal 
surface with the aid of the electron microscope. These 


zones were contained in an area | 0.15 mm, the 


area of the slit in the specimen carrier. Selection of 


the zones was at random. Every selected zone was 
photographed at each step of its deformation so that 
for crystal 57 three series of thirty-six photographs, 
and for crystal 61 three series of twenty-six 
photographs, were taken. The magnification used was 

9.000. The glide in the slip lines and their densities 
were calculated from measured widths and densities 
the known formulae given in 


according to well 


reference (3). 


(i) The ave rage glide per slip line 

In order to obtain a reliable value for the average 
glide, two fixed reference slip lines were chosen near 
the extremities of each zone at its highest deformation 
(e.g. lines A and F in Fig. 4h). On all photographs 
of lower deformations only those slip lines appearing 
between these two references slip lines were measured. 
Normally the distance between the reference slip lines 
about Four photographs representing 


Was Su. 


suitably spaced strain values were measured for all 


AVERAGE GLIDE PER SLIP LINE (A) 


1.0 
SHEAR STRAIN ¥ 


2. The average glide per slip line vs. the shear 
strain y. 
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1 
0.5 10 


SHEAR STRAIN & 
Fic. 3. The density of active slip planes vs. the shear 
strain y. 


three zones of each crystal. The results for each 
crystal were then combined. The average glide was 
obtained by dividing the total glide in the measured 
lines by the total number of lines. The results for 
the two crystals are given in Fig. 2. 

For crystal 57 the average glide at the beginning of 
deformation is about 400 A per slip line, while for 
crystal 61 it is about 200 A. This 
dislocations slip in 57 


indicates that 


causing encounter fewer 
obstacles than those in 61 during the initial stages of 
the 


average glide with increased deformation is much 


deformation. However, rate of increase in 
greater in the case of 61. This can be explained if 
many more of the active slip planes for 61 than for 57 
are initiated in the early stages of deformation. Thus 
the later stages of deformation of 61 would proceed 
to a large extent by the growth of already existent 
lines, while for 57 many new lines would be activated 
with less growth on the initial lines. 

If this result is compared with similar measurements 
on crystals which were investigated by a random 
replica technique? a definite correlation is found. In 
the latter investigation four crystals were used, 
namely crystals 44, 48, 55 and 57 (the other length of 
the crystal used in the present investigation). The 
The measured 
averaged glide values for 44 and 57 are about 280 A 


orientations are shown in Fig. 1. 


at the beginning of deformation while for 48 and 55 
the values are about 220 A and 180 A respectively. 
Furthermore the rate of increase in average glide is 
greatest for 55, while that for 48 is greater than for 
either 44 or 57. 

The results the 


experimental technique in the present investigation 


obtained with more sensitive 
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thus confirm the orientation effect observed pre- 
viously.®) The significance of these results will be 
discussed later in terms of dislocations. 


(ii) The density of slip lines 

The density of slip lines is defined as the number of 
slip lines per cm measured perpendicularly to the 
active slip planes. In the present investigation this 
was determined in the same way as the average glide, 
namely by counting the number of lines between two 
definite slip lines in each selected area and dividing 
by the perpendicular distance between the slip planes 
of the two reference slip lines. 

The results of measurements are presented in Fig. 3. 
The manner in which the density of lines increases in 
each crystal supports the deductions made from 
average glide curves. For crystal 61 there is a rapid 
increase at the beginning but the rate falls off 
considerably later on. Crystal 57 shows a smaller 
‘ate of increase at the beginning which, however, does 
not fall off as much during the later stages of 
deformation. 

These curves cannot be compared with those from 
the previous investigation as those measurements 
were made with reference to the width of slip line 
clusters and not to an area between two definite slip 
planes. It may be mentioned here that the 
distribution of slip line depths was found to be 
similar to those reported by Fourie and Wilsdorf®. 


(iii) Growth of individual lines 

To determine the way in which single slip lines 
develop during plastic deformation, several lines were 
selected in every zone. Their selection was at random 
except for the fact that they appeared as prominent 
lines at large extensions. This distinction is essential 
for obtaining a high relative accuracy of measurement. 
The widths of the slip lines were measured at a 
constant position along their lengths for every 
extension. For this purpose a line was drawn 
perpendicularly across the slip lines in exactly the 
same position for all photographs of a particular 
zone (e.g. dotted line X Y in Fig. 9). The glide in the 
slip lines was then determined from their widths at 
the points of intersection with the reference line. A 
typical series of photographs of the development of 
surface structures on crystal 57 is shown in Fig. 4. 
Here eight from a series of thirty-six photographs are 
arranged in order of increasing deformation from 
1/2 to 72 per cent extension. The lines which were 


measured in this particular case are marked at the 


edge of the photographs. 
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Examples of the curves obtained from these 
measurements are given in Figs. 5 and 6 for crystals 
57 and 61 respectively. Here the glide values in 
individual lines are plotted against the macroscopic 
shear strain. It is immediately evident that the 
growth of slip lines does not take place continuously 
but rather in definite steps. The height and number 
of these steps vary from line to line. However, what 
is more remarkable is that the majority of these 
growth steps occur simultaneously with growth steps 
in other lines. The arrows on the abscissae mark 
positions at which cessation of growth occurs 
simultaneously in different lines. For example in 
zone IIT of crystal 57 (see Fig. 5), there is simultaneous 
cessation in growth by lines A and F at y = 0.2, by 
lines B,C, D, F and G at y 
and G at y = 0.8. In the case of crystal 61 zone | 
(Fig. 6) we find lines A, B,C, D, F and G experiencing 
simultaneous cessation in growth at the point y = 0.7. 
The growth steps in line F are evidently in no way 


0.55, and by lines A, E 


associated with the others. 

This type of curve was obtained for all of the six 
zones investigated. Fig. 5 is more typical of the 
general form of the curves obtained for individual 
lines. That is, they normally exhibited two or more 
steps in their glide-shear curves. 

A further interesting phenomenon displayed by 
these curves is that the unloading of the crystal 
after each extension does not appear to affect the 
growth of the slip lines appreciably. This is 
particularly well demonstrated by the curves of lines 
(, D and F in Fig. 6 where all points on the steep 
portion of the curves lie on a smooth curve with every 


point representing an unloading of the crystal. 


(iv) Development of cross-slip 

The development of cross-slip with increasing 
deformation, and its association with the primary 
slip system, are problems which have stimulated much 
discussion since this type of slip was first recognized 
in an investigation of x-brass single crystals (Maddin 
et al.) At present it is generally accepted that 
cross-slip is intimately associated with the develop- 
ment of slip lines in face-centred cubic metals.“ 
The following discussion is based on common 
phenomena which are specially evident in the 
examples given in Figs. 4, 7 and 8. 

In Fig. 4c a cross-slip line has branched off line D. 
This cross-slip line has caused all portions of inter- 
sected lines to the left of it to be displaced towards the 
bottom end of the photograph and in Fig. 4e this dis- 
placement is at a maximum. In Fig. 4f, however,a new 
cross-slip line has developed above line D, and has 
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;. 4. The development of slip lines on crystal 


0.01; 
0.46; 


0.08; 
0.90: 


(b) € 
(f) 


(a) € 
(e) 


0.005, 4 
0.23, 


0.04, y 
0.45, y 


displaced portions of intersected lines to the left of it to- 
wards the topend of the photograph. The slip direction 
in this line must therefore differ by 180° to that in the 
first cross-slip line, since only the forward and reverse 


slip directions are possible for the same slip system. 
Further, its slip has taken place on the identical slip 
plane on which the first cross-slip line developed. 


This is obvious because the slip in the first cross-slip 
line has to a large extent been annulled by the dis- 
locations of the second cross-slip line extending 
To 


downwards beyond line D. assess this it is 


1960 


9000. 
(d) 0.16, y 
(h) € 0.72, y 


57 zone I. 
0.12; 
1.34; 


0.06, 
0.57, 


(c) € 
(g) € 


necessary to look along the slip lines of the primary 
system and compare respective displacements in 
successive photographs, e.g. by looking along the lower 
edge of line D it can be seen that the downward 
displacement of the left hand portion has decreased 
considerably from Fig. 4e to Fig. 4f. 

A striking example of the growth of slip lines by 
cross-slip is found in Fig. 7. In Fig. 7a a slip line P 
has grown considerably in depth at the point where a 
cross-slip line joins it to line Q, which has also 
experienced an increase in depth. In Fig. 7b, it is 
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Fic. 5. The glide in single slip lines in crystal 57 zone III plotted against the shear strain in the crystal y 


@ 
/ 


evident that the latter process has repeated itself 
and the resulting increases in depth of the lines P 
and Q are tremendous. It is also interesting to note 
that the cross-slip line has extended beyond @Q and 
caused a considerable increase in R by joining to that 
line. In other words the lines Q and R have 
experienced simultaneous growth due to cross-slip. 
The cross-slip line has also extended upwards from 
line P and caused slip in the reverse direction. Fig. 7c 
shows a further increase in the depth of lines P, Q and 
R due to the passage of more dislocations along the 


same cross-slip line. 


SHEAR STRAIN ¥ 


Fic. 6. The glide in single slip lines in crystal 61 zone I plotted against the shear strain in the crystal y. 
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The phenomenon of the slip direction being reversed 
on the same cross-slip plane, as described in both of 
the above examples, is often encountered in «-brass. 
It can best be explained by assuming that a dislocation 
source of the cross-slip system is activated by local 
internal stress fluctuations due to pile-ups. These 
fluctuations are apparently so great that a previously 
activated source can be made to operate in the 
reverse direction. In the observed 
phenomena are more easily explained by assuming 


some cases 


that more than one source is located on the same 
slip plane, and that these are activated in turn. The 
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9.000. 
O.78: 


re The growth of slip lines by cross-slip. 
0.34. 0.68; (b) « 0.39, 
0.70, 1.40. 


(C) 


dislocations produced by these sources in the cross-slip 
plane are supposedly annihilated when they meet 
screw dislocations of opposite sign piled up in slip 
lines of the primary slip system, with a resultant 
increase in the depth of these slip lines. 

From the phenomena observed in Figs. 4 and 7 it 
appears further that once a slip source has been 
activated on a cross-slip plane, it is highly probable 
that further cross-slip will be repeated along the same 
slip plane. This means that whatever mechanism is 
responsible for the so-called coarse slip in the primary 
system (characteristic of g-brass and not found in 
the 
responsible for the “‘softening” of a cross-slip plane 


pure metals"), is, in case of x-brass also 


during its initial activation, with a_ resultant 


preferential slip on this plane. 
Fig. 8 is an extract of the last few photographs 


taken of zone IL crystal 61. Here the conjugate 


1960 


system (white lines) has become active and the same 
type of slip line growth by preferential cross-slip on a 
single plane is shown to operate in the conjugate 


system. 


(v) Measurements at cross-slip intersections 

If there is a change in the amount of glide in a 
primary slip line at the point where it is intersected 
by a cross-slip line, it can be shown by actual 
measurement that the same change in glide takes 
place in the intersecting cross-slip line. For this type 
of measurement, the crystal surface should be so 
oriented that the glide in slip lines of both the primary 
and measured with 
comparable accuracy. This condition is best obtained 
when the glide direction is inclined about 40°— 60° to 
the respective slip line traces on the crystal surface. 


cross-slip systems can be 


In Fig. 10a micrograph of a crystal surface suitably 
oriented for observing this phenomenon is shown. 


Fic. 8. The growth of slip lines of the conjugate system 
(white lines) by cross-slip. 9,000. (a) ¢ = 0.61; 


(b) 0.63; (c) 0.65. 
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TABLE 


Change in glide of asso- 
ciated cross-slip line (A) 


Change in glide of primary 
system slip line (A) 


1350 1310 
310 330 
1250 1060 
1140 1150 
1420 1390 


A number of measurements were carried out on 


intersection points of slip lines and the results are 


contained in Table 1 


Taking into account the experimental error 
involved in making absolute measurements on 


replicas (see reference 11), all these results indicate 
that the change in glide in a slip line of the primary 
system is equivalent to the corresponding change in 
glide of a cross-slip line at the point of intersection 


of the two lines. 


4. DISCUSSION AND CONCLUSIONS 
It will now be shown that the results obtained 
this investigation are in agreement with the theory 
work-hardening to the formation 
It will also be 
shown that the step-wise manner in which slip lines 


attributes 
of Lomer—Cottrell sessile dislocations. 


which 


grow can be accounted for by the theory of dislocation 
bursts proposed by Mott[*), or alternatively by a 
theory based on certain cross-slip phenomena. 

As the results in Figs. 
the results of the previous investigation, 


2 and 3 indicate, and also 
crystals 
with orientations such as 55 and 61 accommodate 
much less glide on single planes at the start of 
deformation, 
(see Fig. 1). 


the same material and according to the same method, 


than do crystals oriented as 44 and 57 
Since the crystals were all grown from 


the number of inherent obstacles to slip should be 
the same. In other words the differences in surface 
structure must be due to a difference in the rate of 
production of obstacles formed as a result of plastic 
et 


whose axial orienta- 


deformation. It has been shown by Seeger 
that crystals such as 55 and 61, 
tions lie close to the great circle joining the {100| 
and [111] directions, are inclined to form Lomer 

Cottrell dislocations from the beginning of deformation, 
since the Lomer—Cottrell reaction is stimulated by the 
increasingly high resolved shear stress on the conjugate 
system. In crystals with orientations such as 44 and 
57, on the other hand, the tendency to form sessile 


dislocations rapidly diminishes as the tensile axis 


towards the interior of the stereographic 
On the basis of these predictions it is 
the 


moves 
triangle. 


possible to explain orientation dependence 
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observed in the development of slip lines in «-brass 


that the formation in 


Lomer-Cottrell barriers plays an important part of 


Consequently, it appears 
limiting the amount of slip in slip lines during plastic 
flow. 

A further interesting result that has emerged from 
this investigation is that the growth of slip lines in 
a-brass single crystals takes place definite steps, 
and that these steps often occur simultaneously. 
This phenomenon, evident in Figs. 5 and 6, cannot be 


regarded as coincidental, since it was found to be 


present in all of six randomly selected areas. These 
sudden increases in slip line depths are similar to the 
effect which would be produced by the dislocation 
The 


where a 


bursts proposed by Mott term “dislocation 


bursts” refers to the case limited number of 
sources produce a large number of dislocations during 
a small increase in the overall strain. These bursts 
are supposed to occur as a result of strong local 
in the internal stress 


The 


therefore occur simultaneously in a number of closely 


fluctuations during plastic flow 


field near the dislocation sources. bursts would 


situated lines (i.e. within a distance of about 5 yu) 


provided that their respective sources were situated 
that they 
affected by fluctuations in the local stress field. 


could all be similarly 


If o, 


is the local stress required to activate the dislocation 


so close together 


then the simultaneous dislocation bursts of a 
the 


sources, 


number of sources can be expected when 


component of oc, in the direction of the applied stress is 


below a certain value for all the sources participating. 


\X 
| 
| 
/// 
///// 1 ; 77 R 
ERE SE ay ava am 


| 
iY 
Fic. 9. A diagrammatic representation of the manner 


in which cross-slip could account for simultaneous 
growth in slip lines. 
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Fic. 10. An example of a possible model which could 
account for the simultaneous growth of slip lines. 
There will also be a simultaneous cessation of the 
bursts when a the local internal 
inactivates the sources concerned. 
As an alternative to the mechanism of dislocation 


rise in stress 


bursts, a certain cross-slip phenomenon in «-brass 


VOL. 8, 1960 

can be used to explain the simultaneous development 
Fig. 9 represents a type of surface 
cross-slip 


of slip lines. 

structure often 
line C' has connected a line P of the primary system 
with lines Q, R and S, causing these lines to grow by 
different amounts to lines P’, Q’, R’ and S’. Now, if 
the widths of these lines were measured along the 
dotted line X Y, then the lines Q, R and S would be 
observed to have grown simultaneously to form lines 
Q’, R’ and S’. This could occur according to the model 


observed in «z-brass. 


for cross-slip mentioned earlier. A good practical 


example is given in Fig. 10 where lines Q’, R’ and S’ 


have resulted from dislocations moving in cross-slip 
line C. 
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SUBCRYSTALS IN LARGE VAPOUR-GROWN CRYSTALS OF TUNGSTEN* 


G. D. RIECK and H,. A. C. M. BRUNING?* 


Single crystals of tungsten, grown by decomposition of the chloride in the vapour phase, were in- 
vestigated. A substructure has been found both with X-ray and microscopic techniques. The disorien 


tation between the subcrystals is at random and is therefore different from that found in single crystals in 


recrystallized doped tungsten wires. The occurrence of a substructure or even dendritic branches depends 


upon the circumstances during the growth. The rows of etch pits on the photomicrographs of etched 


surfaces are of the same nature as those found by other authors on tungsten prepared in a different 


manner. Electron-microscope pictures of etched surfaces sometimes reveal pyramid shaped etch hills 


and whisker-like needles, which are supposed to be subecrystals grown with the highest perfection, 


during temporarily favourable conditions. 


LARGES CRISTAUX DE TUNGSTENE 
DE LA PHASE VAPEUR 


SOUS-STRUCTURES DANS DE 
FORMES A PARTIR 


Les auteurs ont examiné des monocristaux de tungsténe formés par décomposition du chlorure dans la 
phase vapeur. [ls ont observé la présence dune sous-structure, a la fois par les techniques de rayons X et 


de microscopie. La désorientation entre les sous-grains est quelconque et différe ainsi de celle trouvée 


dans des monocristaux de fils de tungsténe dopés et recristallisés, La formation d’une sous-structure ou 


méme de branches dendritiques dépend des conditions de croissance. Les rangées de piqtres de corrosion 


sur les micrographies sont de méme nature que celles trouvées par d’autres auteurs sur du tungstene 


préparé de facon différente. Les micrographies électroniques de surfaces attaquées révélent parfois des 


piqtres pyramidales et des aiguilles semblables aux barbes, Ces derniéres pourraient étre des sous-grains 


de haute perfection formés par suite de existence temporaire de conditions favorables. 


VON GROSSEN, AUS DEM DAMPF GEWACHSENEN 
WOLFRAMKRISTALLEN 


SUBKRISTALLE 


Durch Chloridzersetzung wurden aus der Dampfphase Wolframeinkristalle hergestellt. Rontgeno 
graphische und mikroskopische Untersuchungen zeigten das Vorhandensein einer Substruktur an. Die 


Orientierungsunterschiede zwischen den Subkristallen sind regellos und somit verschieden von denen bei 
Einkristallen aus dotierten rekristallisierten Wolframdrahten. Das Auftreten einer Substruktur oder von 
dentritischen Asten hangt von den Verhaltnissen wahrend des Wachstums ab. Auf mikroskopischen 
Bildern von geatzten Oberflachen finden sich Reihen von Atzgriibchen derselben Art, wie sie andere 
Autoren bei verschiedenartig prapariertem Wolfram gefunden haben. Elektronenmikroskopische 


Bilder von geatzten Oberflachen weisen zuweilen pyramidenformige Atzhiigel und whiskerahnliche 
Nadeln auf. die vermutlich Subkristalle darstellen, die wahrend zeitweilig giinstigen Bedingungen mit 


héchster Vollkommenheit gewachsen sind 


1. INTRODUCTION 


therefore had to be removed afterwards from the 


Some years ago a substructure with systematic final crystal. The resulting small rods of ‘pure’ 


disorientations was found in large crystals in recrystal- tungsten were investigated by means of X-rays and 


lized wires of tungsten to which a so called dope was also metallographically, and showed a different type 


added.” This fragmentation was enhanced when the — of substructure compared with that in the crystals in 


crystals were plastically bent. We wished to compare drawn and recrystallized doped wires. Sometimes 


the perfection and behaviour in bending of those — this substructure can develop into a dendritic growth 


crystals with that of single crystals of pure tungsten. It seemed therefore worthwhile to consider the perfec 


In drawn wires of “pure” tungsten, crystals of tion of the vapour-grown crystals in relation to the 


sufficiently large dimensions (e.g. about 1 cm in circumstances of growth. We extended the investiga 


length) cannot easily be obtained. For this reason tion with electron-microscopical examination of 


we used crystals of “pure” tungsten which were — original and etched surfaces. For comparison we also 


prepared by decomposing the vapour of tungsten investigated crystals of zone-melted tungsten 


chloride (according to the van Arkel process'’) on a 


heated single-crystal wire of small diameter. This 2. THE CRYSTALS 


single-crystal core itself contained a ThO, dope and For the preparation of single crystals according to 


the van Arkel method a single-crystal tungsten 


* Received March 17, 1959. ee wire is resistance-heated to about 2000°—2300°C in an 
+ Philips Research Laboratories, N.V. Philips’ Gloei- 
lampenfabrieken, Eindhoven, Netherlands. 


ACTA METALLURGICA, VOL. 8, FEBRUARY 1960 97 


atmosphere of tungsten hexachloride vapour. Thi 
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Fic. 1. Vapour-grown tungsten crystals. » 3. 
(a) with small number of irregularities 
(b) with some protruding pyramids 

(c) with many small pips 

(d) with many dendritic branches. 


wires on which the tungsten deposits were in our case 
so called Pintch single crystal wires of 1004 
diameter. They consist of tungsten with an additive 
of 1°, ThO,, which favours exaggerated grain growth. 
After suitable deformation such a wire can be passed 
through a furnace at a velocity at which it recrystal- 
lizes into one long single crystal. The wires used were 
old stock from a commercial source. The WCl, was 
purified by sublimation just before use. The vessel 
containing the wire and the WCl,, in which the 
decomposition takes place, is thoroughly degassed 


| 
| 
| 


Fic. 2. The abrasion procedure of a vapour-grown 
tungsten crystal (cross section). Hatched area: the 
resulting pure single crystal. Surface AB of part ABCD 
was investigated. 
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and heated to about 120°— 140°C in order to obtain 
sufficient vapour pressure of WCl,. The chlorine 
which is formed according to the reaction WCl,— 
W + 3Cl, is bound by another tungsten wire heated 
to about 1200°C, resulting in regeneration of the 
hexachloride. The vapour pressure of the WCl, and 
the temperature of the single-crystal wire determine 
the rate of decomposition of the WCl, and hence of 
the growth of the single crystal. 

Depending on this rate of growth and on the 
absence or presence of small amounts of contaminating 
gases, e.g. oxygen, one may obtain either “‘real’’ 
single crystals which show, macroscopically, virtually 
no irregularities; or else crystals with a more or less 
uneven surface. The irregularities can be restricted 


Fria. 3. Laue back-reflection diagrams obtained with 
amicrobeam. The spots are split in a non-systematic 
way. 


to small pyramids protruding from the crystal, but in 
an extreme case they comprise a covering of protrud- 
ing branched crystals along the whole length of the 
wire. Fig. la-d shows (a) an example of a good 
single crystal, (b) one with a few small pyramids, 
(c) one with many small pips on the surface, and 
(d) one which is covered with “branches”. The 
crystals with many branches were obtained when 
trying to grow an additional layer on “‘good” crystals 
(of about 1 mm diameter) under unfavourable purity 
conditions and very rapidly. 

Three of the “good” crystals were chosen for 
investigation, by X-ray methods, on fragmentation.” 
In order to eliminate the influence of the core of the 
ThO,-doped wire, we abraded a crystal of about 4 em 
length until the plane of abrasion reached the core 
wire. Another quarter of the crystal was then 
removed by abrasion along a direction perpendicular 
to the first and again parallel to the wire axis. The 
remaining part of the core, forming now an edge of 
the prism, loosened during the subsequent etching 
away of the deformed outer layer, and a “‘pure” 
tungsten rod of about 4cm length remained. Fig. 2 
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(c) 


Fie, 4. Sections of vapour-grown tungsten crystals (etched 20 see in 10°, H,O,). 67. 


(a) longitudinal through central wire 
(c) etched cross section perpendicular to the central wire 


illustrates this procedure. In this figure some surfaces 
are indicated by letters, to which we will refer in the 
section on the electron microscopical investigation. 
Spectrochemical analysis of the “pure”’ crystals gave: 


Mo Si 
0.019% <0.001% 


Al Cu “e Th 


<0.0002°,, 0.0002°,, 0.0002°; 


) 


For comparison tungsten crystals were made by 
zone-melting a sintered and swaged rod of the metal 
with less than 0.001°, of any impurities (except Mo), 
applying the “‘floating-zone”’ technique. The floating 
molten zone crystallizes at a rate of 3.5 em/hr to a 
few parallel single crystals or, after repetition of the 
melting, even to one single crystal. As purification 


(b) the same but just outside the central wire. 
(d) longitudinal, just below the outer surface of the crystal. 


was not the main purpose of this melting, no final 
chemical analysis was made of the crystal.* 
3. X-RAY INVESTIGATION 
In order to compare the structure of the vapour- 
grown crystals with those in recrystallized doped 
back- 
reflection photographs. This method was as described 


tungsten wires, we took microbeam Laue 


for the crystals in drawn wires.” In some cases we 
obtained patterns from the vapour-grown crystals 
from which the presence of subcrystals with orienta- 
tion differences ranging from some minutes to several 
degrees could be deduced. The splitting up of the 


* We are indebted to Mr. H. T. 
crystals. 


Schaap for preparing these 


(a) (b) 
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Fic. 5a. Sub-boundary in vapour-grown crystal. 
of arrows in Fig 5a 


spots was found to be especially pronounced when 
the crystals showed also some macroscopic irregulari- 
ties (as in Fig. Ib). Fig. 3 represents such a Laue 
back-reflection diagram. We could not, however, 
detect any systematic type of splitting up of the spots 
common to the majority of the diagrams, as was found 
for the crystals in recrystallized drawn wires. Neither 
did bending and rebending of the crystals induce this. 
Bending proved to be possible in all three cases, but 
is not always possible with the unabraded vapour- 
grown crystals. Splitting up of the spots did some- 
times occur but was not confined to the direction 
corresponding with a rotation of the subcrystals 
around the rod axis. The same was found on diagrams 
from unabraded crystals which had been bent and 
rebent. 


The difference in substructure between the vapour- 


grown crystals and those grown by recrystallization 
in a drawn wire of doped tungsten, confirms the 
assumption that the peculiar behaviour of the latter 
crystals must be a result of the presence of the dope, 
namely in the form of strings or planes parallel to the 
wire direction. Such strings are of course absent in 


the vapour grown crystals. 


4. MICROSCOPICAL INVESTIGATION 


After abrasion, sections of the vapour-grown cry- 


stals were electrolytically polished in a solution of 


0.1°,, NaOH by applying a voltage of 10 V for about 


5b. Idem: area around point of intersection 
enlarged. 1300. 
| hr. The current density was about 50 mA/em?. 
After polishing, the crystals were etched in different 
ways, namely: 

(a) chemically: for 1 min in equal parts of a 10°, 
potassium ferricyanide and a 3°, NaOH solution in 


water, 


(b) chemically: for 20 see in a boiling solution of 


10°,, H,O, in water, 


(c) electrolytically: for 10-20 sec in a solution of 


1°, NaOH in water and with an applied potential 
of LV. 

When we could see macroscopically some irregu- 
larities on the crystal faces, then the optical micro- 
graph showed sub-boundaries as illustrated in Fig. 4. 
Fig. 4a is a longitudinal cross section through the 
central wire and Fig. 4b shows a section in a plane 
just outside this wire. They indicate more or less 
cone shaped suberystals with the top of the cone 
pointing to the central wire. The same applies to 
Fig. 4c, a cross section perpendicular to the central 
wire. The closed loops seen in a plane parallel to the 
wire, but just under the outer surface of the single 
crystal, are in accordance with this idea (Fig. 4d). 
Moreover we traced several of these cones by a step- 


wise abrading away of the metal, taking photomicro- 


graphs at each step. One can then see a widening of 


the loops, from the central wire to the outside of the 
crystal. Fig. 5a shows a boundary like that in Fig. 4a 
at a higher magnification, and Fig. 5b a detail enlarged 
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Fic. 6a and b. Sub-boundaries in crystal 
with irregularities. 


1300 times. We can see that the sub-boundary lines 
are built up as rows of etch pits. The density of etch 


pits on those lines can be estimated as at least 
15,000 cm~!. These pits may well, therefore, represent 
dislocations, for this density would then correspond 
to a disorientation of one to a few minutes as was 
indeed observed with the X-ray micro-beam technique. 
The inside of the cones often shows fewer etch pits 
If we investigate crystals 


than the surroundings. 
with many protruding pyramids we find on the photo- 
micrograph the same type of pattern but with many 
more etch pits. The pits are often aligned along 
parallel lines (Fig. 6) 


VAPOUR-GROWN CRYSTALS 


Good crystal on which a very imperfect crystal 
has been grown. 50. 
(a) perpendicular to wire axis 
(b) parallel to wire axis 


The occurrence of the substructures is closely related 
to the circumstances under which the crystal grows. 
This can be illustrated by taking a vapour-grown 
crystal, without faults and with a diameter of about 
| mm, and subjecting it to a renewed growth process 
but now in a less pure atmosphere (the initial vacuum 
being rather poor) and also at a faster rate. We then 
obtain crystals like those depicted in Figs. le and d. 
A cross section of such crystals shows an inner part 
practically without sub-grain boundaries and an outer 
part containing many boundaries starting where the 


imperfect growth has begun (Fig. 7). Many of these 


(a) (a) 
(b) (b) 
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Fic. 8. Cross section perpendicular to wire direction 
which is |111]} axis. 60. 


boundaries start as rows of separate pits, then form 
real lines and develop into crystal boundaries of the 
more or less separate dendritic crystals. This cor- 
responds with a gradually increasing difference in 
orientation between the parts of the crystal. 

The relation of rows of etch pits to growth and 
crystallographic orientation is illustrated by Fig. 8 
representing a cross section perpendicular to [111], 
the wire direction. 

For a few of the dendritic branches which were 
shaped more or less like pyramids, we determined the 
orientation of their “‘axis’’. It proved to be [100}. 

The zone-melted tungsten crystals investigated with 
the above mentioned etchants showed only etch pits 


at random and no substructures. 


Etch pits in tungsten crystal (etched: 20 sec 
in 10°, H,O,). 8000. 


5. ELECTRON-MICROSCOPICAL INVESTIGATION 
The outer surface of the vapour-grown crystals, and 
their sections, were studied with a Philips EM 100-B 
electron microscope. The first pictures were obtained 
by the indirect methacrylate-SiO, replica technique. 
For the remainder, however, a direct carbon replica 
was made, the surface being first shadowed with 
platinum, then the carbon layer applied (whilst the 
sample was rotated) and finally the replica separated 
from the surface of the metal by dissolving the latter. 
The same electrolytic polishing and etching techniques 
were used as described above. 

In addition to the rows of etch pits as shown in 
Fig. 9, some remarkable details are seen, namely 
etch hills and whisker-like needles. On the unetched 
outer surface of the crystals we sometimes see pyra- 
mids like those of Fig. 10. But on the surface of 
etched crystals too we have seen hills or pips like 


Fic. 10. Pyramid on surface of vapour-grown W- 
crystal, unetched. 5000, 


those shown in Figs. lla, b and c. They are generally 
rounded like those of Fig. lla, but a few are found 
with steps as in Figs. 11b and Ile. Judging from the 
deviations from parallelism and in the 45° angles 
between the contour lines of the pyramids in Fig. Ile, 
small orientation differences seem to be present (up to 
5°). The pyramids are seen here on the plane of 
abrasion, which corresponds roughly to a (510) face, 
and in Fig. lle the boundaries could represent 
intersections with (100) and (110) faces; in Fig. 11b 
apart from three (100) and (110) faces a (210) face can 
also be present. The latter etch hills are found on an 
“inner” surface like AB in Fig. 2 and one must 
therefore keep in mind that these pyramids have their 
tops pointing towards the interior of the crystal 
(although not exactly to the central wire), whereas the 
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the white rod in Fig. 12b represents the hollow cor 
in the carbon replica, where the “whisker” has been. 
The core can only be seen easily where the whisker 
starts to protrude from the surface, because only thers 
has no platinum or carbon come between the needle 
and the surface (on the original photographic negative 
this core is seen to be present over almost the whol 
length of the white rod). The cross section of this 
core is about 50 my: the length of the needles are 
1-3 uw. These needles are found on different crystals 
after etching either with boiling H,O, solution or 
with K,Fe(CN), + NaOH, and also on the unetched 
outer surface of a crystal with irregularities (like 
Fig. 1b). As the nonmetallic compounds of tungsten, 
e.g. chlorides or oxychlorides, would dissolve in both 
etching agents more quickly than the metal itself, we 
must assume that those whisker-like needles consist 
of tungsten metal which has withstood the etching 
agent somewhat better than the surrounding material. 
It was not possible to determine the crystallographic 
direction of the needles (e.g. in Fig. 12a), and thus we 


Fic. l2a Whisker-like needles on “inner” surface 
etched vapour-grown W-crystal (etched 10 min 
3% H,O,. 6000. 


Fic. lla. Etch hill on “‘inner” surface of vapour-grown 
W-crystal. 9000. 
b and ¢ Etch hills of pyramid shape. 
50,000 and » 9000. 


pyramids of Fig. 9 stand on the outer surface of the 


crystal. 
Very remarkable too are the small needle-like 
crystals which protrude from the etched surface, 
». s > ase > arged 
we Fig. age onl Fic. 12b One whisker enlarged. (linear shadow from 
35.000 times. The black central line on the right of Pt. rounded shadow from C). x 35,000 


J 
(a) 
(b) 
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do not know whether those directions are crystallo- 
graphically related to each other, or not. 


6. DISCUSSION OF RESULTS 

It is known that most crystals grow with faults 
and that only very seldom are ideal crystals formed. 
Rapid growth and the presence of contaminations 
will favour the generation of imperfections. Sub- 
structures in crystals of tungsten have been reported 
when the crystals were grown in drawn doped wires”? 
and also when they had grown in are melted metal.@.” 
The substructure in crystals grown in doped wires is, 
however. as we showed above, of a different nature 
from that in crystals grown from the vapour phase or 
from molten metal. Strings of contaminations in the 
wires are thought to be responsible for this difference.” 
The direction of growth is radial in the case of the 
vapour-grown crystals, and thus a disorientation, as 
in wire-grown or other crystals grown axially,'?) is not 


to be expected. It is remarkable that the pictures of 


the substructures found here in vapour-grown crystals 
closely resemble those found by Geach and Jones in 
crystals from are-melted tungsten. That we did not 
find the same kind of subcrystals in the single crystal 
made by zone melting the metal can be explained by 
the much lower rate of growth used (3.5 em/hr) 
compared with that mentioned by Geach and Jones 
(13. mm/min). This then is in accordance with the 
observation of Chalmers et al. who found less sub- 
grains at slower crystal growth. Dendritic growth 
occurs when the rate of growth is too high. We have 
that by 
change occurs from crystals with a small amount of 


seen varving the circumstances a gradual 
substructure to the formation of dendritic branches 
on the crystal. The orientation differences between 
the se berystals can thus be considered as a first step 
towards dendritic growth. The same correlation is 
found by Weinberg and Chalmers‘* in lead crystals 
grown from the melt. The relation between the number 
of etch pits and the degree of disorientation occurring 
indicates that the etch pits we observed could cor- 
respond with dislocations just as could those found by 
Geach and Jones, and by Wolff, by different etching 
techniques. 

Etch hills have also been found on z-iron by van 
Wijk and van Dijck®), and on Tantalum by Bakish®, 
both again being body-centred cubic metals. The 
etch hills indicate that the material of the hill is less 
attacked by the etchant than is the surrounding 
metal. This might be explained by assuming that the 
hills consist of more perfectly grown crystals, and 
one is inclined to think of growth spirals. It could be 
that during a short period in which the transport of 
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new material to the growing crystal was temporarily 
decreased, resulting in a low concentration, the spiral 
was formed on top of a screw dislocation emerging 
from the metal, and that afterwards this spiral was 
embedded in metal deposited at higher concentration. 
The pyramids are found on the surface AB of the 
part ABCD in Fig. 2. 
growth from AB towards CD, then the pyramids 
must have grown from the top to the bottom. A 
growth direction from CD towards A B, corresponding 
to a growth from the bottom towards the top of the 
pyramids, cannot however be excluded, in view of the 


If we assume a direction of 


irregularities observed in the less perfect crystals. 
The difference in rate of solution in the etchant 
between the spiral and its surroundings seems to be 
very small, for we have observed the etch hills in 
only very few cases. The hills with rounded summits 
may represent pyramids which have been partly 
dissolved by the etchant. The view that the cone- 
shaped subcrystals are often more perfect than their 
surroundings is in accordance with the fact that, in 
the micrographs, the latter regions have more etch 
pits than the former, though this also might have 
been brought about by a difference in orientation. 
The “etch whiskers” are more common, and could 
be explained in the same way as follows: During the 
deposition of the metal on the hot wire the vacuum 
pump is used from time to time in order to maintain 
an adequate vacuum. This results in a change in the 
vapour pressure, which gives only a short period 
favourable for the growth of whiskers. Those whiskers 
actually form at several points but when the pressure 
increases again the normal growth can continue, and 


the protruding whisker is embedded in newly formed 


material. Afterwards the whisker, by reason of its 
perfection, dissolves less readily in the etchant than 
does the surrounding material. We found 
whiskers on all kinds of etched surfaces, but also on a 
In the 


latter case the stopping of the growth process will, for 


have 
fresh unetched outer surface of a crystal. 


a short period, provide a lower concentration of the 
decomposing halide. Webb and Riebling™ studied 
the formation of metal whiskers by reduction of the 
halides with hydrogen, and found that the transport 
of the metal is performed by the halide vapour. 
This confirms the view that in our case too, of decom- 
position without hydrogen, small changes in vapour 
pressure have a large influence on the local concen- 
tration of metal vapour and hence on the growth of 
the metal single crystal or whisker. 

Even the pyramid shaped dendritic branches can 
be a result of the difficulty of transport of metal 
atoms to places near the central wire. They are grown 
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too rapidly, however, for us to expect them to show 
growth spirals or whiskers. 
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POLYGONIZATION OF 31°, ALPHA-BRASS* 


Vv. Y. DOO+ 


31°, alpha-brass crystals grown by melting high purity copper and zine together were used in this 
investigation. Single crystals bent within, as well as slightly beyond, the single slip region were poly- 
gonized to form dislocation walls perpendicular to the major set of slip planes after a final anneal of 
1-2 hr at 700°C or 750°C. Bent polycrystalline specimens having very high dislocation densities in all 
sets of active slip planes were polygonized to form subgrain boundaries after a similar anneal. 

Even though the stacking fault energy of alpha-brass is likely to be lower than that of the copper, 
the former polygonized at a relatively lower temperature. It is believed that the high self-diffusivity of 
alpha-brass is one of the important factors which facilitated the climbing of its dislocations. The 


present results substantiated Barnes prediction that the dissociated dislocations can climb. 


POLYGONISATION DU LAITON « a 31 POUR CENT 
Dans ce travail, l’‘auteur utilise des cristaux de laiton x (a 31 pour cent) préparés par fusion de cuivre et 
de zine de hautes puretés. Des monocristaux courbés aussi bien en-dehors que dans le domaine de 


glissement unique ont été polygonisés (avee formation de parois de sislocations perpendiculaires aux 


plans de glissement principaux) aprés un recuit final de 1 a 2 heures, a 700°C ou 750°C. 
Des échantillons polycristallins contenant une densité élevée de dislocations sur tous les groupes de 
plans de glissement actif ont également été polygonisés (formation de sous-joints) aprés un traitement 


similaire. 

Bien que l’énergie correspondant aux défauts d’empilement dans le laiton % soit vraisemblablement 
plus faible que celle correspondant au cuivre pur, le premier polygonise & une température relativement plus 
basse. L’auteur pense que l’auto-diffusion élevée du laiton x est l'un des facilitent la ‘“‘montée”’ des dis- 
locations. Les résultats décrits appuient la prédiction de Barnes”), d’aprés qui les dislocations dissociées 


peuvent subir la “‘montée”’. 


POLYGONISATION VON ALPHA-MESSING MIT 31°, ZINK 

In dieser Untersuchung wurden Kristalle von Alpha-Messing mit 31°, Zink aus hochreinem Kupfer 
und Zink erschmolzen. Einkristalle, die innerhalb des Gebiets der Einfachgleitung gebogen worden 
waren und solche, die etwas starker gebogen worden waren, wurden polygonisiert und enthielten nach 
einer Gliihung von ein bis zwei Stunden bei 700° oder 750°C Versetzungswande senkrecht zur Schar der 
Hauptgleitebenen. Gebogene vielkristalline Proben mit hoher Versetzungsdichte in allen aktiven 
Gleitebenen wurden polygonisiert; nach einer ahnlichen Warmebehandlung bildeten sich Subkorn- 


grenzen. 
Obwohl die Stapelfehlerenergie von Alpha-Messing wahrscheinlich geringer ist, als die von Kupfer, 
polygonisierte Messing bei verhaltnismassig tieferen Temperaturen. Es wird angenommen, dass die 
hohe Selbstdiffusion von Alpha-Messing einer der wichtigen Faktoren ist, der das Klettern der 
Versetzungen erleichtert. Die Ergebnisse unterstiitzen die Voraussage von Barnes'!’, dass aufgespaltene 


Vertsetzungen klettern kénnen. 


1. INTRODUCTION as zine is added to copper," the stacking fault energy 
It is well known that dislocation lines in close- of alpha-brass should be even lower than that of 


packed metals can be dissociated into two partial copper. Hence one may expect the dislocations in 
dislocations with a stacking fault between. The alpha-brass to climb at a rate even slower than 
width of the stacking fault depends upon the magni- copper if the width of the stacking fault is the only 


tude of its energy, i.e., the lower the energy the wider controlling factor. 

the stacking fault. It is also known that the rate of Since dislocation climb is a self-diffusion process 
dislocation climb depends mainly upon the width of the self-diffusivity should have some effect on the 
the stacking faults separating two partial dislocations. rate of climb. The reported self-diffusivities of copper 
Aluminum has a high stacking fault energy, so its and zinc in alpha-brass are considerably higher than 
dislocations climb rapidly at a temperature consider- that of copper in pure copper.'*) Therefore, the self- 
ably below its melting point. On the other hand _ diffusivity is more favorable for dislocation climb in 
copper has a low stacking fault energy, so its disloca- alpha-brass than in copper, while its stacking fault 


tions are reluctant to climb even at a temperature energy is Jess favorable. This work was designed to 


near its melting point. investigate the polygonization behavior of alpha-brass. 


Because the frequency of annealing twins increases 


2. EXPERIMENTAL 


2.1. Specimen preparation 


* Received February 18, 1959. 
+ Mining and Metallurgy Department, University of 
Illinois. Present address: The Product Development Labora- Le : o/ 
arge grain alpha-brass (31°, Zn) was grown by 
tory, International Business Machines Corporation, Pough- ge gre alphe é ( » 4n) was g Vy 
keepsie, New York. 


ACTA METALLURGICA, VOL. 8, FEBRUARY 1960 


melting high purity copper and zinc together in a 
106 


= 
: 
: 
1 
ch 
as 
a, 
> 


DOO: 


spectrographically pure graphite crucible enclosed in 
an evacuated Vycor capsule. The large grains were 
cut into slabs about 3 6 & 16 mm in size by using 
a jewel saw. All faces except the ends of each slab 
were ground through a series of metallographic 
abrasive papers to a final grinding on 4-0 grade paper. 
A deep etching in 1 : | HNO, was then given to all 
slabs until sharp Laue spots appeared on the Laue 
back-reflection X-ray film. 
electro-polished in an orthophosphoric acid solution. 
14 mm for single 


Finally, each slab was 
The final size was about | « 3 
crystal specimens and about 30 per cent thicker for 
polyerystal specimens. 

The orientation of the single crystal slabs deviated 
slightly from the ideal orientation which has its {112} 
pole parallel to the bending axis, and its (111) and 
(110) planes making a 45° angle to the large face. 
The orientation deviation ranged from a 3° to a 12 
rotation around the longitudinal axis. The poly- 
crystalline slabs contained two to three grains with 
the largest ones more than two-thirds of the slab size. 
The orientations of these large grains were as follows: 
Group (1) had a (111)[110] orientation while group (2 
had its [110] pole and [111] pole making about a 15 
angle with the largest face pole and bending axis, 
respectively. These orientations were very susceptible 
to multislip in the very early stages of bending. 


The 


The specimens were bent as shown in Fig. 1. 


mandrel was 25.4 mm in diameter and the radius of 


curvature of the supporting piece was 14mm. Fig. la 


shows the earliest stage of bending which was 


In later stages it gradually 


three-point loading. 
changed into four-point and then to five-point loading 
as shown in Fig. Ib. The single crystal specimens, 
bent to a position just before that in which the center 


9) Specimen 


Fic. 1. Showing the ways in which the alpha-brass 
specimens were bent. (a) Early stage of bending. 
(b) Later stage of bending. 
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lost with the mandrel 


showed only the most favorable slip system to l« 


contacting point contact 


operating. Beyond that point other slip systems 
However, the most favorable slip 
the 


became active. 


system showed highest slip line density as 
expected. 

For annealing, all specimens were put in graphite 
boats and then sealed in Vycor capsules under a 
pressure of 5 10-§ mm Hg. Temperature variation 
in the furnace was controlled to within +—3°C. 

2.2. Microscopic and X-ray examinations 

Jacquet’s electro-etch method") was used to reveal 

for the 


success of this etch method were quite critical, several 


the substructures. Because the conditions 
trials had sometimes to be made before a satisfactory 


result could be obtained. After repeated electro- 
polishing and etching, not only the specimen thickness 
was reduced considerably but also the originally sharp 
edges were rounded off rapidly. Hence the region that 
could be focused under a microscope was gradually 
reduced into a narrow strip. 

The Laue back-reflection X-ray method was used 
to investigate structural changes in the specimen after 
each treatment. A 0.13 mm collimator and a specimen 

» 


film distance setting of 30 mm were found to give 
sufficient resolution. 
3. RESULTS 

In each case described below, experiments were 
repeated on two or more specimens under the same 
conditions. The results were found to be reproducible. 
The single crystal specimens which had their orienta- 
tions close to the ideal orientation, for one active slip 
system in bending, polygonized in approximately th 
same manner regardless of whether single slip or 
multislip occurred during bending. On the other hand, 
the 
polygonized in an entirely different manner. 


unfavorably oriented polyerystal specimens 


3.4 Favorably or nte d Spe Ws, single slip 


Fig. 2 (a) shows the slip lines immediately after 
bending. That they extend well into the neutral axis 
is apparent. Dislocations were clearly revealed after 


electro-etching (Fig. 2b). The dislocation density 
along the slip line was more or less uniform. Only a 
small number of dislocations had climbed out of their 
slip planes after the specimen was annealed for 2 hr 
at 400°C 2c). Also the 


density showed little change. The strain distribution 


(Fig. average dislocation 
was maximum on the surface and gradually decreased 
to zero at the neutral axis. The approximate average 
dislocation density was calculated by assuming the 


4 
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Fic. Bent single crystal, single slip. 
bending. 250. (b) Same as (a) electro-polish and ther 
electro-polished and then electro-etched. 250. (d) Same as (¢ 
250. (e) Same as (d) 1 hr at 750°C, electro-polished ax 
before bending. 6. (g) (112) X-ray reflection of (a). 6 
reflection of 


strain change through the specimen to be directly 
proportional to distance from the neutral axis. The 
average dislocation density thus calculated was found 
to that actually 
counted. When the specimen was annealed for 1 hr 


be approximately one-third of 


at 650°C, more dislocations climbed out of their slip 
planes (Fig. 2d). The average dislocation density was 
reduced to about half of its original value. Further 
anneal at 750°C for 1 hr practically completed the 
polygonization (Fig. 2e). The X-ray results were in 
good agreement with the microscopic observations 
(Figs. 2f-2i). 


3.2. Favorably oriented specimens, multislip 
These specimens were bent until the five-point 


loading stage was reached (Fig. 1b). Three active slip 


Annealed successively at different temperatures. 
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(a) Immediately after 
1 electro-etch. 250. (c) Annealed 2 hr at 400°C, 
) lhr at 650 °C, electro-polished and then electro-etched. 
id then electro-etched. 250. (f) (112) X-ray reflection, 
(h) (112) X-ray reflection of (d). 6. (i) (112) X-ray 
(e), 6. 
systems were found after bending (Fig. 3a). However, 
the slip line density of the most favorable slip system 
was much higher than in the other two systems. 
Annealing for 2 hr at 550°C resulted in the appearance 
of only traces of slip lines of the most favorable slip 
system (Fig. 3b). Most dislocations of the other two 
sets of slip planes had climbed out of their slip planes 
and may have annihilated part of the opposite sign 
Additional annealing at 700°C for 2 hr 
Again the 


dislocations. 
completed the polygonization (Fig. 3c). 
X-ray evidence showed good agreement with micro- 
scopic observation (Figs. 3d and 3e). 


3.3. Unfavorably oriented specimens, multislip 
These specimens were bent to about the same extent 
as the specimen shown in Fig. 3a. The very high slip 


(a) (b) 
ay 4 (c) (e) 
j 
pe (f) (g) (h) (i) 
err 
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(d) 


multislip. 
250. 


Fic. 3. Bent single crystal, 
polished and then electro-etched. 
(c) Same as (b) 


Annealed successively 
(b) Annealed 2 hr at 550°C, electro-polished and then electro-etched. 
2 hr at 700°C, electro-polished and then electro-etched. 
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(b) 


Electro 


250 


at different temperatures. (a) As bent 


250. (d) (112) X-ray reflection of (b) 6 


(e) (112) X-ray reflection of (c) 6. 


line density resulted from their large initial thicknesses, 
(Fig. 4a). 
annealing 2 hr at 650°C clearly showed traces of slip 


and hence large surface strain Even 
lines of all three slip systems (Fig. 4b). However, the 
average dislocation density was reduced considerably. 
Further annealing at 750°C for 2 hr produced well 
4c and 4d). The 


the microscopic 


defined subgrain boundaries (Figs. 
X-ray 


observations. 


results again confirmed 


4. DISCUSSION 


The reluctant polygonization of high purity copper 
has been reported by earlier workers.{®” This was 
interpreted as a result of the wide stacking fault 
between two dissociated partial dislocations in the 


(38) 


Some earlier 


copper, as first suggested by Seeger 


workers'® believed that in order that the extended 
dislocations may be able to climb, they must first 
Later Young‘ found that a 
amount of tellurium in copper facilitated polygoniza- 
He suggested that the added 


(9) small 


combine. very 


tion to a great extent. 


tellurium in copper might have either mechanically 
hindered the two partials from dissociating, or actually 
increased the stacking fault energy 

The fact that the frequency of annealing twins 
increases as zinc is added to copper"? indicates that 
the stacking fault energy of alpha-brass must be lower 
than that of copper. Hence the width of the stacking 
faults between two partials in alpha-brass should be 
larger than that in copper. If stacking fault width is 
the sole factor controlling rate of climb, the disloca 
tions would be even more reluctant to climb in alpha 
brass than in copper. However, the present results 
showed that the alpha-brass has practically completed 
its polygonization at about 7/7) _.--. compared to 


=0 


(6) 


In copper 

In analyzing the climb of edge dislocations in f.c.c 
crystals in terms of atomic movements. Barnes"? 
concluded that a dislocation will climb even when it is 
dissociated, although then it will climb less readily 
Since the climb of a dislocation is a process of self- 


diffusion, the magnitudes of the self-diffusivities of 


ep 
(c) 
8 
(e) 
| 
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Fic. 4. 
polished and then electro-etched. 
etched. 250. (ec) Same as (b) 
as (c) except about 3 mm 


250. (b) Same as 


Bent polycrystalline plate, multislip. Annealed successively at different temperatures. 
(a) + 2 hr at 650°C, electro-polished and then electro- 
-2 hr at 750°C, electro-polished and then electro-etched. 
away from the grain boundary. 
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(a) As bent. Electro- 


x 250. 


Electro-polished and then electro-etched. 


(d) Same 
<250. (e) 


(110) X-ray reflection of (b). 6. 


the elements in a particular crystal must not be over- 
looked. For two different metals of the same stacking 
fault energy, that which has the larger self-diffusivity 
obviously would climb faster. By using the latest 
available self-diffusion results,@ 4) the ratio of the self- 
diffusivities of copper (D%,,) and of zine (Dj,,) in alpha- 
brass to that of copper (D,u) in high purity copper at 
700°C were calculated. These were D%,,/D,,, = 25 and 
Dj,,|D = 100. This large self-diffusivity of alpha- 
brass is believed to have facilitated the climbing of its 
and 
polygonize at a relatively low temperature even 
though it had wide stacking faults between two partials. 


Cu 


dislocations, hence enabled alpha-brass_ to 


(Since the twins were formed during the annealing of 
the cold-worked brass, there is little evidence that its 


stacking fault has been reduced at the 
annealing temperature.) Thus the dissociated dislo- 
cations can climb as predicted by Barnes"). However, 
when Dj, (7';) = Dey (72), where T, > 7), it was 
found that alpha-brass still polygonized faster than 
pure copper. This indicates that factors other than 
the self-diffusion coefficient affect the rate of 
polygonization. 

The favorably oriented single crystals, which were 


energy 


bent beyond the single slip region, polygonized in a 
manner similar to those bent within the single slip 
region, i.e. a single set of dislocation walls was 
formed perpendicular to the major set of slip planes. 
In fact, those dislocation walls were better defined 
than those in the single slip crystals. According to 


(a) (b) 
(c) (d) VO] 
19% 
(e) (f) 
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Barnes"), jogs are required for dissociated dislocations 
to climb. Dislocations in two minor sets of slip planes 
supplied many jogs to the dislocations in the major 
set of slip planes. However, if the dislocation density 
in all slip planes were about equal and very high, those 
dislocations would be more or less tangled up. On 
annealing, rather complicated dislocation networks 
or subgrain boundaries would be formed. Incidently, 
these substructures greatly resemble those found in 


the copper—alpha-brass diffusion zone by Doo and 


occurred in the diffusion zone. 


This strongly indicates that multislip 
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DIFFUSION OF ANTIMONY IN COPPER SINGLE CRYSTALS* 


M. C. INMAN? and L. W. BARRtt 


The rate of diffusion of antimony in copper single crystals has been measured over the temperature 


range 600 


diffusion activation energ\ and frequency factor were found to be 42000 


0.12 em? 


DIFFUSION DE LYANTIMOINE 


1000 C by means of a sectioning technique employing the Sb!*4 radio-isotope as tracer. The 


and 0.34 


TOO cal mole 


This result is compared with existing data on the diffusion of impurity atoms in copper. 


DANS DES MONOCRISTAUX DE CUIVRE 


Les auteurs ont mesuré la vitesse de diffusion de antimoine dans des monocristaux de cuivre pour une 


gamme de temperatures Comprises entre 600 et 1000°C, en utilisant une technique de coupe qui fait 


radio-isotope Sb!** comme traceur, 
700 cal mole 


intervenir le 
fréquence sont de 4?000 


L 


1 et 0.34 


‘énergie d’activation de diffusion et le facteur de 
1 


0,12 em2 sec Ce résultat est comparé avec les 


données existantes sur la diffusion d’atomes d’impuretés dans le cuivre. 


DIE DIFFUSION VON 


ANTIMON 


IN KUPFEREINKRISTALLEN 


Die Diffusionsgeschwindigkeit von Antimon in Kupfereinkristallen wurde im Temperaturbereich von 


600° bis L000 C mit 


Spurenelement beniitzt wurde. 


sich zu 42000 700 cal/Mol und 0,34 


0.12 cm? sec 


Hilfe einer Trenntechnik bestimmt, wobei das Isotop Sb!** als radioaktives 
Die Aktivierungsenergie der Diffusion und der Frequenzfaktor ergaben 


1 Dieses Ergebnis wird verglichen mit 


vorhandenen Daten iiber die Diffusion von Verunreinigungsatomen in Kupfer. 


INTRODUCTION 


The diffusion behaviour of impurity elements in a 


given solvent has been interpreted from two points of 


view. Lazarus”) has proposed that the amount by 
which the diffusion activation energy of an impurity 
differs from that of the solvent is proportional to the 
excess valence of the impurity with respect to the 
solvent. On the other hand, recent systematic investi- 
Mercer and Shuttleworth®) on the dif- 


fusion rates of impurity elements in copper have led 


gations by 
these authors to believe that atomic size is the most 
important factor. 

The present work on the diffusion of antimony in 
copper single cry stals was undertaken partly in 
connection with studies of the segregation behaviour 
of this element in copper, and partly to provide a 
further test of the relative importance of valence and 


size in respect to impurity diffusion rates. 


EXPERIMENTAL 

Single crystals of copper were grown by the Bridg- 
man method from electrolytic stock of 99.99°,, purity. 


Cylindrical specimens 1.9 cm diameter and 1.25 em 
thick were cut from the ingots with a jeweller’s saw. 
The faces of each specimen were lapped flat on a fine 
carborundum wheel, and the lapped surfaces then 


electropolished in an orthophosphoric acid solution 


* Received April 21, 1959. 

+ Metallurgy Division, National 
Teddington, Middlesex. 

* Now at National 
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X-ray back 
reflection photographs of the electropolished surfaces 


to ensure removal of the worked layer. 


indicated that all worked material had been removed. 
These surfaces were then carefully cleaned and one 
surface of each specimen was coated with a layer of 
radioactive antimony about 200 A thick by vacuum 
evaporation of irradiated antimony metal. Spectro- 
graphic purity antimony was used, which after 
irradiation had been aged to allow the induced 2.8 
day Sb!”* activity to decay to negligible proportions 
with respect to the 60 day Sb!4 activity. 

Diffusion anneals were carried out with pairs of 
specimens placed, with their active faces in contact, 
inside copper cylinders, the ends of which were closed 
with tightly fitting copper plugs. A preliminary trial 
diffusion anneal at 859°C showed that some antimony 
activity evaporated from the specimen surfaces to 
deposit upon the internal surfaces of the copper 
evlinder during the anneal. Further evidence of this 
loss of surface activity appeared in the diffusion 
penetration curves, one of which is shown in Fig. 1. 


To prevent antimony evaporation, all subsequent 


diffusion specimens were first coated with a 200 A 


layer of radioactive antimony which was then covered 
with a thinner (100 A) evaporated layer of inactive 
spectrographic quality copper. The specimens were 
then annealed as before, in pairs, with the copper 
coated active faces in contact. With this procedure no 
detectable evaporation of the antimony occurred, 
and the diffusion penetration curves (one of which is 
reproduced in Fig. 2) were linear to the origin. This 


V 
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| 
4 


Oo 


@ 


Convex penetration curve due 
to surface loss of activity 


Ln. specific activity 


30 


x 10% 


20 
Penetration, 


Fic. 1. Diffusion penetration curve at 859°C— convex 


at the origin owing to surface loss of activity during 
diffusion anneal. 


double layer technique should also overcome the 
difficulty which is sometimes encountered of anomal- 
ously high activity at the surface of the diffusion 
specimens due to oxide formation. 

A furnace with a temperature gradient of less than 
0.2°C/em over a central length of 7 cm was used for 
the diffusion anneals. The furnace temperature was 
regulated with a precision of better than --0.5°C by 
an electronic control unit operating from a voltage 
stabilised mains supply. The controlling element 
was a platinum resistance thermometer which was 
wound longitudinally inside alumina quills so that it 


lay symmetrically around the central 30 em length of 


the furnace tube. The specimen temperature was 
measured with a platinum 13°, rhodium-platinum 
thermocouple located in the copper container, at a 
distance of 2 cm from the active specimen faces. 
After annealing, diffusion penetration curves were 
determined by a sectioning technique. Each specimen 
was first examined to check mono-crystallinity, and 
the end remote from the active face was then machined 
to a diameter of 1.25 cm so that the specimen could 
be held in a precision collet chuck in the lathe for 
sectioning. The active face was aligned normal to the 
lathe axis within limits of +-0.0005 em by means of a 
dial gauge in contact at the periphery of this face. 
The active end of the specimen was then machined to 
a diameter of 1.25 em before sectioning, to eliminate 
Great care was necessary to avoid 


surface effects. 
burring at the periphery of the specimen when making 
facing cuts, since the copper crystals were very soft. 
This difficulty was encountered by Makin ef al. in 
their measurements of self diffusion in gold, and they 
describe a special cutting procedure which eliminates 
vase it 


effect. However, in the present was 


the 
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10 


Ln. specific activity 


30 


Penetration , 


2 
cm” x lO 


Fic. 2. Typical diffusion penetration curve (806°C) 
obtained from specimen with evaporated copper layer 
(see text). 


possible to avoid burring by the use of very sharp 
cutting tools of suitable shape which had _ been 
previously tested on a dummy copper specimen. 
The thickness of each section (excepting the first) 
was determined by advancing the lathe saddle the 
required distance, the advance being measured with 
a band transmission dial gauge mounted on the lathe 
bed with its stylus in contact with an adjustable 
metal reference surface solidly bolted to the saddle. 
Earlier calibration tests showed that the dial gauge 
was not in error by more than -+-0.0005 em at selected 
points of its range. 

A serious difficulty in the sectioning procedure 
arose from the fact that the first 
determines the origin of measurement of penetration 


section (which 
distance) had a very variable weight: this being the 
case however carefully the cutting tool was positioned 
just to make contact with the specimen surface before 
the dial gauge was set to its zero reading. Since the 
weights of all succeeding sections were almost always 
constant to within 5 per cent, the procedure finally 
adopted was to compute the thickness of the first 
the the 


weights of all succeeding sections as the true weight 


section from its weight. taking mean of 


of a section of nominal thickness, usually 0.005 em. 
The metal turnings from each section were collected 
and weighed in individual glass collecting bottles 
which were attached in turn to a perspex box enclosing 
specimen and cutting tool. 

The contents of each collecting bottle were dissolved 
in a fixed volume of a nitric/hydrochloric acid mixture, 
and the activities measured on a scintillation counter 
fitted with a sodium iodide well crystal. To minimise 
the effect of small variations in counting geometry, 
only gamma radiation from the 60 day Sb™4 activity 
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was counted and, since the collecting bottles were of 
precision manufacture, highly reproducible counts 
were obtained. All section activities were determined 
to a statistical accuracy of —1 per cent. 


RESULTS 

For impurity diffusion from a thin plane surface 
layer into a semi-infinite solid, the concentration ¢ of 
the impurity at a distance x em from this surface, 
after annealing for ¢ sec at a temperature 7’ is given by: 


c = 8(7 Dt)? exp (—a?/4 Dt) (1) 


where s is the initial concentration of impurity atoms 
at the plane surface and PD is the impurity diffusion 
coefficient in em? sec!. In the present work, impurity 
concentration was expressed in terms of activity/unit 


mass (specific activity). From equation (1), a plot of 


In (specific activity) vs. 2”, at each annealing tempera- 
ture, vields a straight line of slope — 1/4 Dt from which 
D can be determined. 

The diffusion coefticient of antimony was measured 
at nine temperatures in the range 600°-1002°C. A 
typical diffusion penetration curve is shown in Fig. 2. 
In each case a least squares determination of the line 
of best fit was made, and a summary of the results is 
given in Table 1. 

The individual values of PD in this table were cor- 
rected for the time taken by the diffusion specimens 
to reach the annealing temperature. The true anneal 
time ¢(7' ,) is given by the expression: 

exp ( 


t(T ,) Q/RT) dtlexp —Q/RT , 


(2) 


where ¢'(7',) is the time spent at the annealing 
temperature 7’ ,, and the second term is a correction 
factor to convert the time ¢, taken by the specimen to 
reach this temperature, into an equivalent period at 
temperature 7,. This graphically 
evaluated from specimen temperature measurements 
taken during the heating up period using an approxi- 
mate value for Q, and the correction factor amounted 


integral was 


to 2} per cent of ¢(7',) at the highest annealing 
temperature. No correction was necessary for the 


cooling period after each anneal, since the specimens 
were rapidly quenched to a temperature at which 


diffusion was negligible. 


The temperature dependence of the diffusion 
coefficient closely followed the usual Arrhenius 
relation: 

D = Dz, exp (—Q/RT) (3) 


as shown by Fig. 3, where the logarithm of the mean 
of each pair of values for PD at a given temperature is 
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TABLE 1. Diffusion of antimony in copper 


Diffusion Coefficient 


an 
emp. 
(em? sec”! 


| 
10 
**5.10 
4.33 10-10 
ase 2.58 x 10°" 
9505 


** These results are believed to be 
in error owing to the occurrence of 
excessively thick first sections during 
the activity-penetration curve deter- 
minations. 


plotted against the reciprocal temperature. The 
frequency factor D), and the activation energy Q were 
found from the intercept and slope of the least 
squares line of best fit, vielding the final result: 

D, = 0.34 . 

Q = 42,000 4 
where the quoted errors correspond to the 95 per cent 
reliability limits. An estimate of possible systematic 
errors in specimen temperature and penetration 
depth measurements was made from the known 
thermocouple and dial gauge calibrations, but the 
resultant shift in the values of D, and Q was well 
within the given limits of error which are therefore 


0.12 cm? sec 
700 cal mole! 


believed to be realistic. 


DISCUSSION 
The rates of diffusion of a number of impurity 
elements in copper have now been measured at low 


levels of concentration using the radio-tracer method, 
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Fic. 3. Diffusion of antimony in copper. 


and a summary of the available data for diffusion in 
copper is presented in Table 2. Since all these 
measurements were made with copper single crystals, 
interference by grain boundary diffusion processes 
would not be expected. However, in the case of iron 
and cobalt, Makliet™ found a definite upward curva- 
ture in the plot of In D vs. 1/7’, the measured low 
temperature values of D being consistently above the 
extrapolation of the high temperature results by as 
much as 30 per cent. After a thorough consideration 


of possible reasons for this effect, Makliet tentatively 
concluded that it was a consequence of the randomly 
distributed dislocations ordinarily present in a metal 
which may enhance the volume diffusion process 
without any change in the Gaussian nature of the 
experimental penetration curves, in the manner pro- 
posed by Hart®. Grain boundary diffusion was 
discounted because of the excellent linearity of the 
plot of In (specific activity) vs. square of penetration 
depth. A similar linearity was observed in the present 
work on antimony diffusion, and in addition, In D 
was also a linear function of the reciprocal temperature 
down to the lowest temperature of observation (600°C), 

For a copper solvent, the theory of Lazarus) 


predicts that for a fixed screening radius of 0.55 A, 


the activation energy difference between impurity 
diffusion and solvent self diffusion will be given by: 

Qeoivent — Vimpurity = 3-36 Z (4) 
where Z is the valence difference between impurity 
and solvent atoms. A refinement of Lazarus’ treat- 
ment was made by Alfred and March‘® and in Table 
2 the experimental — Gimpurity) Compared 
with the predictions of Lazarus, and Alfred and 
March, using values of Z based upon the nominal 
“periodic table” valencies of the impurity elements 
concerned. It is apparent that neither the Lazarus 
nor the Alfred and March treatments give a quantita- 
tive prediction of (Q.oivent — Yimpurity): although there 
is qualitative agreement between experiment and 
theory on the point that impurity elements with 
positive Z will diffuse faster, and those with negative 
Z slower, than the solvent copper. It will be noted 
that for the transition elements iron, cobalt and 


TABLE 2. Impurity atom diffusion in copper 


Impurity 
teference 


‘ 
Klement eC (keal mole~! 


Nickel Makliet'?? 
Cobalt Sakamoto‘? 
Cobalt Makliet'? 

Tron Makliet'? 
Copper Kuper et al,'*? 
Zine Hino et 
Cadmium Hirone et al." 


Antimony Present work 


(solvent VY7impurity) Gold 
SSI keal mole~! 
As igned schmidt 
Excess 
Dia 
Valence Alfred 
meter 
Experimental Lazarus and cA 
March 


\ 
\ 
\ 
’ 
1i0°8 \ 
x | 
‘\ 
| 
\ 
| 
\ 
\ | 
\ 
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VOL. 
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1960 
2.7 56.5 | 9.4 3.4 4.7 2.49 | 
5.7 55.2 8.1] 
? 6.7 12.4 2 50 
1.9 54.1 7.0 
14 51.8 3 4.7 10.1 23.6 2.52 
0.47 47.1 0 2.55 
0.34 45.6 l 1.5 3.4 26 2.75 
0.93 45.7 L.4 3.4 2.6 3.04 
Po 0.34 42.0) 4 5.1 13.4 7.4 3.23 
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nickel, the trend of activation energies is in the reverse 
order to that predicted by theory, which may be due 
to the very uncertain value of Z assigned to these 
elements. 

With regard to the suggestion of Mercer and 
Shuttleworth that atomic size is the most important 
factor, it will be seen from Table 2 that the Gold- 
schmidt diameters correlate qualitatively with the 
observed diffusion activation energies, in so far as the 
activation energy for diffusion decreases with increase 
of atomic diameter. The more rapid diffusion of the 
larger impurity atoms would appear to imply a lower 
vacancy formation energy next to these atoms, as a 
consequence of the relief of lattice strain around a 
large foreign atom. 

However, it is clear that attempts to disentangle the 
relative importance of size and valence, in cases 
where both are variable, meet with only partial 
success, and the most profitable next step would 
appear to lie in a more careful choice of impurity 
In this connection, the rare earth series of 
metals offers interesting possibilities, for here one 
might hope that only size effects will be significant, the 


elements. 


valence factor being relatively constant. 
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OXIDE NUCLEI AND DISLOCATIONS* 


F. W. YOUNG, Jr.t 


Crystals of 99.999 per cent copper and of copper doped with various impurities were bent so as to 
introduce regular arrays of dislocations and were oxidized by three techniques in order to determine if 


there was a correspondence between dislocations and oxide nuclei. For crystals doped with Te or with 


Sn, and for crystals of OFHC copper it was found that nuclei were formed at dislocations. For 99.999 


per cent copper and for copper doped with Si there was no correlation between oxide nuclei and dis- 


locations. Also, oxide nuclei were formed on crystals of all purities which were not related to dislocations. 


GERMES D’OXYDES ET DISLOCATIONS 


L’auteur utilise des cristaux de cuivre & 99,999% dopés avec différentes impuretés. Ces cristaux ont 


été courbés de fagon a introduire des réseaux réguliers de dislocations et oxydés par trois techniques 


différentes de maniére a déterminer s’il existait une correspondance entre les dislocations et les germes 


d’oxydes, 
Pour les cristaux dopés avec Te ou Sn et pour des cristaux de cuivre OFHC, l’auteur trouve que les 


germes se forment sur les dislocations. Pour le cuivre & 99,999%, et pour le cuivre dopé avec Si, il n’existe 


pas de corrélation entre les germes d’oxydes et les dislocations. 
En outre, des germes d’oxydes se sont formés sur des cristaux de toutes puretés sans étre en relation 


avec des dislocations. 


OXYDKERNE UND VERSETZUNGEN 

Kristalle aus 99,999°% Kupfer und aus Kupfer mit verschiedenen Verunreinigungen wurden gebogen, 
iim regelmassige Versetzungsanordnungen zu erzeugen, Sie wurden mittels dreier verschiedener Tech- 
niken oxydiert, und es wurde untersucht, ob eine Beziehung zwischen den Versetzungen und den Oxyd- 
kernen bestand. Bei Kristallen, die mit Te oder Sn dotiert waren, und bei Kristallen aus OF HC-Kupfer 
bildeten sich Kerne an Versetzungen. Bei Kristallen aus 99,999°%, Kupfer und bei Si-dotierten liess 
sich kein Zusammenhang zwischen Oxydkernen und Versetzungen feststellen. Bei Kristallen aller 
Reinheitsgrade wurden dariiber hinaus Oxydkerne ohne Zusammenhang mit Versetzungen gebildet. 


Since the discovery that in thin oxide films on EXPERIMENTAL 


metals there are numerous very small areas in which Copper 


the oxide is thicker than the base film,” there has 
been speculation as to the cause of this phenomenon. 
A correspondence between these areas, called oxide 
nuclei, 
Cabrera’), who has presented a theoretical treatment 
of the effect of the strain energy at dislocations on the 
growth of oxide nuclei. Also, it is well known that 
the impurities in crystals tend to collect about the 
dislocations atmosphere’. 
might change the chemical potential of the dislocations 
and thus affect the ease of evaporating a metal atom 
into the oxide at points where the dislocation meets 
the surface. Or, the impurity atoms may increase the 
rate of oxidation with the dislocations acting as a line 


and dislocations, has been suggested by 


These impurities 


source of impurity atoms. No theoretical discussion 
of the effect of dislocations with a ‘‘Cottrell atmo- 
sphere” on the oxidation of metals has been published. 


The author has shown that regular arrays of 


dislocations can be introduced into copper crystals 
by appropriate bending and annealing.®) This paper 
reports the oxidation of such crystals and demonstrates 
a correspondence between oxide nuclei and dis- 
locations. 


* Received May 15, 1959. 
+ Solid State Division, Oak Ridge National Laboratory, 
Oak Ridge, Tennessee. 
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One group of copper crystals with the orientation 
shown in Fig. 1 was grown in vacuum from the melt 


by seeding. These crystals were either 1 « 0.2 «8 
or 1 x 0.4 * 8emas grown; using a jeweler’s saw, 


two samples 3.5cem long were carefully sawed from 
each crystal for experimentation. Some crystals were 
grown from 99.999 per cent copper; others were doped. 
with 0.05 to 0.01 atomic per cent tin or silicon during 
growth. Some of the 99.999 per cent crystals were 
doped with Te (~0.01) at. °,,) by heating the crystal 
at 1000°C in approximately half an atmosphere of Te 


Fic. 1. Orientation of crystal before bending. 
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for 24 hr. Another group of crystals were grown as 
evlinders, | cm in diameter with a hemisphere on one 
end, from OFHC and 99.999 per cent copper. A few 
of these crystals had a [112] normal to the cylinder 
axis. 

In crystals of copper doped with Te and in OFHC 
crystals the dislocations can be revealed as electrolytic 
etch pits. Well-defined arrays of dislocations were 
produced in these crystals by bending around {112} 
and annealing, as previously described.“-4) The 
dislocations which were produced by this bending and 
which ended in the (112) face were edge in character; 
the ones ending in (021) were principally screw in 
character. The distance between dislocations could 
be controlled by the radius of the bend and by the 
temperature of annealing. After a 500°C anneal of a 
crystal bent to a 3-cm radius the dislocations which 
ended in the (112) face could be detected as electro- 
lytic etch pits which were in rows along [110] and 
approximately ly apart in the rows: after annealing 
at L000°C, where polygonization occurred, the etch 
pits were in rows normal to [110] and approximately 
0.14 apart in the rows.°-# In copper doped with Sn 
or Si it was not possible to detect the dislocations as 
etch pits, and in 99.999 per cent copper, the dis- 
locations could be detected as chemical etch pits only 
on (111) faces.) However, it was shown by X-ray 


diffraction that such crystals can polygonize.4) A 


polygonized crystal of pure copper or one containing 
tin or silicon should have dislocation arrays similar to 
those exhibited by copper doped with Te. 

In most experiments a crystal was bent, annealed at 
the desired temperature in vacuum and then annealed 
for 12 hr at 500°C in hydrogen. In cases where it was 
desired to investigate the effect of hydrogen dissolved 
in the crystal on the subsequent oxidation, the erystal 
was not given the final anneal in hydrogen. For the 
doped crystals it was always necessary to anneal at 
least 12 hr at 500°C to move the impurity atoms to the 
new dislocations formed by bending. 

The crystals were oxidized using three different 
techniques. 

I. The crystal was electropolished, washed, dried 
and annealed in hydrogen for one hr at 500°C.© The 
crystal was then cooled to the temperature of oxida- 
tion, the hydrogen evacuated with a mechanical 
pump, and one atmosphere of purified oxygen 
admitted. 

II. The crystal was washed, polished and dried as 
above, and suspended on a quartz hook in a Pyrex 
bulb attached to a high vacuum system. The crystal 
was annealed in hydrogen at 500°C for one hr and the 
system evacuated and baked out. Then the specimen 


was heated by induction to 1000°C in a vacuum of 
5 =< 10-%mm of Hg, cooled in this vacuum to the 
temperature of oxidation and oxidized in one atmos- 
phere of purified oxygen. Since copper was evaporated 
by this treatment and since the crystal was cooled in 
high vacuum, the surface should be free of contamin- 
ants other than those in the crystal itself. However, 
the surface was faceted after this treatment, the 
facets being more pronounced on the less pure copper 
than on the 99.999 per cent copper. 

III. This method was similar to that described by 
Gronlund™., The crystal was electropolished, washed 
and dried, and suspended in a Pyrex vessel attached 
toa high vacuum system. After annealing in hydrogen 
at 500°C the crystal was cooled to the temperature of 
oxidation, the hydrogen evacuated to a pressure of 
1 « 10-7 mm of Hg and the crystal oxidized in | to 
10 microns of pure oxygen. 

Nickel 

A few experiments were performed on nickel. A 
crystal, grown from *‘Nivac” nickel (99.95 per cent), 
was machined into a cylinder with cylinder axis 
parallel to [021]. This crystal was bent about the 
{112] and heated to 1300°C in a vacuum of 5 « 10-8 
mm of Hg for 2 hr. The crystal was oxidized after a 
high temperature-high vacuum anneal according to 
the method described previously.’ No study was 
made of the etching of dislocations in nickel. It was 
assumed for the purpose of this paper that the bent 
nickel crystal would have dislocations arranged in 
rows in a manner similar to that determined for 
copper. 

RESULTS 
Oxide nuclei at dislocations 

A copper crystal doped with Te was bent (approxi- 
mately 3 cm radius) and annealed first at 1000°C in 
vacuum for l hr, and then at 500°C in hydrogen 
for 12 hr. The crystal was oxidized at 300°C according 
to method (I) until the first order purple color appeared 
on the (112) face. A photomicrograph of the (112) is 
shown in Fig. 2. The oxide nuclei are visible as blue 
dots in a red background and lie along the dislocation 
boundaries. 

Another crystal doped with Te was bent (approxi- 
mately 3cm radius) and annealed at 1O00°C in 
vacuum, followed by a 12 hr anneal in hydrogen at 
500°C. This crystal was about 1 mm thick after this 
treatment. It was then oxidized at 325°C according 
to method (I) to the first order purple color on (112). 
The blue oxide-nuclei along the polygon boundaries 
are shown in Fig. 3. The crystal was then electro- 
polished and electroetched. A photomicrograph of the 
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Fic. 5. Oxide nuclei at polygon boundaries. 
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same area as Fig. 3. 


Fie. 4. Electrolytic etch pits 


100. 


etch pits on the same area as Fig. 3 is shown in Fig. 4. 


When allowance is made for the fact that ~1l0u of 


copper was removed by the polishing, the photo- 
micrographs exhibit an exact correspondence between 
oxide nuclei and electrolytic pits. 

A third crystal doped with Te was given the same 
treatment as the first two, and then oxidized according 


to method (1) at 275°C to the first order purple on 


(112). Photomicrographs of the (112) are shown in 
Fig. 5. After electropolishing and electroetching, the 


the same area was photographed and is shown in 
Fig. 6. 

A erystal doped with Te was bent and annealed at 
500°C for 12 hr in hydrogen, then oxidized by method 
(1) at 300°C until the first order purple appeared on the 
(112). On examination of the (112) with the optical 
microscope, oxide nuclei corresponding to dislocations 
were seen as blue spots on the red background. In 
this case, the dislocations lay principally in rows 
along [110] and were approximately Iu apart (see 
Fig. 3 of ref. 3). Thus, the oxide nuclei were separate 
entities. The fact that the oxide nuclei were blue and 
the background film was red implies that the nuclei 
were approximately 200 A thicker than the back- 
ground film. 

An electron micrograph of a pre-shadowed carbon 
replica of this oxide film is shown in Fig. 7. Here the 
oxide nuclei were clearly resolved as projections above 
the background film, and the height of the projections 
was measured from the shadow length as approxi- 
mately 300 A. This was in good agreement with the 
height of the nuclei as estimated from the interference 
colors. 

The temperature or time of oxidation was not 
critical in obtaining oxide nuclei at dislocations, since 


nuclei were observed on crystals oxidized at tempera- 
tures from 200 to 325°C. 


Maximum visual contrast 
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between nuclei and background film was obtained with 
the thickness 
both thinner (<(150 A) and thicker ( 
the nuclei could be seen as dots of a different color 


However. for 
-1000 A) films 


film described above. 


from the background film on the (112). 

Oxide nuclei corresponding to screw dislocations 
were observed on the (021). The rate of oxidation of 
(021) is much greater than (112). Thus, in the time 
that a first order purple film formed on (112), a film 
about 4000 A thick formed on (021). This thicker 
film exhibited interference colors, and the nuclei on 
(021) also appeared under the optical microscope as 
colored dots. It was not possible to determine the 
relative thickness of the oxide nuclei and the back- 
ground film. 

It was a necessary condition for the formation of 
oxide nuclei at dislocations in copper doped with Te 
that the crystal be annealed in hydrogen prior to 
oxidation. When crystals were oxidized which had 


hydrogen, no nuclei were 


Also, it was found that 


not been annealed in 
observed at the dislocations. 
the size of the nuclei increased monotonically with 
the time of annealing in hydrogen for times from one 
to eight hours. 

In addition to the clearly resolved oxide nuclei 
described above, there was observed both with the 
optical and electron microscope another “set of 
nuclei’ (henceforth called nuclei B) in the background 
film. They were smaller and more numerous than the 
nuclei related to dislocations (henceforth called nuclei 
A). As seen with the optical microscope the nuclei B 
were barely resolvable purple spots in the red back- 
ground film, implying that nuclei 6B were approxi- 
mately 100 A thicker than the base film and that the 
spacing was ~0.1u. From the electron micrograph, 
Fig. 7, the height was measured as approximately 
100 A and the spacing was 0.24. Again, the optical 
and electron microscope observations were in good 
agreement. 

A polygonized crystal of copper doped with Te was 
oxidized according to method (II) at 200°C for 30 
min. Oxide nuclei were seen along polygon boundaries 
on both (112) and (021). Since the crystal was 
faceted by the preoxidation treatment, the oxide 
nuclei were not as distinct as those shown in Figs. 
3-6. Small related to the 


dislocations, were also seen with the aid of the optical 


nuclei, which were not 


microscope. These small nuclei were somewhat 


larger than the ones denoted above as nuclei B, but 
for simplicity they will also be called nuclei B. 

The 99.999 per 
crystals with the various impurities were tested for 


cent copper crystals and the 


nuclei formation in a similar way to that described 
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Fic. 6. Electrolytic etch pits in same area as Fig. 5 (a) 250; (b) «500. 
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Fic. 7. Electron micrograph of pre-shadowed carbon replica of oxide film 5500. 


for copper doped with Te. The results are summarized pressure. Both Gronlund’” and Menzel‘ showed 
in Table 1. The notation in that table that an anneal that the number and the arrangement of the nuclei 
in hydrogen was necessary applies to annealing in were related to the orientation of the copper crystal, 


hydrogen prior to oxidation as described for copper and that under certain conditions of oxidation the 


doped with Te. nuclei were oxide crystals which lay in rings around 
the (311) pole (see Fig. 7 of ref. 7 and Figs. 1-5 of 

Oxides nuclei not related to dislocations ref. 9) 
Clearly, the nuclei B described above were not Crystals of OFHC and 99.999 per cent copper 


related to dislocations. Also, oxide nuclei not related which had been bent and polygonized were oxidized 
to dislocations were formed on copper oxidized in the present study according to method (III). The 
according to method (III). Benard and co-workers — results of these experiments were in agreement with 
reported that the number and size of the nuclei the findings of Gronlund and Menzel, and there was 
formed during oxidation according to method (III) no evidence that these oxide nuclei were related to the 
dislocations in the copper crystals. When OFHC 


were a function of the temperature and the oxygen 


TABLE l. 


+0.01°% Te Copper +0.05°% Sn Copper +0.1°, Si 99.999 per cent Copper OFHC Copper 


Copper 


Nuclei at dis- Nuclei at dis- 
Oxidized by locations locations 
Method (1) anneal in H, Nuclei B Nuclei B Nuclei B anneal in H, 


necessary necessary 


Nuclei B 


Nuclei B 


Nuclei at dis- Nuclei at dis- Nuclei at dis- 
Oxidized by locations locations locations 
Method (IT) Nuclei B Nuclei B 

Nuclei B Nuclei B Nuclei B 
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crystal spheres were oxidized at 475°C in lOw of 


oxygen for | hr, oxide nuclei were formed which lay 
in rings around the (311) pole. 


Experiments with nickel 

The formation of oxide nuclei on nickel was reported 
earlier by Lawless ef al.'*), who showed that the number 
of nuclei was related to the orientation of the nickel. 
The nickel crystal described above was oxidized 30 
min at 500°C in one atm of oxygen. On examination 
with the optical microscope. lines of oxide were seen 
which probably corresponded to polygon boundaries. 
These lines of oxide corresponded to lines of etch 
pits which were formed on etching the nickel in 
FeCl,-HCI-EtOH. However, it has not been demon- 
strated that such etch pits correspond to dislocations. 


A nickel crystal sphere was oxidized in 10m of 


oxygen for 30 min at 500°C. Oxide nuclei were formed 
and the of the 
crystal orientation. These nuclei lay in circles around 
the (111) and (311) poles, as shown in Fig. 8. 


number of nuclei was a function 


DISCUSSION 

Oxide nuclei A were formed at dislocations only 
by certain methods of oxidation and only if certain 
impurities were in the copper. There was a one-to-one 
correlation of oxide nuclei to dislocations in copper 
doped with Te. In OFHC copper and in copper 
doped with Sn, there was clearly a correlation between 
oxide nuclei and dislocations. For 99.999 per cent 
copper and for copper doped with Si there was no 
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Fic. 8. Oxide nuclei around (111) pole of nickel crystal 
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< 500, 


evidence that oxide nuclei were formed at dislocations. 
It was concluded that it was necessary to have certain 
impurities collected about the dislocations in order for 
oxide nuclei to be formed there. Probably the 
dislocations were acting as line sources of impurity 
atoms, and these impurity atoms were increasing the 
rate of oxidation in the immediate vicinity of the 
dislocation. Since nuclei were not observed at dis- 
locations in copper doped with Si, it was concluded 
that not all impurities in copper promote the formation 
of oxide nuclei at dislocations. 

The mechanism by which Te increases the rate of 
oxidation of copper is not known. Further, there is 
no explanation, at present, of the role which hydrogen, 
dissolved in the crystal, plays in this enhancement of 
the oxidation. It is known that a trace of hydrogen 
sulfide in the oxidizing atmosphere greatly increases 
the rate of oxidation of copper. It has been suggested 
that the sulfur ions are incorporated into the oxide 
lattice and make it more pervious to diffusing ions. 
Te may act in a similar way. Sulfur and Te are 
normally found as impurities in OFHC copper. This 
may account for the formation of oxide nuclei at 
dislocations in this material. No explanation can be 
given at present for the enhancement of oxidation at 
dislocations in copper doped with tin. 

Oxide nuclei which were not related to dislocations 
were found on copper by the three methods of 
oxidation employed. The appearance and number of 
these nuclei varied with the method of oxidation so 
that it is probable that different factors influenced 
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The 
nuclei B in all the copper crystals when oxidized by 


their nucleation and growth. occurrence of 
method (I), even the copper-doped-with-Te crystals 
which simultaneously had nuclei at the dislocations, 
clearly demonstrated that dislocations in the metal 
were not necessary for the formation of oxide nuclei. 
These facts imply that for such nuclei the nucleation 
phenomenon occurred in the oxide film during the 
growth process. Cathcart"), by examination with the 
electron microscope of oxide films stripped from 
99.999 per cent copper which was oxidized according 
to method (I), has obtained evidence that oxide nuclei 
are nucleated in the oxide film and then grow in size. 
Therefore, it was concluded that for pure copper the 
dislocations in the metal did not play a role in the 
formation of the oxide nuclei and probably did not 
play a significant role in the oxidation process. 

Cabrera’ suggested the possibility that the points 
where dislocations meet the surface would have a 
chemical potential sufficiently different from the 
remainder of the surface to cause enhanced oxidation 
at these points. From the results presented here, it 
appears that the difference in potential at clean 
dislocations is not sufficient to promote the formation 
of oxide nuclei. If the chemical potential at dis- 
locations with “Cottrell atmospheres” is considerably 
different from that at clean dislocations and/or the 
remainder of the surface, the formation of nuclei at 
such dislocations might be explained in a manner 
similar to that of Cabrera. Another explanation is 
that the impurity atoms, incorporated into the oxide, 
alter the rate of oxidation, and the dislocations simply 
act as a line source of the impurity atoms. It is not 
clear from these experiments which of these ex- 
planations would be more satisfactory. 

It should be emphasized that the impurity content 
of the crystals used in this study was very low. 
Oxygen free-high conductivity copper has often been 
used in investigations of the oxidation rate of copper, 
it being among the purest copper available until 
recently. The crystals of copper doped with Te were 
99.99 per cent copper, which has generally been 
considered high purity by investigators of the rate of 
Thus, the fact that the rate of 
oxidation can be greatly increased at points where 
dislocations meet the surface in slightly impure copper 
obviously has practical significance. 

Although the experimental results on nickel were 


oxidation of metals. 
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less complete, they were consistent with those on 
copper, and therefore it seems reasonable to draw the 
same conclusions. It was possible to obtain oxide 
nuclei which apparently corresponded to dislocations, 
and nuclei were also obtained, under other conditions 
of oxidation, which clearly did not correspond to 
dislocations. All these experiments were on nickel 
of intermediate purity. Since high purity nickel is not 
at present available, it has not been possible to 
determine if oxide nuclei would be formed at dis- 


locations on such material. 


SUMMARY 
(1) There was a correlation between oxide nuclei 
and dislocations in copper doped with Te or Sn and 
in OFHC copper. 
dislocations in 99.999 per cent copper or in copper 


Oxide nuclei were not formed at 


doped with Si. 
(2) In order that nuclei be formed at dislocations 
in the impure copper it was necessary that hydrogen 


be dissolved in the copper. No explanation of this 


result is known. 

(3) Dislocations in the metal were not necessary for 
the formation of oxide nuclei. 

(4) Dislocations apparently played no role in the 
oxidation of pure copper. 
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The formation of (110)[001] recrystallization 
texture in a cold-rolled and annealed (110) 
[001] crystal of silicon-iron* 

It has beenreported"!-*) that the deformation texture 
of a 70 per cent cold-rolled Si-Fe crystal with an initial 
orientation of (110)[001] consists of mainly (111)[112] 
and (111)[{112], plus a weak component of (100)[011]. 
In the pole figure there are also regions of very low 
intensity which can be described as a very weak 
component of the (110)[001] orientation. This cold- 
rolled crystal recrystallizes into a single (110)[001] 
texture upon annealing at temperatures around 
1000°C. Thus, the orientation of the recrystallization 
texture is the same as that of the original crystal. 
Walterand Hibbard have interpreted thisandsimilar 
situations in other crystals in the following manner: 
The very weak component in the deformation texture, 
which has the orientation of the original crystal, may 
have served to nucleate the recrystallization texture. 

During a study of the development of the rolling 
and annealing textures in a series of 3°,, Si-Fe single 
crystals, evidence was obtained to indicate that 
Walter and Hibbard’s interpretation is unlikely. The 
deformation texture of a 70 per cent cold-rolled 
crystal of initial orientation near (110)[001] is shown 
in Fig. 1. This specimen was completely recrystallized 
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Fic. 1. (110) pole figure of the 70 per cent cold-rolled crystal. 
0 initial orientation. Intensity contours are expressed as 
multiples of random intensity determined with a carbonyl iron 

powder specimen. 
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Neor (111) 
Neor (it) 


Q Neor (110) (10) 


Fic. 2. (110) pole figure of the crystal as in Fig. 1 after 
annealing at 800°C-15 min. 0 initial orientation of the 
crystal, close to the mean orientation of the recrystallization 
texture. [] and , mean orientations of the main deformation 


texture components. Arrows indicate rotations of 35° around 
the (110) pole A of the deformation texture. 


upon annealing at 800°C for 15 min, and the resulting 
texture consisted of a single (110)|001] orientation, 
as shown in Fig. 2. The change in orientation can thus 
be described as a [110] rotation of 35° from both of the 
(111)[112] type main deformation texture components, 
as indicated by the arrows. These results are in good 
agreement with those reported in the literature.“+?) 
In another experiment, an identical specimen was 
annealed at lower temperatures in order to study the 
After a 24 hr anneal 
observed 


initial stages of recrystallization. 
at 450°C no recrystallization 
microscopically. The specimen 
for 2 hr at 550°C. At this stage a slight reorientation 
was noted in the pole figure (Fig. 3), and partial 
recrystallization was observed microscopically (Fig. 4). 
The reorientation may be described as a shift in the 
orientation spread, in such a way that it no longer 
includes the (110)[001] orientation. Presumably then 
regions of the deformed crystal with the (110)[001] 
orientation must have recrystallized during the 
earliest stage of the annealing process, giving way to 
some other orientations, possibly near (210)[001}. 
The same specimen was completely recrystallized 
by subsequent annealing at 800°C for 15 min. The 


could be 
was then reannealed 
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Neor (110) (009 (10) 
@ Neor (210) (00) 


Fic. 3. (110) pole figure of the annealed crystal after 450°C— 
24 hr then 550°C—2 hr, showing that a shift in the orientation 
spread has taken place so that the (110)[001] orientation 0 is 
no longer included in the texture, while the rest of the 
deformation texture remains unchanged in orientation. 


resulting texture, instead of being the usual (110)[001] 
as shown in Fig. 2, was the (210)(001] type 


type 
(Fig. 5). 
another specimen, which was annealed 
24hr.t+) Another specimen was first 


(The same texture was also obtained from 
at 550°C for 
annealed at 


Fic. 4. Microstructure of the specimen used in Fig. 3, showing 

recrystallized grains formed in regions between deformation 

bands, and at strain markings within the bands, while the 
other structural elements remain unchanged. x 290. 


+ In view of this result, the doubly annealed (64 hr at 550°C, 
then 1 min at 980°C) specimen of Dunn" should have been 
completely recrystallized with a resulting texture of the 
(210)[001] orientation in much less than 64hr at 550°C. 
Also, his final texture of the (110)[001] plus the (210)[001] type 
orientations after 1 min at 980°C would be a result of growth 
during both the prolonged annealing at 550°C and the final 
anneal. 


EDITOR 


@ Neor (210) [001] 


Fic. 5. (110) pole figure of the specimen used in Figs. 3 and 4 

after being completely recrystallized by further annealing 

800°C-15 min. @ mean orientation of the recrystallization 
texture. 


550°C for 2 hr, and then annealed at 950°C for 1 min 
in a lead bath. The specimen was completely recry- 
stallized and the resulting texture was of the (110)[001| 
type (Fig. 6). 

The results indicate that annealing at 550°C for 
2 hr the scatter around 


eliminates orientation 


D Neor (11) 

Neor (iti) [112] 

Q Neor (110) (i.o.) 
Fic. 6. (110) pole figure of the annealed crystal after 550% 


2 hr. then 950°C—1 min in a lead bath. The notation is that 


used in Fig. 2. 
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(110)[001], and that, nevertheless, subsequent anneal- 
ing at 950°C for | min produced a sharp (110)[001] 
recrystallization texture identical with that obtained 
on annealing at 800°C for 15 min without a preceding 
550°C anneal. Consequently, it appears that the 
presence of a measurable minor (110)|001] component 
before the final recrystallization anneal is not a 
necessary condition for the formation of the (110)[001] 
recrystallization texture. If this 
orientation is still left in the texture after the 550°C 


any trace of 


anneal, its volume fraction is not larger than that of 


almost any other orientation, as far as this could be 


determined from the present data. 
Hsun Hu 
Edgar ©. Bain Laboratory 
for Fundamental Research 
United States Steel Corporation, Monroeville, Pa. 
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Discussion of paper entitled: *‘The formation 

of (110)[001] recrystallization texture in a 

cold-rolled and annealed (110)[001] crystal of 
silicon-iron” by Hsun Hu* 


The author considers as “unlikely” the interpreta- 
tion of Walter and Hibbard" that minor components 
of the deformation texture (preformed nuclei) having 
the same orientation as the initial single crystal may 
serve as the origin of the recrystallization texture. 
fact that different 
recrystallization textures are obtained if a cold rolled 
(110)[001] single crystal is different 
temperatures. The author’s data, however, do not 


His conclusion is based on the 


annealed at 


warrant such a conclusion since the pole figures are 
not sufficiently accurate to show pole densities below 
| random: it will be shown that orientations repre- 
senting pole densities as low as 1/100 random may 
convert the sample to a strong texture of the same 
orientation. 

From Fig. | (author’s data) it can be seen that the 
cold (110)[001} 


component.” This crystal, when annealed at tempera- 


rolled crystal contains a “minor 
tures of 800°C or higher without a prior low tempera- 
ture anneal, recrystallized to a (110)|001) texture as 
would be expected according to Walter and Hibbard. 
Thus the primary recrystallization texture is related 
to a minor component of the deformation texture, 
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which in turn has the same orientation as the virgin 
crystal. 

If the rolled crystal is annealed at 450° and 550°C, 
the author claims the presence of a new component, 
(210)[001], which, he says, derives from the (110)[001] 
minor component of the deformation texture. 
However, there is a (210)|001] minor component in the 
deformation texture (from author's Fig. 1) that is just 
as strong as the (110)(001] minor component although 
the author did not mention its presence. This minor 
component could have served as the source of nuclei 
for the low temperature recrystallization texture even 
though it did not have the orientation of the virgin 
crystal.t In addition, the author states that the 
(210)[001] component grew at the expense of the 
(110)[001] component of the deformation texture; the 
latter component had “‘largely”’ disappeared after the 
anneal at 550°C. However, the (210)[001] component, 
according to the intensity levels of the pole figures, 
appears to remain unchanged after the anneal at 
550°C. 
specimen thickness or 
deformation texture shown in the pole figure of Fig. 3 


For some reason (perhaps a difference in 
X-ray beam intensity) the 


appears to be reduced one level of intensity without 
the appearance of compensating primary recrystalliza- 
tion components. This change in intensity levels 
could account for the apparent disappearance of the 
(110)(001] component. If the change in intensity 
levels is real and the (210)[001] component is streng- 
thened by the anneal, the pole figure indicates that it 
could just as well have been growing into and con- 
suming the (I11){112| components of the deformed 
matrix. 

Because the (110)(001| component of the deforma- 
tion texture appears to be reduced during the low 
temperature anneal, the author suggests that the 
formation of the strong (110)[001| texture after a 
subsequent higher temperature anneal results from 
the (111)[112} 
However, as long as even a small amount of 


“spontaneous recrystallization” of 
matrix. 
material remains in this orientation, it could act as 
nuclei for primary recrystallization. For instance, let 
us consider that there is an average pole density of 
1/2 random (not shown by author) for all directions 
of 
representing a fraction of 2 
It is not unreasonable to assume that nuclei could 


within 5° This could supply nuclei 


10-3 of the sample. 


grow from a diameter of 1-30u, for a volume increase 
of 2.7 « 104 to 1. Consequently, only 2 per cent of 
the available orientations is needed to convert the 
sample to a very strong (110)[001| texture. This 


+ For additional examples see references 2 and 3. 
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nuclei part of the cold rolled texture represents a pole 
density contribution as small as 1/100 random, much 
too small to be detected. Thus the fact remains, based 
on the data presented by the author, that either 
recrystallization texture could have derived from 
minor components of the deformation texture although 
these may not be seen as part of the deformation 
texture. 


The author’s data on the effect of different kinds of 


anneals on the relative amounts of (110)|/001] and 
(210)[001] textures agree with those obtained by Dunn, 
particularly since there is a significant difference in the 
initial orientations of single crystals and a_ possible 
large effect of widening of the sample during rolling.‘? 
Considering the importance of the conditions of the 
sample (thickness) and the rolling (amount of widening) 
to the final result, these details should have been noted 
by the author. 

J. L. WALTER 

W. R. Hipsarp 


C. G. Dunn 


General Electric 
Research Laboratory 
Schenectady, N.Y. 
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Contribution of interface couples to the 
energy of a dislocation* 


As noted by Bishop and Hill") and developed by 
McClintock et al.) the usual concepts of stress and 
strain may be inadequate if there exist periodic varia- 
tions in stress on an atomic scale, or distributed 
couples as well as distributed forces (stress) on an 
interface or section through the material. It was 
shown by McClintock et al.) that these effects would 
only be important in the presence of very high strain 
gradients such as might be found around a dislocation. 

An estimate of the magnitude of the effects of 
interface couples on dislocations may be obtained from 
the energy contributed by them if the displacements 
are those usually found around a screw dislocation. 
Taking the x, and x, axes normal to, and the x, axis 
parallel to, the screw dislocation having a Burgers 
vector b, the only displacement is that in the xr, 
direction, us: 


us = (b/277) (1) 


From this assumed displacement the components of 
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lattice rotation and then lattice curvature can bx 
found as follows: 
| (2"s) dus 
1 2 
2 \dx, 2 Ox, 
(2) 
du, do, 
K K ete 
12 11 
Ox, Ox, 


To get the energy some assumption must be made 
the 
volume couples the rotations themselves are not 


about a stress-strain relation. In absence of 
important, and thus there are 15 measures of deforma- 
tion: 6 components of strain and 9 components of 
curvature. There are in general 9 components of 
stress and 9 interface couples, but only the average 
shear stress components of the type (o,, + @,,,)/2 are 
likely to affect the strains leaving 6 components of 
A general stress-strain 
15(15 +- 1)/2, or 120 


elastic constants rather than the figure mentioned 


stress and 9 interface couples. 
relation would thus involve 
sreviously by McClintock e¢ More simply for an 
y pi 
isotropic crystal, a given component of curvature is 


produced solely by the corresponding component of 


interface couple. An upper limit to the interface 
couple 7,; due to the curvature «,, with a lattice 
spacing is 

Vij (33) 


Combination of equations (1, 2 


and 3) vields a strain 
energy density in terms of the radius from the center 
of 


of the dislocation. r. 


ij IGh2 


l672r4 (4) 
When this energy density is integrated from 6 to 
infinity, the total energy is Gb?/167 as compared to the 
value of (Gb?/47) log (R,/b) commonly considered for a 
screw dislocation. Thus as long as the major contri- 
bution to the energy of a dislocation comes from the 
elastic region separated from it by a distance 6 or 
more, the effect of interface couples may fortunately 
be neglected. 
A. 

Mechanical Engine ¢ ring partie nt 

Massachusetts Institute of T'¢ chnology 
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Activation energy for deformation of 
metals at low temperatures* 

It is now generally accepted that in many cases 
deformation of metals is governed by thermal activated 
processes. If a single activation process is the control- 
ling mechanism for the deformation, the strain rate 
(€) can be expressed by 


€ A exp (—G/RT) 


A exp (S/R) exp (—H/RT) (1) 


where A is effectively the product of the rate at 
which attempts to overcome the barrier are made 
and the strain produced by a successful fluctuation. 
G = H — TS is the Gibbs’ free energy of activation, 
H the enthalpy of activation (commonly termed 
“activation energy’), and S the entropy of activation. 
A, G, H and S will generally depend upon stress, 
temperature and structure. Only if certain simplifving 
assumptions are made can values for H be derived 
from experimental data. 

Basinski” 
obtaining H from low temperature creep data taking 
into account the change in shear modulus with 
In the derivation of this equation he 


recently proposed an equation for 


temperature. 
assumed that: 


(1) A and S are independent of stress and tempera- 
ture, and 

(2) to a first approximation H is a constant for a 
constant ratio of applied stress o to the shear 

strain, i.e.. H = H(a/u) 


modulus wu at 


any 
Xecent experimental however, indicates 
that if temperature 
deformation, 
of o/u but rather a function of the effective stress, 


equation (1) describes low 


the activation energy is not a function 
G = 6 — o,,. where o, is the long range internal stress 
field at any given structure and is proportional to 
the shear modulus «. Moreover, the results of Dorn 
and co-workers.'®) and Thornton and Hirsch" indicate 
that H may also be a direct function of the tempera- 
ture. This then 
the form 


suggests an activation energy of 


A consequence of a temperature dependence of H is 
a temperature dependence of S in accord with the 
general thermodynamic relationship: 
(2), 

oT oT 

The purpose of the present note is to deduce expres- 
sions for the activation energy when equations (1) 
and (3) define the deformation behavior. 


(4) 
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Differentiating equation (1) with respect to tempera- 
ture gives 
0G 0G 
aT (57), 


Combining equations (1) and (5) we have 
0G 0G 0G 


Further, differentiating equation (1) with respect to 
In €/A gives 
(Ga) 
Substituting (0G/0G), obtained from equation (7) 
into equation (6), we obtain 


G(T.) - TS 


7) = —Rine/A (5) 


RT (7) 


o,, du 
(2) 


oT 
(; In €/A 


which applies to constant strain rate (tensile) tests. 
Further, 


RT? (8) 


since 


ena) ete (9) 
and from equation (1) 


we obtain by substituting equation (10) into equation 
(9) 
G(T.G) = H 


é/A ) + | 


TS 


udT 


oT 
OG 
T (11 
(ar), 
which applies to constant stress (creep) tests. 
Since in general 
it follows from equations (8) and (11): 
RT (Sa) 
0 In €/A 
and 
€/A Olne/A\ oa, du | 
[ OT | 00 rudT 
(lla) 


(6) 
ete 
). 
8 
DE 
191 
¢ 
| 
; 
2 


The right hand side of equation (lla) is essentially 
the same as Basinski’s equation for the activation 
energy H(o/u) with the exception that the total 
stress o is replaced by the internal stress o,,. 

To determine H experimentally one must obtain 
the parameters of equations (8a) or (lla) at a constant 
structure. The term structure here refers to the 
nature of the obstacle and the number of places 
where thermal activation can occur. If we assume A 
of equation (1) is independent of 7 and 4,+ the 
parameters of equations (8a) and (11a) can be obtained 
as follows: (@1n €/07'), is obtained by incremental 
changes in temperature during a creep test::7~® 
(dln €/dc), is obtained either from incremental 
loading creep tests®4-% or from a change in strain 
rate during a tensile test; is obtained 
from the change in flow stress caused by a change in 
temperature for a constant strain rate. 

c,, can only be obtained indirectly. For undeformed 
specimens the value of a, is frequently given by the 
constant flow stress (when corrected for the variation 
of shear modulus with temperature) at high tempera- 
ture.291) Similarly, for deformed specimens, the 
value of o, can sometimes be obtained from flow 
stress measurements at temperatures which are still 
below the temperature at which static recovery 
occurs but high enough for the activation process 
not to be the controlling process. In other cases, if the 
thermal component of the flow stress is relatively 
independent of the amount of deformation, a, is 


given hy(2.4.10,1) 


¢=6," | h de (12) 


where o,° is the value of the internal stress for the 
undeformed specimen and |" h de represents the 
increase due to strain hardening. Here / da/de is 
the strain-hardening coefficient given by the slope 
of the experimentally determined stress-strain 
curve, 

If none of the above methods for obtaining o,, 
applies, an approximation for H can be obtained 
hy assuming that o, in equations (Sa) and (Ila) is 
equal to the applied stress, similar to the assumption 
made by Basinski™. The error associated with this 
approximation will depend on the relative values 
of the thermal component of the flow stress and o,,. 
The approximation is probably not too bad for large 
strains, i.e. at large values of o,,. 

Even though H can be determined from the 


+ This assumption has not been substantiated experiment- 
ally. 


v 
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Fie. 1. Schematic of the surface of the activation 
energy for plastic flow as a function of the effective 
stress G and temperature 7’. Shaded area represents 
narrow region generally investigated experimentally. 


available experimental data on a number of metals, 
it is impossible to decide from these data whether 
is a function of both @ and 7 or just & alone or 7 
alone. For instance, the assumption that H H(G) 
(i.e. H depends only on the stress) with A and S 


constant gives from equation (1) 
H T(S R In €/A), (14) 


which indicates that the activation energy measured 
over a wide temperature range at essentially the 
same strain rate has to be proportional to the tempera- 
ture, which is approximately what Dorn and_ his 
co-workers®) have found for Al and Cu at low 
temperatures. This apparent temperature variation 
of the activation energy could then be due entirely 
to the fact that tests at low temperatures are made 
at high effective stress and vice versa rather than 
the effect of temperature per se. Similarly, the 
dependence of H on temperature suggested by 
Thornton and Hirsch'® may be due entirely to effects 
associated with changes in G which occur when tests 
are conducted at different temperatures. To separate 
the effects of temperature and stress on the activation 
energy, tests would have to be conducted over a 
very wide range of ¢ (or €) at constant temperature. 
In practice the range of strain rates covered is usually 
only two or three orders of magnitude. According 
to equation (14) this vields a change in activation 
energy which is within the experimental error in the 
measurements of H. Thus, somewhat larger ranges 
of strain rate will have to be investigated to establish 
the effect of G on H. The significance of this is shown 
in Fig. 1. Here the shaded area represents the small 


129 
Ho 
€ 
VOL. 
8 
1960 
| 


130 


region of the H(é,7) surface which is generally 
investigated experimentally. 

H. ConraD 

H. WIEDERSICH 
Metallurgy Department 
Westinghouse Research Laboratories 
Pittsburgh 35, Pennsylvania 
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Blue-brittle Armco ingot iron* 


During a previous investigation” of the mechanical 
properties of an Armco iron showing the characteristics 
of “blue-brittleness” at temperatures as low as 0°C, it 
was found that this material exhibits several anomalous 
features. In connection with the irregular stress— 
strain curves obtained it was pointed out that in 
general such curves could be the result of an anomalous 


dependence of the stress o on the strain rate é. This 
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dependence may be defined as: 


(1) 


The deformation should then take place in an irregular 
In the case of blue-brittle 


in which = 


and > 


and localized fashion. 
material this anomalous behaviour is thought to be 
due to the diffusion of interstitial atoms towards 
moving dislocations. 

In the series of experiments presented here, the 
character of the irregular stress-strain curves and the 
connection between diffusion of interstitials and this 
type of deformation were investigated in somewhat 
more detail. The following details of the experimental 
conditions may be of interest: specimens of the 
material were strained at very accurately maintained 
rates of strain in a 5-ton Instron tensile testing 
machine. During each test the specimen and the jaws 
around the heads of the specimen were submerged in 
an oil-filled thermostat in which the temperature was 
maintained with an accuracy of +0.05°C. The jaws 
were made self-centering by means of Hookean keys. 
In some tests simultaneously with the load—elongation 
curve, which was autographically recorded, point-to- 
point diameter readings on the gauge section of the 
specimen were obtained (Fig. 1). A_ scissors-type 
diameter gauge in which the sensitive element operates 
outside the thermostat was constructed for this 
purpose. 

The Armco iron of which the specimens were made 
had been annealed for 1 hr at 870°C; the grain size 
was approximately 550 grains/mm?. After this heat 
treatment, specimens with a ground surface on the 


The 


gauge section were machined from the stock. 


Fic. 1. 


brittle Armco iron at 


Local and overall stress—strain curves of blue- 
90°C 
10-4 see}, 


20 


and a strain rate of 12.5 
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TO 
VO 
8 
19°; 
ba 
} 
30} : 
| 
20) 
} 
| 
10} 


LETTERS TO 


diameter of the specimens was 4 mm, the gauge 


length 15 mm. The composition of the material was 
the following: 


THE 
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Smooth curve 


Serrated curve 


C N Pp S Cu 


weight °, 0.014 0.018 0.004 0.021) 0.10 


Fig. 1 is a diagram of engineering stress vs. plastic 
strain in which both the curve obtained for the total 
1uge length and the curve deduced from diameter 


gi 
readings at one point in the middle of the specimen 
are represented. It appears that the local plastic 
deformation does indeed take place by sudden spurts 
at a relatively high local rate of strain. The overall 
3 sec"!, whereas the local rate 
of strain was estimated at ~2 « 

In the blue-brittle temperature region the unstable 


plastic deformation which manifests itself by the 


rate of strain was ~10 


irregular stress-strain curves takes place at low rates 
of strain. At a sufficiently high strain rate the 
deformation is stable and smooth curves are obtained. 
Apparently a critical strain rate exists which repre- 
the transition the two types of 
behaviour. It was noticed that at strain rates just 
below the critical value the character of the irregular 


sents between 


curves changed in a narrow region of strain rate from 
“spiky” to more or less garland-like, as illustrated in 
Fig. 2. This phenomenon made it comparatively easy 
to recognize the critical rate of strain. A series of 
tests was carried out at different temperatures, in 
rate of strain was determined as a 


» 


which the critical 
value in between a rate at which the curve was regular 
and one at which the curve was serrated. 

If we assume that the critical rate of strain é,., 
is proportional to the mean velocity with which inter- 
stitial atoms diffuse through the iron lattice towards 


E 
20 
20 
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} 
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20 
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Fic. 2. Stress-strain curve at 140° C and three rates of 
strain. 
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Fic. 3. Diagram showing the transition from smooth to 


serrated stress-strain curves as a function of temperature 


and rate of strain. 


a dislocation, we obtain: (Cottrell and Bilby*): 


C-(D/RT) (2) 


"CR 


‘ 


where C is a constant dependent on dislocation 


density and the physical properties of the iron lattice 
their 


and where the other symbols have usual 


connotation. 
The diffusion coefficient D of interstitials in a b.c.c 


lattice was shown by Wert and Zener to be 
adequately represented by: 
D = D, exp (—A/RT) (3) 


The values of D, and A were determined both for the 
diffusion of C and N in the Fe lattice by Wert®®. 
His results were: 


18,200 cal 


A 
A 


N in Fe: 0.003 em? 


C in Fe: 


Dy 
Dy 


sec 


0.02 em?/sec 20.100 eal 


In the temperature region in which our experiments 
were carried out the value of the diffusion coefficient 


for carbon is about 4 orders of magnitude higher than 


It would therefore appear justified to 


for nitrogen. 
neglect the influence of nitrogen diffusion. 

In Fig. 3 the results of the critical-rate experiments 
é) vs. 1000/7 diagram. According 


are givenina log (T' - 
to the above theory the critical rate of strain should be 


a straight line in this diagram: here it is plotted as the 


boundary line between points representing regular and 


serrated curves. The activation energy as determined 


from this diagram is 20,400 cal, which is in good agree- 


ment with the activation energy for the diffusion of 
carbon of 20,100 cal.“© Considering the inherent lack 
of accuracy of the method this seems to confirm the 
correctness of the postulated relation between diffusion 
of interstitial atoms and the irregularity of the plastic 
deformation of this type of material. 
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Thanks are due to Mr. J. Raadsen for his able 


assistance during the experiments. 


Koninklijke/Shell- Laboratorium A. W. SLEESWYK 
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The effect of segregation on the solute diffusion 
enhancement due to the presence cf dislocations* 


Turnbull and Hoffman”? first showed that isolated 
dislocation “pipes’’ can exhibit diffusivities greatly 
in excess of the surrounding lattice, and can therefore 
act as short-circuiting paths relative to lattice diffusion. 
They further noted that the presence of such defects 
in single crystal material would be expected to 
produce anomalously high diffusion coefficients at 
Later, Hart‘? 
able to obtain order of magnitude agreement between 
the 
the observed self-diffusion coefficient enhancement 


relatively low temperatures. was 


calculated dislocation pipe contribution and 
in silver at 600°C, the enhancement being identified 
with the difference between the observed diffusion 
coefficient and that obtained by extrapolation from 
high temperatures. 

Tomizuka™? the fact 
that, if the of dislocations does in fact 
enhance the set of 
data obtained using single crystals should exhibit 


subsequently emphasised 


presence 
diffusion. accurate 


overall an 


a gradual fall in activation energy as the temperature 


decreases. It was further claimed that available 
data on the diffusion of antimony in silver at tracer 
concentrations did exhibit an overall change of 


2.4 kcal/mole in the apparent activation energy over 
a 400°C range of measurement. A smaller change of 
0.5 keal/mole over a 300 centigrade degree range was 
Both of these 
results appeared to correlate satisfactorily with Hart’s 
theory of the effect. 

It is the purpose of this note, however, to draw 
attention to the fact that Hart’s theory should be 
modified when discussing the diffusion of impurities 


also noted for self-diffusion in silver. 


in a given solvent as opposed to the self-diffusion 
of the of the 
possible natural segregation of the impurity atoms 


solvent atoms themselves, because 
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towards these dislocation pipes. The way in which 
information concerning this segregation might be 
obtained from diffusion coefficient measurements will 
also be discussed. 

If D, and D, are the diffusion coefficients in the 
dislocation pipe and in the undisturbed lattice 
respectively, then Hart’s expression for the observed 
diffusion coefticient D can be written 


D= Df + DA —f) (1) 


where f is the fraction of all atoms “in dislocations”. 
Here it is assumed that encounters with dislocations 
are sufficiently frequent for the overall concentration 
vs. penetration distance profile to remain defined by a 
single diffusion coefficient. 

At relatively high temperatures D and D, are very 
nearly equal, the overall diffusion being little affected 
by the presence of dislocation pipes. If AD is the 
discrepancy between the observed diffusion coefficient 
at low temperatures and that obtained by extra- 
polation from high temperatures, then 


AD D dD, 


from (1), since D, is very much greater than D,. 
In terms of ratios this becomes 


AD/D, = f(D,/D)) (la) 


For self-diffusion f measures the fraction of the 
total migration time that a given atom spends in 
equal probability of 


dislocation assuming 


occupation of all sites. However, if we are considering 


pipes, 


an impurity the sites within a dislocation pipe can 
be more probable of occupation due to the operation 
of a tendency towards segregation. Suppose C,/C, 
is the equilibrium ratio of the average fractional 
concentration in the pipe to that in the lattice, and 
n the number of sites that go to make up a typical 
cross-sectional area of the pipe. Then, provided the 
overall concentration is close to C’,, the fraction of the 
total migration time that the impurity atom spends 
in dislocation pipes is given approximately by nfyC,/C). 


f, being the fraction of all atoms in sites along the 


lines of maximum binding in the dislocations. As 
defined f is equal to nfy, the inclusion of the factor 
providing for more explicit reference in the calculation 
to the effective cross-sectional area of the dislocation. 

Thus, equation (la) may be generalized to 
AD/D, = nf,C,D,/CD, (2) 


Segregation towards dislocations has been discussed 
by Cottrell who points out that it can be due to 
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elastic or electrical interactions between the strain 
field of the dislocation and the solute atom, although 
of the two the elastic interaction predominates. It 
is also pointed out that segregation (and therefore 
(',/C)) can be expected to decrease as the temperature 
increases, as will also the ratio D,/D,, so that AD/D, 
can be expected to decrease more sharply still under 
these conditions. 

The diffusion of iron, cobalt and nickel in copper, 
studied by Mackliet®, may be cases to which the 
effects of segregation apply in varying degrees. 
The results exhibit a 22 per cent enhancement for 
iron at 719°C, 23 per cent for cobalt at 701°C, and 
no significant deviation from strictly lattice diffusion 
for nickel. Also, there is a marked solubility difference 
between these elements in copper, being only a few 
per cent for iron and cobalt but 100 per cent for nickel. 
The direction of this correlation between diffusion 
coefficient enhancement and solubility is consistent 
with Perryman’s'® generalization that a given 
concentration of solute is accommodated by the 
lattice more readily as the solubility increases, 
producing a smaller tendency to segregate to bound- 
aries than otherwise. 

Sufficient information is available to enable some 
rough calculations to be made of the segregation 
actually taking place in these systems. In the first 
place, interpolation from the measurements of the 
grain boundary diffusion of nickel in copper due to 
Yukawa and Sinnott" indicates that D,/D, is about 
1.5 « 10° at 710°C for this solute. Although the 
calculations would obviously be improved by having 
a precise knowledge of this ratio in each case, it is 
reasonable to assume that it is not greatly different 
for iron and cobalt. (For example, calculations by 
Turnbull and Hoffman” indicate that the ratio of 
grain boundary to lattice diffusion in copper is about 
the same for the three solutes zine, silver and nickel.) 
Secondly, Hirsch’® has given the range 4 10° to 
2 » 107 lines/em? for the dislocation density in 
annealed copper. Finally, following Hendrickson and 
Machlin"®), who make use of an estimate of the disloca- 
tion pipe diameter in silver of 10-7 em, » can be cal- 
culated to be of order 10. Using these values C',/C, 
turns out to be within the range 10-10? for iron and 
cobalt in copper at 710°C. 

By equating these values of (,/C, to exp (V/kT), 
kT having its usual meaning, the solute atom— 
dislocation binding energy V turns out to be about 
a few tenths of an electron volt, which is not unreason- 
able. An alternative method of finding V when more 
low temperature data are available would be to plot 
log (AD/D,) against 1/7: provided the activation 
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energies for D, and D, are known, V could then be 
calculated from the slope of the resultant straight 
line. 

Of course, calculations of this sort cannot be 
regarded as good evidence for the presence of segrega- 
tion of this type; a more direct experimental demon- 
stration is required. Apart from varying the operative 
dislocation density, one way of doing this would be 
to measure the diffusion of the solute as a function 
of temperature in an alloy in which the concentration 
of solute has been so increased that the concentration 
difference between the dislocations and the matrix 
is appreciably reduced. This is possible because the 
dislocations will saturate before the matrix. If 
segregation is suspected to be taking place at low 
concentrations, then the diffusion coefficient enhance- 
ment at low temperatures can be expected to be 
less for the alloy. When f is much less than C, the 
minimum overall concentration for which the disloca- 
tions are saturated is given by the reciprocal of the 
segregation ratio (,/C,: for example, if this ratio 
is 10° then Cin is equal to 1 per cent. 

The case of antimony diffusing in silver mentioned 
earlier is worthwhile re-examining in the light of 
what has been said, since the relatively low solubility 
(less than 10 percent) of antimony in silver also 
points to a possible tendency towards segregation. 
If the observed enhancement of the self-diffusion 
of silver at low temperatures (4 per cent at 630°C) 
is used to calculate the effective dislocation density 


via equation (la), a figure of about 3 107 lines/em* 


is obtained: applied to antimony in silver this would 
appear to indicate that no significant segregation 
is taking place. However, such an interpretation 
is not really warranted since the operative dislocation 
density could easily be quite different from this. 
For example, direct measurements by Hendrickson 
and Machlin”® give a dislocation density in annealed 
silver crystals of about 2 10° lines/em?. Determina- 
tion of the average dislocation density of the specimens 
employed in future experiments before and after 
their diffusion annealing should help to remove 
uncertainties of this type. 

The author is indebted to Mr. A. D. Le Claire of 
this Division for some helpful discussions. 

A. J. Morriock 

Metallurgy Division 
Atomic Energy Research Establishment 
Harwell, Berks 
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Nucleation in recrystallization phenomena* 


Orowan” has argued that thermal nucleation 
cannot play a role in the recrystallization process 
because the activation free energy required for the 
nucleation, given by (167/3)o%/(OF)*. is much too large 
to be supplied thermally at the recrystallization/tem- 
peratures. In this expression, ¢ is the interfacial free 
energy between cold-worked and annealed material, 
and OF is the decrement in volume free energy upon 
the annealing of a unit volume of material. Orowan’s 
argument depends upon utilizing for 0F the experi- 
mental magnitudes of the energy put in by cold work. 
Burke and Turnbull’ recognize. however, that there 
may be regions where the effects of cold work are 
concentrated and where thermal nucleation is possible 
because OF is sufficiently large. Furthermore, Beck? 
has stated that all theories for primary recrystalli- 
zation recognize the condition, first formulated by 
Becker), that a 
capable of growth in a strained matrix if it is not 


strain-free nucleus is stable and 


smaller than a certain critical size. The purpose of this 


note is to point out that there is a general considera- 


tion concerning nucleation that sheds some light on the 
understanding of the recrystallization phenomena. 

If state x of a substance is metastable with respect 
to state P of that 
step for the transformation z%—/. 


substance, then nucleation is a 
This necessity 
follows essentially from the definition of metastability, 
namely that, although x has a higher free energy than 
does /, any small variation of any internal parameter, 
Therefore, the 


system must transform cooperatively over a large 


£, will increase the free energy of z. 


region so that the inhibition due to the variation of 


£ is relegated to the interface and appears in the term 
g, and statistical fluctuations can push the system past 
On the 
other hand, if « is not metastable with respect to 7, 
that is, if there exists some variation of the relevant 


the barrier represented by (167/3)03/(0F)?. 


— that decreases F(x), and if the path along the &- 
variation is not too resistive then nucleation need not 
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be depended upon for zp. If such a path is very 
resistive, due to some kinetic inhibition, then nuclea- 
tion along some other path may be preferred. [It 
would seem that one can assert that if there exists no 
parameter & the magnitudes of which distinguish x 
from p and that can vary continuously from « to /, 
then that transformation must be nucleated. How- 
ever, the existence in principle of such a continuous 
variation of & does not guarantee the absence of 
nucleation, since F(x) may thereby be increased. An 
example of the latter would be the rotation of a ferro- 
magnetic domain under the action of an external field, 
where § would be the fraction of properly oriented 
atomic spins. | 

For the transformation of a cold-worked crystal, «, 
to the annealed condition, /, the relevant parameter 
would be the dislocation density, p,. A crystal of high 
p, is not metastable with respect to the dislocation- 
free crystal since a decrease in p, necessarily decreases 
F(x). Hence, the transformation x—>/ need not pro- 
ceed through a nucleation step and the question of the 
critical size of a strain-free region need not arise. The 
transformation simply proceeds by the progressive 
annihilation of dislocations as a consequence of 
vacancy migration etc., and indeed this is what is 
thought to occur in the initial recovery stage. It is to 
be noted that the reason for the absence of nucleation 
is fundamentally different from that adduced by 
Orowan”. Within any one cold-worked grain one 
ought to see a gradual and continuous decrease of p,. 
The grain shape and size, and hence the texture, will 
change in the process due (1) to absorption of x in one 
grain by p in an adjacent grain with consequent grain- 
houndary motion, and (2) to accompanying (though 
unrelated) grain boundary motion driven by the 
interfacial free energy. 

However, should the disappearance of the disloca- 
tions become kinetically inhibited, as by some locking 
mechanism, then nucleation of a strain-free region 
within the disturbed region may become an alterna- 
tive mechanism, but only if the dislocation density is 
so high that the dF is locally large enough that the 
nucleation can be thermally activated. We see that a 
small region of high dislocation density, while neces- 
sary for nucleation as Burke and Turnbull suggested, 
is not a sufficient condition: it must also be charac- 
terized by a mutual locking among the dislocations. 
The magnitude of the nucleation barrier will depend 
sensitively through 0F and o upon the details of the 
dislocation configuration at any one region. However, 
since the unpinning of the dislocations is a thermally 
activated process, holding at temperature will de- 
crease the number of regions for which a nucleation 
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mechanism is a possible alternative. One concludes 
that if any nucleation occurs in the recrystallization 
process, it must be a rare event and its contribution to 
the process must be very slight. It also follows that 
the origin of recrystallization textures must be sought 
in the growth phenomena and not in oriented nuclea- 
tion. 

The writer has profited from a discussion of these 
ideas with Dr. J. C. M. Li and Professor P. A. Beck. 
Edgar C. Bain Laboratory R. A. ORIANI 
For Fundamental Research 
United States Steel Corporation 
Research Center 


Monroeville, Pennsylvania 
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Shear in zinc bicrystals* 

The purpose of this communication is to report the 
difference in mechanical behavior of bicrystals and 
single crystals in simple shear. Bicrystals of 99.99°,, 
zine were deformed in simple shear at room tempera- 
ture with the shearing apparatus shown schematically 
in Fig. la. 

The shearing of the crystal is allowed to take place 
in such a manner that only vertical motion can occur. 
In Fig. lb is shown the relative orientations of the 
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Fic. la. Schematic of shearing apparatus. 


Fic. lb. Relative orientation of component crystals 


in bicrystal, 
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Fic. 2. Shear stress vs. shear strain for Zn crystals. 


component crystals in the bicrystal. Fig. 2 shows 
behavior of bicrystals as compared to single crystals. 
These results are typical of five separate tests on five 
different bicrystals and five single crystals. 

The most noticeable difference in behavior between 
the bicrystals and the single crystal (acid-sawed from 
the bicrystal specimen) is the low stress to cause 
fracture of the single crystal of a similar orientation 
This 


to one of the components of the bicrystal. 


Region of shear at grain boundary. 200, 
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Fic. 4. Grain boundary shear. 


fracture did not occur at the grips, but in the center 


of the gauge section. A possible interpretation is that 


the grain boundary in the bicrystal is able to absorb 
any crack nucleus which is initiated during the defor- 
mation. Fig. 3 is a micrograph of the grain boundary. 
After approximately 150 per cent extension, the defor- 
mation in this region is noticeably inhomogeneous, 
there being a region where the inscribed fiducial marks 
do not follow the same bending of the specimen which 
has taken place over the rest of the gauge section. 
Twinning did not occur in the gauge section. Indeed, 
as shown in Fig. 4, grain boundary shear has occurred 
but the region immediately adjacent to the grain 
boundary has not rotated under the bending moment 
inherent in this shearing process. Thus it can be con- 
cluded that a grain boundary shows a greater resist- 
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iducial 


line 


200. (Arrow indicates displaced fiducial line.) 


ance to the bending moment but does deform by 


movement of the one grain with respect to another. VO 
This movement could possibly be the adsorption 
mechanism of the crack nuclei, since the bicrystal 19 


does not crack at the same extension as the single 
crystal. In facet, no cracks could be detected micro- 
scopically in the bicrystal specimens at deformations 
of 150 per cent. 

This research was supported by the Office of Naval 


tesearch. 

J. M. GALLIGAN 
Minerals Research Laboratory S. FEUERSTEIN 
University of California W. LuHMAN 


serkeley 


* Received July 15, 
L950. 


1959: revised version November 16, 


136 
wrt, 
I 
rue 


EFFECT OF PRESSURE ON INTERMETALLIC LAYER GROWTH* 


L. S. CASTLEMAN?+ 


The effect of hydrostatic pressure on the kinetics of intermetallic layer growth in interdiffusing three- 
phase two component systems has been examined theoretically. A system has been selected for detailed 
analysis, in which the kinetics of layer growth are controlled by equilibrium interface concentrations 
and by the diffusion coefficient in the growing intermetallic phase. An equation has been derived which 
enables one to estimate the relative importance to intermetallic layer growth of pressure-induced changes 
in the diffusion coefficient and pressure-induced shifts in the interface boundary concentrations. Also, an 
estimate has been made of the importance of pressure-induced shifts in equilibrium concentrations in 
affecting the kinetics of growth of the e (UAI,) phase layer in the aluminum-uranium system and of the 
y (Ni,Al,) phase layer in the aluminum—nickel system. It is concluded that the pressure-induced increase 
in € growth rate cannot be rationalized on the basis of shifts in the equilibrium concentrations. The 
pressure-induced decrease in growth rate of the y phase is attributed primarily to a decrease in 
diffusion coefficient; equilibrium concentration shifts play a minor role. 


EFFET DE LA PRESSION SUR LA CROISSANCE DES COUCHES INTERMETALLIQUES 


L’auteur a étudié théoriquement l’effet de la pression hydrostatique sur la cinétique de la croissance de 
couches intermétalliques dans des systémes binaires possédant trois phases interdiffusantes, I] a soumis 


a une analyse détaillée un systéme dans lequel la cinétique de croissance de la couche est contrdlée par les 
concentrations d’équilibre a linterface et par le coefficient de diffusion de la phase intermétallique 
croissante. Il établit une relation qui permet d’estimer l’importance relative, sur la croissance de la 
phase intermétallique, de variations du coefficient de diffusion et de fluctuations des concentrations a 


Vinterface induite par la pression. 

L’auteur a également estimé l’importance de fluctuations dues & la pression dans les concentrations 
d’équilibre sur la cinétique de croissance de la couche ¢ (UAI,) dans le systéme aluminium-uranium et 
de la phase y (Ni,Al,) dans le syste¢me aluminium-nickel, On arrive ainsi a la conclusion que |’ augmenta- 
tion de la vitesse de croissance dans la phase e¢, induite par une variation de pression, ni peut pas etre 
estimée sur la base de fluctuations dans les concentrations d’équilibre uniquement. La diminution 
de la vitesse de croissance de la phase y induite par la pression, est attribuée essentiellement a une 
diminution du coefficient de diffusion; les fluctuations de la concentration d’équilibre jouent un réle 


secondaire. 


DES DRUCKS AUF DAS WACHSTUM INTERMETALLISCHER 
SCHICHTEN 
Die Wirkung des hydrostatischen Drucks auf die Wachstumskinetik intermetallischer Schichten in 
dreiphasigen Systemen aus zwei ineinander diffundierten Komponenten wurde theoretisch untersucht. 
Fiir die genaue Analyse wurde ein System ausgewahlt, in dem die Wachstumskinetik solcher Schichten 
durch die Gleichgewichtskonzentrationen an der Grenzflache und durch den Diffusionskoeffizienten in 
der wachsenden intermetallischen Phase bestimmt ist. Eine Gleichung wurde abgeleitet, aus der man 
den relativen Einflu8 von druckinduzierten Anderungen des Diffusionskoeffizienten und von druckin- 
duzierten Verschiebungen der Grenzflachenkonzentrationen auf das Wachstum einer intermetallischen 
Schicht abschatzen kann. Weiterhin wurde der EinfluB der druckinduzierten Konzentrationsverschie- 
bungen auf die Wachstumskinetik von Schichten aus e-(UAl,)-Phase im Uran-Aluminiumsystem und 
aus y-(Ni,Al,)-Phase im Aluminium-Nickelsystem abgeschatzt. Es folgt daraus, daB sich die druckin- 
duzierte Zunahme der ¢-Wachstumsgeschwindigkeit als Folge der Verschiebungen der Gleichgewichts- 
konzentrationen nicht ergibt. Wird die druckinduzierte Abnahme der y-Phase wird hauptsachlich 
einer Abnahme des Diffusionskoeffizienten zugeschrieben. Verschiebungen der Gleichgewichtskon- 


DIE WIRKUNG 


zentrationen spielen hier eine untergeordnete Rolle. 


INTRODUCTION diffusion coefficients is traced to an increase in the 

The effect of hydrostatic pressure on diffusion heat of activation for self-diffusion, which is a measure 
phenomena has been the subject of increasing atten- of the increased difficulty that an ion experiences in 
tion during the past decade. It is now well-established jumping from one lattice site to another in the 
that the self-diffusion coefficients of elements are compressed lattice. However, in multiphase multi- 
reduced by hydrostatic pressure’>?) and that the component systems undergoing interdiffusion, such as 


anisotropy of self-diffusion coefficients is reduced in occurs in diffusion bonding applications, the situation 


non-cubic metals such as zine, ‘?) The decrease in is much more complicated. Not only must one 


consider the effects of pressure on diffusion co- 


* Received March 2, 1959; revised August 11, 1959. _ efficients, but also the effects of pressure on phase 
+ Sylvania Research Laboratories, a division of Sylvania 
Electric Products Inc. Bayside, N.Y. 
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equilibria; appreciable changes in phase equilibria 
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would change interface concentrations, which in turn 
would influence the course of interdiffusion. The 
effect of pressure on the kinetics of growth of inter- 
metallic layers in two-component systems can be 
quite marked; for example, the growth of the Ni,Al, 
phase during interdiffusion in the aluminum-—nickel 
system is appreciably diminished by applied pres- 
sure,“4) whereas the opposite is true in the case of 
UAI,, which grows more rapidly during interdiffusion 
in the aluminum-uranium system as the applied 
pressure is increased.) Although it is possible to 
explain pressure-induced reductions in growth rates 
as resulting solely from decreases in diffusion co- 
efficients,® it is not possible, except in special 
cases,'”) to rationalize pressure-induced increases in 
growth rates without taking into account phase 
equilibria. Accordingly, it is the purpose of this paper 
to estimate the magnitude of shifts in phase equilibria 
as a function of pressure, and to compare the relative 
importance of such changes with that of pressure- 
induced changes in diffusion coefficients in controlling 
the course of multiphase diffusion. 


RELATIVE IMPORTANCE OF CHANGES IN 
DIFFUSION COEFFICIENTS AND IN 
INTERFACE CONCENTRATIONS 


We first attempt to estimate the relative importance 
to intermetallic layer growth of pressure-induced 
changes in diffusion coefficients as compared with 
pressure-induced shifts in the interface boundary 
concentrations. To do so for the general case of 
multiphase diffusion in multicomponent systems is 
quite difficult, since the equations describing inter- 
diffusion are complicated."®) We therefore restrict our 
attention to a three-phase two-component system in 
which one intermediate phase nucleates, quickly 
forms a uniform, thin layer and then proceeds to grow 
into the adjacent phases at equal rates. The equi- 
librium phase diagram and the concentration vs. 
distance curve obtained for this case are shown 
schematically in Fig. 1; 
negligible solubility in the terminal phases. It is 


for simplicity, we assume 


evident that in a couple made up of components A 
and B and diffused for a time at temperature 7’,, the 
fp phase causes two discontinuities to appear in the 
concentration vs. distance curve; as is shown in Fig. 1, 
the concentrations at the discontinuities or interface 
boundaries are usually assumed (with experimental 
justification) to the equilibrium 
concentrations C ,, and of the equilibrium phase 
diagram.'*!® The solution of the diffusion equation 
for this case acquires a relatively simple form if the 
following additional assumptions are made"): (i) the 


correspond to 
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A and B atoms interdiffuse at the same rate in- 
dependently of composition; (ii) no volume changes 
occur during interdiffusion; and (iii), the interfaces 
are displaced equally and parabolically according to 
the relation 2, = (—1)‘bt'/, where /, is the position of 
the ith interface, (¢ = 1,2), t is the interdiffusion time, 
and 6 is a temperature-dependent time-independent 
constant. A consequence of assumption (i), for our 
particular case, is that (C_, — C = (see Fig. 1). 
Under these circumstances, we obtain the following 


relationship: 
(C 43 — Cp) D"? exp (—b2/4D) 
2 2 erf (b/2D"~) 


where D is the chemical diffusivity in the f phase, 


(b/2.D1/?) 
E exp ( 


known Gaussian error integral. If we define z? 
= b?/4D, equation (1) simplifies to the following form: 


and erf (b/2D"/*) u?) du the well- 


“BB 
ze* erf (z) = (2) 
2V 7 

By differentiating equation (2) with respect to pressure 
P and manipulating the resulting terms, we eventually 

derive the following expression: 
1 dz C 48 


z2dP C4, (1 + 22%) — C,,(1 — 22?) 


1 (3) 


( 1 dC 4, 
Cop dP 


Cy 
which is equivalent to 
db ] dC 43 
bdP)~ 2\pap) “\c,, aP 


where 


1 dc 
4) 
Cap 


“ap | 
C yp(1 + 6?/2D) — — 6?/2D) 

It is clear that the relative importance of pressure- 
induced concentration changes as contrasted with 
pressure-induced diffusivity changes depends upon 
the value of w. If it is assumed that the fractional 
change in the diffusivity is equal to the bracketed 
term in equation (4) involving fractional changes in 
the concentrations, it is clear that a value «> } will 
cause pressure-induced concentration changes to 
outweigh any effects resulting from pressure-induced 
diffusivity changes; if « < }, the situation is reversed. 
If « ~ 4, both effects must be considered in evaluating 
changes in the kinetics of layer growth. In any case, 
the effect on layer growth is simply calculated from 
the relationship 2bt'/* where is the layer thickness 
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Equilibrium phase diagram and concentration—penetration curve for a hypothetical 


three-phase two-component metallic system. 


OP. 

The function « is plotted vs. the dimensionless 
parameter z= b/2D"? in Fig. 2. It is evident that 
if z< 4/2 and that w<} if z> 
4 when z= }\/2. The width of the solubility 
C3) does not play an important role, 
unless z < 0.5; below this value « increases rapidly, 
such that 4, if z << 0.1 and if (C4; — <4 
per cent. 

It is interesting to calculate the values of z for 
aluminum— 


oO e phase; it is obvious tha slap 


range ,, 


interface motion in such as 
nickel and aluminum—uranium‘’), where data are 
available. Calculations show that in the aluminum— 
nickel system z is about 0.5 for atmospheric pressure 
runs at 500°C; by contrast, in the aluminum 
uranium system z is about 0.03 for runs at 1.25 tons/in® 
(170 atm) and at 520°C. On the basis of these 
results, one would predict that pressure-induced 
changes in the interface concentrations in the alum- 
inum-uranium system would be far more important 
than in the aluminum-nickel system; this will be 
discussed more fully later. 


systems 


MAGNITUDE OF PRESSURE-INDUCED CHANGES 
IN DIFFUSION COEFFICIENTS AND IN 
EQUILIBRIUM CONCENTRATIONS 

In the discussion above, we have determined for a 
relatively simple case of interdiffusion the comparative 
importance to layer growth of equivalent pressure- 
induced changes in diffusion coefficients and in 


interface concentrations. It is now necessary to 
evaluate the magnitude of the changes in the diffusion 
coefficients and the equilibrium concentrations which 
can reasonably be expected to occur. 

From the data of Ref. (1) and (3), we find that the 
diffusion coefficient of sodium is decreased 75 per cent 
if the hydrostatic pressure is increased to 3900 atm: 
in zine, the diffusion coefficient along a direction 
perpendicular to the basal plane is decreased 42 per 
cent by a hydrostatic pressure of 2000 atm, whereas 
the decrease is 11 per cent parallel to the basal plane. 
On the basis of these data, it seems reasonable to 
expect decreases in diffusion coefficients in solid 
solutions of the order of 10-20 per cent for pressures 
of 2000 atm. 

Unfortunately, there are no reported data on the 
effect of hydrostatic pressure on equilibrium con- 
centrations in multiphase metallic systems. It 
therefore becomes necessary to obtain a reasonable 
estimate of the magnitude of the effect. We shall do 
so by considering the effect of hydrostatic pressure 
on the free energies of the phases in equilibria. It was 
shown by Gibbs“ that if curves of the free energies 
per gram atom of all possible phases in a two-com- 
ponent system are plotted as a function of composition, 
the concentrations at the ends of the common tangents 


are the equilibrium concentrations (if the free energies 


on the tangent lines lie below the curves); furthermore, 
he pointed out that the application of hydrostatic 
pressure must raise the free energies of the phases and 
thus shift the positions of the common tangents. It 
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is not difficult to show, using well-known thermo- 
dynamic relationships, that the Gibbs free energy of 
a phase F,(8) varies with pressure approximately 
as follows: 


p 
= + |" 


“Po 1 
~ F,(p) + Vo(p)AP + = Vo(B)B (AP)? +... 
(6) 
where F,(f) is the free energy per gram atom of the 
phase, is the isothermal compressibility of the 
phase, and AP is the increase in hydrostatic pressure. 
If we consider pressures such that AP < 104 atm 
5) VolB)Ba(AP)? < 0.01 
Since p; ~ 10-6 atm~*") so, to a first approximation, 
we can neglect the higher order terms in AP and 
consider — Fo(B)|~ Vo(p)AP. Thus, if we 
know how the gram atomic volume of a phase varies 
with composition, we can readily estimate the extent 
to which its free energy curve is raised by hydrostatic 
pressure. In certain cases, Vegard’s law applies,“*) 
and the lattice spacings and thus the gram atomic 
volume are simply a linear function of atomic com- 
position; in other cases, the gram atomic volumes 
would have to be determined experimentally. Once 
the free energy curves are available for all the phases 
at the elevated pressures, it is a simple matter to 
determine the shifts in equilibrium 
concentration with pressure. 

Using the VAP relationship to estimate the 
magnitudes of the free energy increases we find it 
reasonable to expect the maximum free energy 
increase to be less than 1500 cal/g atom for applied 
hydrostatic pressures of 5000 atm or less. The gram 
atomic volumes of most metals range from 6-20 em3/g 
atom" (except for the alkali metals and the alkaline 
earths, which go up to as high as 70 cm3/g atom). It 
is likely that the intermetallic phases will not have 
values much greater; for example, this is the case for 
the and the aluminum—uranium 
systems, as is shown in the table: 


graphically 


aluminum-—nickel 


Volume per 
g atom 


Volume per 
g atom 


Phase Phase 


10.00%) 
12.108 
11.707) 
12.008) 
12.70 


Al 10.004 Al 
NiAl, (f) 8.8* UAI, 
Ni,Al, (y 8.3* UAI, (e) 
NiAIl (0) 7.2* UAI, (0) 
Ni,Al (e) 6.8* U 

Ni 6.60% 


* Calculated from X-ray diffraction data in Ref. (15) 
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A further point to be considered is that it is the 
difference in volumes of the phases in a system which 
will determine the shift in the common tangent on 
the free energy diagram and thus the shift in equi- 
librium compositions. Thus, if we assume that a 
difference in volume of 10 em#/g atom exists between 
two phases, at a pressure of 5000 atm, the relative 
increase in free energy of one phase over the other is 
50,000 cm? atm or 1210 cal. In most cases, the free 
energy differences will probably be much less. 

We turn next to an examination of the extent to 
which equilibrium concentrations can be expected to 
shift in a two-phase two-component system as the free 
energy curves of the two phases « and / are raised by 
pressure. As has been pointed out previously, one can 
determine this graphically for any specific cases 
where the necessary thermodynamic data are available. 
Alternatively, one can calculate the shifts analytically 
by means of the following expression:"®) 


(C,° — Cx") 


(7) 


4") 7, p 


where C,%, Cp” = equilibrium concentrations of com- 
ponent B in the « and / phases at 
atmospheric pressure 
V7, = partial molal volumes of com- 
ponent A in the « and f phases at 
the concentrations C,,* and C,,”, 
respectively 
= partial molal volumes of com- 
ponent B in the « and f phases at 
the concentrations C,,* and C,,", 
respectively 
1;;", Lp” = chemical potentials of component 
B in the « and f phases at the 
concentrations C,,* and re- 
spectively. 


Equation (7) indicates the extent to which the 
equilibrium concentration of the « phase is shifted by 
pressure; a similar expression is obtained for the 
shift in the # phase equilibrium concentration, if the 
superscripts involving « and f are interchanged. For 
many systems, however, including aluminum-—nickel 
and aluminum-uranium, the thermodynamic data 
needed to evaluate the pressure-induced equilibrium 
concentration shifts are not available; nevertheless, 
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useful qualitative and semi-quantitative information 
can be obtained by the use of suitable approximations 
which provide one with additional insight of a 
geometrical nature. We shall therefore examine the 
consequences of several approximations and the 
extent to which they can be trusted. 

As was mentioned earlier, the equilibrium concen- 
trations of the « and f phases are those corresponding 
to the end points of the common tangent. The first 
assumption we make is that the free energy curves 
may be suitably approximated by circular ares in the 
vicinity of the extremities of their common tangents. 
If R* and R°® are the radii of curvature, it is not 
difficult to show that equation (7) is transformed to the 
following relationship: 


aC, 
(SE) = —[(1 — 
T 


R* 
+ — x We (8) 


=x (C,° —C,*) (1+ (OF*/0C 7, 


F* is the free energy per gram atom at the con- 
centration C 

oC; 
oP 
scripts involving « and / are interchanged. Since 


A similar expression holds for if the super- 


oF* 
(= 3) at the equilibrium concentrations, 
B B 
M* — M*. Equation (8) is thus more useful than 
equation (7) in determining relative changes in 
equilibrium concentrations if one has an idea as to the 
values of R* and R° for a particular case. We can 
obtain some appreciation for the curvatures of free 
energy curves corresponding to terminal solid solutions 
and intermediate alloy phases by arbitrarily standard- 
izing co-ordinate scales for plots of free energy per 
gram atom vs. composition curves and examining 
available data. For convenience, we select scales such 
that the interval used for one atom per cent on the 
abscissa is equal to the interval used to denote 10 cal/g 
atom on the ordinate. Using these scales, we find by 
replotting Seigle’s data for the gold—nickel system‘?® 
that the curvatures of the « phase free energy curves 
in which a wide solubility range exists have radii of the 
order R* = 60; on the other hand, the curvature of 
the «’ phase curve, where the solubility is about 10 
atom per cent, is such that R* —8. Free energy 
curves calculated from Lawson's theoretically derived 
equation of state for binary metallic systems"! also 
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show similar ranges for radii of curvature.* Thus, in 
the absence of data for any specific case, it seems 
reasonable to assume that values of radii of curvature 
for intermediate alloy phases having highly restricted 
solubility ranges (up to 10 atom per cent) will be of 
the order of 1-10. 

The approximation involving the radius of curvature 
is not particularly restrictive since we can in principle 
fit a circular are to a portion of the free energy per 
gram atom vs. composition curve so as to make the 
error introduced by the use of equation (8) instead of 
equation (7) as small as we wish. Equation (8) can be 
still further simplified if we can assume safely that 
V,~V JV,” and that where 
V,and V, are the mean volumes per gram atom of the 
a and # phases respectively. It is easy to show that 
equation (8) then simplifies to the following relation- 


ship: 


( V ,) R* (9) 
oP), 
where, as before, the expression for| ap is obtained 


by the interchange of the superscripts « and #. The 
assumption expressed analytically above can be shown 
to have the geometrical consequence that the effect of 
pressure will be merely one of displacing the free 
energy per gram atom vs. composition curves upward 
without changing their shapes in the vicinity of the 
common tangent extremities.‘*?) In practical situ- 
ations, equation (9) proves useful for systems where 
(i) it is suspected that the variation in volume per 
gram atom over the composition range of each of the 
phases is monotonic and small or (ii) where the 
solubility ranges of the phases are so small that it is 
difficult to obtain an accurate measure of the variation 
in volume per gram atom with composition. 

It must be emphasized, however, that the assump- 
tions embodied in equation (9) are highly restrictive’*”? 
and that it must therefore be used with caution. 

We next set out to determine the percent change in 
the atmospheric pressure value of Cy, of the hypo- 
thetical f intermetallic phase in whose growth we are 
interested (Fig. 1). We assume the situation to be that 
indicated in Fig. 3, where the free energy of formation 
of the 8 phase is several hundred cal/g atom below the 
free energy of formation of an ideal solid solution of 
the same composition. We also assume that the curve 
of free energy per gram atom varies sharply with 
composition so that R,-= 1 (corresponding to a 
solubility range of 2 atom per cent or less) and the 


* A numerical error found in Lawson’s paper has been 
corrected, 


7 
— 

where 
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(Fp — Fa) Ve — Va a 


(cal/g atom) (em3/g atom) (atm) 


1500 5 1000 
5000 

1 1000 

5000 

2000 5 1000 
5000 

1 1000 

5000 

3000 5 1000 
5000 

1000 


5000 


* Rs assumed to be | so that C43. 49 


pressure-induced change in shape can be neglected. 
We convert equation (9) to the following form: 
[(V — V,)APR? 


Ap 
C 43 sec? 


C 4, Sec® do 


F,) is the free energy of formation per 


(10) 


where 
gram atom of the / phase at the stoichiometric 
composition AB and at atmospheric pressure, (F,,’ 
— F,') is the corresponding quantity at elevated 
pressure, and ¢, is the angle between the abscissa and 
the common atmospheric pressure. 
Equation (10) can then be used to evaluate the value 
of AC ,,. An even simpler and more accurate way 
to evaluate AC ,, is to use the relation 


tangent at 


AC 4, = R*(sin — sin do), (11) 
where ¢’ is the angle between the abscissa and the 
common tangent at elevated pressure, and ¢, is as 
defined Equation (11) is easily derived 
geometrically and embodies the same assumptions as 
those used in deriving equation (9). Using equation 
(11), we obtain the results listed in Table 1. We see 
that the shifts in composition of C_,, are very small 
indeed and do not exceed 0.1 per cent of the original 
composition unless a pressure-induced free energy 


above. 


increase of over 600 cal per gram atom (25,000 em% 
atm) is postulated. 

It is now possible to evaluate the relative importance 
of pressure-induced shifts in the equilibrium con- 
centrations at the interfaces as compared with 
pressure induced changes in the diffusion coefficient 
for the f phase. As we have found, it is unlikely to 
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TABLE 1. Pressure-induced shift in equilibrium interface concentration C4s* 


— 
cal/g atom) 


1960 


[AC 43/Cap| 100 


AC ap (per cent) 


(atom per cent) 


1379 0.01 0.02 
895 0.08 0.16 
1476 <— 0.01 <—0.01 
1379 0.01 0.02 
1879 0.01 0.02 
1395 0.03 0.06 
1976 <0.01 <0.01 
1879 0.01 0.02 
2879 <—0.01 — 0.01 
2395 0.015 0.03 
2976 0.01 0.01 
2879 0.01 0.01 


expect per cent changes in the original concentrations 
greater than a few tenths of a percent for an inter- 
mediate alloy phase having restricted solubility unless 
very high pressures (greater than 5000 atm) are used 
and the phase has an unusually high mean gram 
atomic volume in comparison to adjacent phases. On 
the other hand, it is reasonable to expect the diffusion 
coefficient of the intermediate alloy phase to be 
diminished by at least one order of magnitude (and 
perhaps two orders) greater than the equilibrium 
concentration changes. Consequently, by referring 
to equation (4), we conclude that a pressure-induced 
change in interface concentration is not important 
unless the function uw is at least greater than five and 
perhaps greater than fifty. For the # phase, we see 
by looking at Fig. 2 that 5 < p < 25if0 <z < 0.25; 
thus, if the pressure-induced decrease in diffusion 
coefficient is 10 per cent or greater, the pressure- 
changes can probably be 


induced concentration 


neglected. 


INTERDIFFUSION IN THE ALUMINUM-NICKEL 
AND ALUMINUM-URANIUM SYSTEMS 

We shall now attempt to rationalize the experi- 
mental results obtained in investigations of inter- 
metallic layer growth in the aluminum-—nickel and in 
the aluminum-uranium systems. We shall use the 
analysis developed above for a three-phase two-com- 
ponent system, even though we recognize that both 
systems exhibit far more complicated equilibrium 
relationships involving many more phases. Also, we 
shall be forced to make additional approximations for 
want of experimental data. 

In the aluminum-—nickel system and in the alum- 
inum-—uranium system, the kinetics of growth of the 


y(Ni,Al,) phase and the e(UAl,) phase have been 
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Fic. 2. Plot of s« vs. z (parameters defined above). 


shown to be particularly susceptible to applied Thus, at the times and temperatures employed, a 
pressure;,®,”) the thickness of the »(Ni,Al,) phase is pressure of 1360 atm reduces the y(Ni,Al,) layer 
diminished, whereas the thickness of the e(UAl,) thickness by 20 per cent, whereas the e(UAl,) layer 


phase is considerably enhanced. In Table 2 are listed — thickness is increased 200-450 per cent. 


typical values for the layer thicknesses obtained as a We now set out to evaluate on a first order approx- 
function of pressure. imation basis the relative effects of concentration 


TABLE 2 


Pressure y(Ni, Als) e(UAl,) 


Temp. Time Thickness Temp. Time Thickness 
(C) (hr) (mm) (°C) (hr) (mm) 


t.s.i. atm 


0.007 | 1 500 96 0.083 520 3 (0.32)* 
25 170 520 3 0.62 
f 680 500 96 0.071 520 3 1.45 
10 1360 500 96 0.066 520 3 1.75 


* Estimated by extrapolation 
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Hypothetical change in free energy relationships as a function of pressure between intermediate alloy 


phase # (AB) and a terminal solid solution—both having highly restricted solubility ranges. 


changes as compared with changes in the diffusion 
coefficients on layer growth in the two systems. To 
do so, we use equation (4), treating the differentials 
as increments and recognizing the fact that the 
solution represented by the equation does not rigor- 
ously fit the systems analysed. We obtain estimates 
of the pressure-induced changes in interface motion 
from the growth data in the table above; we evaluate 
f, and mw, by calculating values of z, and z, from 
layer growth data available in Ref. (6) and (7) and then 


using Fig. 2; finally, we estimate the upper and lower 


bounds of the fractional changes in concentrations 
from hypothetical free energy curve approximations 
and from mean atomic volume data. Once all this is 
done, the fractional change in interface motion due 
to pressure-induced reductions in the diffusion 
coefficients can be calculated from equation (4). The 
details of the calculations for the aluminum—uranium 
system can be found in the Appendix; the results for 
the aluminum-nickel system have been obtained 
similarly. The calculated values are listed in 
Table 3. 


TABLE 3 


Pressure change 
(atm) 


Intermetallic 
phase 


Temp. 


(°C) 


170—680 
170-680 
170-680 
170-680 


520 
520 
520 
520 


e(UAl,) 


1—680 
1—680 


500 


y(Ni, Als) 500 


7 = thickness of layer 


Solubility range 
Increase at. % U or Ni) 
min. max. 


Solubility range 
(at.% Uor Ni) | 


+ 


24-28 +0.5 
24-28 


24-26 +0.2 
24-26 


bo bo bo bo 


+0.2 


+0.3 


37-41 


37-41 —2.6 


- 250 
-500 
Ae -750 8 A 
Fo —F 
-1000 
-1250 
-1500 
vo. 
-1750 19) 
1.34 
1.34 
1.34 


CASTLEMAN: 


results obtained for the 
For reasons indicated 


We first consider the 
aluminum-uranium system. 
earlier, it is reasonable to expect that pressure will 
decrease the diffusion coefficient of the ¢ phase (or at 
least not increase it). If the calculation is to predict 
this result, it follows that the second term on the 
right-hand side of equation (4), which includes the 
effect on layer growth of the pressure-induced change 
in equilibrium concentration, must be at least as large 
as the fractional increase in e-layer thickness. How- 
ever, it is clear from the calculated large positive 
values of (AD/D) in Table 3 that wuch is not the case. 
It thus appears unlikely that pressure-induced changes 
in equilibrium concentrations can be used to explain 
the observed increases in e-layer growth. An alter- 
native explanation has been advanced by Castleman 
and Seigle?) that pressure could increase layer growth 
by repressing the tendency for the formation of 
macroscopic voids and thus effectively increasing the 
cross-sectional area available for interdiffusion. This 
explanation requires additional experimental verifi- 
cation. 

In the aluminum-—nickel system a similar calcula- 
tion shows (see Table 4) that the concentration changes 
affect y layer growth much less than do the decreases 
in the diffusion coefficient. It proves possible to 
rationalize the layer growth data regardless of the 
manner in which pressure affects the equilibrium 
concentrations. It seems plausible, however, to expect 
that pressure will not decrease the diffusion coefficient 
by as much as 30 per cent. On this basis, the diminu- 
tion in layer growth may be due in part to a decrease 
in the solubility range of a few tenths of a per cent. 


SUMMARY 
In the preceding discussion, we have examined the 
of determining the effect of hydrostatic 
on the course of multiphase diffusion in 
systems in which an intermetallic phase nucleates 
and grows uniformly at the original interface of a 
diffusion couple. In order to obtain some quantitative 
insight, we have considered a highly idealized case of 
interdiffusion in a three-phase two-component system, 
in which the kinetics of layer growth are controlled by 
equilibrium interface concentrations and by the 
diffusion coefficient in the intermetallic phase. An 
equation has been derived which enables us to estimate 
the relative importance to intermetallic layer growth 
of pressure-induced changes in the diffusion coeffic- 
ients and pressure-induced shifts in the interface 
boundary concentrations. The equation shows that 
the importance of equilibrium concentration changes 
depends upon the magnitude of the dimensionless 


problem 
pressure 


INTERMETALLIC LAYER GROWTH 
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parameter, z= //2(Dt)2, where 4 is the mean 
interface displacement, D is the diffusion coefficient 
of the intermetallic phase, and ¢ is the interdiffusion 
time. A given change in concentration becomes 
relatively quite important when z is very small. We 
have estimated the magnitude of such changes by 
evaluating the extent to which hydrostatic pressure 


influences the phase equilibria. We have next 
considered the pressure-induced increase in the 


growth rate of the e(UAl,) phase of the aluminum-— 
uranium system and the pressure-induced decrease 
in growth rate of the y(Ni,Al,) phase of the aluminum— 
nickel system. We have decided that it is not 
possible to rationalize the growth kinetics of the ¢ 
phase on the basis of the extent to which pressure 
increases the equilibrium solubility range. Finally, 
we have concluded that the pressure-induced decrease 
in the y phase diffusion co-efficient is more important 
to the growth kinetics of the y phase than equilibrium 


solubility range changes. 
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APPENDIX 
We wish to estimate the relative effects of concentration 
changes and diffusion coefficient changes on ¢ phase layer 
growth in the aluminum-—uranium system for a_ pressure 
change from 170 atm (1} tons/in®) to 680 atm (5 tons/in?). We 
begin by rewriting equation (4), using a more suitable notation: 


1 Ab 1/1 AD AC, AC. ‘1 
Here, we assume that we can use the differentials 
increments; also, the value 6 is considered to be the mean 
1 Ar 1 Ab 
bAP/ 
The concentration C. is the equilibrium value on the high 
uranium side of the intermetallic phase and C_ is the lower 
equilibrium value; a positive value of AC. or AC_ implies 
that the uranium concentration has increased. A further 
assumption is made that the e¢ phase has a solubility range 
of several at. 95; this assumption is based on unpublished 
data showing that a solubility range does exist, contrary to 
the information in the published phase diagram (Ref. 17), that 
it is 2-6 atom per cent wide and extends more to the U-rich 
side than to the Al-rich side. 
From the thickness data given in the table, we determine 
that 


Witson, Acta Cryst. 2, 148 


Trans. 


as 


value for both UAI, interfaces ( this implies that 


0.062 
1/2 q 
(2 


3600)-12 2.98 10-4 em sec~! 
(Ref. 


and 


7), 
that 


tabulated elsewhere 


12,000/RT) 


thickness data 
that D ~ 0.05 exp ( 
10-° em? sec~!; thus 


Also, from 
we estimate 
D500°C 2 


2.98 


10-4 
2(2 


b/2D"/? ~ 0.03. 


10 


Using Fig. 2, we note that ~~ 12 for z 0.03. 

We now estimate the equilibrium concentration shift due 
to the pressure increase. From the gram atomic volume data 
we note that 


AVuaig-+e 


and that 


— = —0.4 em*/g atom, 


AVvay *UAls — = —90.1 atom. 


Thus, we calculate that 
= AP(AVyaiy = (680-170)(0.0242)(—0.1) 
= —1].23 cal/g atom 


AFvaiy-e = AP(AVvai, +e) (680—-170)(0.0242)(—0.4) 


— 4.92 cal/g atom. 


Using these data, we construct plots of Gibbs free energy 
vs. composition curves to obtain upper and lower bounds 
for the changes in equilibrium concentrations produced by 
pressure; as previously indicated, we approximate the shapes 
of the curves by circular arcs whose radii are unaffected by 
pressure. For the first calculation, we assume that R = 4 for 
the ¢ phase and a solubility range of 4 atom per cent; for the 
UAI, and UAI, phases, we assume that R < 4 and that the 
solubility ranges are negligible. With a little graphical experi- 
mentation, we determine the maximum and minimum changes 
in the equilibrium concentrations of the e phase produced by 
the displacements in the curves corresponding to the free 
energy changes calculated above. A similar procedure is used 
to obtain the other values listed in Table 4. 

We encounter a problem in calculating the fractional 
changes in concentration. It must be remembered that 
equation (A.1) applies to a situation in which (C4 C48) 

Car (see Fig. 1); thus, no ambiguity is introduced if the 
concentration is expressed either in terms of A or of B atoms. 


AC, AC 
However, in the present instance, the values ( CG ) and ( "5 ) 


definitely do depend upon whether we express the concen- 
trations in terms of uranium or of aluminum. We arbitrarily 
choose uranium concentrations, since this choice will maxi- 
mize the values of the fractional changes and will be consistent 
with our intention of obtaining estimates of maximum 
pressure induced concentration effects. 

The values obtained above are inserted in equation (A.1), 
and the results are tabulated below. Similar calculations are 
made for Rez 2, and for the y(Ni,Al,) phase in the 
aluminum-—nickel system, and these results are also included: 


TABLE 4 


Solubility range 


> 
(at. % U) AT 


Phase 


+0.018 
0.007 
0.018 
+ 0.007 
510 0 
0 
0.008 
~ 0.004 
y 37-41 680 — 0.034 
(Ni,Al,) 0 


€ 24-28 510 
({UAI,) 


23-27 510 
24-28 


24-26 510 


— 0.004 


—0.004 


— 0.004 


=) | # 


bo bo bo bo be be be 


0.008 0.008 
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8 
19% 
ee AC Ab AD 
4 | | b D 
0 0 + 0.22 .B4 +2.24 
0 + 0.22 + 2.24 
aD) 0.14 34 + 2.40 
0 0 + 2.68 
0 0 0 34 +2.68 
5 + 0.17 + 2.33 
5 +0.17 34 + 2.33 
on 0 0.98 0.033 —0.144 | —0.22 
— —0.144 | —0.30 


DISPERSED PARTICLE HARDENING OF ALUMINUM-COPPER 
ALLOY SINGLE CRYSTALS* 


D. DEW-HUGHES} and W. D. ROBERTSON? 


Single crystals were grown in aluminum-—copper alloys containing from 3 to 5 per cent copper. These 
crystals were strained in tension after receiving heat treatments designed to develop CuAl, particles of 
varying sizes and distributions. Values of the critical resolved shear stress were found to be inversely 
proportional to the mean spacing between particles, in accordance with Orowan’s theory. Fisher, Hart 
and Pry’s theory that dislocation rings formed around the particles during deformation make a large 
contribution to work hardening, has received confirmation from the experimental results on these crystals. 
While a erystallographically defined critical resolved shear stress was observed, deformation took place 
mostly by multiple slip, the external characteristics of the deformation being similar to those of poly- 


crystalline material. 


MONOCRISTAUX D’ALLIAGES 


DURCISSEMENT PAR PRECIPITES DISPERSES DE 
ALUMINIUM-CUIVRE 

Les auteurs ont préparé des monocristaux d’alliages aluminium-cuivre contenant de 3 a 5 pour cent 
de cuivre. Ces cristaux ont été déformés par traction aprés des traitements thermiques favorables a la 
formation de particules de CuAl, de tailles et de distribution différentes. En accord avec la théorie 
d’Orowan, les valeurs de la tension de cisaillement critique sont inversément proportionnelles a l’écarte- 
ment moyen des particules. Sur la base des résultats expérimentaux obtenus sur ces cristaux, les auteurs 
peuvent confirmer la validité de la théorie de Fisher, Hart et Pry, selon laquelle les anneaux de dislocation 
formés autour des particules pendant la déformation apportent une contribution importante au durcisse- 
ment. Bien que l'on ait observé une tension de cisaillement critique définie cristallographiquement, la 
déformation se produit principalement par glissement multiple, les caractéristiques extérieures de la 


déformation étant semblables & celles des polycristaux. 


AUSHARTUNG VON EINKRISTALLEN AUS ALUMINIUM-KUPFER LEGIERUNGEN 
DURCH AUSGESCHIEDENE TEILCHEN 


Aus Aluminium-Kupfer Legierungen mit 3—5 Prozent Kupfergehalt wurden Einkristalle hergestellt. 
Nach Warmebehandlungen, die zur Bildung von CuAl,-Teilchen verschiedener GroBe und Verteilung 
fiihrten, wurden die Kristalle im Zugversuch untersucht. Die Werte der kritischen Schubspannung 
ergaben sich in Ubereinstimmung mit der Theorie von Orowan als umgekehrt proportional zum mittleren 
Abstand zwischen den ausgeschiedenen Teilchen. Die experimentellen Ergebnisse bestatigen die 
Theorie von Fisher, Hart und Pry, daB Versetzungsringe, die sich wahrend der Verformung um die 
Teilchen herum bilden, zur Verfestigung stark beitragen. Es wurde zwar eine kristallographisch 
definierte kritische Schubspannung beobachtet, doch die Verformung erfolgte meist durch Vielfachglei- 
tung. Dabei waren die auBeren Ziige der Verformung ahnlich wie bei vielkristallinem Material. 


INTRODUCTION or type of dispersion. The later results of Roberts et 
The effectiveness of a dispersed second phase for  a/.) agree well with Gensamer’s findings. 
increasing the strength of a metallic matrix is now Gregory and Grant®) found that, in S.A.P. type 


well established. Despite its technological importance, materials, the strength was a linear function of the 
however, few investigations have been carried out to reciprocal of the spacing between the Al,O, particles 
elucidate the mechanism of dispersed particle harden- in the aluminum matrix. Gregory") found the same 
ing. The first of these investigations was that of relationship in internally oxidized silver-aluminum 
xensamer et al.) who studied the effects of carbide alloys. This agrees with the predicted mechanism of 
dispersions in ferritic steels. They showed that, for Orowan':®, provided that the particles are uniformly 
a wide range of dispersions produced either by the dispersed in the grains and not concentrated at the 


pearlite reaction or by tempering martensite, the flow grain boundaries. On the other hand, the data of 
stress increased as the logarithm of the mean ferrite —Lenel ef al.'7 on Al-Al,O, alloys, in which the Al,O, 
path decreased and was independent of carbon content particles appear as flakes rather than spheroids, favor 
the Gensamer relation. Shaw ef using aluminum 

* Received May 4, 1959. This paper is abstracted from a 


thesis by D. Dew-Hughes submitted to the Graduate Division containing 3, 4 and 5 per cent copper and given 
of the Yale School of Engineering in partial fulfillment of the differing heat treatments in the overaged region, 


requirements for the degree of Doctor of Engineering. 
+ International Business Machines Corporation, Research obtained samples with a wide range of CuAl, partic le 
Center, Poughkeepsie, N.Y. dispersion. They found that at room temperature the 


New Haven, Conn. Initia OW stress varied as the matrix mean Tree path 
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to the power 0.15. Thomas and Nutting‘ using the 
electron microscope, studied the formation and 
appearance of slip lines on the surface of individual 
crystals in polycrystalline Al-4°, Cu and Al-7°, Mg 
alloys deformed to fracture after different ageing 
treatments. In the overaged alloys, the slip lines 
appeared to avoid the CuAl, and Mg,Al, particles 
completely, by climbing over them. 

Several theories have been advanced to explain the 
mechanism of dispersed particle strengthening. 

Gensamer et al.™, in order to account for the 
observed semi-logarithmic relationship, offered the 


following explanation. The particles divide the 


material into blocks, whose dimensions are equal to 
the interparticle spacing, and limit the mean dis- 
location path to the dimensions of these blocks. The 


number of dislocations moving over this mean 
dislocation path to produce a given macroscopic strain 
will be inversely proportional to the mean path. To 
produce strain at a certain time rate, dislocations must 
be generated at a rate which is also inversely pro- 
portional to this path length. If the relation between 
the rate of formation of dislocations and the applied 
stress is known, then the effect of the mean dislocation 
path on the resistance to deformation at constant 
strain and constant strain rate is also known. The 
relation between speed of deformation and stress is 
thought to be semi-logarithmic, at least for copper and 
steel at low temperatures.”°-) If the speed of de- 
formation is proportional to the rate of generation 
of dislocations, then the stress should be proportional 
to the negative logarithm of the mean interparticle 
spacing. As noted previously, this relation has been 
confirmed in ferritic steels and for Al-Al,O, alloys 
in which the oxide particles are in the form of flakes. 

Orowan'®:® has proposed that the critical shear 
stress of a crystal should be proportional to the 
reciprocal of the mean spacing between particles. He 
suggested that as a dislocation approaches two 
non-deforming particles it will bow out between them, 
finally connecting with itself bevond them and leaving 
a dislocation ring around each particle. The stress 
necessary to bow out the dislocation is inversely 
proportional to the radius of curvature assumed, and 
the maximum stress corresponds to the minimum 
radius of curvature through which the dislocation 
passes. This minimum radius of curvature is taken 
to be equal to half the distance between the particles. 
If the mean distance between particles is d, then the 


critical shear stress 7, = = where uw is the shear 


modulus of the matrix, b the Burgers vector, and x 
is a constant obtainable from dislocation theory. This 
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relation is in agreement with the previously mentioned 
results of Gregory“) and Gregory and Grant, 

No mechanistic theory has yet been offered to 
explain the results of Shaw et al.‘*) 

One other theory will be mentioned here; namely, 
that of Fisher e¢ al." in which the contribution of 
precipitate particles to work-hardening is considered. 
It does not attempt to account for the critical shear 
stress of the material, but assumes that the accumula- 
tion of dislocation rings left around precipitate 
particles lying in the active slip planes, due to the 
operation of the Orowan mechanism, give rise to a 
back stress which must be overcome by dislocations 
moving on the plane. This back stress is assumed to 
be a significant contribution to work-hardening. The 
results of Fisher, Hart and Pry’s"®) computations 
show that, after a given amount of deformation, the 
shear stress for further deformation, 7,, should be 
given by 7, = (3Nyubf?/r) + 7’, where N is the 
number of dislocation rings around each particle, f is 
the volume fraction of precipitate, r is the mean planar 
particle radius and 7’, is the increment in flow stress 
due to all other sources of work-hardening. 7’, may 
or may not be negligible. The shear stress on a 
particle due to the V loops around it is approximately 
Nub/r and cannot exceed the theoretical critical 
shear stress for the particle. As the particles are 
usually small, they may be considered to be nearly 
perfect and their critical shear strength should be 
approximately 0.14." If r is of the order 10%), N 
will have a maximum value of the order of 100. 
Fisher et al. applied their theory to the results of 
Shaw et al.'*) and found reasonable agreement between 
theory and observation. 

The present investigation undertaken to 
evaluate quantitatively the various existing theories 
and to supply necessary data for their extension. 
The work was performed with single crystals, to 
eliminate grain boundary effects and to define the 
shearing stresses with respect to the structure. The 
aluminum-—copper system was chosen because single 
crystals of dilute aluminum-copper alloys could be 
grown and particles of the CuAl, phase could be 
precipitated without causing — recrystallization.* 
Furthermore, particle size and dispersion could 
conveniently be varied by the use of suitable heat 


was 


treatments. 


EXPERIMENTAL 
High purity aluminum-—copper alloys were supplied 
by the Aluminum Company of America’s Research 
Laboratories in the form of 0.25 in. thick rolled sheet. 


* B.S. Berry, private communication. 
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TABLE 
Nominal Mark Composition (wt. %) 
composition 
Cu Fe Si Mg 
copper | 
3 Cc 3.00 0.002 0.002 0.001 
4 D 3.97 0.002 0.003 0.001 
5 BE 5.05 0.002 0.001 0.001 


Their composition, from the analysis supplied by the 
manufacturer, is given in Table 1. 

Single crystals, 1/8 in. 1/4in. and 10 to 15 in. 
long, were grown with all these alloys. The 3 and 5 
per cent Cu alloys crystals were grown from the liquid 
in a graphite mold under an argon atmosphere. The 
mold was supported in a horizontal position while a 
travelling furnace was drawn away from the growing 
crystal. The furnace temperature was 750°C, and the 
‘ate of travel was 8 cm/hr. The 4 per cent Cu single 
crystals were grown by the strain—anneal technique. 
Strips, 1/8 in. x 1/4 in. 15 in. were machined from 
the alloy, and annealed for 5 min at 550°C. They 
were then strained 1.5 per cent in tension, and a 
travelling furnace, maintained at 550°C, was passed 
over them at a rate of 0.65 cm/hr. This technique 
produced a yield of more than 50 per cent single 
crystals. Attempts to grow crystals in 3 and 5 per 
cent Cu alloys by the same method were unsuccessful, 
and therefore crystals of these two alloys were grown 
from the liquid. 

Since the directional growth of crystals from the 
melt might produce an end-to-end segregation of 
copper, specimens cut from each end of several 
crystals were overaged for 2 days at 300°C and the 
number of precipitated @ particles at each end was 
compared. It was found that the number of particles 
at each end did not differ significantly, and it was 
concluded that the compositional variation along the 
length of crystals grown from the melt was negligible. 
This examination did, however, indicate that con- 
siderable coring was present. This was completely 
removed (as indicated by microscopic examination) 
by annealing the crystals for 5 days at 550°C prior 
to subsequent heat treatments. 

Tensile specimens were obtained by cutting the 
crystals into 5in. lengths and carefully milling a 
gauge length of 2 in., with a reduced cross section of 
1/8 in. © 1/Sin., from the center of each specimen. 
The specimen shoulders were left at the original 1/8 
in. » 1/4 in. cross-section. The specimens were then 
etched for 30 min in a 10 per cent NaOH solution, 
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to remove the worked surface layers. Each specimen 
then received a number, the number being preceded 
by a letter, C, D or E, to indicate its nominal compo- 
sition of 3, 4 or 5 per cent copper, respectively. 

All solution treatments were carried out for 2 days 
in an furnace 540°C. As 
quenching strains, introduced by a too-rapid quench, 
precipitation to occur 


electric maintained at 


might cause subsequent 
preferentially on activated slip planes, some crystals 
were quenched in acetone, aged for 30 min at 400°C, 
sectioned and polished. The precipitated @ particles 
did not lie on a pattern of slip planes and, therefore, it 
was assumed that an acetone quench did not cause 
appreciable quenching strain. An acetone quench 
was therefore used prior to all ageing treatments. 

Ageing treatments, to produce the stable 4 pre- 
cipitate, were carried out for various times in electric 
muffle furnaces at 350°, 400° and 450°C, followed by 
a 48 hr anneal at 300°C to establish the equilibrium 
matrix composition of 0.45 per cent copper, irre- 
spective of prior ageing temperature. 

Stress—strain curves for the crystals were obtained 
with an Instron tensile machine. The load could be 
read to better than one per cent, and the strain to one 
quarter of one per cent. A constant strain rate of 
0.1/min was employed. 

In order to determine the size of precipitated 
particles, a small section was removed from the 
middle of each overaged crystal after testing. This 
polished and photographed at a 
magnification of 1350 
objective. The number of particles in a known area 


was mounted, 


using an oil-immersion 
were then counted, to give a value 7, the number of 
particles per unit area intersected by the plane of 
polish. The coarser particles were photographed at a 
magnification of 540 « , to avoid the statistical varia- 
tions in counting the much smaller number of particles 
Many of the 


crystals were sectioned and polished in three mutally 


found on one photograph at 1350 


perpendicular planes, and the particle counts on all 
sections were repeated several times. In some cases, 
the counts were repeated by a second person. The 
variation in 7 from all of these different counts on any 
one crystal were no greater than plus or minus 5 per 
cent. 

To calculate mean particle radius and mean inter- 
particle spacing, it was assumed that all particles were 
spherical, and that they were uniformly distributed 
throughout the matrix. Neither of these assump- 
tions are, in fact, perfectly valid and they break down 
completely for coarse particles. It was also assumed 
that each particle on the plane of polish had associated 


“cirele of influence.” If the radius of this 


with it a 
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Crystal Treatment 7-(kg/mm?) 


400°C 
400°C 
400°C 
400 
400 
300 
300 
300 
300 
300 
300 
300 
300 
450 
450 
450 
450 
450 
450 
450 
450 
450 
400 
400 
400 
400 
350 
350 
350 
350 
350 
350 
450 
450 
450 
450 
450 
450 


1 min 
10 min 
1 hr 
10 hr 
24 hr 
48 hr 
48 hr 
48 hr 
48 hr 
48 hr 
48 hr 
48 hr 
48 hr 

1 min 
10 min 
1 hr 
10 hr 
24 hr 
10 min 
1 hr 

6 hr 
24 hr 

1 min 
10 min 
1 hr 

6 hr 

1 min 
10 min 
l hr 

6 hr 
24 hr 
48 hr 

1] min 
48 hr 
92 hr 
230 hr 
96 hr 
96 hr 


D20b 
D2) 
D29 
D38b 
D38e 
D43a 
D43b 
D43e¢ 
D57b 
D69a 
D69b 
Dila 
D71\b 
D75 
D76 
D22b 
D30b 


TABLE 2. Overaged crystals 


7, (kg/mm?) 


|f/r x 10->cm— 


1.16 
1.19 
1.13 
0.84 
0.76 


2.17 


4.83 
4.10 
5.43 
3.61 
3.52 
5.81 


* Marks C, D, E correspond to 3, 4. 5 per cent Cu, respectively. 


circle of influence is R, and the planar particle radius 
is r, then 7*/R? = f, where f is the volume fraction of 
the particles in the matrix. The number of particles 
unit area 


per and the mean planar 


y= 

interparticle distance d will be approximately equal 
to 2R. 


intercepted per unit plane area, the mean planar 


Thus, knowing the number of particles 


interparticle distance d and the mean planar particle 
radius r can be calculated. 

The volume fraction of precipitate can be obtained 
from the aluminum-copper phase diagram together 
with the values of the density of the x solid solution 
and the 4 phase. From the phase diagram, at 300°C, 
an alloy in the two phase region consists of a mixture 
of the « phase, with 0.45 per cent Cu, and the § phase, 
containing 53.2 per cent Cu. The densities of these 
phases, calculated from lattice constants,“415 are 
2.73 and 4.35 respectively. For the 3, 4 and 5 per 
cent alloys, we then get values of f equal to 0.031, 
0.043 and 0.057. 


RESULTS 
The results of tensile tests on crystals containing 
various sizes and dispersions of CuAl, particles are 
summarized in Table 2. A very steep initial rate of 
work-hardening is characteristic of the stress-strain 
curves for these crystals. This may be seen in the 


typical curves shown in Fig. 1. Since the orientations 


if 


kg/mm? 


@ 


5 


Nominal stress,o, 


oo 5 & 
Elongation, % 
Fic. 1. Nominal stress versus elongation curves for 
4 per cent Cu crystals tested after ageing to give differing 
CuAl, particle sizes. 


150 
*Olb 1.04 138 3.29 
1.06 146 3.38 
C3b 1.33 132 3.22 
ee C5 0.83 73 2.39 
C6 | 0.62 60 2.17 
Dila 1.43 320 5.01 
D13a 1.43 
D26 1.65 
D42a 1.44 4.38 315 4.97 2.05 
D47 1.44 
ee D50 1.49 
D54 1.39 
Ph ae E2b 1.35 5.25 230 4.42 2.03 
i. ee E3b 1.34 5.15 192 3.88 1.85 
E7 1.27 4.89 140 3.31 1.58 
ee Es 1.51 5.42 180 3.75 1.79 
EY 1.76 6.10 162 3.56 1.70 
cee D20a 1.39 5.33 270 4.60 1.90 
Fae 1.02 4.28 150 3.43 1.42 
is ? 0.94 4.00 120 3.07 1.27 
wae: 0.98 4.29 90 2.65 1.10 
1.48 330 5.08 
1.38 260 4.51 
cools 1.05 4.94 200 3.96 1.64 
oe 0.91 4.64 160 3.54 1.46 
1.08 210 4.06 
1.18 230 4.24 
Ss ee 1.26 5.35 250 2.44 1.83 
1.52 340 5.16 
1.35 5.38 280 4.68 1.94 
ems 1.16 4.94 200 3.96 1.64 VO. 
ee 1.72 6.24 440 5.87 2.43 8 
Cy ee 0.98 3.71 32 1.58 0.65 
ae 0.78 3.81 22 1.31 0.54 191 
eee 0.82 3.71 26 1.43 0.59 
1.06 3.67 31 1.56 0.64 
ae 1.08 4.00 28 1.48 0.61 
+ 4 = 
| D38b D p29 | D7Ib 
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Crystot b 


Crystal D 7lb 


Fic. 2. Photomicrographs of overaged 4 per cent Cu crystals showing the 
Etched with Keller's reagent. 


of the crystals are nearly the same, the shape of the 
curves is dependent only upon the number and size 
of the precipitate particles, which is to be expected 
from the theories of Orowan®:® and of Fisher et al.” 
Both the critical resolved shear stress and the rate of 
work hardening increase as the number of particles 
increases and their size decreases. Fig. 2 shows the 
structures corresponding to the curves shown in Fig. 1. 

A group of crystals of differing orientation were 
given the same ageing treatment, 48 hr at 300°C, prior 
to testing. The small variation of the values of 
critical resolved shear stress (Table 2) shows that, in 
the overaged condition, these crystals obey the critical 


DISPERSED PARTICLE 


HARDENING 


CuAl, @ phase. 


1350 


shear stress law. Stress-strain curves for 


resolved 


these crystals are shown in Fig. 3. However, back 
reflection Laue X-ray photographs of these and other 
after 


Moreover, slip lines were not 


overaged crystals deformation indicate no 
change in orientation. 
visible on the surfaces of any of the overaged crystals. 
It would that 


takes place on the system most favorably oriented 


seem, while the initial deformation 


for slip, the rate of work-hardening on that plane is 
so high that after only a small amount of deformation 
the flow stress on the active plane is such that the 
applied stress, now resolved onto another slip system, 
than the critical stress for that 


is greater system. 


| 
| 
| 
| F 
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kg/mm? 


Nominal stress,a, 


© 
Elongation, 
Fic. 3. Nominal stress versus elongation curves for 
4 per cent Cu crystals of differing orientations tested 
after ageing for 48 hr at 300°C. 


Thus a second slip system is brought into operation, 
as are, similarly, all other systems capable of operating. 
Several slip systems are then operating simultaneously 
after only a small amount of deformation and, 
accordingly, the stress-strain curves are necessarily 
plotted in terms of nominal stress and strain instead 
of resolved shear stress and true glide strain. 

Further evidence of multiple slip is provided by the 
appearance of the fracture of overaged crystals. This, 
as can be seen from Fig. 4a, is similar to the frac‘ ure 
of a polycrystalline specimen, and is characteristic of 
fracture where several slip systems are in operaticn. 
A micrograph of a fractured specimen, Fig. 4b, shows 
that the particles have not deformed by a detectable 
amount even in the region of fracture. This ob- 
servation supports the contention, which is the basis 


Fic. 4a. Fracture, crystal D50, aged 48 hr 
300°C. 


A 
wr tine, 


Fic. 4b. Micrograph of fracture, crystal D26, aged 
48 hr 300°C. Etched with Keller’s reagent. x 540 


of both the theories of Orowan and of Fisher et al. 
that these particles are not sheared during plastic 
deformation of the matrix. 

In order to test the theory of Orowan, which 
indicates that the critical resolved shear stress should 
vary as the reciprocal mean interplanar distance 
between centers of particles, a plot of 7, versus 1/d 
was made, Fig. 5. Except for a group of crystals 
containing very coarse, plate shaped particles, a good 
correlation can be obtained for the 4 per cent Cu 
crystals. However, the points for the 3 per cent Cu 
and particularly the 5 per cent Cu crystals (grown 
from the liquid alloy) show considerable scatter from 
the straight line relationship. The scatter is not 
systematic, and no method of replotting the data 
has been found which brings these points into line 
with those of the 4 per cent Cu crystals. The slope of 
the best straight line through the points for the 4 per 


kg/mm? 


Critical resolved shear stress, 7 , 


2 3 4 6 
Reciprocal mean planar interparticle spacing, 


Fic. 5. Plot of critical resolved shear stress versus 
reciprocal mean planar interparticle spacing. 
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Hardening stress, 7, 


Fic. 6. Plot of hardening stress, 


the stress at 0.07 
strain resolved onto the initial slip plane, versus 
the volume fraction of precipitate to the three halves 
power divided by the mean planar particle radius. 
cent crystals is 29.2 g/em. Despite the scatter, this 
plot showed a better correlation than either the 
Gensamer logarithmic relation or that of Shaw et al., 

Fisher, Hart and Pry’s theory of work-hardening 
suggests that a hardening stress 7, should be pro- 
portional to the three halves power of the volume 
fraction of precipitate divided by the mean planar 
particle radius. Due to the fact that slip in the 
overaged crystals is not confined to one plane, it was 
rather difficult to decide what to use as a measure of 
t,. The best correlation was obtained with the flow 
stress, at an elongation of 7 per cent, resolved onto 
the initial glide plane. 

The plot of 7,, versus f*/?/r is shown in Fig. 6. Again, 
the correlation is poor for the crystals containing 3 
and 5 per cent copper, though in this case the devia- 
tions are systematic: the points for 3 per cent Cu 
crystals lie to one side, and those for 5 per cent Cu 
crystals to the other side, of the best straight line 
drawn through the points for the 4 per cent Cu 
crystals. This suggested that a change in the exponent 
of f might give a better correlation. In Fig. 7, 7,, is 
plotted as a function of f/r, and shows a_ better 
correlation. Plotted in this manner, the slope of the 
best straight line is 1.64 >» 10? g/cm, and the intercept, 
is 2.3 kg/mm?. 

DISCUSSION 

The experimental results indicating that the critical 
resolved shear stress is a linear function of the re- 
ciprocal mean planar particle spacing are generally 
in conformity with Orowan’stheory.©:® Furthermore, 
the slope of the best line through the points is also in 
accord with the theory. However, the disappointingly 
large scatter requires some explanation and the most 
obvious cause may be in the method of calculating 
the spacing. 

The mean planar interparticle spacing, d, is cal- 
culated upon two assumptions; that the particles are 
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Plot of hardening stress, the stress at 0.07 


Fic. 7. 


strain resolved onto the initial slip plane, versus 
the volume fraction of precipitate divided by the mean 
planar particle radius. 


spherical and that they are uniformly distributed. The 
group of 4 per cent Cu crystals which deviates widely 
from the linear relationship consists of crystals con- 
taining very coarse particles, for which neither of 
The particles are 


these assumptions is correct. 
precipitated as discs, and their size and distribution is 
not uniform. Whilst the particles in all crystals tend 
to be disc-like in shape, this shape is not so exaggerated 
and the distribution is much more uniform in the 
crystals containing finer precipitates. The 3 per cent 
Cu crystals, whose deviation from the straight line is 
fairly small, also show this tendency toward un- 
symmetrical precipitates. The disc-shaped precipitates 
occur in a much more exaggerated form in the 5 per 
cent Cu crystals, the extreme case being that for 
crystal £9, which shows the largest deviation from 
the line. As the 3 and 5 per cent Cu crystals both 
show a greater tendency to form disc-shaped pre- 
cipitates than the 4 per cent Cu crystals, it may be 
assumed that this tendency is in some way connected 
with the less perfect structure of crystals grown from 
the liquid. There is a direct correlation between the 
observed deviation of the particles from an ideal shape 
and distribution and the deviation from the straight 
line relationship required by the Orowan theory. It 
seems probable, therefore, that the calculated values 
of particle spacing in these crystals are in error. 

The value of d in the Orowan theory is actually the 
mean distance of closest approach between particles. 
In the case of small spherical particles, this is approxi- 
mated closely by the mean distance between centers 
of particles. However, for dises, d will be very much 
smaller than the mean centers. 
Whilst the mean distance between centers can easily 
be calculated from a count of the number of particles 
per unit area of plane of polish, the distance of closest 


distance between 


approach of non-spherical particles is not readily 
susceptible to calculation in the present case. Thus 
it was not found possible to correct the values of d 
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for a more exact verification of the Orowan theory. 

Only under the, not unreasonable, assumption that 
the deviations in shear stress are due to incorrect 
values for d, can verification of the Orowan theory 
be claimed. Under this assumption, a straight line 
was drawn through the points for the 4 per cent Cu 
crystals excluding points for crystals containing the 
largest plate-shaped particles. This line has a slope 
of 29.2 g/em. According to Orowan’s theory, 


2aub 
= 


For aluminum, uw = 2.5 « 10" dynes/em?,b = 2.8 x 
10-8 em. The constant « is shown by Cottrell"® to be 
given by: 


where v is Poisson's ratio, 7, is the distance from the 
center of a dislocation, within which Hooke’s Law is 
no longer obeyed, and / is a measure of the deviation 
of the dislocation from a straight line. In this case, 
A is of the order of 10% » ry (order of the spacing 
between particles), giving « an approximate value of 
2. According to theory, the slope of the line should 
then be 
2aub = 28 g/em. 


Agreement of theory and experiment is excellent and, 
provided that the above qualification is accepted, it 
may be said that the theory is completely sub- 
stantiated. 

In testing the Fisher, Hart and Pry”) theory, a 
plot of the hardening stress 7, versus f/r was found to 
give a somewhat better correlation than the 7, versus 
f?/r plot required by the theory. The former relation- 
ship may be obtained from the original analysis in the 
following manner. 

By the use of a magnetic analog, Fisher et al. 
showed that the back stress 7, on a dislocation source, 
due to the formation of dislocation loops about 
non-deforming particles as a result of the operation 
of the Orowan mechanism, is given by: 


1/2 PN 
(l—»v)j R*Ry 


is 
= 1-0f0 


where yw, b and y have their usual meaning, NV is equal 
to the number of dislocation loops about a particle, 
r is the mean planar particle radius, R the radius of 
the area of influence associated with each particle, 
R,, is the distance of closest approach of a source to 
a precipitate particle, averaged over the extent of the 
source. Fisher et al. then suggest that R,, is some 


fraction of R, namely 1/3: with vy also equal to 1/3 
they obtain: 
3/2 
= 3ubN -, 
r 

where f, the volume fraction of precipitate, is equal 
to r?/R?. 

It has been shown, however, that the experimental 
relationship is more nearly of the form: 


7, 
r 
where K is some constant. If we go back to the 
original (Fisher et al.“*)) equation for 7,, it may be 
rewritten, taking vy = 1/3: 
T, = poN 
Ry 
Comparison of this equation with experiment 
indicates that R ,, must be taken as being proportional 
to r, and not FR as assumed by Fisher ef al. If Ry, 
is set equal to pr, the equation then becomes: 


Th 
pr 


and a plot of 7, versus f/r will have a slope equal to 
MbN/p. With N equal to its maximum value of the 
order of 100, the theoretical line slope should then 
be 700/p g/em. From Fig. 7 the experimental line 
slope is found to be 164 g/em. Thus p has a value of 
approximately 4. This means that the distance of 
closest approach of a source to a precipitate particle 
is about 4 times the particle radius. 

The fact that the intercept of the plot of 7, as a 
function of f/r is equal to 2.3 kg/mm? indicates that 
other sources of work-hardening are not negligible. 
The most probable cause of work-hardening, after 
that of the Fisher, Hart and Pry mechanism, is the 
interaction of dislocations on intersecting slip planes, 
particularly as in these crystals multiple slip begins 
after very little deformation. Tensile experiments on 
solid solution aluminum alloy single crystals con- 
taining from | to 5 per cent copper, the results of 
which will be presented in another paper,” give 
average values of resolved shear stress at 7 per cent 
elongation which extrapolate to 0.8 kg/mm? at the 
composition, 0.45 per cent Cu, equivalent to the matrix 
composition of the present overaged alloys. Crystals 
which have deformed in double slip give values 25 
per cent to 50 per cent higher than the average 
values. It is to be expected that crystals deformed in 
multiple slip will show values of resolved shear stress 
which are higher than the average by an even greater 
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factor. The contribution of the matrix solid solution 
to the resolved shear stress at 7 per cent elongation in 
the overaged crystals is expected to be from 1.5 to 
2 kg/mm, which is of the order of the observed value 
of 2.3 kg/mm?. 

Whilst the theories of Orowan and of Fisher et al. 
have been verified for dispersions of CuAl, particles in 
aluminum—copper single crystals, the results of Shaw 
et al. are still unexplained. It may be that their 
results are due to some grain-boundary effect, as the 
presence of particles in grain boundaries may limit 
the nucleation, by slip that has already occurred in 
one grain, of slip in an adjacent grain. 

When the configuration of dispersed particles is 
such as to enclose essentially independent blocks of 
the matrix, the Gensamer relation between flow stress 
and interparticle spacing is to be expected. It is 
possible that other types of dispersion may give rise 


to other relations. 


CONCLUSIONS 

From the foregoing discussion, the following con- 
clusions may be reached. 

(1) From the results of the majority of aluminum 
4 per cent copper single crystals aged to give the 
equilibrium, incoherent § precipitate it has been 
shown that deformation takes place by the “bowing- 
out” of dislocations between precipitate particles. 
The critical resolved shear stress of these crystals is 
determined by the minimum radius of curvature 
assumed by the dislocations during this process and is 
given, to a first approximation, by the Orowan 
formula: 
T, = 2apb/d. 


Deviations of the experimental data from this 
relationship can be explained by the fact that d, the 
interparticle spacing for the crystals concerned, is 
less than the calculated value when the precipitate 
particles do not approximate to the ideal spherical 
shape. Whilst the deviations can be explained, there 
is no guarantee that correct values of d would place 
the points for these crystals on the theoretical 
equation, and the present confirmation of Orowan’s 
theory should be regarded as tentative. 

(2) A large contribution to work-hardening in the 
overaged crystals has been shown to be due to the 
back-stress resulting from dislocation rings left around 
precipitate particles after the operation of the Orowan 
mechanism, as suggested by Fisher et a/. The experi- 
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mental data fits a modification of their theory, in 
which the hardening stress is given by: 


pr 
where the constant p has a value of approximately 4, 
indicating that the distance of closest approach of a 
dislocation source to a non deforming particle is about 
four times the particle radius. 

(3) While a crystallographically defined critical 
shear stress was observed, the rapid rate of work- 
hardening causes slip-systems, other than those most 
favorably oriented for slip, to become operative. 
This 


acterized by a lack of orientation rotation during 


“non-deforming particle’? behavior is char- 
plastic deformation, the absence of slip lines on the 
surface of the crystal, and a fracture similar in 
appearance to that of fine-grained polycrystalline 
material. 
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THE MECHANISM OF HARDENING IN AGED 
ALUMINUM-COPPER ALLOYS* 


D. DEW-HUGHES? and W. D. ROBERTSON? 


Single crystals were grown in aluminum-—copper alloys containing from 1 to 5 per cent copper. 
Crystals were tested in tension after an air-quench from the solution—treating temperatures. The aging 
behaviour of crystals containing 4 per cent copper was studied by X-rays and by hardness tests. 

Four per cent copper crystals were tested in tension after aging for various times at 130°C and 190°C. 
Crystals in all stages of aging obeyed the critical resolved shear stress law, though crystals containing 6’ 
particles deformed by multiple slip in the same manner as that previously found for overaged crystals. 

Strengthening due to the presence of Guinier—Preston zones was calculated by summing the con- 
tributions from Mott and Nabarro’s coherency strain strengthening, Kelly’s chemical strengthening and 
the strength of the residual solid solution. The calculated values of critical resolved shear stress are in 
agreement with measured values on crystals aged for 2 (GP-I) and 10 (GP-II) days at 130°C and for 
5 (GP-I) days at 110°C. 

LE MECANISME DE DURCISSEMENT D°ALLIAGES AI-Cu VIEILLIS 

Les auteurs ont préparé des monocristaux d’alliages Cu-Al contenant de 1 a 5 pour cent de cuivre. 
Ces cristaux ont été soumis a des essais de traction aprés avoir subi un traitement de trempe a lair au 
départ de températures correspondant a la solubilité compléte des deux éléments constituants. Les 
auteurs ont étudié par des essais aux rayons X et en dureté, le comportement au vieillissement de 
cristaux contenant 4 pour cent cuivre. Ces cristaux ont été soumis a des essais de traction aprés des 
vieillissements a temps variable aux températures de 130 et 190°C. Quel que soit leur degré de vieillisse- 
ment, ces cristaux obéissent a la loi de la tension de cisaillement critique, tandis que d’autres cristaux 
contenant les particules de la phase 4’ se déforment par glissement multiple de maniére identique a celle 
observée précédemment pour des cristaux survieillis. Le durcissement dt a la présence de zones de 
Guinier-Preston, a été calculé en additionnant les contributions dues au durcissement de Mott et Nabarro 
pour une déformation cohérente, au durcissement chimique de Kelly et au durcissement de la solution 7 
solide résiduelle. Les valeurs calculées pour la tension de cisaillement critique sont en accord avec les 
valeurs mesurées pour des cristaux vieillis pendant 2(GP-1) et 10(GP-IT) jours a 130°C et pendant 5 jours 
(GP-T) a 110°C. 


DER KALTAUSHARTUNG BEI GEALTERTEN 
ALUMINIUM-KUPFER-KRISTALLEN 

Von Aluminium-Kupfer-Legierungen mit 1-5°, Kupfer wurden Einkristalle geziichtet. Die Kristalle 
wurden nach dem Lésungsgliihen in Luft abgeschreckt und im Zugversuch gepriift. Das Alterungsver- 
halten von Kristallen mit 4°, Kupfer wurde mit Réntgenstrahlen und Hartepriifungen untersucht. 

Kristalle mit 4°, Kupfer wurden nach verschieden langer Auslagerung bei 130°C bzw. 190°C im 
Zugversuch gepriift. Kristalle aller Alterungsstadien gehorchten dem Gesetz konstanter kritischer 
Schubspannung, obwohl Kristalle, die 6’-Teilchen enthielten, bei Verformung in gleicher Weise 
Mehrfachgleitung zeigten, wie es friiher fiir iiberalterte Kristalle gefunden worden war. 

Die Hartesteigerung infolge der Guinier-Preston-Zonen wurde berechnet durch Addition der 
Hartesteigerung infolge koharenter Verzerrungen nach Mott und Nabarro, der chemischen Hartesteige- 
rung nach Kelly und der Harte der iibrigen festen Lésung. Die berechneten Werte der kritischen 
Schubspannung stimmen fiir Kristalle, die zwei und zehn Tage bei 130°C bzw. funf Tage bei 110°C 
ausgelagert waren, mit den gemessenen Werten iiberein. 


MECHANISMUS 


INTRODUCTION 
The mechanism of aging in terms of structural 
changes taking place in a supersaturated solid solution 
is well understood and has been ably discussed by 


Hardy and Heal"), 


The aluminum—copper system, 


in particular, has been thoroughly investigated.‘ 
g 


The manner in which these structural changes in- 
crease the strength of age-hardenable alloys is not so 
well understood. Only two quantitative theories of 
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the strength of age-hardened alloys have been pre- 
sented. Mott and Nabarro®) consider the interaction 
between dislocations and internal stresses caused by 
the presence of solute atom clusters (Guinier-Preston 
zones) in the matrix prior to coherent precipitation. 
Kelly and Fine, using heats of reversion as a 
measure of the energy of copper or silver atoms in 
Guinier-Preston zones, estimated the stress necessary 
to force a dislocation through these zones. The results 
of their calculations were consistent with measured 
flow stresses in polycrystalline Al-Cu and Al-Ag 
alloys. 

The strength parameter computed from any dis- 
location theory of age-hardening will be the critical 
resolved shear-stress for plastic deformation of single 


156 
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crystals. Few studies of plastic deformation of single 
crystals of an age-hardened material have been re- 
ported. Karnop and Sachs‘) studied changes in cross- 
section during deformation of Al-5°, Cu_ single 
crystals in two conditions; after aging for 30 min 
at 100°C, and after furnace cooling to 300°C. Carlsen 
and Honeycombe® obtained stress-strain curves on 
Al-3.5°,, Cu erystals in the 
(quenched), after aging to peak hardness and in the 


unaged condition 
overaged condition. Tensile tests were carried out at 
both room temperature and at the boiling point of 
liquid nitrogen, on crystals of varying orientation. 
Their results indicated that the unaged and overaged 
crystals obeyed Schmid’s critical resolved shear 
stress law, but that crystals aged to peak hardness 
did not obey this law. 

Kelly and Chiou'®) measured the critical resolved 
shear stress of Al-4°,, Cu single crystals, aged for 24 
hr at 125°C to give Guinier-Preston zones of the first 
kind (GP-I), at temperatures between 77°K and 
373°K. By changing the temperature during deforma- 
tion, they also measured the change of flow stress 
with temperature. Both of these quantities increase 
gradually with decreasing temperature down to about 
160°K: below this temperature the rise is very marked. 
Subsequent investigation of Al-3.85°, Cu crystals 
aged at 190°C by Kelly’ and his associates J. G. 
Byrne, C. Chiou, A. Lassila and 8. Sato showed that 
the temperature dependence of flow stress for crystals 
containing GP-II zones was much less than for GP-I 
and approximately the same as the elastic modulus; 
furthermore, the strength of crystals containing GP-I 
zones is considerably greater than for GP-II zones at 
low temperatures, due to the increase in critical 
resolved shear stress with temperature in the former 
vase. Kelly’, to whom we are indebted for a copy 
of his paper in advance of publication, interprets 
these results in the following way. 

In the case of GP-I zones in Al-Cu, the zones are 
only one atom plane thick and the dislocation shears 
only one Cu-Cu bond at a time. As the bond energy 
is of the order of 0.leV"®:!), at ordinary temperatures 
this shearing process is thermally activated and only 
makes a contribution to the strength at low tempera- 
tures. For Al-Cu alloys containing Guinier-Preston 
zones of the second kind (GP-IT), which are a few unit 
cells thick, and for Al-Ag alloys in which the zones 
are spherical, dislocations shear several Cu—Cu or 
Ag—Ag bonds in moving through one burgers vector 
and thermal activation of this process is negligible up 
to temperatures above which the zones are unstable. 
In the latter cases the chemical strengthening may be 
an important contribution to the overall strength of 
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the crystals, and in fact Kelly’s calculated values for 
critical resolved shear stresses of aged Al—Cu and Al] 
Ag crystals which agree well with experimental! 
results, 

The work described in this paper, which was pro. 
ceeding simultaneously but independently of that of 
Kelly and his associates, was performed in an attempt 
to evaluate further the theories of hardening in aged 
alloys. Tensile experiments were performed on single 
crystals of aluminum—copper alloys, in the unaged 
condition and after aging for various times at 130°C 
or 190°C, which produces GP-zones of types I and II 
and the coherent transition precipitate, 9’. 


EXPERIMENTAL 

In addition to the 3, 4 and 5 per cent Cu single 
crystals, produced from materials and by methods 
described in a previous paper,” single crystals were 
also grown, from the liquid, in 1 and 2 per cent Cu 
alloys of the following compositions: 1.01 per cent 
Cu, 0.002 per cent Fe, 0.001 per cent Si: and 1.95 per 
cent Cu, 0.001 per cent Fe, and other elements were 
not detected. All of this material and the analysis 
were supplied by the Aluminum Company of Amer- 
ica’s Research Laboratories. The method of prepara- 
tion of tensile specimens with a 2 in. gauge length and 
a reduced cross section of 1/8 in. 1/8 in. was 
identical to that used previously. Crystals were 
prefixed with a letter A, B, C, D or E indicating 
nominal compositions of 1, 2, 3, 4 or 5 per cent copper, 
respectively. 

All solution treatments were carried out for 2 days 
in an 540°C. The 
crystals were quenched to room temperature in 
As it was later found that 


electric furnace maintained at 
acetone, prior to aging. 
the severity of the quench had a considerable effect 
on the critical resolved shear stress of unaged crystals, 
though not on the kinetics of the subsequent hard- 
ening process, all crystals to be tested in the unaged 
condition, with two exceptions, were air-cooled after 
Aging at 130°C and 190°C 
bath controlled to 


the solution treatment. 
was carried out in a silicone oil 
+1/2°C. 

Chemical macro-polishing of the crystals, for slip 
line observations, was performed in a boiling solution 
of 80 per cent phosphoric acid, 15 per cent acetic acid 
and 5 per cent nitric acid. 

In order to confirm that the aging treatments 
produced the same structures as described by Sil- 
cock"), a series of 4 per cent Cu crystals were aged at 
130°C and 190°C and hardness readings taken as a 
function of time. The hardness measurements were 
made on a Tukon microhardness machine, using a 
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Resolved shear stress versus true glide strain curves for 1 per cent and 2 per cent Cu crystals tested 


in the unaged condition after an air quench. 
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2. Resolved shear stress versus true glide strain curves for 4 per cent Cu crystals tested in the unaged 


condition after quenching in water, acetone, and air. 


Vickers diamond and a 3 kg load. A thin slice, parallel 
to a {100} plane, was cut from a crystal and aged 
along with the hardness specimens. Transmission 
Laue X-ray photographs were taken at various stages 
during aging. The hardness curves and the streaks 


and spots developed on the X-ray photographs were 


essentially identical with those obtained by Silcock 
for the same aging treatments. It is therefore reason- 


able to use Sileocks’ measurements of zone diameter 
in the analysis of the present results. 

Crystals were also allowed to age at room tempera- 
ture and their progress was followed by hardness 
readings. It was found that room temperature aging 
occurred much more rapidly than had been suspected, 
and care was exercised to ensure that all tensile tests 
were carried out immediately after the completion 
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Fic. 3. Resolved shear stress versus true glide strain curves for 3 per cent and 5 per cent Cu crystals tested in 
the unaged condition after an air quench. 


of the heat treatment and before a significant change are not large in these crystals. Eliminating aging and 


in properties occurred. quenching strains, the cause of the increase in critical 


Stress—-strain curves for the crystals were obtained resolved shear stress with a more rapid quench is 
with an Instron tensile machine. The load could be 
read to better than one per cent, and the strain to one 


TABLE 1. Unaged crystals 


quarter of one per cent. A constant strain rate Of Gpystal Lo Heat treatment 7,(kg/mm?) 
* 4 c 
0.2 in/min (1.7 10-3 see~!) was employed. All 


tensile tests were performed at room temperature. 


A2 35 59 Air quenched 0.48 
A4 44 49 0.54 
RESULTS Ab 36 56 0.59 

B2 52 44 1.08 

Stress—strain curves for 1, 2, 3,4 and 5 percent Cu #3 34 63 1.39 
crystals tested in the unaged condition immediately ” 

after quenching are shown in Figs. 1-3. The values of Cla 57 37 1.66 
critical resolved shear stress for these and all other rig = 4 o 

crystals are given in Tables 1-4. Some of the air-  )34b 45 53 Water quenched 4.60 

quenched 4 per cent Cu crystals show what appears 348 45 53 Acetone quenched 3.69 

: D52b 31 65 Air quenched 2.61 

to be a small yield point. This was not observed in p61 44 52 * * 3.32 

any other of the crystals. D65c 48 42 os 2.77 

D67 41 53 2.68 

It is interesting to compare the curves for the 4 p73 57 45 a “ 2.76 

per cent Cu crystals tested after quenching in different a 8 on 39 ” ” oe 

media. The strength increases rapidly with the 47 43 3.15 

severity of the quench. Values of critical resolved “6 36 ” mo 4.36 
shear stress for these crystals after quenching in air, 

2 Ao Initial angle between slip direction and tensile axis. 
weter 3.7, 3.7 and ho Initial angle between normal to slip plane and tensile 
respectively. axis. 

These results indicate that an air quench is rapid TABLE 2. Aging at 110°C 
enough to prevent precipitation, or at least, there is 

less precipitation than in water or acetone quenches, ” ° ho ~~" ——— 
since the air-quenched crystals have the lowest critical 

D82 42 48 120 7.98 


resolved shear stress. Furthermore, the lack of 
preferential precipitation along slip planes on aging ps4 49 42 120 7.42 
after quenching” indicates that quenching strains 
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TABLE 3. Aging at 130°C 


Crystal Aging time (hr) 7,(kg/mm?) 


48 
D4lb 48 .53 
DA42e 5: 48 19 
D52a 48 
D55b 48 99 
D40 5 2 
D60 2 5 
D62a 10 
D62b 20 
D28 50 
D64a 100 
D64b 200 
D64e 500 


Aging at 190°C 
Crystal Aging time (hr) 7,(kg/mm +?) 


D87 
D91 
Ds9 
D92 
D93 
D94 
D95 
D44b 
D83 
D80 
D79 
D74 
D85 
D86 


-06 


probably associated with quenched-in vacancies. 
These results may be compared to those of Maddin 
and Cottrell"®, who found that high purity aluminum 
single crystals, when quenched from 600°C into iced 
brine, had a critical resolved shear stress 5-10 times 
greater than that for a furnace cooled crystal. In 
their case, the increase in strength was assumed to 
be due to an excess of quenched-in vacancies inter- 
acting with dislocations. This same explanation would 
be acceptable in the present case, but Sileock* claims 
that the excess of vacancies present immediately 
after a rapid quench allows of such rapid diffusion 
that some GP-I zones are formed almost instantane- 
ously: thus the increase in strength upon rapid 
quenching is only indirectly due to a non-equilibrium 
excess of quenched-in vacancies. 

The critical resolved shear stress as a function of 
composition for the unaged crystals is shown in Fig. 4. 
The slope of the line is 1.53 kg/mm?/at.°,, Cu. Crystals 
of all compositions but the 5 per cent Cu show very 


* Private communication. 
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Fic. 4. Plot of critical resolved shear stress versus 
composition for crystals tested in the unaged condition 
after an air quench. Values for the 1.54 at. ®% Cu crystals 
were taken from Carlsen and Honeycombe'®?, 
little scatter, indicating that Schmid’s critical resolved 
shear stress law is obeyed and the surfaces of the 
deformed, unaged 4 per cent Cu crystals show coarse 
slip clusters, typical of solid solution alloys. The 
reason for the large scatter in the results for the 5 per 
cent Cu crystals is not apparent. The remarkably 
consistent values for 3.5 per cent Cu crystals were 
taken from the work of Carlsen and Honeycombe'®. 
As the results of Carlsen and Honeyeombe had 
indicated that the critical resolved shear stress law 
was not obeyed by crystals aged to produce the pre- 
precipitation structures, 4 per cent Cu crystals of 
varying orientations, aged to give these structures, 
were tested. These crystals were given one of three 
aging treatments: 48 hr at 130°C to develop GP-I 
zones (Table 3), 5 hr at 190°C to develop GP-IL zones 
(Table 4) and 196 hr at 190°C to develop 6’ particles 
(Table 4). The results of these tests showed little 
variation in critical resolved shear stress values in 
each of the three groups of crystals, indicating that 
the critical resolved shear stress law is obeyed for all 
of these structures. X-ray photographs taken after a 
few per cent elongation of the crystals aged to contain 
GP-I or GP-II zones showed orientation changes 
consistent with deformation taking place on only one 
slip system and in accord with the maximum resolved 
shear stress. 
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Fic. 5. Fracture, crystal D65b, aged 200 hr 190°C. «8 


Crystals aged at 190°C for 196 hr, however, ex- 
hibited a behavior similar to that previously reported 
for the overaged crystals."*) The stress-strain curves 
show a rapid initial rate of work-hardening, and the 
fracture, shown in Fig. 5, is similar to that of poly- 
crystalline material: furthermore, X-ray photographs 
show that the orientation of the crystal remains 
essentially unchanged during deformation. These 
results indicate that the 6’ particles interact with 
dislocations in the same manner as the @ particles.“”) 

Tensile tests were conducted on two series of 4 per 
cent Cu crystals aged for varying times at 130°C and 
190°C. The stress-strain curves for these crystals 
are shown in Figs. 6 and 7. From Fig. 7 will be noted 
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the fact that the crystals aged for 100 hr and 200 hr 
at 190°C show the curve characteristic of the overaged 
crystals." This behavior, similar to that of overaged 
crystals, is apparent as soon as the structure becomes 
predominantly 9’; that is, immediately after the peak 
at 190°C, and it continues right through the overaged 
region. 

The 
function of aging time are shown in Fig. 8. 
curves are similar to the hardness curves, though the 
tensile test is a more sensitive measure of the degree 


values of critical resolved shear stress as a 
These 


of aging than is the hardness test. 

For specimens deformed after aging at both 130°C 
and 190°C, the coarse slip bands observed on unaged 
specimens become progressively finer and more 
numerous as the aging time is increased. In the case 
of aging at 190°C, slip lines completely disappear after 
aging for more than 50 hr. There is also a tendency 
to increased wavyness of the slip lines as the aging 
time increases. Photographs of the surfaces of de- 
formed crystals showing slip lines are given in Figs. 
9 and 10. The coarse slip clusters seen in the unaged 
crystals are those typical of a solid solution alloy. As 
aging progresses, the depletion of the matrix in copper 
gives rise to the finer slip lines which are characteristic 
of pure metals. The wavyness of the lines presumably 
results from dislocations attempting to avoid, where- 
ever possible, Guinier—Preston zones. 

An interesting feature of the deformation of these 
crystals is the mode of fracture. Crystals containing 
predominantly non-deforming particles, such as @ or 
0’, as has already been stated, fracture in a manner 
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Fic. 6. Resolved shear stress versus true glide strain curves for 4 per cent Cu crystals 
after aging for various times at 130°C. 
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characteristic of polycrystalline materials. This is the 
type of fracture to be expected if several slip systems 
are in simultaneous operation. In crystals containing 
predominantly Guinier—Preston zones of either type, 
fracture takes place in an unusual way. Deformation 
either on 


continues on a narrow band of slip planes 
one or two slip systems, depending upon the orienta- 
tion of the crystal—and fracture occurs by shearing 
of the material completely across the band. These 
fractures are shown in Fig. 11. The plane of fracture 
is the primary {111} slip plane. The width of the band 
of deformed material, from both X-ray and micro- 
scopic measurements, is 0.1-0.2 mm. As will be 
shown later, deformation of crystals containing 
Guinier—Preston zones occurs by dislocations shearing 
through the zones. Asa result of this shearing, a weak 
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Fic. 8. Critical resolved shear stress versus aging time 


for 4 per cent Cu crystals tested after aging at 130°C 
and 190°C. 
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Fic. 7. Resolved shear stress versus true glide strain curves for 4 per cent Cu crystals tested after 
aging for various times at 190°C. 
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plane is developed in the crystal permitting consider- 
able deformation in a narrow band, and hence of 
fracture along the slip plane. Shearing takes place 
on two planes, if sufficient rotation has occurred dur- 
ing deformation that a second slip system has become 
operative, or if the crystal is oriented for conjugate 
slip. Fig. Ilb shows a fracture produced under 
conditions where extensive slip has taken place 
simultaneously on groups of planes in two inter- 
secting slip systems. 


DISCUSSION 
It is interesting to compare the experimental results 
with quantities calculated from the Mott and Nabarro 
theory. Applied to solid solution hardening, the 
theory indicates that the critical resolved shear stress 
7 is given by: 
2.5 


where c is the atomic concentration of solute, € is the 
fractional difference in size between the solute and 
solvent atoms (« = 0.1 for copper in aluminum) and 
is the shear modulus = 2.5 10" dynes/em? 
for aluminum). Then 


tle ~ 2.5 we? ~ 290 kg/mm?. 


The plot of 7 versus concentration for the unaged 
crystals, Fig. 4, gives the expected linear dependence 
of critical resolved shear stress on concentration, but 
the slope of this line, equal to 1.53 kg/mm?/at.°, Cu, 
is about half that required by the theory. 

An alternative theory of the strength of Al-Cu solid 
solutions is the suggestion by Schoeck"* that groups 
of solute atoms near a dislocation relax according to 
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Fic. 9. Slip lines on the surface of crystals deformed after aging at 130°C. « 100 


the Zener model under the influence of the stress field 
of the dislocation. It is conceivable that in these alloys 
such an “ordered Zener atmosphere” exists, as a very 
large Zener peak has been found in Al-Cu solid 
solutions.“ The atmosphere, acting as a frictional 
drag to the motion of the dislocation, may provide 
the principal contribution to the strength. 

Before applying the various theories of strengthen- 
ing produced by Guinier—Preston zones, it is advan- 
tageous to make an estimate of the amount of copper 
which goes into the zones. Kelly assumes that all the 
copper is present in the zones. Guinier“® states “it 
is very probable that when the aging, even at room 


temperature, is practically finished (2 days), more 
than half of the copper atoms are concentrated in the 
zones.’ A better estimate of the amount of copper 
atoms in the zones can be obtained from the con- 
struction of a modified equilibrium diagram. The 


solvus line between a primary solid solution and a two 


phase mixture in an equilibrium diagram is a plot of 
the temperature dependence of the composition of 


the solid solution whose chemical free energy is equal 
to the chemical free energy of the second phase. Such 
a plot ignores the contributions of surface energy and 
strain energy to the total free energy change on 
precipitating the second phase. These contributions 
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Fic. 10. Slip lines on the surface of crystals 
deformed after aging at 190°C. 100 


are negligible for incoherent precipitates of large size. 
In the case of coherent precipitates, such as Guinier— 
Preston zones, the surface energy term is negligible, 
but the energy contribution due to the large coherency 
strains cannot be neglected. This extra strain energy 
term has the effect of lowering the solvus line, as the 
strain energy will always be positive. The aluminum- 
copper phase diagram must therefore be modified to 


Fic. 11. Aspects of extensive glide prior to fracture in 
aged 4 per cent Cu crystals. 


show the solvus lines for the various pre-precipitation 
structures. 


Beton and Rollason“ have constructed. 
from reversion data in aluminum—copper alloys, a 
phase diagram showing the solvus lines for GP-I and 
GP-II zones. The atom fraction of copper in the zones 
can be calculated from this diagram. 

The strength of crystals containing GP zones may 
then arise from three sources: (1) strain due to the 
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presence of the zones, (2) the chemical effect of dis- 
ordering the metastable array of copper atoms as 
dislocations shear through a zone and (3) a contribu- 
tion from the solid solution, since not all the copper 
atoms are necessarily present in the zones. 

Mott and Nabarro, assuming spherical zones and 
calculating the shear strain at the average distance of 
any point in the matrix from the nearest zone, give 
the maximum critical resolved shear stress 7,, of 
crystals containing zones by: 


(1) 


= 2 pec 


where yu is the shear modulus of the matrix, € is the 
fractional difference in size between solvent and solute 
atoms, and ¢ is the atomic concentration of copper 
atoms in the zones. For the dise-shaped zones actually 
found in Al-Cu alloys, the shear strain will be less 
than that due to spherical zones, but the average 
distance of any point to the nearest zone will also be 
less, and to a first approximation we may apply their 
formula to the dise-shaped zones. 

The chemical strengthening effect 7,, calculated by 
Kelly is: 

T, = K AE/2 (2 
where 6 is the Burger’s vector of the dislocation, d is 
the mean planar distance between zones, AF is the 
difference in energy between a copper atom in a zone 
and in the matrix and K is the number of copper-— 
copper bonds broken per zone as a dislocation moves 
one burger’s vector. For GP-I zones, K = | as the 
zones consist of one plane of copper atoms. At room 
temperature (k7' = 0.025eV) thermal energy will 
allow the dislocations to shear through the zones with 
little or no increase in stress, and thus the chemical 
effect will be negligible. Kelly and Chou‘®) found that 
crystals containing GP-I zones showed a significant in- 
crease in critical resolved shear stress only at tempera- 
tures below 160°K at a strain rate of 10-4 sec. In 
the present investigation, values of critical resolved 
shear stress were obtained on similar crystals, tested 
at room temperature, which were identical with those 


Aging treatment — h(A.U.) , d(A.U.) c c’ 


100 0.0095 


GP-I 


2 days at 130°C 


10 days at 130°C GP-II 350 0.0148 


5 days at 110°C GP-I 80 0.0118 


* In this column, 7, for GP-I zones 
temperature. 
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TABLE 5 


0.0079 
0.0026 0.4 


0.0056 0.9 
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obtained by Kelly and Chiou at a strain rate 17 times 
slower. This indicates that at the higher strain rate 
any significant increase in critical resolved shear stress 
must occur at a temperature below 300°K. Therefore 
the activation energy of the process causing the in- 
creased critical resolved shear stress at low tempera- 
tures cannot be greater than 0.1 eV, which is the right 
order of magnitude of A#/2. 

GP-IL zones, when first formed from GP-I zones, 
are ~ 100 AU in diameter and one unit cell thick; 
they may grow to 1500 AU in diameter, at which 
point they are 100 AU or twelve unit cells thick.” 
After aging for 5 days at 130°C the GP-II zone dia- 
meter is 350°AU, and by interpolation their thickness 
may be assumed to be ~ 30 AU or approximately 
four unit cells; thus for crystals in this condition 
K = 4. AE is estimated from the heat of reversion 
given by Suzuki", or the heat of solution of GP-I 
zones measured by Beton and Rollason”. These 
results gave AE a value of between 0.08 and 0.24 eV. 
In the subsequent calculations the mean value of 
0.16 eV will be used. 

Table 5 gives the calculated contributions to the 
critical resolved shear stress due to the three effects 
and compares them with the experimental results on 
crystals aged for 2 days and for 10 days at 130°C. 
As a further check, two crystals were aged for 5 days 
at 110°C, and values for these crystals are included in 
Table 5. 7, is the solid solution effect and is obtained 
from Fig. 4. 7,, is the contribution due to internal 
and is The 
chemical effect, 7,, is calculated from equation (2). 
Zone diameters (h) are taken from the work of Sileock 
et al."): ¢ and c’, the atomic concentration of copper 


strain ‘aleulated from equation (1). 


in zones and in solid solution, respectively, are 
Beton and Rollason’s data.“!) The 
mean planar distance between zones, d, is calculated 


obtained from 


in the following manner. From the known size of the 
zones, the mean planar area of the zones is calculated. 
The number of copper atoms, x, in the mean planar 
area of a zone is arrived at from a knowledge of the 
zone structure. The number of copper atoms per unit 


7 measured 
(kg/mm?) 


7 total 


Ts Tst Te 
(kg/mm?) (kg/mm?) (kg/mm?) (kg/mm?)* 


4.8 1.0 6.0 


7.4 1.2 9.0 


6.0 1.3 6.9 aut 


has not been included, as strengthening from this source will be negligible at room 
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plane area, y, is obtained from the atom fraction of 
copper atoms which are in the zones. Then the 
number of zones intersected per unit plane area, V, is 
equal to y/x. If associated in the plane with each 
zone is a “region of influence’ of diameter d, then 
d is the required mean planar distance between zones, 


4 12 
¢= | 
aN 


In Table 5, 7 total is obtained by adding the values 
of 7,, 7,, and, in the case of GP-II zones, 7,._ In accord 
with Kelly’s results," 7, for GP-I zones is believed to 
be unimportant at room temperature and is therefore 
not included in 7 total. While there is no guarantee 
that the true critical resolved shear stress is obtained 


and is given by: 


by a simple addition of the various contributions, 
this method of combining these contributions has been 
chosen in this instance as being the simplest method. 
Justification for this is given by the agreement be- 
tween calculated and experimentally observed values 
of critical resolved shear stress, which is remarkably 
good, though consistently low in all cases, for crystals 
aged for 2 days and 10 days at 130°C, and 5 days at 
110°C. The chemical effect for crystals containing 
GP-I zones is too small, by a factor of 4, to account 
for the increase in critical resolved shear stress ob- 
served by Kelly and Chiou'®’ at low temperatures. 
Using the largest value for AF and estimating the 
expected increase in the solid solution contribution 
at low temperatures gives a value which is still several 
kilograms per square millimeter below Kelly and 
Chiou’s value for the critical resolved shear stress at 
77K. The possibility ofa fourth effect being operative 
at low temperatures cannot be overlooked. Excess 
vacancies are very easily quenched into Al-Cu alloys,* 
and these may interact directly with dislocations, 
condense to form sessiles, or promote further precipi- 
tation of Guinier—Preston zones from the remaining 
solid solution.“”) Further experiments should be per- 
formed at low temperatures to clear up this point. 
When the crystals are aged such that the precipi- 
tated predominantly 6’, their 
critical resolved shear stress drops. The behavior of 


structure becomes 
these crystals, from the shape of the stress-strain 
curve, the lack of visible slip lines, lack of rotation 
during deformation and the mode of fracture. is 
identical with that reported for crystals containing 
the # phase.“*) This suggests that the 9’ particles are 
large enough to interact with dislocations in exactly 
the same manner as do the incoherent 6 particles. 
Unfortunately, the 9’ particles are of such a size that 


* B.S Berry, private communication. 
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they are too small to be measured under the optical 
microscope and too large to be measured by X-ray 
methods: therefore an analysis of the critical resolved 
shear stress with respect to interparticle distance, 
similar to the analysis of the results on crystals con- 
taining particles," was not possible. 


CONCLUSIONS 


(1) Thestrength ofaged crystals containing Guinier— 
Preston zones is due to three effects: the internal 
strains caused by the presence of these zones, the 
chemical effect from the energy required to break 
bonds between solute atoms as a dislocation shears 
through a zone and the strengthening effect from the 
residual solid solution. 
results calculated for these effects and experimental 
data on 4 per cent Cu crystals aged at 110°C and 
130°C is obtained. 

(2) A consequence of shearing dislocations through 


Good agreement between 


zones is that fracture takes place by extensive shear 
on a narrow band of planes parallel to the primary 
slip plane. 

(3) Tensile experiments on 4 per cent Cu crystals 
aged at 190°C have shown that crystals, aged beyond 
the peak of the aging curve and containing the 6’ 
structure, exhibit the same non-deforming particle 
behavior as do overaged crystals containing the 4 
precipitate. 

(4) Crystals in all stages of aging obey Schmid’s 


critical resolved shear stress law. 
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THE EFFECT OF SOLUTE PRECIPITATION 
ON THE RESISTIVITY OF ALLOYS* 


W. A. HARRISON+ 


The effect of clustering upon the residual resistivity of alloys is treated using a free-electron model. 
The effects of lattice strain are taken into account as a change in the effective valence of the solute. 


INFLUENCE DE LA PRECIPITATION SUR LA RESISTIVITE DES ALLIAGES 
L’auteur étudie l‘influence de la ségrégation sur la résistivité résiduelle des alliages en se basant sur 
un modéle d’électrons libres. I] tient compte des effets de la déformation du réseau comme une variation 


de la valence effective de élément en solution. 


DER EINFLUSS VON AUSSCHEIDUNGEN AUF DEN ELEKTRISCHEN WIDERSTAND 


VON 


LEGIERUNGEN 


Der EinfluB einer Entmischung auf den Restwiderstand von Legierungen wird im Rahmen eines 
Modells freier Elektronen behandelt. Die Wirkung von Gitterverzerrungen wird durch eine Anderung 
der effektiven Valenz des gelésten Elements in die Rechnung einbezogen. 


1. INTRODUCTION 
Electrical resistivity is frequently used as an in- 
dicator of the progress of precipitation phenomena inan 
alloy; that is, the decomposition of a supersaturated 


metallic solution. It is found experimentally that the 
resistivity the 
proceeds. This seems intuitively reasonable in terms 
of the segregation of scattering centers (solute atoms) 


generally drops as precipitation 


during clustering. In some cases, however, an initial 
rise in resistivity is observed, followed by the same 
general decrease. (For a review of this phenomenon, 
see Geisler™.) This behavior is particularly prom- 
inent in certain aluminum alloys as shown, for 
example, by the recent studies of Turnbull et al.'®) on 
Al(Cu), Al(Ag), and Al(Zn) and of Frederighi® on 
Al(Ag). Mott has suggested that the maximum may 
be associated with a matching of cluster size and 
electron wavelength; it has also been suggested that 
maxima may be associated in some way with any 
difference in the solvent and solute atom size. 

In view of the current interest in this problem, it 
seems appropriate to make a_ semi-quantitative 
analysis of these suggestions in order to determine 
which are, in fact, plausible explanations for the 
observed phenomena. 


2. GENERAL APPROACH 
There are, in principle, three aspects of the cluster- 
ing process which we would like to understand in order 
to treat the problem: the average cluster size, as a 
function of time, during the precipitation; the 


* Received May 12, 1959. 
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distribution of cluster sizes at each time: and the 
cluster shapes at each time. 

The average cluster size can be determined ex- 
perimentally by X-ray techniques. Hence, we will give 
our results as resistivity as a function of average 
cluster size. 

We might attempt to calculate the distribution of 
cluster sizes during precipitation, but this calculation 
would depend rather sensitively upon the details of 
the binding energy of the solute atoms to each other; 
furthermore, this energy presumably depends upon 
cluster size in an important way. We will consider the 
cluster-size distribution phenomenologically, with a 
very crude estimate of the distribution, to see how 
this affects our results. Let X,, be the fraction of the 
solute atoms which are in clusters of exactly n atoms. 
Then the resistivity due to the solute will be pro- 
portional to the average resistivity per atom p, given 
by 

p= > X,,(n) p(n), (1) 


where p(%) is the resistivity per atom for a cluster of n 
atoms. Now X,, will be peaked around an average 
cluster size 7 = XnX,. The width of this peak will 
presumably be of the order of 4/7. If p(n) does not 
vary greatly over the range 2 — Vn <n 
we may replace p(7) by p(v), and take it out of the 
sum in (1). Then p becomes equal to p(7), and the 
cluster size distribution may be considered infinitely 
narrow. From our curves for p(n) given in the next 
section, we see that this approximation is quite good 
when n becomes much greater than four, but that for 
very small clusters it is not a good approximation. 
The effect of the distribution of sizes is to partially 
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smear out any variations in p(z) which we may obtain 
when the clusters are small. We will neglect the 
spread in sizes throughout, but keep it in mind in 
interpreting the results. 

Precipitating atoms may tend to form spherical 
clusters, needle-like clusters or platelets. In any of 
these cases, different clusters may have different 
shapes, and, in principle, we should average over these 
shapes. However, there is some reason to hope that 
the cluster shape will not be important, since in making 
a resistance measurement we will see a large number 
of clusters with all possible orientations. Furthermore, 
the fact that the resistivity per atom is about the same 
for atoms lying along a line as it is for dispersed 
atoms‘) suggests that the shapes are not extremely 
important. It therefore seems justified to consider 
only spherical clusters, which is a very major mathe- 
matical simplification of the problem. 

Our model for the clustering of atoms, therefore, is 
spherical scattering centers, each containing % atomic 
volumes. 

In order to calculate the resistivity arising from 
each cluster, we will assume a square-well scattering 
potential associated with the cluster; the diameter of 
the potential being determined by the diameter of the 
cluster, and the depth of the potential being deter- 
mined by the valence difference between the solute 
and solvent atoms. Effects of the lattice distortion 
will be taken into account by introducing an effective 
valence, which depends upon the strain. These 
approximations may be justified theoretically by a 
vareful treatment of the problem, using the cellular 
method for calculating the wave-functions in perturbed 
lattices.‘ They are justified experimentally by the 
success of such approximations in explaining the trends 
in resistivity of dispersed alloys as a function of 
valence and of atomic size.” In addition, we will 
make the Born approximation in performing the 
calculations. This should certainly be precise enough 
for our purposes, but the modifications which would 
arise from a more accurate calculation will be pointed 
out. Finally, in making the free-electron approxi- 
mation, we set the number of free electrons per atom 
equal to the valence of the solvent. 


3. SIMPLE CLUSTERING 

We consider first clustering when the effects of 
strain are negligible. In this case we wish simply to 
calculate the contribution to the resistivity of a 
spherical square well as a function of volume. The 
depth of the well is to be determined by the valence 
difference (that is, by screening considerations). It 
will be convenient to make the calculation in terms of 
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the phase shifts of electron states at the Fermi surface, 
since both resistivity and screening may be written 
simply in terms of them. The phase shift for an 
electron of angular-momentum quantum number / due 
to a square well of depth V and radius 7, is given by* 
2mk,V 
oF J0 7(kor) dr. (2) 

Here k, is the Fermi wave number. 

The total number of screening electrons associated 
with such a potential is given byt 


nm, = (2/7) > (214+ 1)6, (2V/37E (3) 
where use has been made of equation (2) and the 
relation 5(2/+ 1)j?—1. Equation (3) may be 
i 
simplified by using the free electron density of states 
for an electron gas with Z, electrons per atom, and 
noting that a sphere of radius 7, has a volume equal to 
that of 7% atomic cells in our model; 


2 (4 4 
mk nrg?) AZo. (4) 
\3 3 
From (3) and (4) we may evaluate n,, which we set 
equal to the net ionic charge to be screened, 7(Z — Z,), 
where Z is the valence of the solute. We solve for V 
and obtain 

Al 7 

2E,Z—Z, 

3 Zo 

which may be inserted in equation (2) to give 


(Z Zo) “koro 
3. Z, 


0, F(x) dx. 

The resistivity per cluster may be written in terms 
of these phase shiftst and divided by 7% to give the 


resistivity per atomic percent of solute 


4n*h (Z— Z,\? 
100e7k,\ Zo 


where P is a function of kyr, only, and is readily 
evaluated using properties of the spherical Bessel 
functions'®) and their tabulated values. The P(k 
defined by (5) is shown in Fig. 1. The abscissa is 
linear in the cluster radius r,, though calibrated in 
terms of 7, assuming one free electron per atom in the 


* See Ref. 6, equation (34) with surface terms dropped, 

+ The Friedel sum rule, verified for crystals in Ref. 6, 

t See Ref. 6, sin (0, — 0,,,) is replaced by (0, O;.,) in the 
Born approximation, 
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Fic. 1. The variation of the resistivity per atomic per 
cent of solute in an alloy during clustering of the solute. 
The abscissa is linear in the cluster radius; the seale at 
the bottom being for a monovalent solvent; that at the 
top, for a trivalent solvent. 


solvent (Z, = 1) for the lower scale. If we make the 
assumption of three free-electrons per atom for a 
trivalent solvent, the scale at the top of the figure is 
appropriate. The ordinate 
atomic per cent in units of 


gives the resistivity per 


L00ek,\ Z 


“0 


Zo) 


We see that a peak in the resistivity per atom does 
occur as suggested by Mott, but that this peak is 
located at cluster sizes of about one atom per cluster 
or less and does not, therefore, explain the resistance 
maximum on clustering. If an exact calculation of the 
phase shifts is made, rather than the Born approx- 
imation given in equation (2), the peak is shifted to 
the right for solutes of net positive valence and to the 
left for net negative valence. However, the shifts are 
not large and are toward smaller sizes for the alloys of 
aluminum mentioned earlier. The second maximum 
is certainly too small to be important. Thus it seems 
unlikely that these peaks are the cause of the observed 
resistance maximum. 

We do notice that there is a rather steady decline in 
the resistivity upon clustering as expected, this drop 
being of the order of 30 or 40 per cent when 7% becomes 
of the order of ten. We expect such a trend to con- 
tinue until the cluster diameter becomes of the order 
of the mean free path of the electrons and the current 
is deflected by the particles. 
treatment becomes appropriate, and the resistance 
should be independent of further clustering. 


ry . 
a macroscopic 


4. STRAIN EFFECTS 


It has been shown'® that to a good approximation 
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the strains around an imperfection can be taken into 
account by introducing a correction to the valence of 
an impurity which is proportional to the strain. This 
is, of course, in contradiction to the point of view that 
a distortion of the lattice always gives an enhanced 
resistivity. It is true that one could calculate the 
scattering due to strain alone and that this would be 
positive. It is the interference terms between the 
effect of the strain and of the imperfection which may 
be of either sign. A relaxation of the lattice outward 
corresponds to a removal of ionic charge from the 
region of the imperfection and therefore a lowering of 
its effective valence. This turns out to be the major 
effect of such strains. 

Blatt’ has shown that in a monovalent solvent the 
magnitude of this correction is given by 6Z = 

(3/y)(da/a), where 


3(1 — o) 
a) 
7 
o being Poisson’s ratio. For o = 0.3 we have 


3/y = 1.9. da/a is the relative change in X-ray 
lattice parameter in per cent per atomic per cent of 
impurity. For the case of a polyvalent solvent, it is 
appropriate to multiply this by Z,: 


0Z = —(3/y)Z,(da/a). (6) 


Thus we must replace Z by Z + 6Z in the coefficient 
of the resistance in equation (5). It would also be 
appropriate to make suitable adjustments in the 
radius of the square-well potential, but such corrections 
would be minor, and we do not make them. Now da/a 
will change as clustering proceeds, and hence there 
will be a change in the resistance due to this effect, 
this correction being given by the factor 


| 
Z— 


with dZ given by equation (6). Thus this contribution 
can be calculated explicitly once measurements of 
da/a are made during clustering. If da/a is negative 
for the alloys studied by Turnbull ef al.@, and if it 
approaches zero during clustering, this would tend to 
give a rising resistivity (followed, of course, by the 
drop indicated in Fig. 1) and the possibility of a 
maximum. This would also be the case if da/a were 
positive and became larger during clustering. The 
limited data on the change in lattice parameter 
reported by Geisler” do not appear to support such an 
explanation, but a more careful study would be 


desirable. 
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5. CONCLUSION 
We have seen that a rather slow drop in resistivity 
upon clustering is understandable in terms of a 


decrease in scattering cross-section per solute atom 


for large clusters. We see also that a peak in the 
scattering cross-section per atom occurs, but that it 
lies at about one atom per cluster and therefore 
would not give rise to a maximum in the resistivity.* 

A crude treatment of the effects of strain indicates 
that it could give rise to a maximum and that the 
magnitude of this effect can be estimated directly in 


* Note added in proof. Recent studies of the electronic 
structure of aluminum by the author (Phys. Rev. 116, (1959)) 
indicate that the Fermi surface consists of several relatively 
small sheets rather than a three-electron sphere. Thus the 
p(n) curve should correspond to a suitable superposition of 
several curves, some corresponding to valence considerably less 
than one and having their maxima shifted to the right. Such 
an effect may easily be the source of the observed resistance 
maximum, 


terms of X-ray lattice-parameter measurements madi 
during clustering. 
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THE INTERACTION OF DISLOCATIONS AND PRECIPITATES* 


R. B. NICHOLSON, G. THOMAS and J. NUTTING?+ 


Thin foils of various aged aluminium alloys have been examined by transmission in the electron 
microscope. Dislocations, introduced by rolling before thinning, have been observed to move under the 
action of thermally induced stresses. The interactions of these dislocations and precipitates has been 
studied and the results show that dislocations pass through zones, coherent and partially coherent 
precipitates, but not through incoherent precipitates. 


INTER-ACTIONS ENTRE DISLOCATIONS ET PRECIPITES 
Les auteurs ont examiné au microscope électronique des feuilles minces de différents alliages d’alumin- 
ium vieilli. Les dislocations introduites par laminage avant amincissement, se déplacent sous l’action 
de tensions induites thermiquement. Les auteurs ont étudié les interactions entre ces dislocations et les 
précipités. Les résultats montrent que les dislocations traversent des zones contenant des précipités 
parfaitement ou partiellement cohérents mais ne traversent pas les zones oti existent des précipités 
incohérents. 


DIE WECHSELWIRKUNG VON VERSETZUNGEN MIT AUSSCHEIDUNGEN 


Diinne Folien aus verschieden ausgeharteten Aluminium-Legierungen wurden im Elektronenmikroskop 
durchstrahlt. Vor der Préparation der diinnen Folien waren Versetzungen durch Walzen eingefiihrt 


worden; diese bewegten sich unter der Wirkung thermisch induzierter Spannungen. 
wirkung dieser Versetzungen mit den Ausscheidungen wurde untersucht. 


Die Wechsel- 


Die Ergebnisse zeigen, dass 


die Versetzungen Zonen, koharente und teilweise koharente Ausscheidungen durchdringen, jedoch 


inkoharente Ausscheidungen nicht durchdringen. 


INTRODUCTION 


With the advent of techniques for thinning pure 
metals and alloys for transmission electron microscopy 
it became apparent that it should be possible for the 
interaction of dislocations and precipitated phases to 
be observed directly in the electron microscope. There 
are numerous difficulties in such an investigation the 
chief of which is obtaining dislocation movement in 
the thin foils. The simplest method of making 
dislocations move is to heat the foils locally by 
increasing the intensity of the focussed electron beam 
when the thermal gradients induce shear stresses.“ 
However this method is only suitable for plastically 
deforming soft alloys because of the relatively low 
stresses obtained. Experiments using a deformation 
stage in the electron microscope have so far not 


proved as successful as had been anticipated but 


work is continuing on this problem. The purpose of 
the present paper is to describe the results already 
obtained using the thermal method of stressing the 
foils. 

The alloys examined (Al-4°,Cu, Al-10°,Zn and 
Al-74$° Zn-2}°,Mg) heat treated to give 
suitable structures at various stages of ageing and 
over-ageing and then deformed a few per cent by 
rolling. Thin foils of these alloys were prepared by a 


were 


* Received May 11, 1959. 
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England. 
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Cambridge University, 


technique previously described.@ The foils were 
examined in a Siemens Elmiskop I electron microscope 
operating at 80 or LOO KY. 

It has been shown that the dislocations remaining 
in Al-Cu alloys after solution treatment become 
immobile as a result of climb of the screw components 
into helices due to the condensation of excess vacancies 
retained by quenching.® It is probable that copper 
atoms aggregate preferentially at the edge components 
of the dislocations and in this alloy and in Al-Mg- 
Zn it has been shown that dislocations are sites for 
preferential precipitation. Consequently, dislocations 
in the matrix are locked, and free dislocations can 
Fig. 3, 
which is a micrograph of an aged Al-Mg—Zn alloy, 


only come from grain boundary sources. 


shows such a source in operation. The dislocation A 
has been emitted by the boundary and moves easily 
in the precipitate free region. 

Dislocations locked by precipitates could act as 
Frank—Read sources'® but the initial free length is so 
small that 
make them active. 


a very high stress would be required to 
As a result dislocations from such 
There 
is no experimental evidence for other sources of 
dislocations and consequently it is probable that most 
of the dislocations causing slip are emitted from grain 
boundaries or the foil edges. The estimated stress 
obtained by heating foils in the electron beam is 
about G/1000 which is not sufficient to operate these 


sources have not been observed in thin foils. 
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Fic. 1. Schematic ageing curve. 


sources in most of the heat treated alloys which have 
been investigated and so no dislocation movement is 
observed in thin foils of undeformed specimens. 
Consequently the bulk specimens were lightly rolled, 
introducing glissile dislocations in the grains, some 
of which were in a position where they could undergo 
further glide under thermally induced stresses in the 
electron microscope. Observations which have been 
made on the movement of these dislocations through 
foils containing zones and precipitates are described 
and discussed in relation to our present state of 
knowledge concerning the deformation of two-phase 
alloys. 
AGEING CHARACTERISTICS 

The changes occurring during ageing of the various 
alloys are shown schematically in Fig. 1. 

In aluminium copper alloys the GP-zones consist 
of copper rich platelets parallel to {100} and fully 
coherent with the matrix. They are 1-10 atoms 
thick and up to 500A long. In the other alloys 
examined the zones are spherical and up to 100A 
diameter. The intermediate precipitate in Al-—Cu is 


Fic. 2. Oxide replica Al-4%Cu, 0’ precipitates. x 15,000 


INTERACTION OF DISLOCATIONS AND PRECIPITATES 


the 6’ phase, also parallel to {100}, and partially 
coherent with the matrix whilst those in the other 
alloys (zine in Al-Zn and M’-MgZn, in Al-Mg—Zn) are 
partially coherent and parallel to {111}. Over-ageing 
produces the non-coherent phases CuAl, in Al-Cu, 
zine in Al-Zn and MgZn, in Al-Zn—Mg. 


THE GENERAL CASES OF ZONES AND COHERENT 
OR PARTIALLY COHERENT PRECIPITATES 
When precipitates are coherent or partially coherent 
with the matrix then, under a suitable stress, the 
When 


this occurs it is possible to observe the displacement 


precipitates should deform with the matrix. 
of the precipitates. Some examples of this have 
already been published by Thomas and Nutting‘® 
and Koda and Takeyama‘ but in many of the 
micrographs not all the precipitates intersected by 
slip lines showed any change in shape. It can easily 
be shown by considering the passage of dislocations 
of various Burgers vectors through the precipitates 
in a f.c.c. matrix that a change in shape of the pre- 
cipitate is only detected at surfaces of certain crystallo- 
graphic orientations notably near (100); e.g. Fig. 2, 
where the surface which is almost (100) shows @’ 
precipitates in two orientations which have been 
displaced as a result of slip. This micrograph is 
typical of the surface effects of plastic deformation in 
alloys containing partially coherent precipitates. The 
same result should be obtained in alloys where the 
precipitates are fully coherent or where zones are 
present but replica methods have not been able to 
confirm this. 


Fic. 3. Thin foil Al-7$%Zn-2}% 
cipitates. 80,000 


Mg, M’ pre- 
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Fic. 4. Thin foil Al-10°,Zn zones. 70,000 


ZONES AND FULLY COHERENT 
PRECIPITATES 

Dislocations in foils containing zones have been 
made to move under the action of thermally induced 
stresses, but subsequently the specimen is no longer in 
a condition suitable for high resolution electron 
microscopy because of deposition of a carbon layer 
on the foil surface. Consequently it has not vet been 
possible to detect the displacement of a zone after a 
dislocation has been observed to move through the 
foil. 


in some detail, and in all cases it appears that the 


However dislocation motion has been studied 


dislocations pass through the zones and are not in 
general held up at each zone. Fig. 4 is an example 
of moving dislocations in an Al—Zn alloy where the 
zones are about 30 A in diameter. This is typical of 
dislocation movement in all the alloys aged to produce 
only zones. The thermal stresses in the foil fluctuate 
continuously and consequently a dislocation may 
rest in a certain position for several minutes before the 
stress is large enough to move it again. This position, 
where the shape of the dislocation is dictated by the 
stress field in the foil and the line tension of the 
dislocation, is of some interest and an example is 
shown in Fig. 5. This is a micrograph of the Al-4°,,Cu 
alloy aged to produce GP-II zones and the dislocations, 
e.g. at A, are partially curved out between the zones 
although they are only about 250 A apart. If the 
radius of curvature of the dislocation is measured just 
before it passes through the precipitate, the stress 
required for this process can be calculated. This is 
difficult in the case of Fig. 5, but an approximate 
measurement on the original plate indicates a radius 
of curvature of ~200 A. This leads to a calculated 
flow stress of ~17 kg/mm, which is rather higher than 
the measured flow stress of this alloy when determined 
it seems 


on more massive test pieces. However 
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Fic. 5. Thin foil Al-4°,Cu, G.P.-II 
80,000 


zones. 
probable that, even when the dislocations are moving 
rapidly through the specimen, they curve out moment- 
arily between the zones before passing through them. 
This picture is consistent with the results of Jan‘® 
on the Al-Ag system. 


PARTIALLY COHERENT PRECIPITATES 

The formation of partially coherent precipitates 
leads to a general softening of the alloy. This is 
thought to be due to the disappearance of long range 
elastic strain fields in the matrix (in cases where they 
had previously existed), solute depletion of the solid 
solution and increasing coarseness of the precipitate 
with a corresponding increase in precipitate spacing. 


Cc 


3. Thin foil Al-4°,Cu, precipitates. 60,000 
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Fic. 7. Tain foil Al-7$°%,Z1 


precipitates. 


Oxide replica methods have been particularly 
satisfactory for the 
partially coherent precipitates as a result of slip 
(Fig. 2). 
that the dislocations do in fact pass through the 
precipitates although they are initially held up at the 


revealing 


The present observations have confirmed 


interface. In Fig. 6, a micrograph taken from an 
Al-4°,,Cu alloy showing 4’ precipitates, the dislocation 
at A is beginning to bow out around the precipitate 
B, while at C another dislocation has passed through 
part of the precipitate D. Similarly in Fig. 7, from 
an Al-Mg-Zn alloy aged to produce the partially 
coherent M’ precipitate on {111} planes, a dislocation 
FE has been held out of shape by the precipitate F 
while Fig. 8 shows a series of dislocations which 
probably all lie in the same slip plane and are moving 
through a number of parallel precipitates. A close 
study of the dislocation lines in this micrograph 


Fic. 8. Thin foil Al-7$°%Zn-2}°, Mg M’ 


50,000 


precipitates. 


OF DISLOCATIONS AND PRECIPITATES 


displacement of 


Fic. 9. Thin foil Al-7$Zn—2}%, Mg, complex 
precipitate. 25,000 
reveals a number of irregularities and it is thought 
that these are jogs introduced by the passage of the 
dislocations through the precipitates. 

The interface between a partially coherent  pre- 
cipitate and the matrix is thought to consist of a 
simple network of structural dislocations which would 
be a local barrier to dislocation movement. The results 
obtained in the present investigation have qualita- 
tively confirmed this but it is shown that the barrier 
The 


bulk specimens are lower when the partially coherent 


can be overcome. measured flow stresses for 
phases are present (Fig. 1), and it must be presumed 
therefore that the stresses required to force dislocations 
the 
considerably less than those required to overcome 


through structural dislocation network are 
the long range elastic strain fields associated with 


some zones and fully coherent precipitates. 


NON-COHERENT PRECIPITATES 

The oxide replica work reported by Thomas and 
Nutting’ showed that in specimens aged to pre- 
cipitate non-coherent phases, deformation at room 
temperature produced slip lines which did not cut 
through the precipitates. It was not possible to decide 
from these surface studies whether loops of dislocation 
were left around the precipitates either as a result of 
cross-slip (Hirsch'®)) or without cross-slip (Orowan®” 
and Fisher et a/.)), 


able to expect dislocations to avoid precipitates by a 


However it seems more reason- 


process of cross-slip and this has been discussed in 
detail previously.‘ 

In Fig. 9 the particle A is a non-coherent inter- 
metallic compound (probably FeMnAl,) in a com- 
Al-Mg-Zn The 


introduced before the specimen was thinned and it 


mercial alloy. dislocations were 


is clear that although there are many dislocations in 


23°, Mg 
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Fie. 10, Thin foil Al-4% Cu, @ precipitate. x 30,000 


the matrix, there are none inside the particle. The 
fringes round the particle A were found to be sensitive 
to orientation, i.e. by tilting the specimen they could 
be made to disappear. This suggests that they are 
not a structural feature but simply an interference 
effect similar to the fringes at the grain boundary B. 
This micrograph shows that dislocations avoid non- 
coherent phases but it is not possible to decide how 
this is accomplished. 

In Fig. 10 the particle C extends throughout the 
thickness of the foil and the dislocations D were 
observed to move in the direction indicated. 
sequently, the interaction is not typical of bulk 
material as the Hirsch mechanism‘ cannot operate. 
We would expect dislocation loops to form round the 
as predicted by Orowan"® and a few 


Con- 


particle C 
segments of loops are visible at £ in Fig. 10. 


CONCLUSIONS 


The present paper has shown that it is possible to 
see dislocation precipitate interactions in the interior 
It is probable that dislocations 
pass through zones, coherent and partially coherent 


of metal crystals. 


precipitates, but avoid non-coherent phases by a 
cross-slip mechanism. 


New experiments are in progress involving the use 
of a deformation stage in the electron microscope. 
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AN X-RAY STRUCTURE INVESTIGATION OF THE LIQUIDS OF SODIUM, 
POTASSIUM AND SODIUM-POTASSIUM ALLOYS* 


B. R. ORTON,? B. A. SHAW? and G. I. WILLIAMS?+ 


The X-ray structures of liquid sodium, potassium and sodium—potassium alloys have been investigated 
by an improved method. By using a reservoir technique a plane horizontal surface of liquid metal has 
been examined by a monochromatic X-ray beam in a focusing Geiger diffractometer. Thus the 
absorption correction, which is one of the greatest sources of error in previous work, is constant and 


omitted from the analysis. 
The radial distribution method of analysis has been used to interpret the results. None of the liquids 


examined shows evidence of structure other than that associated with a statistical mixture of atoms. In 
particular the position of the intensity peak is found to depend in a fairly simple way on alloy composition 
and does not show the marked deviation at compound composition Na,K as reported by other workers. 

The use of the radial distribution method has been examined critically. It is felt that the method is 
adequate for interpreting simple liquid structures provided suitable modification functions are used to 


expose spurious detail. 


EXAMEN PAR RAYONS X DES STRUCTURES DU SODIUM, DU POTASSIUM ET DES 
ALLIAGES SODIUM-POTASSIUM A L°ETAT LIQUIDE 


Les auteurs ont examiné les structures du sodium, du potassium et des alliages sodium-potassium 
Par lemploi d’un réservoir, il a été possible 


liquides, & l'aide d’une technique améliorée de rayons X. 
d’examiner une surface plane horizontale de métal liquide, a l'aide d’un faisceau monochromatique de 
rayons X. L’enregistrement du faisceau diffracté se fait sur un diffractométre & compteur de Geiger. 
Dans ces conditions, la correction d’absorption qui est une des plus grandes sources d’erreur des travaux 
Pour interpréter les 


antérieurs devient constante et n’intervient plus dans l’analyse des résultats. 
résultats, les auteurs ont utilisé la méthode d’analyse par distribution radiale. 
examinés n’a montré une structure autre que celle associée & un mélange statistique d’atomes. 
particulier, la position du pic d’intensité est liée par une relation simple a la composition stoechiométrique 
correspondant & Na,K, comme l’avaient indiqué d’autres chercheurs. 

Les auteurs discutent de lopportunité de l’emploi de la méthode de dislocation radiale. 
que cette méthode est adaptée a l’interprétation de structures liquides simples a condition que des 


fonctions appropriées soient utilisées pour éliminer certains éléments aberrants. 


Aucun des liquides 
En 


Ils pensent 


RONTGENOGRAPHISCHE UNTERSUCHUNG VON FLUSSIGEM NATRIUM, KALIUM 
UND NATRIUM-KALIUM-LEGIERUNGEN 


Die Struktur von fliissigem Natrium, Kalium sowie Natrium-Kalium-Legierungen wurde mit einer 
Durch Benutzung eines Reservoirs wurde eine horizontale 


verbesserten Réntgenmethodik untersucht. 
ebene Oberflache des fliissigen Metalls erzeugt. 
strahl in einem fokussierenden Geiger-Diffraktometer untersucht. 
friiheren Arbeiten eine der gr6Bten Fehlerquellen darstellt, ist daher konstant und fallt bei der Analyse 


Diese wurde mit einem monochromatischen Réntgens- 
Die Absorptionskorrektur, die in 


der Ergebnisse weg. 

Zur Deutung der Ergebnisse wurde die Darstellung durch eine radiale Verteilungsfunktion gewahlt. 
Bei keiner der untersuchten Fliissigkeiten finden sich Anzeichen fiir eine andere Struktur als sie einer 
Insbesondere hangt die Lage des Intensitatsmaximums in 


statistischen Mischung der Atome entspricht. 
ziemlich einfacher Weise von der Legierungszusammensetzung ab. Die ausgepragten Abweichungen, wie 
sie von anderen Autoren fiir die Zusammensetzung Na,K berichtet wurden, zeigten sich nicht. 
Die Méglichkeit der Darstellung durch eine radiale Verteilungsfunktion wurde kritisch gepriift. 
Methode diirfte zur Deutung einfacher Fliissigkeitsstrukturen geeignet sein; dabei sind jedoch passende 
Modifikations-Funktionen anzubringen, um vorgetéuschte Besonderheiten als solche zu erkennen. 


Die 


1. INTRODUCTION potassium alloys, one of the main sources of error, the 
absorption correction, still remains. The experimental 
difficulties with these metals are such that the liquid 


There have been many investigations into the 
atomic structures of liquid metals.”’ In some of the 
recent work the use of a strictly monochromatic specimens examined have always been contained in 
source of X-rays together with Geiger counter thin glass quills. The glass contributes but little to the 
recording has increased the reliability of the results. diffraction pattern but the absorption correction error 
In the case of sodium, potassium and sodium— of the specimen as a whole can be significant, 
particularly for potassium-rich alloys. Furthermore 


* Received May 5, 1959. 
+ Fulmer Research Institute Ltd., Stoke Poges, Bucking- With such a specimen it is difficult to determine the 
hamshire. composition accurately and to establish that the 
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It was decided therefore to develop a technique 
for examining specimens having a_ plane un- 
restricted surface. With a suitably designed 
camera diffractions from the window material can be 
isolated from those arising at the specimen, and by 
rotating both the X-ray source and diffraction counter 
about the horizontal axis of the diffractometer, the 
absorption correction is kept constant and therefore 
can be omitted from the interpretation. Large 
specimens are used to overcome problems of homo- 
geneity and chemical analysis. 

The sodium—potassium constitutional diagram is 
shown in Fig. 1. The liquids examined include the 
compound composition Na,K, which isa Cl4 hexagonal 
Laves phase in the solid, and the eutectic at 65at.°, K. 
Previous workers had reported a discontinuity in the 
intensity peak/composition curve at Na,K com- 
position. 

In order to investigate the effect on the structures of 
both actual temperature and excess temperature above 
the liquidus, it was proposed to examine liquid sodium 
at temperatures up to 200°C and the other liquids at a 
constant temperature just above 100°C and then at a 
small temperature increment above the liquidus. 


2. EXPERIMENTAL 
(a) X-ray diffractometer 


The experimental installation is shown in Fig. 2, 
with the liquid metals camera in position at the centre 
of the diffractometer. In order to maintain the Bragg— 
Brentano focusing condition both the X-ray tube, 
together with monochromator and monitor counter, 
and the diffractions counter are pivoted about the 
horizontal axis of the diffractometer. 

The X-ray tube and quartz focusing mono- 
chromator are carried on a platform which is rotated 
about the axis by means of a capstan wheel and screw. 
Fine adjustment is provided for initial alignment of 
tube and monochromator. 

The diffractions counter with its probe unit is 
pivoted about the axis by means of a large bracket 
which is counterbalanced. A movable clamp operat- 
ing on the disc PD holds the arm in position. Fine 
adjustment of the counter relative to the clamp is 
obtained by operating a knurled screw. The counter 
can be adjusted about the diffractometer axis and 
moved laterally. 

It was not practicable to link the movements of 
X-ray source with the diffraction counter in order to 
maintain automatic focusing. These are carried out 
independently. The positions are given by Vernier 
scales moving over the dise D which is graduated in 


At. %K 
20 30 40 50 60 70 8090 


Melt+Na | 


Melt +Na2K Melt+K 


20 40 60 80 
wt % K 


. The equilibrium diagram of the system sodium 
potassium, 


degrees. Diffractions can be recorded at angles up 
to = 70°. 

A cathetometer with graduated eyepiece is sighted 
through a hole drilled along the length of the diffrac- 
tometer axis enabling the specimen to be positioned on 
this axis. The position of the specimen is observed 
with respect to an illuminated slit in a stationary part 
of the diffractometer so that any misalignment of 
cathetometer does not affect the specimen setting. 

The specimen level can be set to within 0.1 mm. 
A change in level of 0.5 mm produces a shift in peak 
position of 0.003 in sin 6/Z at 6 = 12°, which is the 
approximate position of the potassium peak. The 
angular calibration of the diffractometer was checked 
with aluminium sheet and powder and found to be 
correct within 5 min of are. In the region of the 
potassium peak recorded values of sin 6/A are probably 
correct to within 0.002, the errors being cor- 
respondingly less at higher angles. 


(b) Camera and reservoir system 


The camera and reservoir feed system shown in 
Fig. 3 provide and maintain a plane clean surface of 
liquid metal, suitable for diffraction studies, at the 
centre of the diffractometer. The camera consists of a 
cylinder fitted with a circular crucible having two 
concentrice sections. The central section is connected 


to the feed pipe of the reservoir while an outlet pipe is 


used to drain away any liquid metal forced over into 
the outer section. It is provided with glass end-plates 
affording good visual observation of the liquid metal 
surface and an X-ray window of Al/Si foil 0.0015 in. 
thick around half its circumference.” A small scraper, 
operated from outside the camera, facilitates the flow 
of metal from inner to outer section of the specimen 
holder and also enables traces of oxide to be removed 
from the specimen surface. During X-ray exposure it 
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Fic. 2. Diffractometer. D Graduated disc. C Aluminium-silicon X-Ray window. F Diffraction counter. 
X X-Ray tube. 1 Monochromator. N Monitor. AK Cathetometer. 


Fic. 3. The Camera and feed system. 

window. R Scraper. G Glass end plates. 7’ Thermo- 

couple. C Crucible. H Heater. P Pumps. EF Nimonic 

valve. S Silicone rubber joints. A Ampoule. 
B Bellows. N Needle valve. J Manometer. 


is retracted to the top of the camera where it screens 
off those diffractions arising from the incident X-ray 
beam striking the camera window, which might other- 
wise scatter into the counter. The camera body, 
crucible, feed pipes and scraper are made of 18/8/I1 
stainless steel, this being a suitable material for 


containing sodium and potassium.'?) Demountable 


joints are fitted with “‘O” ring seals, and the whole is 
water cooled. The crucible is fitted with a small 


furnace fed by a Variace operating from a stabilised 
source of a.c. A sheathed thermocouple of chromel- 
alumel is immersed in the liquid metal contained in 
the outer section of the specimen holder. 

The feed system consists of a reservoir in the form 
of a glass ampoule of capacity 200-300 em? fitted with 
magnetically breakable vacuum seals. The delivery 
and return tubes overlap closely the corresponding 
tubes of the camera enabling silicone rubber to 
aomplete the vacuum seals without exposure to liquid 
metal. The system is wound with heater tapes for 
melting the metal under investigation. Nimonic 
valves for controlling the flow of liquid metal are 


included in the delivery pipes to the camera. 
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A pressure of argon is used to force the liquid metal 
up into the camera. The level is indicated by the 
mercury manometer W/ and controlled by the needle 
valve N and adjustable metal bellows B. A layer of 
silicone oil prevents evaporation of the mercury into 
the vacuum system. 


(c) Preparation of specimens 

The specimens were prepared by a filtration process 
to remove oxides and insolubles. In the case of the 
alloys these were prepared in a separate container, 
then introduced into the filtering apparatus and 
adjustments to composition made before filtering. 
The filtering tower delivered the liquid metal to an 
ampoule fitted with magnetically breakable seals 
where it was then sealed under vacuum until required. 


(d) Operating procedure 

(i) Specimen. The ampoule containing the specimen 
was introduced into the apparatus as shown in Fig. 3. 
After heating the system, liquid metal was raised into 
the camera by increasing the argon pressure. Fine 
adjustment of meniscus height was carried out by 
operating the bellows B. Ifthe liquid surface obtained 
by this first pass appeared contaminated it was caused 
to overflow into the outer crucible and thence returned 
to the ampoule. A further supply of liquid metal was 
then raised into the camera. By suitable manipulation 
it was possible to obtain a clean mirror-like surface in 
the camera. With a vacuum better than 10-> mm Hg 
this could be maintained for about 5 hr. After this 
period a small degree of contamination may be 
detected. causing interference colours to be seen on 
the surface. A new surface may then be obtained as 
above. 

By causing the metal to solidify near the inlet valve 
an effective seal is obtained thus preventing small 
bubbles of argon from passing through the system and 
disturbing the liquid metal surface with possible 
splashing on to the X-ray window. 

The level of the liquid metal surface was observed 
with the cathetometer throughout the run. Usually 
no measurable change in specimen position could be 
detected by the graduated eyepiece which was capable 
of indicating a difference of less than 0.1 mm. When 
small variations were observed these were measured 
and the 
accordingly. 

The specimen temperature was recorded throughout 


apparent angle of diffraction corrected 


on a fast moving chart recorder. 

(ii) Copper Ka 
generated at 50 kVp 25 mA, from a set having full 
wave rectification and operating on stabilized a.c., was 


Counting procedure. radiation 
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used throughout. The slit width of the diffraction 
counter was 0.9 mm subtending an angle of 30 min of 
are at the centre of the diffractometer radius 9 em. 
Counts were recorded on a scaling unit for a standard 
X-ray monochromatic output as measured by the 
monitor. Measurements were taken at specific angular 
positions of the diffractometer, the intervals being 
15 min of arc in the region of the main diffraction peak, 
30 min over the subsidary peak and one degree at 
higher values of sin 6/2 where the intensity varies but 
slowly. 

The observed intensity was plotted as a function of 
sin 6/2 during the run so that points of interest or 
ambiguity could be re-examined immediately. 

After completing the available range of diffraction 
angles the intensity of the main peak was re-examined 
critically for variation in counts arising from growth of 
surface oxide during the exposure. 

The X-ray intensities were corrected for losses in 
both counters, background count and polarisation.'® 
It was not possible to measure intensities below sin 6/A 
= 0.07 and so it was assumed that the X-ray intensity 
could be extrapolated smoothly to zero at the origin. 


3. RADIAL DISTRIBUTION ANALYSIS 
The radial distribution method of analysis of 
intensity scattered by a non-crystalline array of atoms 
is well established.“.6” 
intensities very near the main beam are excluded, 
application of the Fourier integral theorem leads to 
the following expression for atomic density as a 


Provided experimental 


function of distance from a reference atom: 


x 


si(s) sin rs ds, 


4rr*p(r) = + 2r/z [ 


/0 


where p(r7) = number of atoms/unit volume at 
distance r from the reference atom, i.e. 477% p(r) dr = 
number of atoms contained in a spherical shell 
‘adius r, thickness dr. 


= average atomic density 
s = 4rsin and 

= I|Nf? - 

’ = number of atoms in the irradiated specimen, 
"— scattering factor of each atom, and 

=the coherent component of the experi- 

mentally determined scattered radiation 


1 where 


expressed in electron units. 


(a) Curve fitting 

At sufficiently high values of sin 6// for interference 
effects to be absent from the diffraction pattern, the 
total scattered intensity is the sum of the coherent 
scatter produced by the same number of atoms 


. 
4 
: 
UME 
VO 
8 
190 
. 
| 
us 
‘ 
4 
: 


ORTON, SHAW anv WILLIAMS: 


scattering independently with no evidence of structure, 
i.e. Nf?, together with the appropriate incoherent 
or Compton scatter. These values are tabulated 
in electron units.) By matching the corrected 
experimental intensity curve to this total independent 
scatter at high angles, the experimental curve is 
Hence J, the coherent 
component, may be obtained in these units and used 


expressed in electron units. 


to derive values of i(s). 

An alternative method of deriving the factor of 
proportionality for expressing intensities in electron 
units was used in some cases.'®) This factor is obtained 
from a consideration of the complete diffraction curve 


and is given by 
Sa 8a 
Is as/ fs ds, 
) 


« ( 
where s, is the upper limit of the experimental 
diffraction data. 


(b) Evaluation of integral 


In order to evaluate the integral of equation (1) the 
experimental amplitude function si(s) was plotted 
against s and values of sin rs taken from tables.“ 
For each value of 7 the summation & si(s) sin rs As was 
carried out over 60 equidistant values of s. Between 
1 and 4 A values of r at intervals of 0.2 A were adopted; 
at higher values the interval was 0.5 A. Using 120 
equidistant values of s the summations differed by less 
than | per cent from the corresponding ones obtained 
with 60 values, implying that the increment adopted 
was sufficiently small. 

The mean atomic density pp, is calculated from 
published data. 


(c) Sources of error in radial distribution analysis 


The greatest source of error is usually the absorption 
correction. The effective absorption is difficult to 
determine for specimens contained in glass quills 
which may have even slight variations in cross section. 
In the present work the correction is constant for all 
values of 9 and thus can be omitted from the analysis. 

Other sources of error are those due to termination 
of series, discrete errors in the si(s) function, and errors 
in curve fitting. It is possible to reduce the errors 
arising from termination of series by extending the 
range of experimental intensity data. This may be 
extended to larger values of s by using Mok radiation 
in addition to the Cuk~ radiation which is essential 
for accurate determination of position of the first 
diffraction peak. The intensity curve obtained with 
CuKa must first be matched to that with Mok« 
before matching to electron units. It is felt that the 
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difficulties incurred in this preliminary matching out- 
weigh the potential advantages of the method. 
Moreover in the liquids examined there was little 
evidence of structure beyond s values of 7A~! and so 
there is but small advantage in extending this limit. 
Spurious ripples in the radial distribution curve can 
be suppressed by applying an artificial temperature 
factor of the form exp(—A sin?@) to the si(s) 
amplitude.‘®.!) This has been adopted in the present 
work. The factor A is chosen so that the si(s) value at 
Smax 18 reduced to about one tenth. 
By applying such modification 
inspecting the radial distribution curves for periodic 


functions and 
spurious ripples it is usually possible to identify the 
sources of error. Ripples persisting at very small 
values of r, are invalid from atomic size considerations 
and usually arise from bad curve matching. 


(d) Extension to liquids having more than one type of atom 
It can be shown"? that the general version of 
equation (1) is 


XK p y+ 2r/7 si(s) sin rs ds (2) 


2 
kK Pm = 


20 
where the summation is over the molecular 
composition. 
kK, = effective number of electrons in atom and 


m 
Po = average number of  electrons/unit 
volume in absence of structure. 
with 


p,, — number of electrons/volume, 


structure. 


4 zr*p,, dr = number of electrons in shell between 7 


and r+ dr, i.e. number of atoms x 
effective electrons/atom in shell 
between r and r + dr, 
rK,,47rp,, = total (effective number of electrons)? 
in unit shell volume. 


Se 


If is evaluated and plotted as a function 
of r, the area under the curve between r, and ry is 


lo 
(Xx K,,47r?p,,) dr and represents the total 
“ry 
(effective number of electrons)? in a shell, 7,-r,. This 


type of approach has been adopted in analysing the 
experimental intensity data of the alloys. In this case 
the molecular structure cannot be assumed and the 
2 and incoherent scatter are 


m 


average values of f,, Xf 


* K,, is not strictly constant but the shapes of f/@ curves 


m 


for all atoms are similar and so an average value can be taken. 


eu 


intensity / 


4. 
sodium 35.4 at.°, potassium. 
(2) Sodium at 114°C. (3) Sodium 35.4 at.°, potassium 
at 114°C. (4) Sodium at 35.4 at.°, potassium at 23°C, 


Diffraction patterns for sodium, potassium and 
(1) Sodium at 205°C. 


(5) Potassium at 114°C. (6) Potassium at 80°C. 


f 


calculated for the appropriate atomic fractions ¢ 
sodium, @, and potassium, 5, in the alloy: 
+ OfK 
aLy, — bZ 
af,” bf 
4. RESULTS 


(a) Intensity function 


Figure 4 shows the corrected intensities, expressed 
in electron units, as a function of sin 6// for the liquids 
Na, K and Na 35.4 at.°, K. At both temperatures of 
experiment all the curves are similar in shape, 
consisting of two well defined peaks with traces of a 
further shallow ripple at high angles. The intensity 
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TABLE |. Intensity functions 


Peak Position sin 9// 
Temp. 


Liquid (°C) Reference 
O 
This work on 
workers 
Na 114 0.166 
150 0.166 
203 0.164 
103 0.160 Tarasov and 
Warren"® 
100 0.160 Trimble and 
Gingrich”? 
Na 14.2 at.% K 114 0.157 Interpolated from 
Henderson and 
Gingrich? 
O.151 
115 
Na 35.4 at.% K 23 0.144 
114 0.150 As above 
115 0.136 
Na 57.2 at.% K 0.140 As above 
0.134 
Na 23 0.137 As above 
78.12 at.%K > 115 0.134 
K 80 0.131 Thomas and 
Gingrich"®? 
114 0.131 
70 0.130 


curves for the liquids of compositions Na 14.2 at.°, K, 
Na 57.2 at.°,, K and Na 78.1 at.°, K are not shown. 
These are similar in form to those of Fig. 4. 

The results are summarized in Table 1 and compared 
with those of other workers. 

In Fig. 5 the positions of the first peaks are plotted 
against alloy composition. It is seen that the peak 
positions depend almost linearly on composition, with 
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Fic. 5. Change in diffraction peak position with 
composition. 
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6 

A 
Fic. 6. Radial distribution functions for sodium and 
potassium. (1) Sodium at 114°C. (2) Sodium at 205°C. 
(3) Potassium at 80°C. (4) Potassium at 80°C with 
artificial temperature factor applied. (5) Potassium 
sin 


at 80°C data cut off at - 0.47. (6) Potassium at 


114°C with artificial temperature factor applied. 
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6 

A 
Fic. 7. Distribution curves showing L4zr*K,,,p,,(r) im 
electrons?/A for the alloys, sodium 35.4 at.°, potassium 
and sodium 78.12 at.®%, potassium. (1) Sodium 35.4 
at.°, potassium at 23°C with artificial temperature 
factor applied. (2) Sodium 35.4 at.°, potassium at 
114°C with artificial temperature factor applied. (3) 
Sodium 78.12 at.°, potassium at 23°C with artificial 

temperature factor applied. 
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but small deviation for this line. These results differ 
from those of Gingrich and Henderson where a 
systematic negative deviation was observed being 
greatest at the compound composition Na,K. 


(b) Radial distribution function 


Typical radial distribution curves calculated from 
the appropriate intensity functions are shown in 
Figs. 6 and 7. Each curve oscillates about a smooth 
continuous curve which represents the average atomic 
distribution within the liquid, 47r?p», where py is the 
average atomic density. The curves obtained for 
sodium at different temperatures do not show many 
spurious ripples. Those for potassium do contain 
certain ripples. The effect of applying a modification 
function as discussed in Section 3c is shown. 

The positions of the first peak of the radial 
distribution curves give the distance of closest 
approach while the area under the curve between, and 


ry | 4r2p(r) dr, represents the total number of atoms 

within this range of distances from the reference atom. 
In the liquids examined the appropriate area to the 
right of this peak is not always well defined and 
therefore this area has also been evaluated by the 
method of Morgan and Warren“*) where the 
distribution on this side of the peak is made 
symmetrical with that on the left. It is claimed that 
in this method the contribution due to atoms 
interpreted as belonging to the second shell is omitted. 

Assuming an average scattering factor per atom the 
average number of neighbours in the Na—K alloys are 
evaluated as for the pure metals. 

The results are given in Table 2 together with those 
of previous workers. Near the melting point the 
values for sodium (ten atoms at 3.8 A) and potassium 
(nine atoms at 4.8 A) agree with those of other workers. 
For sodium at higher temperatures the position of the 
first peak, and to a greater extent the area under this 
peak, are not well defined depending on the method of 
evaluating the area so that the co-ordination number 
derived in these cases is of doubtful significance. 


5. DISCUSSION 

The results of earlier workers in determining 
melting points, heats of formation and viscosities of 
liquid sodium—potassium alloys (summarised by 
Venkateswarlu and Sriraman'™)) indicate that the 
structure of the Na,K compound is still evident in the 
liquid state. Further the interpretation made by 
Bannerjee of X-ray work in this system supported 
this More recently Gingrich and Henderson‘? 
in another X-ray investigation did observe a marked 
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discontinuity in the sin 6/2/composition curve at Na,K. 
This was not, however, regarded as conclusive evidence 
for the existence of the compound in the liquid. 

Recent magnetic susceptibility measurements on 
liquid alloys of this system by Venkateswarlu and 
Sriraman show that this property changes in a simple 
linear fashion with alloy composition, with no evidence 
of compound formation,“ which is more consistent 
with the present results. 

In the present work neither the intensity function 
nor the radial distribution function provides evidence 
for the existence of structure in liquids of the sodium— 
potassium alloys other than that existing in the 
liquids of the pure elements themselves. The intensity 
curves of the alloys are simple, showing two or three 
smooth ripples as do those of the elements. Thus on 
this evidence there is no reason for regarding the alloy 
liquids as anything but a statistical mixture of Na 
and K atoms. 

The graph of sin 6///alloy composition does deviate 
from a linear Vegard’s law type of relationship as 
already reported by Gringrich and Henderson‘. 
However, the extent of the deviation is smaller in the 
and there is no real evidence of the 
at the Cl4 Laves compound Na,K as 


present work 
discontinuity 
reported by these authors. 

It should be mentioned that the previous work was 
carried out with Mok« radiation, and specimens 
contained in thin glass capillaries. The present work 
with Cukz should be capable of higher accuracy. 
Furthermore with a capillary the composition of the 
actual specimen might be difficult to determine 
particularly since it is probable that the glass is 
attacked by the potassium component. In the present 
work large specimens are used, affording ample 
material for chemical analysis, while the materials and 
design of the camera make it unlikely that attack by 
the liquid metal will be significant. 

The method of radial distribution analysis can be 
applied to simple liquids provided that the limitations 
of the method are appreciated and that the data is 
scrutinised for sources of error giving rise to spurious 
detail in the radial distribution curves. In particular, 
the application of a modification function such as the 
arbitrary temperature factor is to be recommended. 

The evaluation of an effective co-ordination number 


from the atomic distribution curve is somewhat 
ambiguous. In the first instance application of a 


modification function does change the shape of this 
curve. This effect, however, is relatively small and can 
be calculated. Secondly, and more important, the 
way in which the effective area under the first peak 


should be determined is not well defined. Some 
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First peak position 
(A) 
Liquid 


Other 
workers 


4.2(arb-e) 


4.0, 4.1), 


Na 35.4 at.% K 4.1) 


115 4.4 
Henderson 


8.12 at.% K 


4.8'f), 4.8'@) 


4.8{f), 4.510) 


70 4.6 


100 4.7 


= 2.6974. 
= 0.8117. 


(a) = Artificial temperature factor applied A 
(b) = Artificial temperature factor applied A 
(ec) = Using si(s) cut off at sin 6/A =0.35 
(d) = Using si(s) cut off at sin 6/2, =0.46 


workers have preferred to make the right hand side of 
this peak symmetrical with the left for this purpose. 
In many cases, however, the precise method used to 
determine the areas are not reported. Table 2 shows 
the co-ordination numbers derived from a symmetrical 
peak, and also from an evaluation of the total area 
under the curve. The discrepancy between apparent 
co-ordination numbers determined by the two methods 
is very large for those curves obtained at higher 
temperatures and it is concluded that the symmetrical 
peak approach is not valid in these cases. 

Those limitations are important in any application 
of radial distribution analysis. However, the lack of 
definite structure deduced for the Na—K liquids is not 
due to these limitations but rather it is concluded that 
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TABLE 2. Radial distribution function 


Reference 


Tarasov and 
Warren'!® 
Trimble and 
Gingrich"? 


Thomas and 
Gingrich"”®) 
Lashko"? 


Area under Ist peak (number of atoms) 


R.H.S. of peak rts 
extrapolated 
to zero "ve 


Peak made 


p(r) dr 
symmetrical 


Other 
workers 


This 


work 


no, r 


10 
6 9 9 3 4.4 


5 


8,9'D) gia) gle) gfe) 


6, 9'a), gle) 5, 11'@), gle) 


Interpolated from 
Gingrich and 


13'@), 10) 


115 4.55 Interpolated from 
Gingrich and 
Henderson 


9, 10'®), gid) 7, 


9, Sia), 71a) 


10 


(e) = Curve matching over the range sin 9/, = 0.4 to 0.5. 
(f) Distorted, due to artificial temperature factor. 
(g) = Distorted, due to spurious peak. 


wherever the solid has high symmetry the liquid will 
have simple statistical packing which, by its very 
nature, cannot be further illuminated by radical 
distribution analysis. (In this context the availability 
of information on the solid structure for comparison is 
clearly desirable.) On the other hand, where the solid 
has low symmetry or tendency to molecular grouping 
then may evidence of similar structure in the liquid be 
expected. The extent to which the radial distribution 
analysis and other approaches are useful in revealing 
this structure is being currently investigated, but in 
any case it is felt that further contributions to an 
understanding of liquid metal structures must arise 
from the study of these low symmetry metals and 
alloys. 


185 
150 
2033.6 8 11 3 5 
Na 
103 3.86 10 = 
100 3.8 y 
23 | 3.6 | 4.8 
| 3.6 4.8 
13) | 3.2 | 5.5 
gfe) 3.1 5.0 
lt _ 7 3.4 | 4.4 
15) 3.2 | 6.0 
23 | | 3.4 | 5.0 
3.4 | 5.0 
3 
VOL. Ne 
1960 
80 12 3.6 6.0 
3.6 6.0 
| 3.4 6.0 
114 13 3.6 6.0 
K 13'4) 3.6 6.0 
8 3.6 6.2 
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TENSILE DEFORMATION OF ALUMINUM SINGLE CRYSTALS 
AT LOW TEMPERATURES* 


W. F. HOSFORD, Jr.,+ R. L. FLEISCHER? and W. A. BACKOFEN+ 


Tension tests on aluminum single crystals of approximately [001], [111], [112] and [123] axial 
orientations were made at 4.2, 77, 200 and 273°K. It was a general observation that the hardening rate 
passed through a maximum and then decreased continuously with increasing stress, the decrease being 
less rapid at the lower temperatures. There were no findings, under any circumstance, of a constant 


stage IT slope in the stress-strain curves. 

At 273°K, after initially rapid hardening, [001] crystals deformed primarily by operation of two slip 
systems with conjugate relationship; multiple necks were formed but the accompanying lattice rotation 
prevented failure by necking until large strains. At lower temperatures all four stressed slip directions 
were active in the [001] crystals and hardening continued to higher stresses. With the four directions, 


two perpendicular sets of Lomer—Cottrell barriers could form, as contrasted to one set at 273°K, thus 
producing greater hardening. Slip markings at the lower temperatures tended to follow {110} traces, but 
this may be explained by a fine mixture of cross slip on two {111} planes, necessary to avoid the barriers. 

In [111] crystals, approximately equal operation of the three favored directions at all temperatures 
prevented lattice rotation and maintained a high hardening rate. 


DEFORMATION PAR TRACTION A BASSE TEMPERATURE 
DE MONOCRISTAUX D’ALUMINIUM 


Des essais de traction sur des monocristaux d’aluminium dont lorientation axiale était environ (O01), 
[111], [112] et [123] ont été effectués a 4,2, 77, 200 et 273°K. Les auteurs ont observé que d’une maniére 


générale, la vitesse de durcissement passe par un maximum, puis diminue continuellement lorsque la 
tension augmente, la diminution étant moins rapide aux basses températures, En aucune circonstance, 


ils n’ont pu mettre en évidence un deuxiéme stade a coéfficient angulaire constant dans les courbes 


tension-déformation. 
A 273°K, aprés un durcissement initial rapide, les cristaux [001] se sont déformés en premier lieu par 
lintervention de deux systémes de glissement avec une relation conjuguée; plusieurs constrictions se sont 


formées, mais la rotation du réseau qui s'accompagne le phénoméne a empéché la rupture jusqu’aux 


grandes déformations. Aux plus basses températures, les quatre directions de glissement sous tension 
étaient actives dans les cristaux [001] et le durcissement a continué vers des tensions plus élevées. Avec 


les quatre directions, deux groupes perpendiculaires de barriéres de Lomer-Cottrell pourraient se former, 
en opposition a un groupe a 273°K, produisant ainsi un durcissement plus élevé. Les lignes de glissement 


aux basses températures avaient tendance a suivre les traces des plans (110), mais ceci peut s’expliquer par 


un mélange fin de glissement croisé sur deux plans (111) nécessaires pour éviter les barriéres. 
Dans les cristaux [111] le glissement approximativement égal sur les trois directions favorisées, ont 
empéché pour toutes les températures la rotation du réseau et ont maintenu une vitesse de durcissement 


élevée. 


TIEFEN TEMPERATUREN 


ZUGVERFORMUNG VON ALUMINIUMEINKRISTALLEN BEI 

An Aluminiumeinkristallen mit Stabachsen nahezu parallel zu [111 ]-, [112]- und {123]-Rich- 
tungen wurden bei 4,2°, 77°, 200° und 273° K Zugversuche durchgefiihrt. Allgemein wurde beobachtet, 
daB der Verfestigungsanstieg ein Maximum durchlief und danach mit zunehmender Spannung kon- 
tinuierlich abfiel; der Abfall war bei tiefen Temperaturen geringer. Unter keinen Umstiéanden ergaben 
sich bei den Verfestigungskurven Anzeichen eines Bereichs [I mit konstantem Anstieg. 

Bei 273°K verformten sich [001 |-Kristalle nach anfanglicher starker Verfestigung hauptsachlich durch 
die Tatigkeit zweier zueinander konjugierter Gleitsysteme. Dabei bildeten sich zahlreiche Einschnii- 
rungen, aber die mit ihnen zusammen auftretenden Gitterdrehungen bewirkten, da diese erst nach 
groBen Verformungen zum Bruch fiihrten. Bei tiefen Temperaturen waren in einem [001 |-Kristall alle 
vier beanspruchten Gleitrichtungen in Tatigkeit und die Verfestigung stieg bis zu héheren Spannungen 
an. Mit den vier Gleitrichtungen kénnen sich zwei zueinander senkrechte Scharen von Lomer-Cottrell- 


Versetzungen bilden im Gegensatz zu der einen Schar bei 273° K; dadurch entsteht eine gréBere Ver- 
festigung. Die Gleitlinien zeigten bei tieferen Temperaturen eine Tendenz, den Spuren von {110}-Ebenen 
zu folgen, doch laBt sich dies als eine feine Mischung von Quergleitung auf zwei {111}-Ebenen erklaren, 
welche notwendig ist, um die Hindernisse zu umgehen. 

In den [111]-Kristallen wurden durch eine nahezu gleichstarke Tatigkeit der drei begiinstigten 
Gleitrichtungen bei allen Temperaturen Gitterdrehungen verhindert und ein starker Verfestigungs- 


anstieg erreicht. 


* Received July 15, 1959. This paper is based on a thesis by W. F. Hosford, Jr. submitted to the Massachusetts Institute 
of Technology in partial fulfillment of the requirements for the degree of Doctor of Science. 
+ Department of Metallurgy, Metals Processing Laboratory, Massachusetts Institute of Technology, Cambridge, Mass. 
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1. INTRODUCTION 

The stress-strain curves for single crystals of face- 
centered cubic metals have been described in terms of 
three distinct stages;7~) stage I or easy glide, stage II 
with a high and constant strain hardening rate and 
stage III with a diminishing rate of hardening. The 
small extent of stage II hardening reported for metals 
with high stacking-fault energy has been explained 
in terms of the narrow separation of partial dis- 
locations and the low energy for recombination.” 
For aluminum there is thought to be no well developed 
stage II at room temperature because low stresses and 
thermal activation are able to drive the partials 
together and cause stage III to start before stage II is 
fully developed. Few low-temperature measurements 
have been made on aluminum, but data of Staub- 
wasser) at 78°K and Sosin and Koehler‘® at 4.2°K 
and 78°K have been cited as evidence for a well 
developed stage II at such temperatures. 

Stage III hardening is quite orientation sensitive as 
shown by Liicke and Lange’:®), and Staubwasser‘® 
for aluminum. At room temperature the difference 
between the [111] and [001] orientations is striking. 
Both show initially rapid hardening, but crystals with 
the [111] orientation continue to harden rapidly to 
such high stresses that they may be even stronger than 
polyerystalline specimens. In contrast, the initially 
high hardening rate of [001] crystals decreases so 
rapidly that after about 5 per cent elongation the 
engineering stress-strain curves become very flat until 
failure. Kocks' has reported that over 60 per cent 
elongation may occur during this very flat region at 
room temperature. The flatness of these curves 
extending over such large strains is remarkable 
considering that necking would be expected to start 
when the load reaches a maximum value. Staub- 
wasser’s'®) data indicate that the difference between 
these two orientations at liquid air temperature is 
less marked. 

A recent paper? has pointed out a similarity 
between the hardening characteristics of single 
crystals with [111] and [001] orientations and poly- 
crystalline specimens. In view of the importance of 
polycrystalline behavior these orientations become of 
particular interest for a strain hardening study. To 
develop information on this problem, especially the 
contrast between [111] and [001], aluminum single 
crystals have been tested in tension over a temperature 
range extending down to liquid helium temperature 
(4.2°K). 

2. EXPERIMENTAL PROCEDURES 

Single crystals of approximately [111], [001], [112] 

and [123] axial orientation were grown by seeding 


from the melt according to an established method.“ 
Starting material was 99.99 + per cent pure aluminum 
and growth was at an average rate of about 0.8 in/hr 
(furnace motion at 0.4 in/hr). Cross sections were 
rectangular, 1/4 3/l6in. as grown, and lengths 
were 4-5 in. The crystals were annealed for 24 hr at 
610°C and furnace cooled for 8 hr. Orientations were 
then checked by the Laue back-reflection technique. 
The actual orientations which differed by 14—2° from 
the ideal are shown in Fig. 1. The rotational orien- 
tations were such that the wider face was approxi- 
mately a {110} plane for the [001], [111] and [112] axial 
orientations, and a {541} plane for the[ 123] orientation. 

Reduced gage sections were produced in either of 
two ways. For the harder orientations, [001 ]and[111}, 
gage sections of about 3 in. were prepared by masking 
the ends of the crystals with rubber cement and 
chemically dissolving material in an aqueous solution of 
5 per cent NaOH and 10 per cent NaNO,.%?) Finally 
the reduced length was electropolished in a solution 
of 5 parts methanol and | part perchloric acid cooled 
to between —40°C and —10°C. Grips for loading the 
specimens were split steel collars which fitted over the 
enlarged ends. Woods’ metal was cast into the grips 
to fill the space around the crystal thus insuring good 
seating of the specimen. A cast polyerystalline 
sample with about 20 grains to the cross section, 
prepared and gripped in the same manner as the [001] 
and [111] erystals, was included for testing at 4.2°K. 
For the softer orientations, [112] and [123], a less 
heavily reduced section about 4 in. long was produced 
by electropolishing alone. These specimens were 
gripped simply by clamping the heads between 
serrated jaws. 

The testing was done in a hard type machine 
described elsewhere,“ consisting essentially of one 
tube suspended vertically within a larger tube. The 
upper end of the inner tube was attached by a universal 
joint to a load cell and was driven upward at a 
constant rate. The upper grip on the crystal was 
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Fic. 1. Axial orientations of crystals tested (open 
circles). 
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Fic. 2. True tensile stress-strain curves at 4.2°K. 


rigidly fixed to the lower end of the inner tube, while 
the lower grip was attached to the lower end of the 
outer tube. For the [001] and [111] crystals the lower 
grip was pinned so that it was free to rotate, while for 
the [112] and [123] crystals it was not. Tests were 
made at various temperatures by immersing the 
crystal in baths of ice water at 273°K, trichloro- 
ethylene and dry ice at 200°K, liquid nitrogen at 77°K 
or liquid helium at 4.2°K. A record of load was 
obtained from the output of a resistance strain-gage 
bridge mounted on the load cell and extension was 
measured by recording crosshead movement. Maxi- 
mum stress and strain sensitivities were +5 p.s.i. and 
+10-4. The accuracy of the stress measurements was 
estimated at +4 per cent. A constant strain rate of 
about 4.5 x 10-3/min was employed throughout. 
Shear stress and shear strain were calculated 
assuming octahedral slip on the most favored systems 
with no lattice rotation for the [001], [111] and [112] 
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orientations. The calculations were made for these 
crystals by applying the initial Schmid resolving 
factor, m = cos A cos ¢, to the true tensile stress-strain 
curves; the angles are those included between the 
tensile axis and slip direction, 2, and tensile axis and 
slip-plane normal, ¢. For the [123] orientation, single 
slip was assumed at the beginning and the analysis 
of Schmid and Boas") was used until the calculated 
rotation brought the axis to [112]; then data were 
treated as for the other crystals. 


3. RESULTS 

Strain hardening characteristics are presented in 
terms of true tensile stress-strain curves, o vs. ¢ 
(Figs. 2-5) as well as shear stress-strain curves, 7 vs. 
(Figs. 6-9). Both types of curves are shown because 
the first is free of uncertainty about stress and strain 
resolution while the second is the more usual and, in 


some respects, more fundamental. 
temperatures and orientations, the latter agree quite 
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Fic. 3. True tensile stress-strain curves at 77°K. 
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Fic. 4. True tensile stress-strain curves at 200°K. 
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True tensile stress-strain curves at 273°K. 
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Resolved shear stress-strain curves at 4.2°K. 
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Fic. 8. Resolved shear stress-strain curves at 200°K. 


well with data of Staubwasser.'®) Note that on a 
tensile stress basis the [111] erystal is the strongest, 
even stronger than a polycrystalline sample at 4.2°K, 
while [001] shows highest strength in terms of resolved 
shear at the lower temperatures. 

The onset of stage III is usually defined by the 
stress at which departure from linear hardening begins. 
Inspection of the curves indicates a gradual bending 
over. Accordingly, for determination of 7, at transition 
to stage III the slopes 6 = do/de were calculated from 
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Resolved shear stress-strain curves at 273°K. 
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Fic. 10. Slope of the true stress-strain curves, # against 

true stress, o, for [111] crystals. The value of @ extra- 

polated to ¢ = 0 is 0), the slope of the straight line 
portion is —B. 


the original recorded data and plotted as a function 
of stress. On such a plot, a break from linear stage II 
should be apparent as a drop in slope from the constant 
stage Il value. There were no constant (maximum) 
slope regions for any of the tests, however, although 
the initial steepness of the curves might have given an 
illusion of straightness; examples are presented in 
Fig. 10. Instead, the slopes for [111], [112] and [123] 
increased rapidly to a maximum and then dropped 
continuously with increasing stress, often falling 


TABLE 1. 


Hardening parameters 


4.2 455 300 18 110 

6, (108 p.s.i.) 77 380 290 155 90 
200 345 230 65 ~50 

273 300 ~240 ~55 ~40 

4.2 3.3 3.5 3.2 ~4 

B 77 9.7 14.5 7.4 ~10 
200 20.5 33 10 ~12 


~90 ~15 


4.2 50 24 
m*6,(108 77 28 48 26 19 
p-8.1.) 200 25.5 38 11 ~ll 

273 22 ~40 ~8.5 

4.2 0.9 1.2 0.9 ew2.2 

mB 77 2.6 5.9 3.0 ~4.6 
200 5.5 13 4 ~6 
273 7.6 37 ~6 ~7 
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almost linearly with the stress. For the [001] orien- 
tation the decrease was continuous from the beginning. 
Thus there appears to be no unique stress 7, at which 
stage III starts. 

A summary of the hardening behavior has been 
made with parameters of two kinds: the slope 
extrapolated to (da/de),_9 = 99 or 
(dr/dy),_» — m* 6, and the rate of decay of the slope 
with stress, —d6/do = B or —d(dr/dy)/dr = mB. 
All are listed in Table 1. Two temperature effects 
are seen; 4, increases somewhat and B falls almost 


zero. stress, 


linearly with decreasing temperature. A large orien- 
tation effect is evident, with 4, values for the multiple- 
slip orientations [111] and [001] being much higher 
than for [112] and [123]. In a [111] vs. [001] com- 
parison, 4, is greater for [111], while on the resolved- 
shear basis, m4, is higher for the [001]. The rates of 
decay of hardening, B and mB, are both consistently 
higher for [001], especially at the higher temperatures. 


[001] Orientation 


273°K. Results from three tests are plotted in Fig. 11 
in terms of engineering stress (a, = load/original cross 
section) and strain (¢€,, = length change/initial gage 
length). Multiple necking was found in all crystals 
and in the one giving the cyclic curve the numbers of 
necks and stress cycles were comparable. Correlation 
could not be exact, however, as both necking and 
cycling varied in intensity so that counting each was 
hardly possible. 

Strain along the crystals developed in such a 
manner as to preserve a rectangular cross section. 
Reductions in the two thickness directions were not 
generally equal at the necks and the direction of 
greater reduction sometimes changed from one region 
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Fic. 11. Engineering stress-strain curves for three [001] 
crystals at 273°K. One test (lowest curve) was inter- 
rupted twice for surface observations. The lower value 
o, after the first unloading is due to reduction of the 
cross section by electropolishing. 
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to another. A crystal pulled to separation developed 
a chisel fracture from necking being continued by 
reduction in one dimension; thickness strains, lattice 
rotations and slip markings along the length of this 
particular crystal are given in Fig. 12. The stressed 
slip systems in the [001] crystals may be represented 
by an octahedron with (110) edges and {111} faces. 
Fig. 13 shows a top view of such an octahedron, 
together with the thickness reductions and lattice 
rotations produced by simultaneous operation of 
various combinations of slip directions. 


LATTICE ROTATIONS 


SLIP TRACES 


40o;- ACTIVE SLIP SYSTEMS 4 


| % WIDTH REDUCTION 


7 

L 
Fic. 12. Variation along the length of a [001] crystal 
extended at 273°K of: Reductions in the two thickness 
dimensions, prominent slip traces, components of lattice 
rotation (in degrees). The active slip systems are indi- 
cated by top views (along tensile axis) of octahedra 
with (110) edges and {111} faces. 


Slip lines were long and clear on all of these crystals 
tested at 273°K. Traces of the four octahedral planes 
could be found although they seldom appeared 
intermixed. On a crystal examined after 3-1/2 per 
cent elongation, there were several areas where 
parallel traces of one plane changed abruptly to traces 


of a cross slip plane* (Fig. 14). After necks were 


* The terms primary, conjugate, cross-slip and critical 
(unexpected) slip are used as defined elsewhere"*’*®). Because 
more than one slip system is equally favored for the [001], [111] 
and [112] orientations, the distinction between primary and 
conjugate is arbitrary. Likewise, for the [001] and [111] 
orientations the distinction between primary and cross-slip 
planes is arbitrary. Nevertheless the concepts of conjugate 
and of cross-slip relationships between two slip systems are 
still useful. 
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Fic. 13. Cross sectional changes and lattice rotations 

produced by operation of various combinations of slip 

directions in [001] crystals with (110) and (110) faces. 
(TA = tensile axis). 


formed, within these regions 
corresponded to traces of two slip planes with 
conjugate relationship (Fig. 15). Some wavy and 
less sharply defined lines following traces of {110} 
planes were also found, most often at the ends of the 
necked regions (Fig. 16); occasionally these could be 
resolved into traces along two {111} planes. 

Laue photographs were taken at intervals along the 
length of a broken crystal (Fig. 12). Because of 


predominate lines 
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Fic. 14. Cross slip in [001] crystal after 34 per cent 
elongation at 273°K. Tensile axis vertical, (110) 
surface. 500 
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Fic. 15. Conjugate slip in necked region of [001] 
crystal tested at 273°K, tensile axis vertical, (110) 
surface. 200 


difficulty in aligning the deformed parts of the crystal 
with the X-ray apparatus the error in the absolute 
magnitude of the rotations may be as much as 2° to 3°, 
but the relative rotation along the deformed part is 
probably accurate to }° to 1°. Since the direction as 
well as the magnitude of the rotation varied with 
position on the crystal, rotations are shown in terms 
of the component rotations from [001] in two mutually 
perpendicular directions toward (112) poles. Although 
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Fic. 16. Wavy slip following {110} traces at end of 
necked region of [001] crystal tested at 273°K, tensile 
axis vertical, (110) surface. » 200 
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rotations of up to 12° were measured, the Laue spots 
normally remained sharp indicating that local 
distortion was not severe. 

The lattice rotations were generally consistent with 
the measurements of thickness strains, which indicate 
that slip in the necked regions must have been pre- 
dominately along (110) directions at 60° to one another 
(Fig. 13b), and with the further observations of slip 
lines which show that the planes were {111} in con- 
jugate relationship. 

200°K. Strong slip markings were limited to a 
small region about a single neck (Figs. 17 and 18). 
The bands were wavy, followed the traces of {110} 
planes on all surfaces and seemed to correspond only 


Fic. 17. Slip lines following two {110} traces in neck 
of [001] crystal tested at 200°K. ca. 1} 


to traces of two mutually perpendicular sets of planes. 
There were very few lines corresponding to {111} 
traces. In the necked region the cross section became 
diamond-shaped, indicating in agreement with surface 
observations that two mutually perpendicular direc- 
tions operated (Fig. 13c). The strong markings were 
absent away from the neck, although surface appear- 
ance still suggested {110} slip (Fig. 19); as reduction 
here was equal in both dimensions and the cross- 
section remained rectangular, slip along all four 
stressed directions must have made approximately 
equal contributions to the total strain (Fig. 13d). 
77°K and 4.2°K. 
surface markings, only an appearance similar to 
Fig. 19 but with a finer pattern. At both temperatures 
reductions were equal in thc two thickness directions, 
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Fic. 18. Slip lines following {110} traces near neck of 
[001] crystal tested at 200°K. Tensile axis vertical, 
(110) surface. » 250 


and the neck in a crystal that had been fractured 
at 4.2°K was still rectangular in cross section. No 
rotations appeared in Laue photographs, which 
showed little asterism. A necessary conclusion again 
seems to be slip on all four stressed (110) directions 
(Fig. 13d). 

Elongations. For all crystals the percent elongation 
measured over the entire gage at failure 


tended to decrease at higher temperatures, as the 
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Fic. 20. Elongation over gage section at failure for [001 | 
crystals as a function of temperature. Terminal value 
for room temperature is from Kocks'®), 


(i) 


Surface pattern suggesting {110} slip on same 
crystal away from neck. x 110 


Fic. 19. 


lower hardening rates led to necking at lower strains. 
The trend for [001] crystals was reversed, however, 
between 200 and 273°K as shown in Fig. 20. 

The large elongation with little or no increase in 
load at 273°K is particularly unusual. The general 
criterion for unstable flow is that dP/dl = 0, where P 
is the tensile load and / the specimen length. Once 
necking begins, localized deformation usually con- 
tinues to failure. An increased rate of hardening in 
the neck would be needed to cause deformation to 
cease there and continue elsewhere. One factor which 
would seem to give such an effect is additional stress 
set up by the lattice rotation in the neck. As the slip 
becomes confined, a gradient of orientation into 
adjacent regions is established. Such a gradient may 
be expected to result in stresses tending to oppose 
additional flow and rotation so that very gradual 
necks are formed and an appreciable overall elongation 
occurs. 


[111] Orientation 


The most striking surface features on the [111] 
crystals after large strains were ridges extending 
diagonally across the wider faces (110) (Fig. 21). 
Corresponding steps were formed on the other faces 
(112). Ridges were found on all specimens but were 


more numerous at the lower temperatures. From 
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Ridges developed on |111] crystals pulled 


Left to right 273°K,7 7°K, and 4.2°K, 
ca. X1 


to 


21. 


failure. 


surface observations at low strains during a 77°K test 
the origin was found to be bands of finely clustered 
The slip 


slip on the most highly stressed plane. 


clusters in turn possibly developed because of an 
Slip on this 


original 2° deviation from |111] (Fig. 22). 
primary plane resulted in the markings and brought 
the orientation to [111] where it was stable. Then slip 
along all three possible directions maintained the 


orientation and preserved a rectangular cross section. 
With continued extension, slip appeared confined 
Markings near 


between the inactive ridges (Fig. 23). 
one of the ridges at 4.2°K suggested {100} slip. Laue 
individual spots 


pictures showed severe asterism, 


JG} 
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becoming spread over as much as 5°. 

Discontinuous flow as described by Basinski"*® was 
observed only for this orientation and only at 4.2°K 
when the tensile stress reached 56,000 p.s.i., a level 
higher than any encountered in all other tests. Failure 
occurred by an abrupt shearing across the entire speci- 
men before an appreciable neck had developed. While 
the fracture surface was not perfectly planar it approxi- 
mated a {100} plane; its appearance was similar to 
that observed by Blewitt ef a/.“® on a copper crystal 
at 4.2°K and by Beevers and Honeycombe"” on an 
age hardened crystal of an aluminum alloy at room 
A similar fracture was also found in the 
polyerystalline bar at 4.2°K. Other [111] crystals 
necked but were not pulled to separation. 


temperature. 


[112] and [123] Orientations 

Slip lines corresponded to traces of the two most 
favored {111} planes, primary and conjugate, with the 
exception of the [123] orientation tested at 200°K. 
One end of this crystal slipped on the primary and 
conjugate planes, while the other end slipped only on 
the critical plane so that a sharp boundary developed 
between the two regions of different slip. Similar 
previous observations" of critical slip have been 
attributed to grip-induced stresses arising during 
single 
Necks could be formed eventually with sufficient 
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Fic. 22. 
cent elongation at 77°K. 
surface. 


Clustered slip in [111] crystal after 1/2 per 
Tensile axis vertical, (110) 
< 50 


Fic. 


7°K showing ridge developed from clustered slip and 


23. Surface of [111] crystal pulled to failure at 


surface between ridges. (110) surface. » 300 
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stretching, by operation of the primary and conjugate 
systems. The [123] crystal tested in ice water 
developed two necks, although the test was not 
continued far enough for any load drop. 


4. DISCUSSION 
Absence of Linear Hardening 


The finding of a continuously changing slope 
(Fig. 10) raises the question of whether separate 
stages II and III do in fact exist in aluminum. The 
absence of a well defined transition stress, 73, means 
at least that the stages must overlap, some dislocations 
passing through or over barriers at all stresses. 

In comparing metals of different stacking-fault 
energy, the rate at which barriers are overcome at 
low stresses might be expected to be less in one of 
lower energy, like copper, than in another of higher 
energy, such as aluminum. A more slowly changing 
hardening rate would follow, and this may explain 
in part why a linear stage II has been reported, 
particularly for the former kind of material. 

The theories of Seeger®.4) and Friedel! both 
predict linear hardening, although by different models. 
With either theory, the continuous 
decrease of slope might then be rationalized by the 


reference to 


operation of a process of barrier surmounting or 
breakdown that proceeds at an increasing rate as 
stress builds up. A more specific theoretical trouble 
is the absence of a unique stress, 73, for the beginning 
of stage III, which has been used in the past to 
stacking-fault energies of 


the relative 


different metals. ‘??) 


estimate 


Orientation Dependence of Strain Hardening 


An explanation of the various hardening behaviors 
must be based on how the nature and distribution of 
slip barriers depend upon crystal orientation. 


[O01] Orientation 

In these crystals there are four equally stressed {111} 
(110) slip 
The reactions between active 
dislocations*) produce two sets of Lomer—Cottrell 
(L-C) barriers along the unstressed (110) directions as 
illustrated schematically in Fig. 24; set of 
barriers may be produced by two possible reactions. 
Since these barriers are not parallel to active slip 
directions, screw dislocations cannot be expected to 
pile up behind them. 
must be more strongly edge than screw. Cross slip 
under such conditions has been discussed and it has 
been require either 
dislocation movement or the creation of new dis- 


slip planes with two equally favored 


directions in each. 


each 


Dislocations in the pile-ups 


shown to non-conservative 
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Fic. 24. (a) Octahedron representing slip systems for 

[001] orientation, with the two perpendicular sets of 

Lomer-—Cottrell barriers lying along unstressed (110) 

directions. (b) Lomer—Cottrell barrier along [110] 

with piled-up dislocations on (111) and (111) planes 

forming a hedge along stressed (110) directions in 
(111) plane. 


location loops. The situation pictured, therefore, 
is not as favorable for cross slip as Seeger’s model in 
which screws are piled up parallel to the barriers..* 

With this geometry, L-C barriers on any slip plane 
are parallel and serve as obstacles to dislocation 
motion in only the one direction on that plane. 
Another type of obstacle is necessary to prevent 
dislocation loops from expanding parallel to barriers. 
Kocks) has advanced the idea that piled-up dis- 
locations in one plane form an effective obstacle to 
slip on intersecting planes because they are closely 
and systematically spaced and therefore pierce the 
other slip planes as a “hedge”; such a compact array 
is a much more effective obstacle to slip than a 
random forest of the same number of dislocations. 
A result is that barriers, in the form of hedges, will 
be parallel to active slip directions, such as ab and be 
in Fig. 24b. Now pure screw dislocations may pile up 
here and cross slip readily, which would explain the 
early cross-slip observations in the 273°K test (Fig. 14). 

With a L-C barrier that is long relative to the width 
of pile up (or length of hedge), there will be obstacles 
to slip on more of the intersecting or pierced planes; 
such a composite barrier, therefore, may interfere 
more with slip on those planes not involved in the 
initial L-C formation.'® This argument has some use 
in explaining the areas of extensive slip on conjugate 
systems (Fig. 15). Slip on a pair of these systems will 
produce one of the two possible sets of L—C barriers. 
Should one set develop to a somewhat greater degree, 
slip on planes involved in producing the other will be 
suppressed to the larger extent; or, hardening on the 
latent systems will be the higher. To account for the 
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low hardening rate at 273°K, it seems essential that 
barrier break-down occur; under sufficient stress this 
may in fact happen. The breakdown interval would 
be short, however, as L—C barriers should quickly be 
reformed by other dislocations in the pile ups. Such a 
sequence may also contribute to the change in harden- 
ing rate that first promotes and then acts to suppress 
necking. A further need in a rationale of [001] 
hardening is a reason for the sharp temperature 
dependence of barrier strength; apparently starting 
at about 273°K the effect of thermal fluctuations 
added to the pile-up pressure is enough to give 
extensive barrier penetration or breakdown. 

The fact that slip markings at low temperatures 
follow {110} traces may be explained in either of 
two ways: there may be {110} slip, or the traces may 
result from a fine intermixture of primary and cross 
slip on {111} planes. For aluminum there are many 
reports in the literature of non-octahedral slip on 
planes containing (110) directions. These observations 
have been made near grain boundaries,*.?,25-2”) jn 
single crystals at high temperatures'?*.?% and 
recently“? in age hardened Al-4°,Cu crystals under 
high stress at room temperature. Certainly the 
possibility of such slip has been shown to be 
reasonable.‘%9,3)) Further, on a purely geometric basis, 
the {110} planes in [001] crystals sustain the highest 
resolved shear stress; for this orientation the ratio 
of Schmid resolving factors tO Mery 
is 1.22. With {110} slip, however, effective slip 
barriers cannot be obtained from L—C type reactions, 
so that the high rate of low-temperature hardening 
would not be explained by current models. 

By means of the electron microscope wavy and 
apparently non-octahedral slip traces on aluminum 
crystals oriented near [111] have been resolved to 
fine multiple slip.°?) The wavy character of the 
apparent {110} traces suggests that they could have 
resulted from slip on {111} planes with operation in 
nearly equal amounts of planes having a primary 
and cross slip relationship. The fact that four 
directions must have been active to preserve the 
original proportions of the cross section implies the 
presence of similar obstacles on all planes. With such 
an arrangement, comparable amounts of slip and cross 
slip are more reasonably expected. 

An explanation of why four active systems operate 
at low temperature while only two predominate at 
273°K may lie in the relative dimensions of the L—C 
barrier and its hedge. At the lower temperatures, 
more dislocations can be expected to pile up behind 
a L-C barrier to give a wider hedge. At the same time, 
the L-C barriers may be shorter if their formation 


DEFORMATION OF 4 


Al AT LOW TEMPERATURES 


Tensile Axis 


[i] 


b= % L-C Barrier 


Piled up 


Dislocations 


b= % [110] 


(a) (b) 


Fic. 25. (a) Tetrahedron representing slip systems for 

[111] crystals, with three sets of Lomer—Cottrell barriers 

lying along stressed (110) directions. (b) Lomer— 

Cottrell barrier along [011] with piled-up dislocations 

on (111) and (111) planes forming a hedge along (110 
directions in (111) plane. 


requires jog-free sections of dislocation lines, since 
jogs will be less mobile at the lower temperatures. 
shorter wider L-C barrier-hedges may 
result, which do not have the effect of blocking latent 


and 
systems more strongly than active ones. 


[111] Orientation 

The disposition of slip systems and L-C barriers in 
the [111] crystals may be represented by a tetrahedron, 
with (110 
that there are three equally stressed {111} slip planes 


edges and {l11} planes. Fig. 25 shows 
each containing two equally favored (110) directions, 
giving six systems identically stressed with all others 
being unstressed. Possible L—C reactions can produce 
three sets of barriers (one set for each reaction), 
which lie parallel to the slip directions. Now active 
screws can pile up in the manner envisioned by 
Seeger, and cross slip over barriers is possible. 
Although two barriers could form on a given slip 
plane and thus confine the dislocation loops on that 
plane, the likelihood of two separate interactions 
occurring on a specific atomic plane should be small. 
Again, following Kocks’ argument," each slip plane 
may be penetrated by hedges of dislocations piled up 
behind L-—C barriers formed on the other planes. The 
geometry of the [111] orientation is such that the 
hedges penetrating a plane would form an array 
parallel to the L-C barriers on that plane (Fig. 25b). 
Therefore L—C barriers would be reinforced by parallel 
hedges and be less likely to break down than the L-C 
barriers in the [001] crystals where the hedge array 
vannot be parallel to, and hence does not reinforce, 
the barriers. The initially similar hardening rates 
in [001] and [111] crystals (Figs. 7-9) may be due to 
rapid formation of L-—C Because {111} 
barriers are the stronger, however, hardening persists 


barriers. 


even at the highest temperature of 273°K. 
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[112] and [123] Orientations 

In the [112] orientation the two equally favored slip 
systems are the suitable ones for L—C barrier forma- 
tion. Barriers should be formed also by less favored 
systems as the stress is raised; the hedges produced 
by these barriers would then tend to confine disloca- 
tion loops on the primary and conjugate planes from 
expanding parallel tothe first-formed barriers. Accord- 
ingly, while the original hardening rates are not high, 
the hardening persists to large strains with a low rate 
of decay. 

The condition in the [123] orientation is somewhat 
similar. Slip on one system is initially favored but as 
the tensile axis rotates toward [112], slip on the 
conjugate system is encouraged and the argument 
follows that for the [112] case. 


Polycrystalline Strain Hardening 


In works by Kocks®, strain hardening was 
regarded as identical in polycrystals and_ single 
crystals of (001}and{111] orientations. The underlying 
assumptions were the same rate of shear hardening, 


dz/dy, in all cases and five equally active slip systems 
in the polycrystal. For aluminum at room tempera- 
ture good agreement was found between the stress- 
strain curves of polycrystals, [111] single crystals and 
[001] single crystals in the initial rapidly hardening 
part. 

Data of the present work do not show such agree- 
ment at 4.2°K. A preferred orientation is assumed 
for the cast polyerystal in which [001 | is perpendicular 
to the tensile axis. For the two most favored slip 
systems the average Schmid orientation factor in the 
polyerystal is then about 0.47;° for three and four 
systems the average factor drops to 0.39 and 0.35, 
respectively. If the same rate of shear-hardening on 
active slip systems is assumed for the polycrystal 
and the [001] single crystal an average factor of 0.48 
for the polycrystal is necessary to produce agreement 
between the experimental curves. Such a_ value 
would imply that most of the slip in the polyerystal 
occurs on no more than two systems. To bring the 
[111] and polyerystal curves together requires an 
average Schmid factor of 0.37 for the polyerystal, 
implying that most of the slip occurs on three or four 
active systems. 

Thus if all specimens actually harden at the same 
rate, the implication is that less than five slip systems 
are active in the polycrystal. An alternative ex- 
planation is that the hardening rate is lower in the 
polycrystal than in the single crystals. 


5. SUMMARY 

Tension tests were made on differently oriented 
aluminum single crystals at various low temperatures 
down to 4.2°K. The principal findings were: 

(1) No linear stage Il was observed in any of the 
tests. The slopes of the stress-strain curves increase 
to a maximum value and immediately begin to 
decrease with stress continuing to rise. Strong 
temperature dependence is found in the initial rate 
of decay of the slope with stress, which is almost 
proportional to the temperature. 

(2) After small strains in [001] crystals at 273°K, 
deformation occurs primarily by the operation of two 
slip systems with conjugate relationship. The 
accompanying lattice rotation accounts for large 
elongations despite a low work hardening rate. The 
low work hardening rate is explained, in turn, by the 
effects of having but a single set of Lomer—Cottrell 
barriers formed in one of the planes by operation of 
these slip systems. At lower temperatures all four 
stressed slip directions are active: much higher work 
hardening rates are now explained by the effects of 
two perpendicular sets of Lomer—Cottrell barriers. 
It is suggested that slip lines along {110} traces at low 
temperatures may reflect a fine mixture of cross-slip 
on two {111} planes necessary to avoid such barriers. 

(3) Crystals of [111] orientation deform by approxi- 
mately equal slip in the three favored directions at all 
test temperatures. Thus deformation modes of [111] 
and [001] crystals become increasingly alike at lower 
temperatures, when differences in hardening behavior 
diminish. 
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SUR L’INTERACTION D’UNE DISLOCATION FIXE ET D’UNE DISLOCATION 
MOBILE DANS SON PLAN DE GLISSEMENT* 


G. SAADA* 


Dans cet article, nous proposons un modeéle pour l'étude détaillée du passage d'une forét de dislocations 
par une dislocation mobile dans son plan de glissement. Nous montrons sur un exemple qu’en l’absence 
de contraintes extérieures, il n’existe pas, dans un plan de glissement, de boucle fermée, stable entourant 
un arbre de la forét. Ce résultat semble devoir étre général. Nous montrons également que le passage 
dun arbre répulsif se fait sans grande modification de la forme de la ligne. S’il glisse facilement, le cran 
créé au passage d'un arbre ne produira un nombre appréciable de lacunes, que si l‘arbre est attractif. 
Nous concluons par quelques applications a [étude du durcissement, en montrant notamment que les 
dislocations situées dans des plans de glissement voisins de celui de la dislocation mobile exercent des 
contraintes du méme ordre que celles qui sont dues aux arbres percant le plan de glissement. 


ON THE INTERACTION BETWEEN A FIXED DISLOCATION AND A MOBILE 
DISLOCATION IN ITS SLIP PLANE 


The author proposes a model for the detailed study of the passage of a dislocation moving in its slip 
plane through a dislocation *‘forest’’. In the absence of exterior constraints, there does not exist, in the 
slip plane, a stable loop enclosing one of the “‘trees”’ of this *‘forest’’. This result seems to be general, the 
author also shows that the passage of a repulsive “‘tree’’ is made without a significant modification of the 
shape of the line. If slip is not too difficult, the jog created by the passage of a “‘tree’’ will produce an 
appreciable number of vacancies only if the ‘tree’ is attractive. The author concludes by citing several 
applications in the study of hardening. It is shown, in particular, that the dislocations situated in slip 
planes near those of the moving dislocations exert constraints of the same order as those due to “‘trees”’ 


cutting the slip plane. 


DIE WECHSELWIRKUNG EINER FESTEN VERSETZUNG MIT EINER IN THRER 
GLEITEBENE BEWEGLICHEN VERSETZUNG 

Im folgenden wird ein Modell vorgeschlagen, an welchem ausfiihrlich untersucht werden kann, wie 
sich eine in ihrer Gleitebene bewegliche Versetzung durch einen Versetzungswald bewegt. Ohne auBere 
Spannungen existiert, wie an einem Beispiel gezeigt wird, auf einer Gleitebene kein geschlossener 
Versetzungsring, der einen Baum des Waldes umschlieBt. Dieses Ergebnis scheint allgemein zu sein. 
Es wird weiterhin gezeigt, daB eine Versetzung einen abstoBenden Baum ohne groBe Modifikation der 
Form der Versetzungslinie durchdringt. Ein beim Durchschneiden eines Baumes entstandener Sprung 
erzeugt, wenn er leicht gleitet, nur dann eine betrachtliche Anzahl von Leerstellen, wenn der Baum 
anziehend wirkt. AbschlieBend werden einige Anwendungen auf das Problem der Verfestigung gegeben. 
Dabei wird insbesondere gezeigt, daB die in den zur Gleitebene der beweglichen Versetzung benach- 
barten Gleitebenen liegenden Versetzungen auf diese Versetzung Spannungen ausiiben, die in der gleichen 
GréBenordnung sind wie diejenigen, welche von den Baumen herriihren, die die Gleitebene durchdringen. 


1. INTRODUCTION dislocations et supposons que les dislocations ne sont 
Nous nous proposons d’étudier le champ de con- pas dissociées. 


traintes d'une dislocation quelconque L dans un plan 
P’ Worientation quelconque vis-a-vis de celle-ci. 2. INTERACTION DE 2 DISLOCATIONS 
RECTILIGNES DONT L’UNE EST 
MOBILE DANS SON PLAN 
DE GLISSEMENT 


Nous allons montrer que l’on peut, sans modifier 
qualitativement les résultats, supposer que L est une 
dislocation coin dont le vecteur de Burgers est situé 
dans P’. Dans ce cas simple, nous étudierons |’équili- 


2.1. Généralités 


bre d'une boucle L’ de dislocation glissant dans P’, en La dislocation fixe L est définie par: 


équilibre avec les contraintes créées par L. Nous (i) sa position, axe Ox, du triédre trirectangle 
montrerons qu il ne peut exister de telles boucles. Ox, %y x (Fig. 1), 

Nous appliquerons les résultats précédents a l’étude (ii) son vecteur de Burgers b de coordonnées 
de la traversée d'une forét de dislocations par une respectivement b, sur Ox,, Oxy, Oxy. 
dislocation mobile dans son plan de glissement et Le sens de L est le sens positif sur Ox. 
concluerons sur des applications a l’étude du durcisse- La dislocation L’ est définie par: 

ment. Nous négligeons les effets dis 4 une montée des (i) son plan de glissement P’, plan x, O,, repéré 


par langle « = (Oxy, Oy) Oy est perpen- 


* Recu le 24 Mars, 1959. 
+ Physique des Solides, 60, boulevard Saint-Michel, Paris 6°. diculaire & Ox,. 
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SAADA: INTERACTION DE DISLOCATIONS FIXES ET MOBILES 


x3 F est normale a L’ et ses composantes sur Ox, et Oy 


sont: 


Fy, = U _ Sin 


c 


= Ff, = ¢, COS Y 


A 
U., ==" G,, (6) 
r 


. 
A, = D, b,' sin « cos 
1 1 


c 


G,,(9) = —2ysin § + e cos 6 cos 20 — sin 6 cos 26 


et 


2.2.2. Contraintes exercées par la dislocation coin Ly. 


x 
Un calcul analogue donne alors: 
Fic. 1. Géométrie du probléme. 


Fy, = —U,, sing 


(ii) son vecteur de Burgers b’, de coordonnées 


(b,' b,’ 0) dans le triédre trirectangle (Oz, yz) U.., COs ¢ 
soit (b,', b,’ = 6,’ cos a, b,’ = b,’ sin x) dans 4 
le triédre (O2,x,3). U.. = —* (0) 
Le vecteur unitaire (L’) porté par la dislocation, . . ; 
repéré par (Ox,, L’) = . G,,(8) = 2(1— vr) sin 6+ sin 6 cos 26 + 2 cos 6 cos 20 


Etant données 3 dislocations L,, L,, L, portées par 
Ox, de vecteur de Burgers respectivement b, , b,., b,, 
1 2 


A,, se déduit de A, par substitution de 6, a6, ; les 
définitions de Fj, F,, sont évidentes. 


le champ de contraintes de la dislocation L précédem- aa ; : 
ee 2.2.3. Contraintes exercées par la dislocation vis Ls. 
ment définie est obtenu en superposant les champs de Sino lhe 
a alors: 


contraintes dis a L,, L,, Ls. 
a> “4g, “43 
F,, = —U, sing 
2.2. Contraintes exercées par L sur un petit élément F VU 
— COS 
rectiligne de L’ v 
2.2.1. Contraintes exercées par L,. Le tenseur des U.=- (9) 
. ) 
contraintes exercées par la dislocation coin LZ, en un ? 
point M de coordonnées polaires (7,9) (voir Fig. 2) ubgb,’ cos 
Ov" 
est: A,= 
27 
D,, sin 6 (2 + cos 26) 
oO 
sin % 


sin cos 20 


r 


= 


G23 = + 
D,, cos 20 cos 


= = 


r 


et vy sont respectivement le module de cisaillement et 

le coefficient de Poisson du cristal. Les autres 

composantes du tenseur sont nulles. : 
La force par unité de longueur exercée par L, sur un - oy 

élément rectiligne de L’ est, si nous nous limitons aux 

forces s’exercant dans le plan de glissement:') 


F = > 


ij Fic. 2. Définition de r, 6. 


| 
avec 
a 
bc, 
6 == 1 
b,’ cos 
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2.2.4. Contraintes exercées par L. La force exercée 
par L sur l'unité de longueur de longueur de L’ est 
alors: 


= Fy + Fy = —U sing 


F, = U cos 


A. + + AoGo(9) 
r 


Les fonctions G, (9) et @,,(8) ont 4 peu prés la méme 
allure; G,(9#) est une fonction plus simple. Nous 
étudierons done essentiellement dans ce qui suit, le 
cas de la dislocation coin L,. Pour simplifier exposé, 
nous supprimerons |’indice | dans la suite. 


2.3. Forme d’équilibre dune boucle de dislocation L’ 
dans son plan de glissement, placée dans le champ de 
contraintes de L 

2.3.1. Généralités. Nous supposons ici qu’un élé- 
ment de L’ est soumis 4 deux contraintes: 


les contraintes créées par L 


la tension de ligne 7 de L’ 


Si p’ est le rayon de courbure de L’ au point de 
coordonnées (7,9), d’équilibre de L’ s’écrit: 
AG(6) T 


r p 


= 0 (la) 


Cette équation lie les coordonnées du point courant 
de la projection Ly’ de L’ dans x, Ox, (voir Fig. 3) au 
rayon de courbure p’ de L’. Si p est le rayon de 
courbure de L,’, le théoreéme de Meusnier™ nous 
apprend que p' = pcosa, six ~7/2. L’équation 
précédente peut alors d’écrire: 


Acosa2G(#) 1 
T r p 


— 0 (1b) 


Cette équation différentielle nous permet de déter- 


Fic. 3. Théoréme de Meusnier. 
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Fic. 4. Définition de v. 


miner la projection L,’ de la boucle L’ sur le plan 

2.3.2. Hypotheses faites sur la tension de ligne. La 
tension de ligne en un point est en principe donnée 
par l’expression: 

2 


2p’ 
4n(l1—v) by 


b, étant un paramétre de lordre de grandeur des 
dimensions atomiques. 

Nous supposerons ici que p’ varie suffisamment 
lentement pour que nous puissions considérer que 
In (p'/by) = A, A étant un paramétre que nous deéfini- 


rons dans les applications. D’ot 


Aub’? 
tT=- — 
4n(1 — v) 
2.3.3. Résolution del équation (1) dans un cas particu- 


lier du systeme C.F.C. On montre en annexe que 
l’équation (1) est équivalente au systéme: 


A cos 


G(6) — (1 =) sinv = 0 


rd@ 


dr tev 
Dans ces équations, v est langle du rayon vecteur et 
du vecteur tangent a L,’ au point courant (voir 
Fig. 4). 

Le systéme (2.3) a été résolu numériquement (cf. 
annexe) dans le cas du systéme C.F.C. pour » = 0,34 
valeur qui correspond a |’ Aluminium. 

En fait les résultats obtenus dépendent essentiel- 
lement de G(@) qui, elle-méme, dépend trés peu de » 
dans la mesure oll, pour les métaux C.F.C., 0,25 < » 
< 0,4. Les résultats trouvés sont done qualitative- 
ment valables pour tous les métaux C.F.C. 
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SAADA: INTERACTION 


Nous avons supposé que L et L’ étaient dans les 


plans denses (111) et (111) avee b= “NV 


ay 2 


2 
[110] et 


¥ |101]. On en déduit 


24/ 6 
O0,167au 


A 


T COS % 


A = 0,52 a? cos « 


a est le c6té du cube élémentaire, e = 0,6. 

La résolution donne les résultats suivants: 

(i) Il ne peut y avoir de boucle fermée en 
équilibre avee L. 

(ii) Il y a une double infinité de courbes plus ou 
moins ondulées correspondant a des positions 
d’équilibre instable. On montre en annexe 
que pour une valeur donnée de / ces courbes 
se classent en une infinité de courbes homo- 
thétiques. 

Ces résultats dépendent uniquement de l’allure 
générale de G(#). Une dislocation de type L, ou L, 
ou une superposition quelconque de dislocation L, L, 
L, donneraient done des résultats analogues. 


3. EQUILIBRE D’UN ARC DE DISLOCATION 
SOUMIS A UNE CISSION o ET PLACE DANS LE 
CHAMP DE CONTRAINTES D’UNE RANGEE DE 

DISLOCATIONS FIXES EQUIDISTANTES 


3.1. Remarque préliminaire 


Nous avons étudié |’équilibre d'une boucle de 
dislocation (L’) (Fig. 5) en présence de L. Nous avons 


repulsive 
repulsive 
Ottractive 


attractive 


repulsive 
hy p 


repulsive 


| attractive 


Fie. 5. 


DE DISLOCATIONS FIXES ET MOBILES 


Fic. 6. Signe des contraintes autour d’une dislocation. 
trouvé que lorsque la force qui s’exerce en un point 
M(r,6) est attractive, la force s’exergant au point 
M'(r’, 6 + 2) est répulsive et vice versa. De plus, si 
r=vr’ les forces s’exergant en M et M’ ont méme 
intensité. Ces faits s’expriment analytiquement par 
ensemble de relations: 


A 
G(9) 


r 


+ 7) G(0) 

D’un point de vue plus intuitif, on peut remarquer 
que, pour écrire l’équation d’équilibre de la boucle, 
on oriente cette boucle et que si les petits segments 
plagés en M et MW’ ont méme orientation relativement 
a cette convention, ils sont en fait dirigés en sens 
contraire si on les considére comme des segments 
indépendants 

Ceci montre (Fig. 6) que si lon considére are de 
dislocation L’ non fermé la force appliquée au point 
M(r, 0} de Vare avant passage et au point W'(7"’, 6 + 
7) aprés passage est soit toujours attractive, soit 
toujours répulsive. Ainsi, lorsqu’un are de dislocation 
arrive dans une zone répulsive et parvient a passer 
larbre L, il se retrouve dans une zone répulsive et est 
repoussé par L. 

3.2. Généralités 

Soit une rangée de n dislocations identiques du type 
L, que nous appellerons L,, L,...L;... L,, disposées 
comme |’indique la Fig. 7. 

Avec les notations de la figure, l’équation d’équilibre 
s’écrit: 

i=n AQ 


p cos % 
Cette équation n’est pas résoluble rigoureusement 


et nous ferons les approximations suivantes: 


208 
/ 
24/2 6 
cos = an = 
3 3 
any/2 ay/2 
b = \ _ — 
2 4 
an/3 a 
ar/3 
= » D 
-\ - 
a 0,58 
4 
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G, 


Fic. 7. Définition des r; et 6;. 
Dans les domaines définis par 
A G(6,) 


7 


> |obd’ (5) 

nous considérerons que JL’ n’est soumise qu’aux 
contraintes dues a L,. 


L’équation d’équilibre est alors ’équation (1). 


Dans les domaines définis par 
A G(4,) 


ab’ quel que soit 7 (6) 

nous considérerons que L’ est uniquement soumise a 

la contrainte ob’. La courbe d’équilibre est alors un 


cercle de rayon R. L’équation d’équilibre est alors: 
(7) 

Nous supposerons que les L,; sont suffisamment 
éloignées pour que, au voisinage d’une L,, les con- 
traintes dues aux autres dislocations soient néglige- 
ables. 

Nous avons représenté Fig. 8 la courbe 

A 


ob 


r 


pour une valeur donnée de oa. 


AG(@) 


Fic. 8. Courbe r = 


Fic. 9. Construction des solutions de léquation (4). 


3.3. Forme d’équilibre de L’ 


Nous déterminons la forme d’équilibre de L’ de la 
maniére suivante (voir Fig. 9): 

Nous tracons l’antiprojection dans P’, des 2 courbes 

AG(9) 
définies par - _ +ob et un are BC de dislocation 
limité 4 son intersection avec les courbes ci-dessus. 
Nous avons alors une solution approchée de l’équation 
(4) dans le domaine défini par linégalité (5). Nous 
raccordons cette solution a une solution de l’équation 
(7) qui est une solution approchée de (4) dans le 
domaine défini par linéquation (6). Nous obtenons un 
are de cercle CD tangent en C & BC. Nous arrétons 
cette solution au point D tel que la tangente en DaCD 
soit paralléle a la tangente en Ba BC. 

En PD nous recommencgons la méme construction 
qu’en B. Nous obtenons ainsi la disposition que 
doivent avoir les dislocations L; pour que L’ soit en 
équilibre sous l’action conjuguée de la cission o et des 
contraintes créées par la rangée de dislocations. 

Nous pouvons écrire en effet que: 


OD = 2 Rein 


La distance L, L,., est alors: 
L, BD= BC+ CD 


Nous avons évalué graphiquement cette distance. 


3.4. Application a un cas particulier du systeme C.F .C. 


3.4.1. Généralités. Dans le cas particulier étudié au 
paragraphe 2.3.3 nous pouvons préciser la forme 
d’équilibre de L’ en fonction de son orientation 
générale et de sa distance aux dislocations fixes. 


Nous avons choisi dans cet exemple o ~ 10-3, 

Les résultats peuvent aisément étre étendus a 
toutes les valeurs de o. On montre en effet en annexe 
que pour une valeur donnée de la tension de ligne les 
courbes se classent en familles homothétiques. Les 
tragés obtenus sont donc valables quel que soit o/u a 
condition de supposer que l’on a modifié l’échelle. 
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Forme des dislocations mobiles dans les 


cas | et 4. 


Fic. 10. 


Le tracé des courbes L’ nous a conduit dans chaque 
cas & prendre des valeurs 2 = 2 pour les 2 courbes les 
plus proches de L et 4 = 4 pour les courbes plus 
éloignées. 

3.4.2. Etude de quatre orientations de L'. Nous avons 
fait cette étude dans trois cas ol L repousse L’ et dans 
le cas ot! L attire L’. Nous dressons pour chaque cas 
un tableau dans lequel nous indiquons le numéro de la 


courbe, la valeur du coefficient 6 = , la distance 


minima entre la courbe et le point ot L perce le plan 
de glissement de L’, l’unité de mesure étant /. 


Cas 1, Fig. 10 partie gauche 


Courbes 
n 


Cas 2, Fig. 11 haut 


n 2 3 


Cas 3, Fig. 11 bas 


Courbes n 


ig. 10 partie droite 


Courbes n 


Remarquons tout d’abord que le 4° cas correspond 
a des valeurs de f négatives, c’est-d-dire au cas ol L 
attire L’, Les valeurs de / trouvées indiquent que, 


INTERACTION DE DISLOCATIONS FIXES ET MOBILES 


Forme des dislocations mobiles dans les 


cas 2 et 3. 


Fic. 11. 


apres passage d'une dislocation attractive, celle-ci 
continue a exercer une action non négligeable qui n’est 
pas fonction monotone de la distance. 

Remarquons toutefois que les valeurs de / trouvées 
ici sont de l’ordre de 60a, ¢’est-a-dire correspondent a 
un écrouissage considérable rarement réalisé. 

Dans les trois premiers cas, la dislocation L est 
répulsive; les valeurs de / sont comprises entre 50 et 
150a environ; les forces de répulsion sont du méme 
ordre de grandeur dans les trois cas. I] faut cependant 
remarquer que dans le premier cas, la force répulsive 
s’exerce jusqu’é une assez grande distance (35a) sur 
une faible portion de L’ tandis que dans les cas 2 et 3 
la force répulsive s’exerce a des distances deux fois 
plus faible environ mais sur une portion de L’ sensi- 
blement plus importante. Dans le cas 1, d’autre part, 
le passage proprement dit de la dislocation est plus 
facile que approche. On peut remarquer aussi que 
le secteur répulsif est un peu supérieur a 180°. 


4. CONCLUSIONS—APPLICATION AU 
DURCISSEMENT 


En conclusion, l’étude précédente permet de 
préciser certains points concernant la forme d’équilibre 
d’une dislocation dans un cristal écroui; la peine 
qu'elle a a se déplacer et finalement sa possibilité de 


créer des lacunes. 


4.1. Forme d’équilibre d'une dislocation dans un cristal 
écrout 

Seeger™, Hirsch et Friedel‘ ont insisté sur le 
fait qu’en l’absence de contraintes appliquées, une 
dislocation est soumise A des contraintes dues a la 
forét de dislocations pergant son plan de glissement. 
Elle est attirée par certains “arbres” et se recombine 
avec eux, ce qui lui donne une allure en zigzags (cf. 
Fig. 12); entre deux recombinaisons, elle oscille un 
peu de part et d’autre d’une course rectiligne, du fait 
de l’interaction 4 grande distance avec les autres 
arbres. 

Notre étude conduit 

(a) A grandes distances, aucun arbre n'est purement 
attractif. Les recombinaisons sont done un peu moins 


aux conclusions suivantes: 
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Fic. 12. Déviation des dislocations mobiles. 
probables que ne le calculent les auteurs précédents. 
Les zigzags sont donc tres peu marqués. 

(b) Les ondulations entre recombinaisons sont dues 
autant aux ares de dislocations qui ne percent pas le 
plan de glissement qua ceux qui le percent. L’étude 
du paragraphe 3 montre en effet que les ondulations 
produites par des arbres “‘répulsifs”’ sont peu marquées. 

Les ares du réseau plus ou moins paralléles au plan 
de glissement et voisins de celui-ci produisent des 

ul 


= Les ondulations de 


contraintes de l’ordre de = 
277 


courbure — ~ — qui en résultent sont au moins du 


p 
méme ordre que celles dues aux arbres qui percent le 
plan de glissement. 

(c) Enfin nos calculs indiquent qu'une boucle L’ 
fermée entourant un arbre L nest pas en équilibre dans 
son plan de glissement. Si donc on observe des boucles, 
elles ne sont pas dans un plan de glissement. 


4.2. Durcissement 

Hirsch suggére que la partie du durcissement qui 
varie peu avec la température) est die aux inter- 
actions a grandes distances des boucles L mobiles 
avec les arbres qui percent leurs plans de glissement. 

Notre étude montre que ce durcissement est probable- 
ment dit plutét aux interactions a grandes distances avec 
les arcs du réseau de dislocations qui sont voisins du plan 
de glissement mais ne le percent pas. En effet: 

ub 

(a) Notre étude calcule la contrainte oy, = Bl 
nécéssaire pour faire passer quasistatiquement un 
arbre répulsif (sil n'y avait pas formation de cran). 
Nous trouvons des valeurs inférieures 4 que celles 
qui sont nécessaires pour détruire une combinaison 
attractive (Friedel, non publié). 

(b) Pour faire passer un arbre, il faut exercer cette 
contrainte sur une distance a larbre de plusieurs 
dizaines de distances interatomiques. L’agitation 
thermique ne peut faciliter notablement ce 
passage. Le durcissement qui en résulte varie donc 


pas 


peu avec la température. 
(c) La contrainte oj, calculée est évidemment un 
peu plus forte que celle nécessaire a un passage 
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dynamique ot la dislocation utiliserait son énergie 
cinétique emmagasinée pour passer la barriére de 
potentiel. 

(d) Mais, avec P > 15a 20,la contrainte o y, calculée 
dans notre étude est inférieure a celle die aux ares du 
réseau de dislocations qui ne percent pas le plan de 


glissement. Ces contraintes sont en effet de l’ordre 
de 
Qal 


Cette formule devrait done donner, dans tous les cas, 
lordre de grandeur de la partie du durcissement qui 
varie peu avec la température. 


4.3. Création de lacunes par écrouissage 


Finalement le passage des arbres d'une ‘‘forét’’ de 
dislocations vis a été invoqué pour la formation de 
lacunes.'*.®) Notre étude permet de préciser un peu 
limportance de ce mécanisme: 

(a) Au passage d’un “arbre” répulsif, la figure 10 
montre que la dislocation mobile est tres peu déviée. 
Ainsi la répulsion due 4 l’arbre n'est pas suffisante 
pour courber les deux portions de L’ et les amener a 
se recombiner en avant de l'arbre, suivant le schéma 
de la Fig. 13(a). Une telle recombinaison aurait créée 
une rangée AB de lacunes ou d’atomes interstitiels."® 
De plus, langle que fait la dislocation L’ son 
passage de L (Fig. 13b) est tellement obtus qu'il y a 
assez peu de chances pour que la direction du vecteur 
de Burgers b’ de L’ ne soit pas comprise dans cet angle. 
On sait que c’est la seule disposition qui puisse amener 
le cran a monter hors de son plan de glissement, tout 
au moins dans les structures oti les crans glissent 
facilement.' 

(b) Au passage d'un “‘arbre” attractif au contraire, 
la dislocation L’ doit se courber fortement pour que la 
recombinaison soit détruite (forts angles g, et @, Fig. 
13c). Il y a alors une forte chance pour que le vecteur 
de Burgers b’ soit situé hors de langle fait par L, a 
son contact avec L. Un assez grand nombre de 


(a) (b) (c) 


Fic. 13. Formation de cran par passage d’arbres. 
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lacunes peut alors étre créé par montée du cran apres 
le passage de l’arbre. 

En conclusion, les passages d’arbres attractifs avec 
recombinaison peuvent seuls créer un nombre appréciable 


de lacunes pour les portions de dislocations L' a caractére 
vis assez marque. 
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ANNEXE 
Etude de U Equation 
T r p 


A.l. Systéme équivalent a Véquation (1°) 


Soit v langle du rayon vecteur PM et du vecteur tangent ¢ 
a OM (Fig. 5), nous pouvons écrire: 


1 d@ + dv 
(8) 
(3) 


ds = rd@/sin v 
En portant l’équation (8) dans (1°), il vient 


A cos dé + dv 
T r ds 


ce qui avec l’équation (9) donne: 


A cos % 


— (1 =) sinv = 0 


Sauf a Vorigine, l’équation (1°) est équivalente au systéme (2.3). 


Fic. 14. Courbe Ge, (9). 


A.2. Résolution du systéme (2.3) 


Nous avons tracé la courbe y G(0), Fig. 14. Le systéme 
(2.3) a été résolu a l'aide d’une machine analogique pour 
A = 1,2,4. 

7 

Posons v = 5 + & 


léquation (2) s’écrit alors: 
A cosa, du 
G(6) (1 + 008 0 
ou encore 
dé du 


cos A cos 
cos u 


Soit dt la valeur commune des deux rapports ci-dessus, (2.3) 
devient alors: 

dé 

dt 


dt 


(10) 


cos u (11) 


dlogr 
dt 


sin u (12) 


A cos 


On a exploré le domaine —180° < 6 « 
90 <u 


0 < log 
0 
On a parfois dépassé ces limites pour suivre les solutions. r, est 
une constante d’intégration sur laquelle nous revenons plus 
loin. 


A.3. Résultats 


A.3.1. Forme d’équilibre des courbes. Il n’y a pas de boucles 
fermées. Toutes les courbes présentent des branches infinies 
aux points ou: 

G(0) 0 
G’(0) < 0 


Ceci semble étre une propriété générale des solutions de 
l’équation (1°). Les fonctions G(@) définies au paragraphe 2 de 
notre étude présentent toutes cette propriété pour une valeur 
9? 


T\ 
de @ au moins dans l’intervalle ( uF C’est sur cette 


propriété que nous fondons laffirmation qu'il n’y a pas de 


-60 -I20 -80 -40 10) 40 80 


A 


Fic. 15. Courbes r(@). 
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boucles fermées dans un plan de glissement, en équilibre avec 
le champ de contraintes donné. 

A.3.2. Signification de ry. Pour une valeur de 4 donnée, les 
solutions peuvent se classer en familles de courbes homo- 
thétiques. 

Si nous revenons au systéme (2.3), nous constatons que 
lorsque l’équation (3) a des solutions, elles sont de la forme: 


1 


log “4 | f(0)d0 avee f(6) = tg v(0) 
v(9) étant une intégrale de l’équation (2). 

Ce qui implique que les solutions r(@) correspondant 4 une 
f(9) done a une v(@) se déduisent les unes des autres par 
homothétie, le rapport dhomothétie étant égal a 7). 

On a tragé Fig. 15 quelques courbes log r(f). 
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SEGREGATION IN HOMOGENEOUS ALLOYS DURING SINTERING* 
G. C. KUCZYNSKI,+ G. MATSUMURA}? and B. D, CULLITY+ 


The vacancy gradient set up by the sharp curvature of the neck between two sintered particles can 
under favorable conditions produce a considerable segregation in a completely homogenized solid 


solution. This effect was demonstrated by the precipitate in Cu-In and Cu—Ag alloys occurring in the 
neck cavity at a higher temperature than indicated by the solvus line and at a lower one than the 
solidus temperature. These results are supported by the appearance of side peaks and a shift of the 


peaks of X-ray lines. 


SEGREGATION DANS DES ALLIAGES HOMOGENES PENDANT LE 


Le gradient de lacunes établi par la courbure de la zone de contact de deux particules frittées peut, dans 


FRITTAGE 


des conditions favorables, étre la cause d’une ségrégation importante dans une solution solide complete- 
ment homogénisée. Cet effet a été mis en évidence par les précipités dans les alliages Cu-In et Cu-Ag 
qui apparaissent dans la cavité de cette zone a une température supérieure a celle indiquée par la ligne 


de solubilité et inférieure a celle du solidus. 


supplémentaires et un déplacement des pics des rayons X. 


Ces résultats sont confirmés par l’apparition de raies 


YEN LEGIERUNGEN WAHREND DES SINTERNS 


AUSSCHEIDUNGEN IN HOMOGENE)? 


Die starke Oberflachenkriimmung des Beriihrungsgebietes, in welchem zwei Teilchen zusammen 
gesintert sind, erzeugt dort einen Leerstellengradienten und dieser kann unter giinstigen Umstanden 
eine betrachtliche Ausscheidung in einer vollkommen homogenen festen Lésung zur Folge haben. 
Dieser Effekt wurde durch Ausscheidungen in Cu-In und Cu-Ag Legierungen aufgezeigt, die in dem 
genannten Beriihrungsgebiet bei Temperaturen oberhalb der Léslichkeitslinie und unterhalb der 


Soliduslinie auftreten. 


und Linienverschiebungen auf Réntgenaufnahmen. 


Die Ergebnisse werden unterstiitzt durch Beobachtungen von Seitenmaxima 


INTRODUCTION 

An analysis of the sintering phenomenon” has 
indicated that, in the case of metals of not too high 
vapor pressure, the experimental results can be 
interpreted in terms of volume diffusion of atoms 
towards the contact area between two sintered 
particles. This diffusion flow is caused by the excess 
vacancy concentration gradient beneath the concave 
surface of the neck joining the two particles. The 
excess concentration of vacancies AC can be expressed 


as a function of the radius of curvature of the 
neck” p: 
= (1) 


* 


where C, is the equilibrium vacancy concentration 
beneath a flat surface, y the surface tension of the 
material, V, its molar volume, Fk the gas constant, 
and 7' the Kelvin temperature. The solution of the 
flow equation yields a relationship between the radius 
of the neck x and the time ¢ at constant temperature: 


KyV, 
— D 2 
a2 


* Received March 25, 1959. This paper represents part of a 
thesis by G. Matsumura, submitted in partial fulfillment of 
requirements for the degree of Master of Science to the 
Graduate School of the University of Notre Dame. 

+ Department of Metallurgy, University of Notre Dame, 
Notre Dame, Indiana. 
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where a is the radius of the sintered particle or wire, 
D the self-diffusion coefficient, and K a constant of the 
order of 100, depending on the details of the geometry 
This relation has been frequently 


of the system. 
The geometrical 


verified by direct measurements. 
details referred to in the above discussion are illus- 
trated in the schematic sketch of two sintered particles 
shown in Fig. 1. 

However, if two particles or wires are made of 
homogenized alloy and if the diffusion coefficients of 
the components are not necessarily the same, one may 
expect greater concentration of the faster diffusing 
atoms in the neck area, at least at the early stage of 
sintering when the vacancy gradient due to the 
smallness of the radius of curvature p is large. Under 


suitable conditions this excess concentration may 


Schematic representation of a cross section 
wires partially 


Fie. 1. 
through two spherical particles or 
sintered. 
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Nz, 
Fig. 2. Schematic equilibrium diagram of a system of 


limited solubility. 


result in segregation of a homogeneous alloy in the 
neck area. The exploration of this effect is the subject 
of the present paper. 


EXPERIMENTAL 


Several experiments were designed to detect the 


above mentioned effect. One of them consisted in 
heating a compact composed of a bundle of wires of a 
well homogenized binary alloy of concentration N , 
of atoms A at a temperature 7’, (Fig. 2) well within 
the region of solubility p. If the reasoning sketched 
above is correct, and if D ,, the self-diffusion coeffi- 
cient of atoms A, is greater than D,, the self-diffusion 
coefficient of component B, then during the sintering 
of the wires the concentration of A in the necks 
formed between the wires should shift from \ , to 
N,+ 6N,. If after a certain time of sintering the 


Fic. 3. The neck between two wires 
prepared from homogenized Cu + 8 
at. % In alloy, after sintering at 
690°C for 16 hr followed by ageing 
at 485°C for 12hr. Etched with 
NH,OH + H,0,. 1500 


temperature is lowered to 7',, at which the solid 
solution f in the neck region is unstable, the A-rich 
phase « should precipitate out in that region and 
become visible under the microscope. Another variant 
of this method is to heat the compact just below the 
solidus temperature, for instance at 7 of Fig. 2. If 
a sufficient number of A atoms accumulate in the neck, 
the alloy should melt and the composition of the 
molten phase should correspond to concentration 
N,+ 0'N,. After rapid cooling, to prevent homo- 
genization, the molten part of the neck should be 
converted into an «-rich solid. 

The first alloy so treated contained 8 at. % of 
indium in copper. The alloy was well homogenized 
by heating it at 700°C for a week and then drawn into 
wire of 0.010 in. diameter; the wires were homo- 
genized again at about 700°C for several days and 
then twisted together to facilitate sintering. They 
were heated at 690°C for 16 hr followed by ageing at 
485°C, about 5° higher than the temperature at which 
the indium-rich phase precipitates out. The photo- 
micrograph of a neck between two wires after this heat 
treatment is shown in Fig. 3. The precipitation of B 
phase in the neck is clearly visible. 

Sintering near the solidus temperature was also 
tried on these wires. The solidus temperature for the 
Cu + 8at.°, In alloy was carefully determined as 
765°C. The wire compacts were heated at 760°C for 
2hr in vacuum, quenched and examined metallo- 
graphically. Fig. 4 represents the neck area after this 
heat treatment and shows the indium-rich inclusions. 

Copper-silver alloys form a simple eutectic system 
with limited solubilities on both sides and they are 
therefore well suited for this type of experiment. 
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Alloys of copper containing 4.5 at.°,, silver and silver 
containing 10 at. °, copper were homogenized and 
drawn into wires 0.016 in. in diameter. Two compacts 
composed of twisted copper-rich alloy wires were 
sintered at 920°C for 10 min and 2 hr respectively. 
That temperature is some 5—-10° lower than the solidus 
temperature for this alloy. Fig. 5(a) shows silver-rich 
alloy solidified in the neck after 10 min of sintering 
followed by quenching. The photomicrograph of the 
neck in the compact allowed to sinter for 2 hr is given 
in Fig. 5(b). It should be noted that the neck in this 
vase is free of high-silver alloy, because enough time 
was allowed for rediffusion to take place. The silver- 
rich wire compacts were heated at 830°C, about 5° 
below their solidus temperature, for 10min and 
quenched; Fig. 6 shows the neck area after this 
treatment. The copper-rich alloy which gathered in 
the neck cavities was removed by the etchant, leaving 
behind black, zigzag-like pores. This would indicate 
that, in dilute solutions of copper and silver, the 
diffusion coefficient of the solute is greater than that 
of the solvent. 

Attempts were made to obtain a quantitative 
estimate of the degree of segregation at a sintered 
interface by X-ray diffraction. Any change in 
composition which occurs in a solid solution is 
accompanied by a change in lattice parameter and 
consequently by a small shift in the position of a 
back-reflection line. The experiments were made on 
an alloy of copper containing 3.5 at. °, gold. Minus 
200 mesh filings from a well-homogenized ingot were 
annealed and lightly pressed at 10 t/in® into flat 
compacts; these were given sintering treatments at 
two temperatures, 800° and 750°C, for times ranging 
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Fie. 4. The neck between two wires 
prepared from homogenized Cu + 8 
at. %, In alloy, after sintering at 
760°C for 2 hr. Etched with 
NH,OH H,0,. 


« 500 


from 5 min to 62 hr and X-rayed at intervals. The 
position of the 420 Ka, peak was measured with 
filtered copper radiation on a General Electric XRD-3 
diffractometer. Line intensities were measured with 
a scaler at 29 intervals of 0.02° in the neighbourhood 
of a peak, and the position of the peak was obtained 
from a plotted profile of each line. The error in 
estimating peak position is estimated to be + 0.02° of 
20. 

The results for a sintering temperature of 750°C are 
shown by the upper curve of Fig. 7, where the value 
of the peak position given on the left-hand ordinate is 
that measured on a sample of loose, unpressed filings 
annealed for 20min at 600°C. The other points, 
obtained from the sintered compact, show that the 
diffraction line shifts rather quickly to lower angles 
and then moves more slowly back toward its original 
position. The maximum shift is —0.34° of 26. 
Translated into composition change, this corresponds 
to a change in gold content from 3.5 to about 4.4 
at. %. 

It was expected that this line shift would occur even 
more quickly at higher sintering temperatures. But at 
800°C no significant change in line position in either 
direction was found, as shown by the results in the 
lower part of Fig. 7. Instead of line shifting, a new 
satellite peak appeared beside the main one on the 
low-angle side. The 420 line profile from this compact, 
sintered for 15 min at 800°C, is given by the upper 
curve of Fig. 8. It shows a definite side peak at a 26 
position 0.64° less than the main peak, corresponding 
to a gold content of about 5.1 at. °,; this side peak 
disappeared after a further 15 min of sintering. 

The side peak could not be reproduced in the second 
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series of 800°C sintering, the ones summarized in the 
Instead a small “shelf” in the 
background appeared, beginning at about the same 


lower part of Fig. 7. 


distance from the main peak as the previously 
observed side peak, as shown by the lower curve in 
Fig. 8, which also applies to a sintering time of 15 
min. (The two main peaks in Fig. 8 did not occur at 
the same 24 position because of a small difference 
between the actual compositions of the two compacts. 
They have been shifted in Fig. 8 to make the main 
peak positions agree.) This ‘‘shelf” was less prominent, 
or entirely absent, for sintering times longer or 
shorter than 15 min. 


Fic. 5. The neck between two wires 
prepared from a homogenized Cu 

4.5 at. % Ag alloy after sintering at 
920°C for (a) 10 min, (b) 2 hr. Etched 
with HNO, + HAc + H,O. 500 


DISCUSSION 


Let us consider two spherical particles of the same 
radius a, made of a well-homogenized binary alloy 


containing N , and \V,, atom fractions of atoms A and 
B respectively. If these two particles are brought in 


contact and heated, a neck of radius x will grow in 
accordance with equation (2). Let us further assume 
that D , > Dy, where D , and are the coefficients 
of self diffusion of atoms A and B, respectively. 
Because of the unequal diffusion flow an excess con- 
centration ON , of atoms A will build up in the neck 
area. Then the difference of the flux of A atoms over 
that of B atoms, AJ, in the neck will change at a 
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VN, (3) 


where k is Boltzmann’s constant, 7’ the absolute 
temperature, Vu the gradient of the chemical potential 
of vacancies in the volume of the neck, and mw, and 
(4p the chemical potentials of components A and B, 
respectively. The second term of the right side of 
{quation (3) represents the flux of atoms A diffusing 
back into the alloy due to the concentration gradient 
VN , produced by the greater flux of A atoms, as 
discussed above. Thus, according to this equation, 
ON , will increase originally, reach a maximum 
corresponding to a certain critical radius of curvature 


Time, hr 


4 


| 
05 +O ie) 20 


log time, = min 


Fic. 7. Position of 420 Ka, peak from a copper—gold 
alloy as a function of sintering time at 750° and 800°C. 


SEGREGATION DURING SINTERING 


Fic. 6. The neck between two wires 

prepared from a homogenized Ag 

10 at. % Cu alloy, after sintering at 

830°C for 10 min. Etched with 
NH,OH H,O,. 500 


p, of the neck, and then decrease, because of the 
outflow of atoms A caused by the gradient VN ,. 
The value of p, can be calculated from equation (3) 
by putting AJ = 0. 

After applying the Gibbs—Duhem relation and 


taking as a first approximation 


and 


> 


Fic. 8. Profiles of 420 Kx, lines from two different 
copper—gold compacts, both containing 3.5 at. ° gold, 
after sintering for 15 min at 800°C. 
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where Q, is the mean atomic volume of the alloy, we 
obtain 

2(D 4 — Dp)yQ 

Pe N 


Ou { 
D,+—4D ) AGN 
A B ON 


(4) 


If we limit ourselves only to an estimate of the order 
of magnitude of p,, we may assume that the terms 
containing diffusion coefficients in the numerator and 
denominator of equation (4) are equal. Therefore 


Ou 4 
, 


(5) 
ON , 


Furthermore, since can be expressed as well 
A 
known function of V , and the activity coefficient 


f 4. we obtain 
2yQ N 
Pe . (6) 
kTON , din f , 
din N , 


If further we assume that the solution is regular and 
its enthalpy per mol AH is 


E44 T EBB 


where € = 47 €44> Epp being 


the energies of AB, AA, BB bonds, respectively), 
then 


— 
Ou, kT 


and 
oN A N 4 


2N Be . 


Equation (5) for the critical radius can be written 


2yQN (7) 

. 

ON + 2N ,N pe) 
This equation lends itself conveniently to qualitative 
discussion of the segregation effect. p, will be the 
greater, the smaller is the denominator, or when ¢ is 
negative. 
has a tendency for clustering, which sometimes results 


This condition prevails when the alloy 


in separation into two phases as is the case in the 
systems Cu—Ag or Cu—In discussed above. The order 
of magnitude of the neck radius x can be estimated 
2 


from the relation p, = r and equation (7). Assuming 
a 


1960 


the limiting case of an ideal solution ¢ = 0, which 
definitely tends to underestimate p,, and taking 
y = 10° dyne/em, Q, ~ 10-* em3, kT = 1.4 x 10-8 
erg, VN, ~ 101, = 10°3, and a= 2 x 10° em, 

10-4em. This 
value, in view of the crudity of our assumptions, is in 


we obtain p,~ 10-> em and «x ~ 9 


fair agreement with the observed neck radius of 2.5 
10-3 em for sintered copper-silver alloy wires. 

The diffraction cut. The 
existence of a low-angle side peak in Fig. 8 is evidence 
that a portion of the compact is richer in gold than the 
remainder. This portion can be identified with the 
neck region. The ratio of the areas under the peaks, 
or the area of the “‘shelf”’ and the main peak in Fig. 8, 


results are less clear 


x 
is about 0.04, which should correspond to — ~ 0.6, if 
a 


the mean radius of a particle is assumed to be 20 uw. 
In order to obtain a similar value for this ratio from 
equation (2), the diffusion coefficient of gold in the 
alloy at 800°C should be of the order of magnitude of 


10-8 em?/sec, a not unreasonable value. The mag- 


x 
nitude of — corresponding to p, can also be calculated 
a 


from the extrapolated data on free energies of Cu-Au 
alloys determined experimentally by R. L. Orr and 


R. Hultgren). This calculation yields — ~ 0.2 which, 
a 


in view of our assumptions, can be regarded as in fair 
agreement with the figure given above. 

The shifting of the whole line at 750°C, as shown in 
Fig. 7, seems to indicate that the whole surface layer 
of the alloy becomes poorer in copper. This effect 
cannot be due to the preferential evaporation of 
copper from the specimen because, in the first place, 
the position of the line eventually returns to its 
original value, and secondly, the effect should be more 
pronounced at 800°C, but instead, as we have seen 
above, it is totally absent. Therefore it seems that the 
shift is due to the predominance of surface diffusion 
at 750°C. This would mean that, although at 800°C 
the volume self-diffusion coefficient of gold is higher 
than that of copper at 750°C, the surface migration 
of copper would have to be faster than that of gold. 
Such an inversion has been shown to occur in alloy 
For instance, in the 
Fe—Ni system, volume diffusion of iron is faster than 
that of nickel but at lower temperatures, where 
surface diffusion is predominant, the opposite is true. 
Moreover, the temperature at which surface diffusion 


systems during sintering. 


predominates over volume diffusion seems to be quite 
This problem is now the 
subject of further investigation. 


high in alloy systems. 
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Anisotropy in ultrasonic attenuation in 
single crystal aluminum* 


Granato and Liicke", using a vibrating dislocation 
model studied earlier by Koehler, have constructed a 
successful theory for explanation of mechanical 
damping in crystalline solids. They have also 
indicated that internal friction should be sensitive to 
the crystal orientation and to the distribution of the 
dislocations over the various slip systems. Granato 
and Liicke have performed the detailed calculation 
of the resolved shear stress factors for f.c.c. materials. 
It is the purpose of this note to compare recent 
measurements in single crystal aluminum with the 
predictions of the anisotropy calculation. 

The resolved shear stress factor is defined as 7?/2U 
where 7? = = 7,7, where 7; is the resolved shear 
stress on the ith slip system, (there are 12 slip systems 
in f.c.c. materials) and U is the elastic energy density. 
The resolved shear stress factors appropriate in the 
megacycle frequency range for a f.c.c. material, 
assuming a uniform distribution of dislocations, and 
the numerical values for aluminum are given in 
Table 1 as well as results of measurements in two 
samples of high purity aluminum. 

Sample A is an approximately l-in. cube prepared 
from a single crystal ingot grown from a melt of 
99.999 per cent pure aluminum. Sample B was taken 
from an ingot containing several large grains prepared 
by the strain anneal technique from a rod of 99.999 
per cent pure aluminum: the surfaces of Sample B 
are about 25 per cent smaller in area than those of 
Sample A. Each sample has a pair of accurately 
parallel (001) and (110) surfaces oriented by the 
Laue back-reflection technique. The ultrasonic 
measurements were made using the electronic 
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TABLE 1. Resolved shear stress factors and results of measurements 


equipment described by Chick e¢ al.°). The measure- 
ments reported were made at 105 Mc/s and at room 
temperature. 15 Mc/s quartz transducers (X-cut for 
compressional waves, AC-cut for shear waves) were 
bonded to the samples by Nonaq stopcock grease. 

Examination of Table 1 shows that the theory 
predicts the sequence of magnitudes of the five 
measured attenuations. A striking feature of the 
measurements is the excellent agreement of the two 
measurements (shear wave in [001] and fast shear 
wave in [110]) that should be identical for a given 
sample. Deviations from the predicted values of 
attenuation are surprisingly small and may be ascribed 
to a non-uniform distribution of dislocations, or to 
the presence of other loss mechanisms such as the 
thermoelastic effect. 

The author thanks Professor A. V. Granato and 
Professor K. Liicke for communicating the results 
of their calculations prior to publication; he also 
acknowledges with thanks the interest and stimulation 
of Professor Rohn Truell; he thanks Mr. W. Oates 
and Mr. N. Pitula for their valuable assistance in 
preparation of the samples. 
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Propagation Polarization 7?/2U Measured attenuation 
direction direction Al A B 
Compressional 
00 32 * * * 
(001 (2 pt 1.00 1.00 1.00 
' Shear wave 1 
(isotropic) 1.47 1.80 2.15 


Compressional 
wave 
9 


{110} 


[110] (001) 5 


1 
[110] (110) 5 


pv? 0.52 0.91 0.69 


1.47 1.73 2.20 


bo 


3.56 2.94 


* Normalized c,; = elastic constant p = density v = appropriate elastic wave velocity 
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A RESISTOMETRIC STUDY OF PRE-PRECIPITATION IN Al-10% Zn* 


C. PANSERI?+ and T. FEDERIGHI+ 


An extensive investigation of the influence of quenching and aging temperatures upon the pre- 
precipitation phenomenon in Al-10% Zn has been carried out by means of resistivity measurements at 
liquid nitrogen temperature. 

It has been found that an appreciable clustering of solute atoms takes place during the quenching 
itself and that the rate of pre-precipitation during isochronal or isothermal aging increases greatly with 
quenching temperature; the energy of formation of vacancies in the alloy, evaluated by the dependence 
of the rate of clustering on the quenching temperature, is 0.70 + 0.02 eV, as compared with the value 
0.76 + 0.04 eV previously reported for pure aluminum. The final size of zones during isothermal aging 
at 40°C is larger after quenching from 350°C and decreases both for lower and for higher quenching 
temperatures. The presence of a “‘slow reaction”’ after quenching from 600°C has also been detected. 

Concerning the influence of aging temperature it has been found that the amount of increase in 
resistivity decreases greatly by increasing the aging temperature and that the activation energies of the 
phenomenon (derived from the times to reach the maximum in resistivity) are 0.43 + 0.02 eV after 
quenching from 300°C, and 0.38 + 0.02 eV after quenching from 450°C. Other miscellaneous results on 
the effect of varying the aging temperature and on the reversion phenomenon are reported. 

The results are interpreted in terms of a simple picture of the pre-precipitation phenomenon; the role 
of vacancies appears to be a fundamental one in determining the rate of pre-precipitation which is 
stopped only when all the excess of quenched-in vacancies is eliminated; the mechanism of elimination 
of vacancies appear to be, roughly, the same as in pure aluminum. The variation of the maximum 
increase in resistivity against the various aging temperatures has been explained in terms of a variation 
of the number of zones which form; in this way it appears that the number of zones is higher the lower 
the aging temperature, and that if the aging temperature is changed also the number of zones tends to 
change so as to establish the new equilibrium number; however this can be accomplished only if an 


excess of quenched-in vacancies is still present. 
Finally other related questions such as the reversion phenomenon, the “‘slow reaction’’ and the 


meaning of the activation energies are discussed. 


TIVITE ELECTRIQUE AU COURS DE LA PRE-PRECIPITATION 
DANS Al-10% Zn 

Les auteurs ont poursuivi une étude systématique de l’influence de la trempe et des températures 

de vieillissement sur le phénoméne de pré-précipitation dans l’alliage Al-10°, Zn a partir de mesures de 
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résistivité & la température de azote liquide. 

Ils ont trouvé qu'une ségrégation appréciable d’atomes dissous prend place au cours de la trempe 
elle-méme. La vitesse de pré-précipitation au course du vieillissement isochrone ou isotherme augmente 
rapidement avec la température de trempe. L’énergie de formation de lacunes dans l’alliage, évaluée 
a partir de la vitesse de ségrégation en fonction de cette température, est égale a 0,70 + 0,02 eV 
(la valeur rapportée antérieurement pour l’aluminium pur est 0,76 + 0,04 eV). La taille finale des 
zones formées au cours du vieillissement isotherme a 40°C est plus grande aprés une trempe de 350°C; 
elle décroit pour des températures plus élevées ou plus basses. L’existence d'une “réaction lente” a 


également été observée aprés une trempe de 600°C. 

Quant a l’influence de la température de vieillissement, on constate que laccroissement de résistivité 
diminue considérablement lorsque cette température s’éléve. Les énergies d’activation du processus, 
déduites du temps nécessaire pour atteindre le maximum de résistivité sont 0,43 + 0,02 eV aprés 
trempe de 300°C et 0,38 + 0,02 eV aprés trempe de 450°C, D’autres résultats ont été obtenus sur les 
variations de température de vieillissement et sur le phénomeéne de réversion. Ces observations peuvent 
étre interprétées a l'aide d°un modéle simple: le réle des lacunes parait fondamental pour la vitesse de 


pré-précipitation. Celle-ci s’arréte seulement lorsque toutes les lacunes trempées en excés ont été 
élininées; ce mécanisme parait grossi¢rement identique a celui trouvé dans laluminium pur. La 
variation de l’accroissement maximum de résistivité en fonction des diverses températures de vieillisse- 


ment peut s’expliquer & partir du nombre de zones formées. Ce dernier est d’autant plus élevé que la 
température de vieilllissement est plus basse. Toute variation de la température de vieillissement 


entraine une variation du nombre de zones en vue d’un nouvel équilibre. Toutefois, cela ne peut s’ac- 


complir que s’il reste un excés de lacunes trempées. Les auteurs discutent enfin la réversion, la ‘réaction 


lente’ et la signification des énergies d’activation. 


UNTERSUCHUNG DER VOR-AUSSCHEIDUNG IN AI-10°, Zn DURCH 
WIDERSTANDSMESSUNGEN 


Der Einflu8 der Abschreck- und AnlaBtemperaturen auf die Vor-Ausscheidung in Al-10°, Zn wurde 
ausfiihrlich untersucht durch Widerstandsmessungen bei der Temperatur des fliissigen Stickstoffs. 

Wahrend des Abschreckens findet betrachtliche Zusammenlagerung geléster Atome statt; die 
Geschwindigkeit der Vor-Ausscheidung bei isochronem oder isothermem Anlassen nimmt mit der 
Abschrecktemperatur stark zu. Aus der Abhangigkeit der Geschwindigkeit des Zusammenlagerns von 
der Abschrecktemperatur wurde die Bildungsenergie fiir Leerstellen zu 0,70 + 0,02 eV bestimmt, 


* Received April 21, 1959. 
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wahrend fiir reines Aluminium friiher der Wert 0,76 + 0,04 eV angegeben wurde. Lagert man bei 40°C 
aus, so werden die Zonen am gréBten nach Abschrecken von 350°C, fiir héhere oder niedrigere Abschreck- 
temperatur bleiben sie kleiner. Nach Abschrecken von 600°C wurde das Vorhandensein einer “‘langsamen 
Reaktion”® entdeckt. 

Die gesamte Widerstandserhéhung nimmt mit steigender Auslagerungstemperatur stark ab. Die 
Aktivierungsenergien des Vorgangs (bestimmt aus der Zeit, in der das Widerstandsmaximum erreicht 
wird) sind 0,43 + 0.02 eV nach Abschrecken von 300°C und 0,38 + 0,02 eV nach Abschrecken von 
450°C. Weitere vermischte Resultate iiber den EinfluB wechselnder AnlaBtemperatur und iiber die 
Erscheinung der Umkehrung werden berichtet. 

Die Ergebnisse werden mit Hilfe eines einfachen Bildes der Vor-Ausscheidung gedeutet; die Leer- 
stellen bestimmen grundlegend die Geschwindigkeit der Vor-Ausscheidung; diese hért erst auf, wenn 
der gesamte Uberschu® an eingefrorenen Leerstellen verschwunden ist; der Mechanismus des Versch- 
windens der Leerstellen scheint etwa derselbe zu sein wie bei reinem Aluminium. Die Anderung der 
maximalen Widerstandszunahme mit der Auslagerungstemperatur laBt sich erklaren durch eine 
Anderung der Anzahl der gebildeten Zonen; die Anzahl der Zonen scheint also umso héher zu sein, je 
niedriger die Auslagerungstemperatur ist; bei Anderung der Auslagerungstemperatur scheint sich die 
Zahl der Zonen der neuen Gleichgewichtszahl zu naihern, sofern noch ein Uberschu8 an eingefrorenen 


Leerstellen vorhanden ist. 


Zum SchluB werden verwandte Fragen wie die Erscheinung der Umkehrung, die *‘langsame Reaktion”™ 


und die Bedeutung der Aktivierungsenergien diskutiert. 


INTRODUCTION 

The electrical resistivity, hardness and other pro- 
perties of many supersaturated aluminum rich alloys 
(for example Al-Cu, Al-Zn and Al-Ag alloys) change 
markedly at about room temperature: these property 
changes are attributed to the segregation of solute 
atoms into initially small coherent clusters which, 
when they have grown enough in size, are identified 
with the solute-rich and matrix-coherent zones which 
produce certain X-ray diffraction effects (the Guinier— 
Preston zones in the Al-Cu alloys are the best known 
example). Since evidence has been reported (see, for 
example, Guinier"-*’) that solute clusters or zones are 
by no means a necessary step for true precipitation 
(if precipitation is the formation of a new metastable 
or stable phase with a distinct crystallographic 
structure), the process of clustering or zone formation 
is frequently called pre-precipitation. 

An interesting characteristic of zones is their rela- 
tively very high rate of formation which is several 
order of magnitude higher than would be expected: 
several considerations reviewed elsewhere “:*) support 
the view that this high rate of pre-precipitation can 
be explained on the basis of a non-equilibrium high 
concentration of vacancies, corresponding to about 
that in equilibrium at the homogenization temperature 
and retained in the specimen by the rapid quench. 

Additional experimental evidence of the correctness 
of the hypothesis of quenched-in vacancies was re- 


ported by Graf® who investigated in the Al-Zn 10°, 


alloy the effect of quenching temperature on the rate 
of pre-precipitation at room temperature (in the Al-Zn 
alloys the formation of solute rich spherical zones 
takes place during pre-precipitation, below about 
100°C).-®) The fundamental result of Graf was that 
the rate of pre-precipitation, as evaluated by means 


of hardness measurements, was greatly increased with 
quenching temperature in the range 200-460°C, which 
is inside the solid solution range (it is extending from 
180 to 615°C). This effect can be immediately corre- 
lated with a higher concentration of quenched-in 
vacancies with quenching temperature. The decrease 
in the rate of hardening observed with quenching from 
above 460°C was attributed by Graf to a smaller con- 
centration of quenched-in vacancies. 

Although Graf tried also to test quantitatively the 
hypothesis of quenched-in vacancies, obtaining results 
in good agreement with the expected values (see 
hereafter), hardness measurements do not allow 
usually a high accuracy, expecially in this alloy which 
hardens very quickly at room 
Therefore it was decided to carry out a new investi- 
gation on the Al-Zn 10°, alloy by means of electrical 
resistivity measurements, including in the research 
the study of the effects of quenching and aging 
temperatures. In this way it was hoped to gain a 
better understanding of the role of vacancies in pre- 
precipitation and, at the same time, to clarify some 
characteristics of the phenomenon. 

Resistivity was selected as it was known that it is 
strongly influenced by pre-precipitation in the Al-Zn 


10°, alloy:"” variations of resistivity of the order of 


20 per cent can be observed. This fact and the large 
solid solubility range make this alloy very interesting 
for investigations on the pre-precipitation phenom- 
enon. 

It is necessary to point out however, that the 
variation of resistivity during pre-precipitation does 
not follow a simple law: in this alloy, as in other 
aluminum base alloys,“ the clustering of solute atoms 
is accompanied at the beginning by an ‘‘anomalous’”’ 
increase in resistivity, followed after some time by a 
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decrease: it seems therefore that the contribution of 
clusters to resistivity is larger when they reach a 
“critical size’’ which must be small since the maximum 
in resistivity is usually observed in the initial stage of 
aging. This peculiar behaviour of resistivity is by no 
means a complication; on the contrary, as it will be 
shown below, one can employ this phenomenon to 
deduce some interesting characteristics of pre-preci- 
pitation. 

The question of the origin of this anomalous increase 
is yet unsolved; it be possibly assumed 
that when clusters have reached a size of the order of 
magnitude of the wave length of the conduction 


may 


electrons they might contribute an extra scattering ;"?) 
on the other hand Fine“®) has tried to explain the 
resistivity increase in the Al-Cu alloys in terms of 
dislocations in the zone—matrix boundary. The 
question needs therefore more theoretical and experi- 
mental investigations. It is necessary to point out 
however, that for the purposes of this paper the 
understanding of the physical reason of the anomalous 
increase is not essential. 

Just when this paper was written in its first version, 
Turnbull ef submitted for publication their 
paper concerning the kinetics of clustering in some 
aluminum alloys (Al-Cu, Al-Ag and Al-Zn alloys), 
in which they have reached many conclusions similar 
to those arrived at in this paper: the analysis of some 
similar or dissimilar points between the two papers 


will be deferred until the discussion. 


EXPERIMENTAL PART 

The alloy was prepared from high purity aluminum 
(99.995 per cent) and high purity zine (99.99 per cent): 
the true weight composition resulted Zn = 10.2 per 
cent (4.47 at.°,). 

Wire samples | mm in diameter and about 40 em 
in length, were employed in the research: to simplify 
operations they were wound like a lamp coil filament 
and supported by an insulating rod. To carry out 
measurements with the usual potentiometric system, 
four wire contacts (two for each end) were soldered to 
each sample: these wires had the same composition 
as the samples. After soldering and mounting, each 
sample was annealed several hours at 440°C and then 
water quenched and aged at room temperature for 
some days; this was to assure a quick resolution of 
zine in the subsequent operations. 

Quenching operations were carried out by manual 
extraction of samples from the furnace and by rapid 
immersion in the cooling medium (brine at 2°C); then 
samples were immediately transferred to a liquid 
nitrogen bath. This procedure was quite similar to 
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that employed recently for a study of annealing of 
quenched-in vacancies in aluminum.”*) For the 
interpretation of what follows it is useful to remember, 
that in these conditions the quenched-in concentration 
of vacancies is increased with quenching temperature 
up to 600°C, although a large fraction of the high 
temperature vacancies is lost during quenching. Aging 
of the sample was carried out at temperatures in the 
range — 100°C—220°C employing suitable liquid stirred 
baths; after each treatment samples were again 
transferred to a liquid nitrogen bath for measurement. 

Resistance measurements were carried out at liquid 
nitrogen temperature with a potentiometric system, 
employing a Wenner type potentiometer. A dummy 
sample (quenched some time before, to assure the 
constancy in resistivity) was employed to correct the 
variations of temperature of the bath; however it 
seems that some difference in the temperature coeffti- 
cient of resistivity for the dummy sample and for 
other samples should exist; in effect the reproduci- 
bility of resistance measurements was found to be 
one part in 104, instead of one part in 10° as it was 
found for the pure aluminum work. Nevertheless 
this precision was largely adequate for our work. 

The resistivity variations were computed by the 
py AR/R,: in this formula Ry is the 
195°C) obtained after 


relation: Ap 
resistance of the sample (at 
quenching from low temperature (200-215°C) and 
without aging: AR — R— R, is the variation of 
resistance of the sample, with reference to Ry, when it 
has reached the value R; 
finally, py is the resistivity of the alloy at — 195°C after 
quenching from low temperatures (200°C-215°C): this 
was previously evaluated in 1.24 +- 0.02 4Q em. In 
the following Ry, (or pg) will be referred to as the 
since it should refer to a homo- 


by quenching or by aging 


“reference value” 
genized solid solution of zine in aluminum without any 
appreciable (or very small) clustering of the solute 
atoms; also, the concentration of quenched-in 
vacancies, after quenching from 200°C, is so small to 
be undetectable. 

The variation of restivity Ap have been always 
reported in muQ em = Q em. 


RESULTS 
Influence of quenching temperature on resistivity 
In preliminary experiments it was recognized that 
the initial value of resistivity of a sample, namely the 
value after quenching and without aging, greatly 
increases with quenching temperature; this was a 
rather surprising result since all quenching tempera- 


tures were selected in the range of existence of the 
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TABLE 1. Influence of cooling medium from 400°C, on the 
“initial” increase of resistivity. Results are given for two 
samples 


Ap 


em 


Cooling medium 


122-115 


2 Oil at 20°C 
Water at 17°C 113-103 
Brine at 2°C 76-78 
Alcohol—water mixture at —48°C 50-45 


solid solution. Therefore it was decided to investigate 
this point first. 

Typical results obtained for three different samples 
and expressed as Ap, are plotted on logarithmic scale 
in Fig. | versus the reciprocal of the absolute quench- 
ing temperature. At low quenching temperatures, 
Ap apparently satisfies an Arrhenius type relation 
with an activation energy of about 0.66 eV: above 
500°C however, something like a saturation effect 
seems to exist. 

About the origin of this ““quenched-in resistivity” 
or “initial” increase, one can advance at least two 
hypotheses: (a) it can be due to some kind of 
quenched-in defects, like vacancies: (b) it can be due 
to the presence of small clusters of zinc atoms: these 
clusters could form during the quenching action itself 
or could exist originally at the quenching temperature. 


10? T 
fF 10,2 % 
49) 
~4.. 
~ 
10? 
600°C 500°C | 300°C 250°C 
0,66 ev 
LZ 
10 
\ 
\ 
1 
1 12 14 16 18 1000 2 
Fic. 1. Log of the “‘initial’’ increase in resistivity, 


namely the increase which takes place with quenching 
(without aging), plotted versus the reciprocal of the 
absolute quenching temperature. Results are given 
for three different samples. 
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Now there is no doubt that quenched-in vacancies 
contribute to the increase in resistivity; however in 
pure aluminum, samples quenched in similar experi- 
mental conditions» show an increase of resistivity 
with quenching, say from 500°C, of about 8 muQ em, 
compared with the 250 muQ em reported in Fig. 1. 
Since too large a concentration of vacancies should be 
present to explain the actual results, it appears more 
reasonable to attribute the largest part of the observed 
Ap to the clustering of solute atoms. This view is 
confirmed by the following facts: (i) during isothermal 
or isochronal aging (as reported afterwards) of samples 
quenched from low temperature, namely of samples 
without appreciable initial increase of resistivity, an 
increase in resistivity about 200-300muQ cm can be 
observed; this shows that the increase of resistivity 
due to the formation of clusters is sufficiently large to 
justify the results in Fig. 1: (ii) an additional investi- 
gation on the effects of quenching rate has shown, as 
reported in Table 1, that the increase in resistivity 
by quenching from 400°C is reduced by increasing the 
quenching rate, while one should observe the con- 
trary in the case of quenched-in vacancies. 

This last investigation shows that a large amount 
of clustering takes place during the quenching itself. 
An indirect confirmation of this deduction is given 
also by the analysis of the dependence of the increase 
in resistivity with quenching temperature shown in 
Fig. 1: effectively one should expect that the amount 
of clustering during quenching should be controlled 
by the equilibrium concentration of vacancies: now, 
it will be shown afterwards that the energy of form- 
ation of vacancies in this alloy is about 0.70 eV, which 
is in good agreement with the value reported in Fig. 1. 

In conclusion one is forced to deduce that the 
tendency to clustering in the Al-Zn 10°, alloy is so 
strong that it can take place to a large extent during 
quenching: obviously, the amount of clustering will 
be largely influenced by the experimental quenching 
conditions such as quenching temperature, size of 
sample, quenching bath and so on. It is pointed out 
however, that the presence of very small clusters in 
equilibrium at the homogenization temperature is 
not excluded by the actual results: these clusters 
were experimentally observed by X-ray analysis“® 


in more concentrated Al—Zn alloys. 


Isochronal aging 


To plan the isothermal experiments reported in the 
following, it was necessary to know the range of aging 
temperatures for which the variation of resistivity 
takes place in a reasonable time. For this purpose it 
was thought useful to investigate first the influence of 
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Fic, 2. Isochronal aging curves (2 min at temperatures increasing at steps of 20°C) after quenching from several 


temperatures, 


quenching temperatures by means of an isochronal 
aging procedure. In this way it was hoped also to 
gain a general picture of the pre-precipitation 
phenomenon. 

The set of isochronal aging curves is reported in 
Fig. 2; for each isochronal curve the sample was aged 
2 min at increasing temperatures at steps of 20°C in 
the range between —100—220°C; after each treatment 
the variation of resistance in liquid nitrogen was 
determined. 

Isochronal aging curves appear to be rather complex 
and the effect of quenching temperatures appears to be 
noticeable. To simplify the interpretation of the 
results it is useful to examine first the results obtained 
after quenching from 400°C; the analysis can be 
summarized as follows: 

(1) an“initial’’ increase of resistivity after quench- 
ing is present: this is agreement with the data of Fig. | 
and can be attributed to a large extent, as said 
above, to clustering of solute atoms during the 
quenching itself: 

(2) a subsequent appreciable increase in resistivity 
takes place during aging, reaching a maximum at 
about —20°C; a decrease follows till about +40°C; 
these effects can be roughly attributed to the formation 


Another curve, not given here, was obtained after quenching from 550°C and was quite in 
intermediate position between the 500 and 600°C curves, 


and growth of zones which should reach their critical 
dimension at about —20°C (under these experimental 
conditions): 

(3) finally, after a plateau from +40 to 100°C, 
resistivity shows a new decrease reaching a value 
slightly larger than the reference value p,; this 
decrease is probably to be connected with the “‘rever- 
sion” phenomenon, namely with the dissolution of 
zones. This point will be discussed more extensively 
later. 

ixtending now the analysis to the other results, 
the effect of quenching temperature can be summar- 
ized as follows: 

(4) the initial increase of resistivity increases with 
quenching temperature, in agreement with the data 
of Fig. 1: 

(5) the temperature at which the maximum value 
of resistivity is observed in aging, is lowered by 
increasing the quenching temperature (except for the 
temperature of 600°C); this fact is qualitatively in 
agreement with the hypothesis of quenched-in vacan- 
cies, whose concentration increases with quenching 


temperature: 
(6) the maximum value in resistivity reached during 
ageing increases with quenching temperature (again 


291 
| | 
— | 


with the exception of 600°C): since the formation of 
zones takes place at lower temperatures by increasing 
the quenching temperature (point 5), this increase can 
be connected—as shown below—with the fact that 
the number of zones which form is higher the lower 
the aging temperature: 

(7) the plateau is less detectable for lower quenching 
temperatures; since the formation of zones takes place 
at higher temperatures (point 5), the effects due to 
their growth and to reversion cannot be easily 
separated : 

(8) the plateau is less detectable also for higher 
quenching temperatures; since clusters are 
originated during quenching, it may be that a very 
scattered distribution in dimension of zones is now 
present so that it is again impossible to separate 
clearly the effects due to zone growth and to reversion: 
a quite different explanation however could be ad- 
“slow reaction” discussed 


many 


vanced in terms of the 
below. 

For clarity, another isochronal curve obtained after 
quenching from 550°C is not shown in Fig. 2: it was 
in intermediate position between the 500 and 600°C 
isochronal curves. 


Isothermal aging at 20°C 

The principal object of this section was the quanti- 
tative testing of the hypothesis of quenched-in vacan- 
cies. For this purpose a set of isothermal aging curves 
was planned at 20°C after quenching from several 
temperatures selected in the range 220-340°C: higher 
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quenching temperatures were not reputed suitable 
for the actual purpose, since the large initial increase 
of resistivity which takes place with quenching tem- 
perature could have had some unknown influence on 
the result. 

The experimental aging curves are reported in 
Fig. 3: again it is significant that the effect of the 
quenching temperature is qualitatively in agreement 
with expectation: the higher the quenching tempera- 
ture, the quicker the formation and growth of zones, 
the shorter the time to reach the maximum in 
resistivity (namely the critical size of clusters). 

As the aging curves appear to be quite similar in 
shape, the quantitative test also is straightforward: 
in effect one should expect, in terms of quenched-in 
vacancies, that the rate of formation of zones, namely 
the rate of variation of resistivity, should be propor- 
tional to the factor exp (—E,'/kTg) where Tg is the 
quenching temperature and F,,’ the energy of forma- 
tion of vacancies in the alloy. Obviously this expec- 
tation is valid only if no appreciable clustering of 
vacancies takes place, as is reasonable to expect 
because of the low quenching temperatures (see also 
below). 

In Fig. 4, the logarithm of times to reach the 
maximum Ap, and the values Ap = 200 muQ cm 
before and after the maximum are plotted with the 
reciprocal of the absolute quenching temperatures. 
As expected, experimental points lie on straight lines 
and the value 2,’ = 0.70 + 0.02 eV can be deduced 
for the energy of formation. This value, which was 
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Fic. 3. Influence of quenching temperature on isothermal aging curves at 20°C. The segment shows 
the initial increase in resistivity which takes place with quenching. Note that the maximum increase 


is independent from the initial increase. 
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Fic. 4. Log of the times to reach the maximum in 

resistivity and the values Ap = 200 mu Q2em before 

and after the maximum, for the data in Fig. 3, plotted 

versus the reciprocal of the absolute quenching 
temperature. 


obtained also for another sample (results are not given 
here), is in good agreement with the value £, = 0.76 
+ 0.04eV reported for pure aluminum quenched 
under similar experimental conditions*"*) and with 
the results of Graf®) who deduced, by hardness 
measurements, the value EL,’ ~ 0.60—0.66 eV. 

It is significant that this result is also in agreement 
with the idea that the energy of formation of vacan- 
cies in alloys should be in general smaller than in pure 
metals.“8) In this alloy many vacancies should be 
near a zine atom at high temperature; therefore the 
difference E, = E, — E,/ ~ 0.06 eV should be about 
the binding energy of vacancies with zine atoms. 
Since this binding energy seems to be relatively 
small, one should expect that the motion of vacancies, 
with reference to pure aluminum, should not be much 
influenced by the presence of zinc atoms; in other 
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words, the annealing of quenched-in vacancies should 
occur in this alloy in about the same way as in pur 
aluminum; this view will be confirmed below. 

Thus the preceding results give good evidence that 
at least in the Al—Zn alloys the rate of pre-precipitation 
is mainly controlled by the concentration of quenched- 
in vacancies; additional evidence is also provided by 
the analysis of auxiliary results described in a following 
section. 


Influence of aging temperature 

The object of this set of tests was the investigation 
of the dependence of the rate of pre-precipitation upon 
the aging temperature, namely the determination of 
the activation energy of the phenomenon, which, in 
terms of the hypothesis of quenched-in vacancies, one 
should expect to be of the same order of magnitude of 
the migration energy of vacancies. 

For this purpose a set of isothermal curves was 
planned at several aging temperatures, after quenching 
from a selected temperature. 

In Fig. 5 a first set of isothermal curves obtained 
after quenching from 300°C is reported; this quench- 
ing temperature was selected low enough to assure no 
appreciable clustering of vacancies.» 

From Fig. 5 it is immediately evident that (i) the 
time to reach the maximum increases, as expected, by 
decreasing the aging temperature; (ii) the value of 
Apy, namely the maximum increase of resistivity, is 
largely dependent upon the aging temperature. 

This last property was a rather unexpected one, 
and its obvious meaning is that “something” is 
changing with aging temperature in the pre-precipita- 
tion phenomenon.t 

An immediate important consequence of this is 
that in general it would be incorrect to deduce the 
activation energy of the phenomenon from the time 
the sample needs to reach a given variation of resis- 
tivity, since equal amount of variation of resistivity 
at different aging temperatures do not refer to the 
same physical state of the sample. 

This difficulty can be removed if one introduced the 
assumption that in isothermal aging all zones have 
reached, at any time, about the same radius r or, in 
other words, that zones all begin to grow at the same 
time after quenching and at the same rate. Although 
this assumption is probably too over simplified, it 
will be accepted in the following as working hypothesis 
(for some justification of this hypothesis, see dis- 
cussion). 


* The true energy of formation of vacancies in pure alumi- 
num is probably slightly higher;7) however we have referred 
here to the value obtained in the same experimental conditions 
adopted in this work. 


+ This feature appears to be a general property of the 
pre-precipitation phenomenon, since it was recently observed 
also in Al—Ag alloys" and in Al-Cu alloys (not yet published 
results). 
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Fic. 5, Isothermal aging curves at several temperatures for a sample quenched from 300°C, The initial increase 


in resistivity which takes place with quenching, is in the range 15-20 mu Qem. 
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Fic. 6. Log of time ty to reach the maximum, for data in Fig. 5 (left) and in Fig. 7 (right), plotted versus the 
reciprocal of the absolute aging temperature. 
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Fic. 7. Isothermal aging curves at several temperatures for a sample quenched from 450°C. The segment 


With this assumption it should be then correct to 
deduce the activation energy of the phenomenon by 
the time necessary to reach the maximum in resis- 
tivity since, at that time, all zones have reached, at 
each aging temperature, the same critical size.* In 
Fig. 6, left, it is shown that the logarithmic plotting 
of the times to reach the maximum, with the recip- 
rocal of the absolute aging temperature gives, as 
expected, a straight line: the value of the activation 
energy results Z,,’ = 0.43 + 0.02 eV; just the same 
value was obtained for another sample (results not 
given here). 

Another set of isothermal curves obtained after 
quenching from 450°C is reported in Fig. 7; in this 
case the activation energy, computed in the same way 
as above, gives (see Fig. 6, right) Z,,’ = 0.38 +- 
0.02 eV. 

The correct interpretation of the actual results will 
be discussed later. Here it is now interesting to pay 
some attention to the dependence of Ap, upon the 
aging temperature; this is shown in Fig. 8, whose 
experimental points are deduced from the data in Fig. 
5, Fig. 7 and other isothermal results (not given here) 
obtained after quenching from 260°C. 

The experimental points can be formally represented 
by the law: 

Apy = Apowll — (1) 


* It is implicitly assumed also that the number of jumps 
for zinc atoms to form zones is independent of the number of 
zones which form; this should be correct especially at the 
beginning of aging, since the atoms gather into zones from 
their close surroundings. 


shows the initial increase in resistivity which takes place with quenching. 


where Apyy, = 388 muQ em, S = 61.2, F = 0.13 eV 
and 7’, the absolute aging temperature; the fit of 
experimental points to this expression is shown by the 
continuous curve in Fig. 8. 

Now if one takes in account again the above 
introduced hypothesis that all zones have reached 
about the same size at any time, then the value Apy, 
is proportional to the number of zones z , which have 
formed per unit volume at each aging temperature 
T 

Therefore, from the preceding results one candeduce 
that the number of zones is determined by the aging 
temperature (it is higher at lower aging temperatures), 
while it is not dependent upon the quenching temperature, 
at least in the range 220-340°C (see Fig. 3). 

Some possible meaning of equation (1) will not be 
discussed here; however it appears that App ,,, which 
is independent of quenching temperature, should be 
proportional to the maximum number of zones which 
could form. 


Some other properties of zones 


A set of results obtained by aging at several 


temperatures is reported in Fig. 9. Curve 4 is an 
extended isothermal aging curve obtained at + 40°C 


after quenching from 300°C, and carried out in an 
attempt to find the time for complete reaction. As 
judged by resistivity variation, pre-precipitation stops 
after a relatively short time (about 300 min). This 
time is of the order of magnitude of that necessary for 
the pure aluminum 


elimination of vacancies in 
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Fic. 8. Maximum increase in resistivity Ap». observed in isothermal aging, plotted versus aging temperature 
The data are deduced from the curves in Figs. 5 and 7 and from other isothermal curves (not given here) 
obtained after quenching from 260°C, The interpolating curve is calculated by the law given. 


quenched from lower temperatures*.!7.1%: one can 
deduce therefore that the reaction is probably stopped 
in consequence of the elimination of the excess of 
quenched-in vacancies and not because a metastable 
thermodynamic equilibrium has been reached. This 
conclusion will be better confirmed in the following 
section. Furthermore, it is significant that a negative 
value of Ap(o) is observed at the end, namely a value 
of p lower than the reference value p,: this means that 
when zones can grow enough, as they do apparently 
in this case, their contribution to resistivity is less 
than that due to the corresponding number of zine 
atoms in the homogenized solution. 

After these results, the aging of the sample was 
continued without interruption at O°C; however, as 
shown by curve B. no additional variation of resis- 
tivity was detected (in curve B time is again taken as 
zero at the beginning of aging at 0°C): one can deduce 
therefore that a complete isothermally aged sample 
is stable at lower temperatures. 

This deduction is not true if sample is not fully 
aged; to show this the sample was again quenched 
from 300°C and partially aged at 40°C until zones had 
reached their critical dimension (namely the maximum 


* The time for annealing vacancies in pure aluminum, in 
consequence of clustering effects, is largely dependent upon 
quenching temperature; it is of the order of a few minutes at 
room temperature after quenching from 600°C and goes up to 
some hours after quenching from lower temperatures.'!® 


in resistivity): then aging was continued without 
interruption at O°C. The results are shown by curve 
C': it is significant that an additional increase in 
resistivity is observed, instead of a decrease. This 
increase can be interpreted as due to the formation of 
new zones, which while being small, should produce 
an increase in resistivity larger than the decrease due 
to the growth of those zones which had previously 
reached their critical size at 40°C. The initial part of 
curve (' is also reported in Fig. 10, curve C” (time is 
taken as zero at the beginning of aging at 0°C): 
furthermore in the same Fig. 10, the decrease in 
resistivity as expected for the increase in size of those 
zones which had previously reached their critical size 
at 40°C is shown by curve D’. This curve was com- 
puted from some data in Fig. 9: the variation of 
resistivity after the maximum of the isothermal curve 
D at 0°C, described hereafter, was multiplied by the 
ratio of maximum values of curve A and D, which 
should give the ratio of the number of zones at each 
temperature. The difference C’—D’ in Fig. 10 is there- 
fore the increase due to the formation of new zones; 
the value of the maximum in resistivity (~ 80 mu 
Qecm) is only slightly smaller than the difference 
between Ap,, at 0°C and 40°C (about 100 mu Q em); 
this confirms the preceding deduction that aging 
temperature (with the exception of solute concentra- 
tion not investigated here) is the fundamental factor 
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aging was continued at 0°C (curve C). 


affecting the number of zones: however only if 
vacancies are present to allow the pre-precipitation 


It is also significant that 


phenomenon to take place. 
the time that the new growing zones require to reach 
their critical size at O°C (about 28 min) is slightly 
longer than time required for direct aging at O0°C 
(about 20 min): this can be attributed to a reduction 
of the concentration of quenched-in vacancies during 
the initial aging at 40°C. 

Coming back to Fig. 9, another extended isothermal 
aging curve after quenching from 300°C, was obtained 
at O°C (curve PD); this is quite similar in shape to 


curve A: since a greater number of zones is now 
present, the observed maximum in resistivity is higher 
than at 40°C and the negative final value Ap(a) is 
lower, in qualitatively agreement with expectation: 
the agreement however is not quantitative since the 


Fic. 9. Miscellaneous data about the properties of zones. Curve A shows an extended isothermal curve at 
40°C for a sample quenched from 300°C; the aging was then continued without interruption at 0°C (curve B). 
After new quenching from 300°C, sample was again aged at 40°C, till the maximum was reached, and then 
Curve D is another extended isothermal curve at 0°C after a new 
quench from 300°C; the aging was then continued at 130°C (Curve £) at which temperature one should 
observe reversion; finally the sample was again aged at 40°C, (curve F). 
sample was partially aged at 0°C till the maximum was reached and then aging was continued at 
G). For curves B, E and F, time is taken as zero in beginning the aging at the proper temperatures. Note 
that the crossing of curve D with the origin of curve C is casual. 


10? 104 


min. 


After a new quench from 300°C, 
40°C (curve 


ratio of maximum values is about 1.5 and the ratio of 
final values is 3.2: it 
may be that a number of zones is destroyed in aging 
at 40°C or that the mean number of jumps for 
annihilation of vacancies is higher at 0°C than at 
40°C that the final is different. 
However to look for quantitative 


the reason of this is not clear: 


so size of zones 
agreement it should 
be first necessary to investigate the reproducibility 
of the final value Ap(oo) for each 

After the results of curve D, the sample was 


subsequently aged without interruption at 130°C: at 


aging curve. 


this temperature one should observe the reversion 
phenomenon. The result is shown by curve F (time 
is taken as zero at the beginning of aging at 130°C); 
as expected, resistivity quickly reaches about the 
reference value: however the final value obtained is 
slightly, but significantly, higher than the reference 
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Fic. 10. Curve C’ is the same as curve C in Fig. 9, but time is taken as zero in beginning aging at 0°C; curve 
D’ shows the decrease of resistivity due to the growth beyond the critical size of those zones which had 
previously formed at 40°C (see text). The difference of the two curves gives the variation of resistivity due to 
the formation of a new number of zones. 


Al -Zn 10,2 % 
40 °C 


G’(0°C) 


| 


A’ (40°C) 


| 
~ 


0 2 4 6 8 ” min. 12 


Fic, 11. Curve G’ is the same as curve G in Fig. 9, but time is taken as zero in beginning aging at 40°C; curve 
A’ shows the decrease observed after the maximum in curve A, Fig. 9. The difference of the two curves should 
be proportional to the difference in the number of zones. 
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value; the reason of this will be explained in a 
following section. After reversion a new aging at 
40°C takes place very slowly: this is shown by curve 
F (time is again taken as zero at the beginning of 
aging at 40°C); it appears that the concentration of 
vacancies is now much lower than after a direct 
quench, so that zones cannot reach even their critical 
size. 

Some attention was finally paid to the instability 
of zones while they are still small: for this purpose a 
sample was again quenched from 300°C and aged at 
0°C until zones had reached their critical dimension 
(namely the maximum in resistivity): then aging was 
continued without interruption at 40°C (curve G); 
since the equilibrium number of zones at 40°C is 
smaller than the equilibrium number at 0°C, one 
should expect that the excess number of zones at 
40°C should be eliminated. The correctness of this 
view is shown in Fig. 11 where curve G’ reproduces 
the initial part of curve G of Fig. 9 (time is again taken 
as zero at the beginning of aging at 40°C): yet in 
Fig. 11 curve A, reproduces the decrease in resistivity 
observed after the maximum in direct aging at 40°C 
(from curve A, Fig. 9): the difference in the initial 
values of the two curves can be related to the differ- 
ence in the number of zones of critical size which have 
formed at 0°C and at 40°C. As shown by the difference 
of the two curves, it appears that during aging at 40°C 
the excess of zones previously formed at O°C is 
eliminated in a few minutes. This result is again in 
agreement with the preceding deduction that aging 
temperature is the only fundamental factor effecting 
the number of zones. It is to be noted however, as 
shown in Fig. 9, that there is a slight difference in the 
final value of resistivity of the two curves (A and @). 


Extended isothermal aging at 40°C 

After obtaining the preceding results it was finally 
decided to carry out some investigation also on the 
possible influence of the annealing mechanism of 
vacancies on the final size of zones. 

To understand clearly the reason of this set of 
tests, it is useful to remember that in pure aluminum 
the concentration of initial quenched-in vacancies 
influences greatly the mechanism of their annealing 
out. In particular it was recently recognized" that 
if the quenching temperature is increased, an increas- 
ing number of agglomerates or, generally speaking, 
clusters of vacancies is formed; these clusters are 
annealed out at relatively higher 
(~150°C) with an activation energy comparable with 
that of self-diffusion in aluminum;®?®) it is suggested 
(but not yet proved) that these clusters may be 


temperatures 
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identified with the dislocation loops observed recent], 
by Hirsh et al.” by transmission electron microscopy 

“In consequence of the formation of these clusters 
or dislocation loops, the mean number of jumps for 
annihilation of vacancies is largely decreased with 
quenching temperature, above that temperature at 
which clustering becomes appreciable. If the process 
of annealing takes place in about the same way also 
in the actual alloy (and the low value of the binding 
energy between vacancies and zinc atoms suggests 
this), then the extent of diffusion of zinc atoms, 
namely the final size of zones in isothermal aging, 
should be largely influenced by the quenching temp- 
erature; in particular one should expect an increasing 
size with quenching temperature, in the low tempera- 
ture range (where concentration of vacancies grows 
without appreciable clustering), and a decreasing size 
in the temperature range, where clustering effects are 
predominant. Graf®) had found that the largest size 
of zones is obtained by quenching from 350°C; how- 
ever he attributed the decrease in size for the higher 
quenching temperatures to a reduction of the con- 
centration of quenched-in defects. 

To prove experimentally the correctness of these 
ideas, the set of isothermal aging curves reported in 
Fig. 12 was carried out at 40°C, after quenching from 
several temperatures selected in the range from 200 
to 600°C. 

The influence of quenching temperature, as ex- 
pected, is very strong. A first obvious point to be 
noted is that, in agreement with the data in Fig. 3, 
the time to reach the maximum in resistivity is 
smaller the higher the quenching temperature. For 
the highest quenching temperatures the maximum is 
no longer detectable: this is because the time to reach 
it is very short (see for example the curve after 
quenching from 450°C) and because the large increase 
of resistivity which takes place during quenching 
masks the phenomenon. The height of the maximum. 
when detectable, is practically independent by quench- 
ing temperature: however if the quenching tempera- 
ture is 500°C or higher, the initial increase of resistivity 
is higher than the maximum observed in aging afte 
this 
obviously, that immediately after quenching the 


quenching from lower temperatures: means 
number of clusters is larger than that which would form 
at 40°C. Probably the excess of clusters is eliminated 
by aging at 40°C; however the question cannot by 
solved clearly by the data Fig. 12. 

Concerning the final value Ap() of resistivity 
is pointed out that since the number of zones originat 


ing in isothermal aging should be appreciably ind: 
pendent of quenching temperature, at least for the 
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Isothermal aging curves at 40°C after quenching from several temperatures. The segment shows the 
initial increase of resistivity which takes place with quenching. 


lower quenching temperatures, the differences in the 
final value of resistivity in Fig. 12 should be due to 
differences in the final size of zones. Now, keeping in 
mind that the previous isothermal results have shown 
that the contribution of zones to resistivity (when 
they are larger than critical size) is lower the larger 
that the 
largest size of zones is obtained after quenching from 
about 350°C. As expected, if the sample is quenched 
from the 
quenched-in vacancies is reduced and zones can grow 
only to a smaller size: if the sample is quenched from 
higher temperatures the concentration of quenched-in 


is their size, it is deduced from Fig. 12. 


lower temperatures concentration of 


vacancies is higher but now the clustering effect 
becomes preponderant and again zones cannot grow 
to a larger size. 

It is also significant that the time to reach a constant 
value of resistivity decreases with increasing quench- 
ing temperature (apart from the result for 600°C, 
examined hereafter): this is just what one should 
expect from the data of annealing of vacancies in 


pure aluminum “.!% in which case it was recognized 


that the time to anneal out vacancies (the first stage) 
is appreciably decreased by increasing quenching 
temperature. Unfortunately the data do not permit 
exact quantitative testing: however there is no doubt 
that the times to anneal vacancies in pure aluminum 
and to stop the growth of zones in the Al-Zn10°, 
alloy are just of the same order of magnitude. 

Since in pure aluminum appreciable clustering was 
observed above 400°C,“®)—while we observed it above 
350°C,—it may be that the presence of zine slightly 
improves the formation of clusters of vacancies. 

Finally, it is to point out that in the development 
of the isothermal curve after quenching from 600°C 
in Fig. 12, it was recognized that a slow variation in 
resistivity was present: after 10? min this variation 
was still appreciable. This phenomenon will be 
referred to as “slow reaction” in the Al-Zn alloys, and 
will be discussed later. A similar slow reaction seems 
to be present also for the 550°C quench, but more 
would be 


additional investigations 


necessary to establish this point. 


experimental 


In conclusion, the actual results are in very good 
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agreement with expectation and with Graf’s results. 
Besides they give new evidence that the rate of pre- 
precipitation is controlled by the concentration of 
quenched-in vacancies and suggest that the growth of 
zones 18 stopped when no excess of vacancies is no more 
available; finally, they give evidence that the process 
of annealing of vacancies takes place in about the same 
way as in pure aluminum; therefore it should be 
possible to observe, in the actual alloy, the presence 
of clusters of vacancies (or dislocation loops) in the 
same way as in pure aluminum. 


Tsochronal reversion 

To investigate better the reversion phenomenon, a 
sample was isothermally aged for 900 min at about 
18°C, after quenching from 300°C, and then aged 2 
min at increasing temperatures at steps of 20°C, till 
220°C. 

The results are shown in Fig. 13 by the white-circle 
points: the first point is negative since during the 
isothermal aging zones had grown enough so that 
sample had reached a value of resistivity lower than 
the reference value. It is significant that resistivity 
is not constant at increasing aging temperatures: 
qualitatively the results can be explained by a pro- 
gressive reduction in the number of zones, in agree- 
ment with what one should expect, keeping in mind 


the data in Fig. 8. The reduction in the number of 


zones is apparently complete at temperatures higher 


than 140°C; above this temperature a value of 


resistivity slightly higher than the reference value is 


obtained: this apparently strange increase seems to 
be due to the experimental procedure: if the sample, 
after 220°C aging, instead of being dipped directly in 
liquid nitrogen, as usual, is first quenched in brine at 
2°C and then dipped in liquid nitrogen, the lower point 
is obtained which is nearly equal to the reference value. 

This last result shows both the correctness of 
interpretation of the reversion phenomenon and the 
fact that some clustering takes place during the direct 
liquid nitrogen quenching. Also the slightly higher 
values (than reference value) obtained in isochronal 
aging above 140°C (Fig. 2) and in isothermal reversion 
at 130°C (curve £, Fig. 9) can be probably explained 
in the same way. 

A quite similar isochronal reversion was carried out 
also for the sample quenched from 600°C and aged 
for 1.2 - 104 min at 40°C, in Fig. 12. In this case zones 
had grown little beyond critical size so that the 
resistivity had stopped at a value higher than the 
reference value. The results are shown again in Fig. 13, 
by the black points: now the reversion is obviously 
accompanied by a decrease in the resistivity, in the 
same Way as Was found in isochronal aging. 

DISCUSSION 
A picture of the pre-precipitation phenomenon in the 
Al-Zn alloys 

The interpretation of many results obtained in the 
actual research has been advanced with each set of 
results: before adding some other general considera- 


tions, it is useful to summarize a general picture of 
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Fic. 13. Isochronal study of reversion (2 min at each temperature) for two samples previously isothermally 


aged as shown, The last empty circle point 


was obtained after a second aging at 220°C, then by 


quenching in brine and hence dipping into liquid nitrogen. 


VOL. | 
8 
Loco 
| 
| 
| | | 
| 
| | | : 
| | 
= 


232 


the Al-Zn alloys which can be deduced from the 
experimental results. 

The fundamental aims of the present work were (i) 
to gain a better understanding of the role of vacancies 
in pre-precipitation and (ii) if possible, to clarify some 
characteristics of the phenomenon. 

Concerning the first point, the data show clearly 
that the role of vacancies in pre-precipitation in the 
Al-Zn alloys is a very fundamental one: while there 
is no doubt that a noticeable driving force exists for 
zine atoms in compelling them to move to form zones 
in the supersaturated solid solution, it appears to be 
well established that the kinetics of the phenomenon 
are controlled by the concentration of vacancies. This 
is shown clearly by the results of Fig. 3 and in a less 
direct way by the results of Fig. 12. 

The picture one can trace, especially from the data 
of Fig. 12, about the mechanism of pre-precipitation 
in the Al-Zn alloys is a very simple one, and it is in 
agreement with what one should expect in terms of no 
appreciable interaction between vacancies and zinc 
atoms. Effectively, by this assumption one should 
expect that the large excess of vacancies introduced 
by quenching should be eliminated in the same way 
as in pure aluminum, namely principally by the 
formation of an increasing number of clusters of 
vacancies or dislocation loops with increasing quench- 
ing temperature: since during this process an appreci- 
able amount of diffusion takes place, zinc atoms can 
move to form zones: when no more appreciable excess 
of free vacancies is present, the growth of zones practi- 
cally stops. Since the excess of vacancies is progress- 
ively eliminated, the rate of pre-precipitation, which 
is very large at the beginning, decreases continuously 
with time. As in the case of pure aluminum for the 
elimination of vacancies, the reaction takes place in a 
few hours if the quenching temperature is low, or in a 
few minutes if the quenching temperature is high, in 
consequence of the clustering of vacancies (the slow 
reaction will be considered hereafter). This is in 
agreement also with the experimental fact that the 
Al-Zn alloys harden in a few minutes after quenching 
from high temperature,‘*~! and only if the quenching 
is carried out from relatively low temperature the 
phenomenon can be easily observed. 

Concerning the second point, some interesting pro- 
perties of the pre-precipitation phenomenon have also 
been established.* Again the picture one can draw of 
the pre-precipitation phenomenon is a very simple one: 


* It is to be remembered that the considerations concerning 
pre-precipitation have been derived by the assumption that 
zones begin to grow all together after quenching; some 


justifications of this hypothesis will be reported in a following 
section. 
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(i) the number of zones which form during isother- 
mal ageing is controlled principally by the aging 
temperature and not by the quenching temperature, 
at least in the range 200-350°C; this means that the 
number of zones which form is also independent of the 
number of clusters which form during quenching (as 
judged by the increase in resistivity which takes place 
by quenching, see Fig. 3): furthermore it is independ- 
ent of the concentration of vacancies and hence of the 
diffusion coefficient of zinc: these properties are shown 
by the independence of the maximum in resistivity on 
quenching temperature in Figs. 3 and 12. 

(ii) The number of zones decreases largely by 
increasing the aging temperatures; this is shown by 
the data reported in Fig. 8. 

(iii) If, after partial aging, the sample is aged at a 
different temperature, there is a tendency for zones to 
establish their new equilibrium number: however 
this can happen only if vacancies are still present to 
allow an appreciable rate of diffusion: these proper- 
ties are shown by some data in Fig. 9. 

Another interesting question to be considered is 
whether any direct correlation can exist between 
zones and dislocation loops (or clusters of vacancies). 
The answer is certainly negative since the number of 
zones, as said above, is controlled principally by the 
aging temperature while the number of loops is 
strongly influenced by the quenching temperature. 
Another argument favouring the independence be- 
tween zones and loops is furnished by the consideration 
that loops are quickly annealed out at about 150°C?” 
while zones are subjected to reversion also at lower 
temperatures. It is useful to emphasize however, that 
the number of loops which form will influence largely 
the final size of zones which is controlled by the total 
amount of diffusion. 

Obviously the preceding considerations do not 
exclude the possibility that a fraction of vacancies can 
be trapped inside zones or that solute atoms can 
favour the nucleation of dislocation loops or clusters 
accelerate the formation of dislocation loops or clusters 
of vacancies or, finally, that a fraction of the solute 
atoms can segregate directly on loops (or on other 
dislocations) instead of moving to form zones. 
Incidentally, it is also to be remembered that the 
segregation of the solute atoms on small dislocation 
loops (which probably form also in other aluminum 
alloys) could greatly accelerate the nucleation of some 
precipitating phases.) 


The slow reaction 


It has been found that a “slow reaction”’ takes 
place in the Al-Zn 10°, alloy at 40°C after quenching 
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from 600°C (Fig. 12), namely, the variation of resis- 
tivity occurs over a period of many days (and probably 
of weeks) which is too long to be accounted by the 
time that vacancies need for clustering. This slow 
reaction however is probably still too fast to be 
explained in terms of equilibrium diffusion coefficient. 

It is well known that an apparently similar slow 
reaction occurs usually for the Al-Cu alloys: effee- 
tively in these alloys the property changes occur over 
a period of weeks at room temperature. 

Several mechanisms have been recently advanced 
by Turnbull et al.“” to explain the slow reaction and 
will not be reviewed here. However it is pointed out 
that the interpretation of the results in Fig. 12 gives 
good evidence that the slow reaction in the Al-Zn 
alloy should be connected with the presence of many 
small dislocation loops or clusters of vacancies. The 
concentration of these defects, in effect, 
greatly with quenching temperature while their size 


increases 


probably decreases. 

Concerning the mechanism by which the presence 
of dislocation loops can speed up the rate of diffusion, 
it can be related to the enhancement of the local 
vacancy concentration near the dislocation loops or 
to a short circuiting solute diffusion along gliding 
dislocation loops.“ 

If the slow reaction in the Al-Cu alloys can be 
related to the same cause it may be that copper is 
much more effective than zinc in promoting the 
formation of small dislocation loops so that the slow 
reaction can be observed in the Al—Cu alloys also for 
lower quenching temperatures. 

The presence of a slow reaction can justify also the 
fact that the plateau is not detectable in isochronal 
aging curve after quenching from 600°C in Fig. 2; in 
effect in this case the growth of zones should take 
place so slowly that the effect due to the growth of 
zones cannot be distinguished from the reversion. If 
this interpretation is correct then one should deduce 
from Fig. 2 that a slow reaction is probably present 
after the 500 and 550°C quenching also. 


The reversion phenomenon 

The fact, that aging temperature is the fundamental 
factor (besides concentration) affecting the number 
of zones, can throw new light on the nature of the 
reversion phenomenon. If a sample is first aged at 
relatively low temperature and then aged at a higher 
temperature, then, as stated above, it will transform 
so as to establish the new number of zones; now, by 
extrapolating the law (1) it is found that at about 
94°C the number of zones in equilibrium is zero; 
therefore if a sample, previously aged at low tempera- 
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tures, is annealed above 94°C all zones will be elim- 
inated. This is exactly what we call the reversion 
phenomenon. 

The concept of “partial reversion” 
introduced; the partial reversion takes place when a 


can be also 
sample aged at low temperature is transferred at a 
higher temperature but lower than 94°C. Thus a 
partial reversion should take place during each step 
(up to 80°C) in isochronal aging in Fig. 2; in this case 


there should be both a tendency for a reduction in 


the number of zones previously formed at lower 
temperature, and for the growth of that number of 


zones which are in thermodynamic equilibrium. 

It is to point out that following the above interpre- 
tation of reversion, the size reached by zones should 
be of no particular importance in determining the 
amount of reversion: 
the size that zones had previously reached will 


however it is probable that 


largely influence the time necessary for reversion (or 
partial reversion); other factors controlling the time 
for reversion should be the reversion temperature and 
the i 
thermodynamic equilibrium). 

From the preceding results it appears that the 


concentration of vacancies (in excess, or in 


temperature of 94°C can be considered as the higher 
limit for pre-precipitation, in the actual alloy. This 
view is in agreement with the observation that during 
extended aging at 100°C the formation of hexagonal 
Zn platelets, namely a true precipitate, can be 
observed in more concentrated alloys.‘®?%) 
Incidentally, it is to note that in the actual case 
the true precipitate should never be found, even in 
isochronal aging or in isochronal reversion: this is 
because the times of aging were always short and 
because the selected alloy was dilute enough so that 
supersaturation is rapidly decreasing with increasing 
temperature (complete solubility is reached at 180°C). 


The migration energy 

It is useful to pay some attention to the values 
obtained for the the 
phenomenon. 

First let us discuss the value obtained after quench- 
ing from 300°C; this is a sufficiently low temperature 
that practically only single vacancies should be 


activation energies of 


present. The experimental value £,,’ = 0.43 + 0.02 
eV appear to be slightly, but significantly, smaller 
than the value of the migration energy of single 
vacancies which should be near 0.60 eV.45.17 One 
could think therefore that this result is not in agree- 
ment with what one should expect in terms of the 
hypothesis of quenched-in vacancies. However it is 
emphasized that it would be incorrect to expect the 


VOL. 
8 
1960 

| 


234 ACTA METALLURGICA, VOL. 8, 1960 


rate of pre-precipitation to be controlled by just the 
same activation energy as for the motion of vacancies. 
In effect it is to be remembered that the experimental 
value EZ,’ was derived from resistivity variations due 
to the redistribution of zine atoms: therefore £.,,’ 
should signify the “effective” activation energy for 
the movement of zinc atoms, namely the effective 
migration energy of zinc atoms and not that of 
vacancies. 

To show that the two would not in general coincide, 
let us remember that the diffusion coefficient of zine 
D,,,. can be 


1 


where a is the jump distance, p is the proportion of 
zine atoms which are associated with a vacancy, Vz, 
is the number of jumps/see which a zinc atom makes 
into an associated vacancy and f is the so called 
correlation factor. Now p is proportional to the factor 
exp (—0.70/k7T,), therefore it is a constant for any 
quenching temperature 7'y: vz, has the value: 


Vo exp (— E,,,/kT 4) (3) 


where 7’, is the aging temperature and £,, is the 
“true” activation energy for the movement of a zinc 
atom into an associated vacancy. 

The correlation factor can be written:%.? 
+ TK, 


f= 


+ TAY 

In this expression 
V4) = exp (—E,,"/kT 4) (9) 


is the number of jumps/sec which a solvent atom 
makes into an associated vacancy: this number is 
governed by the migration energy of the vacancy £,,,": 
finally 


K, = »" exp [(—(E,,° + £,)/kT 4) (6) 


is the frequency of dissociation of couples solute- 
vacancy which is governed by the sum of £,," with 
binding energy £, of a vacancy with a solute atom. 
In the above expressions, V9, ¥9 and v,”, which contain 
appropriate entropy factors, are of the order of 
sec}, 

Now, by combination of the preceeding equations 
(2-4) it is seen that, for any selected quenching 
temperature (p — const.) the experimental activation 
energy £,,’ derived from the dependence of the 
clustering phenomenon on the aging temperature is 
given by: 

= Ez, — k{d (Inf)/d(1/T ,)] (7) 


m 


which would be in general different from the migration 
energy of single vacancies in pure aluminum. In the 
above expression the second term in the right-hand 
member is the contribution of the correlation factor 
which, in consequence of equations (3-6), will not be 
independent of aging temperature. Quite recently 
Manning) has shown that this contribution might 
be quite important. Therefore we have to distinguish 
as the “effective or experimental migration 
energy and £,, as the “true” activation energy of 
zine atoms to occupy an associate vacancy. 

The sum of the experimental value £#,,’ and the 
formation energy E,’, which control the factor p, 
should give the activation energy Q,,, for the diffusion 
coefficient of zine in aluminum. One_ obtains 
therefore from the preceding results Q,,, = 1.13 + 
0.04 eV, which is just of the order of magnitude 
usually reported in literature for the chemical diffusion 
of zinc in aluminum (see for example Clare), A 
direct determination of Q,, by the employment of 
the radioactive isotope Zn® has been carried out 
quite recently on several Al—Zn alloys:@” in particular 
for the Al-Zn 4.33 at.°, Zn, which is very near the 
present alloy, the value Q,, = 1.23 + 0.03 eV was 
found. The agreement is good enough, and _ this 
confirms again the correctness of the general interpre- 
tation of the results: however it appears that a small, 
but significant, difference exists between the two 
determinations of Q,,. The origin of this discrepancy 
is not known. 

Let us consider now the value £,,’ = 0.38 +- 0.02 
eV obtained after quenching from 450°C. In pure 
aluminum the activation energy obtained after quench- 
ing from about the same temperature™.!®) is much 
lower ( ~0.3 eV) than the migration energy expected 
for single vacancies: this was interpreted as due to 
the presence of a relatively large concentration of 
divacancies. If these defects are present in the Al-Zn 
10°, also, then one can deduce that they influence 
slightly the effective migration energy of zine atoms. 


The contribution of zones to resistivity 

With reference to the unit volume ( a cube of 1 em 
side) let Ap; (r) be the contribution to resistivity of one 
zone of radius r, Ap, the contribution of an isolated 
solute atom to resistivity, n, the total number of 
solute and z the number of zones (all having radius 
r). Then the total contribution Ap to resistivity, of 
isolated atoms and of zones is: 


Ap =n,Ap, + =| Ap, (r) — (r/a)® Ap, | (8) 
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where a is the lattice parameter and c the fraction 
of solute inside zones (supposed constant). 

Since n,Ap, is constant, the experimental variation 
Ap of resistivity is simply given by: 


zp(r) (9) 


Ap =z | Ap, (r) — (r/a)® Ap, 


where the function ¢(r) is the contribution to resis- 
tivity of a zone of radius r corrected for the depletion 
of the matrix. 

From the present results it appears that ¢(r) 
increases largely with 7, when 7 is small, until a 
critical radius r, is reached for which ¢(7,) obtains its 
maximum value; then for values of r higher than 7,, 
¢(r) decreases continuously until a second critical 
size ry, is reached for which ¢(r,) = 0; for values of 
r higher than r, the value of ¢(r) is negative; in fact, 
values of resistivity lower than the reference value 
were experimentally observed in isothermal aging 
(Fig. 9, A and D). 

Equation (9) relates the radius of zones r, which 
of time, with their contribution to 
resistivity. Since the left hand member Ap(f) is 
experimentally known—it is the variation observed 
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Fic. 14. The final values of resistivity Ap(%) observed 
in aging at 40°C after quenching from 200, 250, 300 and 
350°C (from the data in Fig. 12) plotted against the 
radius of zones obtained after quenching from the same 
temperatures, as determined by Graf’. The curve 
should represent_the function z¢(r) (see text). 
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in an isothermal aging curve—the above expression 
is an implicit relation between the functions ¢(r) and 
r(t). If one could know the law of variation of size of 
zones r = r(t), then one could determine experiment- 
ally the function ¢ = ¢(r): vice versa if one would 
know this function, one could determine the law of 
variation of radius r = r(t), namely the kinetics of the 
phenomenon. 

From the experimental point of view it should be 
possible to determine the shape of the function ¢(r) 
by carrying out at the same time, during isothermal 
aging, the measurement of the variation of resistivity 
and of the radius of zones by X-ray analysis, on the 
same sample. Obviously to carry out such measure- 
ments easily, the sample should be quenched from 
relatively low temperatures so that the pre-precipi- 
tation phenomenon should take place very slowly. 
Another way to determine the shape of ¢(7) is given 
by the determination of the final radius of zones and 
the final value Ap(%) of resistivity on the same 
sample isothermally aged, after quenching from 
several temperatures; this is possible since the number 
of zones z which form is not appreciably changed by 
quenching from relatively low temperatures. For 
instance Graf® has reported that the radius of a zone 
after quenching from 200, 250, 300 and 350°C is given 
by 21, 32, 43.5 and 52.5 A respectively: these values 
are plotted in Fig. 14 with the final values of resis- 
tivity obtained in isothermal aging (see Fig. 12) after 
quenching from the same temperatures: the curve 
obtained should be just proportional, by the factor 
z, to the function d(r). Since the observed maximum 
in resistivity in Fig. 12, was about 192myQ em the 
critical radius r, is estimated to be about 11 A, while 
the critical radius r, should be 39 A. However these 
values should be considered with great caution, since 
quenching conditions, sizes of sample and aging 
temperatures and times were not the same in the two 


investigations. 


On the dependence of Ap y, upon aging temperature 

Many important features about the pre-precipita- 
tion phenomenon have been derived from the assump- 
tion (referred here as hypothesis 1) that the number 
of zones which form in isothermal aging varies with 
aging temperature. This is the more straightforward 
and simple interpretation of the experimental fact 
that Ap,, varies with aging temperature. 

Since the above assumption could be questionable, 
it is necessary to pay some attention to other possible 
interpretations of the dependence of Ap , upon aging 
temperature. 

For this purpose it is to be remembered that until 
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now it has been assumed that all zones had reached, 
at any time, a same radius r, during isothermal aging: 
obviously, this is too crude a simplification. To 
picture the pre-precipitation phenomenon in a more 
realistic way, it is necessary to consider the distri- 
bution function g(7,f) which gives the probability for 
a zone, at any time f, to have a radius in the range r 
to r +-dr: at any time this function will satisfy the 
condition 


g(r.t) dr =1. (10) 


In particular let = gy, bethe distribution 
function at the aging temperature 7’ , and at time fy,, 
when resistivity has reached the maximum: this 
function can be imagined approximately as a_bell- 
shaped function centred about the critical radius r,. 
If z,, 4 is the number of zones which are present at 
time ¢,,, the total contribution of zones to resistivity, 
(at time f,,) is: 


x 


20 


where the ¢(7) is the contribution to resistivity of a 
zone of radius r (corrected for the depletion of the 
matrix); this function should be shaped like the curve 
drawn in Fig. 14. 

Now it appears from equation (11) that to change 
Apy4 With aging temperature 7',, there are two 
or to change 
‘an be 


limiting ways: to change z,, 
Since the first 
connected with two different possibilities, we can make 


three different hypothesis to explain the change of 


way, as shown hereafter, 


Apy4 With aging temperature: 

(1) Following the first hypothesis, a number z , of 
zones is formed ab initio in aging, and is con- 
stant with time: however it is dependent upon 
aging temperatures: substantially this is the 
working hypothesis (or hypothesis 1) accepted 
until now. 

(2) In the second hypothesis it is supposed that a 
number z, of zones is formed at the beginning: 
however this number decreases continuously in 
time as zones grow in size, but with a different 
law at each aging temperature, so that a different 
value z,, ,isobtained for any aging temperature. 
To clarify the third hypothesis, it is to be noted 
that if y,,, is flattened for values of r near r,, 
then Ap,,, is lower, since for the condition of 


(3 


equation (10) there would be more zones with 
a radius different from r,, giving a lower con- 
tribution to resistivity. Therefore to explain 
the experimental results, it is sufficient to 
flatten g,,,(7) at increasing aging temperatures. 
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Although it is impossible, from the experimental 
data, to establish without any doubt the quantitative 
contribution of each mechanism to the variation of 
Ap, 4, it is possible to give some evidence that the 
largest part of the variation should be explained in 
terms of the first hypothesis. To show this the 
isothermal curves of Fig. 3 are again plotted in Fig. 15 
in normalized form, both versus the time to reach the 
maximum and to the maximum increase in resistivity. 
It is significant that all curves superpose quite well: 
this means that, at any normalized time ¢/t,, all ex- 
perimental curves are similar in shape and differ only 
by a proportionality factor. A quite similar result 
was obtained also for the isothermal set of curves in 
Fig. 6. Now the general expression of the contribution 
of zones to resistivity Ap ,(¢/ty,), at the aging tempera- 
ture 7 , and at normalized time ¢/t,,, can be written: 


Ap 4(t/ty,) = 24 (t/ty,) [ dlr) 4(r.t/ty,) dr (12) 


and, obviously, the only simple way to obtain, at any 
time ¢/t,,, the isothermal curves differing only by a 
proportionality factor at the different aging tempera- 
tures, is to change z, and to let the function g(r,t/t,,) be 
independent of the aging temperature. It is to be 
noted, however, that there are two possibilities con- 
cerning z,; it may be constant in time, at each aging 
temperature (and this is just a working hypothesis, or 
hypothesis 1, accepted until now) or it can change with 
normalized time t/t,;, but with the same law at any 
temperature so that the ratio of the number of zones 
at any two aging temperatures, is constant at any 
normalized time ¢t/t,;,;. Obviously this second possi- 
bility which is different from hypothesis 2, is only a 
variation of hypothesis 1, from which it cannot at 
present be distinguished; for the actual purposes 
however the question is not very important since in 
this case the only thing to change in the preceding 
survey of pre-precipitation is that the law (1) (or the 
data in Fig. 8) would give the number of zones which 
are present at each aging temperature, at time t/ty,. 
For this reason, and for its great simplicity, we 
have interpreted the experimental results by the 
mechanism | (or its variant), although it cannot yet 
be considered quite proved. Unfortunately from the 
theoretical point of view no calculation exists, to our 
knowledge, concerning the number of zones which 
should form at each aging temperature. Dehlinger 
and Knapp®®) (D. K.) have calculated, for Al-Ag 
alloys, the fraction of solute which would be in 
clusters at each aging temperature, but this function 
is substantially the product of the number z of clusters 
for the number i of solute atoms in each cluster; no 
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Fic, 15, The same curves as in Fig. 5 plotted in normalized form with respect both to the time to reach 
the maximum ty and the maximum increase in resistivity Aps. 


sure indication therefore can be deduced about the 
variation of z with aging temperature. It may be 
significant however, that the dependence of zi upon 
aging temperature (see Fig. 3 of D. K’s paper), is 
qualitatively in good agreement with the data in Fig. 
8; this means that if the final size of zones (namely 
the number 7) is not too largely dependent upon 
aging temperature, then the data in Fig. 8, interpreted 
as the variation in the number of zones (following 
hypothesis 1) are qualitatively in good agreement 
with the theoretical data of D. K. 

Finally, it is useful to call attention to a theoretical 
consequence of hypothesis 1; following this hypothesis 
(namely the dependence of the number of zones on 
aging temperature and its independence from the 
clusters which form during quenching) one can deduce 
that the largest reduction in the free energy of the 
supersaturated solid solution is due to the number of 


zones which forms, while their internal structure and 
size are only of minor importance. 


Some recent results concerning the Al-Zn alloys 


As said at the beginning, similar conclusions to that 
reported in this work about the role of vacancies in 
pre-precipitation, have been reached independently 
by Turnbull et 

Here it appears useful to note some points of 
similarity or dissimilarity between the two investi- 
gations, with reference to their results on the Al-Zn 
3.4 at.°, alloy. 

The shape of the isothermal aging curves they 
observed was quite similar to that reported in this 
paper. The activation energy for clustering, deduced 
from the time scale factor necessary for the super- 
position of the resistivity variations before reaching 
the maximum, after quenching from 300°C, was found 
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to be 0.39 — 0.04eV, which is in good agreement 
with the value previously reported. 

However it is to be pointed out that they did not 
observe explicitly the dependence of the maximum 
increase in resistivity (or following our interpretation, 
of the number of zones) upon the aging temperature. 
Since they were carrying out measurements directly 
at the aging temperature, it may be that it was 
not easy in this way, to recognize the contribution 
to resistivity due to zones and the contribution due 
to the changing of the aging (and measuring) 
temperature. 

Neverthless, it is significant to point out that they 
were implicitly observing the phenomenon when they 
were reporting (Fig. 18 of their paper) the apparent 
strange property that it is possible for the resistivity 
to rise with time at a low temperature but to fall down 
with time at a higher aging temperature. Obviously in 
this case the experimental conditions were so favour- 
ably selected that they were observing the formation 
of new zones at the lower temperature and the 
elimination of the excess of zones at the higher 
temperature (in a similar way reported in Fig. 9, 
curves C' and G, of this paper). 


CONCLUSIONS 

The preceding results have shown that for its 
peculiar feature the Al-Zn 10°, alloy is very suitable 
for the investigation of the role of vacancies in pre- 
precipitation and of many characteristics of the 
phenomenon. It is significant, however, that for these 
investigations the employment of low temperature 
measurements is of fundamental importance, since 
many changes take place very quickly in the alloy, 
not only at room temperature but also during 
quenching itself. 

The experimental work on the Al-Zn 10°, alloy, 
although apparently extensive, is to be considered 
only of preliminary nature: many features of the 
phenomenon have been explored, but only very few 
have been thoroughly investigated. The only sure 
conclusions which can be drawn are that the role of 
that their 
mechanism of elimination is not much dissimilar from 


vacancies is a very fundamental one, 
that which takes place in pure aluminum and that 
the rate of pre-precipitation is practically stopped 
when all the excess of quenched-in vacancies is 
eliminated, unless a slow reaction is occurring when 
many dislocations loops are present. 

Many other deductions, concerning the character- 
istics of the pre-precipitation phenomenon, although 
very suggestive, are still to be considered carefully, 
since they have been based upon a particular interpre- 
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tation of the experimental fact that the maximum in 
resistivity changes with aging temperature. Although 
some evidence has been reported for the correctness 
of the interpretation given, the question will probably 
be solved definitively by other means. 

Other items, which would yet deserve extensive in- 
vestigations by resistivity measurements, are the 
influence of zinc concentration, the determination of 
the activation energy of reversion and of the slow- 
reaction phenomenon, and the influence of the 
addition of a third solute (for example Mg) on the 
pre-precipitation phenomenon. Furthermore, _ it 
would be interesting to investigate by means of 
resistivity measurements and X-rays analysis the 
contribution of zones to resistivity in function of their 
size (this would lead to the determination of the 
kinetics of the phenomenon); by means of electron 
transmission microscopy, the existence of dislocation 
loops and finally, from a theoretical point of view, the 
law of variation of number of zones with aging 
temperature. 
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THE ANALYSIS OF THE CRYSTALLOGRAPHY OF MARTENSITIC 
TRANSFORMATIONS BY THE METHOD OF PRISM MATCHING* 


B. A. BILBY? and F. C. FRANK?+ 


A method of analysing the crystallographic features of martensitic transformations by considering the 


matching of triangular prisms formed by lattice lines in the two structures is described. The theory is 
illustrated by a detailed application to the martensitic transformation observed in an iron nickel alloy by 
Greninger and Troiano. The method is compared with other equivalent treatments and its advantages 


and disadvantages discussed. 


ANALYSE CRISTALLOGRAPHIQUE DES TRANSFORMATIONS MARTENSITIQUE PAR LA 
METHODE D’ASSEMBLAGE DE PRISMES 


Les auteurs décrivent une méthode d’analyse des caractéristiques cristallographique des transforma- 
tions martensitiques qui considére l’assemblage des prismes triangulaires formés par les lignes réticulaires 


des deux phases. 


La théorie est illustrée par une application détaillée 4 la transformation martensitique des alliages 
Fe-Ni observée par Greninger et Troiano. Les auteurs comparent leur méthode a d’autres techniques 


équivalentes et discutent de ses possibilités. 


ANALYSE DER KRISTALLOGRAPHIE MARTENSITISCHER UMWANDLUNGEN 


DURCH ANPASSUNG VON PRISMEN 
Es wird eine Methode zur Analyse der kristallographischen Eigenschaften martensitischer Umwand- 
lungen beschrieben. Dabei geht man aus vom Aneinanderpassen dreieckiger Prismen, die von Gitter- 
linien in den beiden Sturkturen gebildet werden. Zur Erlauterung wird die Theorie auf die von Greninger 
und Troiano an einer Eisen-Nickel-Legierung beobachtete martensitische Umwandlung angewandt. 
Sie wird mit aquivalenten Behandlungsmethoden verglichen, und ihre Vor- und Nachteile werden 


diskutiert. 


1. INTRODUCTION 

There have been a number of analyses of the 
crystallography of martensitic transformations in the 
last few years; except for the most recent ones,".*) 
they have been discussed and compared fully else- 
where.:) All share the common fundamental 
assumption that the shape deformation accompany- 
ing the transformation must be at least approximately 
an invariant plane strain, but differ in the (small) 
distortions of the interface which are allowed and in 
the types of associated slip or twinning processes 
which are postulated. For most treatments the 
essential input data are the correspondence, the 
crystallographic details of the slip or twinning process 
and the lattice parameters of the two phases: the 
habit plane, shape deformation, orientation relation- 
ship and the amount of the slip or twinning °~” or 
the dislocation structure of the interface” are then 
calculated. 

The discussion of the {225}. habit in iron-carbon 
alloys by a matching method? differs a little from 
the above treatments, in that the first emphasis is 
placed on the nature of the lattice continuity at the 
transformation interface. It is assumed that the [011], 
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and [111], directions are common in the interface, the 
difference in lattice spacing being accommodated by 
elastic distortion. The invariance of a line in the 
interface perpendicular to this direction is then assured 
by a simple matching treatment, and finally the 
additional atom movements needed to complete the 
lattice transformation are inferred, and compensated 
by the introduction of an array of screw dislocations 
in the interface. 

The two-dimensional matching appropriate to this 
special case, where one lattice row is assumed to be 
common to the two structures has been extended by 
using a three-dimensional “‘prism-matching”’ tech- 
nique. A first account of this was given by one of us 
(B. A. B.) to the Martensite Symposium at the Inter- 
national Union of Crystallography in Paris, 1954, 
whose proceedings were not published, and a brief 
description also appeared in a recent review." 
Because the sequence of assumptions differs from 
those in other methods, and because the treatment is 
simple and intuitive, yet related closely to the dis- 
cussion in terms of surface dislocations,” it seems 
desirable to present a fuller account of this technique. 
Accordingly, in the present paper, the method is 
illustrated in some detail by applying it to the dis- 
cussion of the {225}. and {15 3 10}, habits in iron- 
carbon alloys, where it permits some study of possible 


in 
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criteria for distinguishing the different habits ob- 
served.) 
2. THE HABIT PLANE 
As before,'®) we refer the body-centred martensite 
structure (x/) to a face-centred tetragonal cell («F) 
whose axes correspond to the face-centred cubic cell 
of the austenite (jy). The face-centred cell A; is given 
in terms of the conventional body-centred cell a, 
(\a,| = = @,, |a,] = ¢,) by the relation 
I °| 
A, = 1 07. (I) 
lo 0 4 
The Greninger-Troiano orientation relationship'® 
becomes: 
(111),||(111),,. (within 1°) 
[O11], = 2.5° 


and the habit plane is (15 10 3),. The plane with 
large indices is presumably irrational. 


Our general approach is to postulate a certain 
minimum conformity of the two mutually transform- 
ing lattices across the interface between them. Except 
in very special circumstances, we expect this interface 
to contain dislocations, and if these are to move in 
unison, they should be parallel and have the same 
Burgers vector. Accordingly, prominent lattice rows, 
associated with the modes of deformation of the two 
structures, will be continuous across the interface, 
since the Burgers vectors of the dislocations will be 
along these rows. In the present case, we take these 
rows to be the usual slip directions in the two 
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structures, namely the (110), and (111),, directions. 
Further, since the (111),, planes are nearly parallel in 
the observed orientation relationship, it is assumed 
that these planes meet edge on in the interface, and 
that the matching rows lie in these planes. Possible 
matching rows are thus [O11], or the physically 
equivalent [101],,; the [110], direction is excluded 
since in the x-structure this is[110], = [O10],,, and is 
not a normal slip direction. The y-structure viewed 
along [011], is shown in Fig. 1. For the «-structure 
viewed along [011], ,. the lattice rows appear similarly, 
except that the dimensions of the triangle A BC are 
slightly different. Our fundamental conformity postu- 
late is then that [011], rows and (111) ,,planesmeet in 
the interface. Since this meeting must occur every- 
where in the interface, the matching is a three di- 
mensional one and may be achieved by ensuring the 
continuity of the similarly situated triangular prisms 
with generators along the A BC’ [011], lines in the two 
structures. 

The matching problem is readily solved by ele- 
mentary trigonometry. Two triangular prisms, whose 
generators are [O11],, lines in the « and y lattices and 
whose heights are equal to the spacings d, and d,, of 
the (111), and (111), planes, must be truncated in 
such a way that the truncated ends match. In this 
problem, there are four unknowns—for each prism two 
parameters to define the obliquity of the truncating 
plane—and there are three equations, since a triangle 
has three sides. We are left with one degree of 
freedom. A convenient solution of this problem for 
general prisms of given right section is derived in the 
appendix. All the quantities are expressed in terms 


Fic. 1, The y structure viewed along [011],. The full circle is at height }. 
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Fic, 2. The x and y prisms. 


of a parameter x; corresponding to the one degree of 
freedom, an infinity of solutions is obtained as x varies. 

The application of this general solution to our 
example is shown in Fig. 2, where the notation is that 
of the appendix. Prism | in the y-lattice is bounded 
by the vertical generators B,B = x,, AyA = y, and 
C{C, all parallel to [O11),, and A,B,C is a right section 
of it. ABC is the plane of contact, and BB’, AA,’, 
CC, are the generators parallel to [O11], of the prism 2 
in the «-lattice, of which A,’ BC, is a right section. 
In Fig. 2, the right section of the prism 2 through C 
intersects only the generators B’B and A,'A_pro- 
duced, so that 2, = CC, and y, = x, — AA,’. The 
relevant crystallographic directions are indicated in 
Fig. 2, and it is easily shown that a, = ¢, = a, \ 6/4, 
2/2, = Co = + 1?)/ (2 + 
by = a,)7 V 2/ (2 + 7®)!, where r = (c/a),,. The stand- 
ard austenite axes are denoted by X, Y, Z:; the axes 
U,V, W are derived from these by a 135° rotation 
about X. The axes &, 4, ¢ are such that € is parallel 
to n, a unit vector along C'A; € is parallel to k, a unit 
vector parallel to the normal to the habit plane 4 BC; 
and 7 is parallel tot =k « n.m, 1 and I’ are unit 
vectors parallel to A B, {O11}, and [011], respectively. 

In terms of the quantities derived in the appendix, 


and 


the habit plane normal v k, may be written down 


at once in the U’, V, W system, and a simple trans- 
formation gives for its components in the standard 


X, Y, Z system: 
vy, = + M(2z, 


Alx 


+ M[2x - (Bx — AC/2x)] 
+M(y, — 
+ M[ Bx — (AC/2x) — by) 


+-M(y, + 6,) 


+ Bx (AC/2x) + b,| 


Here, We use vy - k 


so that all components are positive for small positive 


M is a normalising factor > 0. 


x values. The variation of the habit plane normal for 

—~0 <x < + is shown in the stereogram of Fig. 
3, where (100). is the plane of projection. The values 
of lattice parameters used are those given by Greninger 
and Troiano“, namely, in Angstrom Units: 


a., = 3.592 + 0.005 ) 


+ 0.005 | 


= 2.845 


(c/a),7 = 1.045 +. 0.005 
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Fic. 3. The variation of the habit plane normal. The numbers denote the values of «x. 


The satellite lines in the inner triangle represent an 
estimate of the variation in the predicted habit plane 
due to the uncertainties in the lattice parameters. 
Since the two original errors are essentially one in 
a./a,, of 0.224 per cent and one in (c/a),, of 0.478 per 
cent, the two lines were obtained by increasing a, ),, 
and ¢, by 0.224 per cent, and ay, b, and cy by 0.478 per 
cent, respectively. 

In the stereogram all the predicted vy values are 
represented with positive », component, by changing 
the sign of all three components where necessary. It 
is evident that the variation in habit plane normal 
for <a < +©® is obtained from the variation 
taking it from P(x = +) to +\ 
0.66748). This symmetry arises for the following 
reasons. Firstly, for any matching plane another 
match exists on this plane reflected in the plane 
normal to the y prism generators [011]. This alterna- 
tive corresponds in Fig. 3 to a change in the sign of z, 


which in general changes the predicted habit plane 
from (pqr) to (p, 7, 7) = (prq). As the y-prism is in 
this case isosceles, matching is also possible on (pqr) 
and (prq) reflected in (011). that is on (pg?) and (p7q), 


respectively. The relation between x values x’ and 


x” giving habit planes reflected in (O11), is a’x” = 
AC/2B. This follows because B and C have the form 

B=7(1 + V1 — 2/r), C = — V1 — (4) 
where 7 = (b0b)/(2ada), in the notation of the ap- 


pendix. The numerical agreement between the v 
values for x = +0 {vy = +M,(2 — C, C, C)} and = 
+oofv = +M,(2 — B, B, B)} also arises from this 
relation. For these values of x, the matching degener- 
ates to the two-dimensional one,‘® with the [011] 
directions lying in the matching plane. Finally, the 
alternative solution mentioned in the appendix, and 
arising from the possibility of interchanging B and C, 
gives the same habit plane for a value x’ related to x 
by 2’x = —A/2. 
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For any x value therefore, there are two distinct 
habit planes, and as x varies from —%© <2 < +0, 
a double infinity of habit planes all lying on the locus 
of Fig. 3. 

For x = —8, the predicted habit plane has v = 
(0.8052, 0.5622, 0.1884) which is only 1° 49’ from the 
observed value (15 103). For = the predicted 
habit plane approaches that observed in the Kurd- 
jumow-Sachs"® type martensite—(522),—, although, 
of course, in Fig. 3 lattice parameters for the Grenin- 
ger—Troiano alloy’ are used. The use of the matching 
treatment for the (522),, habit‘) has already been 
discussed.3.1)) 

So far, in our analysis, the parameter x has been used 
simply to define the one degree of freedom in the 
matching problem. We have now to consider the 
physical significance of its variation, and to see 
whether criteria for selecting the value x — —8 in the 
Greninger-Troiano alloy can be determined. To this 
end, we now consider the shape deformation during 
the transformation and the atom movements addi- 
tional to those given by the prism deformation which 
are needed to complete it. 


3. THE SHAPE DEFORMATION 
This is the deformation which carries one prism 
into the other, and which, at the same time, contracts 
the y prism along its generators, so that the [011], 
spacing becomes the [011], ,, spacing. This contraction 
is by the factor f= V 2 + r?/(s\/2) = 0.9848 for the 
Greninger—Troiano alloy, where s = a,/a,, and r = 
(c/a),,;. Since the shape deformation leaves the habit 
plane invariant, it may be specified completely by its 
effect on a unit vector k scribed initially normal to 
the habit plane. If k becomes k’ under the shape 
deformation, then the latter carries any vector R to 
R’ where 
R’ (R-k)u (5) 


and u = k’ — k. 

Fig. 4 shows a portion of the matched prisms at the 
corner C' of the habit plane triangle A BC’: the notation 
of Fig. 2 is employed. The unit vector 1 along [011], 
becomes f 1’, where I’ is a unit vector along [O11], -, and 
LM =fY —1. The components of I’ and 1 in the 


&, 7, € axes are then, in the notation of the appendix: 
1. = cos = (6) 
1.’ = cos $y = Yo/bo (7) 


1, = (cos 6, — cos ¢, cos C)/sin C (8) 


1,’ = (cos 0, — cos dg cos C)/sin C (9) 


" 


and 1, = V1—1?—1}, 1’ = V1—1,?—1,”. 
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Here cos 4, = cos 94 = and 
cos = (b,?/2 +- (10) 
The shape deformation is conveniently measured 
by the angle y, between k and k’, given by 
cos y, = (k’- k)/\k’ 
Now, from Fig. 4, 


k’ =k + 


(11) 


(fl — (12) 


k’ -k=fl, /l, =|k’ (13) 


cos y, = | 


where V is the ratio of the volume before and after 
the transformation. Equation (13) shows that /, and 
/,’ must be taken with the same sign. 
Hence, 

cos y, = Fl,'/[( Fl,’ — 1, + (F1,’ - 


T fri. 


(14) 


Finally, the unit vector in the direction of motion 
(which is the same for all points) is given by 


p = u/|u| = (k’ — k)/|k’ — k| (15) 


Fig. 5 shows the angle y, plotted as a function of 
the parameter x, for 1 < « < 100*. The expression 
(14) for cos y, is even in x because /., /.’,1,, 1,’ are all 
odd in x, while 1, = cos k) = (ky — 

Mb,\/2 which is even in x and > 0. 7,’ is thus also 
As +00, 
has been discussed in Section 2 above, 


positive and even in 2. ¥y—>7/2. As 
variations of x 
outside the range 0.6675 < x < +0 correspond to 
reflection of the habit plane for some x in this range 
either in the prism generators or in the (O11), plane. 
Clearly, therefore the curve in Fig. 5 will rise to y, 
7/2 as x—» +0 and will, of course, be repeated for 
negative values of x. From the figure it is evident 
that the criterion of small shape deformation favours 
|z| values between about 4 and 10, and that as the 
(522) habit is approached the shape deformation must 
increase very rapidly if the postulated match is 
maintained. The x values may be restricted further 
by considering the additional atom movements needed 
to produce the final martensite structure. 
4, THE DISLOCATION ARRAY AND THE 
ORIENTATION RELATIONSHIP 

We have postulated that the shape change associ- 

ated with the transformation carries the y prism into 


* For given x, the alternative solution obtained by inter- 
changing B and C gives in general, another value of cos 7. 
The study of these alternative solutions is, however, more 
conveniently carried out by using the analysis based on 
surface dislocation theory,"!) which has now been programmed 
for the Ferranti Pegasus computer."?) One of us (B. A. B.) is 
indebted to Dr. A. G. Crocker for drawing his attention to 
this point, and for valuable discussion of it. 
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To 


Fic. 4. The shape deformation. 


the x, and at the same time adjusts the spacing of the 
atoms along the [011], rows (which are close packed 
directions in both phases). Any additional deforma- 
tion of the x-prism which is needed to make marten- 
site must therefore be compensated by dislocations in 
the moving interface, so that there is no other shape 
change. We have argued that the Burgers vectors of 
the dislocations will lie along the [O11], rows, and that 
the array will consist of like, parallel dislocations, so 
that it may move in unison. Accordingly, it must 
produce a simple shear in the direction of the prism 
generators, on some plane containing these generators. 
Thus, the additional atom movements must also 
consist of a simple shear in this direction, and, more- 
over, the plane on which the shear occurs will be 
unchanged by them. Therefore this plane must 


10 


already have the martensite structure as a result of 
the prism (shape) deformation only. Now, for an 
arbitrary choice of the parameter x, it is not clear 
that there will be any plane containing the [011], 
direction satisfying this requirement. In a full dis- 
cussion, therefore, we must first find the deformation 
produced in a selected plane containing [011],, by the 
shape deformation for different values of 2, and com- 
pare this deformation with that required to produce 
the martensite structure within the plane. On this 
basis, 2-values and corresponding planes may be 
selected, on any of which the transformation may be 
completed by a simple shear. These possibilities will 
be distinguished by their x-values (habit plane and 
shape deformation) and the magnitude of the addi- 
tional simple shear required. 


logiox 


Fic. 5, The angle y,, measuring the shape deformation, as a function of the parameter z, 
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However, we shall not give such a discussion here, 
but examine only the simplest possibility. This is 
that the plane on which the simple shear occurs is 
carried to its final state merely by the contraction of 
the [011], spacing along the prism generators; that 
is, the plane receives, during the shape deformation, 
only a uniaxial deformation along [011], and is other- 
wise undeformed. 

This hypothesis immediately restricts the plane to 
be (O11),; for this is the only plane which can attain 
its final structure in this way, if we suppose, as is the 
usual assumption,>*!) that the lattice pure strain 
during the transformation is that originally suggested 
by Bain“*), namely one which compresses the f.c.c. y 
cell by the factor 2 = c,,/a,, along one of its sides and 
expands it uniformly by the factor uw = a,,/a,=a,, 
\ 2/a,, in all directions at right angles to this side. 
This is because, for any of the three possible pure 
strains, [O11], lies in a plane containing two of the 
principal axes of strain, namely (100)... Hence [100], 
is the only line which remains normal to [011], and 
so (O11), is the only plane through {011}. which 
undergoes a uniaxial deformation. 

We have now to find the value of x at which the 
shape deformation produces only a uniaxial deform- 
ation of the (O11). plane. Fig. 6 shows the shape 
deformation of the b-face of the prism; as the [O11], 
generators become [O11], , generators, A 77—> AT", and 
CT’/CT =f, the ratio of the spacings along these 
directions. The shear s, in this face is given by 


s, = tan y, = cot p = (cos d, — f cos g,)/sin gd, (16) 
where the ¢’s are given by equations (6) and (7). A 
similar expression—with ¢, replaced by 4, and 4, by 
with 6’s defined above 
a-face of the prism. From s,(x) and s,(x2) the shear in 
any plane making, say, 7, with the b-face of the y- 
prism (Fig. 1), is readily calculated to be 


gives the shear s, in the 


= (448, — by8,) sin z/(c, sin A,) 


+ bys, sin (A, + y)/(a, sin (17) 


where sin A, = V2/3, sin B, = 2V/2/3. With this 
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definition, a decrease in the angle between the {011} 
and the 7'A direction corresponds to a positive value 
of s(zy). For (O11). 7 
s(77/2) = 0 when |x| ~ 8. It will be seen from Fig. 5 
that this value of « makes the shape deformation, as 


7/2, and we thus find that 


measured by the angle y,, very nearly a minimum. 
This provides additional justification for our simpli- 
fying hypothesis. 

To determine the density of dislocations in the 
interface, the additional shear on the (O11), plane 
needed to produce the martensite structure must be 
found. The shear in the plane perpendicular to (011), 
produced by the shape deformation is given by 
equation (17) with 7 = 0. This gives s(0) 8; 

0.062 for « = —8. 

Fig. 7 shows a projection of the modified y-lattice 
on the (100), plane. After applying the shape deforma- 
tion, the [O11],, spacing will be correct, and also the 


spacing of the (O11), planes, but the atoms will not be 
in the correct positions along the [O11], rows. Two 
possible ways in which the martensite structure may 
be generated are shown in the figure, where the «F 
cells P and Q are outlined by dotted lines. In the 
shear on (O11), leading to P, [O11], [O11], and in 
that leading to Q, [OL1],—>[OI1],,. Clearly the two 
possibilities give twin-related martensites, twinned by 
reflection in the usual(O11), = (112),,twinning plane 
of the body centred z/ lattice. 

The angle o between the directions [O10], and 
[O11], » of the «-phase is readily calculated from the 
aF lattice parameters to be 36° 28’. Thus the two 
possible shears are s,, in the [O11], direction or sg in 
the [O11], » direction, where 
0.245 


0.369. 


8p cot 2a 


cot 2a 


These additional shears can take place without 
affecting the shape change if they are just compen- 
sated by a suitable array of dislocations in the inter- 
face. These dislocations must lie in the (O11), plane 
and in the contact surface, and so along the line BH 
in Fig. 2. If their Burgers vectors are along [O11], and 


[oil], 


Fic. 6. The effect of the shape deformation on the 6 face of the y-prism. 
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Fic. 7. The modified y-lattice projected on the (100), plane. The full circles are at height 4. 


equal in magnitude to ¢,, the [O11],, spacing, and 
there isone dislocation for every » (011), planes, they 
produce a shear s, = 2t,/byn. This gives n = 5.7 and 
n = 8.5 for the two possible shears sg and s, con- 
sidered above. The larger value of , corresponding 
to the smaller value of s, will give the smaller value 
for the energy of the dislocations in the interface. It 
may readily be verified that, as has already been 
noted,“ the orientation observed by Greninger and 
Troiano™) is apparently that corresponding to the 
smaller value s 

The orientation relationship predicted by this 
treatment may be examined by considering the angles 
between the (111), planes, and between the [O11], 
directions. The angle between (111). and (111), may 
be found exactly by finding the components of v = 
m » I’ (Fig. 2) in the X-system, and so the angle 
between v and [111]... To a sufficient approximation, 
however, we may use the expression (A.27) in the 
appendix for —dm. The angle between [O11]. and 
[O11], is simply that between 1 and I’. Thus, we find 


~ (111),,4 (111), = 14’ 


cos! (1-1) = [O11], = 3.1° 


The martensite axes are fixed in relation to those of 
the y-phase by the fact that the x-structure is one of 
the two possible twins on the (O11), = (112),, plane. 

Clearly, instead of compensating the shear s, by the 
slip due to a suitable dislocation array as considered 
above, we may instead combine a stack of fine twins 
with shears +- cot 26 and appropriate thickness ratio 
to give resultant shears s, or sy, as considered by 
Wechsler, (WLR)™*. Our 


numerical values for sp and sg agree very closely with 


Lieberman and Read 


* This treatment using the slip due to a dislocation array in 
the prism matching method was first reported by one of us 
(F.C. F.) in a letter to Professor Read in May 1953, in reply to 
a communication from him enclosing an account of the 
treatment by alternating twinning. 


the g-values, g, = 0.2457 and g, = 0.3687, calculated 
from equation (53) of their paper. However, s,» and 
Sg are of opposite sign and refer to twin-related 
martensites with the same habit plane, while g, and 
J. have the same sign and refer to martensites from 
one correspondence but with different habit planes. 
A detailed study of the algebraic expressions for the 
g's shows at once how the numerical agreement arises. 

There is a slight numerical discrepancy with the 
shears 0.2505 and 0.3639 given for this alloy by 
Bowles and MacKenzie", presumably because they 
use for their dilatation parameter #? a value of ( = 
0.630, rather than the value 0.627 which corresponds 
to an undistorted habit plane. Of course, in this 
matching method, as in the analysis of WLR, the 
habit plane is undistorted, and the shape deformation 
is exactly an invariant plane strain. 

Finally, for further comparison with the observa- 
tions, we calculate the direction of movement in the 
shape deformation. Following WLR, we calculate a 
unit vector q along the projection of u on to the habit 
plane; this may then be compared with the estimates 
of the observed “shear” direction.“ The vector q is 
parallel to ST in Fig. 4 and in the (&, 7, f) axes 
has the components V(F/.’ — /., Fl,’ — 1,, 0) where N 
8 we find 


is a normalising factor. For x 


= (4, = (0.5929, 0.7690, 0.2389). 


When the “shear” is expressed on the plane vy = —k, 
the appropriate “‘shear”’ vector is —q. 


The angle y, in Fig. 4 is given by 


tan = 1/Nl;. 


5. DISCUSSION 


summarised in Table 1, 
for z= —8, 


Our results may be 
in which the 


and the experimental ones from the paper of Greninger 


theoretical values are 
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TABLE | 


Experimental Theoret - WLR 
ical 
x 
0.8208 0.8052 0.8027 
Habit 0.5472 0.5622 0.5691 
Plane 0.1642 0.1884 0.1783 
(15, 10, 3) 


Orientation (ll <1 14’ 15’ 
relationship 3.1 3 


“Shear” 10.28 0.3 
angle yy 10.55 10.71 


Shape 

deformation Direction — q, 0.5642* 0.5929 5964 
of 0.7315 0.7690 .7660 
chose qe 0.3828 0.2389 

* A mean estimated by WLR‘ from the experimental results.‘ 
and Troiano™). In addition we give also the theoreti- 
cal values of WLR for this alloy, which has also 
been treated with similar results by Bowles and 
MacKenzie". 

In this table, we have made the appropriate permu- 
tation of habit plane indices in the WLR results to 
make them agree with our situation. (We have [O11 I, 
nearly parallel to a (111),, direction and habit plane 
(15 10 3), while they have [110],, nearly parallel to 

111),, and habit plane (10 3 15)). 

It is clear that we have, by this elementary match- 
ing analysis arrived at the same solution to the prob- 
lemasthe other treatments using matrix algebra.“.>—?) 
Perhaps the most instructive feature of the present 
method is that, by focusing attention on the con- 
tinuity across the interface, it enables the actual atom 
movements accompanying the transformation to be 
readily visualised. Indeed, in some of the other 
treatments,®:>® it is emphasised that the analysis 
connects only the initial and final states, and that no 
picture of the atom movements is provided. 

Also, Fig. 5 shows that the dislocation structure 
postulated in the interface (or the shear plane on 
which the heterogeneous atom movements occur) is 
such as to make the shape deformation nearly a 
minimum: in particular, if the postulated match is 
maintained, the shape deformation rises rapidly as 
the habit plane moves towards (522). We might then 
anticipate that this match is confined to habit planes 
near the centre of the stereographic triangle, and that 
there is a distinct change in the nature of the con- 
formity as we move away from this region. 

On the other hand although the matching method 
permits a rapid assessment of whether an observed 
habit plane is consistent with a given match, more 
powerful, if less intuitive, methods are now available 
for the systematic investigation of the other features 


of a given transformation. In particular, the analysis 
using surface dislocations,”) which has now been 
programmed for the Pegasus digital computer,” 
provides a more convenient alternative for extensive 
calculations. 
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APPENDIX 
The matching of prisms 
The problem of matching together two given lattices 
so that all rows of one family in the first meet all rows of 
one family in the second on a particular plane, without 
regard for atomic positions along those rows, reduces to 
that of matching the ends of two triangular prisms 
Let two triangular prisms whose right sections have 
sides, @,, ),, ¢; and dy, by, Cy, respectively, be so oriented 
that they match on the triangle 4 BC. Through the 
point C describe planes CA, B, and CA,B, perpendicular 
to the generators of the first and second, respectively. 
Let the lengths along edges of the first prism, b,B and 
A,A, be x, and y,; and the lengths along edges of the 
second prism, B,B and A,A be x, and y,. Then we have 
three equations: 
(A.1) 
(A.2) 
(vy T c,* (Vy Yo)” (A.3) 
where dp), bg and cy denote the sides of the triangle A BC. 
Now let us re-express the variables and the constants in 
terms of means and differences, thus 


xr Ox Bo vy 


a (ay + Ay) Oa dy a, ete. 
Equations (Al—3) now become 
aoa 
yoy bdb 
(x y) (0a Oy) —coc, 
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By combination of these we can derive two equations 


yl« + dy/dx = (ada + bdb — cédc)/ada (A.8) 
xly + dx/dy = (ada + bdb — cdc)/bdb (A.9) 
whence it follows that y/x and dy/dx are conjugate roots 
of the same quadratic equation. Solving this, and 
employing equation (5) once more we obtain equations 
giving ox, y and dy as simple functions of x: 
da = Alx (A.10) 
y = Ba (A.11) 
dy = AC/x (A.12) 
where A, B and C depend only on the dimensions of the 
prisms: 


A = —ada (A.13) 
B = {ada + bdb — ede + [(ada + bdb — edc)* 
(A.14) 
C = {ada + bdb — ede — [(ada + bdb — cdc)? 
— 4adabdb]'/*'/2ada (A.15) 


and B and C may be interchanged to give an alternative 
solution. 

The angles 9. between the generators 
of the prisms and the traces of their a, b and ¢ faces in 
the matching plane are calculable from the equations: 


tan 6, =a,/r,;;  tand, = b,/y;; tan yy = — 


(A.16) 


tan 6, = a,/r,; tands = tan = — Yo) 
(A.17) 


The differences 6, — 0, = 66 ete., are given by 
sin 06 = tan 4, (a,/a, — cos 06) (A.18) 
sin = tan ¢, (by/b; — cos (A.19) 
sin dy = tan — cos dy) (A.20) 


which are suitable for iterative approximation; or if 
they are small by 


00 = = —dz/a (A.21) 
0d = Ob/y dy/b (A.22 
dy = de/(x — y) = (dy — da)/e. (A.23) 


The dihedral angle @, between the matching plane and 
the c, face of the first prism is given by the formula 


= + — 
sin B,) — (x, — y,) cot 


(A.24) 


tan? 


where /, is the angle between the a, and c, faces given by 
20s = 2 b.2 2)/9, 95 
cos B, = (a,* — b,? + ¢,*)/2a,c,. (A.25) 

The difference @, — @, = 0 is given by 
sin dw = tan @, [a sin f,/(a, sin — cos dw) (A.26) 


in a form suitable for iterative approximation: or, if 
dw is small by 


dw = tan @, sin f,/(a, sin — 1). 


When the calculation refers to a lattice, a, sin f, is the 
spacing between planes of the family c,. 


‘ 

bee 

: 

VO 
(4.27) g 

19 

if 


THERMODYNAMICS OF FORMATION OF COPPER-MAGNESIUM AND 
NICKEL-MAGNESIUM COMPOUNDS FROM VAPOR PRESSURE 
MEASUREMENTS ** 


J. F. SMITH and J. L. CHRISTIAN? 


The magnesium vapor pressures over copper—magnesium and nickel—magnesium alloys have been 
measured by the Knudsen effusion method in the temperature range, 400—-1100°K. The free energies, 
enthalpies and entropies of formation of Mg,Cu, MgCu,, Mg,Ni and MgNi, were computed from the 
vapor pressure data. The results indicate that the bond strengths in the nickel-magnesium compounds 


THERMODYNAMIQUE DE LA 


are appreciably greater than in the corresponding copper—magnesium compounds. 


FORMATION DES 
NICKEL-MAGNESIUM A PARTIR DE MESURES DES TENSIONS DE VAPEUR 


COMPOSES CUIVRE-MAGNESIUM ET 


Les tensions de vapeur des alliages cuivre—magnésium et nickel-magnesium ont été mesurées par la 
méthode d’effusion de Knudsen dans le domaine de températures allant de 400 & L100°K. De ces valeurs 
ont été déduites les énergies libres, les enthalpies et les entropies de formation de Mg,Cu, MgCu,, Mg,Ni 


et MgNi,. 


Les résultats indiquent que les liaisons dans les composés de nickel-magnésium sont sérieusement 


plus fortes que les correspondantes dans les composés cuivre-magnésium, 


THERMODYNAMISCHE DATEN ZUR BILDUNG VON KUPFER-MAGNESIUM UND 
NICKEL-MAGNESIUM VERBINDUNGEN AUS DAMPFDRUCKMESSUNGEN 


Der Magnesiumdampfdruck iiber Kupfer-Magnesium und Nickel—-Magnesium Legierungen wurde 


nach der Knudsenschen Effusionsmethode im Temperaturbereich von 400° bis 


1100° gemessen. 


Die freien Energien, Enthalpien und Entropien fiir die Bildung von Mg,Cu, MgCu,, Mg,Ni und MgNi, 


wurden aus den Dampfdruckdaten berechnet. 


Die Ergebnisse zeigen, daB die Bindungskrafte der 


Nickel-Magnesium Verbindungen betrachtlich gréBer sind als die der entsprechenden Kupfer-Magnesium 


Verbindungen. 


INTRODUCTION 

Measurement of the vapor pressure of magnesium 
over a series of copper-magnesium and_nickel— 
magnesium alloys was undertaken in order to deter- 
mine the thermodynamics of formation of the com- 
pounds, Mg,Cu, MgCu,, Mg,Ni and MgNi,. No 
thermodynamic data relating to the formation of any 
of these compounds was found in standard compila- 
tions. Accumulation of such data for a large number 
of intermetallic compounds is desirable in order to 
correlate energies and entropies of formation with 
crystal structure and, hence, with intermetallic 
bonding. In the present case, elemental copper and 
nickel have closely comparable crystal structures, 
cohesive energies, atomic sizes and electronegativities 
which indicates a close similarity in the elemental 
bonding. The four compounds in question are structur- 
ally related and all exhibit high coordination numbers 
with the each structure being 134 


neighbors per atom. 


average in 
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MgCu, and MgNi,, together with MgZn,, are the 
prototypes of the respective Laves structures: C15, 
C36 and C14. The crystallography of these structures 
has been discussed in detail by Berry and Raynor“). 
The atomic coordination in the structures is the same, 
but the structures differ in layering arrangement. 
If the formulae are represented as A 4,, each A atom 
is coordinated to four A atoms and to twelve B atoms 
while each B atom is coordinated to six A atoms and 
to six B atoms. Both atomic species occur in the 
structures as interpenetrating three-dimensional 
networks. 

The structures®-®) of Mg,Cu and Mg,Ni have been 
determined, and while Mg,Cu is orthorhombic and 
Mg, Ni is hexagonal, the atomic coordination is in both 
cases very nearly the same as in the tetragonal C16 
structure. Again, if the formulae are represented as 
A,B, each A atom is coordinated to eleven A atoms 
and to four B atoms and each B atom is coordinated 
to eight A atoms and to two B atoms. The A species 
forms a three-dimensional network, but, in contrast 
to the Laves structures, the B species run through the 
structure as one-dimensional threads or chains. In 
the C16 structure all of these threads run parallel 
while in the Mg,Cu and Mg,Ni structures the threads 


249 


VOL. 
8 | 
1960 


ACTA METALLURGICA, VOL. 8, 


WEIGHT 


1960 


PER CENT MAGNESIUM 


30 40 50 60 70 8090 


10 20 
T T 


' 
' 
L 


400 L 


fe) 10 20 40 
Cu 


70 80 90 100 


ATOMIC PER CENT MAGNESIUM Mg 


Fic. 1. Temperature-composition diagram for the copper-magnesium system (after Hansen and Anderko). 
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Fic, 2. Temperature-composition diagram for the nickel-magnesium system (after Hansen and Anderko). 


run parallel within a given layer, but the direction 
varies from layer to layer. 

The phase diagrams’ of the copper—magnesium 
and nickel-magnesium systems are shown in Fig. | 
and Fig. 2, respectively. The diagrams are quite 
similar. No composition variation is indicated for the 
compounds Mg,Cu, Mg,Ni and MgNi, while a homo- 
geneity range extending from about 32.8-35.5 at. °, 
is shown for MgCu,. The activity variation accom- 
panying this narrow homogeneity range is expected 
to be small and, in view of the precision of the vapor 


pressure measurements, has been neglected in the 
treatment of the data. 


EXPERIMENTAL RESULTS 

Magnesium vapor pressures were measured by the 
Knudsen effusion method. The apparatus has been 
described in a previous paper.‘® With this apparatus 
the amount of effused vapor was determined by 
weight loss. No solid angle calculations, consideration 
of condensing efficiency or additional analytical 
techniques were necessary. The magnesium vapor 
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Fic. 3. Vapor pressures measured over copper-magnesium alloys, 


was assumed to behave as an ideal monatomic gas: 
evidence supporting this assumption is the good 
agreement between magnesium vapor pressures 
measured by Schneider and Stoll using a gas 
transport method and magnesium vapor pressures 
determined by the effusion method using the mona- 
tomic gas assumption. Chemical and spectrographic 
analyses of some of the condensate from the walls of 
the effusion apparatus were made after separate series 
of vapor pressure measurements above copper- 
magnesium and above nickel-magnesium alloys. The 
analytical results showed that neither copper nor 
nickel contributed significantly to the measured vapor 
pressures and that in both systems the measured vapor 
pressures could be treated as being due solely to 
magnesium. 

Vapor pressures were measured over copper-— 
magnesium alloys containing 12, 22, 32, 44, 59, 63, 77 
and 89 at. °,, magnesium and over nickel-magnesium 
alloys containing 16, 30, 32, 49, 65, 77 and 87 at. °, 
magnesium. The phase relationships in the alloys 
were checked both metallographically and by X-ray 
analysis. A plot of the copper-magnesium data is 
shown in Fig. 3 and a plot of the nickel-magnesium 


data is shown in Fig. 4. In both cases it can be seen 
that the measured vapor pressures are consistent with 
the phase diagrams. A summary of the data is shown 
in Table 1 where the parameters for the best linear 
fits to the experimental points are tabulated. 

The 
magnesium alloys containing 77 and 89 at. °,, magne- 


measured vapor pressures over copper— 
sium and over nickel-magnesium alloys containing 77 
and 87 at. °,, magnesium were found to be in excellent 
agreement with the previously derived equation,'® 
77967! 


log P° (atm) = 7.919 - 0.589 log T 


(0.16 10-3)7' + (0.85 « 104)7T-2, (1) 
for the vapor pressure over pure magnesium. Such 
agreement is expected if the terminal solubilities of 
copper in magnesium and nickel in magnesium are as 


small as indicated by the phase diagrams. 


THERMODYNAMICS OF FORMATION 
OF MgCu, AND M&§Ni, 
Vapor pressures measured over copper—magnesium 
alloys containing 12, 22 and 32 at. °, magnesium 
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Fic. 4. Vapor pressures measured over nickel—magnesium alloys. 
TABLE E. Linear representation of a vapor pressures was found to be quite adequately represented by the 
log P (mm Hg) = AT 4 
72 xan] 
Over phase —RT In = —310 + 0.5957. (3) 
If the Raoult’s law approximation, ag, = Ne, is 
Ae +2 made, this expression is simply the free energy 
MgCu, 7830 110 | 8.00 + 0.20 > 
pu Cu + MgCu. 8540 — 130 | 7.99 0.20 contribution in equation (2) arising from the dissolution 
pil MgNi, + Mg,Ni S840) %) | 9.42 + 0.11 of pure solid copper to form solid solution. Any error 
piv Ni + MgNi, 10700 + 200 | 9.12 + 0.20 : ; 
pe pure Mg 7550 - 130 8.69 0.19 introduced into the evaluation of the enthalpy and 


represent the equilibrium vapor pressures for the 
reaction, 
MgCu, (s) = Mg (g) + 2 Cu (soln), 


AF RT P" aj,,. (2) 
where P! is the magnesium vapor pressure, d¢,, is the 
activity of copper in the terminal solid solution and 
AF’ is the free energy associated with the dissociation 
of the compound into pure solid copper and magnesium 
gas at one atmosphere pressure. The available data 
on the terminal solubility of magnesium in copper is 
not highly accurate,‘ but the experimental points 


indicate a variation from about 97—93 at. ° 


» copper 
in the temperature range of the vapor pressure 
measurements. The temperature dependence of the 


mole fraction of copper, V¢,,, in the terminal solutions 


entropy of formation of MgCu, through use of the 
Xaoult’s law approximation or because of inexact 
knowledge of the composition of the terminal solutions 
is apt to be much less than the uncertainties arising 
from the precision limits of the 
measurements. 


vapor pressure 


Since the heat capacity of MgCu, has been measured, 
the temperature dependence of the free energy of the 
reaction in equation (2) may be obtained through use 
of a defined sigma function,“ © = AH, T+ J. 
The constants, AH, and J, are the integration constants 
arising, respectively, from the integrals, | AC,, dT’ and 
fd(AF°/T). The experimental values for the heat 
capacities of the compound’) MgCu, and for pure 
copper? were combined with the ideal value for 
magnesium vapor to obtain for the reaction, 


AC, = 1.12 — (5.50 x 10-8)7. (4) 
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we 
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Fie. 5. Sigma function versus reciprocal temperature 
for the dissociation of MgCug. 
The relationship between AF®° in equation (2) was 
combined with the relationships obtained from the 
integrals to obtain 

= (MgCu,) = —Rin +1.12InT 

- (2.75 x 10-%)T. (5) 
Numerical values for the sigma function were computed 
from the measured vapor pressures and the tempera- 
ture dependence of N,,,. A plot of the sigma function 
versus reciprocal temperature is shown in Fig. 5. 
The degree of linearity of this plot is a check of the 
consistency of the data. The constants, AH, and J, 
were evaluated through use of the method of least 
squares: AH, = 40.27 + 0.54 keal/mol and J = 
—18.80 -+- 0.63 cal/mol deg. 

The numerical constants for the sigma function can 
be substituted into equation (5), and the equation can 
then be rearranged to obtain AF° for equation (2). 
This AF° may be combined with the AF° computed 
from equation (1) for the process of sublimation of 
pure magnesium. This combination gives the free 
energy of formation of the compound MgCu, from 
the elements in their standard states and may be 
expressed as 

Mg (s) + 2 Cu (s) = MgCu, (s), 
AF° = RT in P™N2,/P°, (6) 
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with 
AF° = —4600 + 5.27 T log T — (2.00 « 10-%)T? 

— (0.39 105)T-1 — 17.447, (7a) 
AH° = —4600 — 2.29 T + (2.00 x 10-%)T? 


- (0.78 « 105)T-1, (7b) 
AS 15.15 — 5.27 log T' + (4.00 « 10-3)T 
— (0.39 x 105)T-?, (7c) 


These relationships were used to compute values for 
the enthalpy and entropy of formation: AH 

5.4 + 1.1 keal/mol and AS,9, = 2.8 +- 1.5 cal/mol 
deg. 

Vapor pressures measured above nickel-magnesium 
alloys containing 16, 30 and 32 at. °, magnesium 
represent the equilibrium vapor pressures over the 
region of solid nickel plus the compound MgNiy. 
These vapor pressure data may be treated in a manner 
analogous to the treatment of the copper-magnesium 
data. In the case of the nickel-magnesium alloys, the 
terminal solubility of magnesium in nickel is negli- 
gible and the activity of nickel may be set equal to 
unity at all temperatures. Heat capacity data for the 
compound’ MgNi, and for pure nickel“® were com- 
bined with the ideal value for magnesium vapor to 
obtain 

AC,, = 1.10 — (3.32 x 10-%)T (8) 


for the process of sublimation of magnesium from 
MgNi,. Measured values for the vapor pressure, P'Y, 
were used to evaluate a sigma function for this 
sublimation process. A plot of the sigma function 
versus reciprocal temperature is shown in Fig. 6. 
The integration constants were evaluated by the 
method of least squares: AH, = 48.1 1.1 keal/mol 
and J = —21.7 + 1.1 cal/mol deg. These numerical 
constants were utilized to obtain for the reaction, 
2 Ni (s) = MgNi, (s). 

AF’ = RT in (9) 
the following relationships for the thermodynamic 
functions representing the formation of the compound 


Mg (s) 


from the pure elements: 


AF® = —12400 + 5.23 T log T — (0.91 x 10-%)T? 
(0.39 10°)T-1 — 14.5T; (10a) 
AH° = —12400 — 2.27 T+ (0.91 10-3) T? 


(0.78 
5.23 log T + (1.82 x 10-%)T 
- (0.39 105)T-. (100) 


(LOb) 


AS° = 12.26 


It should be noted that these formulae are based 
upon heat capacity and vapor pressure values taken 
above the Curie temperature of nickel. In principle, 
a correction for the magnetization of nickel should be 
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= (MgNi2) 
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Fic. 6. Sigma function versus reciprocal temperature 
for the dissociation of MgNig. 

made when extrapolating these formulae to calculate 
entropies and energies of formation below the Curie 
temperature. However, calculation of this correction 
on the basis of the heat capacity data tabulated by 
Kelley"® shows that in the range between room 
temperature and the Curie point the correction is less 
than the experimental uncertainty and may be 
neglected. Values for the enthalpy and entropy of 
formation were computed as: AH,,. = —13.3 + 1.5 
keal/mol and AS... = —0.6 + 1.4 cal/mol deg. 


THERMODYNAMICS OF FORMATION OF 
Mg,Cu AND Mg¢,Ni 
The equilibrium vapor pressures for the reaction, 
Mg,Cu (s) = $Mg (g) + }MgCu, (s), (11) 
AF° = —(3/2) RT In P', 
were obtained from measurements above copper-— 
magnesium alloys containing 44, 59 and 63 at. °, 
magnesium. Equation (11) may be combined with 
equation (6) and with the description of the sublimation 
process for pure magnesium to obtain 
2 Mg (s) + Cu (s) = Mg,Cu (s), 
AF° = RT [} In (P™N2.,/P°) 
+ (3) In (P'/P*)]. (12) 
Since no heat capacity data were available for the 
compound Mg,Cu, it was assumed that AC, for the 
reaction was zero. The appropriate vapor pressure 


relationships shown in Table 1 and the mole fraction 
relationship in equation (3) were substituted into 
equation (12) to obtain as a mean for the temperature 
range of measurement, 


AF® = —(4.0 + 1.8) x 108 — (6.8 + 3.6)T. (13) 


The relatively large uncertainties result because of 
the cumulative errors from three separate sets of 
measurements; the use of the enthalpy and entropy 
values as 298°K values is likely to be valid within 
the precision of measurement. 

Since no heat capacity data were available for the 
compound Mg,Ni, the nickel-magnesium data were 
treated in a manner completely analogous to that for 
the copper—-magnesium data. Vapor pressures measur- 
ed above the nickel-magnesium alloys containing 49 


and 64 at. °,, magnesium represent the equilibrium 
vapor pressures over the two phase region of MgNi, 
plus Mg,Ni. Appropriate combination of the thermo- 


dynamic processes describing the equilibrium between 
the compounds, the sublimation of pure magnesium 
and the formation of MgNi, were made to obtain 


2 Mg (s) + Ni (s) = Mg,Ni (s). 
AF? = RT [4 ln + (3) In (P™!/P°)] (14) 
(16.0 + 2.2) x 103 + (6.0 + 2.9)7. 


DISCUSSION 

Pertinent data relative to the formation of MgCug, 
MgNi,, Mg,Cu, Mg,Ni and related compounds are 
summarized in Table 2, and some general observations 
may be noted. The compounds are listed in order of 
decreasing magnitude of the enthalpy of formation. 
There is indication from the tabulation that com- 
pounds of higher melting point tend to have larger 
heats of formation. But, contrary to the results 
correlated by Kubaschewski™), there is little apparent 
correlation between the enthalpies of formation and 
either the absolute or relative volume contraction 
accompanying compound formation. Improved preci- 
sion in lattice parameter determinations might alter 
somewhat the values for the volume contractions, 
but it is most unlikely that this would improve a 
correlation between enthalpy and volume contraction. 
Possibly the lack of correlation in the present instance 
is attributable to the fact that the compounds here 
under consideration are normally considered to result 
because of atomic size effects while the volume— 
enthalpy correlation achieved by Kubaschewski was 
for structures normally considered to form because of 
electron/atom ratios. In Table 2 a trend toward 
increased cohesion with an increase in the number of 
valence electrons is indicated if the nominal number 
of valence electrons is based on the ordinary chemical 
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TABLE 2. Data on the formation of MgCu,, MgNi 


y 298 
(cal/mol deg) 


2, Mg,Cu, Mg,Ni, and related compounds 


Melting 
point 


Nominal no. 


(em4/mol) (%) bonding electrons 


(a) Laves structures 


CeAl, C15 39.0 + 3.0 0.8 2.1 9 1465 
LaAl, C15 36.1 1.6 3.7 9 1424 
ZrZn, C15 35.3 + 0.7 —16.2 + 0 ‘7 5.4 s 1180 
MgNi, C36 13.3 + 1.5 0.6 +1 3.2 11.8 6 1145 
MgZn, Cl4 12.8 + 0.5 2.2 6.8 6 590 
CaMg, Cl4 8.3 + 2.9 —1.1 4 3.0 5.6 6 714 
MgCu, C15 5.44 1.1 2. 6.2 819 
KNa, Cl4 0.9 ‘3 1.2 3 dec. 6.6 
(b) C16 and related structures 
Mg.Ni ~C16 16.0 + 2.2 6.0 + 2.9 3.7 10.8 6 dec. 760 
Al,Cu C16 9.5 + 1.0 0.1 0.5 7 591 
Mg,Cu ~C16 4.0 + 1.8 6.8 + 3.6 2.2 6.2 5 568 


Structure and lattice parameter data for AV calculation were taken from W. B. PEARsoN, Handbook of Lattice Spacings 
and Structures of Metals, Pergamon Press, New York (1958); melting point data (except ZrZn,) from M. HANSEN and K., 
ANDERKO, Constitution of Binary Alloys, 2nd Ed., McGraw-Hill, New York (1958); and the thermodynamic values as follows: 


(a) CeAl,, LaAl,, MgZn,, Al,Cu: 
York (1951); 


O. KusBascHEwski and E. Evans, Metallurgical Thermochemistry, Academic Press, New 


(b) ZrZn,: P. Curorri and G. R. Krip, Trans. Amer. Inst. Min (Metall.) Engrs., to be published. 


(c) CaMg,: J. F. Smirx and R. L. Smytue, Acta Met. 7, 261 (1959). 
(d) Na,K: entropy calculated from heat capacity data of Krier, Craic and Wauiace, J. Phys. Chem. 61, 522 (195 


(e) MgNi,, MgCu,, Mg,Ni, Mg,Cu: this investigation. 


valence: Zr: 4; Al, Ce, La: 3; Ca, Mg, Ni, Zn: 2; Cu, K, 
Na: 1. No such trend is found if Pauling valences"”) 
are subsituted for the ordinary chemical valences. 
Lastly, four out of five of the Laves phases show 
quite small values for the entropies of formation. 
More data must be acquired before it can be ascertained 
whether or not such low values for the entropies of 
formation are typical of Laves stuctures in general. 

The enthalpy of formation of MgCu, is larger than 
the enthalpy of formation of Mg,Cu. This is in accord 
with the general rule‘® that, within a given system, 
the heats of formation per gram atom of the compounds 
occur in the same order as the melting points. This 
order of the enthalpies of formation is inverted in the 
nickel-magnesium system with the peritectic decompo- 
sition of Mg,Ni occurring below the melting point of 
MgNi,. This exception to the general rule must be 
attributable to the fact that the relatively large 
negative entropy of formation of Mg,Ni opposes high 
temperature stability. 

Since the close crystallographic 
between the respective compounds in the two alloy 
systems necessitates equal numbers of ligands, the 
larger enthalpies of formation of the nickel-magnesium 
compounds compared to the respective copper— 
magnesium compounds indicate appreciably greater 
bond strengths in the nickel-magnesium compounds 
than in the copper-magnesium compounds. The 
relatively greater volume contraction of the nickel- 


relationships 


magnesium compounds is also consistent with 
stronger bonding. In addition, the negative entropies 
of formation of the nickel-magnesium compounds 
indicate reduced vibrational and greater 
localization of the atoms in the compounds compared 
to the elemental structures indicative of 
stronger and more rigid bonds in the compounds. In 


contrast, the entropies of formation of the copper- 


freedom 


and is 


magnesium compounds are positive. Hence, compari- 
son of the entropies of formation also indicates that 
the bonding in the nickel-magnesium compounds is 
stronger than in the copper-magnesium compounds. 
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INTERMETALLIC PHASES IN THE ALUMINIUM- 
MANGANESE BINARY SYSTEM* 


M. A. TAYLORT 


The region of the aluminium-manganese phase diagram from 33 to 45 wt. manganese has been 
investigated by means of X-ray analysis, density measurements, and microsections. Two previously 
unknown intermetallic compounds have been isolated, and a third known phase shown to be stable only 
at high temperatures. Crystallographic and chemical studies of the various phases are described, and 
corrections to the published phase diagram are suggested. 


PHASES INTERMETALLIQUES DANS LE SYSTEME BINAIRE ALUMINIUM-MANGANESE 
Le diagramme de phase aluminium—manganése a été étudié dans la région de 33 4 45% (en poids) de 
manganése par une analyse aux rayons X, par des mesures de densité et par observation de micro- 
sections. Deux composés intermétalliques inconnus ont été isolés. L’auteur a observé également qu’une 
troisieéme phase déja identifiée n’est stable qu’aux températures élevées. 
L’étude cristallographique et chimique des diverses phases est décrite et des corrections sont suggérées 
& propos des diagrammes de phase antérieurement publiés. 


INTERMETALLISCHE VERBINDUNGEN IM SYSTEM ALUMINIUM-MANGAN 


Im Phasendiagramm Aluminium—Mangan wurde das Gebiet von 33 bis 45 Gewichts—Prozent Mangan 
rontgenographisch, densitometrisch und metallographisch untersucht. Zwei bisher unbekannte inter- 
metallische Verbindungen wurden isoliert, von einer dritten wurde gezeigt, daB sie nur bei hohen 
Temperaturen stabil ist. Es werden kristallographische und chemische Untersuchungen der verschie- 
denen Phasen beschrieben und Korrekturen an den ver6ffentlichten Phasendiagrammen vorgeschlagen. 


INTRODUCTION 
Attempts to produce the ‘MnAl,’ phase referred to 
by Hofmann" revealed several errors in the published 
Al-Mn phase diagram (Hansen). A melt at 34.6 
per cent Mnt quenched from 850°C contained hex- 
agonal crystals with unit cell dimensions: 


a = 19.95 +. 0.01 A 
c = 24.52 + 0.01 A. 


This phase is hereafter referred to as u(AlMn). A 
second melt at 40.0 per cent Mn, also quenched from 
850°C, contained hexagonal crystals with unit cell 
dimensions: 


a = 7.54 + 0.01 A 


This phase is referred to as ¢(AlMn). Each of these 
ingots contained more than one phase. Neither of the 
two hexagonal phases had previously been found in 
the Al-Mn binary system, and furthermore the 
‘MnAl,” phase could not be found in either ingot. 
These observations led to an investigation of the 
aluminium-rich region of the phase diagram, and 
suggestions for its correction have been made. It 
must be stressed here that the prime purpose of the 
investigation was not the exact determination of the 
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form of the phase diagram (and hence no thermal 
analysis has been done), but rather to establish the 
chemical compositions and crystallographic character- 
istics of the various intermetallic compounds found in 
the system, and to examine their stability at a 
limited number of temperatures. 

A survey of the literature showed that knowledge 
of the region from 35-45 per cent Mn is very uncertain, 
but that the region 0-35 per cent Mn appears to be 
reasonabiy well established. Eleven melts were 
therefore made up at | per cent composition intervals 
in the range 35-45 per cent Mn and annealed at 
780°C; these were examined by X-ray powder 
photographs, density measurements and microsections. 
Selected single crystals were examined by X-ray 
oscillation photographs. Subsequently sixteen further 
melts, in a wider composition range, were made up, 
annealed at various temperatures, and examined by 
the above methods. 


PREVIOUS WORK 

Many investigations of the Al-Mn system have been 
reported, and the reader is referred to Hansen? (from 
which Fig. 1 has been adapted) for a detailed dis- 
cussion and relevant references. Only points of 
particular interest in relation to the present work are 
mentioned here. 

The nature of the phases X and ‘MnAl,’ is still 
uncertain. The exact composition and homogeneity 
range of the phase ‘MnAl,’ is not satisfactorily 
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Fic. 1. Aluminium-rich region of published aluminium— 
manganese phase diagram Hansen’, 
Adapted by permission from Constitution of Binary 
Alloys by M. Hansen. Copyright McGraw-Hill Book 
Co. (1958). 


established, although Hofmann” isolated crystals of 
the phase, measured its unit cell dimensions, and gave 
its chemical composition (from chemical analyses of 
the single crystals) as 41 per cent Mn. Phillips 
established the phase X as having a composition 
between 33.7 and 41.4 per cent Mn and suggested it 
may be the phase found with monoclinic or triclinic 
habit in ingots of 20-40 per cent Mn. Hofmann” and 
Bland determined the unit cell dimensions of this 
triclinic erystal—i.e. 6(AlMn)—and the latter gave its 
composition, from crystallographic considerations, as 
42.5 per cent Mn (i.e. Mn,Al,,), in agreement with the 
previous statement of Hanemann & Schrader‘® that 
it is richer in manganese content than MnAl,. It 
seems possible, in view of the disagreement of the 
various compositions assigned, that the phase de- 
scribed by Phillips is not 6( AlMn) but a different phase, 
probably «(AIMn) or ¢(AIMn). 

In addition to the peritectic temperatures associated 
with the formation of MnAl, and MnAl,, thermal 
arrests have also been observed at 880°C,%.® at 
920°C and at 990°C.7-® The effect at 920°C was 
not observed by Phillips, and has therefore not been 
given in the published phase diagram; furthermore, 
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correlation between the formation of the phases X 
and ‘MnAl,’ and the thermal arrests has not been 
satisfactorily established. 

It must be added here that Phillips, on whose work 
the phase diagram in the region 30-45 per cent Mn is 
to a large extent based, was unable to anneal his 
specimens to equilibrium in the range 34-37 per cent 
Mn. 

To summarise, one can say that knowledge of the 
composition and homogeneity ranges of the phases 
with composition between 35-45 per cent Mn appears 


reasonably well established. 


IDENTIFICATION OF INTERMETALLIC PHASES 


Possible methods of identification include re- 
cognition of crystal habit, chemical analysis, etching 
characteristics and X-ray analysis. In the present 
work it was decided that identification could best be 
carried out in terms of crystallographic characteristics, 
but that supporting evidence from as many other 
sources as possible is also necessary. The chemical 
composition is, of course, essential in the description 


of any phase. 
PREPARATION OF SPECIMENS 
The methods used to produce pure homogeneous 
ingots are The and 
aluminium were each of 99.99 per cent purity. The 


now described. manganese 
alloys were melted in recrystallized alumina crucibles 
under a protective atmosphere of argon. 

For a given specimen the aluminium and _ the 
manganese were melted together in an induction 
furnace. The resulting ingot was then cracked up and 
remelted in the induction furnace, this being done 
to ensure that all the and to 
attempt to homogenise the ingot. The specimen was 
then annealed in a resistance furnace and finally 


manganese melted 


quenched. The average weight of a specimen was 
twelve grams. 

Previous work indicated that long anneals are 
necessary even at high temperatures in order to attain 
equilibrium conditions in these alloys. Some evapora- 
tion from the ingots, however, occurs during this 
prolonged annealing. To determine its extent, and 
also to check the long-range homogeneity in an ingot, 
a specimen of initial composition 35 per cent Mn was 
made and a piece of it analysed. The analysis vielded 
34.7 per cent Mn, thus verifying that the evaporation 
was small and the long-range homogeneity satisfactory. 

Details of the various annealing treatments are 


given below: 


Melts made at | cent composition 


intervals in the range 35-45 


A were per 


per cent Mn and 
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annealed for 10 days at 780°C. It was found that 
the ‘MnAl,’ phase (taking Hofmann’s crystallo- 
graphic data as a means of identification) was not 
stable in this region, and that melts at 35 and 
36 per cent Mn had not reached equilibrium. 

Melts B were quenched from 950°C, after being 
annealed at this temperature for half an hour. 
This was done to test for the existence of ‘MnAl,’ 
at temperatures above 780°C. 

Melts C were annealed at 850°C for 14 days. This 
was done in a successful attempt to produce 
equilibrium in alloys of the same compositions as 
those that had not reached equilibrium in Melts 
A. Melts C showed the existence of a phase with 

between MnAl, 
33.5 per cent Mn) and 35 per cent Mn. 

Melts D were therefore made at 33-35 per cent Mn 
and annealed for 2 weeks at 810°C. 
was attained in these ingots. 


composition apparently (i.e. 


{quilibrium 


METHODS OF EXAMINATION OF INGOTS 
(a) De nsity measurements 

The density of the ingot was measured by the 
displacement method, using distilled water. The 
ingots were cracked open and several solid pieces from 
each were used. Measurements made on three different 
specimens from each ingot gave a mean value of the 
density reproducible to within +-1 per cent. 

The specimens were slightly porous, and therefore 
slightly less dense than crystallographically ideal cry- 
stals. The degree of porosity should, however, be similar 
in ingots that have undergone identical heat treatments, 
and it may be assumed that the actual density is in 
some approximately fixed ratio to the ideally perfect 
density. The validity of this approximation is shown 
by the results below. 

In a plot of density versus composition for ingots 
after similar heat treatments, peaks of maximum 
density may be expected at the stoichiometric 
compositions of the various intermetallic phases, and 
minima in the intermediate two-phase regions. 


(b) Metallography 


Microsections of samples from each ingot were 
prepared. Etching by total immersion for about 30 
sec in } per cent HF was found to outline the various 
phases satisfactorily. 


(c) X-ray examination 


Powder photographs of representative samples 
from each ingot were taken using FeK«* radiation. 


* FeKa, although not the most suitable for use with these 
alloys, was the only available radiation. 
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Fic. 2. Density measurements of aluminium 
manganese alloys. 

_] Specimens annealed at 780°C for 10 days (A) 

Specimens annealed at 850°C for 14 days (C) 

A Specimens annealed at 810°C for 14 days (D). 
Large single crystals of each phase were identified by 
means of rotation photographs, and powdered so as 
to produce “‘standard” powder photographs of each 
phase. From comparison of the former photographs 
with the “‘standards’’, the phases present in a given 
alloy could be identified. The unit cell of a phase can, 
in principle, be determined from its powder photo- 
graph, but unambiguous results cannot be guaranteed, 
and single-crystal rotation photographs were used to 
determine the unit cells of the various phases. 


EXPERIMENTAL RESULTS 
(a) Density measurements 
The results of the density determinations are given 
in Figs. 2 and 3. 
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Fic. 3. Density measurements of  aluminium— 
manganese alloys. Specimens quenched from 950°C (B). 
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TABLE 1. Aluminium-manganese intermetallic phases 
identified by X-ray powder photographs 


Melts A: annealed for 10 days at 750°C 


Composition 
(% Mn) 


35 | 36 | 37 | 38 | 39 | 40 | 41 42 


Phases observed bud dou bb Ad 


Melts C: annealed for 14 days at 850°C 


35 
bu 


36 


Composition (% Mn) 


37 


Phases observed 


Melts D: annealed for 14 days at 810°C 


Composition (% Mn) 33 34 


334 


Phases observed MnAl, MnAly,, | #,.MnAly 


Melts B: quenched from 950°C 


Composition 
(% Mn) 
Phases 

observed 


30 


‘MnAl,’, 6,“,.MnAl, ‘MnAl,’, A, “MnAl,’ 


The phase present in the greater amount is listed first in each case. 


The plots of density against composition in Fig. 2 
suggest that intermetallic phases may occur in the 
alloys A at compositions close to 36 and 42 per cent 
Mn, in alloys C close to 37 per cent Mn and in alloys 
D close to 344 per cent Mn; intermetallic compounds 
were in fact found very close to these compositions. 
Fig. 3 shows the variation of density with composition 
for a series of alloys quenched from 950°C. It is not, 
of course, claimed that this is an infallible method of 
determining the existence of intermetallic compounds: 
it is, however, expected to give indications which, in 
this case, proved very useful. 


(b) X-ray examination 


The results obtained from the X-ray powder 
photographs are given in Table 1. Phase A is the 
intermetallic compound richer in manganese than 
6(AIMn): it was not studied here, as it was not of 
The unit cells of the various 
The phases ¢(AlMn) and 


immediate interest. 
phases are given in Table 2. 


PHASES IN Al-Mn SYSTEM 

“(AIMn) were previously unknown in the binary 
Al-Mn system: the unit cell dimensions obtained for 
MnAl,, MnAl,, ‘MnAl,’ and 6(AIMn) agreed with those 


given in the listed references. 


(c) Microsections 

The X-ray examination had shown certain of the 
melts A to contain three phases: this implies that the 
material had not reached an equilibrium state, and 
of these therefore 
particularly valuable. 


microsections specimens were 
Microsections of other speci- 
mens were taken, with the intention both of confirming 
the results of the X-ray work and of identifying the 
etching characteristics of the various phases prior to 
an examination of the ingots containing three phases. 

Photographs of certain microsections are re- 

produced: 
Fig. 4 shows a specimen of 39 per cent Mn after 
annealing for 10 days at 780°C. The two phases 6 
and ¢ are indicated. 6 and ¢ were distinguished as 
follows: an ingot of 41 per cent Mn was known (from 
the X-ray data) to contain only a small amount of ¢ 
and hence the etching colour of each phase was 
deduced. This procedure was also applied to determine 
the etching characteristics of other phases. 

Fig. 5 shows the specimen of 35 per cent Mn after 
annealing for 10 days at 780°C. The three phases 0, 
@ and w are indicated. 
rather similar colour to 6, but since X-ray analysis 


The « phase etches in a 


has shown that three phases are present, a distinction 
can be made. The appearance of the « phase as a 
relatively fine deposit suggests that it may possibly 
grow at the expense of the 6 phase after a sufficiently 
long anneal. These considerations showed the need 
for Melts C and D. X-ray examination showed these 
further melts each to consist of two phases: this was 
confirmed by microsection examination, which also 
showed the uw phase to occur as a coarser deposit (as 
anticipated) than in the three-phase ingot. 

Fig. 6 shows a specimen of 35 per cent Mn annealed 
for 14 days at 850°C, phases uw and ¢ being indicated. 

Fig. 7 shows a specimen of 34 per cent Mn annealed 


TABLE 2. Unit cell dimensions of aluminium—manganese intermetallic compounds 


Phase Crystal system 


Orthorhombic 
Hexagonal 
Hexagonal 
Hexagonal 
Orthorhombic 


MnA\l, 
MnAl, 
u(AIMn) 
¢(AIMn) 
‘MnAl,’ 


Triclinic 


6(AlMn) 


Unit cell dimensions Previous measurements 


8.87 A Hofmann!) Nicol!!!’ 


Hofmann ‘!) Bland‘??? 


7.54 A 
12.59 A b 
12.42 A 


Hofmann'!’ 


| = 38 39 40 41 
344 
ZZ 25 = 35 40 
VOL. 
8 | 
1960 
a=6.50A4 6 = 7.56 Ae 
a= 284A c=124A 
a = 19.95A = 24.52 A - 
a - 7.90 A - 
a 14.80 A 
c= 
pa =5.1A 6=17.1Ac=5.0A 3 
a — La = 93° B = 100° y = 89 
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Fic. 4. Microsection of Al-39 per cent Mn annealed 
for 10 days at 780°C. 400 


for two weeks at 810°C; the crystals of MnAl, in a 
background of u(AIMn) are clearly visible. 
Micrographic examination of the ingots B (quenched 
from 950°C) showed them to contain several phases 
(as many as four in some cases) distributed in a cored 
fashion. The quench had not been very rapid, and the 
constituents present could not all be identified with 
absolute certainty; the investigation was not con- 
tinued. The two points of interest were (i) that the 
ingots at 25, 30 and 35 per cent Mn contained a 


1960 


Fic. 5. Microsection of Al-35 per cent Mn annealed 
for 10 days at 780°C. 400 


| 


Fic. 6. Microsection of Al-35 per cent Mn annealed for 2 weeks at 850°C, 


800 


primary deposit (“MnAl,’) different from that in the 
40 per cent Mn ingot (presumably A) and (ii) that 
no crystals of the 6 phase were observed in these 
ingots. 

Fig. 8 shows a specimen of 35 per cent Mn quenched 
from 950°C. 


DISCUSSION 


A complete description of a series of intermetallic 
compounds requires not only unit cell measurements, 


| 
4 
= 
> 
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Fic. 7. 


Fic. 8. Microsection of Al-35 per cent Mn quenched 
from 950°C, 


but also the specification of their homogeneity 
ranges. From the X-ray and microsection work it 
is possible to fix the compositions, given in Table 3, at 
which each phase is stable. This method of assigning 
a composition to a phase is more satisfactory than 
chemical analysis of the single crystals, as these may 
be deficient in one element and thus not yield the 
Only two of the intermetallic 
compounds reported above—i.e. MnAl, and y(AIMn) 
—have been grown as single-phase ingots, probably 


exact composition. 


because many have very narrow composition ranges. 

In Table 3 the ‘crystallographic’ compositions of 
the phases for which they are known are also listed. 
(The ‘crystallographic’ composition is that of a crystal 
in which every atomic site is filled by the atom of the 
correct type.) It is, of course, quite possible that a 
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Microsection of Al-34 per cent Mn annealed for 2 weeks at 810°C. 
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~ 400 


phase is not stable at its true ‘crystallographic’ 
composition.“ The agreement between the observed 
compositions and the ‘crystallographic’ compositions 
is good. 

The published phase diagram (Fig. 1) has been 
shown to be incorrect, and though this work was not 
primarily designed to correct it, some tentative 
suggestions for improvement may be made. 

It seems possible that the thermal arrest at 920°C 
observed by Dix et al.“ does represent a peritectic 
the 
intermetallic phase. The present work has shown 
‘MnAl.,” to be stable at 950°C but not below 850°C; 
also 0(AlMn) was not observed as a constituent of any 


reaction associated with formation of some 


melts quenched from 950°C. These facts and the other 
results reported above are all explained by the 
proposed phase diagram given in Fig. 9. The existence 
of the horizontal dotted line is not established, but is 
suggested in an attempt to produce a phase diagram 
in accordance with the facts; the temperature of the 
dotted 850°C. The 
compounds richer in manganese than MnAl, are shown 


line lies above intermetallic 


as line compounds, as their composition ranges, being 
small, have not been established. 


TABLE 3. Chemical compositions of aluminium 
i 


manganese intermetallic phases 


Composition 
Weieas Composition from Crystallographic density 
present work (®°,Mn) composition (°%)Mn) 
(%Mn) 
MnAl, 33° unknown 
AlMn) 34.5 unknown 84.5-35 
¢( AlMn) 36-37 38 (Taylor'!*)) 36-38 
*‘MnAl,’ unknown 
6(AIMn) 41.5 42.5 (Bland'*)) 42 


* MnAl, is generally assumed to exist over a finite composition range: 
the composition 33 per cent Mn represents the manganese-rich limit of such 


a range. 
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Fic. 9. Aluminium-rich region of suggested aluminium-— 
manganese phase diagram. 
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Reply to Discussion 
“Absolute grain boundary energies in copper’’* 

In his note, Absolute grain boundary energies in 
copper, Fleischer" contends that, in computing the 
theoretical value of Z, for [001] tilt boundaries in 
copper, sufficient allowance was not made by Gjostein 
and Rhines®) for the decrease in elastic moduli that 
occurs over the temperature range from room tempera- 
ture to 1065°C. Fleischer claims that the Young's 
Modulus data of Koster”) indicate that the reduction 
in moduli should be 59 per cent, as opposed to the 
15 per cent correction that was originally applied. 
From this he concludes that the theoretical Ey agrees 
with the slope of the large angle portion of a plot of 
E/6 vs. \n 6. To explain the change in slope that such 
a plot shows when 9 < 5°, he attempts to demonstrate 
that the presence of a small twist component in the 
boundary may as much as double the slope as @ 
decreases. This interpretation is opposed to the one 
originally given by Gjostein and Rhines®. They 
found that the Read—Shockley equation agreed with 
the experimental values only when 4 < 5°, and 
suggested that the deviations observed at larger angles 
resulted from the fact that as 9 increases the strain 
energy becomes confined to regions in which Hookes 
Law no longer is obeyed. 

It is the purpose of this note to show that, (i) the 
reduction in elastic constants used by Fleischer is 
unrealistically large and results in erroneous con- 
clusions, and (ii) that while it is true that the presence 
of a small twist component will affect the magnitude 
of Ey, his analysis is based on a fallacious assumption, 
which leads to a magnification of this effect. 


Elastic moduli 


For an [001] tilt boundary, Zp is a function of C,,, 
Cy, and Cy, (equation (5) of Ref. (2)) and, ideally, 
values for these constants at 1065°C should be used to 
calculate Hy at this temperature. Unfortunately, 
these data were not available and in lieu of this 
method, the room temperature values were reduced 
15 per cent, as was suggested by Read". To use as a 
substitute for this latter procedure, an extrapolation 
of Young’s Modulus data of Koster, which were 
taken on polycrystalline specimens, may be criticized 
on two points: modulus measurements on 
polycrystalline specimens may give erroneously low 
values at high temperature and, less importantly, the 
magnitude of the temperature variation of Young's 
ACTA METALLURGICA, VOL. 8, APRIL 1960 
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modulus need not be the same as that for the par- 
ticular function of C',,, Cy, and C,,, that occurs in the 
equation for Concerning the first point, Zener‘) 
has discussed Koster’s work, pointing out that the 
marked deviations from a linear decrease in modulus 
with temperature result from the relaxation of shear 
stress by viscous grain boundaries. Moreover, Alers‘® 
has pointed out that, in the case of zinc, his measure- 
ments on single crystals decrease in a linear manner 
with temperature, whereas Koster’s measurements on 
polycrystalline zine large 
linearity at high temperatures. 
Other work also supports this point of view. 
Kamentsky” has determined Young’s Modulus for 
copper single crystals over the temperature range 
25°C-750°C. Up to about 450°C the modulus decreases 
linearly. 


show deviations from 


Above this temperature, deviations from 
linearity occur and vary exponentially with tempera- 
ture, while the ratio of Q-! to AZ/E remains constant. 
From this Kamentsky concludes that the true moduli 
are linear functions of temperature, and the high 
temperature drop is caused by dislocation effects- 
possibly thermal unpinning. He also points out that 
the theoretical work of Bradburn'®) and Ludloff 
predicts a linear variation of modulus’ with 
temperature. 

It would seem, therefore, in view of the present 
state of knowledge bearing on this subject, that a 
linear relationship between modulus and temperature 
is a good approximation. If the data of Alers‘® for 
(11, Cy, and C,, are extrapolated from room tempera- 
ture to 1065°C, the following values are obtained: 


Cy, = 13.7 
Cy. = 11.0 
4.98 


101! dynes/em? 
10" dynes/em? 
Cu 10'! dynes/em?. 

These constants give a value of 1200 ergs/em? for Hy at 
1065°C. This value differs significantly from the large 
angle experimental value of 820 + 15 ergs/em? and 
provides no support for Fleischer’s claim that experi- 
ment and theory agree at large angles. 


Effect of a twist component 

In this section it will be shown that the discrepancy 
between the experimental small-angle-£y, 1520 + 100 
ergs/em*, and theoretical value of 1200 ergs/em? may 
be accounted for by the presence of a small twist 


component in the boundaries having # < 5°. The 
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treatment given here is a development of theory of 
Frank?® and Read and Shockley" for a complex 
grain boundary, and it differs in concept from that 
put forth by Fleischer. 

The basic difference seems to lie in Fleischer’s 
assumption that the total energy of the grain boundary 
E may be broken into the sum of two components: 
a tilt energy E,, which varies with the tilt angle 0, 
according to Read—Shockley relationship, and a twist 
energy E,, which is taken to be independent of 9,. 
Using this assumption, he finds that the slope of the 
E/6, vs. In 6, plot is given by —EF, — E,/6,, so that 
as 4, decreases the slope becomes increasingly more 
negative. However, it should be noted that when 
#, = 0, there remains only a pure twist boundary and 
the slope should approach a value corresponding to 
E, for a twist boundary. But according to relation 
given above, the slope should become infinite. <A 
singularity of this type does not appear in the 
treatment given below. 

Frank’s method” for determining the dislocation 
densities in a general grain boundary shows that they 
are proportional to 4, where @ is defined now as the 
magnitude of the relative rotation, about a common 
axis @, that brings the two grains into coincidence. 

Read? has shown that the total energy per unit area 
of the complex grain boundary is given by 


(1) 


where NV, is the density per unit 4 of the ith set of 
dislocations, and ¢, is the energy of the ith set. This 
equation may be written in the form 

E = E,{(A — In 

Ey = (2b) 
In equation (2b), 7); is dependent upon the elastic 
constants of the material and the direction of the 


(2a) 


dislocation line. 

Noting that §~9,. for the boundaries under 
discussion (the twist component is 20.2°), an exami- 
nation of equations (2) shows that it cannot be placed 
in the form E/6, E,(A — In 6) + E,/6,, as Fleischer 
assumes. The effect of small twist component on EL, 
can be evaluated, however, from equation (2b), which 
shows that 2, is composed of a sum of energy terms, 
7,07, each contributing to the total Ly in proportion 
to the density per unit 9 of the ith set dislocations, 
N,. In an f.c.c. lattice a general grain boundary may 
be composed of only three sets of dislocations, and in 
the special case where @ lies in the plane of the grain 
boundary, i.e. it is a pure tilt boundary, only two sets 
are needed. Read and Shockley“ have derived an 
expression for Ey from equation (2b), for this latter 
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case, taking 7 =[001]; their result was used by 
Gjostein and Rhines") to evaluate the theoretical Z, at 
small angles. 

The effect of a small twist component may be 
studied by relaxing the requirement that @ be in the 
plane of the grain boundary. In this case, a twist 
component will be present in the boundary, neces- 
sitating the introduction of a third set of dislocations. 
For such a grain boundary, the densities N,, NV and 
N, may be found from a relationship given by Read‘ 


N, = 6,* (3) 


is vector which lies in the plane of the 
and a direction 


—“n(n-b,* a) 
where JV, 
boundary, having a magnitude N, 
normal to the ith set of dislocations, # is the normal 
to the grain boundary and 6;* may be found from the 
following equation by rotation of the subscripts 

b, b 


4 
6,+ by x 


.and so forth. 


When the X, Y and Zaxes are taken along the (100 
directions of one the crystals, and the definitions 
of the various vectors are taken to be 

b, = a/2(011), 6, = a/2[011), 6, = a/2[101), 

= [cos y, sin y, 0} i = cos sin 4}, 


the following results are obtained: 


and 


= 1/a*{sin® y + [sin cos 
cos ¢ (cos y + sin y)}*} (5) 

= 1/a?{sin® + [sin ¢ cos p 
— cos d (cos y — sin y)}?} (6) 
N,” = 4/a*(sin® y)(cos? + (7) 


When y = 0, the boundary is pure tilt, and N, = 
-(sin d + cos d), VN, = —(sin d — cos d) and N, = 0, 
a a 
which are the results Read 
Shockley"). To evaluate the effect for a symmetrical 


tilt boundary that is of interest, let 6 = 6/2. Then, 
provided 6/2 < 1, equations (5), (6) and (7) become 


obtained by and 


N, = + 2sin y cos y + sin? y) (8) 
N, = — 2sin y cos py + sin? y) (9) 
N, = 2/a(sin y). (10) 


On substituting the relationships given above into 
equation (2b) and assuming that the 7), are all equal 
to the value used by Read and Shockley" for disloca- 
tions lying along (100) directions, the result is 


Toft 


4 


+ (1 — 2sin pcos p + sin? + 2 sin y}. (11) 


+ 2sin y cos + sin? 
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Table | 
E, ergs/em? 0, 0, sin y y 
1200 0 - 0 0 
1250 0.2 5 0.04 2.3° 
1320 0.2 2 0.1 5.7 
1560 0.2 0.6 0.3 18 


Since in this work y < 20°, the sum of the first two 
terms enclosed in the bracket may be replaced by a 
constant, having a value of about two, thus allowing 
FE, to be written as 


ho 9 (l+siny), for yw < 20°. (12) 
For small values of the tilt and twist components of 4, 


the magnitude of y may be found from the relation 


tan y ~ (13) 


It is clear then from equations (12) and (13) that if 4, 
has an average value of the order 0.2°, y will have its 
largest value when @, is small. Table | illustrates that 
for 6, = 0.6°, the smallest tilt angle studied, 2, may 
be as large as 1560T ergs/cm*, and that presence of a 
small twist component only affects Ly significantly 
when 9, < 5°. 

The variation of Ey from 1560 to 1320 ergs/em?, 
as 9, increases from 0.6° to 2°, agrees well with the 
experimental value in this range, namely, 1520 + 
100 ergs/em?. In the neighbourhood of 6 = 3-—7°, the 
experimental slope changes from 1520 to 820 ergs/em?. 
This result is compatible with the corresponding 
theoretical value of 1200 ergs/em? for #6 = 5°. It 
should be noted that theory and experiment do not 
agree when 9 > 5°. This is true also in the case of 
{001] twist boundaries, where the theoretical value of 
1100 ergs/cm? differs significantly from the large angle 
slope of 770 ergs/em?. 

It is believed that the arguments presented above 
show that the Read-Shockley equation agrees with 
experiment only when @ is small as is to be expected in 
view of the fact that its derivation is subject to the 
limitation that spacing of the dislocations in the 
boundary should be much larger than diameter of the 
region, surrounding the dislocation line, which 
encloses material experiencing non-Hookean strains. 
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+ This value may be even larger, since 6, is difficult to 
evaluate when @, is small. 
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A new interpretation of the substructure 
of electropolished aluminium surfaces* 

No satisfactory interpretation has yet been estab- 
lished for the forming mechanism of the fine sub- 
structure revealed by means of electron microscope on 
the surface of electropolished aluminium. 

The ‘‘selfstructure’’ of brightened aluminium 
surfaces discovered with replica methods first by 
Bucknell and Geach”, and Brown™), studied later by 
Nutting and Cosslett), examined in detail by Welsh" 
in different electrolytes, has been interpreted last by 
Bussy® in connection with the preferential dis- 
solution ability depending on the orientation of 
crystal faces. 

Successful studies of the cell structure and the 
formation mechanism of the porous anodic oxide 
coatings on aluminium were made by Keller et al.‘®, 
Booker et al.), Paganelli®®) and others. 

In spite of all these investigations no satisfactory 
explanation is yet given for the repeatedly stated 
great similarity of size and arrangement between the 
hexagonal cell structure of anodic oxide coatings and 
the so-called ‘‘selfstructure”’ for electropolished surface 
layers. The reason for these uncertainties can be 
attributed to the fact that electropolished surfaces 
were examined hitherto merely by different replica 
methods. 

Systematic investigation of electrobrightening 
baths led to a suitable electrolyte to develop a solid, 
porous oxide layer, thin enough to be employed for 
transmission electron microscopy, without the aid 
of replication. 

Rolled, annealed and cold worked samples of 
high-purity (99.99 per cent) A- and commercial 
(99.5 per cent) B-aluminium and an Al-Mg alloy 
called NAUTAL, NV, were polished anodically using an 
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aluminium in the phosphoric acid—butyl alcohol bath at 36 V. 
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Electromicrograph of an oxide film formed by electropolishing 99.5 per cent 


The normal cell 


arrangement (6) and the faults of hexagonal packing (5, 7 and 8) are marked. 
x 41,000 


electrolyte of 80 vol.°,, phosphoric acid (sp. gr. 1.75) 
and n-butyl alcohol. The potential was 
varied from 10 to 40V rectified a.c., the current 
density was 3 to 5 A/dm*. The process was continued 
for 10-15 min at 60-65 C°.+ 

After polishing, the samples were rinsed in distilled 
water, the surface scribed into squares and stripped 
immediately with the mercury chloride method. The 
oxide films were examined in a Triib, Tauber and Co. 
electron microscope at 40 kV. 

Figure | shows the electron micrograph of the thin 
oxide layer stripped off the surface of electropolished 
commercial aluminium. The hexagonal packing of the 
cells is the same as the structure observed as pore-base 
patterns of thick porous aluminium oxide coatings.‘*®) 
But in the present case the image is not given by the 
replication of the pore-base pattern, but by the direct 
transmission of the oxide film. The dark network is 
formed by the cellwalls. The white fields between 
them are the pores. The barrier layer at the pore base 
is—under the given forming conditions—thin enough 
to be easily transmitted by the electron beam. 

The most frequent irregularity of the network is the 
deviation of the hexagonal packing, when one cell is 
surrounded by 5, 7 or 8—instead of 6—cells. The 
number of such faults per unit area was counted. The 


vol.°,, 


+ Details concerning the characteristics of the electropolish- 
ing bath with all its experimental and theoretical aspects as 
well as practical application are published elsewhere'®!") by 
Mrs. E. Lichtenberger—Bajza. 


density of imperfections is 10°/em?. This distortion of 
the network led sometimes to form irregulated rows of 
cells or even spirals. But furrow structures and 
globular markings—as Welsh found using replica 
method at the examination of surfaces polished in a 
phosphoric acid—alcohol bath—were never observed. 

The cell-structure formed was the same at the 
surfaces of all the three materials (A, Band N). The 
shape and arrangement of cells did not change with 
increasing voltage. A striking difference in cell-size 
and pore-size, depending on voltage could, however, 
be stated. 

Measurements were made on electron micrographs 
taken of films got at different voltages. Cell-diameter, 
C’, pore-diameter, p, and wall thickness, D, and the 
density of cells per unit area were determined. 

Figure 2 gives a graphical illustration of the main- 
measured data. The spacing—voltage relations give 
parabolic curves. The straight line marked in the 
graph refers to the size—voltage curve given by Keller 
and co-workers‘® for the case of anodic oxidation in 
phosphoric acid bath. 

Based on the above measurements and the interpre- 
tation of experimental results, a new scheme for the 
cell-structure of the oxide layer formed by anodical 
polishing was supposed. The scheme given in Fig. 3 
differs from the well-known scheme, given by Keller 
et al.‘®) for porous anodic oxide layers, in pore-shape, 
in relative pore-size and in the thickness of the 
barrier layer. 
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Fic. 2. Size—voltage curves. C4, Cz, Cy cell diameter 

—voltage function; pa, ps. py = pore diameter—voltage 

function; 2D4, 2Dz. 2Dy voltage function of the 

measured double cell wall thickness; C (Keller) the 

linear function got by Keller et al.'®) on anodic oxide 
films. 


Investigations were made to determine the 
orientation dependence of the observed structure. 
Further experimental details, analysis of the curves, 


interpretation of the result and discussion of 


concerning work of the abovementioned authors will 
be published elsewhere.“ 

Experiments are still going on. From the results 
obtained hitherto, and considering the mutual 
dissolving and oxidating effect of electrolytes used for 


anodic treatment and the orientated anisotropy of 


both dissolution and oxidation processes, the following 
interpretation can be drawn: 

The formation of hexagonal cell structure of the anodic 
coatings and the granulated, dotted, furrowed or hexagonal 
patterns of electropolished surface are equally con- 
sequences of the anisotropy of mutual dissolution and 
oxidation rate evolved on aluminium surfaces both 
determined by grain orientation. 

The scale and character of voltage dependence of the 
substructure depends on the relative dissolving and 
oxidating power of the bath. 

Under conditions of anodic oxidation the size— 
voltage function is linear and the formed film corre- 
sponds to the scheme of cell structure given by Keller 
and co-workers. ‘® 
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Under conditions of electropolishing, the size 
voltage functions of cell and pore diameters give 
parabolic type curves and the structure of the formed 
film corresponds to the scheme in Fig. 3. 

In both cases there can be stated a po value, 
extrapolated to zero voltage. That value is reciprocally 
determined by the metal and the electrolyte. 

The arrangement and distribution of the pore 
centers is governed by the active spots of the surface 
and is therefore in certain electrolytes orientation 


dependent as well. 


Summary 

Electron micrographs, made with direct trans- 
mission of thin oxide film formed by electropolishing 
in a phosphoric acid—butyl alcohol bath, showed 
characteristic patterns of hexagonal network. Size- 
voltage relations of cell size and pore diameter gave 
parabolic type curves. A new scheme is proposed for 
the hexagonal structure of oxide films formed by 
electropolishing. 

A general interpretation is offered for the formation 
of the cell structure of anodic oxide films and for the 
pattern developing during electropolishing by extend- 
ing the theory of Bussy'), supposing mutual inter- 
action of the anisotropy of dissolution and oxidation 
rate depending on grain orientation. 

The author acknowledges Mrs. E. Lichtenberger- 
Bajza for valuable suggestions and co-operation, 


C=9190 8 


Fic. 3. Scheme of the idealized cell structure of porous 
oxide films formed by electropolishing. 
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his thesis which made 


based on his theory, 


Ing. P. Bussy for sending 
possible the interpretation 
Mrs. A. Fiil6p for assistance in the experimental work 
and Ing. Gy. Stark for helpful advice and criticism. 


M. Gy. HoLLo 
Research Institute for Technical Physics 
of the Hungarian Academy of Sciences 
Department of Micromorphology 
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The breakdown of the protective oxide 
film on transition metal alloys* 

In oxidation studies, have given 
little significance to the factor that the activities 
rather than the concentrations of metals in alloys 
determine the inner boundary condition for the 
metal gradient in the superficial oxide layer. Panish 
et al.” have determined the activities of nickel and 
chromium in the binary alloys over the temperature 
range 750°-965°C. Because the activity coefficients 
were much less than unity and smaller at lower 


investigators 


temperatures for the alloys containing up to 30 per 
cent chromium, they have suggested that the decreased 
partial molar free energy contents of nickel and 
chromium account partially for the corrosion resistance 
of these alloys. In agreement with this hypothesis, 
Smeltzer™ has accounted for a continuous change in 
slope of an Arrhenius coefficient of parabolic oxidation 
constants for a nickel—cobalt alloy over the tempera- 
ture range of its magnetic transformation by variations 
of the partial molar free energy contents of nickel and 
cobalt. 

It is reasonable, therefore, to assume that the 
oxidation characteristics of transition metal alloys are 
determined partially by the non-ideal thermodynamic 


ACTA METALLURGICA, 


VOL. 8, 1960 


behaviour of the alloying constituents. However. 
available results for the oxidation resistant nickel— 
chromium and iron—chromium steels cannot beanalyzed 
in accordance to this consideration because the oxi- 
dation curves are discontinuous. Caplan and Cohen 
have shown that these alloys oxidize more rapidly after 
breakdown of the extraordinary protective oxide film 
rich in chromium. 

This communication demonstrates that 
breaks in oxidation curves of iron—chromium alloys 
are associated with the ferritic-austenitic phase 
This transformation is 


initial 


transformation in the alloy. 
caused by preferential oxidation of chromium at a 
rate much larger than its replenishment by diffusion 
to the metal-oxide interface. The stress resulting from 
this transformation causes breakdown of the protective 
film. 

To demonstrate this type of film breakdown, 
oxidation tests were carried out on a binary iron—12 
wt.°,, chromium alloy in oxygen at atmospheric 
pressure. The kinetics of film and scale growth were 
determined with a microbalance and a torsion spring 
enclosed in glass vacuum assemblies. The specimens 
were polished to 4/0 emery and vacuum annealed 
in situ for 2 hr at 825°C before oxidation. This alloy 
maintains the ferritic structure at 825°C irrespective 
of the amount of chromium preferential oxidation. 
On the other hand, ferrite changes to austenite during 
oxidation at 855°C by depletion of the surface 
concentration of chromium to 9.5 per cent. 

The results of scaling experiments at 825°C and 
855°C, Fig. 1, demonstrated the breakdown of the 
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The scaling of an iron-12% chromium alloy in 
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The kinetics of film growth on an iron 


12% 


chromium alloy 


oxygen at 855°C. 


protective film by the phase transformation in the 
alloy. The oxidation curve at 825°C was continuous. 
Upon elevation of the temperature to 855°C, the 
initial oxidation rate was similar to that at 825°C. 
However, this initial rate transformed within ex- 
posures of 30 min to a much larger rate. This latter 
of austenite of small 


25° 


rate characteristic 
chromium content.‘ 
The breakdown of the protective film was markedly 


was 


4a—(4 pp.) 


Localized areas of oxidation on ir 
for 2 hr at 855°C. 


on 


illustrated by microbalance measurements. As 
illustrated by the curves in Fig. 2, the film attempted 
to maintain its protective property at 855°C after an 
initial rapid uptake of oxygen to approximately 100 
ug/em*. This property was destroyed after 10 min 
by oxidation at localized areas. The different dis- 
tribution of these areas on the three test specimens 
caused large variations of the oxidation rates. These 
areas, Figs. 3 and 4, have arisen presumably where 


12°, chromium alloy exposed in oxygen 
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chromium was sufficiently depleted for formation of 
the austenitic phase. The relief of stress resulting 
from this transformation was shown by the protuber- 
ance of the oxidation product from the specimen edge, 
Fig. 3, and the large density of oxide whiskers at the 
boundaries of the localized areas of oxidation, Fig. 4. 

One may conclude from these results that continuous 
oxidation curves for iron—chromium alloys may be 
obtained under experimental conditions where pre- 
ferential oxidation of an alloy constituent does not 
cause the ferritic-austenitic phase transformation. 
These continuous curves, which would be amenable 
to analysis by oxidation diffusion theory, may then 
be analyzed to test the hypothesis that the oxidation 
resistance of iron-chromium steels is determined 
partially by negative deviations of the alloy constit- 
uents from ideal thermodynamic behaviour. 

This research was completed at Metals Research 
Laboratory, Carnegie Institute of Technology, 
Pittsburgh 13, Pa., U.S.A., under auspices of the 
Office of Scientific Research, Air Research and 
Development Command. 

W. W. SMELTZER 
Department of Metallurgy and 
Metallurgical Engineering 
Hamilton College, McMaster University 
Hamilton, Ontario, Canada 
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The effect of hydrostatic pressure on the 
potency of martensitic embryos* 


Recent theories":?) concerning the athermal and 


isothermal kinetics of martensitic transformations 


require the presence of pre-existing embryos of 


appreciable size, as ‘‘frozen-in’’ during cooling from 
the austenitizing treatment. These embryos are b.c.c. 
structures which are thought to be stabilized by 


dislocations associated with the embroyos. 

Direct observation of the embroyos has _ been 
recently reported by Richman et al.“ who performed 
electron transmission microscopy on thin foils of 
austenitic iron—nickel alloys having , temperatures 
below room temperatures. 

It is well known that hydrostatic pressure depresses 
the M, temperature of iron base alloys by changing 
the bulk thermodynamics in such a manner as to 
stabilize the f.c.c. austenite relative to the b.c.c. 
martensite. 

Patel and Cohen") observed a decrease in M, of 
about 8.5°C per kiloatmosphere (katm) in a 70:30 Fe— 
Ni alloy at pressures up to 6 katm. Normann and 
Scheil® observed a similar depression of M,, about 
5°C per katm, in a 75:25 Fe—Ni alloy at pressures up 
to 4 katm. In this laboratory we have recently 
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investigated the effect of hydrostatic pressure on the 
f.c.c. S b.c.c. reaction in a 90:10 Fe—Ni alloy at 
pressures up to 60 katm.‘® It was found that /, is 
depressed by about 5°C per katm and that A, is also 
depressed, by about 2°C per katm. In addition, we 
have observed that the lower branch of the y-loop in 
the iron—chromium system is depressed by about 
250°C at 50 katm.'® 

The aforementioned experiments are carried out by 
placing a specimen of the alloy in question in a 
high-pressure cell and measuring the electrical 
resistance as a function of temperature while the 
pressure is maintained. The resulting hysteresis loop 
defines M, and A, at the applied high-pressure. 
Repeating this experiment at various pressures yields 
the experimental values for (AM,/AP) and (AA,/AP). 

The effects of hydrostatic pressure can be predicted 
by utilizing the known l-atm thermodynamics of 
the f.c.c. = b.c.c. reactions in the iron—nickel'? and 
iron—chromium(®) systems together with the difference 
in specific volume between the austenite and 
martensite.";% Satisfactory agreement is obtained 
between the calculated and observed depression of , 
and A, despite the approximations necessitated by 
lack of available data concerning the compressibilities 
of the b.c.c. and f.c.c. phases as a function of tempera- 
ture and composition. 

In view of the effect of hydrostatic pressure on the 
thermodynamics of iron—nickel alloys, it was possible 
to predict that the application of hydrostatic 
pressure during the austenitization should produce ¢ 
profound change in the potency or size of martensitic 
embryos, over and above the influence of pressure 
acting during the transformation. Crude calculations 
concerning the energetics of the formation of 
chemically unstable embroyos have been described in 
the literature.“;) The results of these calculations are 
depicted graphically in Fig. 14 of Ref. (2). It is 
shown that the radius of chemically-unstable embryos 
increases as the temperature decreases until a 
freezing-in temperature, 7',, is reached. At 7',, the 
embryo radius attains some effective size r, and is 
‘frozen-in’. Subsequent cooling into the temperature 
range where martensite formation occurs results in 
the cataclysmic growth of the embryo at a tempera- 
ture defined 

oA 


r, =9- - (1) 
e 2 

where a is the interfacial energy, A is the strain energy 
constant, Af%,*” is the driving force per unit volume 

M, 
for the martensitic transformation at .V/,, and r, is the 
disk radius of the frozen-in embryo. 
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From equation (1) it is evident that if r, can be 
decreased, i.e. by decreasing the effective embryo 
radius frozen in during cooling, then cataclysmic 
growth should require a larger value of Af%,”’, and 
the ./, temperature would be decreased. 

The increase in embryo radius with decreasing 
temperature shown in Fig. 14 Ref. (2) arises primarily 
from the fact that, for 7, > 7, > To (ie. Af = 0 
at > Af’~* (7). Hence, the embryo 
radius characteristic of 7',, r,(7',), is smaller than the 
radius characteristic of 7',, 7,(7',). However, the 
application of hydrostatic pressure at 7’, increases 


so that 
Af’-*(T,, P) 
or that 


Af’-*(T,,P =1atm) (2 


r(T,, P) <r(T,, P = 1 atm) (3) 


we are thus led to the conclusion that the application 
of hydrostatic pressure at austenitizing temperatures 
above 7’, followed by quenching under pressure should 
result in the “freezing-in’’ of smaller embryos. These 
in turn would lower MV, even at 1 atm, provided that 
the high-pressure is removed below 7’. 

In order to test this prediction, the following 
experiments were carried out. An alloy containing 
32.4 at.°,, nickel in the form of a 0.062 in. diam. = 3in. 
long rod was austenitized at 1000°C for 2 hr in an 
evacuated capsule. This particular alloy had been 
used in an earlier experiment by one of the authors‘ 
and was observed to have an M, = 127°K and 
T,, = 370°K at atmospheric pressure. The rod was 
cut into 0.10 in. lengths and five control specimens 
taken from the rod were quenched into liquid nitrogen 
(78°K). Metallographic examination showed that all 
of the specimens then contained large quantities of 
martensite, i.e. more than 50 per cent. 

Several of these specimens were heat treated for 
10 min under a hydrostatic pressure of 50 katm at 
temperatures ranging from 400°C to 1000°C. Follow- 
ing the high-pressure heat treatment, the specimens 
were quenched under pressure to 100°C in the high- 
pressure cell and then cooled to room temperature. 
The pressure was then released to | atm. No deforma- 
tion of the specimens was observed. Subsequently, 
the specimens were quenched into liquid nitrogen 
for 10 min and returned to room temperature for 
metallographic examination. 

It was found in the foregoing series that specimens 
heat treated under a pressure of 50 katm at or below 
500°C contained more than 50 per cent martensite 
while those specimens treated at or above 550°C were 
completely austenitic. 

Several other specimens were similarly treated 
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except that a hydrostatic pressure of 25 katm were 
used. It was found that specimens treated at or 
below 600°C contained more than 50 per cent 
martensite, while those treated at or above 650°C 
were completely austenitic. 

Since dislocation motion is restricted below 7’,, it 
seemed desirable to determine 7, by locating the 
temperature at which the embryo contraction caused 
by quenching under pressure could be removed. In 
order to investigate the annealing or growth of embryos 
suppressed by the high-pressure treatment a specimen 
was heated at 700°C under a pressure of 25 katm for 
10 min. Subsequent quenching under pressure to 
100°C and refrigeration in liquid nitrogen at 1 atm 
would have yielded a completely austenitic structure. 
However, following the 10-min treatment at 700°C 
and 25 katm, the pressure in the cell was released and 
the temperature maintained for 30 min at 700°C and 
1 atm. The specimen was then quenched to 100°C, 
removed from the cell and refrigerated in liquid 
nitrogen. The resulting structure contained more than 
50 per cent martensite. In addition to demonstrating 
the reversibility of the pressure effect, this experiment 
eliminates the attributing these 
observations to contamination during high-pressure 
treatment. This experiment was repeated at 650°C, 
and the resulting structure also contained more than 
50 per cent martensite. Similar results were obtained 


possibility of 


at 650 and 700°C using a hydrostatic pressure of 


50 katm. 

A third series of specimens was heat treated for 
10 min at 550°C and 50 katm in the high-pressure cell. 
These specimens were quenched under pressure to 
100°C, removed from the cell and refrigerated in 
liquid nitrogen. The resulting structure was 100 per 
cent austenite. Specimens of this series were then 
annealed for 30 min at various temperatures at 1 atm 
and quenched into liquid Specimens 
annealed at or below 600°C were completely austenitic, 


nitrogen. 


indicating that the annealing temperature was too low 
to restore the original embryo sizes, while those 
annealed at or above 650°C contained more than 
50 per cent martensite. 

Both the annealing studies and the pressure- 
quenching experiments carried out at 25 katm 
indicate a freezing-in temperature of 625°C + 25°C for 
However, the 


embryos in this alloy. pressure- 


quenching experiments carried out at 50 katm 
indicate that the WV, can be lowered by applying 
hydrostatic pressure at temperatures above 525°C 
+ 25°C. The reason for this difference in the freezing- 
in temperature, 7'’,, is not altogether clear. It should 
be pointed out that the pressure transmitting medium 
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used in our experiments is pyrophillite, a solid 
compound possessing nearly isotropically-ideal pro- 
perties. Consequently, although the applied pressure 
was nearly hydrostatic, there may be some non- 
hydrostatic components which could have introduced 
a limited amount of plastic strain that was undetected 
in our experiments. Since the non-hydrostatic 
component undoubtedly increased as the applied 
pressure increased, it might have contributed 
significantly at 50 katm but not at 25 katm. On the 
other hand, the observed difference in the freezing-in 
temperature may be associated with more subtle 
factors and will be more exaustively studied in future 
work. 

Nevertheless, these experiments demonstrate the 
possibility of producing irreversible effects in metals 
by high-pressure treatment. In addition, they lend 
considerable support to the thesis that martensitic 
nucleation is controlled by the potency of embryos 
having the martensitic structure and existing at 
temperatures where the austenite has the lower bulk 
chemical free energy. 

It is apparent that hydrostatic pressure can 
decrease the embryo size and lead to a lowering of /,. 
even though the pressure during the transformation 
itself is one of atmosphere. 

L. KAUFMAN 
A. LEYENAAR 
J.S. HARVEY 


Manufacturing Laboratories Inc., 
Cambridge, Massachusetts 
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Sur l’origine du processus de germination 
dans les reactions d’oxydation superficielle 
des metaux* 


L’existence d’un processus de germination dans les 
réactions d’oxydation des métaux a été signalée dés 


, 
| 
1) 
; 
az 
WTO!) 
‘ 
| 
F 
“A 


LETTERS 


1951 par Bardolle et Bénard dans le cas du fer. 
Confirmées peu aprés par Gulbransen') ces premiéres 
observations furent étendues ultérieurement a d’autres 
métaux,-?) des et tout récemment A 
une réaction de sulfuration.“") Cet ensemble de 
résultats expérimentaux a permis d’établir le caractére 
général du phénoméne, mais l’origine de celui-ci donne 
lieu depuis quelques années a des interprétations 
contradictoires au sujet desquelles nous désirons nous 
prononcer. 

Des que l’existence de la germination des oxydes a 
la surface des métaux fut signalée, plusieurs auteurs 
attribuérent celle-ci & une oxydation préférentielle 
du métal a laffleurement des dislocations.” 
Cabrerna’®) montra en particulier que la théorie 
permettait de justifier cette hypothése, déja utilisée 
avec succes pour expliquer les attaques ponctuelles 
des surfaces métalliques dans les solutions.4,!5) 

Il nous semblait cependant qu'une telle inter- 
prétation était difficilement compatible avec l’en- 
semble de nos observations et en particulier avec le 
fait, bien établi dans le cas du cuivre, que le nombre 
des germes formés sur une surface était fonction de la 
pression. Nous fames pour cette raison amenés avec 
Gronlund a tenter d’assimiler le processus de germi- 
nation de l’oxyde A une coalescence a la surface d’un 
film extreémement mince d’oxyde primaire.“® Dans 
cette conception il n’était plus nécessaire d’admettre 
que la localisation des germes était liée a celle des 
défauts du métal et linfluence des facteurs d’ambiance 
se justifiait aisément. 

Des observations récentes de Young”, de Bénard 
et al.“® et de Bouillon et Stevens" semblent pouvoir 
résoudre les difficultés issues de cette dualité d’inter- 
prétation. Young a montré en effet que s’il existe 
effectivement une relation topographique entre les 
dislocations et les germes d’oxydation dans du cuivre 
de pureté moyenne, cette relation disparait lorsqu’on 
soumet a l’oxydation ménagée du cuivre de haute 
pureté. Dans les conditions expérimentales adoptées 
par cet auteur les dislocations n’exercent done une 
influence sur l’amorgage de la réaction d’oxydation a 
chaud, que dans le mesure ot des impuretés de haute 
affinité s’y trouvent associées. Il s’agit done dans ce 
cas d’une réaction d’oxydation sélective classique, 
réaction qu'il est parfaitement licite d’utiliser, comme 
lont fait certains auteurs,"® pour déceler les dis- 
locations & la surface du métal. 

En contrepartie, le processus fondamental de 
germination indépendant des imperfections chimiques 
ou structurales du métal, dont nous avions postulé 
lexistence, se trouve confirmé par ces travaux et peut 
étre décrit de la fagon suivante.“8!% Au début de la 
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réaction le métal se recouvre d’un film d’oxyde dont 
lépaisseur s’accroit jusqu’é une valeur critique de 
ordre de quelques dizaines d’Angstréms qui corre- 
spond a la limite d’influence du substrat. Au-dela, 
oxyde qui continue a se former sur l’ensemble de la 
surface tend a se rassembler autour de certains 
centres de cristallisation. Le nombre moyen de ces 
centres sur une surface d’ovientation cristallographique 
donnée, dans des conditions de température et de 
pression données, correspond a un équilibre com- 
pétitif fixé par la valeur des constantes de diffusion 
superficielle du métal et de l’oxygéne a la surface du 
film de base. I] n’est pas exclu que sur certains 
métaux ce dernier soit un simple film d’oxygéne 
chimisorbé. 

La redistribution superficielle du produit de la 
réaction, qui est a l’origine du phénoméne de germi- 
nation, ne peut s’observer commodément qu’a des 
températures telles que la diffusion superficielle soit 
suffisamment active, et sous des pressions partielles 
de l’agent oxydant assez basses pour que la vitesse 
globale de la réaction soit relativement lente. Le 
processus subsiste, sous une forme plus difficilement 
perceptible il est vrai, 4 des températures plus basses 
et sous des pressions partielles plus élevées. L’aspect 
granuleux que les films d’oxydes ou de sulfures 
d’épaisseur interférentielle offrent fréquemment a 
examen aA fort grossissement peut étre considéré 
comme un témoignage de cette étape de leur crois- 
sance. Cette interprétation présente des analogies 
étroites avec celle qui est donnée de la condensation 
des liquides polaires 4 la surface des solides au cours 
de laquelle on observe dans certaines conditions la 
coexistence d’un film stable d’épaisseur invariable, 
en équilibre avec des lentilles liquides de volume 
croissant? 

Le fait que le processus fondamental de germination 
qui vient d’étre décrit puisse se superposer a la 
germination induite par les impuretés, lorsque les 
expériences sont faites sur des métaux de pureté 
moyenne ou sur des alliages, explique les difficultés 
éprouvées au cours de ces derniéres années pour 
distinguer les deux phénoménes. 

J. BENARD 
Ecole Nationale Supérieure de Chimie 
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Stability of retained austenite on ageing * 
The stability of retained austenite is generally 
indicated by the parameter /—the extent to which 
austenite, retained at a given temperature, has to be 
further cooled if it should just commence to transform 
to martensite. The effect on 4, of factors like time and 
temperature of ageing and the amount of the con- 
tiguous athermal martensite has been studied amongst 
others by Edmondson", Morgan and Ko‘), Glover 
and Smith™, Das Gupta and Lement' and Crussard 
and Philibert‘. 

Edmondson as well as Glover and Smith have 
observed that 4 reaches a maximum value in periods 
ranging from a few minutes at ageing temperatures of 
the order of 100°C-150°C to a few hours at lower 
temperatures of the order of 35°C. From the data of 
Harris® on the speeds of penetration of carbon in the 
face-centred iron lattice in low carbon steels (with a 
core carbon content about 0.20 per cent and a surface 
carbon content about | per cent greater), the speed of 
interstitial diffusion of carbon at about 125°C is seen 
to be of the order of 10~* ems/hr and about a thousand 
times less, i.e. 10-'" ems/hr, at room temperatures. 
If deactivation of the austenitic strain embryos takes 
place, as envisaged by Cohen et al. by carbon atoms 
interstitially diffusing towards and being captured by 
them, as the average distance between two carbon 
atoms in the austenitic condition in a 1 per cent C 
steel is of the order of 6 « 10-8 cm, the same order of 
the times, experimentally observed for 9 to reach a 
maximum value at 100°C to 150°C and estimated for 
carbon atoms to interstitially migrate a few A units, 
lends strong support to Cohen’s original concept for 
the mechanism of stabilization of austenite. 

As the average distance between two carbon atoms 
in a | per cent “homogenized” austenite is only about 
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6 x 10-8 em, a strain embryo, supposed to be 
associated with dislocations in the austenite lattice, 
may itself include one or more carbon atoms and will, 
in any case, not probably have a concentration of 
carbon within it, so much lower than in the surround- 
ing austenite as to encourage or allow carbon atoms 
to diffuse by themselves into it. It is therefore 
essential that an appreciable concentration gradient 
for carbon must exist in austenite, if carbon atoms 
are to diffuse at sufficiently high rates, and further 
essential to indicate the source for providing such a 
concentration gradient. 

The required concentration gradient can be 
provided either by a _ microsegregation of the 
originally homogeneously interstitially distributed 
carbon atoms of the austenite or by the provision of a 
carbon-rich region, as for instance from the associated 
martensite phase, in which carbon has a_ higher 
activity. 

Segregation of the interstitial 
especially in homogenised high-carbon austenite, to 
the extent necessary for providing high concentration 
gradients, can be taken as virtually impossible, as can 
also be inferred from the views of Fisher et al.'®) and 
of Kumar and Quarrell’. The probability of such 
microsegregation taking place can be calculated from 


carbon atoms, 


purely statistical considerations and has been found 
to be vanishingly small. The required gradient has 
thus to be attributed to the martensite phase itself. 
The role of internal stress on the speed of diffusion 
of carbon atoms is not clear at present. Cohen has 
indicated that diffusion is accelerated in the presence 
of internal stress, although Bhat and Lloyd” observe 
the opposite. Ifthe speed of diffusion of carbon atoms 
is governed by the magnitude of the internal stresses 
in the retained austenite,—increasing with greater 
internal stress, since at higher ageing temperatures 
internal stress relief would be greater,—the residual 
internal smaller. The speeds of 
rarbon diffusion must therefore be reduced and the 
time required for # to attain a maximum value must 
increase, a conclusion opposite to the experimental 
observations of both Edmondson, and Glover and 
Smith. It is felt that these difficulties will not arise if 
temperature is regarded as the controlling factor. 
The the associated 
martensite phase, and the random thermal agitation 
of carbon atoms, which increasingly tends at higher 
temperatures to divert them from proceeding directly 
to the strain embryos, would together satisfactorily 
explain the effect on § of both the proportion of 
adjacent athermal martensite as well as of ageing 
temperature. 


stress would be 


above concepts, based on 
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In alloy steels the stability is further affected by the 
relative affinity for carbon of the alloying elements 
which tend to group round strain centres. One may 
therefore expect the stability to increase with the 
carbide-forming tendency of the alloying element. 
Grain size control by small additions of aluminium 
may not however affect the stability particularly. 

We thank Dr. B. R. Nijhawan, Director, National 
Metallurgical Laboratory for kind discussion and 
permission to publish this note. 


E. G. RAMACHANDRAN 
C. DASARATHY 


National Metallurgical Laboratory 
Jamshedpur-7, India 
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Reply to Discussion 
“Shear along grain boundaries of an aluminum-— 
10 per cent zinc alloy deformed at room 
temperature” 
Contrary to the discussion by Dr. Perryman"), our 
experience has been that the precipitation of a phase 
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at the grain boundary tends to promote inter- 
crystalline cracking rather than to diminish it. In 
previous work") it was reported that aluminum 
alloys containing 10 and 20 per cent zine were subject 
to intercrystalline cracking at high temperatures 
(solid solution condition), the degree of intercrystalline 
cracking becoming worse with increasing zine content. 
It was also reported that tensile tests at room 
temperature, after ageing at room temperature, also 
resulted in brittle intercrystalline cracking in the 
10 and 12 per cent zine alloys. 

Under the circumstances, it would appear that 
intercrystalline cracking would have been expected 
whether the alloy was single-phase or contained a 
precipitate. The truly important thing is that grain 
boundary shear took place at 0.33 of the absolute 
solidus temperature. This is certainly not an expected 
phenomenon, and was worth noting. If a precipitate 
was present, which is likely, it would make grain 
boundary shearing much more difficult since the 
precipitate particles would tend to lock the grain 
boundary, forcing intercrystalline shear to take place 
in smaller increments, and to a much smaller extent. 
Thus the obvious evidence of grain boundary shear at 
room temperature is indeed of interest. 


Dept. of Metallurgy N. J. GRANT 
Massachusetts Institute of Technology 


Cambridge, Mass. 
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KINETICS OF CLUSTERING IN SOME ALUMINUM ALLOYS* 


D. TURNBULL, H. S. ROSENBAUM and H. N. TREAFTIS+ 


The kinetics of clustering of solute in the aluminum rich alloys Al(Cu), Al(Ag) and Al(Zn) was 
investigated by means of resistivity measurements. In each of the alloys there is, after a rapid quench 
from the homogenization temperature, a fast initial clustering at temperatures 200°-300°K. This 
reaction proceeds with an activation energy 0.5—0.6 eV in Al(Cu) and Al(Ag) alloys, and 0.4 eV in Al(Zn) 
alloys. In Al(Cu) and Al(Ag) alloys the isothermal progress of the reaction is, to a first approximation, 
independent of solute concentration. 

The forms of the isotherms are interpreted on the hypothesis that from the atomically dispersed 
state the reaction corresponds to the surface energy driven growth of large clusters at the expense of 
smaller ones. The growth rate, the total progress of the reaction, and their marked variation with 
thermal history, are satisfactorily interpreted with the quenched-in vacancy hypothesis if it is supposed, 
in addition, that sensible nucleation of dislocation loops occurs at very high vacancy supersaturations. 
We present evidence that the limiting cluster size is dictated by kinetic rather than by thermodynamic 
factors. 

We have found that in very dilute Al(Ag) alloys the isothermal resistivity [as in the case of Al(Zn) 
and Al(Cu)] rises with time in the earliest stages of clustering. 

After the rapid initial clustering there is a further slow reaction in Al(Cu) alloys which occurs over a 
period of several weeks. This rate is still much greater than that calculated from the extrapolated values 
of the high temperature diffusion constant of Cu in Al. Some possible interpretations of this slow 
reaction are outlined. 


CINETIQUE DE SEGREGATION DANS QUELQUES ALLIAGES D’ALUMINIUM 

La cinétique de ségrégation du soluté dans les alliages Al-Cu, Al-Ag et Al-Zn riches en aluminium a 
été étudiée au moyen de mesures de résistivité électrique. Dans chacun de ces alliages et aprés trempe 
rapide a partir de la température d’ homogénéisation, une ségrégation rapide se manifeste d’abord a des 
températures comprises entre 200 et 300°K, Cette réaction met en jeu une énergie d’activation de 0.5 a 
0.6 eV pour Al-Cu et Al-Ag et de 0.4 eV pour Al-Zn. 

Dans les alliages Al-Cu et Al-Ag, lévolution isotherme de la réaction est en premiére approximation 
indépendante de la concentration du soluté. La forme des isothermes est interprétée avec Thypothése 
daprés laquelle la réaction correspond & la croissance (due & l’énergie de surface) de gros amas au 
détriment d'autres plus petits. La vitesse de croissance le progrés total de la réaction et leur variation 
avec [histoire thermique sont interprétées de facon satisfaisante & partir de !hypothése de trempe des 
lacunes et si on suppose en plus qu'une nucléation importante d’anneaux de dislocations apparait pour 
de hautes concentrations en lacunes. 

Les auteurs montrent que la taille limite des amas est déterminée par les facteurs cinétiques plutot que 
thermodynamiques. 

Les auteurs ont trouvé que dans les alliages trés dilués Al-Ag, la résistivité isotherme (comme dans le cas 
de Al-Zn et Al-Cu) augmente au cours du temps dans les stades initiaux de la ségrégation. 

Aprés la ségrégation initiale rapide, il y a ensuite une réaction lente dans les alliages Al-Cu qui se 
déroule sur une période de plusieurs semaines. 

Cette itesse est encore beaucoup plus élevée que celle calculée a partir des valeurs extrapolées a haute 
température des constantes de diffusion de Cu dans Al. Quelques interprétations possibles de cette 
réaction lente sont envisagées. 


KINETIK DER ENTMISCHUNG BEI EINIGEN ALUMINIUM-LEGIERUNGEN 

Mit Hilfe von Widerstandsmessungen wurde die Kinetik der Entmischung des Zusatzes bei den 
Aluminium-reichen Legierungen Al(Cu), Al(Ag) und Al(Zn) untersucht. Nach schnellem Abschrecken 
von der Homogenisierungstemperatur tritt bei jeder dieser Legierungen eine anfangliche schnelle 
Entmischung bei Temperaturen von 200° —300°K auf. Diese Reaktion lauft ab mit einer Aktivierungs- 
energie von 0.5—0.6 eV bei Al(Cu)- und Al(Ag)-Legierungen und 0.4 eV bei Al(Zn)-Legierungen. Bei 
Al(Cu)- und Al(Ag)-Legierungen hangt der isotherme Ablauf der Reaktion in erster Naherung nicht von 
der Konzentration des Zusatzes ab. 

Die Isothermen werden auf Grund der Hypothese interpretiert, da die Reaktion dem durch die 
Oberflachenenergie verursachten Wachstum groBer Agglomerate auf Kosten kleiner entspricht, und 
zwar beginnend vom Zustand atomarer Dispersion. Die Wachstumsgeschwindigkeit, der allgemeine 
Fortgang der Reaktion und die ausgesprochene Abhangigkeit von der vorhergegangenen Warmebehand- 
lung lassen sich durch die Hypothese eingefrorener Leerstellen zufriedenstellend erklaren, wenn man 
zusatzlich annimmt, daB bei sehr hohen UberschuBkonzentrationen von Leerstellen merkliche Bildung 
von Versetzungsschleifen eintritt. Wir bringen Beweise dafiir, daB die GréBe der Agglomerate durch 
kinetische und nicht durch thermodynamische Faktoren begrenzt wird. 


* Received February 5, 1959; revised version April 8, 1959. 
+ General Electric Research Laboratory Schenectady, New York. 
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in den ersten Stadien der Entmischung. 


In sehr verdiinnten Al(Ag)-Legierungen steigt [wie bei Al(Zn) und Al(Cu)| der isotherme Widerstand 
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Nach der anfanglichen schnellen Zusammenlagerung tritt bei Al(Cu)-Legierungen eine weitere langsame 
Reaktion auf, die sich iiber einige Wochen erstreckt. Diese Reaktionsgeschwindigkeit ist immer noch 
viel gréBer, als man sie mit extrapolierten Werten der Diffusionskonstanten von Cu in Al bei hohen 


Temperaturen berechnet. Einige Erklarungsméglichkeiten dieser langsamen Reaktion werden angegeben. 


INTRODUCTION 


In some supersaturated aluminum alloys [for 
example Al(Cu), Al(Ag) and Al(Zn)] the solute 
segregates at comparatively low temperature into very 
small solute-rich clusters which are structurally 
continuous (coherent) with the parent solid solution. 
These clusters can be very numerous (e.g. more than 
1018 em~%) and may contain of the order of 100 or 
fewer atoms. The somewhat larger clusters which 
give the diffraction effects discovered by Guinier 
and Preston’ are known as Guinier—Preston zones. 
In earlier papers it was suggested that the mean 
cluster size enlarges continuously at low temperatures 
by a process of competitive growth. The rate of 
enlargement finally becomes so small that the zone 
size becomes effectively constant. However, we 
believe that in infinite time the zones would reach a 
macroscopic size: therefore we classify clustering and 
zone formation as precipitation processes. 

Clustering seems to occur in those systems in 
which the energy difference between solvent and 
solute in the solvent structure is quite small. It 
appears®'® that there is no appreciable coherent 
clustering of silicon in aluminum alloys. Pure silicon 
has a diamond cubic structure and there is no evidence 
that a low energy face-centered cubic modification 
exists. 

It is now well known that G.P. zone formation in 
Al(Cu) occurs near room temperature at rates many 
orders of magnitude greater than that inferred from 
the extrapolated values of the diffusion coefficients 
of copper in aluminum measured at high temperature. 
DeSorbo et al.) have shown that the earliest stages 
of clustering in Al(Cu) are even much faster than had 
been heretofore supposed and are governed by an 
activation energy of 0.52 eV. Turnbull and Treaftis' 
showed that, contrary to what had been supposed 
earlier, the initial stages of clustering in Al(Ag) alloys 
are also extraordinarily rapid at low temperatures and 
are controlled by an activation energy very near that 
for Al(Cu) alloys. 

Various theories for the rapid clustering in aluminum 
alloys have been reviewed elsewhere. It now ap- 
pears:§® that the initial rapid clustering in Al(Cu) 
and Al(Ag) alloys can be explained most simply on the 
basis of the ““quenched-in vacancy” hypothesis. That 
is, the rapid rate of clustering is effected by a high 


vacancy concentration, corresponding to equilibrium 
at the homogenization temperature, retained in the 
specimen by the rapid quench. 

This paper describes a more extensive investigation 
of the kinetics of clustering in Al(Ag), Al(Cu), and 
Al(Zn) alloys. 


EXPERIMENTAL 
Material and preparation of alloys 


The Al used in preparation of the alloys was of 
99.996 per cent purity. Qualitative emission spectro- 
graphic methods showed the impurities to be slight 
traces of Ag, Cuand Mg. The following elements were 
looked for but not detected: Fe, Si, Zn, Sn, Pb, Bi, Pt, 
Ni, Co, Mn, Ir, Cd, Sb, Te, Ti and Li. The Ag used was 
99.994 per cent pure, and the Cu and Zn were of 
99.999 per cent purity. 

Preparation of the 1.9 at.°, Cu alloy has been 
reported elsewhere.“) The Al(Ag), Al(Zn) and 
additional compositions of Al(Cu) alloys were vacuum 
‘ast in graphite crucibles. The final composition was 
determined by analyzing the specimens used for the 
measurements, with an accuracy of +0.05 wt.°,, 
after the measurements were completed. 

The various alloys were formed into a 0.076 em 
diameter wire by cold swaging and drawing: then 
they were rolled to form ribbons 0.010 cm thick and 
about 0.2 em wide. A 120 cm length of ribbon was 
split from each end to provide voltage and current 
leads for the central section (3 cm in length) which 
served as the specimen. The specimen of the 0.4 at.°,, 
copper alloy was a 0.025 cm diameter wire 25 cm 
long, in the form of a coil 0.32 cm in diameter and 
~ 3.8 cm long. In this case the longer specimen was 
required to obtain the desired accuracy in the re- 
sistance measurements. 

Homogenization and quenching 

The homogenization atmosphere was usually hydro- 
gen, but the results were not altered appreciably when 
helium or air was used instead. The rectangular 
furnace used was described earlier."® The specimens 
were mounted on a small “‘transite’’ plate that was 
free to rotate below the opening in the bottom of the 
furnace (Fig. 1). After homogenization, the specimens 
were swung out of the furnace and into the quenching 
medium directly beneath the furnace. 
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Fic. 1. Quenching arrangement. The sample was 
supported by the voltage and current leads in the 
furnace. The quench was effected by rotating the 
sample into the quenching bath by hand as shown. 


The cooling rate during quenching was determined 
by applying the voltage drop from across the specimen 
to the vertical deflection plates of an oscilloscope. 
The resulting curve was then photographed by a 
Polaroid camera attachment. Since the current in 
the circuit was kept constant, the curve is a representa- 
tion of the variation of temperature with time. 
When the specimens were quenched in water, the 
total time elapsed in cooling from homogenization 
temperature* to bath temperature was 25 msec, 
corresponding to an average cooling rate of 25,000°C 
sec!, About the same rate of quenching was obtained 
when the bath was a eutectic mixture of CaCl, and 
—5O°C. 
added to this 


A small amount of potassium 
bath to 
In some experiments a 


water at 

dichromate 
corrosion of the specimens. 
a small elliptic furnace was used; this consisted of an 
aluminum shell wrapped around elliptical transite 
ends, with a General Electric infrared tube at one 
focus providing a line source of heat, and a gold sheet 
cylinder at the other focus. The gold cylinder was 
coated with Al,O, powder in order to increase its 
“lavite’’ cylinder was 


was minimize 


infrared absorption, and a 
placed inside to improve the emissivity to the speci- 
men. The specimen came into the lavite cylinder 
through aligned slots in the bottom of the furnace and 


the gold heating cylinder. The opening of the furnace 


* For a homogenizing temperature of 550°C the temperature 
drop in the specimen from the time it left the furnace to the 
time it contacted the quenching bath was between 10° and 
15°C. 
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was placed within 3 cm of the quenching bath. With 
this apparatus quenching rates of 40,000°—50,000°C 
sec”! were obtained. 

The Al(3.6 at.°,, Zn) alloy was homogenized at 
300°C. The Al(Cu) alloys, 0.85-2.25 at.°, Cu, were 
homogenized at 550°C, and the 0.4 at.°, Cu alloy 
at temperatures ranging between 350° and 550°C. 
The Al(Ag) alloys, 0.6-6.1 at.°, Ag, were usually 
homogenized at 550°C, but in some experiments with 
dilute alloys temperatures between 350° and 600°C 
were used. 


Measurement of resistance 

The current in the resistance measuring circuit, 
which was described earlier,“ was kept constant at 
1.0 +10-° A by continuously monitoring the voltage 
drop across a standard resistor. Recording the 
voltage drop across the specimen gave the resistance 
in ohms directly. Accurate recording of the resistance 
was begun within 5-15 sec after the quench. Using 
the most sensitive recorder scale, 0.2 mV for full 
scale deflection, the 
+2 x 10°§Q, and with the 
(1.0mV max) to +1 Q. 
the measured resistance change varied between 0.5 


resistance was determined to 


least sensitive scale 


The uncertainty in 


and 3 per cent depending on the magnitude of the 
change. 


RESULTS 


Resistance—temperature behavior of quenched alloys on 
continuous heating 

The occurrence of low temperature reactions can be 
displayed by continuously heating the specimen after 
quenching to a low temperature. In these experiments 
the specimens are homogenized, quenched in brine at 

50°C, and immediately transferred to a liquid 
bath. The then 
continuously as the temperature is increased (using a 
suitable inert bath fluid for each temperature range) 
at a rate of about 20°C hr-!. 

The results for an Al(Cu), an Al(Ag) and an Al(Zn) 


In all three cases the 


nitrogen resistance is measured 


alloy are displayed in Fig. 2. 
resistivity at the lowest temperatures is very near the 
value obtained by linear extrapolation from tempera- 
the 
complete solution. 


tures above thermodynamic temperature of 
In agreement with earlier results 
the behaviour of resistivity upon continuous heating 
gives evidence for low temperature reactions in all 
three systems. 

In the Al(Ag) alloys the resistivity begins to fall 
away from the p vs. 7' straight line relation at 225°K 
(—48°C) and finally reaches a plateau which at 0°C 
is about 8 per cent below the solid solution value as 
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Fic, 2. Resistivity as a function of the temperature for 

an Al(3.6 at.% Zn), an Al(5.5 at.°4 Ag) and an Al 

(1.7 at.% Cu) alloy. The specimens were quenched to 

223°K (—50°C) from the homogenization temperature 

and then immediately put into liquid N,. They were 
then slowly heated (~20°C/hr) while the measurements 
were made. The lower scale (resistivity) is for the 

Al(Ag) and Al(Cu). The upper scale (in fractional 

resistance) is for Al(Zn). 
the temperature is increased further. The difference 
between the resistivity of the solid solution and the 
“plateau” value, corresponding to completion of the 
low temperature reaction, increases linearly with 
silver concentration. This is shown in Fig. 3. 

There is evidence for further reactions leading to 
resistance lowering beginning at 375°K (102°C) and 
50O°K (227°C). It is significant that after the low 
temperature reaction has occurred in the initially 
homogeneous alloy, the alloy is stable up to 100°C 
at a resistance level far higher than that of the e’ 
state (see Borelius™!) which forms in slower quenches. 
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Fic. 3. Extent of low temperature reaction in Al(Ag) 
alloys. The specimens were homogenized at 550°C, 
quenched into ice water, and the “low temperature 
reaction”’ allowed to go to completion (to state p, in 
Fig. 2) isothermally at 0°C. The total resistivity change 
for this reaction is plotted as a function of Ag content. 
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Fic. 4. Resistivity of Al(Ag) and Al(Cu) alloys as a 

function of their compositions. These values represent 
the state immediately after a quench to 0°C, 


The beginning of the low temperature reaction in 
the Al(Zn) and Al(Cu) alloys is indicated by an 
increase in resistivity above that of the straight line 
pvs. T relation for the homogeneous solution. In 
Al(Zn) the reaction becomes perceptible at 200°K 
(—73°C) and leads to a resistivity increase, relative to 
the homogeneous solid solution, which reaches 10 
per cent at 250°K and then falls away.* 

In the Al(Cu) alloy the reaction becomes perceptible 
at 250°K (—23°C) and leads to a resistivity increase, 
relative to the homogeneous solution, which is at most 


4 per cent. 


Resistivity—concentration relations for Al(Ag) and 
Al(Cu) at 0°C 

Figure 4 shows the variation of resistivity with 
concentration for the quenched Al(Ag) and Al(Cu) 
alloys in their initial state at O°C. These data were 
obtained by measuring the resistivity—-time curves of 
ribbon-shaped (0.01 0.2 specimens quenched 
into an ice bath (0°C) after homogenization. (The ice 
was kept from the specimen by a wire mesh basket.) 
The resistivities plotted are the extrapolated values 
at t= 0. Identical results were obtained when the 
specimens were first quenched in a brine bath at 
—50°C and then transferred to the 0°C bath. It is 
seen that at the lowest concentrations the resistivity 
increases linearly with concentration in both alloys. 
For Al(Cu) the resistivity increase is 1.0 wQ em/at.°, 
and for Al(Ag) 1.2 wQ em/at.°,. 

The falling of the resistivity of Al(Cu) from the 
linear relation at high concentration is not understood 
since clustering, under these conditions, would lead to 


a resistivity increase. 


* An extensive investigation of the kinetics of clustering 
in Al(Zn) alloys has been made independently by Prof. 
Guinier™?, 
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Fic. 5. Fractional change of resistivity |i.e. ratio of 
A p(t) to the extrapolated value of pit vs. a 
normalized time scale for an Al(3.6 at.®%, Zn) alloy. 
The alloy was homogenized at 300°C, quenched into 
brine at —45°C and then aged isothermally in alcohol 
at the indicated temperatures. The curves were made to 
superpose by multiplying the time by the indicated 
sealing factor f. 


“35°C 


40 41 


19° 
TK 
Fic. 6. Log f plotted as a function of 7 for data of 
Fig. 5. 
Rate of clustering at low temperatures and its temperature 
dependence 
Resistance-time relations at different low tempera- 
tures were obtained for Al(3.6 at.°,, Zn) alloys using 
procedures similar to those already described for the 
Al(Ag) and Al(Cu) alloys. The specimens were 
quenched from the homogenization temperature into 
brine at —50°C and immediately up-quenched to the 
aging temperature. 


As noted earlier,” the isotherms of resistivity 
time for the low temperature clustering in Al(Cu) and 
Al(Ag) can be superposed by multiplying the time at 
a given temperature by a suitable factor f. The low 
temperature isotherms for Al(Zn) alloys can be 
superposed similarly as shown in Fig. 5. It was 
found (see Fig. 6), as with Al(Cu) and Al(Ag), that the 
dependence of f on temperature is satisfactorily 
described by an Arrhenius type of relation. The 
activation energies for the low temperature reaction 
calculated from this relation are summarized for all 
three systems in Table 1. 

The activation energy governing zinc clustering is 
seen to be somewhat less than that for copper and 
silver clustering. The apparent increase of activation 
energy for silver clustering with decreasing concen- 
tration is hardly significant. It had already been 
pointed out 818 that the activation energies for 


TABLE |. Activation energy, Q, governing rate of low tempera- 
ture clustering in aluminum alloys. Calculated from relation: 


f = Aexp([—Q/RT] 


Solute Solute concentration Activation energy 
(at. %) (eV) 


Copper 2. O51 0.05 
Silver a 0.565 0.05 
Silver 2.é 0.52 + 0.05 
Silver 0.49 0.05 
Zine ? 0.39 0.04 


All the data fall within the specified limits 
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Fic. 7. Isothermal aging curves for various Al(Ag) 
alloys. The specimens were homogenized at 550°C, 
quenched into brine at —45°C, and then aged iso- 
thermally in water at 0°C, The fractional resistivity 
change (i.e. the change of resistivity at time ¢ divided 
by the total change) is plotted as a function of time. 
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Fig. 8. Ratio of the resistivity change Ap(t) to the Cu 


concentration, X, vs. time for various Al(Cu) alloys. 


The specimens were homogenized at 550°C, quenched 
into ice water and then aged isothermally in water at 
oe. 


clustering of copper and silver are near that governing 
the annealing-out of point defects in pure aluminum. 


Dependence of rate of clustering on solute concentration 


Turnbull and Treaftis' pointed out that, to a first 
approximation, the rate of initial clustering in Al(Ag) 
alloys is independent of the solute concentration, X. 
That is dy/dt, where y is defined by 

y = [Ap(t)]/Ap. (1) 
where Ap(t) and Ap, are the total changes in re- 
sistivity due to clustering after times ¢ and infinity, 
respectively, is approximately independent of X. 
Since Ap, is proportional to X (see Fig. 3) we can also 
define y by 

y = [Api(t)|/kX. (2 

The more complete results on the Al(Ag) alloys we 
have now are displayed in Fig. 7 and confirm this 
conclusion. It is seen that in the earliest stages of 
clustering y = f(t) is nearly independent of X over 
quite a wide concentration range. However, in the 
later stages the rate, dy/dt, tends to be somewhat 
higher in the more concentrated alloys. 

Because of the maximum in the isothermal resis- 
‘rannot be defined for Al(Cu) 
it is reasonable to suppose that 


tance with time, Ap, 
alloys. However, 
equation (2) is valid in this case. Indeed, we find (see 
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Fig. 8) that Ap(t)/X = f(t) for Al(Cu) is nearly 
independent of X between X = 0.013 and X = 0.024. 


We have no such measurements on Al(Zn) alloys. 


Effect of thermal history on the kinetics of clustering 


We have found that if the quenching rate of Al( Ag) 
alloys is lowered, either by making the specimen 
thicker or quenching into fluids with lower quenching 
efficiency, the initial resistivities are significantly 
lower than the homogeneous solution values. Using 
the same experimental procedure as that used by 
Borelius"), we confirmed the existence of the e’ state 
that he reported.“)) ¢’ is manifested by a resistivity 
about 50 per cent below the homogeneous solution 
value. We also found that the initial rate of clustering 
in Al(Ag), 
with lower rates of quenching. 

If. instead of being quenched from the homogeniza- 
tion temperature to a sub-zero temperature and then 
warmed up, the Al(Ag) alloy is quenched directly into 
water near room temperature or higher, the resistivity 
ultimately falls to a limiting value considerably below 
the plateau of the p, state (which at 0°C is 7-8 per 
cent below the homogeneous solution value). The 
higher the temperature of the water quench the 
this is 


as well as the initial resistivity, was less 


greater is the total decrease in resistivity: 


shown in Fig. 9. 
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Fig. 9. Ratio of the total decrease in resistivity Ap\ Dn), 

to the initial resistivity, p(0), plotted as a function of 

the aging temperature in an Al(3.0 at.%, Ag) alloy. 

The alloy was homogenized at 550°C and quenched into 

water at the indicated temperature. The reactions 

were allowed to continue until the rate of resistivity 
decrease became imperceptible. 

DeSorbo et al. showed that the rate of clustering 
in Al(Cu) alloys at low temperature is decreased if the 
quench from the homogenization temperature is 
interrupted for an appreciable time ¢; at 200°C. (We 
shall call this the “quench-interruption effect’’.) 
More specifically, it was found that the rate of 
resistivity increase, p, for some constant Ap(f), at 
O°C in a 2.0at.°, copper alloy decreases as 1/(¢; 
constant). Thus p(¢;), in units of p (0) at f; = 0, was 
1/10 at ¢; = 10 see and 1/300 at t; = 120 see. 

We have now studied the effect of varying the 
temperature at which the quench of Al(2 at.°,, Cu) is 
interrupted. In these experiments the quench from 
550°C is interrupted for a period of 10 sec at tempera- 
tures between 160°C and 225°C and then quenched to 
O°C and held. The initial rate of change of resistivity 
py at O°C is plotted against the intermediate tempera- 
ture 7’; in Fig. 10. For the 7’; range 185-225" C, po 
increases with decreasing 7';. Below 7’; = 180°C the 
results were very inconsistent, but it appeared that 
below 7, = 170°C , tends to fall with decreasing 7’,. 

If, after being quenched from 550°C to O°C, the 
Al(2 at.°,, Cu) specimen is given a 2 min reversion 
treatment at 200°C (i.e. up-quenched from 0°C to 
200°C and held there) the rate of clustering after again 
quenching to O°C is 2400 times slower than after a direct 
quench from 550°C to0°C, The corresponding isotherms 
are shown in Fig. 11. 

It is significant that the reversion treatment had 
much less effect on the rate of clustering in specimens 
whose quench from 550°C had been interrupted at 
200°C. The 6°C isotherm for this treatment is also 
shown in Fig. 11. The rate is about 10 times the rate 
in the directly quenched specimen that had had a 
reversion treatment, and nearly the same as that after 
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#24 
a #25 
@ #26 
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°K 


Fic. 10. Normalized rate of resistivity change as a 
function of the temperature at which the quench was 
interrupted. The normalized rate is the ratio of the 
initial rate of resistivity change, p, after an interrupted 
quench, to the initial rate after a direct quench. The 
alloy, Al(2 at.% Cu), was homogenized at 823°K 
(550°C), quenched into a silicone oil bath at the 
indicated temperature for 10 sec, and then quenched 
to 273°K (0°C) where the isothermal rates were 
measured, 


a quench interruption (2 min at 200°C) without 
subsequent reversion. 


Clustering in Al(Ag) alloys after the low temperature 
reaction 

We have investigated the rate of clustering in an 
Al(2.8 at.°,, Ag) alloy after the completion of the low 
temperature reaction. That is, the initial state, p,. 
in these experiments corresponds to the resistivity 

28 


7 


2 OF 
& 550° 200°» 0° 200°» 0°C 


550°-= O°C 


} 550°» 0° 200° 0°¢ 


10 
TIME IN MIN 


Fic. 11. Fractional change in resistivity (i.e. the ratio 
of the change in resistivity, Ap, to the initial resistivity) 
vs. aging time at 273°K (0°C) for an Al(2 at.®%, Cu) 
alloy after the indicated quenching and aging sequences. 
For the upper curve the specimen was quenched directly 
to 273°K (0°C). For the middle curve it was quenched 
to 273°K (0°C) for 1 hr, up-quenched to 473°K (200°C) 
for 2 min and then again quenched to 273°K (0°C). 
For the lower curve it was quenched from 823°K 
(550°C) to 473°K (200°C) for 2 min, then quenched to 
273°K (0°C) for Lhr, up-quenched to 473°K (200°C) 
for 2 min and finally quenched to 273°K (07°C), 
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Fic. 12. Isothermal aging curves for an Al(2.8 at.% 

Ag) alloy that was homogenized at 550°C, quenched 

into ice water for 1 hr (0°C) and then up-quenched into 

an oil bath at the indicated aging temperature. The 

change in resistivity is plotted against the time (as 

normalized by the appropriate factor, f) at the aging 
temperature. 


plateau, p,. which, at O°C, is about 8 per cent below 
The final state 


corresponds roughly to a resistivity about 20-25 per 


the homogeneous solution value. 
cent below the homogeneous solution value at O°C. 
This state was stable to a temperature of 500°K 
(227°C) in the continuous heating experiments for the 
alloy composition 5.5 at.°, Ag (Fig. 2). The trans- 
ition to this state occurs at an appreciable rate at 
temperatures exceeding 353°K (80°C). 

The procedure was to quench the alloy from 550°C 
to 0°C and hold for 1 hr at 0°C. This brought the alloy 
to the p, state. It was then immediately up-quenched 
to a temperature within the range 80°—170°C and held. 


Two sets of isotherms were obtained. the isotherms of 


each set differing only by time scale factors, f. One 
set (see Fig. 12) was in the temperature range 80°— 
120°C and could be described approximately by the 
relation Ap = yt? where y is a function of 7. The 
other set was in the temperature range 120°-170°C. 

The temperature dependence of the time scale 
factors, f, is described by an Arrhenius equation for 
each set of isotherms. The apparent activation energy 
for the low temperature isotherms (see Fig. 13 for the 
Arrhenius plot) is 1.5 — 0.15eV: that for the high 
The initial 
resistivities in these experiments were higher than the 


temperature isotherms is 1.0 — 0.1 eV. 


values extrapolated linearly along the p, plateau. The 
difference increased with increasing temperature being 
| per cent at 100°C and 3 per cent at 170°C. This may 
reflect some re-solution of the clusters from the p, 
state. 


The resistivity maximum in clustering 


It was well known that when Al(Cu) or Al(Zn) 
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Fic. 13. Log of the time scale factor f as a function of 


The data are those of Fig. 12. 


alloys are quenched from the homogenization tem- 
perature to comparatively low temperatures, the 
isothermal resistivity rises at first. With longer times 
or at higher temperatures it reaches a maximum value 
and then falls off. 

This resistivity increase with initial clustering is 
contrary to expectations based on simple theory for 
the effect of solute segregation. Mott" suggested 
that particles with diameters of the order of magnitude 
of the wave length of the conduction electrons might 
contribute an extra scattering. Also 
supposed that the effect is associated with the differ- 
ence the and atom 
However, a very pronounced resistivity maximum 


it has been 


between solvent solute sizes. 
occurs in Al(Zn) alloys even though the sizes of Al 
and Zn atoms in the face-centered cubic modification 
are not very different. 

It had been supposed that Al(Ag) alloys, in which 
the atom size of solute and solvent differ by less than 
| per cent, do not exhibit the resistivity maximum. 
However, Federighi™®) and we, independently, have 
found that the isothermal resistivity of dilute Al(Ag) 
alloys does exhibit a maximum with time when the 
specimens are quenched from a comparatively low 
homogenization temperature. Our results for an 
Al(1.4 at.°, Ag) alloy held at O°C, after homogen- 
ization at various temperatures in the range 350°— 
550°C, are shown in Fig. 14. The maximum becomes 
apparent in specimens quenched from homogenization 
At 353°C the maxi- 
mum increase over the initial resistivity is 14 per 


temperatures 450°C and below. 


cent. Fig. 15 shows a similar set of isotherms at 20°C 
for a 2.8 at.°,, Ag alloy. Similar effects were obtained 
for a 0.6 at.°,, alloy. We have established that the 
appearance of the maximum is independent of the 
homogenization furnace atmosphere. 

The initial resistivity, p(), at the aging tempera- 
ture in these experiments varies somewhat with 


homogenization temperature. In the more con- 
centrated alloys decreases with increasing 
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Fic, 14. Isothermal aging curves for an Al(1.4 at. 

Ag) alloy at 273°K (0°C). The alloy was homogenized 

at the various indicated temperatures. Resistivity is 
plotted against time at 0°C. 


homogenization temperature 7',, (see Fig. 15): in the 
0.6 at.°,, alloy p(O) increases with 7',,.. However this 
latter effect may be due to added resistivity of the 
lattice defects which would increase with increasing 
temperature and which would make a relatively large 
contribution to p(0) in the most dilute alloys. 

It is significant that the initial ascending parts of a 
particular set of isotherms for a given 7',, and silver 
content differ only by time scale factors, f. This is 
shown in Fig. 16 for an Al(14. at.°,, Ag) alloy and with 
T 4, = 626°K (353°C). These scale factors are related 
to temperature by the Arrhenius equation with an 
activation energy 0.57 eV. 

The resistivity maximum for Al(Zn) alloys can be 
quite large even at relatively high zine contents. Fig. 
17 shows an isotherm at —45°C for an Al(11.9 at.°,, 
Zn) alloy. The resistivity increased 15 per cent before 
falling. 

In Al(Zn) alloys it is possible for the resistivity to 
rise with time at a low temperature but in the same 
state to fall with time at a higher aging temperature. 
This effect was discovered by Meyer"®. We observed 
it in the thermal cycling of an Al(3.6 at.°,, Zn) alloy 


TIME IN MIN. 


5. Same as Fig. 14 for an Al(2.8 at.°, Ag) alloy 
aged at 20°C, 
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Fic, 16. Isothermal aging curves for an Al(1.4 at.% 

Ag) alloy that was homogenzied at 353°C, quenched 

into ice water and then aged at the indicated tempera- 

tures. The change in resistivity is plotted as a function 
of a normalized time scale. 


between 0°C and 23°C. Our results are shown in Fig. 
18. In these experiments the aging was carried out 
for atime at 0°C. The specimen was then up-quenched 
to 23°C, held there awhile, and then down-quenched to 
zero. This process was repeated several times. The 
isotherms obtained by uninterrupted aging are also 
shown. It is seen that after a time the resistivity is 
falling at 23°C but it continues to rise at O°C after 
down-quenching from a falling state at 23°C. It is 
significant that the rise or fall of resistivity that 
occurs at one temperature is transmitted to the 
initial resistivity (for that cycle) at the other tempera- 
ture. (For some unknown reason the fourth cycle in 
the data of Fig. 18 is an exception to this.) 


Clustering in dilute alloys 

In relatively dilute alloys the quenched-in vacancies 
can make a contribution to the resistivity comparable 
in magnitude to the change in resistivity due to low 
temperature clustering. For example, the data of 
DeSorbo and Turnbull“! indicate that the lattice 
defects in equilibrium in pure aluminum at 550°C 
contribute 0.05 wQem to the resistivity. This is 
significant compared with the 0.13 ~Q cm resistivity 
decrease accompanying the formation of the p, state 
in an Al(1 at.°,, Ag) alloy. One possible effect of this 
vacancy resistivity contribution was noted in the 
preceding section. 

We have observed some very marked effects of the 
vacancy resistivity contribution on the resistivity 
isotherms of very dilute Al(Cu) alloys. In _ these 
experiments an Al(0.43 at.°,, Cu) alloy was made into 
a thin wire 0.025 cm in diameter. A 25-cm length of 
this wire was put into the form of a helix 0.32 em in 
diameter and 3.8 cm long for the resistivity measure- 
ments. The specimen was homogenized in the elliptic 
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Fic. 17. 
Zn) alloy at 


radiation furnace described earlier and quenched into 
a water bath at O°C. 

The isotherms so obtained for different homogeni- 
zation temperatures are shown in Fig. 19. It is seen 
that, just as in the case of dilute Al(Ag) alloys, the 
resistivity initially rises with time when the homo- 
genization temperature is low, but it falls at first 
when 7',, is 550°C. 

These isotherms can be interpreted, in part, if it is 
supposed that the total resistivity change, Ap, at any 
time is made up of two parts. One part, Ap,, is a 
quantity that is due to clustering and is positive under 
these experimental conditions: the other part, Ap,, 
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Fic. 18. Fractional resistivity change in an Al(3.6 
at.°, Zn) alloy while the aging temperature was 


alternated between 0°C and 23°C. The specimen was 
homogenized at 300°C and quenched into an ice water 
bath. The ordinate is the ratio of the resistivity, p(t) 
to the initial resistivity at O°C. po(0). 


TIME IN MIN 
Isothermal aging curve for an Al(11.9 at.°, 
45°C. The specimen was homogenized at 
380°C and quenched directly to 
change in resistivity, 1.e. the ratio of the resistivity at 
time f¢. A p(t) to the extrapolated value at ¢ 0, is 
plotted as a function of the time at 
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45°C. The fractional 


45°C, 


is a negative quantity resulting from the leaking out of 
That is: 


Ap = Ap, 


lattice vacancies. 


Ap... (3) 


In this alloy the clusters apparently dissolve (retro- 


gress) at 100°C. Therefore Ap, can be estimated by 


heating the alloy at 100°C and then measuring the 
resistivity immediately after quenching to the aging 


temperature. This was done after each isothermal run, 
Ap, due to 


and the resulting resistivity change, 
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Fic. 19. Isothermal aging curves for an Al(0.43 at.®, 

Cu) alloy that was homogenized at the indicated 

temperatures and quenched directly to 273°K (0°C). 

The change in resistivity is shown as a function of the 
time at 
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TABLE 2. Resistivity changes in an Al(0.43 at.% Cu) alloy aged at 0°C after 
homogenization at various temperatures, 7’, 


Tx t Ap 
67% 45 + 0.0032 
698 30 + 0.0030 
723 30 + O.0015 
748 30 -O.0011 
77 30 0.0003 
798 30 - 0.0024 
823 30 - 0.0062 


Ap. Ap, Ap, for pure 


aluminum* 


+ 0.0059 0.0027 0.0036 
+ 0.0067 0.0037 0.0060 
0.0075 0.0060 0.0095 
+ 0.0083 0.0072 0.0148 
0.0064 0.0061 0.021 
+ 0.0075 0.0099 0.031 


+ 0.0069 0.0131 0.043 


cluster re-solution, is shown in Fig. 19 for each case. 
The contribution of the vacancies, Ap,, at the end of 
the experiment is then found by subtracting Ap, from 
Ap as indicated by equation (3). 

The values of Ap, and Ap, so calculated are 
summarized in Table 2. 

We show inthesixth column of Table 2 the resistivity 
Ap,” due to vacancies in equilibrium in pure aluminum. 
At the corresponding homogenization temperature 
Ap,, for the dilute alloy is near Ap,°, but it increases 
less rapidly with 7, than does Ap,? with 7. Of 
course the resistivities due to vacancies are not 
necessarily the same in pure aluminum and in dilute 
alloys. However, we would expect the vacancy 
resistivity found in our experiments to be substantially 
lower than the total of that due to vacancies in 
equilibrium at 7',,.. There are two reasons for this 
expectation: (1) In quenching from relatively high 
temperatures usually it is not possible to cool fast 
enough to retain all the defects in the specimen in 
equilibrium at that temperature. (2) It may be that 
30 min at 0°C is insufficient time, under the conditions, 
for all the vacancies to leak out of the alloy. 

Also shown in Fig. 19 is an isotherm at 0°C for pure 
aluminum homogenized at 500°C and quenched in the 
same way as thealloys. The total change in resistivity, 
0.014 wQ em, is to be compared with the Ap,” value 
of 0.021 em. 


Effect of cold-working on the rate of clustering 

In an earlier paper™ it was shown that light cold 
working has but little effect upon the kinetics of 
clustering in Al(Cu) alloys quenched directly from 
the homogenization to the aging temperature. If, 
however, the quench had been interrupted by holding 
at 200°C so that the clustering rate at 25°C and below 
was substantially reduced, light cold working (done 
by bending the specimen plastically in liquid nitrogen 
prior to aging) had the effect of restoring the clustering 
rate nearly to its value in specimens quenched directly 
from 7',, to the aging temperature. 


* Resistivity due to lattice defects in equilibrium at 7’, in pure aluminum calculated from data of DeSorbo and Turnbull"”?. 


We have done similar experiments with Al(Ag) 
alloys. In one set of experiments an Al(1.4 at.°,, Ag) 
alloy was homogenized at 600°C, quenched into brine 
at —50°C, then transferred to a liquid-nitrogen bath 
and finally cold worked by plastic bending. It was 
aged at O°C. The resulting isotherm and the corre- 
sponding isotherm for the undeformed specimen are 
shown in Fig. 20. A similar pair of isotherms is shown 
in the figure for this alloy homogenized at 350°C. 

These results indicate that light cold working has 
little effect on the rate of clustering in Al(Ag) alloys 
excepting to lower it condiserably in the later stages 
for the alloy quenched from 7';, = 873°K (600°C), 

In another experiment an Al(6 at.°,, Ag) alloy was 
homogenized at 550°C, quenched into brine at —50°C 
and then aged at 10°C. Then at various stages 
during aging the specimen was cold-worked slightly 
either at —10°C or —196°C. In all cases the rate of 
clustering after the cold-working was slightly, but 
perceptibly, increased. 

Thus, as in the case of Al(Cu) alloys, light cold- 
working has no pronounced effect upon the initial 
rate of clustering in Al(Ag) alloys quenched directly 
from the homogenization to the aging temperature. 


COLD WORKED 


NO COLD WORK 


x 100 


Ap 
piel 


COLD WORKED 


NO COLD WORK 
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TIME IN MIN 


Fic. 20. Effect of cold-work on the isothermal aging 
curves of an Al(1.4 at.®% Ag) alloy. Cold-work was 
done in liquid N, after the quench from the homo- 
genization temperature, but before the subsequent 
aging. The upper pair of curves are for a homogeniza- 
tion temperature, 7',,. of 350°C, while in the lower pair 
of curves T,, = 600°C, The ratio of the resistivity 
change Ap, to the initial resistivity, po, is plotted as a 
function of the time at the aging temperature, 0°C, 
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Fic. 21. Fracture and vield stress as a function of Cu 
content in Al(Cu) alloys is shown for both the ‘‘aged” 
condition (containing clusters) and the “‘retrogressed”’ 
condition (little or no clustering present). The stress 
values shown here are the ratio of the load to the 
unstrained cross-sectional area, The yield stress values 
are the stress at A///, = 0.002, where Al is the change in 
length and /, is the unstrained length. The alloys 
containing clusters had been homogenized at 550°C. 
quenched into water at room temperature and 
immediately transferred to a liquid N, bath. They 
were then aged at room temperature for 20 min before 
testing. The “retrogressed”’ or “solid solution,” 
condition was attained by homogenizing as above. 
quenching into water at 0°C, aging at 0°C for various 
times (30 min for the 0.42, 0.85 and 1.3 at.°% alloys; 
15 min for the 1.8 and 2.4 at.% alloys), and finally 
putting the specimens into silicone oil at an appropriate 
retrogression temperature (150°C for the 0.429, 175°C 
for the 0.85 at.°,, and 200°C for the more concentrated 
alloys) for 2 min. All tests were made at room 
temperature, 


Effect of clustering on stress-strain relations 


Some observations were made on the flow stress and 
tensile strength of Al(Cu) alloys as a function of 
copper concentration and clustering. The tests were 
made at 27°C using the Instron tensile testing appar- 
atus. The alloy specimens were 0.01 em » 0.24 em 
3.0 em. 

All were homogenized at 550°C, quenched to room 
temperature, then immediately transferred to a 
liquid nitrogen bath and stored there. (The pure 
aluminum specimens were treated in exactly the same 
way as the alloy specimens.) 

The specimens were then aged for various periods 
(up to 20 min) at room temperature and the stress— 


1960 


strain relations determined immediately afterward. 
The resulting tensile strengths and flow stresses at 
0.2 per cent strain for the alloys aged 20 min are 
plotted against copper composition in Fig. 21. 

Also shown in the figure are the corresponding data 
for alloys in which the clusters formed after aging at 
0°C were dissolved by a short reversion treatment at 
200°C. The resulting state should approximate 
closely that of the homogeneous solid solution during 
the test since reversion decreases the clustering rate 
by a factor of more than 2000. It is apparent that the 
strength increases markedly with increasing copper 
content and that clustering results in somewhat 
additional strengthening. 

It is also of interest that the stress-strain curves for 
the alloys, but not for the pure Al control sample, 
are serrated in the plastic region. This was true for 
both those specimens that contained clusters and for 
those that were given the reversion treatments. The 
amplitude of serration was a maximum for the 1.3at.°, 
Cu alloy and was lesser for both the more dilute and 
the more concentrated This serration 
phenomenon, attributable to the presence of the solute, 
is called the **Portevin—LeChatelier and has 
been noticed in Al(Si) alloys™ as well as those reported 
here. 


alloys. 


INTERPRETATION 
Association of resistivity change and clustering 

In the foregoing it was assumed tacitly that the 
resistivity changes do reflect the clustering of a large 
proportion of the solute in solution. Evidence that this 
is so for the Al(Cu) system is that relatively large 
amounts of energy'!!®) are released concurrently with 
the resistivity changes. Also the X-ray data‘? 
indicate that a large fraction of copper is associated 
in zones by the time the G.P. zone stage is reached. 

There is now similar evidence that the low tem- 
perature resistivity changes in Al(Ag) alloys are to 
be attributed to extensive clustering of silver. Thus 
DeSorbo®® has found that, during the low temperature 
reaction, the amount of energy released in Al(Ag) 
alloys is of the order of that released in Al(Cu) under 
similar conditions. 

Also Webb” has concluded from his small-angle 
X-ray scattering measurements, that in the p, state, 
which results from the low temperature reaction, 
most of the silver exists as very small clusters. 

Therefore we shall assume that the resistivity 
changes we have measured are due to solute clustering. 


Mechanism of initial clustering at low temperatures 


The results in this paper have to do with the early 
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stages of clustering in aluminum alloys. After the 
early stage there is, in Al(Cu) at least, a further 
process, indicated by resistivity and mechanical 
property changes, that occurs over a period of months 
at room temperature. This will be discussed later. 

It has already been shown that the earlier 
results4-91 on the kinetics of initial clustering are 
in good qualitative agreement with the quenched-in 
vacancy hypothesis (see Introduction). We will show 
now that our new results are also in very good agree- 
ment with this hypothesis. Similar conclusions about 
the mechanism of clustering in Al(Zn) have been 
reached by Guinier"). 

The rate of resistivity change due to clustering may 
be written 

p = D,Fit, X) (4) 

where D, is the diffusion coefficient of the solute and 
F(t, X) is an additional factor dependent on the time 
t at the aging temperature and the initial solute 
concentration X; D, also may depend on ¢ and X. 
We shall defer the question of the form of F(t, X) to 
the next section and in this consider D, and its 
variation with thermal history and time. 

We assume for simplicity that all the diffusion is 
effected by single vacancies (thus we ignore con- 
tributions from associated vacancies); then 


Df, (5) 


where D),, a function of 7' (and possibly X), is the 
diffusivity of the vacancies and P,, is the probability 
that a lattice site is occupied by a vacancy and is a 
function of thermal history and time. 

If a specimen is quenched rapidly from the hom- 
ogenization temperature 7',, toa low temperature 7’, 
the concentration of vacancies present initially at 7’, 
may be near the equilibrium value P,(7',,) at 7';,. 
With time at 7, the concentration will decay from 
P(T to P,(T,), the equilibrium value at 7. 
During the decay period 7, D, and p will of course 
fall as 


can occur in a supersaturated alloy during this period. 


We have then to find how much clustering 


This problem is quite complicated, but with some 
simplifying approximations we can estimate roughly 
the maximum extent of the clustering. For this 
estimate we assume that PD, is constant at its initial 
value during the decay period. In this period the 
solute can collect from a region of linear dimension 
L, given by 

L, [8D,P,(T (6) 
The vacancies are annihilated at sinks (dislocations, 
grain boundaries, etc.) having a mean spacing, JL, 
Therefore 7 also should satisfy the relation 


L,, (8D,7)"2, (7) 


Where 7 is defined as the period during which P,, and 
therefore D, fall to 1/e of their original values. L, can 
be related to L, as follows: 


L, )}2L,. (8) 


The number of atoms n in the largest cluster that 
could form in the decay period is then 


(9a) 
Ay 


nw X[P(T (9b) 
0 


where a, is the atom diameter. 

In the simplest case L,, is just the mean spacing of 
dislocations existing in the specimen during hom- 
ogenization; we expect that this will be of the order of 
104-10° atom spacings. However at very high vacancy 
supersaturation, such as would exist following a rapid 
quench from a comparatively high to a low tempera- 
ture, an appreciable number of vacancy clusters 
would nucleate homogeneously. These clusters could 
annihilate vacancies and thus reduce L,. We have 
discussed some possible effects of these clusters on 
precipitation in earlier publications.4>® 
possibility that such vacancy clusters might take the 
form of dislocation rings (such as would result from 
the collapse of a dise-shaped void) has long been 
Recently Hirsch et actually 
observed such rings in aluminum specimens quenched 
from 600°C. 

From nucleation theory it is expected that the 
concentration of vacancy clusters or dislocation 
rings depends strongly on the quenching rate, 7’, and 
on the difference A7’ between the initial and final 
temperatures in the quench. In particular the 
vacancy supersaturation and the resulting dislocation 
ring concentration at the terminal temperature should 
increase with both 7’ and AT’. Actually 7 and AT 
probably must exceed some nearly critical values 
before the nucleation of dislocation rings becomes 
detectable. In consequence of this it is possible that 
the rate of vacancy annihilation at a given vacancy 
concentration, which normally decreases with decreasing 
temperature, actually will rise with falling temperature 


for AT near that required for sensible nucleation of 


dislocation rings. 

At constant P,(7',,) the only factor in the relative 
rate of clustering, p/Ap,, which is temperature 
dependent is the diffusion coefficient D, of the 
vacancies. Therefore the activation energy Q, for 
solute clustering should be the same as the activation 
energy, Q,, for the annealing of vacancies out of the 
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alloy. Neither D, nor P,(7) have been measured for 
the solutions that we have investigated. In our 
calculations we shall assume that P,(7) and D,, for 
Al(Cu) and Al( Ag) are the same as for pure aluminum. 
The correspondence between the activation energies 
for volume diffusion in the three cases (1.4 + 0.1 eV 
for Al- (self-diffusion),?>) 1.4 + 0.1 eV for Al(Cu),?® 
1.5 + 0.1 eV for Al(Ag)?’ supports but does not prove 
this assumption. According to the recent results of 
DeSorbo and Turnbull“? (see also Panseri and 
Federighi®) 


(10a) 


D, exp (—0.6 eV/kT) 


and 


= exp (—O.8eV/kT) (10b) 
for pure aluminum. These values were obtained by 
assuming a resistivity contribution of 1.5 wQ em per 
at.°,, of vacancies. 

In support of the quenched-in vacancy hypothesis 
@, for Al(Ag) and Al(Cu) alloys (0.5-0.55 eV, see 
Table 1) is quite close to Q, for pure aluminum.* 
This earlier results.4-7 @Q, for the 


clustering of zinc in aluminum (0.4 eV) is considerably 


confirms our 
below Q, for aluminum, but the activation energy for 
high temperature diffusion of Zn in Al is also lower?” 
(1.2 eV compared with 1.4 eV). 

Now we consider some qualitative features of the 
Al(Cu) alloys 


homogenization 


kinetics of clustering in Al(Ag) or 

directly high 

temperature, e.g. 550°C, to a low temperature, e.g. 


quenched from a 
o°C. Asa result of the high vacancy supersaturation, 
many dislocation loops probably nucleate and from 
the results of Hirsch et al.°?) we may expect that their 
spacing, and therefore L,, would be of the order of 
103 atom spacings. It follows from equation (9b) 
10-4, 
the clusters formed in a | at.°, alloy could contain 
about ten solute atoms. Consistent with this Webb®@” 


that, under these conditions with P,(7j,) = 


concludes from his low angle scattering data that the 
average number of silver atoms per cluster in an 
Al(1.3 at.°,, Ag) alloy in the p, state is about ten. 
From equations (5) and (10) the solute diffusion 
constant D, immediately after quenching would be 
10-15-9=1-5 em*see at OPC. It would decay with time 


to the value em*sec~! corresponding to 


* Actually the apparent activation energy Q, for the motion 
of defects in pure aluminum ranges from 0.5 to 0.7 eV 
depending on the specimen purity and defect concentration 
(Q, is highest for the lowest P, and highest purity), At the 
P,, levels existing in most of our experiments Q, would fall 
between 0.5 and 0.6 eV. This variation in Q, is probably due 
to the motion of different kinds or defects resulting from the 
association of vacancies with other vacancies and impurity 
atoms. 
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conditions 


Under the 
assumed, the observed clustering could occur in a 


defect equilibrium at O°C. 


minimum period of | min (equation (6) with D, = 
10-15 em*sec~!). This result is compatible with the 
observations. 

When the quench is interrupted at an intermediate 
temperature 7’; above the solution temperature of the 
clusters the defect concentration will start to fall 
from P,(7,,) toward the equilibrium value P,(7';) at 
T,. Detectable nucleation of dislocation rings should 
not occur if 7’; is comparatively high. Quench 
interruption can have two effects on the subsequent 
aging rate at low temperature 7',. First, since the 
initial value of P,, will be lower than after a direct 
quench from 7';,— T,,, the clustering rate will be 
correspondingly low: secondly, the probability of 
nucleation of dislocation loops at 7’, will be lessened 
because of the lower defect supersaturation. 

Actually the low temperature clustering rate in 
Al(Cu) decreases with time of interruption f¢; at 
200°C at least to a value, after ¢; = 120 sec, about 
1/300 of the rate for ¢; = 0. This factor is about 10 
times greater than the theoretical maximum which is 
P.(473°K) 

> 
P(823°K) 
vacancies at 473° K (200°C) inferred from the variation 
of clustering rate with ¢; implies that the spacing, L,,, 
of vacancy sinks at 473°K (200°C) must be much 
greater than after a quench 823° K — 273°K (550°C > 
O°C). Thus it 
DeSorbo et al. that the undercooling from 823 to 
473°K (550 to 200°C) may be insufficient for appreci- 


The rate of annihilation of 


appears, as was suggested by 


able nucleation of vacancy clusters in Al(Cu). 

At constant L,, and for constant ¢,;, too smal] for the 
approach of defect equilibrium at 7’,, the low tempera- 
ture clustering rate should increase with decreasing 
T,. This does indeed occur in Al(Cu) (see Fig. 10) for 
T, between 458°K (185°C) and 498°K (225°C). The 
 453°K 
(180°C) may have one of the following causes: (i) 


opposite and more erratic behaviour for 7’, - 


Appreciable nucleation of dislocation loops occurs 
below but not above 450-460°K after quenches from 
823°K. Thus, although D, falls with 7',, the vacancy 
annihilation rate below 450°K increases because of 
decreasing L,. (ii) Some different type of copper 
clustering occurs at 433 to 453°K. Such association 
would retard the clustering at 
temperatures. 

The clustering rate in Al(Cu) following a reversion 
treatment (273°K — 473°K (1 min) 273°K after 
823°K — 273°K) was 2400 times smaller (see Fig. 11) 
than the rate after the direct quench 823°K — 273°K. 
This factor of 2400 is near the theoretical value 


subsequent low 
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P(823°K) 
P(473°K) 
ment of vacancy equilibrium at 473°K, implied by 
this result, may be due to the operation of dislocation 
loops formed after the quench 823°K — 273°K. It 
is significant that, if the initial quench is interrupted 
for 60 sec at 473°K, the treatment being otherwise 
the same (i.e. 823°K — 473°K (1 min)—> 273°K — 
473°K (1 min) — 273°K), the clustering rate is only 
a factor of 400 less than immediately after a direct 
quench from 823°K. It appears that in this treatment 
the vacancy concentration never fell to its equilibrium 
value at 473°K. This may indicate that dislocation 
rings, because of the relatively small A7' values, were 
not nucleated at any stage of the treatment. Thus the 


= 4000. The comparatively rapid attain- 


results are consistent with the notion that appreciable 
nucleation of dislocation rings occurred after the 
quenches 823— 7 < 450°K but not after the 
quenches 823 — T > 450°K or 473 — 273°K. 

Rough calculations based on nucleation theory, 
taking the free surface tension as 1140 ergs/cem?, 
indicate that nucleation of spherical voids would 
vecome appreciable at supersaturations — > 

P.(T) 
1095. This corresponds to ~300°K for 7), = 
823°K. Presumably a lesser supersaturation would 
be required for the nucleation of disc-shaped voids 
since there would be some attraction between alumi- 
num surfaces separated by only one atom diameter. 

Our measurements on dilute Al(Cu) alloys (see 
Fig. 19 and Table 2) appear to demonstrate quite 
clearly that clustering and vacancy annihilation in 
these alloys occur simultaneously, the total resistivity 
changes in the processes being of the same order of 
magnitude in dilute alloys. Our present results are 
not sufficiently complete to determine the rates of 
resistivity changes, Ap, for clustering and Ap, for 
vacancy annihilation, individually. This could be 
done by determining Ap, and Ap, (by means of the 
100°C solution treatment) at various times for a 
constant homogenization temperature. 


Dependence of clustering rate on time and composition 


We now take up the problem, deferred from the 
preceding section, of the form of the kinetic law, 
F(X, t) in equation (4), for clustering. In contrast to 
normal precipitation processes, the isothermal rate 
of property change during clustering decreases 
continuously with time from the beginning. This has 
been interpreted on the hypothesis® that there is no 
nucleation barrier to clustering at the existing solute 
supersaturations. On the basis of ordinary nucleation 
theory the nucleation barrier will not exist (the 


critical radius would be less than the atomic radius) 
for relatively large supersaturations, and if the surface 
energy o between the clusters and matrix is small. 
For the systems we investigated, the supersaturation 
at low temperatures must be very large. With no 
nucleation barrier it was proposed that clustering is 
simply a process of competitive growth, driven by 
surface energy, whereby single atoms are on the 
average lost by smaller clusters and collected by 
larger ones. The mean cluster radius, 7, thus increases 
continuously beginning at the atomic radius. It was 
shown) that the energy and resistance isotherms for 
the Al(Cu) system appear to be in accord with this 
interpretation. We now give a highly simplified and 
crude formulation of this interpretation which leads 
to a relation between the rate of property change and 
solute concentration. 

It is assumed first that the rate of energy release in 
clustering is proportional to the rate of decrease of the 
total surface area of clusters per unit volume. There- 
fore we may write for the energy [’(t) of the clusters 
at time f, 


aN 
U(t) = - (lla) 

r(t) 
where « is a constant and 7(t) is the mean cluster 
radius at time, ¢. Also the energy at ¢ = O and, is, 


respectively, 
(11b) 
and 


(lle) 


where r, is the atomic radius: and /,, the radius after 
“infinite’’ time, is supposed to be finite rather than 
infinite because the clustering will be imperceptible 
after the vacancy supersaturation has decayed 
completely. 

It follows that 


AU, 


AU(t) = U, 


and 
AU (t) 
AU, 


(12¢) 


If r, is neglected in comparison with 7, then AU’, 


4X/r, and the equation simplifies to 
AU (t) ro 
AU, F(t) 


(13) 
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We have now to find 7(t). This has not been done 
rigorously, but we shall adapt the probably over- 
simplified analysis of Greenwood?”, He treats the 
kinetics of competitive growth of precipitate particles 
and obtains an expression having the form 


Dest 
(14) 
where p is a constant for the material and (, is the 
equilibrium concentration of solute. This result is 
based on the following assumptions: (a) The particles 


are widely separated in comparison with their 
diameters. Greenwood advances qualitative argu- 


ments to show that the result would not be altered 
seriously if this assumption were relaxed. (b) The 
form of the cluster size distribution function remains 
constant. (c) The “phase” inside the clusters has the 
properties of the bulk material as altered by the 
presence of an interface, and the interfacial energy 
is independent of the particle size. (d) The equilibrium 
concentration (of single atoms) is not far different 
from the These last two 
assumptions are almost certainly not valid in the 


actual concentration. 
growth of very small clusters, such as we are con- 
cerned with. However, we can compensate somewhat 
for the errors introduced by these assumptions if in 
Greenwood’s derivation we replace (’, by AC, where 
/Z is a multiplier which makes AC’, of the order of 


magnitude of the existing concentration. Equation 
(14) then becomes 

— = = KD. (15) 


By substituting equation (15) into (13) we obtain 


AU(t) ro 


— ] (16 
AU, (K + r,3)8 


DeSorbo et al. found that the forms of the 
resistivity and energy release isotherms in their early 
stages are the same for an Al(2 at.°, Cu) alloy. If 


this is generally true, then 


Apit) "0 (17) 
= 
Ap, (K Dgt + 
An equation of similar form is obtained if the clusters 
are assumed platelike rather than spherical. The 


derivation also is based on the assumption, almost 
certainly not fulfilled in our experiments, that Dg is 


independent of time. 

Equation (17) requires, in agreement with experi- 
ment (see Figs. 7 and 8), that the extent of clustering, 
Ap(t)/Ap.. 


solute concentration. 


at a given time be independent of the 
Also it has a form that can 


ACTA METALLURGICA, VOL. 8, 


1960 


describe satisfactorily the resistivity and energy 
release isotherms in the Al(Cu) clustering.’ However, 
in view of the serious approximations necessary for 
the derivation, the significance of the agreement 
must be considered to be, at best, very qualitative. 


Cluster-size in Al(Ag) alloys 


We now take up the problem of the different states 
in Al(Ag) alloys produced by different thermal 
histories. 

On the basis of the quenched-in vacancy hypothesis 
we expect that at low temperatures there will be a 
limiting cluster size imposed by both the spacing, 
L,, of the vacancy annihilation centers and the 
initial vacancy concentration P,°. The number, 7,,,, 
of atoms in the largest cluster should be given approxi- 
mately by equation (9b) with P,(7,,) replaced by 
P.° for generality. Thus there will be apparently 
different end states of the clustering reaction dictated 
by the thermal history, which determines L,, and P,°. 

Evidence for the existence of such different end 
states comes from Al(Ag). In 
their p, state (see Fig. 2) these alloys probably contain 
dislocation loops with a nearly constant spacing. As 
already noted, if we take the spacing ~10* atoms 
found by Hirsch et al. for pure aluminum, we 
‘alculate for the 1 at.°,, alloy a maximum cluster size 


investigations on 


(n,, ~ 10 atoms) in good agreement with Webb’s@) 
estimate from X-ray data. Also, in good agreement 
with Webb’s results, equation (9b) predicts that 7,, 
should increase linearly with solute concentration. 

It has already been noted that the dislocation loop 
density should decrease with increasing terminal 
temperature 7', of the quench from a constant high 
temperature (provided that time is allowed for 
appreciable movement of the T',). 
Therefore L,, and n,, should increase with increasing 
T,. There are no X-ray estimates of the variation 
of n,, with 7, but the total resistivity change (see 
Fig. 9) Ap,, does increase with 7. This implies an 
with 7’,, in qualitative agreement with 


vacancies at 


increase of 7,, 
our interpretation. 

All other factors being the same, the dislocation 
loop density should decrease as the quenching rate T 
decreases. Of course P,° also will decrease with 


decreasing 7’. However it is probable that there is an 
L.\3 
intermediate range of 7 for which (P,9y22( ‘| and 
Ay: 
0/ 


hence n,, (see equation 9b) is a maximum. In fact 
the resistivity end state" for relatively slow quenches 
is far below our p, state. 

These results on Al(Ag) alloys are consistent with 
the following hypothesis: 


: 
| 
| 
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The variation in resistivity end-state in Al(Ag) alloys 
with thermal treatment is caused by differences that are 
imposed on the limiting cluster size by the resultant 
dislocation spacing and defect concentration rather than 
by variation in cluster structure or composition. There- 
fore, that low temperature clustering does not continue to 
macroscopic precipitation is due to kinetic rather than 
thermodynamic limitations. 

The mechanism of clustering in Al(Ag) alloys, 
initially in the p, state, at higher temperatures 80- 
170°C is not yet understood. The rate of the process 
is considerably larger than that deduced from the 
high temperature diffusion of Ag in Al (activation 
energy 1.4 eV) and would correspond (for a reasonable 
D, value) to an activation energy 1.0 to 1.2 eV. This 
is near the apparent activation energy (1.0 eV) for 
the higher temperature (120-170°C) isotherms but 
considerably less than that (1.5 eV) for the 80-120°C 
isotherms (see Fig. 13). It appears that the problem 
of accounting for this reaction is very similar to the 
problem of the mechanism of the slow reaction in 
Al(Cu) alloys which is discussed in the last section of 
this paper. 


The resistivity maximum 

In view of the results on Al(Ag) (see Figs. 14-16 
and also Federighi@®) and Al(Zn) (Fig. 17) it appears 
that the for the “anomalous” isothermal 
resistivity increase with time must be other than size 
disparity between solute and solvent atoms. There 
remains Mott’s"® suggestion that the phenomenon 
is due to extra scattering by clusters with diameter 
of order of magnitude of the wavelength of the 
electrons scattered. 

The effect appears in Al(Ag) alloys only at relatively 
low silver concentration. Federighi™® suggests that 
the effect is missed in the concentrated alloys because 
However, as we 


cause 


of clustering during the quench. 
have seen (Fig. 7), there appears to be little or no 
effect of solute concentration on the relative rate of 
clustering. An alternative explanation for the 
concentration effect in Al(Ag) is that the elusters 
responsible for critical scattering contain very few 
atoms (e.g. 2 or 3). Then in a concentrated alloy with 
random positioning of the atoms, there would already 
be a large concentration of such clusters. 

The anomalous resistivity effect is certainly much 
more prominent in Al(Zn) alloys, in which it also 
persists to relatively higher concentrations, than in 
Al(Ag). It appears that the clusters which would give 
rise to the critical scattering are considerably larger 
in Al(Zn) than in Al(Ag). 

It is not obvious from Mott’s explanation why the 
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resistivity of an alloy in a given state sometimes falls 
at one temperature but rises with time at a lower 


temperature as shown for Al(Zn) in Fig. 18. 


Effect of cold-working 


Since light cold-working has very little effect on 
the rate of clustering in alloys quenched from high 
temperatures, we conclude that it did not produce 
as many vacancies as were already present, i.e. a 
concentration ~10-4. Light 
enhance the rate of clustering) in alloys in which the 
initially 


cold-working does 


vacancy concentration should be small 


(ca. 10~), 


The slow reaction in Al(Cu) 


The results of this investigation appear to leave 
little doubt about the qualitative features of the 
mechanism of initial clustering in aluminum alloys 
at low temperatures. However the additional slow 
property changes in Al(Cu) alloys that occur over a 
period of many days and weeks at room temperature 
still have to be accounted for. 

These results imply an effective solute diffusion 
constant for the long time reaction of the order of 
Dg ~ 10-18 em*see™! which is 1055 (equation 10) 
10-*3-5 expected 
As 
already noted, a similar problem is encountered in 
connection with the 80-170°C reaction in Al(Ag) 


times the value (Dg 
at vacancy equilibrium at room temperature. 


alloys. 

Four possible alternative explanations for the slow 
reaction occur to us. These are: 

(1) At vacancy concentrations 10~* or less the 
approach of the vacancy concentration to equilibrium 
[P,(300°K) = at room temperature requires 
periods of the order of the duration of the slow 
reaction. Such a slow equilibration seems unlikely 
since it is expected that closely spaced dislocation 
rings exist in the alloys and in view of the observed 
rapid rate of vacancy annihilation (Fig. 19) at higher 
vacancy concentrations. However the information on 
the rates of vacancy annihilation all comes from 
measurements at concentration — levels 
exceeding 2 107‘. 
annihilation efficiency of dislocation rings becomes 


vacancy 
There is a possibility that the 


very small with decreasing supersaturation at a 


supersaturation level which is still relatively high. 
(2) It may be that the mean radius § of the dis- 
location loops is so small that the vacancy concen- 
tration P,(s), in equilibrium with them, is several 
orders of magnitude larger than the equilibrium 
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concentration P,(7) in a well annealed crystal. 
P.(8) should be related to P,( 7) by 


= P,(T) exp (18) 
P\ ET 


where a is the dislocation line tension and v the atomic 
volume of the alloy. With such dislocation rings 
present the apparent activation energy for diffusion 


would be reduced by —. Taking the dislocation line 


s 
tension to be, Gb, the products of the shear modulus 
of aluminum and the atom diameter, we find that the 
observed rate enhancement be accounted for 
with §< 2 10-7 em. This radius is much smaller 
than that. 10-6 em, of the rings observed for pure 
aluminum by Hirsch et al. However in this case it is 
possible that the rings may have enlarged somewhat 


can 


before observation due to heating of the specimen in 
the electron beam. Also the solute might promote 
more profuse nucleation of loops in the alloys. 

(3) Hart) that 
associate with solute clusters to form relatively stable 
The 


of such 


has suggested vacancies may 


with appreciable mobility. slow 
reaction might be due to the 


Detailed calculations on the rate of this 


complexes 
movement 
complexes. 
process have not vet been made. 

(4) The reaction may be brought about by the 
short circuiting of solute diffusion by the dislocation 
rings. With the rings present the total dislocation 
content (~10%10!8 cem/em) would be high enough 
to bring about the observed reaction if the dislocations 
glide during the process: this would serve to expose, 
after a considerable time, a large fraction of the solute 
to the diffusion short circuit.°%) However it is still 
not clear just how this glide would be motivated. 
Fisher and Hollomon™* suggested that the decrease 
in chemical potential accompanying clustering might 
set up a suitable stress, but no microscopic mechanism 
was proposed. Probably considerable distortion 
exists around the copper clusters formed initially. 
This distortion may promote some glide of small 
rings. Jones and Mitchell® showed that dislocation 
rings in silver chloride are generated and caused to 
glide by internal strains due to differential thermal 
expansion of inclusions or to actual precipitate 
particles. 

If the slow reaction is caused either by the glide of 
dislocation rings or by the enhancement of the 
vacancy concentration by the high curvature of the 
rings, which would increase the solute diffusion rate 
correspondingly, it follows that the rate of the slow 
reaction should be many orders of magnitude lower in 
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specimens quenched so slowly that the rings do not 
nucleate. Experiments to check this are now in 
progress. 
SUMMARY 

After a rapid quench from a suitable homogenizing 
temperature a fast initial clustering reaction occurs 
in the Al(Cu), Al(Ag) and Al(Zn) alloys at 200-300°K. 
The reaction has an energy of activation of 0.5—0.6 eV 
in Al(Cu) and Al(Ag), and is 0.4 eV in Al(Zn). 

If the quench of an Al(Cu) alloy is interrupted for 
a short time at 333-498°K, the rate of clustering is 
markedly reduced (by as much as a factor of 400). 
The rate after an interrupted quench is significantly 


higher than that after a reversion treatment. It is 
believed that this difference may be due to the 


presence of dislocation loops in the specimens having 
the reversion treatment. These loops may facilitate 
the equilibration of vacancies. 

In Al(Ag) and Al(Cu) alloys the initial rate of 
clustering after a rapid the hom- 
ogenization temperature is nearly independent of the 


quench from 


solute concentration. 

The behavior of the resistivity during isothermal 
aging was found to be similar in all three alloy 
systems. Under suitable conditions the isothermal 
resistivity initially increases, reaches a maximum 
value and then decreases. The temperature depend- 
ence of the rate of the initial increase of resistivity in 
Al(Ag) alloys was found to be 0.57 eV which is close 
to the values previously found for the initial decrease 
in resistivity under conditions where the _ initial 
increase not The amplitude of the 
maximum in the Al(Zn) alloy is substantially greater 
than those observed for Al(Cu) or Al(Ag). 

In a dilute Al(Cu) alloy the vacancy contribution 
to the change in resistivity was measured and found 
to be within a factor of 2 or 3 of the values calculated 
The clustering of 


does appear. 


or observed for pure aluminum. 
solute and the annealing of vacancies occur simul- 
taneously. 

There are slower reactions in the Al(Cu) and Al(Ag) 
alloys that occur after the initial rapid “low tempera- 
ture clustering’: the rate of this slower reaction is 
still greater and more rapid than can be expected 
from the extrapolated high temperature diffusion 
data. 

Many of these phenomena can be explained by: 
(1) the enhanced solute mobility during the annealing 
out of quenched-in vacancies and (2) the formation of 
dislocation loops which form by (probably homo- 
geneous) nucleation of vacancy aggregates at very 
high vacancy supersaturations. Other workers have 
observed such dislocation loops in pure aluminum,‘ 
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7. W. DESorso and D, TuRNBULL, Acta Met. 7, 83 (1959). 


but the loops have not yet been directly observed in 
‘ 8. A. H. Corrre.i, Relation of Properties to Microstructure, 


these alloys. 
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THE INTERACTION OF PARALLEL EDGE DISLOCATIONS WITH 
A SIMPLE TILT DISLOCATION WALL* 


JAMES C. M. LIt 


An elastic theory analysis of the interaction of a dislocation wall (tilt substructure boundary) with 
parallel approaching dislocations whose slip vectors are the same as those of the dislocations in the wall 
is reported. It is found that such a wall fully or partially pinned is a less effective barrier for the penetra- 
tion of dislocations than a single pinned dislocation on the same slip plane as the approaching dislocation, 
Quantitative results for the equilibrium positions of the free dislocations in the wall and the forces 
exerted on the approaching dislocation in various cases are presented. Free dislocations in the wall 
usually reduce the resistance of the wall to the penetration of approaching dislocations, The interaction 
between a wall and a solute atom is found to be less than that between the single nearest dislocation with 
the same solute atom. It is suggested that the experimental evidence which leads to the concept of 
hardening by substructures of this kind needs further interpretation. The segregation of vacancies and 
solute atoms to the dislocations probably plays a more important role in the hardening effect than the 


appearance of substructure. 


INTERACTION DES DISLOCATIONS DES-COINS PARALLELES UNE PAROI 
DE DISLOCATIONS DE ROTATION PURE 


L’auteur expose une analyse de la théorie élastique de l'interaction d’une paroi de dislocations (fron- 
tiére de sous-structure de rotation pure) avec des dislocations paralléles dont les vecteurs de glissement 


sont similaires A ceux des dislocations de la paroi. Il trouve qu'une telle paroi enti¢rementou partielle- 


ment bloquée est un obstacle moins hermétique a la pénétration de dislocations qu'une simple dislocation 


ancrée sur le méme plan de glissement. 


Les résultats quantitatifs pour la détermination des positions 


d’équilibre des dislocations libres de la paroi et des forces exercées sur une dislocation qui sen approche, 


sont présentés pour de nombreux cas. 


ance opposée par celles-ci a la pénétration de dislocations extérieures. 


Les dislocations libres de la paroi réduisent également la résist- 


L’interaction entre une paroi et un 


atome dissous est inférieure a celle qui existe entre cet atome et la dislocation simple la plus proche. 


L’auteur pense qu‘il est nécessaire de revoir l'interprétation des résultats expérimentaux qui a conduit 


au concept de durcissement par des sous-structures de cette espéce. La ségrégation des lacunes et des 


atomes dissous joue probablement un réle beaucoup plus important dans le durcissement, que la forma- 


tion de sous-structures. 


DIE WECHSELWIRKUNG 


EINER PARALLELE STUFENVERSETZUNGEN MIT EINER 


EINFACHEN STUFENVERSETZUNGSWAND 


Es wird iiber eine elastizitatstheoretische Analyse der Wechselwirkung einer Versetzungswand 


(Neigungs-Kleinwinkelkorngrenze) mit parallelen Versetzungen berichtet; 


dabei nahern sich diese 


Versetzungen der Wand und haben den gleichen Gleitvektor, wie diejenigen in der Wand. Man findet, 
dass eine solche ganz oder teilweise festgehaltene Wand fiir die durchdringenden Versetzungen ein 


weniger wirksames Hindernis ist 


Gleitebene befindet 


wie die sich nahernde Versetzung. 


als eine einzelne verankerte Versetzung, die sich auf derselben 


Quantitative Ergebnisse werden fiir die 


Gleichgewichtslagen der freien Versetzungen in der Wand mitgeteilt, sowie fiir die Krafte, die auf die sich 


nahernde Versetzung in verschiedenen Fallen ausgeiibt werden. 


Freie Versetzungen in der Wand 


erniedrigen im allgeminen den Widerstand gegen Durchdringung der Wand fiir die sich nahernden 


Versetzungen. 


diejenige zwischen der nachstgelegenen Einzelversetzung und demselben gelésten Atom. 


Die Wechselwirkung zwischen einer Wand und einem gelésten Atom ist kleiner als 


Est ist 


anzunehmen, dass die experimentellen Befunde, die zu der Vorstellung einer Hartesteigerung durch 


Substrukturen dieser Art fiihren, einer ewiteren Deutung bediirfen. 


Die Ausscheidung von Leerstellen 


und gelésten Atomen an den Versetzungen spielt vermutlich bei der Hartesteigerung eine wichtigere 


Rolle als das Auftreten einer Substruktur. 


INTRODUCTION 
One stage in the process of work hardening” in 
most metals is the formation of subgrain boundaries 


* Received March 5. 1959; revised June 15, 1959; pre- 
sented in part at the Washington Meeting of the American 
Physical Society, Bull. Amer. Phys. Soc. 4, 264 (1959), 

+ Fundamental Research Laboratory, U.S. Steel Corpora- 
tion, Monroeville, Pa. 
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which are regarded as barriers to moving dislo- 
cations.?-® The fact that the increase in yield 
strength is accompanied by the appearance of sub- 
boundaries leads one to think that the dislocation 
walls play an important role in the plastic behavior of 
crystals. However, as pointed out by Washburn‘, 
most of the classical test conditions were too complex 


> 
oy 
8 
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LI: INTERACTION OF DISLOCATIONS AND TILT WALL 


to establish any definite mechanism of the interaction 
of approaching dislocations with dislocation walls. 
In studying such a mechanism for the case of a 
simple tilt substructure boundary in zinc single 
crystals, Washburn concluded that, pair of edge 
dislocation boundaries had an almost negligible 
strengthening effect unless the crystal containing the 
boundaries had been heated to a temperature close 
to the melting point prior to testing.’ In a similar 
study, Li et al.‘®) observed also such annealing effect. 
The fact that rapid cooling increases the effectiveness 
of the barrier led them to suspect that the interaction 
of vacancies with dislocations in the boundary may 
increase the strength of the material. Washburn‘), 
with the concept that a wall is more effective than the 
randomly distributed dislocations, explained that 
high temperature annealing causes better polygoni- 
zation. Actually, as pointed out by Mott‘, a grid 
of dislocations of this type has no long range stress 
field. Whether a polygonized wall is a more effective 
barrier to the penetration of dislocations than a set 
of randomly distributed dislocations is not really 
known. More recently, Washburn ef al. declared 
that, ““‘grown-in substructure boundaries were appar- 
ently not effective barriers and played no role in the 
plastic properties.”’ In view of the difficulties involved 
in finding a clear-cut experiment, it seems advisable 
to continue a theoretical discussion which Taylor®® 
started 25 years ago. For the simplicity of calculation, 
we shall restrict our discussion in this report to simple 
tilt boundaries with the hope that more complicated 
boundaries will be studied later. 

Before the dislocation model was completed, 
Taylor“ indicated even then that a misfit boundary 
has regions which are opaque to dislocations as well 
as regions which are transparent to dislocations. It 
is evident, therefore, that a dislocation wall cannot 


. Constant stress curves for a single edge 
dislocation, 


VU 


Fic, 2. Shear stress distribution at a dislocation wall. 
unit of stress wb/2(1 vyh. 


be a complete barrier to the penetration of dislocations 
A dislocation model of the tilt boundary was first 
suggested by Burgers") and a complete discussion 
was given by Read and Shockley"). The force 
exerted by a dislocation wall on an approaching 
dislocation has been discussed by Nabarro“® and by 
Cottrell. Seeger" investigated the potential energy 
of a dislocation with respect to a dislocation wall by 
integrating the force from infinity. A more complete 
and quantitative discussion about the force and 
energy required for a dislocation to penetrate a pinned 
or a partially free wall does not seem to be available. 
It is the purpose of this report to supply this infor- 
mation and to discuss the consequences to the concept 
of work hardening. 


THE SHEAR STRESS FIELD OF A 
DISLOCATION WALL 
The shear stress o,, at any point (x, y) with respect 


to a single edge dislocation is“) 


ub a(x? — y?*) 


vy) (a2? + y?)? 
or, if expressed in polar co-ordinates, 


‘OS 0s 2 
cos cos 20) 2 
2rr(l vy) 


where y is the shear modulus, ) the magnitude of the 
Burgers’ vector whose direction is the same as the 
x-axis and y is the Poisson’s ratio. Fig. | shows the 
constant shear stress curves around an edge dis- 
location. These curves distort when several dis- 
locations form a dislocation wall as shown in Fig. 2. 
The shear stress at a dislocation wall formed by a 
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vertical array of evenly spaced edge dislocations of 
the same Burgers’ vector is given by“® 


2 
cosh 


TL 
- COS 
TT 


b 


where (a, y) are the co-ordinates of a point relative to 
one of the dislocations in the wall and h is the spacing 


between the dislocations. The curve for zero shear 


stress at a dislocation wall is given by the following 


equations: 
2 


cosh 


COs = 


| (4) 


i 


and 
(), 


Therefore, a dislocation wall divides the crystal into 
regions where a single edge dislocation will be either 
attracted or repelled by the wall as shown in Fig. 3. 
Equation (3) is plotted in Fig. 4. It is seen that due 
to the mutual cancellation of the stresses of individual 
dislocations, the stress field is concentrated within 


REPULSION 


ATTRACTION 


REPULSION 


h 


Fic. 3. Nature of force due to a dislocation wall on a 

single dislocation of the same slip vector; dotted line 

shows the situation when the wall is replaced by a 
single dislocation. 
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Fic. 4. Shear stress at a dislocation wall. 


x = +h at a dislocation wall. Outside this region, 
the crystal is almost perfect and free of internal 
stresses. This is consistent with the fact that poly- 


gonization is involved in recovery. 


THE INTERACTION OF A DISLOCATION WITH 
A PINNED DISLOCATION WALL 
In view of the nature of the stress field of a dis- 
location wall, a wall cannot seem to interact with 
another dislocation much more than a single dislo- 
cation. To simplify the discussion, let us first assume 
that the wall is pinned by point defects such that it 
lies in a stress field“” of the form of the derivatives 
of Dirac’s 6-function. In other words, the point 
defects are not to alter the stress field of the disloca- 
tions. Then from equation (3), the force per unit 
length exerted on another dislocation at (x, y) by the 
wall is(8) 


ub? 27a cosh 2% cos 24 — | 6) 
27(1— v) h (cosh 2x — cos 24)? 


where 


(7) 


and 


= (8) 


The force exerted on the same dislocation but by a 
single dislocation situated on the same slip plane at 


the wall is, from equation (1), 


ub 
27(l—v) h a 


(9) 


ie 
| 
Ory = (3) 
nh? — + sin? — 
h h 
| 
h h 
+ 
7 
190 
Z | 
‘ = 
| 
> 
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RATIO 


INTERACTION 


0.5 
I 2 3 4 5 
Fic. 5. Ratio of force on an edge dislocation due to a 
dislocation wall to that on the same dislocation due to 
another edge dislocation on the same slip plane situated 
at the same distance as the wall. 


The ratio of the forces given by expressions (6) and (9) 


1s 


= cosh 2% cos 24 — | 10) 
(cosh 2% — cos 24) 


This is plotted in Fig. 5. 

It is seen that this ratio is always less than unity. 
In other words, a dislocation wall can never attract 
or repel another dislocation more than a_ single 
dislocation located at the distance of the wall. The 
wall becomes even weaker when the dislocation 
spacings become smaller. A large angle dislocation 
wall exerts less force on a dislocation than a small 
angle one does on the same dislocation. This is shown 
in Fig. 6. However, the maximum force exerted by 
the wall on an approaching dislocation moving along 
the slip plane, y = h/2, is proportional to the angle 
of the wall. Therefore, if the wall is the only barrier 


0,02 
we 
0.01 4> 
0% 
*0 
0.05 0.10 0.1 
@= b/h 


Fic. 6. Force exerted by a dislocation wall on an 
approaching dislocation as a function of the angle of 
the wall. 
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preventing yielding, the yield stress should vary 
linearly with the dislocation density or the angle of 
the wall. The case with a free dislocation in the wall 
will be discussed later. 

The maximum repulsive or attractive force exerted 
by a pinned dislocation wall to an approaching 
dislocation can be seen from Fig. 4. The maximum 
repulsive or attractive force exerted by the nearest 
single dislocation in the wall can be calculated from 
equation (1) to be 


| 


(11) 
2n(l—v) 4y  2h(1 v) 4A 


The maximum forces and the ratio of the two extremes 
are plotted in Fig. 7. It is seen that the maximum 


T T T 
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0.2 
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Fic. 7. The maximum forces exerted on an approaching 
dislocation by a dislocation wall and that exerted on 
the same dislocation by a single nearest dislocation in 
the wall and their ratio. 


ratio is 2.8 although it may be less than 1. In other 
words, the stress which is needed to push a dislocation 
through a wall is at most three times the stress which 
is needed to push the same dislocation through the 
dislocation forest before polygonization. It follows 
also, from the calculation of Eshelby et a/.“*) that at 
the stress which can push a dislocation through the 
forest, no more than three dislocations can pile up 
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against a wall at y = h/2. If yielding happens when 
60 per cent of the dislocations are moving through the 
wall, the stress required should be about 20 per cent 
more than that before polygonization. However, 
since the repulsive force of a wall is always less than 
that of the dislocation forest and the resistance of the 
wall due to attractive forces can be important only 
when the approaching dislocation loses its kinetic 
energy before it hits the wall, it is likely that polyg- 
onization will not significantly increase the strength 
of the material. 

The work that is required to move a dislocation 
from infinity to a dislocation wall can be obtained by 


integration of the expression (6), 


ub? cosh 2% cos 22 — 1 Ie? 
da? 
27(1 vy) Jx (cosh 2% — cos 2A)? 
sinh 2% 
27/(1 v) Leosh 2a — cos 24 


(12) 


} In 2(cosh 2% — cos 24) | 


This represents the energy of interaction of a dislo- 
cation with a wall. It is plotted in Fig. 8. It is seen 
that a dislocation wall can trap approaching dislo- 
cations as observed by Bainbridge et al."%. However, 
the energy of interaction is weak compared to that 
between two dislocations separated by the same 


distance. The work that is required to bring two 
+ 
ol a | 
yO 
an % 
o~é 
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Fic. 8. The potential energy per unit length of a 
dislocation near a dislocation wall relative to that at 
infinity. 
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dislocations together from a distance xg to x is seen 
from equation (9): 


; 13 
27(1 — rv) 


For the sake of comparison, the interaction energy 
between two dislocations relative to that at 2) = 5h/z 
is plotted also in Fig. 8. It is seen that much more 
work is needed to bring two dislocations together 
than that to bring a dislocation close to the wall. 
Following the same argument, the trapping power 
of a dislocation wall is much less than that of a 
dislocation with a negative Burgers’ vector. 


THE DISPLACEMENT OF A FREE DISLOCATION 
IN A DISLOCATION WALL BY AN APPROACHING 
DISLOCATION 
It is seen from the foregoing discussion that the 
repulsive force of a pinned dislocation wall on an 
approaching dislocation becomes very large (although 
less than that of a single dislocation) when the 
approaching dislocation is on the same slip plane as 
that of one of the dislocations in the wall. If that 
dislocation is not pinned by point defects, it can be 
displaced by the approaching one if the latter has 
enough kinetic energy. For the simplicity of the 
treatment, we shall assume, as before, that the wall 
is otherwise pinned by point defects and lies in a stress 
field of the derivative of Dirac’s 6-function, except 
that one of the dislocations is free and is on the same 
slip plane as the approaching one. Since the free 
dislocation will assume equilibrium positions in 
accordance with the distance of the approaching one, 
the interaction of the wall with the approaching 
dislocation will be different from the case where the 

whole wall is pinned. 

At equilibrium, let the free dislocation assume a 
distance x from the wall while the approaching 
dislocation is at x, from the wall. The force exerted 


by the wall on the free dislocation is 


— v) 


') per unit length. (14 
unit length. 


The force exerted on the free dislocation by the 
approaching dislocation is 


pb? ] 


per unit length. 


15 


Since the free dislocation is at equilibrium, we have 


] 


sinh? 


|| 


(16) 


: 
‘ 
F 
: 
4 
8 
a, 
) 
j 


LI: INTERACTION OF DISLOCATIONS AND TILT WALL 301 


approaching dislocation which is given by the sum 
of equations (14) and (15) after interchanging x and xy: 


ub? ( | 
v) 


—) 
ver unit length 


sinh* % % 


(18) 


or after substituting equation (17) 


per unit length. (19) 


This is plotted in Fig. 10. It is seen that when there 
0 05 1.0 15 20 is a free dislocation in the wall, the approaching 
dislocation feels a slight attractive force at large 


Fic. 9. Equilibrium distances of a free dislocation in a 
dislocation wall, x, as a function of the distance x,y, of 
an approaching dislocation on the same slip plane. rhis is entirely different from the case where the 


distances and a repulsive force at small distances. 


whole wall is pinned. In that case the approaching 


or dislocation feels very strong repulsive forces espe- 
Lo a ) (17) cially at small distances. For example, comparing 
r sinh x Figs. 4 and 10, one can see that at x = h/z, the 


repulsive force of the pinned wall is ten times as great 

This is plotted in Fig. 9. It is seen that when a _ as that of an otherwise pinned wall except that there 
dislocation is approaching a wall, a free dislocation on is a free dislocation. The maximum repulsive force 
the same slip plane originally in the wall will leave varies linearly with the angle of the wall as shown 
the wall and move to the other side of the wall in the in Fig. 6. Now the work that is needed to replace a 
same direction as that of the approaching dislocation. free dislocation in the wall can be obtained by 
The work that is required for an approaching integration of equation (18) first at « = 0 for the 
dislocation to displace a free dislocation ina dislocation approaching dislocation to move to the pinned wall 
wall can be calculated from the force exerted on the then at constant % after interchanging « and % for 


~-- REVERSIBLE EXTERNAL STRESS REQUIRED 
TO DISPLACE A FREE DISLOCATION IN A _ 
WALL BY AN APPROACHING DISLOCATION. 


UNIT OF STRESS: -wb/2(i-v)h 
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Fic. 10. Force exerted on an approaching dislocation by a dislocation wall in which there is a 
free dislocation on the same slip plane as that of the approaching one. 
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UNIT OF ENERGY: 
PER UNIT LENGTH 


1.0 


0.5 


the free dislocation to move to the equilibrium 


position. The result is 


ub? 
coth coth x 
2n(1—v)L” 
In a . per unit length. (20) 
2¢(% — %) sinh sinh « 


This is plotted in Fig. 11. It is seen that theoretically 
no work is needed to replace a free dislocation in a 
wall by another dislocation. The wall with the free 
dislocation attracts a dislocation to an equilibrium 
position at about 2, = 0.47h. At this point, if the 
approaching dislocation has enough kinetic energy, 
it can jump into the wall. However, complete 
displacement depends also on the amount of resistance 
that the free dislocation encounters on its way to 
infinity. 

Therefore, the stable structure with two dislocations 
symmetrically located at two sides of the wall may 
exist in actual crystals. That this is the case has been 
demonstrated by Gilman®® and by Oberly?” where 
two dislocations appear at two sides of the wall 
situated at a distance from the wall which is only 
15 per cent greater than that predicted by theory. 

The displacement is even easier if an external 
stress, o, is applied in the common slip plane of the 
free dislocation in the wall and the approaching 
dislocation. The equilibrium positions of the two 
dislocations are thus, 


2oh(1 — rv) 
sinh? % — a) 


A plot of % versus % can be made by eliminating ¢ 


x 


Fic. 11. The interaction of a dislocation with a dislocation wall when the former is on the slip plane 
of a free dislocation originally in the wall. 


5 2.0 2.5 


from the above two equations. It is shown in Fig. 
12. The general behavior is similar to the case where 
there is no external stress applied except that here 
the two dislocations are equivalent. The external 
stress calculated from either of the above two equations 
is plotted in Fig. 10. It is seen that even lower stress 
is required to displace a free dislocation in a dislocation 
wall by an approaching dislocation. 

Since the structure of two free dislocations located 
at two sides of the wall is a stable one, it seems 
advisable to see how this structure behaves toward 
another approaching dislocation on the same slip 
plane. Let the two free dislocations assume equi- 
librium positions x, and x, from the wall while the 
approaching one is at 2. We have the following two 
equations instead of equation (16) for the conditions 
of equilibrium: 


Q (23) 
] ] 
=0. (24) 
Numerical solution of the above’ simultaneous 


equations is very laborious. A graphical method is 
designed to simplify the procedure. A function f is 
defined as follows: 
— a 


where ¢ is 1 or 2. Then it can be easily shown that 


~ 
(25) 
sinh x, 
equations (23) and (24) are equivalent to 
fi + fe=1 


+ = 0. 


For each x, f; can be plotted against x, using equation 
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Fig. 12. 


Equilibrium distance of a free dislocation in a 


dislocation wall and an approaching dislocation on the 
same slip plane under the influence of an externally 
applied stress. 


(25). Another plot can be made between the same 
variables by taking any a, reading off f, from the 
previous plot, and then calculating f/,; and then a, 


from equations (26) and (27). The intersection of the 
two plots gives the solution. 

The result is shown in Fig. 13. It is seen that when 
a dislocation is approaching the previously-mentioned 
stable structure with one free dislocation on each side 
of the wall, the two free dislocations will move in the 
direction of that of the approaching dislocation until 


the distance of the approaching dislocation is about 
eight dislocation spacings (%) = 24) from the wall. 
At this critical distance, the system becomes unstable. 
If the approaching dislocation comes closer to the 
wall, the middle free dislocation will go across the 
wall and assume a position shown by the dotted line 
in Fig. 13 and the other free dislocation will go to 
minus infinity. To insure the continuity of curves, 
nature provides two metastable positions for the free 
dislocations in case that the approaching dislocation 
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Fic. 13. Equilibrium distances of two free dislocations, one of which is originally in a 
dislocation wall, when a third dislocation is approaching the wall. All three dislocations are 


on the same slip plane. 


other is at infinity. 


Dotted line gives the distance of one free dislocation when the 


Refer also to Fig. 9. 
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FORCE 


Fic. 14. Force exerted on an approaching dislocation 

toward a dislocation wall where there are two free 

dislocations on the same slip plane as the approaching 

one and one of the free dislocations is originally in the 
wall. 


departs away from the wall. The free dislocations 
may have enough kinetic energy to assume the 
metastable positions. 

The force that the approaching dislocation feels can 
be calculated as before with the result: 


pb? l l 
2h(1 y) 


per unit length, (28) 


or when equations (23) and (24) are introduced: 


2h(1 — v) L\sinh sinh 


per unit length. (29) 


sinh 


This is plotted in Fig. 14. It is seen that at large 
distances, the force becomes simply 


},2 
po (30) 


27(1 


In other words, at large distances, the approaching 
dislocation feels a force the same as that exerted by a 
single dislocation situated at the wall. However, 
since the approaching dislocation cannot go closer 
than 2, = 24 before the system becomes unstable, 
the force can never exceed 0.04 with the unit given 
in Fig. 14. Therefore, no more than two dislocations 
can go near a wall on the same slip plane and a piling 
up of dislocations against a free dislocation in the wall 
is not likely to happen. Even if a few dislocations can 


pile up at low applied stresses, it is not likely that a 
crack of the type discussed by Stroh”) can be formed 
at the wall. 


THE PENETRATION OF AN APPROACHING 
DISLOCATION BETWEEN TWO 
DISLOCATIONS IN A WALL 

The foregoing seems to indicate that when there is 
a free dislocation in the wall, the resistance of the wall 
to the penetration of approaching dislocations along 
the slip plane of the free dislocation becomes weak. 
To replace the free dislocation, the first dislocation 
requires an internal stress of about 0.22 ub/2(1 — v)h 
or an external stress of about 0.04 wbh/2(1 — v)h. Ata 
smaller stress, a stable structure is formed instead. 
This structure becomes unstable when a_ second 
dislocation is approaching at an internal stress of 
about 0.04 — 
This dislocation cannot approach nearer than about 


y)h or a smaller external stress. 


eight dislocation spacings in the wall. The free 
dislocation originally in the wall can be displaced by 
the effect of a third dislocation at even a smaller 
stress. 

It seems interesting to investigate the case where 
the slip plane of the approaching dislocation is in the 
middle of two dislocations in the wall. When the wall 
is pinned, the approaching dislocation feels only 
attractive forces as shown in Fig. 4. It will be caught 
by the wall and requires a stress of about 0.45 pb/ 
2(1 — y)h in order to penetrate. However, a second 
approaching dislocation can push the first one through 
at a lower stress. This is similar to the case where 
The first 
dislocation will assume a distance x from the wall at 


there is a free dislocation in the wall. 
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Fic. 15, Equilibrium distances of a dislocation caught 


between two dislocations 


in a wall while another 


dislocation is approaching the wall. 


equilibrium in accordance with the distance a, of the 
second dislocation: 


9 


a 2 
in ). (31) 
cosh « 


“0 


This is plotted in Fig. 15. It is seen that there is a 
critical distance of the second dislocation beyond 
which the first dislocation has no equilibrium position. 
The minimum separation between the two dislocations 
is about 0.7 h. Here again for a small angle boundary, 
no Stroh crack can be produced because the separation 
between the two leading dislocations is too big. The 
force exerted on the second dislocation is simply 


Xo 


2h(1 vy) 


per unit length (32) 


> sh2 
cos 


which is plotted in Fig. 16. It is seen that at an 
internal stress of about 0.28 ub/2h(1 
dislocation can push the first one through the wall. 
The stress required at the critical distance is only 
about 0.12 pwb/2h(1 vy). The case of metastable 
configurations is similar to the one discussed pre- 


vy), the second 


viously. 
The displacement in this case will be also easier if 
an external stress is applied. The equilibrium 

positions of the two dislocations are 
2oh(1 — v) 


QO (33) 
cosh? « ub 

2ah(1 

" 0. (34) 

7 


A plot of x versus %,» is shown in Fig. 17. The general 
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40 


Fic. 16. Force exerted on a second approaching disloca- 
tion when the first one is caught between two disloca- 
tions in a wall. 
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Fic. 17. Equilibrium distances for two approaching 
dislocations to penetrate a dislocation wall between two 


dislocations in 


the wall under a 


reversible external 


stress, 


behavior is quite similar except that the minimum 
separation between the two dislocations is now about 
1.4 which is larger than before. No close pile-up of 
dislocations seems to be possible against a free 
dislocation in a wall. The reversible external stress 
required to maintain equilibrium at each distance is 
plotted in Fig. 16. It is seen that the stress required 
to push the first dislocation through the wall is 
smaller than the case without external stress. 

The situation is slightly different if the approaching 
dislocation glides between two free dislocations in a 
wall. The free dislocations will assume equilibrium 
according to the following equation: 


2B[2(B) — B)] + BiB) =0 (35) 


positions, 2, 
A(p) + 

where 
B = afh 
Bo = Xolh 


and A and B are functions defined by 


7p 
A(p) = 7p | 
= 


(1 — 
(1 + 

Equation (35) is plotted in Fig. 18. It is seen that the 

free dislocations will oscillate when the approaching 

dislocation glides through the wall. But the distance 

never exceeds 0.22h. The exerted on the 

approaching dislocation is 


force 


B(2 Bi2 
2h(1 — y) ler = [2(Bo 


cosh? 
(38) 
Although the general 


per unit length, 
which is plotted in Fig. 19. 
shape remains similar to the case of a pinned wall, the 


maximum attractive force is increased to 0.55 


pb/2h(1 — 


THE INTERACTION OF A DISLOCATION 
WITH A PARTIALLY-FREE 
DISLOCATION WALL 


The foregoing discussion indicates that the repulsive 


0.1 0.2 


-0.2 -0.1 

As) 
Fic. 18. Equilibrium distances of two adjacent free 
dislocations in a dislocation wall when an approaching 
dislocation glides through the wall between them. 
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Fic. 19. Force acting on an approaching dislocation 


force of a pinned dislocation wall toward an approach- 
ing dislocation is always less than that of a single 
pinned dislocation located at the distance of the wall 
and that a wall with a free dislocation does not offer 
much resistance to the approaching dislocations in 
displacing the free dislocation. This is also true for 
two free dislocations in the wall when the approaching 
dislocation glides between them. It remains to show 
also how these conclusions can still hold when there 
are more free dislocations in the wall. 

Theoretically when the whole wall is free, the wall 
will move toward the approaching dislocation to form 
a stable structure and then move with it. Practically 
this is not likely to happen unless the external stress 
is also applied to the wall. The dislocations at large 
distances have so little interaction that they will 
probably not be affected by the approaching dislo- 
cation. That this must be the case is shown by the 
following example. 

Suppose that there are two free dislocations in the 
wall, one above and one below a pinned dislocation on 
whose slip plane a foreign dislocation is approaching. 
Due to the symmetry of the stresses, the two free 
dislocations will assume the same equilibrium position 
x’ from the wall when the approaching dislocation is 
at a distance 2). This can be easily calculated with 
the result 


A(p') + + BiBy— B')=0 (39) 


where 


= 


and A and B are functions defined by equations (36) 


on a slip plane between two free dislocations in a wall. 


and (37). It is 
seen that the free dislocations first move in the same 


“Equation (39) is plotted in Fig. 20. 


direction as that of the approaching dislocation, then 
in the opposite direction, and then in the same 
direction again. However, the distances that the free 
dislocations move never exceed 0.1 h from the wall. 
Because of their proximity, these dislocations should 
show the largest effect. The effect will be negligible 
This 


can be further demonstrated by analyzing the force 


if there are free dislocations at other locations. 


Fic, 20, Equilibrium distances of two free dislocations 

in a dislocation wall, one above and one below a pinned 

dislocation, when a foreign dislocation on the same slip 
plane as the pinned one is approaching the wall. 
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Fic. 21. Force acting on an approaching dislocation 
by a dislocation wall where there is a pinned dislocation 
on the same slip plane as the approaching one and 
there are two free dislocations, one above and one below 


which acts on the approaching dislocation. The force 
is 
A(py) + = + 2B(p Bo) + 2B(Bo) 
| y) Po 


per unit length. (40) 


This is plotted in Fig. 21. The force is attractive at 
large distances but replusive at small distances. The 
force being zero at x) —2.3h indicates a_ stable 
configuration for the system with three free dis- 
locations. When x) < h 
large, it approaches the same force which is exerted by 


where the force becomes 
a pinned wall. In other words, the existence of some 
free dislocations in the further the 
resistance of the wall toward approaching dislocations. 

We shall this by examining 
another example where instead of the pinned dislo- 
cation in the above case, let us have three consecutive 
free dislocations in a wall. At equilibrium, let the 
middle free dislocation assume a position x. We have 


wall reduces 


conclude section 


+ 2B(p’ — B) + 2B(p) = 0 (41) 


A(p) 
Po p 


A(p’) + Bip’) + + Bip — p’) 


+ Bip, — p’) = 9. 


The result is shown in Fig. 22. It is seen that when 
the foreign dislocation is approaching the wall, all 
three free dislocations move in the same direction as 
that of the approaching one until about x) = 1.7h 
after which the upper and the lower free dislocations 
begin to change direction and move toward the wall. 
At x) = 0.47 h, the upper and lower dislocations get 


(42) 


the pinned one. 


back into the wall and the middle free dislocation is 
atx = —0.47h. Thisisthe stable structure mentioned 
before. Before this event, the approaching dislocation 
feels a force more attractive than that in the case 
when only the middle dislocation is free, as it can 
easily be seen from the graph. At this event, the 
force acting on the approaching dislocation is obviously 
zero. After this event, the approaching dislocation 
feels a repulsive force. Since now the upper and the 
lower dislocation move out of the wall and toward 
the approaching dislocation, the repulsive force will 
first be smaller and then somewhat larger than that 
in the case when only the middle dislocation is free. 
When the approaching dislocation gets into the wall, 
it still feels some repulsive force. At the critical 
moment when 2x, =0.05h, the system 
unstable with the final result that the middle free 
dislocation goes to minus infinity and the rest form a 
This apparent discontinuity is 


becomes 


dislocation wall. 
again removed by nature with a series of metastable 
states in case that the approaching dislocation reverses 
the direction. The approaching dislocation now feels 
less repulsive force and finally the force reduces to 
zero. The final state is also a dislocation wall with 
a free dislocation at minus infinity. The story can then 
repeat itself with another approaching dislocation. It 
is now clear that a greater number of free dislocations 
in the wall cannot offer much more resistance to an 
approaching dislocation. They usually contribute to 
the weakness of the wall as also shown by Vreeland‘?*). 


THE EFFECT OF SOLUTE ATOMS 
It seems desirable to include in this report a 
discussion of whether the interaction of a dislocation 
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Equilibrium positions for three free dislocations in a dislocation wall, one 


on the slip plane of an approaching dislocation, one above and one below it. The 


curves include sections for metastable equilibrium. 
only the middle dislocation is free. 


wall with solute atoms will affect the foregoing 
conclusions. The interaction of the type involving a 
Cottrell atmosphere has been discussed by Webb). 
It can be seen that the ratio of the interaction energy 
(potential energy relative to a widely separated state) 
of a solute atom with a dislocation wall to that of the 
same solute atom with a single dislocation situated at 


the origin is 


a? + sin cos 2 
(43 
A sin® A sinh? « 


where the symbols are defined by equations (7) and (8). 
Equation (43) is plotted in Fig. 23. It is seen that the 
ratio is always less than unity. The amount of solute 
atoms per unit length of dislocation which will 
segregate around a dislocation wall can never be more 
than that will 
dislocation at equilibrium. 
Fermi—Dirac®”? 
it should 


around a 
true 


which segregate single 


This is whether 


Boltzmann or statistics are used. 
Therefore it seems that 
approaching dislocation to displace a pinned dislo- 


‘ation in a wall than to displace a single pinned 


be easier for an 


dislocation. 


2 
3 


Dotted line indicates the case where 


CONCLUSIONS 


(1) A dislocation wall of evenly spaced dislocations 


separates the crystal at large distances from the wall 
into evenly spaced bands (Fig. 3) by planes parallel to 
The 


thickness of each band is one half of the dislocation 


the slip planes of the dislocations in the wall 
spacings in the wall. Any single dislocation located 
in the band containing the slip plane of one of the 
dislocations in the wall will be repelled by the wall. 
Dislocations located in other bands will be attracted 
by the wall. 

(2) A pinned dislocation wall attracts or repels an 
approaching dislocation less than a single dislocation 
situated at the distance of the wall. 

(3) A 


attracts an approaching dislocation to form a stable 


dislocation wall with a free dislocation 
structure with two dislocations symmetrically placed 
on two sides of the wall. 

(4) The above stable structure becomes unstable 
when another dislocation on the same slip plane as 
the two dislocations approaches the wall closer than 
eight dislocation spacings in the wall. 


(5) A pinned dislocation wall attracts the first 
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23. Ratio of interaction energy of a solute atom 


with a dislocation wall to that of the same solute atom 
with a single dislocation situated at the origin. 


approaching dislocation on a slip plane between two 
dislocations in the wall but repels the second approach- 
ing dislocation. The second dislocation can push the 
first one through the wall by approaching the wall 
closer than about half the dislocation spacings in the 
wall. 

(6) The force exerted by a dislocation wall on an 
approaching dislocation located at a certain distance 
from the wall decreases when the angle of the wall 
increases. However, the minimum stress necessary 
to push an approaching dislocation through the wall 
or to displace a free dislocation by an approaching 
dislocation increases linearly with the angle of the 
wall. 

(7) Two consecutive free dislocations in a wall will 
oscillate back and forth with a maximum amplitude 
of about 0.22 of the dislocation spacings in the wall 
when an approaching dislocation glides through the 
wall on a slip plane between them. 

(8) A dislocation wall with two free dislocations, one 
one below a pinned one, attracts an 


above and 


approaching dislocation on the same slip plane as 
the pinned one to form a stable structure with the 
two free dislocations at —0.085 and the approaching 
one at 2.35 of the dislocation spacings in the wall. 

(9) A dislocation wall with three consecutive free 
dislocations attracts an approaching dislocation on the 
same slip plane as the middle free dislocation more 
than the case described in conclusion (3) to form the 
same stable structure. 

(10) The energy of interaction of a solute atom 
with a wall is less than that of the same solute atom 
with the single nearest dislocation in the wall. 

The that a simple tilt 


dislocation wall is not a very effective barrier to the 


above results indicate 


penetration of parallel dislocations of the same slip 


vector. The fact that the yield stress increases when 
a deformed crystal is heated to a high temperature is 
probably due to the increased concentration of 
vacancies or the increased rate of diffusion of solute 
atoms, both of which can segregate into dislocations 
and jog or pin them. The appearance of substructure 
is also a result of heating and is probably not the 
cause of hardening. This seems to explain the results 
of Washburn, Li al.{© and Washburn ef 
This point of view is also supported by some recent 
observations of Stokes'?® that no fatigue crack can 
be produced in Zn crystals by pile-up of dislocations 
against a subboundary. 

It should be pointed out here that in order to discuss 
the actual motion of a dislocation, some estimate of 
the Peirls-Nabarro forces near a subboundary is 
necessary. This is found, however, not a very simple 
matter. An approximate calculation will be tried out 
and reported at a later date. 
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GEOMETRY AND KINETICS OF THE POLYGONIZATION OF 
SODIUM CHLORIDE* 


S. AMELINCKX? and R. STRUMANE? 


The geometry and kinetics of the domain growth during polygonization of sodium chloride is studied. 
It is found that the breaking up of ending walls is the dominating process in the initial stages, whilst the 
Y-shaped junctions dominate the growth process in the final stages. 

The interaction between growth in subboundaries and the newly formed polygon walls is also considered, 
In an appendix the interaction of isolated edge dislocations with a wall of edge dislocations is discussed 


in some detail. 

The kinetics of the polygonization process was studied by means of isothermal annealing curves. 
Two different activation energies are found: one for the low temperature range (49 keal/mol) and one 
for temperatures above 375 C (30 kcal/mol). The difference between these two activation energies is 
interpreted as the activation energy for jog formation; its value is 0.6—-0.8 eV. 


GEOMETRIE ET CINETIQUE DE LA POLYGONISATION DU CHLORURE DE SODIUM 


Les auteurs ont étudié la géométrie et la cinétique de croissance des domaines de polygonisation du 


chlorure de sodium. Ils ont trouvé que le processus essentiel dans les stades initiaux fait apparaitre des 


parois semi-infinies. 
Par contre. des jonctions en forme d’ Y caractérisent les stades finaux. 


Ils ont aussi considéré interaction entre les dous-joints existants et les parois polygonales nouvelle- 


ment formées. En appendice, ils discutent en détail interaction de dislocations-coin isolées avec une 


paroi de telles dislocations. 
La cinétige de pyolgonisation a été étudiée a Vaide de courbes isothermes de restauration. Deux 


énergies d’activation ont été trou ées: lune a basse température (49 kcal/mole) et l'autre pour des 


températures supérieures & 375 C (30 kcal/mole). 
La différence entre ces deux énergies d’activation est interpretée comme lénergie d’activation 


nécessaire a la formation de crans: sa valeur est de 0.6 a 0.8 eV. 


GEOMETRIE UND KINETIK DER POLYGONISATION VON NATRIUMCHLORID 

Die Geometrie und die Kinetik des Wachstums von Subkérnern wahrend der Polygonisation von 
Natriumchlorid wird untersucht. Wie sich zeigt, losen sich in den ersten Stadien vorzugsweise die Enden 
von Versetzungswanden auf, wahrend sich in den letzten Stadien des Wachstumsvorgangs iiberwiegend 


)-formige Verzweigungen bilden. 
Die Wechselwirkung zwischen urspriinglichen Kleinwinkelkorngrenzen und neugebildeten Verset- 
zungswanden wird ebenfalls betrachtet. In einem Anhang wird die Wechselwirkung einer einzelnen 


Stufenversetzung mit einer Stufenversetzungswand ausfiihrlich diskutiert. 


Die Kinetik des Polygonisationsvorgangs wurde durch isotherme Erholungskurven untersucht. Es 


ergaben sich zwei Aktivierungsenergien: Eine fiir den Bereich tiefer Temperaturen (49 keal/Mol) und 
eine fiir Temperaturen oberhalb 375 C (30 keal/Mol). Die Differenz dieser beiden Aktivierungsenergien 
wird als Aktivierungsenergie fiir die Bildung von Versetzungsspriingen gedeutet; sie betragt 0,6—0,8 eV. 


INTRODUCTION 

Polygonization has been observed in a large number — hy means of X-rays) and by means of etchpits.'® 
of crystals. The majority of these studies are mainly — No systematic study of the geometry of polygonization 
concerned with the geometrical aspects. Observations has so far been made by the use of decoration methods, 


Polygonization of NaCl has been observed previously 


concerning the kinetics are due to Dunn and Hib- — although occasionally polygonized structures have 


bard“) for silicon iron and to Gilman“) for zine. been observed.) The purpose of this paper is to 

The methods used in these studies were mainly present the results of such observations in NaCl, KC! 
etching and X-ray diffraction. A method suitable for and KBr as well as the results of a study of the 
the study of crystals presenting a pronounced cleavage kinetics of polygonization in NaCl. 


plane has been described for NaCl by one of the 


present authors and has been used successfully by 
Gilman) for his study of zinc. The same method is GEOMETRICAL ASPECTS 


used here for the observations concerning the kinetics 


(a) Methods of observation 


of the phenomenon. 


The methods of decoration have been described 


* Received March 15, 1959; revised July 15, 1959. previously.(7') They essentially consist in doping the 
*+ Laboratorium voor Kristalkunde, Rozier 6, Gent, Belgium. 
Now at B.C.K., Mol-Donk, Belgium. crystal during growth from the melt with 0.75 wt.°,, 
+ 8.C.K., Mol-Donk, Belgium, of AgCl or AgBr according to the type of alkali halide. 
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The decoration of the dislocations is then achieved by 
an anneal in hydrogen. 

The method is well suited for the study of annealing 
structures as it is already inevitably accompanied by 
an annealing treatment. If the total annealing time 
is larger than the anneal required for decoration, a 
heat treatment in air precedes the decoration heat 
treatment. 
particles which can be observed in ultramicroscopic 


The decoration consists of small silver 


illumination. 

For the study of the first stages of polygonization 
use has been made of a method described more 
recently. The crystal is now doped with 0.4 per 
cent of AgNO, by weight addition to the melt, and 
decoration is achieved by X-irradiation during 3-4 
hr by means of a copper target X-ray tube operated 
at 40 kV, 20 mA, the specimen being placed on the 
window, followed by an anneal in air of 1 hr at 500°C. 
This method leaves the dislocation pattern undis- 
turbed as could be proved by showing that small 
dislocation half loops are maintained in the crystal. 
In this case the decoration is due to small cavities 
containing the gaseous decomposition products of the 


10.- or (10) 
NO,” group. 


(b) Preparation of specimens 

The specimens are cleaved parallelopipeds from a 
large crystal of KCl, KBr or NaCl, grown by the 
Czochralski method. The specimens are bent under 
a water film to a radius of curvature of 30 mm, and 
For the 
short annealing periods the annealing time is at the 


they are then annealed for various times. 
same time used for decoration. 


(c) Results 
(i) Specimens deformed on a single glide system. The 
glide systems in the NaCl structure are of the type 


Fic. 1. Polygonized structure of NaCl (doped with 
AgCl), bent about an axis normal to the plane of the 
photograph. » 150 
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(a/2){110], (110). Usually twosystems with glide planes 
parallel to the axis of bending are active at the same 
time. The outer regions of the crystal are however 
very often deformed on one system only. It very 
often happens that the regions on both sides of the 
neutral plane are deformed on a different glide system: 
this then gives rise, after annealing, to the “chevron” 
structure, as shown e.g. in Fig. 1. 

The very first stage of polygonization consists of 
course in a rearrangement of the dislocations in their 
glide plane. To illustrate this we refer to Fig. 2. In 
this particular case the crystal was not bent, but 
indented somewhere in the left bottom corner. The 
traces of the glide planes are parallel to the largest 
dimensions of the photograph. Focussing deeper into 
the crystal tells us that the dislocations are inclined 
at an angle of about 45° with respect to the observation 
plane. They are further found to be still in their 
glide planes. We assume therefore that the dislocations 
were in the observed configuration immediately after 
deformation. The photograph shows that the dis- 
locations have a definite tendency to adopt positions 
“one on top of the other” which is their equilibrium 
position. The first stage in polygonization in KCl 
therefore takes place already at room temperature: 
this was also confirmed by means of etching. 

We will now illustrate successive stages in the 
formation of domain walls during increasing annealing 
periods. The annealing temperature is always 700°C 
10°C: the annealing periods were 2 hr, 4 hr, 8 hr and 
12 hr. 

Typical regions of these crystals are represented in 
the series of photographs, Figs. 3-6: the plane of the 
photograph is perpendicular to the bending axis, dots 
represent dislocation lines intersecting the plane of 
observation. After annealing at higher temperatures 
the dislocations are very nearly perpendicular to the 


plane of observation: they have nearly pure edge 


Fic, 2. Crystal of KCl (doped with AgNO,) deformed 
by indentation in the left bottom corner, « 400 
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Fics, 3-6. 
character. The photographs represent at the same 
time the typical configurations which illustrate the 
way in which domains coarsen. 

These characteristic features are those already 
described earlier for silicon iron''” and zine®): the 
Y-junctions and the semi-infinite walls. We find that 
in the polygonization of alkali halides the initial stage 
is characterized by the frequent occurrence of semi- 
infinite walls (see Fig. 7a,b.c): in the latter stages the 
Y-junctions become more important. 

It is easy to visualize how the semi-infinite walls 
If the 


dislocations in parallel glide planes, immediately after 


are generated in the crystal. 


‘rystals of KCI (doped with AgCl), bent to a radius of 3 em and annealed for respectively 2, 4, 8 and 12 hr. 


number of 
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Fig. 6. 


600 


deformation, differs, one gets a situation as shown in 
Fig. 8. 


rearrangement in the glide planes, and in the given 


The first effect of the annealing will now be a 


situation this will give rise to a configuration as shown 
in Fig. S(b): it is 
results. 


clear that a semi-infinite wall 

The behaviour of the semi-infinite walls under an 
annealing treatment has been considered by Friedel™. 
Due to the mutual repulsion of dislocations in the 
As the 
top dislocation is subject to a stress field due to all 
other dislocations, it will climb the greatest distance: 
the following dislocation will climb less as it is subjeet 


wall the dislocations will be induced to climb. 


Ni 

Se 4 

4 

es Fig. 3 Fig. 4 

: ‘ i 

Fig. 5. 
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(b) 
Semi-infinite dislocation walls. Note the regular variation in spacing. » 600 


(a) 


Fic. 8. The generation of semi-infinite walls (a) immediately after bending (b) after rearrangement. 


30 40 
d(arbitrary units) 
(b) 


darbitrary units) 
(a) 
Fic. 9. Relationship between w,, and d,, (w, distance between dislocations with index p and p 
d,, = distance of dislocations with index p from leading dislocation), 
interpretation leads to a linear relationship between 


1/u,(w,,-distance between dislocations with index pand 


from the leading dislocation). This is approximately 


to the back stress of the first and to the stress field of 
all following dislocations. The resulting rearrangement 
will produce a configuration where distances between 
dislocations gradually increase towards the end of the 
verified by our observation, as shown by Fig. 9(a,b). 
We 


1) and d,, (distance of dislocation with index p 


wall. The distances between successive dislocations u , 
(11) Spe cimens deforme d on two glide systems. 


have been measured on enlarged photographs. Friedel’s 
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(a) Intersecting dislocation walls. 


orientation difference. (b) Intersecting high angle walls. 


will now consider the geometrical configurations 
characteristic for specimens deformed on two glide 
systems with mutually perpendicular Burgers vectors. 


Mutually perpendicular dislocation walls then usually 


form. At some intersection points a small section of 


asymmetrical tilt boundary is formed: this is usually 
the case when the two intersecting tilt boundaries 
have comparable angles of misorientation. Examples 
of this are shown in Ref. (7): one example is also 
visible in Fig. 1L0(b). 

if the two 
different 
misorientation angles. The boundary which has the 


The behaviour is somewhat different 


intersecting tilt boundaries have very 


smallest tilt angle then usually ends some distance 
from the intersection point (Fig. 10a). In a few cases 


The interaction of a single edge dislocation 
with a wall of edge dislocations. » 600 


this may be due to a lack of decoration: the boundary 
acting as a sink of impurities and vacancies may 
and decoration. 


drain its neighbourhood 


In the cases shown (Fig. 10a), this is however not the 


prevent 


Case. 

To explain this behaviour, we consider the inter- 
action of a single edge dislocation with a wall of edge 
of the Fig. 11. This 
given in the appendix. From this 
calculation it is clear that the dislocation A will be 
the XY, 


moreover the end dislocation of the finite wall (’V is 


dislocations kind shown in 


calculation is 


induced to climb towards wall and as 
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(b) 


Note the depletion in the region adjacent to the wall with large 


600 


repelled by all the others of that wall, this dislocation 
taken up the XY, then 
becomes slightly asymmetrical. This mechanism is 
The width of the 


region which is in this way depleted of dislocations 


will be into wall which 


shown schematically in Fig. 12. 


will depend upon the angle of misorientation of the 
boundary XY. The larger this angle the smaller the 
region of influence: this explains the difference in 
behaviour between the two ends of a finite wall as 
visible e.g. in Fig. 10(a). 


(d) Interaction of walls with pre-existing subboundaries 

Whereas certain pre-existing subboundaries are 
crossed without any visible interaction by newly 
formed walls, this is not always the case and very 
often zig-zag shaped subboundaries result as visible 
in Figs. 13 and 14. As a consequence of “double 
both of the 


subboundary and the final position can easily be 


decoration’ the original position 
recognized. 

The the 
position of the subboundary, the zig-zag lines indicate 


straight lines correspond to original 
the final position. The interaction may be pictured 
as in Figs. 15 and 16. 


We now discuss these two cases separately. In 


(a) (b) 


2. The formation of a slightly asymmetrical! part 
in a wall, 
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Fig. 13. Fig. 14. 


Fic. 13 and 14: Interaction of polygonization wall with pre-existing subboundary. 400 
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Fic. 15. Formation of zig-zag shaped boundary as a consequence of the interaction of 
polygonization walls and a pre-existing boundary. The original boundary contains a 
number of dislocations of the same sign with respect to dislocations in the wall. 
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Fic. 16. Formation of zig-zag shaped boundary as a 

consequence of the interaction of polygonization walls 

and a pre-existing boundary. The original boundary 

contains a number of dislocations of opposite sign with 
respect to the dislocations in the wall, 
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the first example, shown in Fig. 14, the original 
boundary contains a number of dislocations of a sign 
opposite to the sign of the dislocations forming the 
polygon wall. Anneal now results in a mutual 
annihilation of dislocations of opposite sign. The 
resulting situation is pictured in Fig. 16(b), while 
the original configuration was as shown in Fig. 16(a). 
The second possibility is pictured in Fig. 15: here 
the original subboundary contains dislocations of the 
same sign as those of the intersecting walls. Mixed 
sections of subboundary now result and the con- 
figuration of 15(b) is formed. An observed example 
is shown in Fig. 13. Double decoration has again 
revealed the original position of the subboundary (the 
straight lines) and the final shape (zig-zag lines). 


KINETICS 
(a) Experimental methods 

To derive the activation energies of the process we 
measured the growth rate of the polygon domains at 
different temperatures, for the same radius of curvature 
of specimens. The specimens were prepared in the 
following way: Small cleavage parallelopipeds of 
25 « 10 « 4mm were all bent to the same radius of 
curvature (30mm) by pressing them against a 
evlindrical metal piece of this radius. The specimens 
were wet during the deformation and the metal piece 
was covered with wet filter paper as well, in order to 
minimize damage to the crystal. It should be noted 
that all specimens were cleaved from the same 
crystal, grown in this laboratory by the Czochralski 
method. Batches of ten specimens were then annealed 
in air for various time intervals and at different 
temperatures. After cooling they are cleaved following 
a plane parallel to the axis of bending: the cleavage 
plane has then polygonal character and the domains 
can be observed in reflected light. The method of 
observation is the Francon method of phase contrast 
in polarized light."* This method “translates” 
orientation differences into colour differences. The 
cleavage plane is thus seen as a set of parallel strips of 
different colour. Photographs are taken and the 
mean width of the domairs is deduced for every 
batch of specimens. 

The isothermal growth rate curves are plotted in 
Fig. 17. Vertically is plotted the mean orientation 
difference between walls which is deduced from the 
mean width of domains. Horizontally we plot the 
logarithm of time. It is readily visible that the 
curves level off for long annealing times, the more 
rapidly the higher the temperature. The slope of the 
initial rectilinear part is used to derive the growth 


rate. 
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Fic. 17. Isothermal domain growth curves for NaCl. 


The log of the growth rate d6/dt versus the reciprocal 
of temperature is plotted in Fig. 18. It is clear that 
the curve consists of two rectilinear parts with a 
break corresponding to a temperature of 375°C. The 
corresponding activation energies for the two parts 
of the curve are respectively 49 kcal/mol at low 
temperatures and 30 kcal/mol at high temperatures. 
Gilman found similarly two different activation 
energies at high and low temperatures for zine. 
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+. 18. Plot of the log of growth rate versus the inverse 
of temperature. 
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(b) Discussion of the kinetics 

According to Mott” and Friedel“) we can use the 
polygonization data to obtain the energy of jog 
formation U’,, by the use of two procedures: 


(i) the difference in activation energy at temperatures 
above and below the break gives directly the 
19 keal/mol = 0.8 eV. 


quantity U,; 


(ii) the quantity U’,; is given by the formula 


U,, = kT, In (U/b) 


fj 

where 7’, is the temperature at the break in the 

curve and / is the size of the domains at that tem- 

Substituting for 7’, 647°K and/ = 2- 10-3 
em, gives U’,; = 13.4 keal/mol = 0.6 eV. 

It is clear that in our case the correspondence of the 


perature. 


two values is not too unsatisfactory. This was not 
the case for zine, using Gilman’s data, and Friedel“! 
showed that the jog energy differs by a factor of 2 
according to the method used to derive it. 

For the activation energy in the high temperature 
range we find 30 kcal/mol which is to be compared 
with the activation energy deduced from conductivity 
measurements. 

It is clear that a direct comparison is difficult as 
this activation energy depends on the impurity 
contents of the specimens: values of 20.600 cal/mol 
and 47.200 cal/mol, respectively, for low and high 
temperature range are given in the literature. Measure- 
ments made in this laboratory of the ionic conductivity 
of NaCl specimens, prepared in the same circum- 


stances. indicated that almost for the entire range of 


temperatures used in the polygonization experiments, 
impurity conductivity prevails. The value of 30 
keal/mol found here from the polygonization data is 
therefore not unreasonable. 

Taking into account line energy only and considering 
the jog as a small segment of dislocation line, its 
energy can be estimated as 0.1 uw 6,7b,,7” where b, is 
the Burgers vector and }, the “length” of the jog. 
One can now consider two kinds of jogs: neutral ones 
with b, = a\ 2 or charged ones with b, = a/2 or 
a/2V 2. The value computed on the assumption of a 
neutral jog and taking uw = 1500 kg/mm? fits best the 
observed value. The measurements therefore suggest 
that the majority of jogs is probably neutral. This 
may be due to the fact that dissociating a neutral jog 
into two oppositely charged jogs requires an extra 


amount of energy, due to coulomb interaction. 
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APPENDIX 

In this appendix we describe, in some more detail than has 
been done prey iously, the interaction of isolated dislocations 
with a wall of edge dislocations. 
due to an infinite wall of edge 


The stress component 6,, 
other 


dislocations has calculated by 
components can be found in the same way by summation ove! 
The results are given by the 


been the 


all dislocations in the wall. 
equations: 


Dr*x cosh cos 27 p 
Oxy (1) 
2h? (sinh® ga sin? p7r)* 
aD qx sinh? qa + sin® pr + sinh? gz 
2h (sinh*® qa sin® 
7D sin? px + sinh? qa — sinh? qx 
: sin2xrp (3) 
2h (sinh? sin? pz)? 
where D v) 
h distance between dislocations in the wall 
u h 
q i h. 


The signs of these stresses in the neighbourhood of the wall 
are represented in Figs. 19 and 20, which shows also the lines 
along which the stresses vanish. From these diagrams it is 
easy to deduce the sign of the force to which an isolated edge 


dislocation is subject. 


(a) Edge dislocations of the same Burgers vector as those of the wall 

(i) Same sign. From Fig. 19(a) it is clear that dislocations 
will tend to glide towards the wall in the cross hatched region, 
whilst they will be repelled in the other regions. This was 


already discussed in a quantitative way by Nabarro'!?), The 
component of force in the glide plane is given by F ba,,?.'4 
If climb is an allowed procedure one has however also to 
take into account that the dislocation is subject to a force 
perpendicular to the glide plane given by F, boa,,” and 
which induces climb. 
From Fig. 20 it is clear that the sign of this force is such 
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1G. 19. (a) The stresses a, 


(b) The 


stresses 6, 


that it tends to bring the edge dislocation into the planes 
y = (2k 1) h/2 in which they can glide off towards the wall. 
Consequently, all edge dislocations in the region adjacent to 
the boundary will finally be taken up into the boundary. The 
paths the dislocations will follow during anneal are schematized 
in Fig. 21. 

(ii) Opposite sign. The dislocations will now be repelled 
in the cross hatched regions of Fig. 19(a) and attracted in the 
From Fig. 19(b) it is clear. other hand, that 
they will be induced to climb towards the planes y hk in 
which they are attracted towards the wall. They will finally 
be annihilated by a dislocation of the wall. 


others. on the 


(b) Edge dislocations having a Burgers vector perpendicular to 
the one of the dislocations in the wall 


(i) Positive dislocations (Fig. 19(a). dislocation A). The 
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Fic. 20. The stress o,,” 


disloe 


due to the wall of edge 
ations. 


Fic. 21. Paths followed by 


migration tow 


isolated edges, during their 
ards the wall. 


equilibrium positions with respect to glide are given by the 
intersection points of the curve represented by a solid line 
and the glide plane; the magnitude of the force causing glide 
is F, = ba,,”. In these positions the dislocations are however 
subject to a force in the «x-direction F, = ba,,’? and which 
induces them to climb towards the wall Fig. 19(b). Both force 
components vanish, near to the dislocation in the wall, on a 
line forming an angle of 45° with the glide plane, which is 
such that regions of compression and dilatation overlap. The 
result is again that dislocations in the neighbourhood of the 
wall will be pulled into the wall, which now however acquires 
asymmetrical character, 

(ii) Negative dislocations (Fig. 19(a), dislocation B). The 
same considerations as above apply apart from a change in the 
sign of the forces; the dotted lines now represent equilibrium 
positions for glide in Fig. 19(a). 
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LONG-RANGE ORDER IN Fe RICH Fe-Al ALLOYS—I 


A ZEROTH APPROXIMATION CALCULATION OF ORDER WITH 
APPLICATION TO THE PHASE DIAGRAM* 


P. S. RUDMAN?+ 


It is shown that a quasi-chemical description of long-range order in Fe rich Fe—Al alloys requires two 
independent order parameters and at least second neighbour bonding. Using the zeroth approximation, 
the defining equations for order are obtained. The transformation temperature consequences of the 
calculation are employed in evaluating experimental data and a revised version of the Fe—Al phase 
diagram is arrived at. It is shown that for compositions greater than 25 at.%, Al the onset of Fe,Al type 
order is well approximated by the independent ordering of a simple cubic lattice to a NaCl structure 
but at an effective composition depending on the perfection of the FeAl type order. From the experi- 
mental values of the transition temperatures at the composition Fe, Al it is calculated that the ratio of the 
second to the first neighbour interchange energies is about one half. 


ORDRE A GRANDE DISTANCE DANS LES ALLIAGES Fe—Al RICHES EN FER—I 
CALCUL DE L°;ORDRE PAR APPROXIMATION DE ZERO EN VUE DE L’APPLICATION 
AU DIAGRAMME DE PHASE 
L’auteur montre que la description quasi-chimique de lordre & grande distance dans les alliages Fe-Al 
riches en fer exige deux paramétres d’ordre indépendants et a tout le moins des liaisons avec le deuxiéme 
voisin. En utilisant une approximation de zéro, il établit les équations relatives a un tel ordre. Les 
conséquences sur la température de transformation d’un tel calcul, sont comparées aux données expéri- 
mentales. L’auteur établit ainsi une version modifiée du diagramme de phases Fe-Al. Pour les alliages 
contenant plus de 25°, at. d’aluminium, l’apparition d'un ordre du type Fe,Al peut étre interprétée, 
sur la base d'une structure du type NaCl, par la formation d’un ordre indépendant dans un réseau 
cubique simple. Il faut cependant considérer dans ce cas que la composition effective de l’alliage oti se 
produit un tel ordre dépend de la perfection de lordre du type FeAl. Sur la base des valeurs expéri- 
mentales des températures de transition pour le composé Fe,Al, onpeut calculer le rapport des énergies 

d’échange entre le premier et le deuxiéme voisin; ce rapport est voisin de }. 


FERNORDNUNG IN FE-REICHEN FE-AL-LEGIERUNGEN—I 
BERECHNUNG DER ORDNUNGSEINSTELLUNG IN NULLTER NAHERUNG MIT 
ANWENDUNG AUF DAS PHASEN-DIAGRAMM 
Eine quasi-chemische Beschreibung der Fernordnung in Fe-reichen Fe-Al-Legierungen erfordert zwei 
unabhangige Ordnungsparameter und Bindungen bis mindestens zu Nachbarn zweiter Ordnung. Die 
bestimmenden Gleichungen fiir die Ordnung werden in nullter Naherung angegeben. Die Schliisse, die 
die Rechnung auf die Umwandlungstemperatur ziehen laBt, werden bei der Verwertung experimentellen 
Materials benutzt, es ergibt sich ein geandertes Fe-Al-Phasendiagramm,. Fiir Zusammensetzungen mit 
mehr als 25 % Al laBt sich das Einsetzen der Ordnung vom Fe,-Al-Typ durch folgendes Modell gut 
annahern: Ein einfach kubisches Gitter ordnet sich unabhangig zur NaCl-Struktur, doch hangt die 
effektive Zusammensetzung vom Grad der Ordnung des Typs FeAl ab. Aus den experimentellen 
Werten der Ubergangstemperaturen bei der Zusammensetzung Fe,Al laBt sich berechnen, diB das 
Verhaltnis der Wechselwirkungsenergien von Nachbarn zweiter und erster Ordnung etwa einhalb 

betragt. 


1. INTRODUCTION identical (such is the indication of the available 
The Fe rich Fe—Al alloys exhibit two types of experimental evidence). Let us call the 000 plus the 
ordering, the FeAl type and the Fe,Al type. To 4 33 lattice sites x sites, the } } } lattice sites / sites 


describe both types of order with common  par- and the } { { lattice sites y sites. These definitions 
ameters we divide the structure into four interpene- 4Te illustrated in Fig. 1. For FeAl type order the / 
trating face-centered cubic lattices related to the and y lattices are identically occupied. For Fe,Al 
origin by translations: [000], [144]. [444] and type order, Fe atoms preferentially occupy the x and 


[3 3 3]. However, we will assume that the composi-  / sites and Al atoms the y sites. For disorder the 

tions of the OOO and the lattices are always p and lattic es are ide nti ally uple d. 

To sum up in more general terms, the definitions 


* Received May 12 1959. Part of this work has been 
sponsored by the Wright Air Development Center of the “ f } d 
Air Research and Development Command USAF through Fe—Al alloys, we consider a binary system of A and of 
its European Office under Contract No. AF 61(052)-122. 

+ Department of Physics, Israel Institute of Technology, 
Haifa way ‘ cent of B. We define the overall alloy composition 
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for describing the ordering found in the Fe rich 


B species of atoms in the composition range 0-50 per 
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Fic. 1. Lattice sites for ordering in Fe—Al alloys. 


the total 
We define 


as the number of B atoms divided by 
number of atoms and represent this by .r. 


the composition of a particular lattice as the number 


of B atoms on the particular lattice divided by the 
total number of lattice sites of the particular lattice 


and let [x]. [B] and [y] represent the composition of 


the x. p and y lattices respectively. For disorder we 


have: 


For FeAl type order we have: 
[x] 
>0.5 and T (temperature) —> 0 


1 


but as x 
|x] 0, and 
For Fe,Al type order we have: 
[a] 
but as « + 0.25 and as T > 0 
[x] > 0; [y]>1. 


It is of interest to notice that the / and y lattices 
form a NaCl structure. 
order to FeAl order is thus represented as 


The transformation Fe,Al 


[x] ALP] Aly] = [yI. 

To the extent that |x] is constant during the trans- 
formation, this change of order is equivalent to the 
disordering of a NaCl] structure and is thus apparently 
the only known example of disordering of a simple 
cubic lattice and is thus of unique theoretical interest. 
We shall see later that for « > 0.25 the constancy of 
(z} during this transformation is to be expected. 
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2. DEFINITIONS OF ORDER PARAMETERS 

We will consider here, in general terms, the number 
of independent parameters necessary to describe 
order in a multicomponent system. This treatment 
follows closely that of Wojciechowski. We assume 
that the structure may be divided into / interpene- 
trating lattices and that there are » species of atoms. 

Each lattice we denote by 7:7: 

Each specie we denote by j :) : 

Consider a,;; = number of species j on lattice i. 
Assuming all the lattice sites to be occupied, we then 
must have: 

/ equations of the type Sa,, = N, 


number of 


lattice sites of type 7. and » equations of the type 
= N, 


n — 1 equations are interdependent by the relation: 


number of atoms of species j: but these 


>; 
total number of atoms = total number of lattice 
sites. We thus have unknowns (the a,,’s), + — 1 
independent equations and hence the number of 


independent order-parameters is: 
The description of order in Fe rich Fe—Al alloys 
thus requires two independent order parameters 
(n = 2,1 


|P] and [y], only two are independent. The interela- 


3). Of the three order parameters, []. 


tion we can simply obtain. 
Assuming 
NV, = number of ~ lattice sites, 
NV, = number of / lattice sites, 
V., = number of y lattice sites, then 
[2] + N, + =2N 
atoms 


N,+N,+N, 


number of B 


N = number of lattice sites 


but since VN, = 2N, = 2N, = 3N, thus 


2({ x} 


x) + ([P] — x) + -£) =@. 


This last equation gives the interdependence of the 
Long-range order is generally 
For 


most of the structures for which the long-range order 


order parameters. 


described by the Bragg—Williams parameter S. 


has been measured, stoichiometric compositions and 
with only one independent order parameter, the 
definition of this parameter may be made in either of 
two equivalent ways: 
(1) S=1 for perfect order, S = 0 for disorder 
and S = linear function of the lattice popula- 
tion numbers. 
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(2) In X-ray or neutron or electron diffraction 


from an ordered lattice: S2 — K —* 


where /,, = integrated intensity from a superstruc- 
ture line 


/, = integrated intensity from a fundamental 


line 
K = constant independent of the degree of 
order. 


For non-stoichiometric composition there is no 
standard method of definition and one may refer to 
Fowler and Guggenheim®), Cowley® or Jaumot and 
Sutcliffe for alternative choices. It will be necessary 
here to define two parameters and convenient choices 


are: 
— [x]) 
Soy = — 2) — — 2) = + [y] — 20). 


These definitions have the properties that 
for perfect FeAl order: 

Si, = | (ie. at 0.5 Fe-0.5 All): 

for perfect Fe,Al order: 


Sy, = 1 (i.e. at 0.75 Fe-0.25 Al): 
for FeAl type order: 

S,, = 0; 
for perfect disorder: 

Ss, = 0: 


for superstructures reflections common to both 


FeAl and Fe,Al: 


8,2 = K—; 
11 I, 


for superstructure reflections common to Fe,Al only: 


At arbitrary composition, maximum FeAl type order 
is no B’s on the x lattice: and maximum Fe,Al type 
order is no B’s on the x lattice and the maximum 
number of B’s on the y lattice. Under these conditions 
the S’s take the following values: for FeAl type 
order, S,, max = 2x, S,, = 0: and for Fe,Al type 
order, S,, max = 2x, S,, max = 4x (for « < 0.25) 


and S,, max = (1 — 42) (for x > 0.25). 


3. THE ENERGY OF Fe-Al ALLOYS 
ACCORDING TO QUASI-CHEMICAL 
BOND THEORY 
A simple approach to the calculation of the internal 
energy of a solid solution is to attribute the energy to 


pair type chemical bonds. In a binary system these 
will be A-A, B-B and A-B where the bond energies 


E,,. Eyy and E,,, are generally assumed to be 
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independent of composition, temperature and order 
but to be a function of the distance between the sites 


of the interacting pair. The energy is generally 
assumed to be such a rapidly decreasing function of 
intersite distance that interactions between second 
and farther distant neighbours can be neglected. 

We note that in Fe—Al alloys, the first neighbour 
Thus 


when only first neighbour interactions are considered, 


interactions are either of the form %-/ or a-y. 


the surroundings of a / site is identical to that of a 
But 
[P| = [y] implies FeAl type order and hence we con- 


y site and hence there is no reason for [8] + [y]. 


clude that for Fe,Al order to exist we must introduce 
Although third 


nearest neighbour interactions are not required for 


at least second nearest neighbours. 


stability, since second neighbour interactions cannot 
be neglected with respect to the first, similarly we can 
expect third neighbour interactions not to be neglig- 
ible with respect to the second, and hence we shall 
include first, second and third neighbour interaction 
energies. 

We shall employ the zeroth approximation which 
assumes that the occupation probability of any 
lattice site depends only on the composition of the 


lattice. Letting By,. Ey, . ete., be the first, 
second and third neighbour bond energies, and 
E Ex, Ey. E yy, 
and 

Ey; 

U3 4AB 


be the respective interchange energies, we obtain for 
the bonding energy due to first, second and third 


neighbour interactions, respectively: 


E, = 4N{(1 — x) Ey, + yp + [22(1 — 2) 
E, r) rE pp r) 
— 28,,°)] v9} 
E, = 6N}{(1 r) Bas LE [2x (1 r) 
v3}. 


We note that £, is independent of S,, in agreement 
with our previous qualitative argument that first 
neighbour interactions only are incapable of causing 


Fe,Al type order. 


4. ENTROPY OF Fe-Al ALLOYS 

The calculation of entropy involves solving the 

combinatorial problem of the number of ways the 
N 

(1 x) A and x B atoms can be arranged on x. 


— 

| 
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sites, : p sites and : y sites for a given state of order. 
4 

The exact solution of this problem has not as yet 

been given. We shall employ what has been called 

the Zeroth approximation.?’ According to this 

approximation we obtain for the entropy: 


R 
S {4 In 2 + 2[x] In[x] + In[p] 


y|In{y}] + 2(1 — [a]) In (1 |x|) 


(1 —[p]) In (1 —[8]) + (1 —[y)) 
where: R 


gas constant. 


5. DERIVATION OF THE DEFINING 
FOR LONG-RANGE ORDER IN Fe-Al 
ALLOYS 
The defining equations governing order are deter- 
mined by minimizing the free energy, F = EF — TS, 
with respect to the independent order parameters. 
It is convenient to obtain the definitive equations in 
the forms: 
OF oF 
OS), 


which vield respectively: 


48,, 


(4v — 
v7} Us 


(Si, 


These equations must be solved either numerically 


or graphically to obtain S,, and S,). 


6. APPLICATION TO THE Fe-Al 
PHASE DIAGRAM 
Even without explicit solution, several consequences 
concerning the phase diagram may be obtained from 
these equations. S,, = 0 is always a root and in this 


case we obtain 


This is the well known solution for the CsCl strue- 
ture but taking into account next nearest neighbour 
interactions. It is also known that for this case the 


order—disorder transition is second order for all 
compositions and hence the criterion for the transition 
temperature is that the solution S,, = 0 goes from 
a minimum to a maximum at 7’ = 7. Thus (d?F/ 
OS,,7) = 0, S,, = 0 defines T = 7, and we obtain 


4v, — 3v, — 6v. 
4x(1 — x) 3) 


{FeAl or 


if we 
\disorder 


For the transition Fe ,Al — 
assume that this is also a second order phase change, 
(0?F/0S,,7) = 0, S,;, = 0, defines T = T,’ and we 


obtain 


S,,/ is simply obtained by solving for S,, at T = 

in the previously given defining equation for 
CsCl structure. We note that the effect of FeAl order 
on Fe,Al order, provided that a second order trans- 
formation obtains, is simply to shift the composition 
of the p + y lattice from x to x + S,,/2. 

The phase diagram shows that in the region x < 0.25 
the transformation Fe,Al—> disorder occurs. We 
‘an show that a second order Fe,Al—>» disorder 
transition is unlikely. For this to occur we must have 
T.=T, and = 90. Using our equation 
for the critical temperatures we obtain 7, = 7,’ only 
when = 3/2. 

We can generalize this result and conclude that a 
second order transformation in a multi-independent 
order parameter system that requires (d2F/0S?) = 0 
simultaneously for more than one independent order 
parameter is unlikely to occur. It is to be noted that 
Guttman" had concluded that the Fe,Al — disorder 
transformation was second order because of the rule 
that first order transformations occur only in close 
packed structures. We see that this rule must be 
restricted to systems where there is only one indepen- 
dent order parameter. 

For « > 0.25, the phase diagram shows T,,’ < T.. 
2x for T <T,’ and 


the defining equation for S,, approaches the form: 


In this case S,, > S,, max 


3, — + In 
kT 4x 


Ss, 2(1 2x) + 


Ss, 2(1 — 2x) 

This obviously describes the disordering of a NaCl 
structure, a second order phase change, with a 
critical temperature 


2x(1 


2x)4(3v, — 6v,)/k. 


The existing experimental determinations of the 
Fe rich region of the Fe—Al phase diagram are not in 
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agreement. However, on the basis of the previous 
results we can synthesize the available data and 
obtain a more reasonable and consistent phase 
diagram than presently exists. 

Figure 2 presents the generally accepted phase 


diagram and Fig. 3 a recent determination by the 


X-ray lattice parameter method due to Taylor and 
Jones"), 
The designation of phases is according to the 


Metals Handbook scheme“ : 

== disorder b.c.c. 

a, = Fe,Al type order 

% FeAl type order 

(e.g. %,,, = non-ferromagnetic Fe,Al type 
order). 

The Metals Handbook version is admittedly only 
indicative of the phases present and their general 
relative position and is not to be taken at face value. 
The Taylor—Jones version” is the result of a meticu- 
lous X-ray lattice parameter study. However, the 
diagram as presented is inconsistent. There is no 
meaning to the existence of a Curie point boundary 
within a two phase field as they are present in the 
%, + &, field and in the « + a, field. The difficulty 
with their phase diagram interpretation of their data 
appears to be that for second order phase changes* 


n = non-ferromagnetic 
m = ferromagnetic 
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* As we have discussed previously we would expect the 
%,/%, boundary to be for « > 0.25 and for Curie points. 
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Fic. 4. Revised Fe—Al phase diagram. 

the lattice parameter method does not give a suffi- 
ciently sharp presentation of a phase boundary. 
Accordingly, in Fig. 4 is presented a revised version 
of the Fe—Al phase diagram obtained by using the 
theory previously derived to weight the various 
experimental determinations. 

Taylor and Jones’ phase boundary is accepted for 
the boundary «/x,, this being probably a classical 
phase change and hence amenable to the X-ray 
lattice method. The z/z, 
though apparently a second order phase change as 
indicated both by 
taken from Taylor and Jones. The x,/%, boundary 
and the Curie points in the x, phase are taken from 


parameter boundary, 


theory and experiment, is also 


the thermal, electrical resistivity and magnetic 
measurements of Sykes and Evans‘’). The Curie 


points in the « phase are due to Parsons ef al.‘ 
and their magnetic data is also consistent with the 
The extent of 

%, tO 


Taylor-Jones x/x + x,, boundary. 
the x, field (from the boundary x/z 
at room temperature is also consistent with the X-ray 
measurements of Bradley and Jay®. 

The unappreciated existence of the two phase field, 
x + %,, and the non-recognition of the formation of 
the Fe,Al type order as being possibly of the normal 
“A prefers B” type but between second neighbours 
has had a very profound effect on order—disorder 
theory. Hume-Rothery 
workers interpreting the Bradley and Jay“ X-ray 


and Raynor“! and _ co- 


data in the x + x, region on the assumption of a 
single phase were led to view the ordering process 
as Al atoms (or solute atoms in general) maintaining 
other and this 
the 


the maximum distances from each 
suggested the minimizing of strain energy as 
driving force. 

The assumption of homogeneity in the x + %, 
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region led Bradley and Jay®) to interpret their results 
as if the x and f sites were equivalent and Takagi"? 
accepting this equivalence in his statistical theory of 
ordering obtained the result that Fe,Al and Cu,Au 
are governed by identical definitive equations. 
Although the specification of the phase boundaries 
in the Fe—Al system still leaves much to be desired, 
they are in principle capable of very accurate deter- 
mination. Referring to the analytical expressions 
obtained for the order—disorder transition temperature 
T, and 7.’, we note that the interchange energy 
combinations (4v, — 3v, — and (v, — are 
capable of determination from the experimental 
values of 7, and 7',’. Thus the combination of FeAl 
and Fe,Al order appears to offer the further unique 
possibility of a measure of the range of bond energies 
from the positions of the phase boundaries. Since 
there are three unknowns ¢,, v, and v, and only two 
independent experimental determinations, 7, and 
T.’, are available: some assumption must be made 
to estimate the v's: 
we obtain for 


Considering = m and v/v, = n. 


the ratio of the transition temperatures the relation: 


(x +8,,/2)(1 — x —S8,,/2) 3m — 6n 
(1 — 2) 4 — 3m — 6n 
Using the experimental values of # = 0.25, T, 
1l00°K, 7,’ = 800°K and the calculated value 
0.43 we obtain: 
3m — 6n a 
. 


4 3m 6n 
Since this ratio is not far from unity, we can as a 
first approximation neglect » and we obtain that 
m }. A second method of estimating the range of 
the bonding energies is to assume a bonding energy 
law of the form » ~ r~”. We then have that 


u 


m 


and by trial and error we obtain that p = 4 in which 
case m = 0.56 and n = 0.14. Thus we obtain that 
0.50 < - 0.56. 

It is of interest to note that Fournet™ has obtained, 
by an analysis of short range and long-range order, 
values of v,/v, —4 for Cu,Au and v,/v, = 4 for 
CuZn. 

Assuming that ratios of the v’s do not vary with 
1100°K and 7,’ = 800°K 


the phase boundaries as given by the 


composition, requiring 7 
at x 0.25, 


Zeroth approximation are fixed and the resulting 


diagram is presented in Fig. 5. 

The asymmetry of the Fe,Al phase is due to the 
composition shift of the Pp + y lattice by S,,/2 and 
this asymmetry is to be noted in the experimental 
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ATOMIC FRACTION Al 


Fic. 5. Fe—Al phase diagram according to Zeroth 
approximation. 
diagram. Detailed agreement with observation 


is not obtained. Whether this is due to the non- 
constancy of the v’s or due to the effect of the ferro- 
magnetic transformation that has been completely 
neglected here, or due to the insufficiency of the 
Zeroth 
determined. The major inadequacy, the too extensive 


approximation cannot be unambiguously 
order existence fields, is however a chronic deficiency 
of the Zeroth approximation and is probably the 
source of error. 

The phase diagram in an ordering system is not 
simply the specification of the critical temperatures 
but also requires the specification of the variation of 
order with temperature and composition within the 
phase fields. In the present case this determination 
requires the simultaneous solution of the two trans- 
cendental defining equations. This calculation has 
been carried out graphically for the composition 
Fe,Al and the results are presented in Fig. 6. It 
was found that to within the accuracy of the calcula- 
tion (approximately AS = +0.005) the onset of 
Fe,Al type order, S,, + 0, did not influence the value 
of S,,. It was also found that for 7/7), < 0.7 (FeAl 
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Temperature dependence of long-range order 
at the composition Fe—Al. 
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type ordering begins at 7/7’, = 0.727) the calculated 
value for S,,; was not changed by assuming S,, = Sj, 
max = 22. 


7. SUMMARY OF RESULTS 


A Zeroth approximation calculation with two 
independent long range order parameters describing 
FeAl and Fe,Al type order has been given. The 
transition temperature consequences show that: 
the transition Fe,Al order —> FeAl order for x (atomic 
fraction Al) > 0.25 is probably of the second order; 
and that for x < 0.25 the transition Fe,Al order —> 
disorder is probably of the first order. Combining 
these conclusions with a new evaluation of experi- 
mental data a revised version of the Fe-rich solid 
solution region of the Fe—Al phase diagram is arrived 
at. 

The complete phase diagram prediction of the 
Zeroth approximation is given and detailed agreement 
with experiment is not obtained. This is attributed 
mainly to the inadequacy of the Zeroth approximation. 

It has been shown that for x > 0.25 the ordering 
can be treated to a good approximation as two effec- 
tively independent transformations: disorder — FeAl 
order as ordering of a body-centered cubic lattice at 
the given composition to a CsCl structure: and 
FeAl order — Fe,Al order as ordering of a simple 
cubic lattice to a NaCl structure but at an effective 


composition equal to the given composition plus half 
the value of the FeAl type order. This is a very 
fortunate set of circumstances because it permits 
to treat these transformations by the higher approxi- 
mation methods that have been developed and applied 


ORDER IN Fe-Al ALLOYS 


for these cases. Formally one could of course 
treat the unseparated problem by the higher approxi- 
mations but practically the computation necessary 
for solution would be prohibitive. 

It is shown that Fe,Al owes its existence to second 
neighbour interactions while FeAl order is due to 
nearest neighbour interactions. From the experi- 
mental value of the ratio of the respective transition 
temperatures for the computation Fe,Al the ratio 
of the second to first interchange energy, v,/v,, is 
calculated to be about one half whether or not third 


neighbour bonds are considered. 
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YIELD AND FRACTURE IN POLYCRYSTALLINE NIOBIUM* 
M. A. A. C. ROBERTS? and R. E. SMALLMAN$§ 


Tensile tests on specimens prepared from an ingot of electron-bombardment melted niobium have 
shown that the material undergoes a ductile—brittle transition and can be made to twin. The variation 
of yield stress o, with grain-size 2d has been used to determine the effect of temperature (293° K—20°K at 
a strain-rate of 2.02 10-4 sec~!) and strain-rate (2.02 10-4 sec—!—6.18 10-2 sec-! at 77°K) on 
the values of o;, and k, ina Petch type equation o, = 0, + k,d~'/*, the results indicating that the ductile— 
brittle transition characteristics are in accordance with Cottrell’s transition equation (¢,d'/? +- k,)k, = 
Puy. Niobium shows a greater resistance to brittleness than carburized x-iron because it has a smaller k, 
value, and the reluctance of the material to twin except under extreme conditions of low temperature or 
high strain-rate is also attributed to a low value of k,. The mechanical behaviour of niobium relative to 
that of other body-centred cubic transition metals is discussed. 


DEFORMATION ET RUPTURE DU NIOBIUM POLYCRISTALLIN 


Les auteurs ont soumis a des essais de traction des échantillons de niobium préparés au four de fusion & 
bombardement d’électrons. I] résulte de ces essais que ce métal posseéde une courbe de transition du 
type ductile—fragile et qu'il peut subir un maclage. La variation de la tension de déformation o, avec 
le grain-size 2d permet de déterminer l’effet de la température (293°K-20°K pour une vitesse de défor- 
mation de 2.02 10-4 see!) et de la vitesse de déformation (2.02 10-4 sec-!-—6.18 10-2 sec—! a 
77°K) sur les valeurs de ao, et k, dans l’équation de Petch o, = 6, + k,d~-'*. Les résultats indiquent 
que les caractéristiques de la transition rupture fragile-rupture ductile sont en accord avec l’équation 
de Cottrell (a,d'? + k,)k, Buy. Le niobium montre une plus grande résistance & la fragilité que le 
fer x carburé parce qu’il posséde une valeur de k, plus faible. Exception faite de son comportement dans 
des conditions particuliéres a basse température ou sous une vitesse de déformation élevée, la résistance 
de ce métal au maclage peut étre attribuée a la faible valeur de k,. Les auteurs discutent enfin du 
comportement mécanique du niobium comparé a celui des métaux de transition cristallisant également 
dans le systéme cubique centré. 


FLIEBEN UND BRUCH VON VIELKRISTALLINEM Niob 


ZerreiBproben wurden aus Niob hergestellt, das durch Elektronenbombardement 
worden war. Die Zugversuche zeigten, daB bei diesem Material ein Ubergang duktil-spréde auftritt und 
Die Abhangigkeit der FlieBgrenze o, von der KorngréBe 2d wurde 
20°K bei einer Dehnungsgeschwindigkeit von 
10-4 see!) und der Dehnungsgeschwindigkeit (2.02 10-4 sec! 6.18 10-2 bei 77° K) 
auf die Parameter o, und k, in der Gleichung nach Petch o, = a; + k,d-'/? zu bestimmen. Die 
Ergebnisse zeigen, daB die GesetzmaBigkeiten des Ubergangs duktil-spréde mit Cottrells Ubergangs- 
gleichung ky )ky Niob zeigt Widerstand gegen 
Sprédigkeit als aufgekohltes x-Eisen wegen seines kleineren k,-Wertes. Die geringe Neigung des 
Materials zur Zwillingsbildung auBer bei extremen Bedingungen tiefer Temperatur oder hoher Dehnungs- 
geschwindigkeit wird ebenfalls dem kleinen k,-Wert zugeschrieben. Das mechanische Verhalten von 
Niob wird mit dem anderer kubisch-raumzentrierter Ubergangsmetalle verglichen und diskutiert. 


erschmolzen 


daB es sich verzwillingen 1aBt. 
beniitzt. um den EinfluB der Temperatur (293°K 


()? 


Puy) iabereinstimmen. einen gréBeren 


1. INTRODUCTION these metals, particularly in the gas turbine and 


Although in recent years the plastic deformation 
brittle mild 
considerable other 


behaviour of steel has 
attention?) 


centred cubic metals have been relatively neglected. 


and fracture 


received body- 
This has been due partly to the expected similarity 
in behaviour with z-iron, and partly to the small 
usage of the high melting point refractory metals 
vanadium, tantalum, niobium and molybdenum in 


industry. However, the increased importance of 
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nuclear energy fields, indicates the need for a more 
detailed investigation of their mechanical properties. 
Work is described in this paper on the tensile behaviour 
of niobium purified by electron-bombardment melting. 
Tensile tests on commercially pure niobium have 
been described by Wessel and Lawthers?. 

For mild steel it has been shown, both theoretically 
and experimentally,?:5* that the shear stress o, 
for yield propagation varies with the grain diameter 2d 
according to the equation: 


| (1) 
1/2 
(k, ) 
where, following Cottrell’s notation,"®) a, is the shear 
stress to unpin a dislocation from its atmosphere, 


o, + 


i 
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TABLE 1. 


Impurity elements Si Fe O, 


0.150 0.300 


per cent present 


o, the shear stress resisting the movement of dis- 
locations across the slip plane after they have been 
unpinned, and / the distance from piled-up dislocations 
at the head of the plastic front to the nearest Frank- 
Read sources. In the present experiments the effect 
on o, and k, of varying temperature (293°K-20°K at a 
strain-rate of 2.02 « 10-4sec~!) strain-rate 
(2.02 « 10-4 sec"!-6.18 « 10-2 see“! at 77°K) has 
been determined from measurements of yield stress 
on niobium specimens covering a range of grain sizes, 
and conditions for the occurrence of (a) twinning 


and (b) a _ ductile—brittle transition have been 


established. 


2. EXPERIMENTAL PROCEDURE 

Specimens were made from an ingot of commercially 
pure niobium which had been melted by electron 
bombardment. This treatment reduces markedly the 
gaseous impurities oxygen and nitrogen without 
radically affecting the metallic impurities. A typical 
analysis after melting is shown in Table 1. 

Texture free wire of 1.25 mm diameter was prepared 
from the ingot by alternate cold swaging (50 per cent 
reduction in area) and annealing (1075°C for 1 hr in 
tantalum foil) treatments. After a final swage to 1 mm 
diameter, batches of 7.5-cm long wires were annealed 
(in tantalum foil) at temperatures from 1075°C to 
1415°C to give the range of grain sizes shown in 
Table 2. 1075°C was established as the minimum 
recrystallization temperature, giving grains of about 
0.005 em diameter, whilst the 1415°C anneal resulted 
in wires with some grains across the complete section. 
For these wires the grain diameter was taken as the 
major axis of a plane at 45° to the wire axis, this 
corresponding to the plane of maximum shear stress. 
All anneals were made in a dynamic vacuum of 
between 10-5 and 10-® mm Hg. 

Wires were mounted for straining by soldering their 
ends with Wood’s metal into close-fitting brass bosses 
fitted with loops to engage hooks in the tensile 


TABLE 2. Grain-sizes of the specimens 


Grain size d-1/2 
Heat treatment 2d(em) em-1/2 
1 hr at 1075°C 0.00476 20.5 
1 hr at 1190°C 0.00951 14.5 
1 hr at 1260°C 0.0312 8.2 
2 hr at 1415°C 0.1414 3.76 
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Typical analysis for niobium melted by electron bombardment 


0.01 


Nb 


YIELD AND FRACTURE IN 


others 


H, N, Ta Cc 


0.02 0.05 0.30 0.07 0.03 


fach end of the wire was shotblasted and 


machine. 
then electro-plated with a 0.025 mm copper layer to 


allow tinning. The Wood’s metal was held in a 
constant temperature water bath, so that the speci- 
mens never exceeded a temperature of 80°C. 


Tensile tests were made in the autographically 


recording “hard” tensile machine described by 
Adams”). The gauge length of the specimens was 


2.8cm and for most of the tests the machine was 
driven at a constant cross-head speed of 0.00057 em 
sec"! (strain rate 2.02 « 10-4 sec!); 
fast strain-rate tests this speed was increased to 
0.173 em sec~ (strain rate 6.18 10-2 see~!), 


in a series of 


3. RESULTS 
3.1 Slow strain-rate tests at 293°K, 195°K, and 77°K 
Figure 1 shows characteristic stress—strain curves for 
specimens of the finest grain-size tested at 293°K, 
195°K and 77°K, with a strain rate of 2.02 « 10-4 
sec!, At the two highest temperatures the curves 
are typical of a strain-ageing material, and lowering 
the temperature from 293°K to 195°K changes the 
shape of the curve only slightly by increasing the 
size of the yield point and decreasing the amount of 
uniform elongation. A further lowering of the testing 
temperature to 77°K, marked 
change in behaviour; the upper yield stress is not 


however, causes a 
very sharp and after a very small uniform elongation, 
necking occurs, the load then dropping steadily until 
fracture. At this temperature the high stress required 
to move the first dislocations must be sufficient to 
overcome any internal stresses created in the lattice 
during deformation. All fractures were of the fibrous 
type and the ductility of the material, measured from 
the percentage reduction in area at the fracture, was 
decreased slightly with decreasing temperature from 
about 99 per cent at 293°K to about 80 per cent 
at 77°K. 

Typical curves for the coarest grained samples are 
shown in Fig. 2. The only marked difference from 


the fine-grained material is the reduced: uniform 
elongation at 293°K and 195°K. Necking in the 


coarse-grained specimens occurred across single grains 
at all three temperatures, resulting in knife-edge 
fractures. 

In Fig. 3 the lower yield tensile stress values of a 
series of niobium specimens are shown as a function 
of d~'? at the three testing temperatures. For the 
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195°K tests, specimens of four different grain-sizes 
were used whilst at the other two temperatures only 
the finest and coarsest grained samples were tested. 
Since in the tests at 77°K no clearly defined lower 
yield elongation was evident, it was necessary to 
estimate the position of the lower yield point. This 
was taken as the first inflexion in the stress-strain 
curve after the initial drop in load. Each point on the 
graph is the average for several tests at that tempera- 
ture and grain size; the maximum scatter on individual 


Effect of temperature on the stress-strain curve of specimens of the finest grain-size (2d = 0.00476 em) 
extended at a rate of 2.02 


10-* 
tests amounted to about -+-5 per cent of the mean 
value. 

From the curves of Fig. 3, o; and k, for the three 
temperatures have been estimated (see Table 3). 
Here, shear stresses rather than tensile stresses (to a 
first approximation the shear stress is half the tensile 
stress) are used in accordance with equation (1). 
The oa, values carry a possible error of about the same 
amount as the lower yield stresses, whilst the errors 
in k, may be larger, possibly +50 per cent. 
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Fic. 2. Effect of temperature on the stress-strain curve 
of specimens of the coarsest grain-size (2d 0.1414 em) 
extended at a rate of 2.02 10-4 sec-?. 


k, is very small, about an order of magnitude less 
than that for En2 steel at 195°K,[® and increases 
slowly with decreasing temperature; o, increases 
more rapidly with decreasing temperature, particularly 
between 195°K and 77°K, and is somewhat larger 
(about 25-50 per cent) than that for En2 steel" at 


all three temperatures. 
3.2 Slow strain-rate tests at 20°K 


In the experiments of Section 3.1 all specimens 
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LOWER YIELD TENSILE STRESS 10° ps: 


10 


i 

673 CMTS 

Fic. 3. 
specimens extended at a rate of 2.02 

293 °K, 195°K and 77°K. 


Variation of yield stress with grain-size for 
10-4 at 


showed completely ductile fractures, even at a 
temperature as low as that of liquid nitrogen. This 
behaviour is unusual in a transition metal of body- 
centred cubic structure, and to see if brittleness 
could be induced at lower temperatures a series of 
slow strain-rate (2.02 10-4 sec!) tests was made 
at 20°K on specimens covering the complete grain-size 
range. The results are summarized by the represen- 
tative stress-strain curves of Fig. 4. Specimens of the 
coarsest grain-size failed by total cleavage with no 
of the 


intermediate grain-sizes also cleaved, but only after 


macroscopic plastic elongation. Those two 
they had elongated plastically for a few per cent, and 
The 


with 


work-hardened considerably. finest grained 


material deformed plastically rapid work- 


hardening, necked and finally failed by a mixed shear 
and cleavage fracture at the neck. 
The stress-strain curves of all the specimens which 


extended plastically showed very distinct jerks, 


particularly in the early stages of plastic flow. Each 


TABLE 3. Values of o; and k, at three temperatures. 


Strain rate 2.02 10-4 


Temperature K 293°K 


o, (lb/in?) 48,000 18.000 10,000 


(c.g.s.) 5.18 10° 3.8 10° 2.76 10° 
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Fic. 4. Effect of grain-size on the stress-strain curves of specimens extended at a rate of 2.02 
0.1414 em, (b) grain-size 2d 


20°K; 


(a) grain-size 2d 


10-4 at 
0.0312 em, (c) grain-size 2d = 0.00951 em, 


(d) grain-size 2d = 0.00476 cm. 


jerk was accompanied by an audible click, suggestive 
of deformation twinning. A metallographic exami- 
nation confirmed that twins are formed. The specimen 
surfaces showed slip lines and other markings resem- 
bling the Neumann bands observed in iron. These 
markings were removed by polishing but re-appeared 
after etching (Fig. 5) and they persisted after an 
anneal of | hr at 850°C, a heat treatment that would 


have removed a low temperature martensite phase. 

The coarse-grained cleaved specimens also showed 
twin bands after polishing and etching (Fig. 6), but 
it is open to contention whether these twins were 
formed immediately prior to fracture (one of the 
stress-strain curves did show a twinning burst before 
the specimen broke) or were nucleated by shock 


waves accompanying the fracture. Double surface 
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Fic. 5. Deformation twins in a specimen of the second 
finest grain-size (2d 0.00951 em) extended to fracture 
at 20°K. Polished and etched (95 per cent HNOs, 5 per 
cent HF) after tensile-testing. « 340 


analysis of several sets of prominent bands on large 
grains, using X-ray back-reflection Laue data, gave 
the twinning plane as {112} in agreement with 
observations on other body-centred cubic metals. 

After finding twins in the specimens deformed at 
20°K a careful metallographic examination was made 
of all the specimens tested at the higher temperatures. 
In no case was a twin band observed, either on the 
surface or after polishing and etching. 

For the specimens of the three finer grain sizes the 
stress-strain curves indicate that the first macroscopic 
plastic deformation occurred by twinning, and the 


tensile stress at vield was within a few per cent of 


116,000 |b/in? in all cases. Because twinning interferes 
it is impossible to obtain a direct k, measurement 


Fic. 6. Deformation twins in a specimen of the coarsest 
grain-size (2d 
20°K. 


0.1414 em) extended to fracture at 
Polished and etched (95 per cent HNO,, 5 per 
cent HF) after tensile testing. 140 
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from these tests, and the reliability of a o, measure- 
ment is somewhat uncertain. However, the stress 

strain curves indicate some slip interspersed with the 
initial twins, which suggests that a value a, = 58,000 
lb/in? is reasonable. Cleavage stress values, except for 
the coarsest grained specimens, all of which failed at 
around 116,000 |b/in? tensile, were very scattered. 
They varied from 150,000 to 200,000 |b/in® tensile in 
specimens of 0.0095 cm grain size, and from 150,000 
to 180,000 Ib/in® tensile for those of 0.031 cm grain- 
size. Fracture stresses for the finest grained material, 
subject to considerable errors because of the difficulty 
of estimating the area of the neck, ranged from about 
250,000 to 280,000 Ib/in® tensile. 

A portion of a fractured specimen of the coarsest 
grain-size was mounted in a Laue back-reflection 
camera with the normal to the cleavage surface 
aligned at first parallel and then at 30° to the X-ray 
beam. Analysis of the two films gave the cleavage 


plane as {100}. 


3.3 Fast strain-rate tests at 77K 

Many mechanical property changes which arise 
from lowering the testing temperature can be simulated 
by increasing the strain-rate at constant temperature. 
Consequently, tests were made at 77°K to see if an 
increased strain-rate at this temperature would induce 
the transition to brittleness observed in the experi- 
ments of Section 3.2. 

In preliminary tests the strain-rate was increased 
by a factor of about 20. This raised the yield stress 
of all specimens by about 10 per cent but otherwise 
did not appreciably alter the form of the stress-strain 
curve, or change the mode of deformation or fracture. 
Increasing the strain-rate a further 15 times (to 
6.18 10> sec 
the form shown in Fig. 7. 


1) resulted in stress-strain curves of 
At this very fast rate of 
testing specimens of the coarsest grain-size cleaved 
without macroscopic plastic deformation; those of 
the three finer grain-sizes deformed plastically at 
constant stress for a few per cent elongation and 
finally failed by a shear fracture after necking. 

No jerks were seen in any of the stress-strain 
curves, but all test pieces were polished and etched, 
and carefully examined for twins over the complete 
gauge-length. Some of the specimens of each grain- 
size showed small twins on two or three of their grains. 
whilst in other samples no twinning was observed 
at all. By comparison all specimens deformed at 20°K 
showed well marked twins on at least half of their 
grains. 

Cleavage and yield stress figures obtained from the 


1/2 


fast strain-rate tests are plotted as a function of d 
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Fic. 7. Effect of grain-size on the stress-strain curve of 


specimens extended at a rate of 6.18 10-2 sec! at 

(a) grain-size 2d 0.1414 em, (b) grain-size 

2d 0.00476 cm. Specimens of the two intermediate 
grain-sizes give curves of the same form as (b). 


in Fig. 8 which also shows, for comparison, the slow 


strain-rate results. Average values from several 


specimens are used, the scatter on individual tests 
lying within the limits quoted in Section 3.1. The 


graph gives a value of o, = 56,500 lb/in®? and 
k, = 7.25 »« 10% ¢.g.s. at the fast strain-rate. 


4. DISCUSSION 
The present experiments have shown that niobium 
pattern of 
behaviour as other body-centred cubic transition 


follows the general mechanical 
metals. Thus, one can obtain by a suitable choice of 
temperature or strain-rate a change from complete 
ductility to complete brittleness, and from slip to 


twinning as a possible mode of deformation. It 


remains now to examine those factors which may 
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Fic. 8. Variation of yield (or cleavage) stress with 


grain-size for specimens extended at 77°K at rates of 
2.02 « 10-4 sec—! and 6.18 10-2 see), 
account for the detailed differences between niobium 
and other metals of like structure whose mechanical 
properties have been investigated. 


Deformation by slip 

A notable feature of the experiments at 77°K and 
above, in which plastic deformation occurred solely 
or predominantly by slip, is that the yield propagation 
stress increases only slightly with decreasing grain- 
size; k, for niobium is almost an order of magnitude 
smaller than that for En2 steel" at 77°K, and over 
20 times smaller than that for molybdenum"! at 
293°K. On the basis of equation (1) this means that 
in niobium purified by electron-bombardment melting 
the atmosphere locking of dislocations is rather slight. 
This result may seem surprising since the stress-strain 
curves at 293°K and 195°K show a well-marked upper 
and lower yield point. It must be remembered, 
however, that the size of the yield drop is an unreliable 
quantitative measure of the amount of dislocation 
locking because the experimental value of the upper 
vield stress depends sensitively on specimen preparat- 
ion and on tensile machine characteristics.“2-! One 
way in which the form of the curves does indicate a 
small &, value is from the amount of the lower yield 
If for the tests at 293°K and 195°K the 
portion of the curve immediately following the yield 


elongation. 


elongation is extrapolated to zero strain, the stress 
value obtained is a rough measure of o;.. Then, from 
equation (1), the difference in stress Ao between the 
lower yield stress and the extrapolated value is equal 
to 
low rates of work hardening immediately afterwards, 
as observed in the present tests, the values of Ag 
and consequently of k,, are small. 

The yield strength of niobium deformed by slip 
can be attributed chiefly to the friction stress o 


With small lower yield elongations and 
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resisting the movement of dislocations that have been 
unpinned from their atmospheres, and the dependence 
of the yield strength on temperature and strain-rate 
arises primarily from variations of o;. Frictional 
resistance to dislocation movement could be caused 
by (a) randomly dispersed impurity atoms in solid 
solution, (b) precipitated impurities, (c) other dis- 
locations in the lattice, (d) the Peierls—-Nabarro force. 
It is not immediately obvious which of these is most 
likely to give the required sensitivity of o, to tempera- 
ture and strain-rate, but the work of Heslop and 
Petch"® on steel suggests that the Peierls—Nabarro 
force probably makes the most significant contribution. 


Deformation by twinning 

Twinning was observed in the present experiments 
only under conditions of extreme low temperature 
or high strain-rate. Thus, although niobium can be 
made to twin it does so with reluctance, compared for 
example with carburized x-iron. A general explanation 
for this behaviour can be found in the ideas that 
Biggs and Pratt"® have recently developed from the 
theories of Cottrell and Bilby"”? and Bilby and 
Entwisle"® to explain their results on the twinning 
of iron crystals. The theory shows that twin nucleation 
is more difficult than twin propagation, and Biggs and 
Pratt suggest that nucleation is brought about by the 
stress concentration at the head of a rapidly piled-up 
array of dislocations produced by a burst of slip as a 
Frank—Read source is released from its atmosphere. 
With other things equal it should be easier to produce 
a slip burst suitable for twin nucleation in a material 
z-iron with 
value) than in one such as 


such as carburized strongly locked 
dislocations (large k, 
niobium in which the dislocation locking is relatively 
slight (small value of k,). It is of interest in this 
context to note that tantalum apparently has a 
small k&, value‘ exhibits, like niobium, a 
reluctance to twin.” 

All the specimens which deformed plastically at 
20°K showed the same pattern of behaviour; (a) small 
amounts of slip interspersed between extensive bursts 
of twinning in the early stages of deformation, 
(b) a preponderence of slip with only occasional 
twinning as deformation was continued, (c) an ability 
(in contrast to the behaviour of specimens tested 
at 77°K) to work-harden whilst deforming by slip. 
These observations are again in accord with the model 
Twins, once formed, 


and 


of twinning discussed above. 
may themselves act as barriers, allowing further 
dislocation pile-up and further twin nucleation. 
After a time, of the Frank—Read 
sources will have been released from their atmospheres, 


however, most 
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and the generation of slip dislocations will then no 
longer occur in sharp bursts so that twin nucleation is 
the 
barriers to slip dislocations results in the rapid 


suppressed. Presumably action of twins as 


work-hardening observed at 20°K. 


Cleavage 

When the ductile—brittle 
characteristics of niobium it is again instructive to 
the 
present slow strain-rate tests all the specimens were 
completely ductile at 77°K, 
grained samples became completely brittle at 20°K; 
En2 tested at the 
specimens of a grain size only slightly greater than 
that of the finest grained niobium are 
completely brittle at 77°K."° To find 
reasons why, of the two materials, niobium should 


considering transition 


make comparisons with carburized z-iron. In 
and only the coarsest 


with steel same strain-rate, 
almost 


possible 


show the greater resistance to brittleness in tensile 
tests we turn to the recent brittle fracture theory 
of Cottrell®).* 

Developing the idea that the difficult stage in the 
fracture process is crack propagation rather than 
crack nucleation, Cottrell proposes a mechanism for 
forming crack nuclei from dislocations on intersecting 
111 


gliding in {110} planes can react with a lowering of 


slip planes. It is shown that two dislocations 
energy to form a pure edge dislocation in the {100} 


cleavage plane. 


The new dislocation, equivalent geometrically to a 
“cleavage wedge’ of material between adjacent {100} 
faces, is thought to be the crack nucleus. The nucleus 
will grow easily as successive dislocations run into it 
until it reaches a size of the same order of length as 
the slip bands forming it. The applied stress then 
becomes directly responsible for crack growth and if 
the greater than the Griffith 
fracture will otherwise the material will be 
A calculation of the critical crack size shows 
when 


crack size is value 
result ; 
ductile. 
that the ductile—brittle transition 


the relationship 


will occur 


+ k,)k, = Buy (2) 


is satisfied, where w is the shear modulus, y the 
effective surface energy for the propagation of cracks 
and £ a constant equal to | for uniaxial tension 
(ordinary tensile test) and } for triaxial tension (tests 


* See also Petch’s'?") recent theory of the ductile—brittle 
transition in impact tests on notched specimens. This theory 
can be extended to tensile tests, and gives a transition equation 
of the same form as that developed by Cottrell with the 
constants slightly altered. 
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TABLE 4. Critical values of (a, d'/* + k,)k, on either side of the ductile—brittle transition point 


Temp. of k 


Strain rate 
(c.g.s. 


(sec!) 


0; 
(Ib/in?) 


56,500 
58,000 
48,000 
56.500 
58,000 


6.18 x 10-' 
2.02 x 
2.02 x 10 
6.18 « 
2.02 x 10 


Sr Or | 


10°) 


Grain size 2d 
(cm) 


+ ky ky 


Behaviour (c.g.s. x 10%) 


brittle 
brittle 
ductile 
ductile 
ductile 


0.1414 
0.1414 
0.1414 
0.0312 
0.0312 


or 


* Estimated by extrapolating the k, values measured at the higher temperatures. 


on notched specimens). o;, k, and d retain the same 
significance as in equation (1). Cottrell also points 
out that equation (2), although obtained originally 
from a detailed analysis of the above process, should 
be valid quite generally for the growth of cracks 
created by the conversion of glide dislocations into 
cavity dislocations. 

Under conditions where the value of the left hand 
side of equation (2) is less than the value of the right 
hand side, ductile behaviour should be observed; 
when the left hand side exceeds the right hand side 
the behaviour should be brittle. In a given material 
brittleness should be favoured by low temperature 
and high strain-rate (large values of o; and k,) and by 
large grain size, which is in qualitative agreement 
with the present results. To test the theory quanti- 
tatively we note that in our experiments the transition 
from ductile to completely brittle behaviour has been 
approached in four different ways: (i) by changing 
the strain-rate from 2.02 « sec”! to 6.18 « 
sec! in tests at 77°K on specimens with a grain 
diameter 2d = 0.1414 em; (ii) by changing the grain 
diameter from 2d = 0,0312cm to 2d = 0.1414 cm 
in the fast strain-rate tests at 77°K; (iii) by changing 
the testing temperature from 77°K to 20°K in the 
slow strain-rate tests on specimens with a grain 
diameter of 2d = 0.1414 cm; (iv) by changing the 
grain diameter from 2d = 0.0312 cm to 2d = 0.1414 cm 
in the tests at 20°K. £-m-+y may be reasonably 
assumed to remain insensitive to the various experi- 
mental changes so that if the theory is correct the 
value of (o,d'* — k,)k, in every case where the 
behaviour is brittle should exceed any value of 
(a, d'* k,)k, for an experiment in which ductility 
is observed. The values listed in Table 4 show that 
the results are in fact in accord with the theory. 

The closest limits we have from the experiments 
show that a transition from ductile to completely 
brittle behaviour occurs when (a, d'’? + k,)k, changes 
from 4.59 « 10% ¢.g.s. to 6.28 « 10% ¢.g.s. Thus with 
= 1 and uw = 4 10" dyne cm~ we find that the 
effective surface energy y is given by 1.57 = 104 ergs 


em-? > y > 1.15 « 10% ergs em-?; or y = 1.36 x 104 


ergs cm? + 15 per cent. This value is close to the 
experimentally determined value of y for En2 steel,“ 
and about 5 times larger than the true surface energy 
of niobium, 2.7 « 10° ergs cm~?, estimated from the 
data of Taylor”. An effective surface energy greater 
than the true one appears to be a general feature of 
brittle fracture results, and is thought to be mainly 
due to the irreversible work of tearing at river lines 
and grain boundaries. 

Whilst showing some ductility, the specimens of 
the three finer grain sizes tested at 20°K did finally 
fail by cleavage (or by a mixed shear and cleavage 
fracture in the finest grain-size case). For such 
specimens, in which a, is raised by work-hardening 
during the test, the theory predicts a linear increase 
in fracture stress o, with d~'? along a line which 
extrapolates to o, = 0 at d-’2=0. From the few 
rather scattered results obtained in the present 
experiments it appears that specimens of the second 
coarsest grain-size give approximately the correct 
fracture stress values, whilst those of the two finer 
grain sizes have fracture stresses that are too low: 
further results covering the grain-size range more 
fully would, however, be required to test this part of 
the theory properly. 

The increased tendency towards brittleness in En2 
steel compared with niobium is to be expected from 
equation (2). At comparable temperatures and 
strain-rates ¢, and y are similar for the two materials; 
but &, for En2 steel is about 10 times as large as that 
of niobium and yw is about twice as large. Therefore, 
at a given temperature the transition value of d~'/? 
for En2 steel should be about 5 times larger than that 
for niobium. The measured transition d~'/? for En2 
steel at 77°K is about 17 cm~'?, and the estimated 
transition d~!/? from the niobium experiments at the 
same temperature and strain-rate is 3.2 cem~'?; the 
ratio of the two values is in fair agreement with the 
theoretical predictions. 

Cottrell’s transition formula gives a good expla- 
nation of the present results, which suggests that the 
growth of the crack is the critical stage in the fracture 
process. The mechanism whereby glide dislocations 
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change to cavity dislocations to nucleate a crack is 
still in some doubt.‘ 

Other processes in which cracks grow out of slip or 
deformation twin bands cannot be ruled out, since a 
similar formula is to be expected for these also. The 
possible importance of twins in the nucleation of 
cracks has been stressed by Bell and Cahn‘), and by 
Biggs and Pratt". The present experiments demon- 
strate, however, that twinning is not always essential 
to brittle fracture, since examples were obtained in 
the fast strain-rate tests at 77°K of cleaved specimens 
which contained no twins. The fact that so often in 
body-centred cubic transition metals the onset of 
twinning and cleavage occurs under similar conditions 
is probably explained by the close dependence of both 
phenomena on the strength of the dislocation locking. 


5. CONCLUSIONS 

(1) The general mechanical behaviour of niobium is 
similar to that of the other body-centred cubic 
transition metals in that the material undergoes a 
ductile—brittle transition and can be made to twin. 

(2) The ductile—brittle transition characteristics of 
niobium are adequately Cottrell’s 
transition equation. The purified niobium used in the 
present tests shows a greater resistance to brittleness 
than 
of its dislocation locking term k,. 

(3) The small value of the dislocation locking 
strength is the reason why purified niobium is 
reluctant to twin. 

(4) Twinning is not essential to cleavage in niobium. 
Twinning and cleavage are generally found under 
similar conditions of temperature and strain-rate in 
the body-centred cubic transition metals because both 
phenomena depend on the dislocation locking strength. 


described by 


‘carburized «-iron because of the smaller value 
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THE STORED ENERGY OF COLD WORK AND ITS RELATION TO 
WORK SOFTENING* 


A. L. TITCHENER?{ and M. B. BEVER?t 


One set of wires of an 82.6 Au—17.4 Ag (wt.°,) alloy was drawn at 195°C to a true strain of 0.62. A 
second set, after drawing at —195 C to a strain of 0.62, was annealed at room temperature. Two further 
sets were drawn at —195 C to a strain of 0.62, brought to room temperature and drawn to total strains 
of 0.85 and 1.08. 

The energy stored by these wires was measured by tin-solution calorimetry. Annealing at room tem- 
perature reduced the stored energy from 90 to 51 cal/g-atom. Working at room temperature caused a 
further reduction to approximately 30 cal/g-atom. This release of stored energy induced by cold work is 
closely related to the phenomenon of work softening. Hardness measurements confirmed that the gold 
silver wires underwent work softening. 

The results are discussed in relation to the imperfections likely to account for the changes in stored 


energy and hardness. 


EFFET DE L(ENERGIE RETENUE AU COURS DE LA DEFORMATION A FROID 
SUR L’ADOUCISSEMENT 

Les auteurs ont préparé par tréfilage 4 —195°C, une série de fils d°un alliage & 82,69, Au-17,4% Ag. 
La déformation de ces fils est de 0,62. Certains d’entre eux ont été recuits a température ambiante. 
D’autres, aprés avoir été tréfilés dans les mémes conditions ont été réchauffés jusqu’a la température 
ambiante et tréfilés A nouveau de facon a obtenir une déformation totale de 0,85 et de 1,08. L’énergie 
retenue par ce fil a été mesurée par calorimétrie. Les auteurs ont constaté que le recuit a la température 
ambiante réduit l’énergie retenue de 90 a 51. cal/atome gr. Le tréfilage & la température ambiante pro- 
voque une diminution supplémentaire de l’ordre de 30 cal/atome gr. Cette diminution de l’énergie, induite 
par déformation a froid, est en relation étroite avec le phénoméne d’adoucissement par déformation. 

Des mesures de dureté ont confirmé que les fils d’alliages Au—Ag subissaient un tel adoucissement. 
Les auteurs discutent ces résultats en faisant intervenir les imperfections susceptibles d’expliquer de 


telles modifications de énergie retenue et de la dureté, 


BEI KALTVERFORMUNG GESPEICHERTE ENERGIE UND THRE BEZIEHUNG 
ZUR ENTFESTIGUNG 

Eine Gruppe von Drahten aus einer 82,6 Au—17,4 Ag-Legierung (Gewichtsprozent) wurde bei 195°C 
bis zu einer wahren Dehnung von 0,62 zugverformt. Eine zweite Gruppe wurde nach Zugverformung bei 

195 C bis zu einer Dehnung von 0,62 bei Raumtemperatur ausgelagert. Zwei weitere Gruppen 
wurden bei 195°C bis zu einer Dehnung 0,62 zugverformt und dann bei Raumtemperatur weiter 
verformt bis zu einer Gesamtdehnung von 0.85 bzw. 1,08. 

Die in diesen Drahten gespeicherte Energie wurde in einem Zinn-Lésungs-Kalorimeter gemessen. 
Auslagern bei Raumtemperatur verringerte die gespeicherte Energie von 90 auf 51 cal/g-Atom, 
Verformung bei Raumtemperatur verringerte sie weiter auf etwa 30 cal/g-Atom. Diese durch die 
Kaltverformung freigewordene gespeicherte Energie steht in enger Beziehung zur Erscheinung der 
Entfestigung. Die Entfestigung wurde durch Hartemessungen bestatigt. 

Die Ergebnisse werden im Hinblick auf die Gitterfehler diskutiert, die vermutlich fiir die Anderungen 


von gespeicherter Energie und Harte verantwortlich sind. 


1, INTRODUCTION the flow stress was additional to the usual “‘reversible”’ 
Cottrell and Stokes?) observed that aluminum decrease occurring purely as a result of raising the 
single crystals in tension tests involving an increase of | temperature of testing. Cottrell and Stokes designated 


temperature at some stage of the test, exhibited a the sharp drop in yield as “work softening’. They 
sharp drop in the flow stress on further straining at the | observed it with several combinations of temperatures 
higher temperature. This “irreversible” decrease in including that of —183°C and 20°C. Work softening 
has also been reported by Kelly®) for single crystals 
of aluminum, and by Adams and Cottrell and 


* Received April 24, 1958; revised June 19, 1959. This paper 
is based on part of a thesis by A. L. Titchener submitted, Seeger ef al. for single ervstals of copper The 
January 1958, to the Massachusetts Institute of Technology 
in partial fulfillment of the requirements for the Degree of 
Doctor of Science. aluminum of commercial purity. 

+ Department of Metallurgy, Massachusetts Institute of 
Technology, Cambridge, Massachusetts; now University of The changes in mechanical properties of a metal 
Auckland, Auckland, New Zealand. _ resulting from cold work are related to the changes in 

+ Department of Metallurgy, Massachusetts Institute 
Technology, Cambridge, Massachusetts. 
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phenomenon has been observed in polycrystalline 


internal energy. As early as 1934, Taylor and 
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Quinney showed that with copper in torsion the 
stored energy of cold work and the amount of strain 
hardening followed parallel courses when plotted 
against expended energy, and that both reached 
saturation levels after about the same degree of 
deformation. The tendency of a metal towards 
saturation with stored energy has since been reported 
in a number of investigations®~!® and may be inferred 
from others.“!-™ It is now known that energy may 
be stored in a metal by a variety of mechanisms,"!! 
so that there is not a strict correlation between strain 
hardening and the storing of energy. Nevertheless, 
the main contribution to the stored energy of cold 
work, except in special cases, arises from the generation 
of dislocations, which is also the chief cause of strain 
hardening. 

The effect of the temperature of deformation on the 
energy stored in gold-silver alloys has been investi- 
gated by Leach et al.“ and Greenfield and Bever"®), 
With an 82.6 Au-17.4 Ag (wt. °,) alloy Greenfield and 
Bever measured the energy stored in chips formed by 
drilling at —195°C and at room temperature. They 
also investigated the evolution of this energy. In 
chips formed at room temperature the stored energy 
amounted to 88 cal/g-atom; in chips formed at 
—195°C the corresponding value was 206 cal/g-atom. 
When chips formed at —195°C were annealed at room 
temperature, the stored energy decreased to 154 cal/g- 
atom, which was still 66 cal/g-atom higher than the 
energy stored in chips formed at room temperature. 

In the present investigation attention was directed 
primarily at the surplus of stored energy remaining 
after room-temperature annealing of specimens 
deformed at —195°C, and at the effects of further 
deformation on this surplus. Corresponding changes 
of the properties were followed by 
measuring the hardness. An 82.6 Au-17.4 Ag alloy 


mechanical 


was used. 


2. EXPERIMENTAL PROCEDURES 

The stored energy was measured by tin-solution 
‘alorimetry. As the equipment and its operation 
have been described in earlier papers,"®! only an 
outline is given here. 

The method consists in measuring the heat effect 
associated with the dissolution of a known weight of 
gold-silver alloy in molten tin. If annealed and 
cold-worked samples are added in succession from the 
same standard temperature, and suitable corrections 
are made for the change in the heat of solution with 
changing composition of the tin bath, the difference 
between the two heat effects represents the difference 
in enthalpy, and, with negligible error, the difference 
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250r-—4 


Run No. 261 


Fully Annealed 
QO Drawn at-195°C (€=0.62) 


O Drawn at-!95°C (€=0.62) 
ond Annealed at RT 


Effect (cal/g-atom) 


Heat 


0 


0 4 8 12 16 20 24 28 


Mean Weight of Alloy in Both (grams 


Example of heat effects measured in a calori 
metric run. 


in internal energy of the two samples, i.e. the stored 
energy of cold work. 

In this investigation, unknowns were run against 
fully annealed standards. In most runs two different 
unknowns were compared with the standards, and 
additions made in rotation. This is shown in Fig. 1, 
which also illustrates the dependence of the heat of 
solution on composition of the tin bath and the 
principle underlying the difference method by which 
the stored energy was measured. The calorimeter was 
operated at temperatures close to 250°C; all samples 
were added from 195°C. The 
calibrated by adding, at the end of each run, a known 
weight of tin from 0°C. The measured values of the 


calorimeter was 


stored energy are estimated to be accurate within 
5 cal/g-atom. 

The preparation of wires of suitable “starting size” 
and the technique of drawing samples under liquid 
nitrogen and preparing them at that temperature for 


addition to the calorimeter are described in detail 


elsewhere." In the present investigation the 
drawing speed was 2.4in/min. Room temperature 
was held at 22 °C. 


It was necessary to measure the following: 

(1) the energy stored after straining an amount, 
at —195°C; 

(2) the energy stored after straining an amount, 
é,, at —195°C and annealing at room temperature ; 

(3) the energy stored after straining an amount, 
—195°C, annealing at room temperature and 
tem- 


&,, at 
straining an additional amount, é,, at room 
perature. 


The changes in stored energy with increasing 
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Drawn at —195°C to 


Drawn at —195°C to = 
Run no. 


).62; 
0.62 0.6 


at R.T. 


260 87 52 
261 92 50 
262 
263 
267 
268 
269 


Average 90 51 


strain at —195°C and at room temperature were 
known from a related investigation.“ 

A standard sequence of dies was used and samples 
were drawn from a common starting size. As added to 
the calorimeter, therefore, they had diameters that 
depended on the total strain they had been given. 
The starting size, namely 0.055 in. diameter, was 
chosen so that these diameters were close to 0.035 in., 
which gave the highest accuracy in the calorimetry. 
The reduction under liquid nitrogen was in every case 


to 0.0403 in. diameter, representing a true strain, 


&,, of 0.62. The additional reduction at room 
temperature, after room-temperature annealing, was 


to a diameter of either 0.0359 in. (&, = 0.23) or 
0.032 in. (& = 0.46). The sequence of dies used was 
0.048, 0.043, 0.0403, 0.0359 and 0.032 in. diameter. 

Strains were calculated from the nominal diameters 
of the dies. It was assumed that all dies shrank in the 
same ratio when cooled to —195°C; no allowance was 
made for any difference between the coefficients of 
linear expansion of the dies and the wire. 

Since two different sets of unknowns were added to 
the calorimeter in each run, annealed and cold-worked 
samples of the same diameter could not always be 
used. Within the range of diameters from 0.0226 to 
0.0403 in., however, no systematic difference could be 
detected in the heat effects. The annealed samples for 
each run were prepared in the manner described 
elsewhere." Their finished diameters ranged from 
0.032 to 0.0403 in. 

For the samples cold worked at —195°C 
annealed at room temperature, or both annealed and 
the time at room 
temperature was 2 hr in Runs 260 and 262. Otherwise 
it was 13 hr. 

In the experiments involving straining at two 


and 


drawn at room temperature, 


temperatures, the time at room temperature after 
completion of room-temperature drawing varied from 
3 to 30 min. 
completion of the room-temperature stage of drawing 


The time of storage at —195°C after 


varied from 2 to 9 hr. These variations produced no 
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TABLE 1. Effect of strain and temperature history on the stored energy of cold work. Stored energy, cal/g-atom 


annealed 


1960 


—195°C to Drawn at —195°C to 
annealed at €, = 0.62; annealed at 
R.T.; drawn at R.T. to 

= 0.46; (€ + €, = 1.08) 


Drawn at 
= 0.62; 
R.T.; 


F, = 0.23; (& + 


drawn at R.T. to 
0.85) 


31 
26 

42 
31 31 


systematic differences in the measured values of the 
stored energy. 

Measurements of hardness were confined to speci- 
mens cold worked at —195°C and annealed at room 
temperature, or cold worked at —195°C and annealed 
and worked at room temperature. A Wilson ““Tukon” 
testing machine with a Knoop indenter carrying a 
load of 100 gr was used. Ten indentations were made 
on a diametral section of each wire, with the long 
diagonal of the indenter parallel to the axis of the 
wires. These indentations were spaced at approxi- 
mately equal intervals along the center of each 
specimen. 


3. RESULTS AND DISCUSSION 


The energy released by annealing at room temperature 


The measured values of the stored energy are listed 
in Table 1. 


in Fig. 2; 


They are shown as a function of strain 
the paths in this figure are schematic only. 
The figure includes a curve of the energy stored in 
wires of the same composition drawn at room 
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temperature, and also indicates the change in the 
stored energy with continuing strain at —195°C.0® 
When wires drawn at — 195°C to a true strain of 0.62 
were annealed at room temperature, the stored energy 
decreased from 90 to 51 cal/g-atom. Within experi- 
mental error, this decrease was not affected by 
changing the annealing time from 2 to 13 hr. This 
decrease corresponds to that observed by Greenfield 
and Bever"®, and cited in Section 1 above. It 
represents the disappearance or re-arrangement of 
defects mobile at room temperature. Greenfield and 
Bever discussed possible causes of the decrease, 
emphasizing the importance of vacancies, and also 
the possibility of re-arrangement of dislocations. In 
the light of recently published investigations into the 
twinning and faulting of gold and silver and the 
twinning of their alloys,“8~*®) it is now possible to 
extend the analysis of Greenfield and Bever, and to 
estimate the approximate contributions of the various 
defects responsible for the energy that is stored at 
—195°C and released at room temperature. This 
partition of the energy will be discussed elsewhere.‘?!) 


The energy released by straining at room temperature 


The energy stored in wires annealed at room 
temperature after being drawn at —195°C was 


appreciably higher than that stored in wires drawn to 
the same strain at room temperature (Fig. 2). Similar 
behavior was observed by Greenfield and Bever®, 
as noted in Section 1. When wires drawn at —195°C 
and annealed at room temperature were subjected to 
a secondary drawing at room temperature, the stored 
energy decreased. Figure 2 summarizes the results. 
It should be noted that the slight increase in the 
stored energy (from 30 to 33 cal/g-atom), indicated as 
occurring between the total strains of 0.85 and 1.08, 
was not definitely established. There was appreciable 
scatter in the values obtained for the energy stored at 
the latter strain. Ifthe value of 42 cal/g-atom (Table 1) 
is rejected, the average value of the stored energy 
at a strain of 1.08 becomes 29 cal/g-atom, and the 
effect of increasing the room-temperature strain from 
0.85 to 1.08 appears to be very slight. 
Wires drawn at —195°C and then 
annealing and straining treatments described in the 


given the 
preceding paragraph showed changes in hardness. 
The Knoop hardness of wire strained to 0.62 at 
—195°C and temperature was 
124.3 with a standard deviation of +3.0. 
at room temperature reduced the 
113.6 + 3.1 at a strain of 0.85 and 112.4 
strain of 1.08. This last value differed only slightly 
from that obtained on wire drawn wholly at room 


annealed at room 
Drawing 
hardness to 
2.6 ata 
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hardness of wires previously drawn at 195°C and 


annealed at room temperature. 


temperature. The changes in hardness are shown in 
Fig. 3. As with the stored energy, the details of the 
path by which the hardness decreases with strain at 
room temperature were not established. In particular 
it is possible that the initial drop in hardness (and in 
stored energy) can be induced by a much smaller 
strain than that with the reduction 
(é, = 0.23) used in the wire drawing. 

Of the possible mechanisms operating to reduce 
the stored energy during secondary deformation at 


associated 


room temperature, several can be dismissed. Vacancies 
are mobile even below room temperature and have 
little effect on the strength properties. Stacking 
faults also are probably mobile at room temperature. 2°) 
Further, as will be shown elsewhere, they are likely 
to contribute only about 5 cal/g-atom towards the 
stored energy. Twins on a_ metallographically 
observable scale do not increase the stored energy 
by amounts that can be measured by present methods. 
Twin faults on a fine scale, however, can do so. 
Twin faults are less mobile than stacking faults ;‘°®??) 
like stacking faults, they may cause some work 
hardening. However, the amount of stored energy 
due to twin faults is probably only about 5 cal/g- 
atom.) It that the 
decrease in the stored energy occurring during the 
deformation can be 


seems unlikely, therefore, 


secondary room-temperature 
explained by the disappearance of twin faults. 

There remains the possibility that the decrease in 
the stored energy is due to the annihilation of dis- 
locations. This explanation would account for the 
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observed softening, and moreover, the amount of 


energy released (21 cal/g-atom) would correspond to 
the annihilation of about 10! dislocations per cm?—a 
not improbable figure. On this explanation, the 
phenomenon is one of work softening of the kind 
reported by Stokes and Cottrell™* and others.“-® 
According to Cottrell and Stokes, work softening 
is the result of the catastrophic release of glide 
dislocations piled up behind sessile dislocations. 
Friedel’) advanced a similar explanation. Kelly“ 
and Seeger et al. concluded that cross slip was 
responsible. Although it cannot be decided at present 
which of the two theories applies, it is possible that 
the concurrent decreases in the stored energy and the 
hardness observed in the polycrystalline gold-silver 
alloy represent predominantly the same mechanism 
as that operating in aluminum and copper single 
crystals of high purity. This does not preclude the 
possibility that some small fraction of the decrease 
may have been due to the disappearance, under the 
activation of stress, of twin faults. 
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Application of Stroh’s theory to 
intercrystalline creep cracking * 


In considering the conditions for intererystalline 
cracking during creep of some commercial alloys, 
McLean” has made use of the Stroh formula for 
brittle fracture, in which the critical stress to form 
a cleavage crack is 
G 


9 ~ 


s 


(1) 


aL 
where o, is the maximum applied shear stress, y is 
the surface energy per unit area of the surface of the 
crack formed, G@ is the shear modulus and L the length 
of the slipping plane. Substitution of the length of 
the sliding grain boundary for that of the slip plane 
in the formula permits an estimate of the critical 
stress for triple point cracking to be made, and McLean 
found that, except in the case of Nimonic 804, the 
observed maximum shear stress for triple point crack- 
ing (2.5 tons/in*) was in good agreement with that 
estimated from Stroh’s theory. The Stroh formula 
assumes slip on a wniform plane, as in a pure metal or 
simple solid solution, where values of the surface (or 
interface) energy are reasonably constant: the same 
is assumed, of course, of the sliding boundaries in 
McLean's creep tests. When the sliding interface or 
boundary is not homogeneous, however, as when 
precipitate particles or twins are present, the areas 


of maximum surface energy become less than that of 


the total sliding surface, with the result that Z in the 
formula becomes smaller; the critical stress for triple 
point cracking will therefore increase for a given value 
of the surface energy. 

Work at these Laboratories has shown 
Nimonic 80A-type alloys, the formation of micro- 
cracks may be controlled by microstructure to the 
extent that triple point cracking may be suppressed 
even under a maximum applied shear stress of 8.5 
tons/in®. With duplex intergranular precipitates, con- 


how, in 


sisting mainly of carbides as shown in Fig. 1, only 
dispersed intergranular cavitation occurred. The 


cavities were confined to the spaces between the 
precipitate particles, which thus also determined their 


Maximum stable size. Direct correlation was also 


found between the amount of cracking, duration of 


test and elongation at fracture,“ suggesting that the 
cracks were able to spread more easily along the 
grain-grain interface than along the grain—carbide 
interface, across which the relative shear would 
average only one half. 
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These effects have an important bearing on the 
rate of propagation of the cavities into microcracks 
leading to fracture and also require a modified appli- 
cation of Stroh’s formula, on the lines indicated above, 
to determine the true relation between the applied 
shear stress and triple point cracking. In the micro- 
structures shown, the length of the sliding interface 
should be taken as the average distance between 
precipitate particles (i.e. representing the areas of 
maximum surface energy) rather than the length of 
the grain the grain 
diameter,” since only conditions of maximum shear 
are considered. In Fig. | the precipitates are closely 
spaced, with cavities roughly spherical in shape, 
whilst in Fig. 2, with more widely spaced precipitates, 


whole boundary or average 


the cavities are longer and more crack-like. Specimens 
having the first structure fractured in 637 hr with 
3.9 per cent elongation; those having the second, 
failed in 216 hr with only 0.54 per cent elongation, 
under a tensile stress of 17 tons/in® at 750°C. 
Substituting values of L taken from the micro- 
graphs into equation (1): from Fig. 1, the average 
width of cavity, L, is approximately 1 uw: taking 
o, = 17/2 tons/in? and G= 8 10" dyn/cem?, the 
energy of the of the becomes 
approximately 500 ergs/em* which is in good agree- 
ment with McLean's the 
validity of the assumptions. The action of the pre- 
cipitate particles in reducing the width of the areas of 


surface new crack 


estimates and confirms 


maximum surface energy thus explains the absence 
The 


may be 


of triple point cracking at these high stresses. 
earlier fracture of the structure of Fig. 2 
Thus. with L 


500 ergs/em? as above. the 


explained in the same manner. 
5 x 10°% em and y 
critical applied shear stress for crack 
becomes only 3.6 tons/in®. In this structure therefore, 


formation 


cracks would be expected to propagate at a faster 
rate than in that of Fig. 1. 

A similar result emerges from Inglis’ treatment 
(reported by Zener“) in which the stress concentra- 
tion factor at the tip of a crack is expressed as a 


function of the crack length and the radius of the tip 


t LL 


where o, is the stress at the tip of the crack, ¢ is the 
radius of the crack, L its length and oa, is again the 


maximum applied shear stress. Taking ¢ as about the 


of the crack: 


same in both structures and Z much larger than f, 
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Fic. 1. Small spherical cavities in grain boundary 
containing closely spaced carbide precipitates. 1000 


the ratio of the two stresses at the tips of the cracks is 


10-3/t 
5 x 10°3/t 


or ~}, i.e. the stress at the tip of the longer cavity is 
about double that in the shorter, and a faster rate of 


growth would again be expected. 


This paper is published by permission of the Chief 
Scientist. Australian Defence Scientific Service. 


Department of Supply, Melbourne, Australia. 
C. W. WEAVER 


Australian Defence Scientific Service 
Defence Standards Laboratories 
Maribyrnong, Victoria, Australia 


Fic. 2. Long crack-like cavities in grain boundary 
containing widely spaced carbide precipitates. » 1000 
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POLYSLIP IN SINGLE CRYSTALS* 


U. F. KOCKS?+ 


Simultaneous slip on six or eight glide systems in f.c.c. single crystals was studied by work-hardening, 
surface, and X-ray observations, and theoretically. 


Experiments were done on aluminum at room 


temperature, on four of the five crystallographic types of polyslip. They show that there are two ex- 


tremely different kinds of behavior, typified by (100 


and (111 


tension. 


These differences cannot be explained by any of the known mechanisms. Two additional mechanisms 


are proposed, one for the suppression of ‘critical’ glide systems by the formation of large sessile jogs; 


GLISSEMENT 


the other concerning the action of pile-ups as ‘‘hedges”’ for intersecting glide systems. 


MULTIPLE 


DES MONOCRISTAUX 


L’auteur a étudié le glissement simultané suivant six ou huit syst¢mes de glissement de monocristaux 


cubiques & faces centrées. Cette étude a été réalisée simultanément sur des bases théoriques et sur des 


bases pratiques par des observations de durcissement structural, de rayons X et de surface de ces mono 


cristaux. Des essais ont été effectués a la température ambiante sur des monocristaux d’aluminium et 


pour quatre des cing types cristallographiques de glissement multiple. 
et (111 


Ces différences ne peuvent pas étre expliquées par un mécanisme connu. 


comportements extrémement différents, selon (100 


Ils montrent qu’il existe deux 


L’ auteur propose deux 


mécanismes additionnels dont lun envisage des systemes de glissement critique par la formation de 


larges crans sessiles et l'autre concernant laction des empilements sur les systémes de glissement qui 


se recoupent. 


VIELFACHGLEITUNG 


IN EINKRISTALLEN 


Die simultane Gleitung kubisch-flachenzentrierter Kristalle auf sechs oder acht Gleitsystemen wurde 


durch Verfestigungsmessungen, 


theoretisch untersucht. 


Oberflachenbeobachtungen, 
An Aluminium wurden bei Raumtemperatur Experimente iiber vier der fiinf 


rontgenographische Methoden und 


kristallographischen Typen von Vielfachgleitung angestellt. Sie zeigen, daB es zwei extrem verschiedene 


Arten von Vielfachgleitung gibt, die zu charakterisieren sind durch Zug in (100)- und (111 
Diese Unterschiede lassen sich durch keinen der bekannten Mechanismen erklaren. 


-Richtung. 


Es werden zwei 


zusatzliche Mechanismen vorgeschlagen, einer zur Unterdriickung “kritischer’’ Gleitsysteme durch die 


Bildung groBer unbeweglicher Versetzungsspriinge; und der andere betrachtet Versetzungsgruppen, die 


als ‘“‘Hecken” fiir durchschneidende Gleitsysteme wirken. 


INTRODUCTION 
The theories of the 


deformation of high-purity f.c.c. single crystals have 


mechanisms and plastic 
until now been based on ideas and experiments in 
which the strain is provided by slip on one glide 
system, and the hardening, in some instances, by 
interaction of the gliding dislocations with dislocations 
of other glide systems which were either present in 
small 


the elementary structure or generated in 


amounts during the deformation. It has also been 
realized™ that this dislocation interaction is very 
dependent upon the specific crystallographic relation- 
ship of the interacting dislocations. Very rarely has 
the extreme case been considered in detail, where 
two or more glide systems are equally favored by the 
external conditions, and where thus certain dislocation 
interactions are more likely to occur than others, viz. 


* Received July 1, 1959. 

+ Gordon McKay Laboratory, Harvard University, Cam- 
bridge, Mass. 
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Division of Engineering and Applied Physics, Harvard 
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those between active systems. Two kinds of multiple 
slip conditions seem to be particularly illustrative 
slip on two systems (where large differences are 
found depending on which two systems are involved), 
and extreme multiple slip or “‘polyslip’, of which 
tension in the (100) and (111) directions are examples, 
the other cases being obtained by stress states other 
than tension. A glance at Fig. 1 shows that not only 
are these cases different from single slip orientations, 
but also there is a marked difference between (100 
and 
quantitatively (in that one reaches twice as high a 


The two curves are not only distinguished 


shear stress as the other), but they are quite different 
in character. The different number of glide systems 
in the two cases (8 and 6) can certainly not explain 
this, so the specific combination of glide systems 
must play an important role. 

These orientations are generally regarded as special, 
there being only two in the whole stereographic 
triangle for tensile tests. On the other hand, they are 
special only with respect to the standard test where 


a uni-axial strain is prescribed. In the more general 


d 
1960 


TENSILE STRESS (kg/mm?) 


346 ACTA METALLUR( 
6r 
POLYCRYSTAL 
5 
AL 99996% 
4 STAUBWASSER( 
Kocks'> 
3 
2 
<100> 4 
l l 
5 i5 


10 
TENSILE STRAIN (%) 
Fig. 1. 


Work-hardening in tension, for single crystals of 
various orientations and a polycrystal. 


case of a strain that is completely prescribed in all 
components, five independent* glide systems have 
to operate to satisfy the boundary conditions. There 
are good reasons to believe that this situation is 
somewhat akin to the actual situation in a grain in a 


polverystal. For this reason, it was previously 
proposed that the strain-hardening behavior of 


polyerystals should be compared to single crystals 
in polyslip. It was found) (upon application of 
Taylor's method for averaging the orientations of 
the grains), that this procedure yields good experi- 


11] 
orientation, in aluminum. 


mental agreement with the single crystal, but 


not with one of (100 


* “Dependent” glide systems are, for example, the three 
systems in one glide plane. 


Table 
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In connection with his interest in polyerystals, 
Bishop that five 
crystallographically different stress states that can 


These five states we call A to 


established there are only 
activate polyslipt. 
E (Table 1). Types A and B have been discussed 
above, type C is a pure shear in a cubic plane and 
cubic direction, type D is a combined stress of shear 
and either tension or compression, whereas type E 
can be obtained by shear in a non-crystallographic 
plane and direction. 

In this investigation, we have studied the behavior 
of high-purity aluminum single crystals in polyslip, 


firstly by work-hardening, surface, and X-ray 
observations on the crystals in 100) and (111 


tension, and secondly by realizing two of the other 
three polyslip states (tvpes C and D). 

For this purpose, a technique was established which 
allows the realization of relatively pure shear states 
It 
upon the torsion of hollow thin-walled prisms with 


is based 


in certain crystallographic directions. 
cross-sections of regular polygons. For the above 
cases the cross-sections are square and in a (100) 
plane: the direction of the webs is [O10] and [001] 
for type C, [O11] and [O11] for type D. The crystals 


were grown with a solid cross-section, carefully 
machined, and the work-hardened surface layer 


+ **Polyslip” we strictly define by a stress state that produces 
the same resolved shear stress on five independent glide 
systems. It is a consequence of the f.c.c. symmetry that the 
stress is actually the same on six or eight systems, and is zero 
on all others. This latter fact makes the analysis of dislocation 
interactions especially simple. 


1. 


THE FIVE TYPES OF POLYSLIP 


Type A B 


Cc D E 


Realization [100] Tension | [111] Tension 


(100)[010] Shear 


[100] Compression 
+(110)[ 110] Shear 


(100){ 010] Shear 
+(100)[011] Shear 


Stereographic Projection 


Crystallographic Model 
(Arrows: Slip Directions, 
Heavy Lines: Direction of 
Lomer-Cottrell Locks) 


No. of Slip Systems 8 6 8 6 8 
No. of Lomer-Cottrell Locks 

. , 2 2 
In Parenthesis: Per Plane 2(1) 3 (2) 2 (1) (2) 4 (2) 
Slip Directions Parallel to yes no yes no 
Lomer -Cottrell Locks ? (2) (2) | (2) (4) (4) 
"Elastic Latent Hardening" 
On Some Systems Softening? sad ited yes yes no | yes yes no 
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Fic. 2. Work-hardening of four polyslip types (Type D: 


averages). 
removed chemically. The technique is not suitable 
for observations at small strains, but does give good 
work-hardening information within about +10 per 


cent at higher strains. It will be described in 


detail elsewhere. 
OBSERVATIONS 
Work-hardening 
The work-hardening the different 
polyslip types is quite different (Fig. 2). None shows 
any easy glide region. Types A and B (100) and 
111) tension) show a very similar, steep and approxi- 


behavior of 


mately linear stage with a slope of about (/150. 
They both depart from this stage at about the same 


Slip traces of four polyslip types (Type D on 
B and D,, showed high work- 
hardening. 


Fig. 3. 
two different crystals). 
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stress level, but subsequently the (111) curve behaves 


100) curve shows a rather pronounced 


qualitatively similar to a classical “‘stage 
whereas the 
bend and a virtually flat work-hardening curve from 
there on to failure at about 60 per cent tensile strain.* 

The experiments in torsion and combined torsion 
and compression showed that type C behaves in a 
The combined test D 


gives two curves, one for two participating glide 


way very similar to type A. 


systems, the other for the remaining four. The 
former of these again behaves in a way similar to 


type A, the latter is somewhat ambiguous. In 
addition, a rather large scatter was observed in 
type D which may be partly due to the limitations 


of the experimental technique. 


Surface and X-ray observations 


Again there are marked differences in this respect 


between the two categories established by (100) and 
111) tension (Fig. 3). Whereas (111 
expected slip line pattern of short and wavy slip 


exhibits the 
lines of many systems, shows long, strong, 
straight slip lines, almost similar to those observed 
in brass, and usually of only few slip systems. The 
cumulative pattern shows most often two, rather than 
four sets of slip traces (with their respective cross-slips). 
The slip lines produced during an increment of 
| per cent strain, after 15 per cent pre-strain and 
re-polishing, often consist of only one set of traces. 
Also in this respect, type C was similar to type 4, 
and type D was again somewhat ambiguous although 
closer to type A. The variation in surface patterns 
corresponded to that in work-hardening. 

The X-ray observations are consistent with the 
other results (Fig. 4). (111) crystals show an extremely 
pronounced “‘spherical asterism” which indicates 
that all or many of the equally favored slip systems 
were actually operative, and that many dislocations 
must have remained in the crystal. In the case of 

100), there is very little asterism, and this of the 
standard, elongated variety. Orientation change was 
not observed in the case of (111 
in (100) it followed the path expected under an 


instability for one instantaneous glide system (Fig. 4). 


tension, whereas 


Latent hardening 


Some unexpected observations were made on the 
effect of a change of stress state from one polyslip 


type to another. An example of this is a type C 


* Engineering not true stresses are plotted, because it was 
felt that the preference for a zero slope in this diagram, 
together with the absence of necking, must be of special 
significance. 
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Fig. 4. X-ray observations. 


shear followed by a type A compression (4). or vice 
versa (Fig. 5). In the former case, the new flow stress 
was the same as the old flow stress, but a considerable 
subsequent hardening reminiscent of stage II ensued. 
up to a level similar to that reached by (111) tension. 
In the reverse case, however, tvpe C was not at all 
affected by a previous operation of type 4A. More 
detailed observations of this type of test will be 
reported later. 
DISCUSSION 

A number of hypotheses were considered for 
explaining the observed differences between the 
various polyslip types. Each one of these hypotheses 
applies in different ways to the different polyslip 
types. These were therefore classified as in Table 1. 
It is one consequence of the experiments that any 
explanation will have to fit tvpes A and ( in the 


same manner, and allow for some strong differ- 
ences in type B. We shall outline all arguments on the 
cases of (100) tension (type A) and 111) tension 
(type B). 

It is difficult to visualize how any mechanism 
based on a random forest would give a sufficiently 


strong dependence on the exact combination of 


glide systems. 


Elastic latent hardening 

The only previous attempt to explain the orientation 
dependence of the work-hardening behavior of single 
crystals specifically including the symmetric orien- 
tations,“ involved the elastic interaction between 
hardened glide planes. The back stress of dislocations 
on one glide system must have, in an individual 
glide plane, a component equal and opposite to the 
external resolved shear stress on this system. If this 
back stress is resolved on all other glide systems by 
the “tensor formula” (neglecting all other stress 
components) the effect is not only different in 
magnitude but sometimes different in sign, for 
different secondary glide systems. This is shown 
in Fig. 6. Lf it is now assumed in any polyslip state, 
that one of the systems is accidentally preferred, 
and the effect of this on the other “‘active” systems 
investigated, it may be seen that the resolved back 
stress works in the same direction as the external 
stress on some of the secondary systems in (111 
tension (minus sign): in (100) tension, on the other 
hand, all these back stresses work against the external 
stress. This idea could thus very well explain the 
difference in stability between the two cases. 

The experiments show clearly that this argument 
cannot be of importance, because then types B and C 
would have to behave in a similar way, and different 
from type A (Table 1). This result is not particularly 
disturbing, since the theoretical assumptions made 
are subject to severe criticisms. 
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Fic. 5, Latent hardening in polyslip. 
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Relative resolved shear stresses under direct 
shear on one glide system. 


Fic. 6. 


Suppression of glide systems 

One of the most surprising results is that in some 
types of polyslip there is an instability for the operation 
of only a few of the systems that are equally stressed 
(and an ensuing instability in orientation), whereas 
This is reminiscent of the 
211 210 
crystal, where the primary and conjugate systems are 


in others this is not so. 
difference between, say, a and a single 
equally stressed in the former while the primary and 
critical systems are equally stressed in the latter.‘ 
In the former case both systems actually operate at 
all times and at any point in the crystal. In the 
latter case, however, the actual strain always occurs 
on only one system, in any one place, and the crystal 
exhibits a particularly large amount of easy glide. 
This cannot be attributed to the change in orientation 


away from the symmetry position of a crystal for 


which one system is preferred. This in fact would 
develop only very slowly with strain, and can thus 
not explain the initial instability and the easy glide.* 
100 111 


and on the other. 


These differences between and on the 
210 211 


may be linked. It may easily be seen that in the case 


one hand, and between 


of (100), there are many pairs of systems in the 
111 
there are none. If one consistently eliminates critical 


“critical” relationship, whereas in the case of 


relationships in the case of (100), one ends up with a 
most likely active combination of glide systems that 
include the primary and conjugate types, both with 
their respective cross-slips. This is consistent with 
the surface observations. 

A mechanism for the suppression of one of two 
glide systems in critical relationship, follows from a 


consideration of dislocation intersections. An inter- 


* (210) is a stable orientation in a compression test, vet its 
slip line pattern was observed to be the same as in tension. 
This experiment was suggested by R. L. Fleischer, 
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section of dislocations of the two systems considered 
as some other intersections, produces jogs in both 
dislocations. If now one of these two systems happens 
to operate first, it will produce large jogs in the inter 
secting system, whereas each dislocation of the 
temporarily active system will only contain a unit jog 
Thus the effect on the temporarily inactive system is 
larger, and the instability will thus be propagated 
This is particularly serious if the large jogs produced 
are sessile.t An analysis shows that they are sessile 
(glide plane {100})* in just this, and only this, case of a 
“critical” relationship. 

It is believed that this mechanism is the initial! 
cause for the suppression of glide systems in some 
orientations, and the difference in orientation stability 
is only a consequence. The behavior of the polyslip 


type C is consistent with this explanation. 


Lomer—Cottrell dislocations 

There are only six sets of Lomer—Cottrell dislocations. 
An analysis was made of which of these six locks would 
form in the various polyslip states, under the working 
assumption that interactions involving dislocations of 
latent systems (zero resolved shear stress) can be 
neglected with respect to interactions between 
dislocations produced in the active systems. 

The interesting result is that in both type A and 
only two sets of Lomer—Cottrell dislocations 
The 
situation is illustrated in the crystallographic models 
in Table 1. 


contains only one set of parallel 


type ©, 
are formed, one lying in each glide plane. 


In these cases, each active glide plane 
Lomer—Cottrel| 
dislocations. In the case of types B and D, however, 
three sets of Lomer—Cottrell dislocations are formed, 
and two are contained in each glide plane. 
Qualitatively, this would seem to be consistent 
with the fact that the former group work-hardens 
less than the latter. Quantitatively, however, it is 
such a 


surprising that both groups should show 


similar stage II hardening, if the process involved is 
the piling up of dislocations against Lomer—Cottrell 
locks (Friedel, Seeger). In the case of types A 
and (, the Lomer—Cottrell locks do not even form a 
closed “*box’’, or at least the box is very long compared 
to that in the other cases. According to the theories 
of Friedel and Seeger, this arrangement should not 
give any second stage at all. In fact, Seeger") quotes 
it as a possible mechanism for stage I. 

This difficulty, as well as similar difficulties in 


+ The glide plane is, of course, well defined for large jogs 
(dislocations), whereas it is not. and 
Blank'‘*’, for unit jogs. 

t+ i.e. Lomer—Cottrell type (W. F. 
Fleischer, Acta Met. 7, 816 (1959).) 


according to Seeger 


and R. L. 


Hosford 
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quantitatively explaining the different stress levels at 
the later stages, and furthermore the experimental 
fact that type D does not classify with type B as 
much as this argument 
eliminate the possibility of explaining all the effects by 


would suggest, seem to 
Lomer-—Cottrell dislocations alone. 
the known mechanisms of hardening by obstacles is 


proposed in the next section. 


INTERPRETATION 


Hedges 
If Lomer—Cottrell 
some further slip spreads from the two participating 


and 


dislocations are formed, 
sources, dislocations pile up on both systems. Such a 
pile-up, in addition to obstructing further glide in its 
own system, as has often been considered, should also 
provide a strong obstacle to dislocations on other 
systems. Fig. 7 is an attempt to illustrate this. 
Pile-ups form two-dimensional walls which have 
long-range stress fields, as opposed to polygonization 
If they are strong enough, 
an effective obstacle to slip 


walls and kink bands. 
they can thus provide 
even in other glide planes, by temperature-independent 
elastic interaction. This would be consistent with 
observations in stage IT. 

Since the pile-ups considered as obstacles should be 
contained in an individual glide plane (or a “package” 
of a very few) they should be rather straight walls at 
the intersection with other glide planes. They thus 
provide the possibility of cross-slip in this other glide 
plane. In addition, the pile-ups may be cut through 
by dislocations on a different glide plane, which 
should be particularly important for dislocations 
whose Burgers vectors do not lie parallel to the wall. 
This process is akin to “forest cutting’. The extremely 
non-random arrangement discussed in our case should 
require much higher stresses at the same temperature 
In analogy and 
the name 


than cutting of a random forest. 
contradistinction to the random “forest”. 
“hedges” has been proposed for the pile-up walls if 
they act in the manner discussed. 

Pile-ups in aluminum at room temperature are 


/ 


Fic. 7. Pile-ups form “hedges” for dislocations on other 
glide planes. (The glide directions in the two parallel 
glide planes may not be the same; the effect is also 

exerted on the third and fourth glide planes.) 
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Fic. 8. Configuration of obstacles in glide plane for 
various polyslip types. after suppression of critical 
glide systems 


( Lomer—Cottrell locks, hedges). 


generally expected to be very small. Still, a group of, 
say, 5 dislocations does present an obstacle different 
from a single dislocation. The fact that the hedge 
structure has two parameters, the number of dis- 
locations in the hedge and the distance between 
hedges, makes it most useful for the following and 
possibly other applications. 

A major advantage of these hedges is that they are 
two-dimensional and thus likely to 
obstacles to slip in an individual plane than the 


more form 
linear Lomer—Cottrell dislocations. 

For an analysis of the hedges present in a crystal 
of any particular polyslip type, we now no longer 
need as stringent a working assumption as was 
introduced in the Lomer-—Cottrell 
In fact, all Lomer—Cottrell dislocations 


discussion of 
dislocations. 
may be formed, but we assume that the strain in the 
latent systems and in suppressed “critical” systems 
is so much less than in the actually operative glide 
systems that their hedges can be neglected. 


Association of work-hardening stages and mechanisms 

Figure 8 shows sketches, for the various polyslip 
types, of the structure of obstacles in an individual 
arbitrary glide plane, according to the previous 
considerations: hedges of actually operating systems, 
which pierce the glide plane, and only those Lomer- 
Cottrell locks that are formed with a dislocation of the 
source under consideration. (No emphasis is placed 
on the relative position of the various obstacles, only 
on the relative directions.) 

It is clear that in all cases are the glide planes 
sufficiently “boxed-in” (except one component of 
type D) to give a second stage according to either of 
the mechanisms of Friedel™ or Seeger). 

On the other hand, we now have three different 
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relief mechanisms. Firstly, there is cross-slip of the 
screw dislocations lying parallel to hedges, secondly, 
dislocations may break through Lomer—Cottrell 
barriers, and thirdly they may cut through hedges 
that are not parallel to the Burgers vector. We 
deduce from our experiments that this sequence is the 
correct one for increasing stress. 

Firstly, it should be noted that at least two different 
relief mechanisms may be expected from the experi- 
ments. The departure from stage II (onset of stage II1) 
was noted to occur at about the same stress in all 
cases. The flat region in types A and C may then be 
rated as an extra stage (say stage IV). It has its own 
dependence on impurities and temperature.* This is 


what should be expected for a separate relief 


mechanism. 

Seeger has shown that cross-slip should always be 
expected before break-through of Lomer—Cottrell 
barriers, and has associated it, following Dieh|l", 
with the first essential departure from the straight 
part II of the stress-strain curve. This seems to hold 
also in the polyslip cases. We observed cross-slip 
microscopically at this stage. All polyslip curves 
have roughly equal stress at the initiation of this 
stage III, and all (except one component of type D) 
have hedges parallel to their slip directions. The “box” 
sizes should then be about the same at this point; 
this is reasonable if all sources have by now been 
active. 

That the onset of cross-slip occurs at a_ stress 
about 3 times as high in polyslip as in single slip 
orientations, must mean that the slip length, i.e. the 
distance between hedges, is smaller, at this point, by 
about a factor 99”) in polyslip as in single slip, which 


is not unreasonable. 


The work-hardening slope following this first relief 


cannot be zero (or practically so) as long as only the 
screw dislocations can escape from the glide plane. 
The extremely low work-hardening slope of types A and 
(’ soon after part IIT has set in, can only mean that 
the one remaining obstacle in some of the glide planes 
has become ineffective: that the dislocations have 
broken through the Lomer—Cottrell locks. A station- 
ary pile-up should then be found behind the locks 


* Hosford"™® has observed that (100) and (111) tensile 
curves and surface patterns become increasingly similar as the 
temperature is decreased. Our own observations show that the 
level of the (100) plateau is higher the higher the amount of 
impurities although the basic character of the (100) curve is 
preserved. S. Howe and C. Elbaum (priv. comm.) have 
observed on Al at high temperature that the orientation 
dependence of work-hardening disappears although the 
differences in slip line pattern and change of shape persist. 
In terms of our mechanism, their observations indicate that 
the ledges in a (111) Al crystal become transparent between 
400 and 600°C, 
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which permits continuous break-through at a constant 
stress. This shear stress was observed to be | kg/mm?. 
For this value, Stroh“® has estimated the number of 
dislocations in the pile-up that would effect break- 
through, to be between about 10 (for recombination) 
and about 100 (for dissociation of the two reacting 
dislocations). Tentatively applying the formula of 
Eshelby et al."?) with a unit proportionality factor, 
we find for the average distance between locks 
10- 100 

There is one type of obstacle left which distin- 
guishes type B and one component of type D from 
all the other cases: this is the hedge not parallel to 
the Burgers vector. From the experimental results 
it must then be inferred that an intersection of these 
hedges is harder, by about a factor 2, than the two 
previously discussed processes, or even that it 
never occurs. 

Since it is hard to imagine how an_ individual 
hedge should be stronger than an_ individual 
Lomer—Cottrell lock, the average distance of hedges 
of the type occurring in (111) tension must be smaller 
by at least a factor 4"*) than the average distance 
between two Lomer—Cottrell dislocations formed from 


the same source. This result is not unreasonable in 


view of the fact that hedges increase the volume of 


influence of any one Lomer—Cottrell dislocation many 
times. The number of Lomer—Cottrell locks whose 
hedges extend into an individual glide plane region, 
limited itself by two Lomer—Cottrell dislocations, 


must be at least four. 


Latent hardening 

The proposed mechanisms are also consistent with 
the observations on latent hardening. The initially 
surprising result that the latent hardening in type C 
due to a previous operation of type A is zero, whereas 
in the reverse case it is quite high and is followed 
by a high rate of work-hardening to a level similar to 
that reached by 111) tension, can now be explained, 
Slip in type A produces hedges which are parallel to 
active slip directions in type C and can thus be 
by-passed by cross-slip, whereas the hedges of 
type C are not parallel to the slip directions of 
tvpe A. This distinction is not completely unambigu- 


ous but possible and likely. 


CONCLUSION 
Some observations on extreme multiple slip cases 
could not be explained by any of the previously 
proposed work-hardening mechanisms. The extension 


suggested, an action of pile-ups as “hedges” for 
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intersecting glide systems, fits all experimental 
observations. 

This may be partly due to the fact that hedges are 
distinct from both 


forest. 


two-parameter obstacles, as 


Lomer-—Cottrell dislocations and a random 


On the other hand, the additional parameter may be 


actually needed in view of the great number of 


A discussion of the 


phenomena to be explained. 
possible importance of hedges for the general theory 


of work-hardening, including single slip orientations, 
is left for a later paper. 
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SOME OBSERVATIONS OF SLIP LINES ON DEFORMED COPPER 
WHISKERS* 


P. CHARSLEY+ 


Observations on slip markings which are produced during the tensile deformation of copper whiskers 


indicate that visible cross-slip does not necessarily occur during the propagation of a Liiders band. A 
mechanism is proposed whereby such a band propagates as a result of the stress concentration between 


the slipped and unslipped regions of the whisker. 


QUELQUES OBSERVATIONS DE LIGNES 


CUIVRE 


DE GLISSEMENT 
DEFORMEES 


DES BARBES DE 


SUR 


Les lignes de glissement qui apparaissent au cours de la déformation par traction sur des barbes de 


cuivre indiquent que le glissement croisé ne se produit pas nécessairement pendant la propagation d’une 


bande de Liiders. L’auteur propose un mécanisme au cours duquel une telle bande a la possibilité de 


se propager par suite d'une concentration de tensions a linterface des régions de la barbe qui sont 


respectivement déformées et non déformées. 


EINIGE 


AUS 


AN VERFORMTEN 
KUPFER 


GLEITLINIENBEOBACHTUNGEN 


FADENKRISTALLEN 


Untersuchungen von Gleitspuren, die bei Zugversuchen auf Kupferwhiskern entstehen, zeigen, dais 


sichtbare Quergleitung nicht notwendig bei der Ausbreitung eines Liidersbandes auftritt. 


Es wird ein 


Mechanismus vorgeschlagen, wodurch sich solch ein Band ausbreitet als Folge der Spannungskonzentra- 


tion zwischen dem geglittenen und nicht geglittenen Gebiet des Whiskers. 


The plastic deformation of copper and_ silver 
whiskers has been reported in some detail by Brenner"). 
He found that after an initial yield point (usually at a 
very high stress) the whiskers deformed plastically 
by the propagation of one or more Liiders bands at 
stresses of the order of one twentieth of the initial 
vield stress. It was proposed by Brenner that the 
Liiders band is propagated through an essentially 
perfect whisker by a double cross-slip mechanism ; 
this proposal was based on the observation of multiple 
slip on copper whiskers in some cases. Observations 
which indicate that neither double cross-slip nor any 
other multiple slip mechanism is essential for the 
propagation of the Liiders band are reported in 
this paper. 

The stress-strain curves of a number of copper 
whiskers (grown by the reduction of cuprous iodide) 
with (100), (110) and (111 
measured and observations made of the slip lines 
formed. By measuring the angles of the various slip 
traces it was found that for all three orientations the 
best developed faces were {110}; it was assumed that 
the traces all resulted from slip on {111} planes. In 
some cases goniometric measurements of the angles 


orientations have been 


between the faces were also made and these were 
consistent with the indices of the faces deduced from 


the slip trace angles. 


* Received June 25, 1959. 
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Observations were made with a low powered (50) 
microscope during plastic deformation and under a 
high powered (up to 800) microscope when the 
whisker had been removed from the tensile machine. 
In several cases whiskers were removed from the 
machine after some Liiders band propagation but 
before any work-hardening. The general conclusion 
from these observations was that, although slip on 
several systems did occur in some cases, when the 
Liiders band had propagated at a constant stress and 
no work-hardening had occurred, slip was confined to 
only one system. When the Liiders band propagated 
at a varying stress, slip on several systems was 
observed but the slip was much more intense on one 
system than on any other. 

In Fig. 1 can be seen the slip which resulted in the 
case of a (110 
band had propagated at a stress constant to within 


orientation whisker after a Liiders 
Fig. 2 shows slip on two systems in the 
LOO 
propagated at 


2 per cent. 
case of a orientation whisker after the Liiders 
band had 
between 2 and 4kg/mm2?. In Fig. 2 it can be seen that 


stresses which varied 
the “primary” slip extends along the whole length of 
the whisker and is intense in localized regions whilst 
slip also occurs on a secondary system in isolated 
patches. Some of the secondary slip is open to the 
interpretation that it is single cross-slip. 

Carbon replicas shadowed at tan~' } with gold 
palladium were made of several deformed copper 
whiskers. These whiskers were deformed in tension in 
a simple jig so that the Liiders band had propagated 
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Fic. 1. Slip lines on a (110) orientation whisker. 
350 

along the whisker. In Fig. 3 is shown a whisker of 
about 30 4 mean diameter from which satisfactory 
micrographs were obtained from two adjacent faces 
over a length of about 0.1 mm. Slip was visible on 
only one system for the whole area of both whisker 
surfaces investigated. It was difficult to determine 
the step heights accurately on these replicas but they 
were never more than about 300A; in some cases 
slip lines were seen to end. Replicas were obtained 
from two other whiskers with mean diameters 
between 10 and 20 u; these showed slip on only one 
system. The mean spacings between the lines for 
these three whiskers were 0.03, 0.1 and 0.3 « in order 
of decreasing whisker diameter. 

Some replicas were obtained of a deformed whisker 
11 « wide and 2 uw thick and these present a strikingly 
different appearance from the three whiskers of 
larger mean diameter as is shown in Fig. 4. Although, 


Fic. 2. Slip lines on ¢ 100) orientation whisker. 
~ 1050 


+. 3. Carbon replica of slip in strained copper 
whisker. 8400 


like the other whiskers, slip has given rise to only one 
slip trace some of the slip lines are of great depth. 
Several slip lines, which appeared to be individual 
slip steps, were about 0.8 4 deep; this isan appreciable 
fraction of the whisker thickness. The mean spacing 
between the lines was about 0.4 yw. 


DISCUSSION 

Brenner has proposed that the Liiders band 
propagates along the whisker by a double cross-slip 
mechanism. However, cross-slip is a process which 
can occur in copper, at room-temperature, only at 
high stresses such as can exist at the head of a piled up 
group of dislocations (see Schoeck and Seeger®). For 
double cross-slip to occur, a further pile up of disloca- 
tions is necessary on the cross-slip system. In the case 
of whiskers of (100) orientation, in particular, the 
resolved shear stress factor is the same for the “‘cross-slip 


Fic. 4. Carbon replica of a deformed whisker of small 
diameter. 8000 
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Thus if 


were operat ive 


system” as for the “primary slip system.” 
the 
comparable amounts of slip would be expected on 


double cross-slip mechanism 
both slip systems. In contrast to this the experimental 
results indicate that visible cross-slip does not neces- 
sarily occur during the Liiders band propagation. 

An alternative mechanism, more in agreement with 
the experimental results, is that the Liiders band 
propagates as a result of the stress concentration 
between the slipped and unslipped regions of the 
whisker. The observation of Liiders band propagation 


in zinc and cadmium whiskers by Coleman et al. 


LINES 


ON DEFORMED COPPER WHISKERS 355 
supports this idea in so far as slip on any planes other 


than the basal planes is extremely unlikely. 
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OXIDATION OF EVAPORATED MAGNESIUM FILMS**+ 
M. S. COHEN: 


The oxidation at low pressures and temperatures of evaporated magnesium films was studied by the 
Wagener flow method. In the initial period of the oxidation the sticking probability usually increased 
with the uptake of oxygen, suggesting a nucleation effect. In the second period of the oxidation the 
sticking probability fell rapidly; an average total oxide thickness of 27 A was reached. A remarkable 
independence of the sticking probability to temperature and pressure changes was observed in this 
second period, The oxidized magnesium surfaces were studied by electron diffraction and electron 
microscopy. 

OXYDATION DE FILMS DE MAGNESIUM OBTENUS PAR EVAPORATION 

L’oxydation aux basses pressions et températures de films de magnésium obtenus par évaporation, 
a été étudiée par la méthode d’écoulement de Wagener. Dans la premiére période de loxydation, la 
probabilité de “‘stincking” augmente habituellement avec le captage d’oxygéne, ce qui suggére un effet 
de germination. Dans la seconde partie de loxydation, la probabilité de “‘stincking”’ diminue rapide- 
ment; une épaisseur totale moyenne de 27 A a été atteinte. Dans cette seconde période, l'indépendance 
de la probabilité de “stincking” par rapport aux variations de pression et de température est remarqu- 
able. La surface du magnésium oxydé a été étudiée par diffraction d’électrons et par microscopie 
électronique. 

OXYDATION AUFGEDAMPFTER MAGNESIUM-FILME 

Die Oxydation aufgedampfter Magnesium-Filme bei niedrigen Driicken und Temperaturen wurde 
mit Hilfe der FluBmethode von Wagener untersucht. In der Anfangsperiode der Oxydation wuchs die 
Haftwahrscheinlichkeit in der Regel mit der Menge des aufgenommenen Sauerstoffs. In der zweiten 
Periode fiel die Haftwahrscheinlichkeit schnell; im Mittel wurde eine Gesamtdicke des Oxydfilms von 
27 A erreicht. Die Haftwahrscheinlichkeit war in dieser zweiten Periode von Temperatur- und Druck- 
anderungen bemerkenswert unabhangig. Die oxydierten Magnesium-Oberflachen wurden mittels 
Elektronenbeugung und Elektronenmikroskopie untersucht. 


INTRODUCTION VALVE 


EVAPORATION 
SOURCE 


The reaction rate of a clean metal surface with 


oxygen is initially very high, but at low temperatures CONDUCTION ONIZATION 


the reaction rate soon decreases rapidly so that an 
oxide film is formed whose total thickness is extremely 
small. Very delicate techniques must therefore be 
used to study this phenomenon. The flow method 
developed by Wagener” for the study of gettering 


seems very promising for the study of the thin oxide 


TRAP 


region: Bloomer? has used it to study the oxidation 


mechanism of barium. The following is an account of 
the application of this method to the oxidation of 
evaporated magnesium films.§ 


APPARATUS AND PROCEDURE Fic. 1. Schematic diagram of the oxidation apparatus. 


The apparatus shown in Fig. 1 was constructed ; . ? 
Pyrex glass was the main constructional material, 
according to modern high vacuum techniques: 

the ionization gauges were of the Bayard—Alpert type, 


* Received July 9, 1959. and the entire system could be baked out. 

+ This paper is based on a thesis presented to Cornell Uni- 
versity in partial fulfillment of the requirements for the Ph.D. 
The work was supported by the Metallurgy Branch of the tion source was necessary to prevent excessive 
Office of Naval Research under Contract No. Nonr-401 (31). 

+ Department of Engineering Physics, Cornell University, 
Ithaca, New York. Now at Lincoln Laboratory, Massachusetts sium. Magnesiuml! was first deposited on the eva- 
Institute of Technology. 

§ More details of this work can be found in the Cornell 
Thesis or in Tech. Rep. Off. Naval Res. No. 2, Contract No. auxiliary vacuum system. The source was then 
Nonr-401 (31), Project No. NR 036-035. : 1 

A discussion based partly on the present work has been 
presented by T. N. RHoprn in Structure and Properties of Thin 


Care in the preparation of the magnesium evapora- 
evolution of gas during the evaporation of the magne- 
poration source, a tab of thin tantalum sheet, in an 


quickly sealed into the oxidation apparatus. At the 


Films edited by C. A. NEUGEBAUER, J. B. Newkirk, D. A. || The author thanks the Dow Chemical Co. for providing 
VeERMILYEA, Wiley, New York (1959). See also H. Sack, triply sublimed magnesium (approximately 99.999 per cent 
Z. Elektrochem. 68, 806 (1959). pure). 
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proper time the magnesium was re-evaporated from 
the source by passing a current through the tantalum 
tab. 

After the installation of the magnesium source the 
system, with both valves open, was evacuated and 
baked, and the ionization gauges were degassed. After 
the system had cooled valves 1 and 2 were closed, and 
the pressure was allowed to decrease by ion pumping. 
When the pressure had attained a value below about 
5 mm Hg the magnesium was slowly evapor- 
ated on the Pyrex walls of the reaction chamber, the 
shutters being closed to confine the magnesium to this 
The breakoff tip B on the reservoir of 
reagent grade oxygen was then broken, and a flow of 


chamber. 


oxygen started. The oxygen flowed through a liquid 
nitrogen cold trap to the pumps, the flow rate being 
adjusted by valve 2 until a desired value of pressure 
was read by 1G). 

To start the experiment the large thin-glass bulb C 
was broken. Oxygen then flowed from JG, through 
the conduction tube into the reaction chamber. The 
flow rate could be found from the conductance of the 
conduction tube (130 cm/sec at 25°C) and the 
readings of JG, and JG,, which were continuously 


monitored during the experiment. A _ constant 
temperature bath permitted the performance of 


experiments at temperatures ranging from —76°C to 

136°C, 
COMPUTATIONS 

Let P, and P, be the pressures read by /G, and JG, 

1 2 1 2 

respectively, F the conductance of the conduction 

tube, R the oxygen uptake rate, W the cumulative 

uptake, A the apparent geometric surface area of the 

The 


latter is defined as the ratio of the number of molecules 


magnesium, and S the sticking probability. 
g g 


taken up by the surface per second to the number 


impinging on the surface per second. Since the 
pressures are low enough for Knudsen flow to occur, 
R= F(P, — P,). (1) 


Integrating (1) from time zero to time ¢ yields W(t). 
Since the number of oxygen molecules impinging on 
the magnesium surface per second per cm? is propor- 
tional to the pressure P,, 


S = R/kP,A, (2 


where & is a known constant.” R, W, and S as 
functions of time were computed for each experiment. 
Not only the magnesium, however, but also gauge 


1G, acts as a sink for oxygen because of the pumping 


action of an ionization gauge. In the results presented 
below the flow rate due to the pumping action of /G, 
has been subtracted from the measured flow rate, 
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where the former was taken as the flow rate at the end 
of an experiment when the magnesium is saturated 
and only /G, is consuming oxygen. Thermomolecular 
flow was also taken into account in the computations 
for experiments in which the reaction chamber was not 
at the same temperature as the ionization gauges. 

The errors associated with the experimental deter- 
mination of S were analyzed by the method presented 
by Wagener®), The accuracy of S decreases as S 
decreases; for values of S of 10-? and above the error 
is about 10 per cent, while for S of the order of 10~4 it 
is 25 per cent. Thus the accuracy decreases rapidly 
toward the end of an experiment. 

Other sources of error may be associated with the 
ionization 
duced and may influence the results of later parts 
Bloomer), 


gauges. Activated oxygen may be pro- 
of the experiments, as pointed out by 
Schlier® has found that an ionization gauge may also 
produce carbon monoxide and carbon dioxide when 
operated in oxygen, but apparently there are circum- 
the 
phenomenon could have been of importance probably 


stances in’ which gauge is inactive.” This 
only in the very last part of one of the present experi- 
ments: Wagener® has shown that carbon monoxide 
Thus 


monoxide had been present in an appreciable quantity 


does not react with magnesium. if carbon 
P, would have been large and this would have given 
an apparent low value of S. It is, of course, conceivable 
that traces of carbon monoxide or other gases were 
present and that these traces had some catalytic 
influence on the nucleation and growth of the oxide. 
In summary, errors caused by chemical activity or 

by oxygen pumping of the ionization gauges should be 
of importance only near the ends of the present 
experiments, where the experimental error is large 
anyway. 

RESULTS 

Magnesium proved to be a difficult metal to study. 
The high reactivity with oxygen and glass, combined 
with a high vapor pressure and the refractory charac- 
ter of the oxide made the production of a clean and 
reproducible surface difficult. In the following dis- 
cussion only those results are reported where there was 
reasonable assurance that a clean surface was present. 

Since the structure of the surface influences the 
oxidation kinetics it was also desirable to examine the 
surface of the magnesium by electron diffraction and 
electron microscopy. 


Surface structure investigations 
A small slab of glass was put into the reaction 
chamber before every experiment, and the magnesium 


film evaporated on it was examined by electron 
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diffraction and electron microscopy* after the oxida- 
tion experiment was completed. Reflection electron 
diffraction revealed a strong tendency for the magne- 
sium to be deposited with the basal plane parallel to 
the glass substrate: weak magnesium oxide rings 
were also present in each diffraction pattern. 

To produce replicas for electron microscopy the 
magnesium surface was first shadewed with platinum 


at an angle of about 15°, and a carbon film was evapo- 


rated over the platinum. The replica was then 
separated from the magnesium by immersing the 
sample in nitric acid, Fig. 2 isa representative electron 
micrograph of such a replica. 


Fic. 2. Electron micrograph of a replica of a magnesium 
surface; Exp. 15. 


Electron microscopy showed magnesium crystal 
platelets which were parallel or slightly inclined to the 
glass surface, with diameters ranging from 1,000 A to 
5,000 A. The orientational tendency revealed by 
electron diffraction was thus confirmed. Examination 
of electron micrographs also showed that the true 
surface area should not be more than about 20 per 
cent or 30 per cent greater than the geometric area. 

Unfortunately little can be concluded about the 
structure of the oxide not only because of the uncer- 
tain resolution of the replication technique, but also 
because the samples had to be transferred through air 
from the reaction chamber to the replicating appara- 
tus. They were thus subjected to further oxidation, 
which gave an additional unknown treatment to the 
surface. Experiments using high-vacuum replication 


* The author thanks Professor B. M. Siegel and Mr. J. 
Strozier for their assistance in the electron microscopy work. 
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20 


TIME (minutes) 
Fic. 3. Ion currents of gauges JG, and JG, versus time; 
Exp. 15. 
techniques, which should reduce the ambiguity, are 


now in progress. 


Kinetics 

In Fig. 3, the ion currents in gauges JG, and /G, are 
shown as functions of time for a typical experiment. 
The low values of the currents occurring during the 
first minute are caused by the large initial pumping 
speed of the ionization gauges and the glass walls. 
This large speed rapidly decays to a value of about 
100 cm/sec. The ionization gauge pumping is not 
again important until the period near the end of the 
experiment, where it is responsible for the fact that 
P, does not rise to meet P,. This behavior of the 
ionization gauges was confirmed in auxiliary experi- 
ments performed without magnesium; results similar 
to those of Bills and Carleton) were obtained. 

The results of the experiments are most conveniently 
expressed by curves of sticking probability S versus 
cumulative uptake W, as shown in Fig. 4 for a typical 


STICKING PROBABILITY 


1 2 3 4 5xi07 
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Fic. 4. Sticking probability versus cumulative uptake; 
Exp. 15. 
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Max. R 


Temperature of exp. 
(ug/em? min) 


Exp. no, CC) 


27 0.30 10-2 
72 1.46 

9 136 0.80 

10 75 0.90 

15 27 1.89 

17* 27 
24 and 76 


* Pressure jumps made, 
* Temperature jump made, 


Here W is expressed as the weight of 
oxide per unit area. In this figure, the points marked 


“20 per cent” show when the ioni- 


experiment. 


“10 per cent” and 
zation-gauge pumping-speed 
above, amounted to 10 per cent and 20 per cent of the 
sticking probability, respectively. The pressure P, in 
the reaction chamber is indicated at the top of the 
figure. As is seen from Fig. 4, a first period of high 
sticking probability S is followed by a second period 
of rapidly decreasing S; this was observed in all the 
Results from several of the 


correction, discussed 


oxidation experiments. 
experiments are summarized in Table 1. 

The pressure dependence of S was investigated in 
one experiment. At specific times during the period 
of decreasing S, valve 2 was abruptly either slightly 
opened or slightly closed. This changed the pressure 
P, and hence P, in a very short time; the time was so 
short that the surface condition, i.e. the cumulative 
uptake W. was essentially the same before and after 
the pressure jump. Thus could be 
obtained about the change of S with pressure for a 
given state of oxidation. The ratios of pressures P, 
before and after the jump ranged from 2 to 15. 

The data showed that S was proportional to P, to 


information 


5x10? 


STICKING PROBABILITY 


TIME (minutes) 


Fic. 5. Sticking probability versus time (log—log plot); 
the first period of several experiments. The value of n 
giving a fit to Equation (3) is given for each curve. 
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TABLE 1. Summary of data from several experiments 
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W at knee in S vs. 
W curve 
(ug/em*) 


Total W 
(ug/em*) 


0.47 2.35 3.5 
0.96 3.83 6.02 

1.43 4.00 5.23 

1.20 3.60 10.5 

1.48 4.10 4.40 

1.48 3.16 


1.76 


the —0.2 power. Because of the experimental errors, 
however, these results would also be consistent with a 
pressure-independent sticking probability. 

In another experiment the temperature was lowered 
from 24°C to 
this change was again abrupt in order to preserve the 


76°C during the period of decreasing S; 


surface condition before and after the temperature 
change. The very small apparent change in S that did 
occur was probably caused by transients which arose 
when the temperature bath was installed. The fact 
that the for 
experiments at different temperatures (Table 1) also 


oxidation characteristics are similar 
indicates a small temperature dependence of the 
oxidation rate. 

DISCUSSION 
Region of high sticking probability 

During the very first period of the oxidation of a 
metal, when oxygen reacts with the clean metal surface. 
it is to be expected that the sticking probability S will 
be much greater than during the later period, when a 
thicker oxide is present. An increase of S with cumu- 
lative uptake in the first period, however, as indicated 
in Fig. 5, has not generally been observed and is not 
expected on the basis of the usual concepts of oxide 
film formation. This effect has also been reported by 
Della Porta®) for various gases on barium, and by 
Bloomer? for oxygen on barium; results by Eisinger 
and Law” for oxygen on silicon may also be an 
example of this phenomenon. The observations of 
Addiss" for oxygen on magnesium made with a 
vacuum microbalance are consistent with such an 
effect. 

To explain this phenomenon, Bloomer? postulates 
the existence of nucleation sites on the clean metal 
surface; oxidation would preferentially start at these 
sites and the oxide would grow outward from them. 
With this model Bloomer obtains for a Wagener-type 
flow therefore 


experiment (constant and 


constant oxidation rate) the growth law 


oxygen 


S oc t", (3) 
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where the value of » is dependent on the mode of 
growth of the nuclei; for flat, circular “islands” 7 is 
1/2, while for hemispherical islands n is 2/3. 

It is seen from Table 1 and Fig. 5 that the quantities 
relating to the first (high S) period of an experiment 
vary considerably from experiment to experiment: 
The values of x, the cumulative uptake at the knee in 
the S versus W curve, and the maximum value of S 
attained are often quite different. In spite of these 
variations, however, it may be concluded from the 
present work and that of Addiss"” that a nucleation 
phenomenon can indeed explain the experimental 
results, that the effect in question lasts for a period 
beyond that of the formation of the first monolayer, 
and that the phenomenon is very sensitive to the 
surface condition of the magnesium. 

One possible cause of differences in results from 
experiment to experiment may be variations in the 
concentration and nature of the surface defects in the 
magnesium, which may serve as nucleation centers. 
These variations could easily be caused by differences 
in the conditions prevailing during the magnesium 
evaporation. Variations in the concentrations and 
possible types of nucleation centers may cause differ- 
ences in the modes of growth of the oxide islands, thus 
leading to differences in the values of the exponent 7 
in equation (3). If the concentration of nucleation 
centers were very high, for instance, the nucleation 
rate would be more important than the growth rate 
and a value of n close to zero would be expected. Very 
low values of » consistent with a high nucleation- 
center density were observed in some experiments not 
presented in Table 1. In these experiments the 
this 
reaction may be associated with a high density of 


magnesium had reacted with the glass walls: 


surface defects. 
It should be that the 
mechanism is a simplified one, and does not explicitly 


noted, however, Bloomer 
consider the influence of such processes as chemisorp- 
tion on the oxide and the metal. dissociation of the 
oxygen molecule, and surface diffusion. 


Region of rapidly decreasing sticking probabilitu 

The following statements can be made for the region 
of decreasing S: The average total uptake, based on 
the bulk density of magnesium oxide, was 27 A; 
this value agrees well with the data of Reimann), 
and Ehrke and Slack"*). The sticking probability was 
remarkably independent of temperature and pressure 
in the low temperature and pressure range studied. The 
scatter in the experimental results (Table 1) serves to 
emphasize again the strong dependence of the oxida- 
tion process on the state of the magnesium surface. 
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Many oxidation theories for the thin oxide region 
have been presented by various authors. Of the rate 
equations predicted by these theories, two have been 
particularly useful: the direct logarithmic equation 

B= = Be™, (4) 
and the inverse logarithmic equation 

R = dzidi = Ae*’, (5) 
where F is the uptake rate, 2 the oxide thickness, t the 
time and A, a, B and + are constants. 

The data for the region of decreasing S can be fitted 
satisfactorily by the direct logarithmic equation (4) by 
choosing different values of } for the first and second 
parts of the experimental curves. A single value of a, 
on the other hand, allows a good fit of the data by the 
inverse logarithmic equation (5). 

Among the many theories developed for the thin 
oxide region, the one suggested by Mott" 
Although the 
merical values of the constant a calculated from 


received considerable attention. nu- 
the 
experiments are of the order of magnitude predicted 
by the theory, the lack of temperature and pressure 
dependence of the sticking probability are incompa- 
tible with this theory (and with many other theories) 
in its present form. 

A theory proposed by Landsberg®), on the other 
hand, which leads to the direct logarithmic equation, 
i with the experimentally-found 
pressure dependence; since the theory does not make 


is in agreement 


specific statements about the temperature dependence 
it is not in contradiction with the present results. The 


strong influence of the surface condition is also 
compatible with Landsberg’s mechanism, which 


emphasizes the presence of active centers on the 
surface. The change of the constant } to a lower value 
during the period of decreasing sticking probability 
may also be interpreted within the framework of the 
Landsberg theory: The existence of two (or more) 
varieties of active centers, which are deactivated by 
oxygen molecules at different rates, is postulated; 
this immediately leads to the experimentally observed 
result. 

The Landsberg theory does not, however, contain 
specific statements concerning the nature of the active 
centers or the processes of their deactivation and the 
creation of new centers. It therefore cannot predict 
the values of the constants b and B. 

It is quite likely that the oxidation of magnesium 
involves a complex heterogeneous, multistage process. 
It is thus not surprising that the existing theories of 
oxidation, which are based on highly simplified 
mechanisms, cannot accurately describe the present 
results in detail. 
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CRYSTALLIZATION FROM DILUTE METAL SOLUTIONS* 
L. BENJAMIN? and R. F. STRICKLAND-CONSTABLE?* 


The nucleation and crystal growth from solutions of zine in mercury have been studied; the test 
amalgam formed one pole of a concentration cell whose e.m.f. was used as a continuous measure of the 
concentration. The metastable region in which spontaneous nucleation could not occur extended to 
2°C below the saturation temperature. Nucleation at temperatures below the metastable region 
normally produced a crop of fine crystals mainly suspended in the liquid phase, which sometimes sub- 
sequently aggregated into a solid cap at the surface or walls. The rate of nucleation varied approximately 
as exp (—const/A7™?). Stirring increased the nucleation rate by only a factor of about 5. The rates 
observed were immensely greater than those reported by Hollomon and Turnbull for pure metals sub- 
divided into small drops: this would suggest heterogeneous nucleation on foreign particles, But if a first 
crop of crystals was allowed to form and removed from the system the subsequent rate of nucleation was 
not significantly reduced by this treatment, and this would suggest that the rate cannot depend on the 
presence of foreign particles. One possible explanation is that nucleation may all occur only at the glass 
wall, and the growing crystallites are subsequently floated into the solution. Another depends on the 
further observation that if a small number of crystals is added to a solution cooled at such a rate as to 
keep it within the metastable region (where spontaneous nucleation cannot otherwise occur) an immense 
crop of nuclei is produced equal in number to that obtained with spontaneous nucleation at temperatures 
below the metastable region: in other words it would appear that nuclei breed nuclei with a high 
multiplication factor. The high rates of nucleation of a bulk liquid phase may therefore be due to this 
breeding of nuclei, and not to heterogeneous nucleation. If massive zine is added to an amalgam which 
is in equilibrium with a solid phase which has been obtained by cooling a solution from higher tempera- 
tures, the massive zine dissolves and is reprecipitated as very fine crystals; this is attributed to the 
metastability of the x-phase at the temperatures in question. From e.m.f. data on 2-phase amalgams 
heats of solution were calculated. The solid phase in these experiments could be largely freed from 
mercury by centrifugation, and was found to consist of hexagonal plates and prisms rounded by stirring. 


CRISTALLISATION DANS LES SOLUTIONS METALLIQUES DILUEES 


Les auteurs étudient la germination et la croissance des cristaux dans des solutions de zine dans le 
mecure; lamalgame d’essais constitue un pole dune cellule de concentration dont le f.c.m. sert de mesure 
continue de la concentration. La région métastable dans laquelle la germination spontanée n’a pas lieu 
sétend jusque 2°C en-dessous de la température de saturation. La germination aux températures 
inférieures a la région métastable produit normalement un amas de cristaux en suspension dans la phase 


liquide qui, parfois, donnent un aggrégat a la surface ou sur les parois. La vitesse de germination varie 
approximativement comme exp (—const/A7*). L’agitation augmente la vitesse de germination d’un 
facteur de 5 seulement. Les vitesses observées sont inversément plus grandes que celles signalées par 
Hollomon et Turnbull pour des métaux purs subdivisés en gouttelettes: ceci pourrait suggérer une 
germination hétérogene sur des particules étrangéres. Mais si on forme un premier amas de cristaux et 


puis le retire du systeme, la vitesse de nucléation subséquante n’est pas réduite sensiblement par ce 
traitement, et cela montrerait que la vitesse ne peut dépendre de la présence de particules étrangéres. 
Une explication possible est que la germination peut avoir lieu seulement sur les parois en verre et les 
cristallites en croissance sont ensuite entrainées de la solution. On observe ainsi que si on ajoute un 
petit nombre de cristaux dans la solution refroidie & une vitesse telle qu'elle reste dans la région 
métastable (ou la nucléation spontanée ne peut avoir lieu autrement), un amas considérable de cristaux 
sont produits égaux en nombre a ceux obtenus lors de la nucléation spontanée a des températures 
inférieures a la région métastable: en d’autres mots, il apparaitrait que les germes nourissent les germes 
avec un facteur de multiplication élevé. Les grandes vitesses de germination dans la masse du liquide 
peuvent par conséquent étre dues a cette formation de germes et non & une germination hétérogéne. Si 
on ajoute du zinc massif dans lamalgame qui est en équilibre avec une phase solide obtenue par 
refroidissement de la solution & partir de températures plus élevées, le zinc massif se dissout et repréci- 
pite en particules trés fines; ce phénoméne est attribué a la méta-stabilité de la phase gy aux tempéra- 
tures envisagées. Des données sur les f.e.m. d’amalgames biphasés, les chaleurs de solution sont cal- 
culées. La phase solide dans ces expériences a pu étre séparée du mercure par centrifugation et il a été 
montré quelle est constituée de plaquettes et prismes hexagonaux, arrondis par l'agitation. 


DIE KRISTALLISATION AUS VERDUNNTEN METALLOSUNGEN 
Die Keimbildung und das Kristallwachstum von Lésungen des Zinks in Quecksilber wurden unter- 
sucht. Dabei bildete das untersuchte Amalgam den einen Pol einer Konzentrationszelle, deren EMK als 
kontinuierliches Ma fiir die Konzentration beniitzt wurde. Das metastabile Gebiet, in dem keine 
spontane Keimbildung stattfinden konnte, erstreckte sich bis 2°C unterhalb der Sattigungstemperatur. 


* Received July 11, 1959. + Imperial College, London. Present address: National Research Council, Ottawa, Canada. 
* Imperial College, London, 
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Die Keimbildung bei Temperaturen unterhalb des metastabilen Gebiets erzeugte normalerweise eine 
Menge von feinen Kristallen, die hauptsachlich in der fliissigen Phase suspendiert waren und die sich 
manchmal zu einer festen Schicht an der Oberflache oder an den GefaBwanden zusammenballten. Die 
Keimbildungsgeschwindigkeit variierte etwa wie exp (—const/AT?). Riihren erhéhte die Keimbildungs- 
geschwindigkeit nur etwa um einen Faktor 5. Die beobachteten Geschwindigkeiten waren ungeheue! 
viel gréBer als diejenigen, welche Hollomon und Turnbull in kleinen Tropfen reiner Metalle gefunden 
hatten; deshalb wiirde man eine heterogene Keimbildung an Fremdstoffteilchen vermuten. Aber wenn 
nach der ersten Bildung einer Menge von Kristallen diese aus dem System entfernt wurden, so wurde 
dadurch die nachfolgende Keimbildungsgeschwindigkeit nicht wesentlich erniedrigt und dies laBt vermuten, 
vermuten, da die Geschwindigkeit nicht von der Anwesenheit fremder Teilchen herriihren kann. 
Zur Erklarung dieses Verhaltens kann man annehmen, da® sich Keime iiberhaupt nur an der Glaswand 
bilden kénnen, und daB die wachsenden Kristalle anschlieBend in die Lésung geschwemmt werden. 
Eine andere Erklarung stiitzt sich auf die weitere Beobachtung, daB eine ungeheure Menge von Keimen 
erzeugt wird, wenn eine kleine Anzahl von Kristallen einer Lésung zugesetzt wird, die so abgekihlt 
wird, da sie im metastabilen Bereich bleibt (wo sonst eine spontane Keimbildung nicht mdglich ist). 
Diese Menge ist gleichgroB wie die, welche durch spontane Keimbildung unterhalb des metastabilen 
Bereichs entsteht: Es scheint kurz gesagt so, als ob Keime mit groBem Vermehrungsfaktor Keime 
erzeugen. Stellt man durch Abkiihlen von héheren Temperaturen ein Amalgam her, das mit einer 
festen Phase im Gleichgewicht steht und setzt festes Zink zu, so lést sich dieses und scheidet sich in det 
Form sehr feiner Kristalle wieder aus; dies wird dem metastabilen Zustand der x-Phase bei den in Frage 
kommenden Temperaturen zugeschrieben. Aus EMK-Daten von zweiphasigen Amalgamen wurden 
Lésungswirmen berechnet. Die feste Phase konnte bei diesen Versuchen weitgehend durch Zentri 
fugieren vom Quecksilber abgetrennt werden. Sie besteht aus hexagonalen Blattchen und Prismen, 
die durch das Riithren abgerundet sind. 


INTRODUCTION 

If liquid metals are to be used as heat transfer media Picein 
in nuclear reactors difficulties may arise owing to the 
deposition at the cold end of material dissolved out 
of the container wall at the hot end. This practical 
problem provided the starting point to an investi- 
gation into the general subject of the deposition of 
crystals from dilute metal solutions. Zine amalgams i] 


have been chosen because of their convenient solu- 


bility range (2-4 per cent w/w at 20-60°C) and — 4 
because of their good electrochemical behaviour. 3 | 


) 


J 

| 
Three solid solution phases are believed to exist"? Reference Saturated 


over the range studied, namely x (pure zinc), 7 
42.9°C; fp (43-53 per cent w/w), T 20-42.9°C; y (30 
40 per cent w/w Zn) T < 20°C. 


CONCENTRATION CELL 
A concentration cell was set up in order to provide 
a means for the continuous estimation of the concen- 
tration of zine in a test solution: 


Hg, Zn(1) Zn SO, (aq.) Hg, Zn(2). 


If the concentration of the amalgam in one of the 

electrodes is maintained constant to serve as a mah ) |] Cone and 
standard, the e.m.f. of the cell serves as a measure of || | ree 
the instantaneous concentration in the other. Three 
(or more) static electrodes were often combined in one 
piece of apparatus—type (i). Later experiments were 
carried out in a type (ii) cell in which the test electrode 
was provided with a stirrer, and also with a cone and Ww 

socket joint for easy removal of the amalgam, as Fic, 1. Concentration cell, type (ii), (stirred). 
shown in Fig. 1. The zinc used was supplied as a 

sample of special purity by U.K.A.E.A., Harwell. 
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NUCLEATION IN UNSTIRRED 
AMALGAMS 

The first nucleation experiments were carried out 
in a type (i) 3 electrode cell. The reference electrode 
was a dilute amalgam (0.1—-1 per cent w/w) of fixed 
composition, prepared by direct dissolution of zine, 
this being first treated with dilute HCl and washed. 
A two-phase amalgam, containing excess solid zinc, 
constituted the ‘saturated’ electrode. Under equi- 
librium conditions the e.m.f. of this electrode should 
reflect the activity of zine in the liquid phase in equi- 
librium with the solid phase. The test electrode con- 
tained sufficient zinc to be saturated at some con- 
venient temperature 7’). 

Platinum contacts, sealed into glass, were used as 
shown, the length making contact with the amalgam 
being kept as short as possible. The 2 M ZnSO, (aq.) 
was prepared from recrystallized salt. Removal of 
oxygen in amalgam cells is always difficult: most of 
the oxygen was removed in the present experiments by 
boiling the ZnSO, solution and placing in position in a 
stream of nitrogen. Before taking measurements the 
cell was always left a day or two during which any 
small amounts of oxygen left would react with zine in 
the electrodes. The cell was placed in a thermostat 
controlled to +0.02°C. 

The electrodes having been filled and set up, the 
thermostat was usually held at >10°C above the 
saturation temperature, 7’), of the test electrode, for 

20 hr. It was then cooled at a rate of about 3°C/hr 
during which the e.m.f. of the test and saturated 
electrodes—both with respect to the standard elec- 
trode—were recorded. The results of a_ typical 
experiment are shown in Fig. 2. At 7, the saturation 
temperature of the test amalgam, E(test) E(sat.). 
Supersaturation occurs on cooling below 7',, until at 


+. 2. e.m.f. (£) plotted against temperature (7’) for 
a saturated and a test electrode. (Cooling). 


E (test) ——+ 


Fic. 3. e.m.f. against time at constant temperature for 
four different AT. 
the point C, approximately 3°C below 7). crystalliza- 
tion takes place in the test electrode; on further cool- 
ing, (test) approaches E(sat.). This experiment gave 
similar results when repeated with values of 7, 
rarving from 24 to 79°C. 

In a further type of experiment the rate of nuclea- 
tion was measured at a fixed temperature, T' ,. 
(T., < Ty): the system was cooled rapidly from 
T, to T, (see Fig. 2), and then was held at tempera- 
ture 7',, during which the supersaturation was 


slowly removed along A... 8B, and during which 


e.m.f. measurements were made. Results of a set 
of four runs with a given amalgam are shown in Fig. 3 
where E(test) is plotted against time; the four runs 
correspond to four different values of AT = T, — T',. 

The curves were always of the same sigmoid form, 
approaching /(sat.) at infinite time. AT values varied 
from about 2°C, when no crystallization occurred in 
24 hr, to around 5°C. Corresponding changes in 
E\(test) during crystallization were 200-800 nV. 
Because the system requires some time (15 min) to 
attain complete temperature equilibrium, inaccuracies 


are introduced into initial E(test) values: in cases of 


rapid crystallization, it was consequently necessary to 
estimate the initial values of E(test) by extrapolation 
of values from Fig. 2. 

The shape of the curves may be accounted for by 
means of the following simplified theory. Over the 
small ranges in question E(test)—E(sat.) will be taken 
as proportional to C(test)—-C(sat.), where C is the 
concentration of zinc. It is then assumed that a cer- 
tain number of nuclei are first formed at about the 
same time and that no further nuclei are formed there- 
after. If the subsequent rate of growth is assumed 
diffusion controlled, this rate can be considered pro- 
portional to the area of the crystal surface multiplied 
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If the diffusion 


boundary layer is assumed of constant thickness, the 


by the concentration gradient. 


concentration gradient will be 
(C—Cgat), where C 


phase (assumed uniform) and C.,; that at the crystal 


proportional — to 
is the concentration in the bulk 


face, assumed saturated.* The area of crystal will be 
approximately proportional to (Cy — C)?3 where 
Cy is the initial bulk concentration. The 


change of the bulk concentration will then be 


rate of 


dC 


-k(C 
dt 


(1) 
where k& is a constant. 

The shapes of the crystallization curves (Fig. 3) 
agree well with those predicted by equation (1), and in 
particular, the point of inflection is seen to occur at 
40) per cent crystallization. 

In order to use this equation it will be assumed 
that the reciprocal of the time, f, ,, to reach the point 
of inflexion at 40 per cent crystallization can be 
considered to be a measure of the rate of nucleation, 
and the rates so calculated will be compared with 
theory in what follows. The results obtained with 3 
unstirred electrodes are given in Table 1. 


An equation representing the rate of nucleation of 


pure metals has been proposed by Hollomon and 


nkT 167 | AF 
I = exp (2) 
h (ATPRT IIL kT 


A B C 


Turnbull® namely 


where x is the number of molecules of liquid metal 
per k, the constant 
Planck’s constant; o, the surface Gibbs function per 
unit area; AH, the latent heat of fusion unit 
volume of solid; AF ,, the Gibbs function of activa- 
tion for self-diffusion; and 7’, the abs. temp “Kk. 

For solutions » will be the number of molecules of 
solute per cm’, AF , will refer to the diffusion of the 


gas per molecule;  h, 


per 


solute. For the case of heterogeneous nucleation 
equation (2) is modified by Hollomon and Turnbull 
as follows: x» is replaced by n’, the number of mole- 
cules of solute in contact with the heterogeneous 
nucleating surfaces, and is replaced by o°f(4), 
where @ is said to be the angle of wetting of solid 
nucleus on the solid nucleating surface. Alternatively 
o°f(0) may be regarded simply as a quantity which in 
some way measures the surface Gibbs function for the 


heterogeneous case. 


* This treatment neglects the observation of Lewis and 
Bennett’?! who report that the chemical rate is partially 
controlling in the case of dissolution of zine crystals in mercury. 
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TABLE 1. Comparative nucleation rates in unstirred amalgams 


T(°C) 1/(AT)? ty.4(min) log (1000/t).,) 
(a) 4.66 g 2.90 per cent w/w amalgam. To 40.90°C 

2.30 0.189 26 1.585 

2.10 0.227 35 1.456 

1.90 0.277 65 1.187 

L.80 0.309 135 O.S70 

1.70 0.346 168 0.775 

1.60 0.391 385 0.415 

1.35 0.550 L000 0.00 


(b) 6.454 g 2.65 per cent amalgam. -. 36.87 C 
2.05 0,238 22.5 1.648 
1.53 0.427 71 1.149 
1.07 0.87% 320 0.495 
1.73 0.334 55 1.260 
1.31 0.581 85 0.733 
1.41 0.503 131 0.883 
(c) 4.841 g 2.08 per cent amalgam. Zs 23.21°C 
4.01 0.062 12 1.92] 
2.41 0.172 119 0.925 
3.01 0.110 39 1.409 
1.99 0.253 350 0.456 


Taking logarithms of both sides of equation (2) there 
is obtained the approximate relation 


| 


AT)? (3 


logy) 1 ~ const. 
where s* is written for either o* or o/(@) and where 
we have taken AF ,/k7 as substantially constant with 
respect to temperature. The slope of log,, J plotted 
against (A7’)~? will be equal to the quantity in curly 
brackets, and from this the value of s can be calculated. 
The experimental results of Table 1 are plotted as 
log,» (100/t, 4) against (A7’)~* in Fig. 4. where it will be 
seen that the experimental points fall reasonably well 
on straight lines. The values of s calculated from the 
slopes are given in Table 2, where the molar volume of 


TABLE 2. Unstirred electrode 
Run T’(°C) Slope 
1 41 6.0 3.30 
3 37 2.78 2.56 
3 23 7.78 3.67 


zine has been taken as 9.5 cm?/g-atom and the latent 
heat of solution in mercury as 9.5 10!° ergs/g-atom. 
If these values of s o are used in equation (2) the 
rate to be expected for homogeneous nucleation may 
3.3 and AT 


be calculated. For instance for 
(say) 2°C, bracket B is found equal to 3 
Taking the concentration as 0.029 w/w of solution at 
41°C, the rate is found to be J =7 « 10%, 
immensely greater than the value of 108—10° nuclei/sec 


This Is 


VOL. 
8 
1960 


ACTA METALLURGICA, VOL. 8, 1960 


logo() 


Fic. 4. 1/AT? against log,, (1000/t,.,) for three different 
amalgams (unstirred). in in min. 
23.2°C ; 36.9°C ; 40.9°C 
which may be obtained by estimating roughly the 
number of small crystals formed in a given experiment 
by direct observation. 
The low observed rate must therefore correspond 


to a very low value of bracket A. The low value of 


bracket A. the low values of s, and the fact that nuc- 
leation is being observed in a bulk phase would 
suggest, according to the expressed views of Hollomon 
and Turnbull®, that nucleation is taking place on 
heterogeneous particles as nucleating centres. 


If this is so it should be possible to observe a reduc- 


tion in rate if means be found to reduce the number of 


nucleating particles. Accordingly experiments were 
carried out in which the test electrode without stirrer 
was slowly cooled until sufficient zinc had crystallized 
to form a solid cap at the amalgam surface; the liquid 
amalgam was then drawn away from the cap by 
sucking out a small portion of the liquid through a side 
arm, the cap being at the same time supported by a 
glass rod. In this way it was hoped to remove a 
considerable number of heterogeneous nuclei with the 
crystallized phase, when the remaining liquid amalgam 
should show slower nucleation rates. 

In a typical experiment the test amalgam had a 
saturation temperature of 62°C, and after the cell had 


been kept at 80°C overnight the temperature was 
lowered to approximately 40°C for at least 12 hr. 
After separating the liquid amalgam from the solid cap 
the cell was heated overnight at some degrees above 
the new 7, value, and the rate of nucleation was then 
determined as usual, by cooling to a fixed temperature 
below this 7’). The results of three experiments were 
as follows: 

(a) Slow pre-crystallization from 43°C to 31°C: 

separated amalgam heated 5°C above new 7, 
value overnight: then it was found that 
tyy = 20 min for AT = 3.00°C. (Compare 
ty, ~ 350 min from unstirred results shown in 
Fig. 5.) 
Rapid pre-crystallization from 62°C to 41°C: 
separated amalgam held at 2.5°C above the new 
T, overnight: thenf,, = 8 min for AT = 4.9°C 
(Compare ty 4 ~~ 4 min extrapolated from Table 
I(a).) 

(c) Slow. pre-crystallization from 62°C to 43°C: 
separated amalgam heated 5°C above new 7, 
overnight: then ft, , = 33 min for AT = 4.87°C. 
(Compare extrapolated from 
Table I(a).) 

Estimates have been given above in brackets of the 
values of t), for a corresponding run at the same 7, 
and AT but without pre-crystallization, based on the 
values from the runs of Figs. 4 and 5. In case (a) the 
run with pre-crystallization is seen to be about 17 
times faster and in case (c) about 8 times slower than 
in the original runs: in case (b) the rates are about the 
same. Since the complete removal of foreign nuclei 
might be expected to increase the possible supercooling 
to a figure measured in some tens of degrees. the rela- 
tively small effect on the rates just quoted is hardly 
considered significant and is not much greater than 
the chance variation between successive batches of 
amalgam. These observations appear therefore to 
throw some doubt on the idea that nucleation is on 
heterogeneous particles suspended in the liquid. 
Other explanations are taken up in the Discussion. 


NUCLEATION IN STIRRED 
AMALGAMS 
It was observed that when using stirring rates of 
1000 r.p.m. in type (ii) cells, (test) was lowered by 
100-150 «V in concentrated amalgams, and by much 
larger values in dilute. However, when stirring was 
stopped, E(test) rapidly returned to its static value 
over approximately 30 sec. In crystallization rate 


studies, therefore, stirring was stopped one minute 


prior to measuring e.m.f. values. This gave much more 
consistent results than trying to measure e.m.f. with 
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continuous stirring. Values for nucleation rates in 
the amalgam stirred at 700 r.p.m. were compared with 
static values in the same amalgam and electrode 
results being shown in Fig. 5. The results were con- 
siderably more erratic than in unstirred systems: 
they show that the stirred rate is only about 5 times 
greater than the unstirred. 


SOLUBILITY AND ACTIVITY 
COEFFICIENTS 
Experiments, not reported in detail were under- 
taken, which substantially confirmed the solubility 
of Cohen Activity 
measured found to be 


measurements and Inouye“. 


coefficients were also and 


largely temperature independent, this point being of 


significance in the calculations of heats of solution 
given later. 
CRYSTALLIZATION 

Experiments were carried out in a glass vessel to 
study qualitatively the effect of cooling, stirring, ete., 
on the nature and quantity of the crystals produced. 
Both x and # phases are known to form hexagonal 
crystals. On cooling a solution below 7, two extreme 
cases were observed. In the first a very large number 
(about 250,000 in 4 g amalgam) of minute crystals 
about 0.1—-0.2 mm diameter, were found suspended in 
the liquid phase, as illustrated in Fig. 6, the glass wall 
of the crystallization cell being free from attached 
crystals. In the other extreme case the whole of the 
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crystallized solid formed a cap on the surface, together 


with a narrow collar round the wall just below the cap 


and attached to it, and with a few isolated crystals 


attached to the clear glass below the collar. Rapid 


stirring, rapid cooling and smooth glass walls tended to 


produce the first result. Slow cooling of an unstirred 


amalgam in a cell with roughened walls produced the 
Inter- 


maximum adhesion as in the second case. 
mediate results in which the crystals were partly 
attached to the 


walls or forming a solid cap on the surface could be 


suspended in the liquid and partly 


produced by various combinations of the external 


conditions. 
The collar of crystals referred to above was only 
loosely attached to the wall, and could easily be 


separated from it: but in certain experiments, espe- 


cially at slow rates of cooling, a certain small number 


(up to ~1000 in certain cases) of crystals appeared to 


be growing firmly attached to the wall: it is possible 


that these were directly nucleated on the wall. As a 


Examples of crystals suspended in the liquid 
rounded hexagonal 0.1-0.2 mm dia- 
meter, Rapid cooling, stirred, 


phase: prisms 


020 
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Fic, 7. Crystallites produced by seeding with massive 
zine with stirring and slow cooling. Same magnification 
as Fig. 6. 


result of a considerable number and variety of experi- 
ments it was clear that the bulk of the solid formed is 
usually grown in the solution as minute crystals: if it 
is finally found as a solid cap, or attached as a solid 
band to the glass wall, this was normally because of the 
aggregation and subsequent growing together of 
crystallites coming from the liquid phase, rather than 
to initial growth on the wall: and this applied both 
to smooth and roughened walls. 

The individual crystallites formed in solution 
varied from perfect hexagonal plates to somewhat 
rounded and hollowed out forms. usually of very 
uniform size. 

Separation of the mercury from the precipitated 
crystallites presented at first some difficulty, but it 
was ultimately found that a_ relatively complete 


separation could be effected by centrifugation with a 


no. 3 sintered filter as a support, using an acceleration 
in excess of 1000 g. 


SEEDING EXPERIMENTS 

Attempts were made to cause growth to take place 
on small numbers of nuclei added from an external 
source by holding the solution inside the metastable 
region, i.e. using a AT’ of 0.5-1.0°C which is less than 
that required to produce nucleation. Once crystalliza- 
tion had occurred as shown by removal of the super- 
saturation, the solution was allowed to cool very 
slowly, with stirring, as in the experiments just de- 
scribed, and again keeping AT at values not above 1°C: 
in this it was hoped that the added nuclei would grow 
and no others form. 

Three types of added solid phase were used, consis- 
ting of (a) a drop of amalgam which had been recently 
nucleated by strong cooling and therefore contained a 
large number of small crystals, (b) numbers of small 
crystallites (0.1 mm diameter) obtained by centri- 
fugation from previous crystallization experiments, 
and (c) massive zinc. 

(a) With a small drop of nucleated amalgam, the 
resulting number of crystallites was approximately the 
same as if the whole amalgam had been allowed to 
nucleate and crystallize by strong cooling without the 
addition of external nuclei. This experiment, perfor- 
med twice, appeared therefore to show that, although 
the added nuclei removed the supersaturation, they 
gave rise to an immense crop of new nuclei. 

(b) When a known number (~200) of visible 
crystallites were used, a very similar result was ob- 
tained, namely the formation of a large number of 
small rounded crystals (aggregated at the walls) as 
found earlier when the whole amalgam was allowed to 
nucleate. Once again, therefore, these experiments 
show that large numbers of nuclei are produced under 
supersaturation conditions which normally exclude 
their formation. 

(c) Similar numbers and size of crystals were 
obtained when seeding was effected by massive 
(polycrystalline) zinc. In this case all the crystals, 
about 500,000 in number, were present in the bulk of 
the amalgam as shown in Fig. 7, (which may be com- 
pared with Fig. 6 at the same magnification). Even 
more remarkable, however, was the reduction in size 
of the added zine (0.66—-0.060 g) which, therefore, 
instead of growing due to crystallization, had actually 
dissolved. 


SOLUTION OF ZINC IN 
SATURATED AMALGAMS 
In view of the result obtained when massive zine 
was added to a supersaturated solution, a series of 
experiments were now carried out in which massive, 
amalgamated zinc was added to saturated amalgams, 
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Fic. 8. 
Polycrystalline 
i.e. amalgams which were in equilibrium with a solid 
phase precipitated by cooling from a higher saturation 
temperature. The massive zinc was added for a given 
time, at a constant temperature, and then removed, 
centrifuged to free from liquid amalgam and reweighed. 
Any crystals loosely attached to the zinc, similar to 
those in the liquid, were scraped off before weighing. 
Cells of type (ii) were used with vigorous stirring 
(500-700 r.p.m.). 


It was at one time suggested that this solubility of 


massive zinc in “saturated” solutions might be due to 
the presence in polycrystalline zinc of intergranular 
disordered zinc: accordingly runs were also carried 
out using single crystals of zinc. The runs in both 
series were performed in a random order, each run 
lasting 18 hr. The rates of both series are given in 
Table 3 and are plotted in Fig. 8 against temperature 
in °C. Since rate will presumably be proportional to 
surface area, the rates used in the figure were taken as 
the 


As can be seen, 


proportional to (m}/*—m!'!*), where are 


initial and final masses of added zine. 


Mo, m 


dissolution rates increase with lowering of temperature, 
being virtually zero above 50°C. Rates increase more 
rapidly about the two transition points, x%-/ at 
42.9°C, p-y at 20°C. These results may perhaps be 
explained on the grounds that the added ~ zinc is the 
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TABLE 3. Comparative dissolution rates for zinc in saturated 


amalgams (stirred at 500-700 r.p.m.) 


my (gz) m hr (g) cent loss 


(a) Polyerystalline zine 


98 0.561 0.048 91.8 2.63 
20.48 O.571 0.0 100 4.64 
22.52 0.644 0.126 80.3 1.95 
26.94 0.765 0.238 68.8 1.50 
30.28 0.488 0.257 47.5 0.90 
32.70 0.565 O.215 62.0 1.28 
36.28 0.710 0.340 §2.1 1.02 
40.24 0.608 O.375 38.3 0.70 
43.20 0.709 0.543 23.0 0.40 
45.70 0.770 0.690 10.0 0.18 

0.712 0.726 0.0 0.00 


0.692 


(b) Single-crystal zine 


20.16 0.668 112 2. 

20.80 0.596 0.0 100 4.64 
22.30 0.608 0.184 69.7 1.52 
28.20 0.607 0.204 66.5 1.42 
33.70 0.594 0.275 L.05 
39.00 0.623 0.396 36.2 5 


isa 


44.26 0.534 0.464 


less stable phase below 42.9°C and will therefore 
dissolve, the driving force for this dissolution increas- 
Similarly, below 
further 


ing with lowering of temperature. 
20°C the 
increase in dissolution should take place. Since the 


% zine is even less stable and a 
two types of added zinc show similar behaviour, dis- 
solution cannot only be due to differences in solubility 
of granular and inter-granular zine. 

In order to confirm this explanation of the disso- 
lution, an experiment was carried out with the # phase 
instead of zinc, this being obtained by removing from 
the walls of the cell, following the experiments with 
polyerystalline zine, the solid layer of crystallized zine. 
This had formed in the course of the experiments and 
was centrifuged to remove excess amalgam. A small 
portion was analysed and found to contain 58.7 wt. °,, 
Hyg 


temperature. This specimen was fairly compact and 


very near that expected for the # phase at room 


its dissolution rate found to be 0.10 at 28.77°C 
low compared to that found with zinc, thus confirming 


very 


that dissolution may occur due to x zine being meta- 
stable below 42.9°C. 

The fact that dissolution of x zinc also appears to 
occur at temperatures above 42.9°C is however difti- 


cult to explain on any grounds. 


ANOMALOUS E.M.F. VALUES 
While carrying out all types of experiment it was 
ocasionally observed that the the test 
electrode (i.e. one which had recently been crystallized 


e.m.f. of 
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by cooling and which contained only a little solid 
phase) remained indefinitely higher than that of the 
saturated electrode containing considerable excess of 
solid phase: the differences, d£, observed falling 
usually within the range 200-300 “V. 

The effect does not appear consistently, even on 
repeat runs with the same electrode system. In 
experiments with cells of type (i) the effect was very 
rarely observed; also, the presence of 0£ was usually, 
although not always, more apparent in a cell which had 
been in use some days or weeks when the temperature 
was continually being raised and lowered during runs. 
Leads and contacts were not responsible for the effect 
since their interchange or renewal did not alter the 
e.m.f. The effect was usually absent when both elec- 
trodes were stirred and only occasionally present when 
neither electrode was stirred. 

Changes in e.m.f. of two-phase zinc amalgams with 
time have been observed by Cohen and van Ginne- 
ken), The effects were attributed by these authors to 
the non-equilibrium of the x and / phases and it is 
reasonable to suppose that the present dE effect is 
also connected with this phenomenon, although it has 
not so far proved possible to lay down the precise form 
of this connexion. A reconsideration of the experi- 
mental work given earlier will show that none of the 
principal conclusions need be invalidated by the 
possible existence of this effect. In any case in most of 
the experiments the data obtained showed that no dF 
effect was in fact present. In the seeding experiments 
the existence of a dF effect would in any case mean 
that the true supersaturation was even less than that 
apparently observed. 


SOLUBILITY AND HEAT OF 
SOLUTION 

Two cases are to be considered, namely the heat of 
solution of zine (% phase) at temperatures above 42.9°C, 
and that of the 6 phase below this temperature. The 
heats of solution considered here will be the heats 
absorbed when 1 mole of the solid phase dissolves at 
constant temperature into an infinite liquid phase 
which will be just saturated at the end of the process. 
(The significance of the different kinds of latent heat of 
phase change has been discussed by Strickland- 
Constable™.) The heat of solution of pure zine will be 


(“"") 4) 


My, — Hy 
IT 


sat 

where f/;, is the partial molar enthalpy of zine in the 
liquid phase, H. the enthalpy of solid x zinc. 2, the 
mole fraction of zinc in the liquid phase on the satura- 


tion line, y;, the activity coefficient of zinc in the 


liquid phase based on y;,—> | for a,—» 0; sat refers 
to saturated liquid phase. 

Since, as already stated, y,, is virtually temperature 
independent in the composition ranges in question, 
equation (4) may be written 


d\n (ay, yx) 

dT 

The e.m.f., £, of a cell having an electrode consisting 

of liquid amalgam saturated with solid x zinc, and a 

standard dilute amalgam electrode will vary with 
temperature according to the equation 


sat 


din (xpy,) nF d(B/T) 
dT aT 


where x, y_ refer to the saturated electrode. Con- 
sequently 


d(1/T) as 


(5) 
If E/T is plotted against 1/7 the slope will be equal to 
(Ay, — Hg)nF. 

The corresponding heat of solution of the p phase, 
AH (t), is given by the equation 


AH (t) T(x, dT 
7 


sat 

This is obtained at once from the general equations for 
phase equilibrium: it is for instance derived from 
equation (25) of Strickland-Constable® by putting 
dP =, by equating AS(G) of that equation to 
AH(t)/7, and by changing G to L and L to s in the 
other sub- and super-scripts labelling the phases. 
G,, is the molar Gibbs function of the liquid phase; 
x, the mole fraction of zinc in the solid phase. 

Now 


T ry, \Ox,, T Oxy, 


where yy, is the chemical potential of zine in the liquid 
phase, and therefore 


RT? 


AH 
dT 


— d In (x, yx) 
F sat 


\d(1/T)) 


The right-hand side of this equation is the same as that 
of equation (5) multiplied by the factor (7, — 2,)/ 
(1 — 

A cell having one saturated two-phase electrode 
(saturated at about 80°C) and one dilute standard 
electrode was allowed to cool very slowly with stirring 
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Fic. 9. Heat of solution experiments. 100/7' against 
E(volts) 105. 


of the saturated electrode: from time to time readings 
were taken after the temperature had been held con- 
stant for half an hour. The results are plotted in Fig. 9 
as E/T against 1/7’. The points appear to fall on two 
straight lines of nearly equal slope. That above the 
transition point of 42.9°C has a slope corresponding, 
according to equation (5), to a heat of solution of x 
zine of 2,220 cal/g-atom. This is in good agreement 
with a figure of ~2,250 cal/g-atom which has been 
quoted in I.C.T. for the heat of solution of pure zinc 
in mercury. 

The curve below 42.9°C has a slope which is not 
very different from the one above: if it is assumed 
that the solid phase with which the liquid is in equi- 
librium is again x zine the heat of solution according to 
2,520 cal/g-atom, a figure not 


4,04 


equation (5) would be 
very different from that obtained above 42.9°C. If on 
the other hand the solution is considered to be in 
equilibrium with the solid # phase, then the heat of 
solution will be given according to equation (6) as 


0.75—0.086 
0.914 


2.520 = 1830 cal/g-atom, 


AH 


0-086 have been taken for the 


where xy = 0.75, x, 


compositions. 
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The latent heat of fusion of mercury is 556, so that 
a reasonable estimate for the heat of solution of the 
Pp phase would be 


556 


2 29) 


1722 


lam, 


0.70 0.30 


which is not very different from the figure of 1830 
calculated from the experimental figures assuming 
that the solid is the # phase. The results below the 
transition point would therefore appear to be consis- 
tent with a solid phase which may either be stable # or 
metastable x. 


DISCUSSION 

In assessing the results of the rate of nucleation 
experiments, the low values of bracket A and of o, and 
the fact that the experiments were on a bulk phase 
rather than on small drops would suggest that nuclea- 
tion is occurring on heterogeneous particles suspen- 
ded in the liquid. But the fact that the removal of 
a first crop of crystals did not reduce the subsequent 
rate of nucleation appears inconsistent with this view. 
Two possible explanations, which are not mutually 
exclusive, are offered. 

By the first it would appear possible that nuclei are 
formed at certain points on the glass wall, and as they 
grow bigger are floated off into the liquid phase: 
such nucleating centres would not be affected by the 
removal of a preliminary crop of crystals, and the 
subsequent nucleation rate would remain unchanged. 

The second explanation takes into account the 
that to 
small number of nuclei added to a slightly supersatu- 


observation nuclei appear breed nuclei—a 
rated solution apparently give rise to a crop of crystals 
immensely more numerous than the added nuclei. If 
this is the case it is no longer necessary to assume that 
nucleation of a bulk phase is mainly heterogeneous. 
The nucleation of small drops could still be due to an 
essentially homogeneous process governed by equation 
(2), but the nucleation of a bulk phase would occur by 
a two stage process: First a small number of nuclei are 
formed by a process that may be either homogeneous 
or heterogeneous according to circumstances, and 
whose rate might therefore depend on the presence or 
absence of foreign particles; in the second stage a 
much greater number of nuclei are produced by some 
process of reproduction.* According to this view 
therefore the high rate of nucleation of a bulk phase as 
compared witha small drop could in many cases be due 
to the high rate of the reproduction process, rather than 


to the presence of heterogeneous nucleating centres. 


* This breeding process must however be considered to oceur 
only if the supersaturation exceeds a certain limit, and there 
must still exist a region of very low supersaturation where 
crystals will grow without breeding. 
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If the existence of the reproduction process is 
accepted it will in general be necessary to take account 
of it in calculations of the rate of nucleation of bulk 
phases; more however would need to be known about 
the details of the process before an attempt could be 
made to account for the log 7J/AT~? relation observed 
in the present case. 

In conclusion, reference will be made to the fact 
that breeding of nuclei has already been postulated by 
other workers. For instance it is mentioned as an 
accepted fact by McCabe. when discussing indus- 
trial crystallization processes. 
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The mechanisms of the transformations C : 


investigated by means of electrical resistivity measurements. 
heating and cooling in the temperature range 210° C—340 C are given. The transformation ¢ 


TRANSFORMATIONS IN THE £ AND ¢ PHASES OF 
THE SILVER-ZINC ALLOYS*+ 


W. J. KITCHINGMAN#: and J. I. BUCKLEYS 


> BP in a silver—zine alloy of 49.97 at.°, silver have been 


Values obtained at various rates of 
> p takes 


place by breakdown of the ¢ structure to give a partially ordered / structure which subsequently dis- 


orders. The transformation / 


Les auteurs étudient les mécanismes des transformations C ; 
°, argent au moyen de mesures de résistivité électrique. 
vitesses de chauffage et de refroidissement entre 210 


» € is accompanied by the formation of anti-phase domains. 


TRANSFORMATION DANS LES PHASES ET DALLIAGES ARGENT-ZINC 


- § dans un alliage argent—zine a 49,97 at. 
Ils donnent les valeurs obtenues pour diverses 
et 340°C, 


La transformation { — / a lieu pour 


donner une structure / partiellement ordonnée qui se désordonne par la suite. La transformation 


p — C est accompagnée par la formation de domaines antiphase. 


UMWANDLUNG DER f- UND ¢-PHASE VON SILBER-ZINK-LEGIERUNGEN 


Mit Hilfe von Messungen des elektrischen Widerstandes wurden die Umwandlungsmechanismen 


¢ =f an einer Silber-Zink-Legierung mit 49,97 Atom °, Silber untersucht. 


Mebwerte fiir verschiedene 


Heizungs- und Abkiihlungsgeschwindigkeiten im Temperaturgebiet 210°C bis 340°C werden angegeben. 


Bei der Umwandlung ¢ 


Struktur, deren Ordnung dann verschwidnet. Bei der Umwandlung / 


> 6 bricht die (-Struktur zusammen und ergibt eine teilweise geordnete /- 


> ( bilden sich Antiphasenbereiche. 


INTRODUCTION 
The p phase of the silver-zine alloys occurs 
around the composition 50 at. °,, silver. It exists only 
above temperatures around 265°C and has a disordered 
body centred cubic structure. Below this temperature 
it transforms to a complex hexagonal structure, the 
¢ phase. The f phase may be retained on quenching 
from above 265°C but orders during the quench to 
give a body centred cubic structure of the cesium 
chloride type. 

The structure of the ¢ phase has been investigated 
by Edmunds and Qrashi">*), They showed that the 
fp and ¢ structures are closely related. The b.c.c. / 
structure may also be considered as a hexagonal 
structure with its ¢ axis along the cube diagonal. 
The ¢ structure is obtained from the / structure by 
movement of atoms mainly in the direction of the 
Both 
containing nine atoms. The ¢ structure is partially 


cube diagonal. structures have a unit cell 


ordered. 


EXPERIMENTAL METHOD 


An alloy of composition 49.97 at. °, silver was 
prepared by melting high purity silver and zine in an 
argon atmosphere. The ingot was homogenized for 
48 hr at 550°C, hot forged and machined to give a 


* Received July 6, 1959. 

+ This paper contains some results presented at a conference 
on metals of the X-ray group of the Institute of Physics, 
London, November 1958. 

+ Metallurgy Department, College of Science and Tech- 
nology, Manchester. 

§ Now at Brunel College of Technology, Acton, London. 
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cylindrical specimen approximately | cm in diameter 
and 10 em long. It was then annealed in evacuated 
Pyrex tube at 250°C for several days to give the ¢ 
structure. 

The specimen was enclosed in a specially designed 
furnace as described by Buckley®. This could be 
evacuated to better than 10-4 mm of mercury. The 
temperature of the specimen was varied by differing 
heating and cooling rates applied to the furnace 
using a pulse controlled variac. Heating and cooling 
rates of 0.2°C/min and 2.5°C/min were used in the 
temperature range 210°C-340°C. Measurements of 
the resistance were made by comparing the potential 
fall across the specimen, with that across a standard 
resistance connected in series. Values of the resistance 
were also obtained under conditions of temperature 
equilibrium at various temperatures within the range 
210°C-340°C. 
maintained at the measuring temperature until no 
The time for 


To obtain these the specimen was 


further change in resistance occurred. 
this was 3-5 hr depending upon the measuring tem- 
The specimen temperature could be con- 


perature. 
trolled during these measurements to 


RESULTS 
The results obtained are shown in Figs. 1-4. Only 
the equilibrium curve is shown in full. The other 
curves are similar except for the regions around the 
transition temperature and the temperatures at which 
departures from linearity in the curve occur. These 
temperatures are noted below and the region of the 
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transition temperature is shown in detail for each 
curve. Figs. 1 and 2 show the values under conditions 
of temperature equilibrium both on heating and 


x 


cooling, the curves are coincident. Fig. 1 shows the 


per cm 


complete curve, Fig. 2 detail around the transition 
temperature, Figs. 3 and 4 show the curves obtained 
at the heating and cooling rates of 0.2°C/min and 
2.5°C/min. The heating curves at the two rates are 


250 3000 ~C~*” similar, the higher rate of heating however displaces 
Temperature (°C) 


Resistivity ohms 


the transformation temperature from 284°C to 292°C. 
Fic. 1. Resistivity-temperature curve under conditions 


~ on. The equilibrium transformation temperature from 
of temperature equilibrium in the range 210°C-—340°C, 


Fig. 1 is 273°C. The full curves show that as the € 
phase approaches the transition temperature a 
departure from linearity occurs—at ~240°C for 0.2°C/ 
min heating and at ~232°C for 2.5°C/min heating— 


both curves show an increase in resistivity above the 
linear extrapolated value. The equilibrium curve 


shows a similar feature occurring at ~241°C. 


y ohms per cmx 190-6 


At the transition point the resistivity falls sharply 
as the P phase is formed. It then increases until a 


Resistivit 


temperature of 298°C for the 0.2°C/min curve and 


— 
Temperature (°C) 301°C for the 2.5°C/min curve after which both curves 


become linear. These features are absent in the 


temperature of the resistivity temperature curve under equilibrium curve. 

Oe ee ae The curves on cooling at the two rates differ from 
the heating curves around the transition temperature. 
The cooling curve for the # phase departs from linear- 
itv at 278°C for the rate 0.2°C/min and 272°C for the 
rate 2.5°C/min. At the transition point both show a 
sharp peak, the major point of difference from the 
heating curves. The transition temperatures are 


267°C for the 0.2°C/min cooling note and 262°C at 
2.5°C/min. The ¢ phase curves are not linear until 
~241°C for the 0.2°C/min rate and ~232°C for the 
290 ~«-300 2.5°C/min rate, the same as the heating curve values. 


Resistivity ohms per cm x 10 6 


280 290 
Temperature (°C) 
Resistivity—temperature curves at fixed heating DISCUSSION 


rates. 

heating at 0.2°C/min. Examination of the results of Edmunds and Qrashi™? 
show that the unit cell of the structure and the 
structure from which it is derived are similar. One 
third of this cell is shown in Fig. 5. The ¢ structure 
is obtained from the / structure mainly by movements 
of the atoms labelled (6) and (6!) in the directions 
shown. Their movement relative to the basal plane of 
the ¢ phase structure is ~0.68 A, their distance apart 
being 2.82 A. The atoms in the positions (a), (b) and 
(b') are almost 100 per cent zine whilst those in the 
positions (c) and (c!) are 75 per cent silver. 


Resistivity ohms per cm x 10-6 


| | =. Consideration of nearest neighbour distances shows 
260 270 280 
Temperature (°C) that in the / phase structure each atom has eight 
Fic. 4. Resistivity-temperature curves at fixed cooling nearest neighbours at distances of 2.73 A. In the C 
rates. 
cooling at 2.5°C/min. (c) or (c!) atoms around it, which are 75 per cent silver, 


phase structure each (a) atom which is zine has six 
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Fic. 5. Clinographic view of (a) § phase structure and 
(b) the corresponding ( phase structure showing the 
changes in the unit cell dimensions and the movement 
of (6) and (b') atoms. 
© (a) type atom. (c) type atom. 
@ () type atom. (b) type atom. 
@ (b') type atom (after Edmunds and Qrashi). 


at a distance of 2.66 A, and two (a) atoms at a dis- 
tance 2.82 A. 
(c) atoms, 75 per cent silver at 2.69 A, and two (b) 
atoms at a distance of 2.82 A. A similar arrangement 
to this latter exists between the (6b!) and (c!) atoms. 
These groups of eight which are found in the ¢ 
structure are different from nearest neighbour groups 
in the / structure in that they are arranged parallel to 


Each (6) atom, which is zine, has six 


the hexagonal c axis. Both arrangements are shown in 
Fig. 6. 

The atoms in positions (a) were found to have a 
preferred thermal vibration of ~0-2 A in the direction 
of the c axis. Some variation in the scattering due to 
(5) and (5!) atoms also occurs, but the variation showed 
no definite direction of preferred vibration. The 
authors conclude that the groups of atoms (c) and 
(c!) are in the position of close packing of spheres with 
(a) and (4) atoms occupying the cavities between them. 
These atoms have a freedom of movement of about 
0.2 A. 

These facts, especially the favoured position of the 
zine atoms, suggest that ordering of the / phase may 
be important in the transformations $= ¢ and 
examination of the resistivity curves support this 
conclusion. The curve obtained by heating the speci- 
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| Q 
266-269 
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( (b) 


a) 


Fic. 6. Nearest neighbour groups in the corresponding 
(a) P phase structure, and (6) ¢ phase structure. 
@ 100 per cent zinc. 75 per cent silver. 


men from the ¢ state may be explained as follows: 
as the temperature rises the vibration of the atoms in 
the ¢ structure becomes abnormal, the curve is no 
longer linear, at the transition temperature the ¢ 
structure bonds break down and the atoms assume 
the structure of the # phase which is similar but with 
different bond distances. This # phase structure still 
retains the order present in the ¢ phase structure. 
We therefore have the phase structure with partial 
long range order since each € crystal transforms into a 
p erystal. This accounts for the dip in the resistivity 
curve as the temperature increases. Further increase 
in the temperature causes the long range order to 
break up and the structure becomes that of the dis- 
ordered / phase. The resistivity curve shows a gradual 
increase in resistance followed by linearity in accor- 
dance with this. 

The curve obtained on cooling is explained as 
follows. At some temperatures the / phase begins to 
order; Warren and Suoninen"™ have shown that short 
range order exists at temperatures above 265°C in this 
phase. During the ordering process areas form 
within a single / crystal with the degree of order 
associated with that of the € phase and p’ phase. 
There is competition between these two structural 
forms which is dependent upon the rate of cooling. 
The crystal may be considered to be divided into 
domains which are out of phase with each other. The 
boundaries between these domains lead to reflection 
of the electrons after the manner of Lipson’s") anti- 
phase domains. The increase in resistivity due to this 
If the rate of 


cooling is low enough the domains will all form the ¢ 


reflection causes the curve to peak. 


phase structure. This phase has the lesser free energy 
at low temperatures. The ordered p’ phase, when 
obtained by quenching, transforms on heating at 
about 130°C to give the ¢ phase. 

A single f crystal on slow cooling will give rise to 


many € crystals. A somewhat greater rate of cooling 


ag 
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will produce a mixture of ¢ and /’ crystals, fast 
cooling gives only p’ crystals. This can be shown by 
X-ray measurements and has been described by 
Owen and Edmunds‘, 

The equilibrium heating and cooling curves show 
that the alloy of composition 49.98 at. °,, silver trans- 
forms at 273°C and that the width of the two phase 
region is ~1°C. This agrees with the equilibrium 


diagram of Hume-Rothery et al.™. 


SUMMARY 

The transformations may be summarized as follows. 
As the temperature of the / phase falls, partial order- 
ing occurs. When the zinc atoms are in certain pre- 
ferred positions due to this ordering an adjustment of 
nearest neighbour distances takes place. Its effect on 
the crystal structure is to cause an expansion across 
the {11.1} faces and a contraction across the {30.0} 
faces. This leads to interaction between the Fermi 
surface and the Brillouin zone boundary which results 
in the stabilization of the € structure as described by 
Kitchingman™). Anti-phase domains occur in the 
transformation and it is characterized by a single 6 
crystal forming many € crystals, probably in the 
manner described by Bergmann and Jarros™). 

On heating the C structure, an abnormal thermal 
vibration of the atoms occurs in the region 230°C—240° C 
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At the transition 


temperature the ¢ structure bonding breaks down and 


depending upon the heating rate. 


the structure takes up the excess energy by forming 


the p phase structure. This latter is partially ordered 


in the manner of the { phase. Since each ¢ crystal will 
form a similar / crystal no anti-phase domains are 
formed, but a # phase structure with partial long 


range order is obtained. On further heating this 


disorders. 
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THE KINETICS OF WUSTITE SCALE FORMATION ON IRON* 


W. W. SMELTZER?+ 


The kinetics of scale formation on iron in carbon dioxide atmospheres have been determined in the 
temperature range 600° —1100°C by a thermogravimetric technique. The scale constituents were identified 
by means of X-ray and microscopic examinations. The oxidation rates obeyed linear and parabolic time 
laws for short and long exposures respectively. Linear scaling was determined by the rate of incorporation 
of chemisorbed oxygen into the wustite lattice at temperatures lower than 910°C, and by dissociation of 
carbon dioxide and incorporation of oxygen into wustite at higher temperatures. The theoretical tem- 
perature coefficient of the parabolic rational rate constant for wustite formation was evaluated over the 
temperature range of its stability. Results from the literature on parabolic oxidation of iron in oxygen 
were in good agreement with the theoretical evaluation, whereas the results obtained for oxidation in 
carbon dioxide were of smaller magnitude above the Curie temperature of iron. This behavior was 
explained by the consideration that the chemical activity of oxygen in wustite at the oxide—gas interface 
was insufficient for equilibration of wustite with magnetite. 


LA CINETIQUE DE FORMATION DE WUSTITE SUR LE FER 

L’auteur étudie par une technique thermogravimétrique, la cinétique de formation de couches d’ oxyde 
sur le fer dans une atmosphére de dioxide de carbone, dans le domaine de température de 600° a L100°C, 
Il identifie les constituants de la couche d’oxyde par des examens microscopiques et aux rayons X. 
Les vitesses d’oxydation obéissent a des lois linéaires et paraboliques pour des expositions de courte et 
longue durées respectivement. L’oxydation linéaire est déterminée par la vitesse d’incorporation dans 
le réseau de wustite d’oxygene chemi-sorbé pour des températures inférieures a 910°C, et par la 
dissociation du dioxyde de carbure et l’incorporation d’oxygéne dans le wustite aux températures plus 
élevées. Le coefficient de température théorique de la constante de la vitesse parabolique de formation 
de wustite est calculé pour le domaine des températures oti elle est stable. Les résultats publiés dans la 
littérature sur loxydation parabolique du fer dans loxygéne sont en bas accord avec les calculs 
théoriques, tandis que les résultats obtenus pour l’oxydation dans le dioxyde de carbone sont plus faibles 
au-dessus de la température de Curie du fer. L’auteur explique ce comportement en considérant que 
lactivité chimique de loxygéne dans le wustite a interface oxyde-gaz est insuffisante pour équilibrer 
le wustite avec le magnétite. 


KINETIK DER BILDUNG VON WUSTIT-SCHICHTEN AUF EISEN 

Mittels einer thermo-gravimetrischen Technik wurde die Kinetik der Bildung von Oxydschichten auf 
Kisen in einer Kohlendioxyd-Atmosphare im Temperaturbereich 600 —1100°C bestimmt; die Bestandteile 
der Schicht wurden durch réntgenographische und mikroskopische Priifmethoden identifiziert. Fiu 
die Oxydationsgeschwindigkeit gilt ein lineares bzw. parabolisches Zeitgesetz fiir kurze bzw. lange 
Einwirkungszeiten. Die lineare Schichtbildung wurde bei Temperaturen bis 910°C durch die Einbaurate 
des chemisorbierten Sauerstoffs in das Wiistit-Gitter bestimmt, durch die Dissoziation des Kohlendioxyds 
und den Einbau des Sauerstoffs in den Wiistit bei hGherer Temperatur. Der theoretische Temperatur- 
Koeffizient der Geschwindigkeitskonstanten im parabolischen Zeitgesetz der Wiistit-Bildung wurde fii 
den Temperaturbereich von dessen Giiltigkeit bestimmt. Literaturangaben iiber das parabolische 
Oxydationsgesetz bei Eisen in Sauerstoff stimmen mit der theoretischen Bestimmung gut iiberein; die 
Ergebnisse fiir Oxydation in Kohlendioxyd sind jedoch oberhalb der Curietemperatur von Eisen von 
geringerer GréBe. Das lieB sich durch die Uberlegung erklaren, daB die chemische Aktivitat des 
Sauerstoffs im Wiistit an der Grenzfliche Oxyd-Gas fiir die Einstellung des Gleichgewichts Wiistit- 
Magnetit nicht ausreicht. 


INTRODUCTION 

Studies on the scaling of iron have provided results 
suitable for the understanding of many oxidation 
processes at elevated temperatures. The growth of Engell' has evaluated the diffusion coefficient of iron 
multilayer scales of wustite, magnetite and hematite yacancies in wustite. Since this evaluation was 
were determined to be controlled by the diffusion of 


the reactants across the oxide layers by Davies et al." 
and Himmel et al."*) in substantial agreement with the 


Wagner theory of parabolic scaling.®) Recently, 


independent of vacancy concentration, substantion 


ae a‘ : was obtained for the postulates of the Wagner theory. 
* Received June 25, 1959. This work forms part of a ; 


research project sponsored by the Air Force Office of Scientific | The oxidation of iron may be controlled to a constant 
Research, Air Research and Development Command. 

+ Metals Research Laboratory, Carnegie Institute of 
Technology, Pittsburgh, Pennsylvania. Present address: OXygen chemical potential at the oxide-gas interface. 
Department of Metallurgy and Metallurgical Engineering, Hauffe and Pfeiffer®. and Pfeiffer and Laubmever 
Hamilton College, McMaster University, Hamilton, Ontario, : 
Canada. 
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rate by a chemisorption reaction for low values of the 


have determined the influence of carbon dioxide and 
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oxygen pressures on these rates. By means of X-ray 
examination of the Arkharov™ has 
shown that oxidation in carbon dioxide was limited 
initially by the rate of oxygen supply to the wustite 
surface, and finally by a decreasing supply of iron to 
the reaction surface leading to formation of an outer 


oxide scales, 


magnetite layer. 
The kinetics of scale formation in carbon dioxide 
have not been determined over a broad temperature 


range. Moreover, Fischbeck et al.), Bénard and 
Talbot™, and Seigneurin and Forrestier"® have 


reported anomalous scaling kinetics in the tempera- 
ture range of the magnetic transformation of iron and 
at the transformation temperature of alpha to gamma 
iron. In a further attempt to elucidate the reaction 
kinetics, the linear and parabolic scaling rates in 


carbon dioxide have been determined over the 
temperature range 600°-1100°C in this investigation. 
The seale constituents have been identified micro- 


scopically and by X-rays. To a first approximation, 
the dependence of the oxidation kinetics on tempera- 
ture and pressure of the gaseous reactant may be 
explained by adsorption and oxidation theories. 


EXPERIMENTAL 
A glass vacuum assembly containing a metal spring 
balance similar to that described by Davies et al.” 
was used in the investigation of the oxidation kinetics. 
To allow to flow 
pended iron specimen, a gauge containing Octoil S 
vacuum 


carbon dioxide around the sus- 


high vacuum liquid was connected by a 
stopcock and Pyrex glass tubing to an outlet in the 
bottom of the mullite reaction tube. Carbon dioxide 
flowed downwards through this tube and escaped 
through the gauge to the laboratory environment. 
The temperature of the furnace in the region for sus- 
+ 2°C. 


pension of a specimen was controlled to 
metal 


Cathetometer of the spiral 
spring were reproducible to 0.01 cm; this displacement 


measurements 


corresponded to 0.5 mg weight changes of the 0.8 g 
specimens. Upon the assumption of a uniform thick 
oxide scale of bulk density on the geometric area of the 
specimen, | mg O/cem? was equivalent to 7 microns 
of wustite. 

Scale formation was studied as a function of time 
and temperature in carbon dioxide at 765 mm pres- 
sure. Before oxidation, a specimen was annealed in a 
racuum of 10-° mm during the heating period of 
approximately 3 hr to 890°C and for 30 min at this 
temperature. The furnace was then adjusted to the 


test temperature and the specimen was annealed 
further for 1 hr. Carbon dioxide was then admitted to 
the reaction tube and controlled to a flow of 12 em/min. 
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A series of specimens was quenched from the test 
temperatures to 0°C. For this purpose, one reaction 
tube was equipped with a mercury trap below the 
varbon-dioxide outlet. An oxidized specimen was 
allowed to fall freely into mercury held at 0°C by 
removal of the suspension wire from the pin on the 
revolving glass winch. After the furnace had cooled, 
the specimen was removed from the reaction tube by 
means of a magnet. 

Cross-sections of the quenched specimens were 


examined microscopically. Ortho-bond A room 
setting resin supplied by the Vernon—Benshoff 


Company proved to be a_ satisfactory mounting 
plastic. The oxide phases in the scales were distin- 
guishable after etching with a 5 per cent Nital solution. 
These phases were identified from X-ray patterns 
using the powder technique and intensity graphs 
obtained on a General Electric diffractometer by 
X-ray bombardment of the external scale surfaces. 

The high purity iron has been described by Himmel 
et al.). A conductometric analysis showed an impur- 
itv content of 0.004 per cent carbon. Slabs 3/8 in. 
thick were cut from the vacuum melted and cast 
6 » 2 in. diameter ingot and cold rolled by multiple 
passes to 0.03 in. sheet. Specimens 0.02 in. thick were 
prepared from sections of these sheets by abrasion 
with metallographic papers to a 4/0 fineness. Carbon 
dioxide supplied the was 
purified of water vapor by passage through mag- 


by Airco Corporation 


nesium perchlorate desiccant. 


RESULTS 

The results of oxidation tests in the temperature 
range 600°—-1100°C for exposures to 100 hr are illus- 
trated in Figs. 1 and 2. In Fig. 1, the results are 
represented by rectilinear plots of weight gains, mg 
O/cm?, versus time for exposures to 40 hr. The results 
for long exposures are represented in Fig. 2 by para- 
bolic plots, weight gains versus (time)'*. The tests 
were completed in duplicate at each temperature; 
the reproducibility is illustrated by the rate constant 
evaluations in Figs. 4 and 5. 

The constituents in the scales at different tempera- 
tures and exposure times are reported in Table 1. 
Microscopic examinations to identify 
phases which occurred as outermost layers or precipi- 


were used 
tates in wustite. 

A photomicrograph of a scale formed on iron during 
a long exposure of 100 hr at 700°C is illustrated in 
Fig. 3. The duplex scale consisted of an outer mag- 
netite layer on wustite. Also, the external magnetite 
projecting crystallites due to 
Even at this relatively low 


surface exhibited 


whisker type growth. 
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SCALE FORMATION ON TRON 


Fic. 1. Sealing of iron in carbon 
dioxide at 765 mm pressure over the 
temperature range 600°—LLO0°C. 


WEIGHT GAIN (mg./cm?) 


<= 
= 
= 
© 
WwW 
= 


4 5 
TIME (hours) 2 


temperature, wustite was the main consituent of the 
scale. 
DISCUSSION 
The plots in Figs. 1 and 2 demonstrate that the 
oxidation rates may be represented initially by a 
linear relationship which transforms to a parabolic 
relationship at long exposures. Consequently, the 
kinetics are interpreted by two time laws of metal 
oxidation : 
Am 
(—-) = Ky 
A 
‘Am\* 


TIME (hours) 


Fic. 2. Sealing of iron in carbon 
dioxide at 765 mm pressure over the 
temperature range 600 


The weight gain of a specimen for unit surface area, 
Am/A, 


layer, and A, and are the linear and parabolic 


is equivalent to the thickness of the oxide 


rate constants of oxidation respectively. 

The following reaction mechanism represents the 
processes for linear and parabolic oxidation of iron to 
wustite : 

CO, 
O 


T 
— FeO 


(ads) 


(0) 


Fe + Fe 
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Fic. 3. Photomicrograph of duplex scale on iron after 
exposure for 100 hr at 700°C in carbon dioxide: = 160 
(40 sec etch in 5°, Nital solution). 

The subscripts (g), (0) and (i) refer to gas, the lattice 
defect structure at the oxide-gas and metal—oxide 
interfaces repectively. For electrical neutrality in the 
oxide layer, an iron vacancy is equivalent to two 
ferric ions. These ions are designated positive holes 

in the reaction mechanism. 

Oxidation would obey a parabolic law if the con- 
centrations of vacancies and positive holes in equa- 
tions (3), (4) and (7) were of sufficient magnitude to 


WEIGHT GAIN (mg. /cm? -sec.) 


04 0.5 0.6 0.7 0.8 
Feo, 


/Peo, + Peo 


Fic. 4. The dependency of the linear rate constants for 
wustite scale formation on partial pressures of carbon 
dioxide at 900°, 950° and 1000°C (Hauffe and Pfeiffer), 
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TABLE 1. Oxide constituents in scales on iron specimens 


quenched from test temperature 


T Ex Microscopic 

empereature “xposure ication (FP, examination 
(°C) (hr) powder d, ( « 500) 

diffractometer) 


610 16 FeO, Fe,O, (d) 

610 100 Fe,O, (d) 

700 16 FeO, Fe,O, (P) 

36.5 FeO, Fe,0,(P) precipitate of 
Fe,O, from 
quench 

700 100 Fe,O, (d) duplex scale 

700 141 Fe,O, (d) duplex scale 

850 8 FeO (P) 

850 10 FeO (P) 

920 4 FeO (P) 

920 10 FeO, Fe,0, (P) precipitate of 
Fe,O, from 
quench 

950 l FeO (P) 

990 1 FeO (P) 

1010 4 FeO (d) 

1010 4 FeO, Fe,O, (P) precipitate of 
Fe,O, from 
quench 

1100 FeO (P) 


cause vacancy diffusion via its gradient across the 


oxide scale, equation (5), to determine the reaction 


rate. Since a linear law is observed, the processes 
represented in equations (3), (4) and (7) determine the 
initial reaction rate. 

According to the viewpoint of Hauffe and Pfeiffer, 
the constant oxidation rates are determined by a 


| 


LOG K, (gm./cm? min.) 


° 
fe) 

T 
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Fic. 5. The Arrhenius plot of linear rate constants for 
wustite scale formation. 
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chemisorption reaction. This reaction may be con- 
trolled by dissociation of carbon dioxide and/or 
incorporation of chemisorbed oxygen into the wustite 
lattice. If the surface coverage, 4, of absorbed oxygen 
is constant, 


k3( Poo, — 6) k,6 k, To) (8) 


/ ks 
k, + kK 


(Poo, Peo,)- (9) 


and, 


Here, ky, k, and k, are the rate constants for oxygen 
chemisorption, wustite formation and oxygen desorp- 
tion respectively, Peo, is the partial pressure of carbon 
dioxide over wustite equilibrated with iron, and K isa 
constant related to the equilibrium constant of 
reaction (6). If the assumption is made that linear 
oxidation is determined by incorporation of chemi- 


sorbed oxygen into wustite: 


K, = k,6 


&. & 


Poo, - (10) 


PS). (11) 


It is assumed that parabolic oxidation is determined 
by diffusion of reactants in the oxide scale according 
to the Wagner theory. Engell™ has shown that the 
current of iron vacancies in wustite is 


J 3D. grad = — C")/x. (12) 


Upon substitution of the following parameters in 


equation (12), 


(13) 
(14) 


1 d (Am 
(15) 


dt \ A 
the parabolic equation may be derived where, 
K p = 6f,6D_ {(ydfs) — (ydfe)?. (16) 


In these expressions f, is the weight fraction of oxygen 


in wustite of average density 6. The superscripts (0) 
and (i) have the usual significance for properties at 
the oxide interfaces. Therefore, the parabolic rate 
constant may be evaluated from the diffusivity of 
vacancies, wustite densities and parameters of the 
iron—oxygen phase diagram if the activity of oxygen 
at the oxide—gas interface is equivalent to its equili- 
brium value. 

Tests of the theoretical expression, equation (11), 
for the linear rate constant are illustrated in Figs. 4 and 
5. The kinetics may be dependent to the first order 
on the partial pressure of carbon dioxide. Plots are 
illustrated in Fig. 4 of the scaling constants deter- 
mined by Hauffe and Pfeiffer in the temperature 
range 900°—1L000°C versus the partial pressure of carbon 
dioxide. These plots show that the linear rate con- 
stants for wustite scale formation are directly depen- 
dent on the partial pressures of carbon dioxide 
greater than the values for equilibration of wustite 
with iron. 

The activation energies of oxidation and vacancy 
diffusion may be equivalent since incorporation of 
oxygen into wustite, equation (4), is equivalent to 
vacancy formation in the vicinity of an adsorbed 
oxygen ion. Engell has given two evaluations of the 
diffusivity coefficient from chemical-tracer and elec- 
trochemical measurements. These are, 


D_(cm?/min) exp —29,700/RT (17) 


D_(em?/min) = 2.35 exp —30,500/RT. (18) 
The Arrhenius temperature coefficient of the linear 
scaling constants is illustrated in Fig. 5. The con- 
stants may be represented by a linear plot below 
910°C, the transformation temperature, 7, of alpha 
to gamma iron. The activation energy of 28.8 — 3 
keal/mole is equivalent to that for vacancy diffusion 
Thus, equation (11) accounts for the pressure and 
temperature dependency of the scaling kinetics, and 
leads one to conclude that the scaling of alpha iron is 
determined by incorporation of chemisorbed oxygen 
into wustite. 

The linear constants at temperatures greater than 
920°C cannot be represented by the Arrhenius coefti- 
cient of the lower temperature range. The constants 
are larger than evaluations from this coefticient and, 
also, the activation energy of 50.5 — 5 keal/mole is 
much larger than the value of 30 kcal/mole for 
vacancy diffusion. The dissociation energy of carbon 
dioxide is 67.6 kcal/mole. Apparently, the dissocia- 
tion of carbon dioxide and incorporation of chemi- 
sorbed oxygen into wustite are both rate deter- 
mining processes of oxidation at high temperatures. 
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Fic. 6, Arrhenius temperature coefficients of parabolic 


oxidation constants: 
theoretical coefficient with D— determined from 
electrochemical measurements (Engell'*?). 
theoretical coefficient with D— determined from 
iron self-diffusion measurements (Engell")). 
experimental coefficient of parabolic constants 
for oxidation in carbon dioxide. 
, experimental determinations of parabolic constants 
for oxidation in oxygen (Schmahl et al."??). 
experimental determinations of parabolic constants 
for oxidation in oxygen (Davies et al."’). 


This viewpoint is borne out by the finding that linear 
rapidly transforms to parabolic oxidation at tem- 
peratures greater than 920°C (Fig. 2). During the 
brief period of linear oxidation, the gradient of iron 
vacancies is rapidly established to a value for para- 
bolic oxidation by an increase in the oxygen content 
of wustite at the oxide—gas interface. 

To this time, the temperature coefficient of the 
parabolic rational rate constant for a metal has not 
This 


formation is illustrated in Fig. 6. 


been published. coefficient for wustite scale 
Two evaluations 
The 
parabolic constants were evaluated for 100° incre- 
600°-1100°C by 


using the two determinations for the diffusivity of 


were carried out by means of equation (16). 


ments in the temperature range 
iron vacancies, and data from the iron—oxygen phase 
diagram and the density determinations of wustite.“)) 
The theoretical coefficients represent adequately the 
extensive determinations of Schmahl et al."?) and 
Davies et al.) for the oxidation of iron in oxygen 
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at 1 atm pressure. The occurrence of magnetite and 
hematite as outer layers on wustite has not been 
taken into account in the 
Paidassi"™*) has shown that the relative thickness of 


calculations because 
these layers is only 5 per cent of the total scale 
thickness at temperatures from 700° to 1250°C. 

The good agreement between the theoretical and 
experimental temperature coefficients for iron oxi- 
dation in oxygen contributes further substantiation 
for the validity of the Wagner theory“ over the tem- 
perature range in which wustite is stable. It is to be 
noted that the temperature coefficient of the para- 
bolic constants in carbon dioxide is smaller than the 
these constants at 


theoretical Moreover, 


temperatures above the Curie point of iron are 


curve. 


smaller than those for oxidation in oxygen at 1 atm 
pressure. This behavior may be explained by the 
following consideration: the chemical activity of 
oxygen in wustite at the oxide—gas interface in carbon 
dioxide is insufficient for equilibration of wustite with 
magnetite. Consequently, the gradient of iron 
vacancies in wustite is smaller during oxidation in 
carbon dioxide than in oxygen. The results of X-ray 
and microscopic examination in Table | substantiate 
this viewpoint. The scale consisted of wustite at 
temperatures greater than 700°C for the experimental 
exposures because the chemical potential of oxygen 
was insufficient for magnetite formation. 

Evaluations of the parabolic constants in carbon 
dioxide and those by Davies ef al.“ in oxygen are 
equal but of smaller magnitude than the theoretical 
values below the Curie temperature of iron. Perhaps 
this phenomenon is associated with the effect of the 
metal substrate on the physical parameters of wustite. 
The oxide in the relatively thin scales may be under 
considerable stress since the molar volume ratio of 
bulk crystalline wustite to iron is approximately 1.7. 
This suggests that the parameters required to define 
the diffusion of vacancies through these thin scales are 
smaller than those used from the iron-oxygen phase 
diagram in the theoretical calculations. 

Both theoretical 
coefficients of parabolic constants are curvilinear over 


and experimental Arrhenius 
the temperature range in which wustite is stable. 
Since the Arrhenius coefficient for the diffusivity 
of vacancies is linear, the curvature in the coefficient of 
oxidation constants is determined by the variation of 
Within the 
experimental accuracy, these coefficients are contin- 
uous at temperatures about the 
point (910°C) of alpha to gamma iron. The curva- 
tures in the plots are largest below the Curie point of 
iron (765°C) to the wustite eutectoid point (570°C) 


wustite composition with temperature. 


transformation 


| 
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wherein the composition of wustite and, therefore, the 
concentration gradient of iron vacancies undergo the 
largest variation. 

SUMMARY 


The kinetics of scale formation on iron in carbon 
dioxide atmospheres have been determined in the 
temperature range 600°-1100°C. Identification of the 
scale constituents by X-ray and microscopic techni- 
ques has shown that wustite was the only constituent 
at high temperatures for the experimental exposures, 
whereas wustite and magnetite formed a duplex scale 
at temperatures below the Curie point of iron. Linear 


scaling was determined by incorporation of oxygen 
into wustite at temperatures lower than 910°, and by 


dissociation of carbon dioxide and incorporation of 


oxygen into wustite at higher temperatures. The 
theoretical temperature coefficient of the parabolic 
rational rate constant was evaluated for wustite scale 
formation. Results from the literature on parabolic 
oxidation of iron in oxygen at | atm pressure were in 
good agreement with this evaluation. The tempera- 
ture coefficient of the parabolic constants for oxidation 
of iron in carbon dioxide was smaller than the theoreti- 
cal coefficient because the activity of oxygen in 
wustite was insufficient for formation of magnetite. 
Finally, the large curvature of the Arrhenius coeffi- 
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cient of parabolic oxidation constants from the Curie 
point of iron to the wustite eutectoid point was caused 
by the change of wustite composition with tem- 
perature. 
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SUR LA TREMPE DES LACUNES DANS UN POLYCRISTAL A GRAINS FINS* 
A. BLANDIN et J. FRIEDEL* 


Quand les lacunes de trempe s’annihilent de préférence a la surface de léprouvette ou aux joints des 


grains, la résistance mesurée doit décroitre exponentiellement avec le temps pour des temps supérieurs a 


quelques minutes. La constante de temps varie avec les dimensions des grains, et donne une mesure 


absolue du coefficient de diffusion D = D, exp ( 


U/kT) des lacunes. Les conditions d’application de 


ces formules—grains fins et trempes de températures modérées—semblent remplies dans des expériences 
récentes par Germagnoli ef a/., quidonnent D, ~ 5 ¢.g.s. et U 1.3 eV pour le cuivre et Dy ~ 15 c¢.g.s. et 


1.5 eV pour le platine. 


ON THE QUENCHING OF VACANCIES IN A FINE GRAINED POLYCRYSTAL 


When quenched vacancies disappear preferentially at the outside surface or at grain boundaries, the 
measured resistance should decrease exponentially with time, after a few minutes, The time constant 
varies with the dimensions of the grains and gives an absolute value of the diffusion constant D 
D, exp (—U/kT) of the vacancies. This analysis should be valid for fine grains and quenches from 
moderate temperatures. These conditions seem to be fulfilled in recent experiments by Germagnoli et a/. 
leading to Dy ~ 5c.g.s. with U = 1.3eV for copper and Dy, ~ 15c¢.g.s. with U = 1.5 eV for platinum. 


ABSCHRECKEN VON LEERSTELLEN IN 


EINEM FEINKORNIGEN POLYKRISTALL 


Wenn die eingefrorenen Leerstellen vorzugsweise an der Probenoberflache oder an Korngrenzen 
verschwinden, mu der gemessene Widerstand nach Verlauf einiger Minuten exponentiell mit der Zeit 
abnehmen. Die Zeitkonstante hangt von der KorngréBe ab und gibt ein absolutes Ma® fiir die 
Diffusionskonstante D D, exp(—U/kT) der Leerstellen. Die Anwendungsbedingungen der gegebenen 
Formeln—feine Koérner und maBige Abschrecktemperaturen—scheinen bei den Experimenten von 


Germagnoli et a/. aus neuerer Zeit erfiillt zu sein. 
Kupfer und D, ~ 15 ¢.g.s. und U 1.5 eV fiir Platin. 


Diese ergeben D, ~ 5 ¢.g.s. und U 1.3 eV fiir 


1. INTRODUCTION 
De récentes mesures") de la résistance électrique de 
fils metalliques trempés donnent un accroissement de 
résistance Ap qui disparait au cours du temps f 
suivant une loi de type exponentiel 


Ap(t) = A exp (— Bb). (1) 


oi A et B sont deux constantes. pour des temps 
supérieurs a quelques minutes. 

Une loi de ce type est prévue quand les lacunes 
sannihilent sur un nombre fixe de dislocations.'?:*) 
Mais pour des cristaux assez petits, les lacunes doivent 
sannihiler de préférence a la surface ou aux joints 
des grains. Le but de cet article est de montrer 
qu une relation du type (1) est aussi prévue dans ce 
cas. La valeur du coefficient B dépend alors de la 
taille et de la forme des grains. I] fournit une mesure 
absolue du coefficient D de diffusion des lacunes. 
Des revenus a des températures 7’ différentes per- 
mettent done de déterminer |’énergie d’activation U’ 
du déplacement des lacunes, mais aussi la constante D, 
dans |’ expression 


D = D,exp (—U/kT). 2) 


* Recule 30 Juin, 1959. 
+ Physique des Solides. B.P. no, 11 Orsay (S. et O.) France. 
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On traite le probleme de la diffusion des lacunes 
dans une plaque, un cylindre ou une sphere, quand 
elles ne peuvent s annihiler que sur la surface extéri- 
eure. Le cas de la plaque doit sappliquer a des 
lames minces et aux structures perlitiques; celui du 
evlindre aux fils fins utilisés dans les expériences 
citées ci-dessus,") qui sont sans doute constituées 
dune suite de grains nettement plus longs que le 
diamétre des fils. Le cas de la sphere doit étre 
approximativement valable pour des polycristaux a 
grains fins et équiaxes. On déduit ensuite de cette 
étude la résistance pour chacun de ces trois cas, et on 
compare les résultats avec les mesures expérimentales. 

On suppose dans tout ce qui suit une température 
de trempe assez basse pour que les lacunes se déplacent 
et sannihilent individuellement, sans former de 
bilacunes ou d’amas plus gros. 


2. DIFFUSION DES LACUNES 
Soient 7’ la température de revenu, ¢, la concen- 
tration de lacunes en équilibre a la température 7’, f(r) 
la concentration en excés des lacunes au point r au 
temps 0 (juste aprés la trempe), ¢(r, ¢) la concentration 
en lacunes au temps / au point r. ¢ vérifie équation 
de diffusion DAc = ; ou D est le coefficient de 


diffusion a la température 7’. 


¥ 
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On étudie trois cas: (1) la plaque infinie d’épaisseur 
2 R; 
(2) le cylindre infini de rayon R; 
(3) la sphére de rayon R. 
Avec les conditions initiales ainsi données c(r, 0) Ce 
+ f(t) et les conditions aux limites ¢(R,t) = cy, les 
solutions de l’équation de diffusion sont respective- 
ment, dans les trois cas envisagés, 


7 nimpair 


cos an (3) 


fi’) 
. x) cos x 
2RJo° 


avec 
n » R 


(x, =) 


c C+ 2 exp | t }————__ p) (4 


x “R y’ 
avec | f(r) J ar’ 
Pn = Re Jo 
Dr? 
C=C > (-1)" | n? —— 
n=1 R? 
_ nar 
sin 
R 
avec y, = (—1)""! — | r'fir’) sin dr’. 
R? Jo R 


Les x, sont les racines positives de J,(x2,) = 0 ot 
J ,(x) est la fonction de Bessel d’ordre 0. 

On remarque que la diffusion peut étre étudiée dans 
deux intervalles de temps: 

(a) Pour petit tel que R*)t < 1, 


termes des séries (3), (4), (5) participent a la valeur 


tous les 


de ¢: ¢ est voisin de sa valeur initiale f(r) sauf au 
voisinage de sa surface, et dépend fortement de la 
répartition initiale f(r). C'est la période de temps 
pendant laquelle s établit le régime (b). 

(b) Quand ( Dr?) R*)t 
seuls comptent les deux premiers termes. On a alors 


1. dans les séries donnant ¢, 


un régime “quasi stationnaire” ot la répartition 
initiale des lacunes en sursaturation nintervient que 
par les valeurs de z,. /,; ou y,;. On peut remarquer 
que pour toute répartition initiale raisonnable des 
lacunes, ces trois coefficients sont du méme ordre de 
grandeur que la sursaturation moyenne en lacunes. 
Si cette sursaturation était uniforme et égale a ¢,, 
on aurait exactement 2%, = = 7; = Dans la 
seconde phase de la diffusion, la répartition des 
lacunes et leur diffusion est done la méme que si la 
sursaturation initiale était uniforme. 
3. RESISTANCE DOE AUX LACUNES 
Dans le calcul de la résistivité, il faut tenir compte 


de ce que la concentration en lacunes est loin d’étre 
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uniforme pendant le revenu. Mais il faut également 
tenir compte de la présence d impuretés et éventuelle- 
ment des phonons. On peut en général supposer que 
la concentration de tous ces défauts a la température 
de mesure est suffisante pour fixer aux électrons un 
libre parcours moyen /, trés inférieur a la taille R des 
grains. Dans ces conditions, la diffusion des électrons 
par la surface est négligeable et on peut étudier la 
conductibilité d’une plaque (ou d'un fil) en ajoutant 
les conductivités dues a de petites sections d’aire ds 
dont les dimensions sont grandes par rapport a /). 
mais petites par rapport a R. 

Dans les expériences citées" la concentration en 
La concentration 
On traite 


dabord le cas ot la concentration en impuretés est 


impuretés est de Vordre de 10-4. 
initiale en lacunes est en moyenne de 10-5. 


tres supérieure a la concentration en lacunes. C'est le 


cas le plus simple a analyser. 


Cas de la lacune 


Le courant est perpendiculaire a la direction Ox. 


Pour des temps suffisamment longs, (7? Dt/R? 1), 
ona 
4%, Dr? Ta 
C™Cy exp COS 
4R? 2K 


Si py est la résistance totale a léquilibre a la tempéra- 
ture de revenu (due aux impuretés, lacunes et phonons) 
et p, la portion de cette résistance qui est due aux 
lacunes, la résistance p(f) au temps ¢ est donnée par 


1 dx 
p(t) Ro 4%, Dr* Tat 
eXp COS 
Po Pi 4R2 ? 
Comme on suppose p py. On peut écrire 
a(t) >, eXp (6 
f Po Ge I 
c’est-a-dire un exces de résistance pit) Po 
de la forme de léquation (1). Le coefficient B ne 


dépend que des conditions géométriques et de la 
température de revenu. Le coefficient A, lui,dépend des 
conditions de trempe; il est de lordre de (8/7?) Ap(0) 
(valeur exacte pour le cas ott la concentration en 
lacunes apres la trempe serait uniforme). 

Il est a remarquer que dans ce cas, la répartition des 
lacunes a peu d’importance car elles jouent un role 
secondaire dans la diffusion des électrons. On peut a 
peu de choses prés ajouter simplement les résistances 


dues aux impuretés et aux lacunes. 
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Cas du cylindre et de la sphére 

Le cas du cylindre et de la sphére* se traitent de 
méme. On trouve les résultats au Tableau 1. 

Le coefficient A est donné pour une concentration 
initiale de lacunes uniformes. x, est le premier zéro 
de J, et a pour valeur 2.405. 

On peut envisager le cas d’un métal tres pur, ot la 
concentration en impuretés est de lordre de la 
concentration en lacunes ¢, & léquilibre a la tempéra- 
ture de revenu. Si lon mesure les résistances A tres 
hasse température, la résistance py mesurée dans lés 
conditions d’équilibre est peu supérieure a la portion 
p, die aux lacunes. Elles sont toutes deux bien 
inférieures A la résistance Ap(0) die A lexcés de 
lacunes apres trempe. Le comportement de la 
résistance en fonction du temps est alors plus complexe. 
On ne peut plus du tout ajouter les résistances dues 


TABLEAU 1 


Lame Cylindre Sphere 

B D7? D 

R? 

aux différents diffuseurs. La phase de temps 
D a - | est alors 4 décomposer en deux intervalles: 


pour ¢ suffisamment grand pour que la concentration 
des lacunes en sursaturation soit petite par rapport a 
Dr? ] 

J 

on retrouve les mémes résultats que ci-dessus. Par 


la concentration d’équilibre 


Dr? 
contre, pour la période de temps | < exp {| + t 
R2 
la résistance p(t) est donnée encore par une 
0 


loi du type (1) avec le méme coefficient B que ci-dessus, 
mais des coefficients A qui valent 


Ap(0) 2Ap(0) 
Ap(0) Ap(0) 
log log 
Po Po 


a une ou deux dimensions. 

En conclusion, quelle que soit la pureté du cristal, 
on a, pour (Dz?/R?)t > 1, 
avec le méme coefficient B, mais des valeurs de A 


une loi exponentielle (1) 


* La cas de la sphére sapplique a un polycristal a grains 


équiaxes ou chaque cristal est assimilé a une sphére. Les 
dimensions des cristaux étant trés supérieures au_ libre 
parcours moyen /,. on peut négliger la résistance due aux 
joints de grains. 


ACTA METALLURGICA, 


VOL. 8, 1960 


Coefficient de diffusion pour un fil de cuivre de 
20 de rayon trempé de 930° K 


TABLEAU 2. 


TK 619 633 666 700 736 

t, (min) 200 150 25 8 3 

D e.g.s. (0.6) (0.8) 4.65 15 40 
différentes. En fait, dans le cas des expériences 


usuelles oti les impuretés sont plus nombreuses que 
les lacunes trempées les formules du Tableau | 
sappliquent. 


4. COMPARAISON AVEC LES RESULTATS 
EXPERIMENTAUX 

L’étude ci-dessus montre que, quelle que soit al 
répartiton initiale des lacunes, c’est-a-dire quelle que 
soit la température et la cinétique de la trempe, 
Ap(t) doit avoir dans un large domaine de temps une 
variation exponentielle, avec les valeurs du coefficient 
B données dans le Tableau 1. Il serait donc intéressant 
de vérifier cette constance de la valeur de B quand la 
température ou la cinétique de trempe varient. 

Les conditions physiques ott la formule (1) est 
valable sont les suivantes: 

(i) Annihilation des lacunes a la surface extérieure 
ou sur les joints de grain, done: 


grains fins: 
faibles contraintes thermiques pendant la trempe, 
de maniére a ne pas former trop de dislocations :") 
température de trempe pas tropélevée, de maniére 
a éviter la formation de bilacunes ou de boucles 
de dislocations. 

(ii) Temps de recuit suffisamment long. La con- 

dition Bt 


températures de recuit pas trop basses. 


> | exige comme on le voit ci-dessous des 


Ces conditions doivent étre remplies dans _ les 
expériences de Germagnoli ef a/. mesurant la résis- 
tivité de fils fins de cuivre” et de platine® (quand la 
température de trempe est assez basse). 

La limite inférieure de temps ft, définie par Bt, = 1 
est donnée dans les Tableaux 2 et 3. On en déduit les 
valeurs de D. 
températures sont assez incertaines du fait que la 
condition Bt 

On déduit de ces mesures les énergies d’activation 


Les valeurs pour les plus basses 


1 est assez mal satisfaite. 


Coefficient de diffusion pour un fil de platine de 
20 4 de rayon trempé de 1413°K 


TABLEAU 3. 


igs 4 651 667 | 687 | 714 725 | 743 | 762 
t, (min) 500 «140 5 30 20 10 5 
D e.g.s. 10'° (0,3) | 0,86 2,1 3.9 5.7 12 25 
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série de trempes qui doivent stabiliser la cinétique de 


revenu en ¢liminant la plupart des dislocations. La 


constante observée dans les gros fils au cours des 


premieres trempes est plus forte; elle varie moins 


\ lentement que R-*? parce que les dislocations jouent 
‘ 
~*~ un role d'autant plus important que le rayon est 
plus gros, 


I] serait intéressant d’avoir des résultats expéri- 


5 


mentaux plus nombreux, de maniére a vérifier: 
(1) la non influence de la trempe: 
+ (2) la loi de proportionnalité de Ben R-?; 
(3) la loi (1) dans le cas d’échantillons polyeristallins. 


Degrees x10 '° 
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A STUDY OF SOLUTE DIFFUSION IN LIQUID TIN* 
C. H. MAt and R. A. SWALINt 


The diffusion of aluminum, zinc, silver, copper and nickel in liquid tin has been investigated by the 
capillary-reservoir technique in a temperature range from about 240°C to 480°C. All of the solutes 


investigated were present in dilute solutions ranging from 0.2 to 0.7 wt. °%. The solutes were chosen so 
as to cover a range of relative partial molal enthalpies from large positive values to large negative values. 
On the basis of the self-diffusion of tin, it is found that the ratios of Dgoiyte to Deir ave 4.70, 1.90, 1.57, 
1.15 and 1.10, respectively for aluminum, zinc, silver, copper and nickel within — 15 or 20 per cent error, 
Diffusion coefficients of copper and nickel can be considered to be identical with that of tin within 
experimental error. The Stokes—Einstein and Eyring equations which consider only the factor of atom 
size. do not predict accurately the relative order of diffusion coefficients amongst the solutes. They do, 
however, predict the order of magnitude of the diffusion constant. On the basis of fluctuation theory, it 
is expected that those solutes which have a large positive relative partial molal enthalpy diffuse consider- 
ably faster than those solutes which have a large negative relative partial molal enthalpy since there is a 
much higher probability of significant density fluctuations occurring in the vicinity of the solute atoms 
in the former case. The data appear to be in agreement with this conclusion. Unfortunately no quanti- 
tative comparison is feasible at the present time because of the lack of potential energy versus distance 
data for solute-solvent neighbors in solution, It is further proposed that in dilute solutions, the diffusion 
coefficient of a solute approaches that of the solvent if the solute has a zero or large negative relative 


partial molal enthalpy in the solvent. 


ETUDE DE LA DIFFUSION DE DIFFERENTS METAUX DANS L’ETAIN LIQUIDE 

Les auteurs ont étudié par une technique de capilarité, la diffusion de aluminium, du zinc, de largent, 
du cuivre et du nickel dans l’étain liquide pour une gamme de températures comprises entre 240 et 480°C. 
Cette étude s intéresse a des solutions diluées contenant de 0,2 a 0,7 % en poids de métal dissous. Le choix 
de ces derniers a été effectué de telle maniére que lon couvre une gamme d’enthalpie molaire relative 
partielle, sétendant des plus grandes valeurs positives ju squ’aux plus grandes valeurs négatives. La 
connaissance de lauto-diffusion de létain permet de trouver que les rapports Dgissous & Dauto-diffusion 
sont respectivement 4,70, 1,90, 1.57, 1.15 et 1,10 pour Paluminium, le zine, largent, le cuivre et le nickel; 
lerreur sur la valeur de ces rapports est comprise entre 15 et 20°); dans les limites de la précision de la 
méthode, les coefficients de diffusion du cuivre et du nickel doivent étre considérés comme étant 
identiques a celui de étain. Les équations de Stokes—Einstein et Eyring qui considérent uniquement 
le facteur de taille atomique, ne permettent pas de prévoir avec précision lordre relatif des coefficients 
de diffusion des différents métaux étudiés. Par contre, ces équations permettent d’estimer l’ordre de 
grandeur de la constante de diffusion. Sur la base de la théorie des fluctuations, on peut s'attendre a 
ce que les éléments dissous qui possédent une enthalpie partielle molaire relative fortement positive, 
diffusent beaucoup plus rapidement que ceux dont lenthalpie partielle molaire relative est fortement 
negative. En effet, il existe une beaucoup plus grande probabilité d’obtenir des fluctuations de densité 
importantes au voisinage des atomes dissous de la premiére espéce. Les résultats de l'étude semblent 
étre en accord avec cette conclusion. Malheureusement, une Comparaison quantitative ne peut étre 
effectuée a Theure présente, par suite du manque de données relatives aux valeurs de l’énergie potentielle 
en fonction de la distance avec les groupements atome solvant-atome dissous. Les auteurs suggérent 
en outre que dans les solutions diluées, le coefficient de diffusion de l’élement dissous s’approche de celui 
de élément solvant lorsque cet élément dissous posséde une enthalpie partielle molaire relative fortement 


negative dans le solvant considéré. 


UNTERSUCHUNG DER DIFFUSION GELOSTER ATOME IN FLUSSIGEM ZINN 

Mit Hilfe der Kapillar-Reservoir-Technik wurde die Diffusion von Aluminium, Zink, Silber, Kupfer 
und Nickel in fliissigem Zinn im Temperaturgebiet 240°C bis 480°C untersucht. Alle gelosten Substanzen 
befanden sich in verdiinnter Lésung mit 0,2 bis 0,7 Gewichtsprozent. Die gelésten Metalle wurden so 
gewahlt, da® die relativen partiellen molaren Enthalpien von groBen positiven bis zu groBen negativen 
Werten reichten. Geht man von der Selbstdiffusion von Zinn aus, ergeben sich fiir das Verhaltnis 
Dausatz ZU Deeiysdie Werte 4.70, 1.90, 1.57, 1.15 und 1.10 fiir Aluminium, Zink, Silber, Kupfer bzw. 
Nickel mit +15 oder 20°, Fehler. Die Diffusionskonstanten von Kupfer und Nickel kénnen im Rahmen 
der Versuchsfehler gleich der von Zinn gesetzt werden. Die Gleichungen von Stokes-Einstein und von 
Evring, die nor den EinfluB der AtomgréBe in Betracht ziehen, geben keine zutreffende Aussage iiber 
die Reihenfolge der Diffusionskonstanten der gelésten Substanzen. Sie geben jedoch die richtige GréBen- 
ordnung der Diffusionskonstanten. Auf der Grundlage der Fluktuationstheorie erwartet man, da 
die gelésten Metalle, die eine groBe positive relative partielle molare Enthalpie haben, betrachtlich 
schneller diffundieren als die mit groBer negativer relativer partieller molarer Enthalpie, da im ersten 
Fall die Wahrscheinlichkeit fiir betrachtliche Dichteschwankungen in der Umgebung der gelésten Atome 
viel gr6Ber ist. Die MeBergebnisse scheinen mit diesem Schlu® in Einklang zu sein. Ein quantitativer 
Vergleich ist zur Zeit leider nicht méglich, da die Abstandsabhangigkeit der Wechselwirkungsenergie 
von geléstem und Lésungsmittelatom in der Lésung nicht bekannt ist. Weiter wird vorgeschlagen, 
daB die Diffusionskonstante einer gelésten Substanz praktisch gleich der des Lésungsmittels ist, wenn 
die relative partielle molare Enthalpie der gelésten Substanz null ist oder groBen negativen Wert hat. 


* Received October 5, 1959. 
+ Department of Metallurgy, University of Minnesota, Minneapolis, Minnesota. 
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MA SWALIN: 


1, INTRODUCTION 


The phenomenon of diffusion in the liquid state is 
in an embryonic state insofar as an understanding of 
the diffusion mechanism is concerned. This lack of 
understanding is due both to a relative paucity of 
experimental work particularly with very dilute 
solutions and to the difficulty of elucidating, quantita- 
tively, the structure of even simple monatomic liquid 
metals. There are two prominent equations used to 
relate diffusion coefficients of liquid metal to the 
properties of the solvent and the diffusing particle, 
namely, the Stokes—Einstein and Eyring equations. 
Both equations relate the diffusion coefficient of the 
species in question to the viscosity of the solvent and 
the radius of the diffusing particle. The general 
applicability of the Stokes—Einstein and Eyring 
equations has been verified since upon substitution of 
experimental self-diffusion coefficients for liquid 
metals and viscosity data into the equations, a value 
of the radius about equal to the ionic radius is obtained. 
Some investigators have gone so far as to attempt to 
deduce the effective charge on the diffusing ion from 
the size of the radius obtained. This practice is highly 
questionable, however, since in spite of the contri- 
bution of the Stokes—Einstein and Eyring equations 
to our understanding of the diffusion process, they are 
probably over-simplifications since local interactions 
between the diffusing species of interest and the 
solvent atoms are neglected. For solute diffusion in 
particular this attractive or repulsive interaction 
between solute and solvent might be expected to play 
an important role in the diffusion process. 

The purpose of the present study is to make a 
comparative study of solute diffusion in a given 
solvent in order to test the general applicability of the 
Stokes—Einstein and Eyring equations and_ the 
importance of solute-solvent interactions. To the 
writers’ knowledge no suitable data are currently 
available in the literature since most of the data have 
been obtained for fairly concentrated alloys which 
complicates interpretation since the measured value 
of diffusion coefficient will be a function of the 
intrinsic diffusion constants of solvent and solute as 
well as the activity coefficient.”’ For this reason, 
the data to be presented here were obtained for 
solutions as dilute as our analytical procedures would 
allow. The solutes themselves were chosen so as to 
cover a wide range of solute-solvent interaction 
ranging from large attractive interactions to large 
repulsive interactions, that is to say covering a range 
of relative partial molal enthalpies from large negative 
quantities to large positive quantities. Tin was chosen 
for the solvent in the present study because of its low 
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melting point, the availability of X-ray data for the 
liquid state, and the rather wide availability of thermo 
dynamic data. The solutes chosen were aluminum. 
zine, silver, copper and nickel. 


2. EXPERIMENTAL WORK 

A. General diffusion method 

There are a number of methods available in the 
literature for studying liquid diffusion, but most of 
them are applicable only to diffusion of non-metallic 
solutions for which relatively low temperature 
techniques can be used. In the field of diffusion of 
liquid metals, the methods available in the literature 
are relatively few. In recent years, the most widely used 
technique in the study of liquid metal diffusion is the 
so-called capillary-reservoir method.'?~7) This method 
was first used by Anderson and Saddington in 1949.‘?) 

In the capillary-reservoir method, the metallic 
sample containing the solute to be investigated is 
contained in a small capillary with one end sealed. 
This capillary is then dipped vertically into a large 
reservoir of pure molten solvent metal at a chosen 
temperature. After a given period of time, the 
capillary is taken out of the reservoir and a determi- 
nation of the solute diffusion coefficient is mad» 
according to a method discussed in a later section. 
In liquid diffusion studies, convection currents are 
generally a problem and thus have to be eliminated in 
order for reliable results to be obtained. In the 
capillary-reservoir method, convection currents are 
largely avoided because of the small diameter of 
capillary tubing. Besides this method is relatively 
insensitive to slight vibrations or disturbances in the 
vicinity of the diffusion apparatus. Because of these 
advantages, the capillary-reservoir method has been 


chosen for the present investigation. 


B. Preparation of diffusion sample 

1. Alloy preparation. The solute percentages of 
diffusion alloys were chosen approximately in the 
range between 0.2 to 0.7 wt.°,. Since the average 
weight of a sample is about 200 mg the lower limit of 
concentration of a particular solute element is mainly 
dictated by the sensitivity of the chemical analytical 
method for the particular element. In this study all 
solute elements are analysed by the spectrophoto- 
metric method. After the concentration of a particular 
alloy has been determined, known proportions of the 
solute element and the solvent tin are mixed so as to 
obtain the desired concentration. The alloy mixture 
is then placed in a high purity graphite crucible 2 in. 
high and 1 in. in diameter. This crucible is placed into 
a long silica tube of 2} in. inside diameter with one 
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end sealed. The top of the silica tube is fitted with a 
rubber stopper. The silica tube is placed vertically in 
a cylindrical resistance furnace, having a 5 in. zone of 
uniform temperature. Connections are made through 
holes in the stopper to a mechanical vacuum pump 
and McLeod gauge. There is also a Pyrex rod passing 
through the center of the stopper in the silica tube for 
stirring purposes. The system is pumped out and 
when the pressure in the silica tube becomes less than 
20 uw Hg, the power to the furnace is turned on. The 
alloy mixture is heated continuously at about 750°C 
for 70 hr in vacuo, after which the power to the 
furnace is turned off. When the furnace has cooled 
below 480°C the Pyrex stirring rod is lowered into the 
molten alloy and the liquid bath is agitated several 
minutes to insure uniformity of alloy composition. 

2. Capillary filling process. Two different sizes of 
Pyrex capillary tubing are used in the present study. 
One size has an OD of 5-6 mm and an ID of 3.4 mm. 


A. HARD RUBBER PLUG L. ALUMINA THERMOCOUPLE 
B. SILICA TUBE PROTECTION TUBE 
Cc. INSULATION S. SAMPLE HOLDER READY TO 
D. METAL SHELL DIP INTO TIN RESERVOIR 
E. TRANSITE BOARD FOR DIFFUSION 
G. TIN RESERVOIR T. MEASURING Pt.-1 0 %Rh. 
H. CONTROLLING THERMOCOUPLE COUPLE 
PROTECTION TUBE |. SAMPLE HOLDER ROD 
HEATING WIRE LEADS 2. HELIUM OUTLET 


3. HELIUM INLET 


- 
K. SUPPORTING BRICK 
Fie, 1. 


Diffusion anneal furnace. 
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The other has an OD of 7 mm and an ID of 1} mm. 
The apparatus used for the capillary filling process is 
basically the same as that used in preparing the alloy. 
In the capillary filling process, however, a helium gas 
facility is provided in the system in addition to the 
vacuum equipment. After the system is pumped out, 
the empty capillaries are dipped into the molten alloy 
bath. Helium gas is then admitted into the system. 
After a few minutes the capillaries, now filled with 
alloys, are slowly pulled out of the molten alloy bath 
and the system is allowed to cool. 


C. Diffusion annealing 

The diffusion anneal furnace and accessories are 
similar to the apparatus described above; however, the 
temperature control and measuring devices are more 
elaborate in the diffusion annealing apparatus. This 
apparatus is shown schematically in Fig. 1. 

The solvent tin is contained in a large graphite 
crucible with an OD of 23 
a length of 12 in. 


in. and an ID of 2 in. with 
The reason for using the large 
crucible for the diffusion anneal is discussed later. 
About 4 Ib of tin are used for each alloy system. 
This tin reservoir is placed in a long silica tube. 
Samples for the diffusion study are held in a sample 
holder which is similar to the capillary holder in the 
filling technique. Two samples are used in each 
diffusion anneal treatment. The temperature of the 
diffusion bath is measured with calibrated platinum— 
platinum, 10°, rhodium thermocouple. The tempera- 
ture range used in the present diffusion study is from 
about 240°C to 480°C. 

The bath was not stirred during the diffusion 
anneal. Preliminary investigations indicated that 
excessive vibration resulted from stirring and so it 
was decided to eliminate this possible cause of error. 
It was felt that convection currents existing in the tin 
bath would be sufficient to remove the solute as it 
diffused from the capillary into the reservoir. 

The diffusion anneal time was varied between 1.5 hr 
and 6.5 hr. There appeared to be no influence of the 
duration of the diffusion anneal time on the diffusion 
coefficient obtained thus indicating that D is inde- 
pendent of time as it should be if our boundary con- 
ditions used in the solution of Fick’s second law are 
appropriate. This fact also indicates that the diffusion 
constant is independent of solute concentration, at 
least in the vicinity of the concentration used in this 
investigation. This is what one would expect for 
dilute systems, such as those investigated here. 

D. Chemical analysis 

As mentioned previously, the chemical analyses are 

performed using the spectrophotometric method. 
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TEMPERATURE (°C) 
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Fic. 2. Log D vs. 1/7 plot for aluminum in tin. 


Since tin is generally found to interfere with this type 
of analysis if present in appreciable quantity, it has to 
he separated first from the solute element in a sample. 
This is done by first dissolving the alloy in 40 per cent 
hydrobromic acid and then by evaporating the tin as 
SnBr, in a mixed solution of hydrobromic acid and 
bromine over a hot water bath.‘ 
analysis used for the solutes are generally standard 
methods. The aurintricarboxylate method is used 


for analyzing the aluminum alloy. The mixed color 


used for zine.) the modified 
for 


is used for copper,‘* 


dithizone method is 


copper dithizone method is used silver, a 


modified dithizone method 
and the dimethylgloxime method is used for the de- 


termination of nickel.‘ 
3. CALCULATION OF DIFFUSION 
COEFFICIENTS 
The choice of the method of calculation for the 
diffusion coefficient depends, of course, on experi- 
Most of the methods 
used for calculating diffusion coefficients require a 


mental boundary conditions. 


penetration versus distance curve for the diffusion 
sample, thus involving sectioning and analyzing of 
the diffusion sample. In the present study, a method 


for calculation without involving sectioning was 
TEMPERATURE (°C) 
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selected. The main reason for choosing this method i- 
that in liquid diffusion, the concentration gradient of 
the diffusion sample may be distorted during solidifi 
cation after the diffusion process, thus affecting th: 
accuracy of the calculated diffusion coefficient. It j 
felt that the method used whereby sectioning is 
avoided after solidification would improve the accuracy 
of the calculated diffusion coefficients provided that 
sufficient number of samples are studied. 

A large volume of tin was used as a reservoir in the 
diffusion anneal process. The purpose of this was that 
the diffusion would occur into essentially an infinite 
sink, thus simplifying the solution of Fick’s second 
law. Under these boundary conditions, solution of 
Fick’s second law becomes 

C 4"S° (—1)" 


Ce Tn=0 2n l 


exp [—(2n + Dt/4L?] 


(2n 
COs (1) 


2] 
where C is the concentration of solute, f is time. x is 
TEMPERATURE (°C 
S00 400 300 250 


Log D ( cm2/sec) 


125 135 145 155 165 75 85 
vt x 103 
Fic. 4, Log D vs. 1/T plot for silver in tin 


the distance along the cylinder axis in the capillary. 
C, is the initial concentration of solute and L is the 
length of the diffusion capillary. 
tion (1) so as to obtain the average concentration in 


Integrating equa- 


the capillary after time ¢ vields the following equation, 


Cu. ing | 
C n=0 (2n 


For sufticiently long times all terms with » higher 
than 0 
thereby simplifying it to 


can be neglected in the above equation, 


C.. 8 [ Dt | 
- exp | (3) 
Plan | 


4. EXPERIMENTAL RESULTS 
A. Presentation of diffusion data 

Thedata are presented in graphical form in Figs. 2-6 
in which log D is plotted versus the reciprocal of the 
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Fic. 5. Log D vs. 1/T plot for copper in tin. 


absolute temperature. In these figures a single point 


in some cases represents an average of two diffusion 


coefficients. Assuming the temperature dependence 
of the diffusion coefficient is given by 


D = Dy exp (4) 


RT 

values of Dy and @ obtained from the experimental 
data are listed in Table 1. Also included in Table 1 
are the values of D, and Q for self-diffusion of tin in 
tin as determined by Careri and Paoletti’. 


B. Discussion of errors 

The calculation of errors in the diffusion coefficients 
is. of course, a difficult task. Some idea of the errors 
inherent in the study, however, can be obtained from 
a study of the scatter in the values of D about the 
best straight line on a log D versus the reciprocal of 
the Using standard 
methods of analysis"®) mean square errors in D, Dy 
and @ can be estimated. It is found that the probable 
18 per cent, 


absolute temperature plot. 


18 per cent, 
+12 per cent re- 


errors in D values are 
16 per cent, +17 per cent and 
spectively for aluminum, zinc, silver, copper and 


nickel. This spread of error values reflects uncertainties 


of 
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TABLE 1. Values of D, and Q for the diffusion of 
aluminum, zinc, silver, copper, nickel and tin 


in tin 
Element D,(em?/sec) (Q(cal/mole) 
Al 1.9 10-3 5200 
Zn 6.2 10-4 4880 
Ag 2.6 10-4 4200 
Cu 1.8 10-4 4200 
Ni 2.3 10-4 4530 
Sn‘? 2.2 10-4 4570 


550 cal in @ for aluminum, zinc, silver, copper and 
nickel respectively. The errors in log Dy are +0.27, 
+0.27, +0.23, +0.24 and +0.15 respectively for 
aluminum, zinc, silver, copper and nickel. It thus 
appears that the error in individual diffusion coeffi- 
cients is about 15-20 per cent. 

Because the errors in Dy and @ are about the same 
magnitude as the differences between the D, and @ 
values themselves, it seems fruitless to speculate on 
the significance of the differences between the diffusion 
properties of the solutes by comparing these quantities. 
As a result, another approach is used in the next 
section, namely, a comparison is made between the 
relative values of the diffusion coefficients themselves 
at a constant temperature. 


5. DISCUSSION OF THE RESULTS 
A. General remarks concerning the experimental results 

For convenience of discussion concerning the nature 
of the experimental results, a log D versus reciprocal 
of the absolute temperature plot for all five solutes 
studied in this investigation and also tin is shown in 
Fig. 7. A glance at this plot will show the magnitude 
of the diffusion coefficients of the solutes studied, and 
also the relative order among the solutes. From this 
plot, it can be seen clearly that aluminum has the 
highest diffusion coefficient followed by zinc, silver, 
copper and nickel at a given temperature. Copper 
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and nickel have almost identical diffusion coefficients. 
It is interesting to note that the slopes seem to be 
about all the same within experimental error. There 
very possibly are differences but these are too small to 
be detected. 


B. Discussion of the Stokes—Einstein equation and 
Eyring equation in connection with the experimental 
results 
The most generalized Stokes—Einstein equation 
takes the following form! 
Di l 3y/pr 5) 
kT 1 + 2y/pr 
Here / is the coefficient of sliding friction and D, 7, k, 
rand » are the diffusion coefficient, absolute tempera- 
ture. Boltzmann's constant, radius of the diffusing 
particle and coefficient of viscosity, respectively. 
When the diffusing particle is small, 6 equals 0 and 
equation (5) becomes 
kT : 
D ; (6) 
When the diffusing particle is large, / equals infinity 
and the following equation results 
kT 
D (4) 
Equation (7) is known generally as the Stokes 
Einstein equation. Since solute diffusion of liquid 
metals probably deals with 
dimensions, equation (6) is likely to be more applicable. 
This equation differs by a factor of 27 from Eyring’s 
equation. An analysis performed by Li'” indicates 


particles of atomic 


that a correction should be made to Eyring’s equation 
in order to give proper meaning to the velocity of the 
diffusing atom relative to its neighbors. The two 
equations are thus found to be identical when the 
diffusing particle is small. 

The ability of the Stokes—Einstein and Eyring 
equations in predicting the absolute value of the 
diffusion coefficient for the individual solutes can be 
analysed if the atomic radius of each solute is cal- 
culated from the experimental diffusion coefficients 
on the basis of the equations and then compared with 
the known radii of the solutes such as the Goldschmidt 
radii or ionic radii. This comparison is made in 
Table 2. 

Table 2 shows that the Stokes—Einstein or Eyring 
equation predicts the diffusion coefficients better than 
within an order of magnitude. However, they do 
not predict the relative diffusion coefficients of the 


solutes. It is interesting to note also in agreement 


4—(12 pp.) 
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TABLE 2. Comparison of atomic radii calculated on the basis 

of experimental results using the Stokes—Einstein or modified 

Eyring equation (12) with the Goldschmidt atomic radii and 
ionic radii 


Radius calculated Goldschmidt 
from equation (6) atomic 
(A) radius (A) 


Ionic 


Element 
radius (A) 


3 0.57 
7 O.83 
4 1.13 
S 
5 


Al 0.13 l. 
Zn 0.40 
Ag 0.52 
1.28 0.96 
l 


Cu 0.71 
Ni 0.71 


4 
3 
4 
2? 
2 


with the work of others on self diffusion that the ionic 
radii seem to give better fit with the diffusion data 


than the Goldschmidt atomic radii. 


C. Discussion of the experimental results with regard to 
fluctuation theory 

Recently Swalin™® advanced a theory of self- 
diffusion of liquid metals. In this theory it is postu- 
lated that diffusion results from the movement of 
atoms small and variable distances as the result of 
local density fluctuations. An equation was derived 
relating the self-diffusion constant to the interaction 
energy between a diffusing ion and its neighbors. A 
very important term in the theory is the energy of 
interaction between a diffusing ion and its nearest 
neighbors. In the case of solute diffusion, we are 
interested in the probability and the magnitude of 
local density fluctuations in the vicinity of the solute 
atom. 
reasoning, that the probability of a local density 


It would be expected, using quasi-chemical 


fluctuation is related to the relative partial molal 
enthalpy of the solute. Quantitative calculations with 
regard to the theory are difficult to make because of 
the lack of potential energy versus distance curve for 
pairs of unlike atoms in solution. Nevertheless, 
qualitative predictions are possible on the basis of the 
binding energy between the solute and solvent atoms. 
It is expected that solutes with positive relative 
partial molal enthalpies will have large and numerous 
density fluctuations in the vicinity of the solute atoms, 
hence leading to large solute diffusion coefficients. 
On the other hand, solutes with negative relative 
partial molal enthalpies, would tend to have smaller 
fluctuation, resulting in a smaller diffusion coefficient. 
In order to check this, qualitatively, it is interesting 
to compare the diffusion coefficients of the solutes 
studied in this investigation with the respective 
relative partial molal enthalpies in tin using thermo- 
dynamic data compiled by Kubaschewski and 
Catterall"®. A plot of the ratio D....,./D..., versus 
the relative partial molal enthalpy of the solutes is 
shown in Fig. 8. On this figure, the probable error is 
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of solutes in liquid tin. 


shown for each point. A definite trend is to be noted 
from this figure. has a 
positive relative partial molal enthalpy diffuses 5 
times faster than does tin in tin at 620°K. Zine, 


Aluminum which large 


which has a somewhat smaller relative partial molal 
enthalpy. diffuses about twice as fast as tin and 
silver, which has a relatively small relative partial 
molal enthalpy. diffuses about 50 per cent faster than 
tin. whereas copper, which has a very slightly negative 
relative partial molal enthalpy. diffuses at about the 
same rate as tin, and nickel, which has an extremely 
large negative relative partial molal enthalpy, also 
diffuses at the same rate as does tin. 

The results of this investigation indicate that those 
solutes which have a large repulsive interaction with 
the solvent tend to diffuse faster than the solvent 
itself, and further the greater the repulsion the larger 
the solute diffusion coefficient. On the other hand, 
however, it appears that the solutes which have large 
attractive the tend to 
diffuse at the same rate as the solvent, thus indicating 


interactions with solvent 
that the properties of the solvent itself govern the 
diffusion rate. This latter result is perhaps not too 
difficult to understand. For purposes of illustration 
let us consider an extreme case, one in which the 
relative partial molal enthalpy of the solute approaches 
minus infinity. For a dilute solution, this would result 
in a stable cluster consisting of the solute atom 
surrounded by numerous solvent atoms tightly bound 
together. At first glance, it might be expected that 
the diffusion coefficient of this cluster would be much 
less than that of the self-diffusion coefficient of tin 
because the radius of this cluster is about three times 
as large as the radius of the tin atom and hence 
according to the Stokes—Einstein or Eyring equation, 
its diffusion coefficient would be expected to be 3 
times less. This, however, is not the case. According 
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to Li“? the Stokes—Einstein equation can be expressed 
as follows 

Di, us 
(s) 
kT 20 J 


where o is the number of the nearest neighbors 
surrounding the diffusing particle, 7 is the number of 
nearest neighbors in one layer and N/V is the recip- 
rocal volume of the diffusing particle. In the 
the cluster, its radius is about 379, where ry is the 
radius of the tin atom. Hence (N/V)"? is equal to 
1/3¢ 479. o equals sixty-four and 7 equals twelve as 


‘ase of 


calculated from geometrical considerations alone. 
Substituting these values to equation (8) we get 
kT kT 
D = : ~ ‘ (9) 
1277 


It can be seen that equation (9) is identical to the 
Stokes—Einstein equation. This indicates therefore 
that. for those solutes which have large negative 
relative partial molal enthalpies, the diffusion pro- 
perties of the solvent governs their diffusion rates. 
On the other hand, it seems reasonable that those 
solutes which have positive relative partial molal 
enthalpies will have a higher probability of having 
significant fluctuations in their vicinity so that 
diffusion of these solutes will be enhanced. 

For the case where the solute has an intermediate 
negative relative partial molal enthalpy (a region for 
which experimental data is lacking) the situation is 
more complex. Fluctuation theory suggests that 
there will be a smaller probability of density fluctu- 
ations in the vicinity of the solute compared with 
solvent, thus vielding a lower diffusion coefficient for 
the solute than the solvent. On the other hand, the 
cluster concept discussed above would tend to make 
the diffusion coefficients equal. It is difficult to 
assess the relative importance of each of these factors. 
At this point, it should be said that more data in 
similar systems would be welcome in order to test the 
general validity of these concepts. 


6. SUMMARY 

The diffusion of aluminum, zinc, silver, copper and 
nickel in liquid tin has been investigated by the 
capillary-reservoir technique in a temperature range 
from about 240°C to 480°C. All of the solutes investi- 
gated were present in dilute solutions ranging from 
0.2 to 0.7 wt. %. 
cover a range of relative partial molal enthalpies from 


The solutes were chosen so as to 


large positive values to large negative values. On the 
basis of the self-diffusion of tin, it is found that the 


ratios of D to D,,,, are 4.70, 1.90, 1.57, 1.15 and 


solute 
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1.10, respectively for aluminum, zinc, silver, copper 


and nickel within +15 or 20 per cent error. Diffusion 


coefficients of copper and nickel can be considered to 
be identical with that of tin within experimental error. 


The Stokes—Einstein and Eyring equations which 
consider only the factor of atom size, do not predict 
accurately the relative order of diffusion coefficients 
amongst the solutes. They do, however, predict the 
of the 
themselves. It appears, therefore, that factors other 


order of magnitude diffusion coefficients 
than size must be taken into account in evaluating 
the diffusion constant. On the basis of fluctuation 
theory, it is expected that those solutes which have a 
large positive relative partial molal enthalpy diffuse 
considerably faster than those solutes which have a 
large negative relative partial molal enthalpy since 
there is a much higher probability of significant 
density fluctuations occurring in the vicinity of the 
solute atoms in the former case. The data appear to 
be in agreement with this conclusion. Unfortunately, 
no quantitative comparison is feasible at the present 
time because of the lack of potential energy versus 
distance data for solute-solvent neighbors in solution. 
It is further proposed that in dilute solutions, the 


diffusion coefficient of a solute approaches that of the 
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solvent if the solute has a zero or large negative 


relative partial molal enthalpy in the solvent. 
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ELASTIC CONSTANTS OF COPPER-NICKEL ALLOYS* 


R. E. SCHMUNK?*+ and CHARLES S. SMITH? 


The elastic constants of single crystals of copper and of dilute alloys of copper with nickel have been 
measured using the ultrasonic pulse-echo technique, All fundamental elastic constants increase with 


composition in contrast to results previously obtained for solutes to the right of copper in the periodic 
table. In terms of C,~! (dC/dx) the values are: C44, (0.57); (C4, — Cy2)/2. (0.70); (Cy, + 2C,,)/3, (0.17) 
per atom fraction. These values have been corrected for lattice parameter change upon alloying by using 
experimental data on the pressure derivatives of the elastic constants of pure copper. The remaining 
effect is owing to alloying alone and is still positive for both shear constants. This result may be inter- 


preted as indicating a stiffening of the short-range crystal forces because the neutral nickel ion-core is 


larger than the iso-electronic copper ion-core, and a decrease in the long-range electrostatic forces 


because of the decrease in the average ion-core charge. 


CONSTANTES ELASTIQUES DES ALLIAGES CUIVRE-NICKEL 


Les auteurs ont mesuré les constantes élastiques de monocristaux de cuivre et d’alliages dilués de 


cuivre dans le nickel en utilisant une méthode d’ultra-sons. Toutes les constantes elastiques fonda- 


mentales croissent parallélement a la composition. Ce résultat s’oppose a ceux précédemment obtenus 


pour des éléments dissous situés a la droite du cuivre dans le tableau périodique. En fonction de 
(dC/dx), les valeurs sont: Cy. (0.57); Cy2)/2. (0,70); (Cy, + (0,17) par fraction 
atomique. Pour le calcul de ces valeurs, on a tenu compte de la modification du paramétre réticulaire 


dans lalliage en utilisant les données expérimentales sur les dérivées par rapport a la pression des 


constantes élastiques du cuivre pur. Un effet supplémentaire est du a lalliage. Il est positif pour les 
deux constantes de cisaillement. Ce résultat peut etre interprété comme indiquant un durcissement des 
forces du cristal a petite distance parce que le noyau de lion neutre de nickel est plus grand que le 
noyau de lion de cuivre iso-électronique. Enfin, ce résultat indique aussi une diminution des forces 


électrostatiques & grande distance, par suite d'une diminution de la charge moyenne du noyau ionique. 


ELASTISCHE KONSTANTEN VON KUPFER-NICKEL-LEGIERUNGEN 
Mit Hilfe der Ultraschall-Puls-Echo-Technik wurden die elastischen Konstanten von Kupfer und von 
Legierungen von Kupfer mit Nickel in verdiinnter Lésung gemessen. Alle grundlegenden elastischen 
Konstanten wachsen mit der Zulegierung. im Gegensatz zu friiheren Ergebnissen fiir Zusatze, die im 
periodischen System rechts von Kupfer stehen. Ausgedriickt in C,y~'(dC/dx) ergeben sich folgende 
Werte: C44, (0.57); (Cy, — Cy2)/2, (0.70); (Cy 2C,.)/3. (0.17), auf den Atom-bruchteil bezogen. Bei 
diesen Werten ist der EinfluB der Anderung der Gitterkonstanten infolge der Zulegierung bereits 


abgezogen; dabei wurden experimentelle Werte fiir die Ableitungen der elastischen Konstanten von 
reinem Kupfer nach dem Druck benutzt. Der iibrigbleibende Effekt riihrt nur von der Zulegierung her 
und ist fiir beide Scherkonstanten noch positiv. Das Ergebnis laBt sich wie folgt interpretieren: Die 
kurzreichenden Kristallkrafte werden versteift. da der neutrale Nickel-Atomrumpf gr6Ber ist als det 
isoelektronische Kupfer-Atomrumpf, die weitreichenden elektrostatischen Krafte dagegen nehmen ab. 


da die mittlere Ionenladung abnimmt. 


INTRODUCTION already put forward. At the same time a very careful 
In previous publications from this laboratory the study of pure copper was undertaken because this 
single crystal elastic constants of dilute copper pure solvent had not previously been measured in this 
alloys"-*) and dilute silver alloys have been reported laboratory and it seemed desirable to have all work on 
and interpreted in terms of conventionally recognized — ag comparable a basis as possible. 
long-range and short-range interactions in the solvent A difficult point in the interpretation of alloy data 
metals. All solutes studied were on the right of the — arises in the correction which must be made for the 
two solvents in the periodic table with the exception — effect of the change of lattice constant with alloying. 
of palladium in silver. The Ag-Pd result was also While the lattice constant change is not large, the 
qualitatively different from those for other solutes. elastic constant change arising from it is often a 
For this reason a study of the homologous Cu-Ni substantial fraction of the whole change. This 
alloys was started to test further the physical picture — ¢orrection had previously been made on theoretical 


grounds.~®) [t is now possible to make this corree- 


* Received August 3, 1959. 
+ Formerly at Case Institute of Technology. Now at tion on a completely experimental basis since data on 
“ag a um Company, Atomic Energy Division, Idaho the variation of the elastic constants with pressure 
alis, idano, 
+ Case Institute of Technology, Cleveland, Ohio. (and hence volume) are now available.) The use of 


ACTA METALLURGICA, VOL. 8. JUNE 1960 


re 
‘ 
be 
if 
VO 
1] 9 
aby 
396 


SCHMUNK anp SMITH: ELASTIC CONSTANTS OF COPPER-NICKEL ALLOYS 397 


the experimental correction does not make a qualita- 
tive change in the interpretation of the present and 
previous data; it does simplify the correction and 
remove all ambiguity from it. 


EXPERIMENTAL PROCEDURE 

The single crystals used in this experiment were 
prepared with only minor modifications of the 
procedures already described.'?.) A larger tempera- 
ture gradient of 40 C°/in. was obtained by the use of 
a heat-sink. Graphite crucibles and a hydrogen 
atmosphere were used with cooling rates of 50 C°/hr. 

An approximate orientation of the crystals was 
obtained with an optical goniometer. Characteristic 
light reflections were obtained from the [100], [110] 
and {1 11] type poles developed by the nitric acid etch. 
The latter of these was rather sensitive to etching and 
was not observed in all cases. The crystals were then 
cut with a water-cooled abrasive wheel to give 
specimens with acoustic surfaces as nearly perpen- 
dicular to the [110] direction as possible. 


The acoustic surfaces were prepared by etching off 


the cold worked layer produced by the cut-off saw, 
waxing the specimen into a 2 in. diameter steel lapping 
ring, and lapping flat and parallel through metallo- 
graphic papers to 3/0. 

The three acoustic waves were measured using the 
ultrasonic pulse-echo method. The 10 Me/see quartz 
transducers were cemented to the single crystal 
specimens with phenyl salicylate. Half in. diameter 
transducers were used in the experiment, X-cut 
quartz producing longitudinal waves propagated in 
the [110] direction. The shear waves were produced by 
orienting a Y-cut quartz to give particle motion in 
either [001] or [110] direction with a [110] propagation 
direction. Transit times, 7’, observed were approxi- 
mately 5.7 usec for the longitudinal wave and 9.7 and 
17.3 psec for the two shear waves, the lengths of the 
different specimens being about the same. Measure- 
ments of the transit times for the waves were repro- 
ducible to within 0.1 per cent. 

Transit time corrections, arising from an end effect 
at the quartz transducer, were applied to these 
measurements. These corrections were determined 
by observing the change in transit times when a 
second quartz transducer was cemented to the far end 
of the crystal. The corrections that were applied in 
this experiment were based on this procedure and on 
previous work on copper alloys done in the labora- 
These corrections are AT’ = 0.026 for 
the longitudinal wave and AT’ = 0.028, 0.030 usec for 
the fast and slow shear waves, respectively, the 
quantities being subtracted from 7’. 
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TABLE 1, Chemical analyses and average compositions 


Average Analysis, wt. °, 


composition 


at. % Ni top Ni bottom Ni 


0.006 
0.038 


After the acoustic measurements were completed 
on a crystal, one of the polished faces was etched to 
remove the polish layer and a back reflection Laue 
pattern taken to determine accurately the orientation 
of the crystal, which in all cases was within 3° of the 
desired [110] direction. The advantages of the [110] 
orientation are twofold: first, the reduction of the 
data to obtain the elastic constants is greatly simpli- 
fied,“ and secondly, the quantities of most interest, 


(',, and — C,)/2 are determined directly. 


Chemical analyses by the J. H. Herron Company 
on two samples cut from the single crystal ingot at 
each end of the section used for the ultrasonic measure- 
ments were in excellent agreement as shown in 
Table 1. In order to guard against the remote possi- 
bility of the formation of Ni,C the carbon analyses 
shown in the table were also carried out with results 
no larger than would be expected from gross pick-up 
of carbon from the graphite crucibles which were 
used. 

Results of the chemical analyses were used in 
determining the average composition of the crystals 
used for the ultrasonic measurements. The densities 
of the crystals were then calculated from the com- 
position and lattice parameter data.” 

All of the alloy crystals grown exhibited the familiar 
woodgrain appearance as noted previously by other 
authors.) The specimens used for the ultrasonic 
measurements were cut from the lower ends of the 
crystals where this effect was less noticeable. The 
presence of the short-range segregation in the crystals 
did not have any noticeable effect on the production 
of good echo patterns in the ultrasonic measure- 
ments. 

One pure copper crystal was grown and three 
specimens of different lengths were cut from it. 
Each specimen was measured separately and the 
elastic constants calculated independently. 


RESULTS 


The elastic stiffness, C,,, are connected with the 
acoustic wave velocities in the |110] direction by the 


00 0.0] 
2.34 2.14 2.19 
3.02 2.83 2.79 
4.49 4.15 4.17 
6.02 5.67 | 
9.73 9 8.95 
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TABLE 2. Elastic constants of copper in units of 10'? dyne em ? 
Investigator 6 Cc’ B, 
LazaRus'”, 298 K 0.756 0.235 1.396 


0.236 1.383 
0.2348 1.371 


GOENS', room temperature 
OVERTON and GAFFNEY'®), 


300 K 


0.7539 


This paper, length 1.1 em 0.7521 0.2328 1.367 
This paper, length 1.4 em 0.7500 0.2340 1.37 
This paper, length 1.9 em 0.7513 0.2328 1.371 
This paper, average 300 K 0.7511 | 0.2332 1.370 
following equations, which also serve to define a 


shorthand notation. 


C=Cy 
C’ = (Cy, — Cyp)/2 
Cy’ = (Cy + Cy, + = (1) 


In these relations. p is the density, V, is the longi- 
tudinal wave velocity and V; and V, are the velocities 
of shear waves with particle motion in the [001] and 
[110] directions respectively. We are interested in 
the shear stiffness C and C’ which are given directly 
from the measurements, and in the adiabatic bulk 
modulus, which may be obtained only by combining 


the measurements as follows: 


Bb. (Cy, + pV,* pV ,* eV 3 @) 

The fundamental elastic stiffness C, C’ and B, have 
been computed using essentially equations (1) and (2 
but making slight corrections arising in small mis- 
orientations from [110].6 Since the transit times, 
and hence velocities, are reproducible to 0.1 per cent, 
the relative precision of these results may be placed 
at 0.2 per cent. Taking into account experimental 
uncertainties common to all these crystals, the abso- 
lute accuracy is felt to be 0.5 per cent. 

The results for pure copper are displayed in Table 
2 and compared with those of other investigators.'®®) 
Our three crystals were of the different lengths shown; 
there appears to be no systematic trend on that 
account. Our results are consistently just slightly 
lower than those of the other investigators who used 
a different method."*) ora significantly different version 


of the pulse-echo method.”-® The isothermal bulk 


TABLE 3. Elastic constants of Cu—Ni 
alloys in units of 10'? dyne em ? 


At. % Ni B. 
00 O.7511 0.2332 1.370 
2.34 0.7631 0.2372 1.377 
3.02 0.7674 0.2375 1.377 
4.49 0.7731 0.2409 1.380 
6.04 0.7812 0.2434 1.386 
9.73 0.7909 0.2489 1.392 
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modulus computed from our work, 1.332 « 101 
dyne-cm~?, is 3 per cent low compared with the most 
value of Bridgman”, 1.377 10! dyne 
determined by the measurement of linear 


recent 
em~?, 
compression. The present measurements for pure 
copper are, however, made with exactly the same 
technique and apparatus as for the Cu—Ni alloys, and 
as for the copper alloys reported previously.) All 
determinations which are to be used to study the 
effect of alloying are, therefore, on a strictly com- 
parable basis. 

The fundamental constants of the Cu—Ni alloys are 
given in Table 3. These constants, normalized to 
those of pure copper, are shown plotted against nickel 
concentration in Fig. 1. The the 
figure are a least squares fit of the data, in which 
equal weight was given to each experimental point 


lines shown in 


106 
104 
102 4 
4 


2 6 8 10 
ATOM %Ni 


Fic. 1. The fundamental elastic constants of Cu—Ni 
alloys normalized to those of pure copper. 


with the exception of 9.7°, Ni. This crystal was 
given half the weight of the others because of the 
poorer reproducibility of the acoustic measurements 
for it. The excellent internal consistency of the data 
is exhibited by the fact that all points, with the 
exception of three, lie within 0.2 per cent of the least 
squares line. One of the exceptions is C for pure 
copper, but this is really a result of having included 
the 9.7°, Ni alloy in the least squares procedure. 
The slopes of the least squares lines expressed as 
(dC/dx), are: C, 0.57; 0.70; and B,. 0.17 per 
atom fraction. 

It is 
increase upon adding Ni solute. 


fundamental constants 


This result is just 


observed that all 


opposite to that found previously for the solutes Zn, 
Ga. Ge, Al and Si, which have higher valence than Cu 
and caused a decrease in all fundamental constants. 
The significant feature common to all solutes is that 


the absolute magnitude of the fractional change in C’ 


= 
wes 
: 
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: 
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C/Cy 
VO 
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Total change 


l dc 
Cy ia) 


dc 
Ref. (4) ( ) 
( 0 d In a rx 0 
Ld. 
Ref. (5) — 
adx 
Correction for ‘1 dc l da 
lattice parameter din dx 
change 
Change owing to l wd 
alloying dz}. 


is greater thant he absolute magnitude of the fractional 
change in (. 

For most solutes a significant fraction of the total 
change in the elastic stiffness arises in the change in 
lattice parameter, a, upon alloying. For the purpose 
of interpretation in microscopic terms one would like 
to know the change which a solute would produce 
at constant lattice parameter. A correction may be 
made on theoretical grounds,":*) but this procedure 
necessarily invokes the very microscopic model which 
it is test. 
available an entirely experimental, and hence un- 


desired to Fortunately, there is now 


ambiguous, method of making the correction which 


makes use of the recently determined pressure 
derivatives of the elastic constants. 
The pressure derivative of an elastic constant, 


dCjdP, permits one to compute immediately the 
quantity dC/d In a at constant composition. The total 
fractional derivative of C with respect to composition 


is given by 


The quantity on the left side of equation (3) is the 
one which is directly observed, the second term on the 


dina 


right side is the lattice parameter correction term, 
while the first term on the right represents the quan- 
tity which is desired. The numerical details of this 
correction are given in Table 4 for the shear constants 
Cand C’. It is seen that the decrease of lattice para- 
meter causes a pronounced stiffening of the crystal, 
amounting to about half of the total change. 

The basic result of this work which we should like 


to interpret is given in the last line of Table 4. It is 


observed that this quantity, Cy is still 
positive for both C and C’, and that the change at 
constant lattice parameter for C’ is still larger than 
that for 


The correction for lattice constant change 


CONSTANTS OF 


TABLE 4, Lattice parameter correction for Cu—Ni alloys using equation (3). Composition 
is expressed as atom fraction of nickel 
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0.70 
12.77 10.20 
2.89 10 2.89 
0.369 
0.20 0.40 


makes a quantitative difference but not a qualitative 


one. 

A comment on the numerical validity of this 
correction is in order. Lattice parameter-composition 
data is well established for this system. The precision 
of the pressure measurements is surprisingly high at 
2 per cent reproducibility and our experience suggests 
that the accuracy is nearly that good also. Thus, the 
correction is known as well as the observed data for 
Cu-Ni alloys (and considerably better than the data 
for the previous copper alloys). The effect owing to 
alloying alone may then be regarded as known to 
within +0.02 per atom fraction. 


INTERPRETATION 


The interpretation of the Cu—Ni results proceeds in 
a manner similar to that previously employed for 
other solutes in copper. It is assumed that there are 
only two important contributions to the shear con- 
stants (' and C”, one arising from long-range electro- 
static forces, the other from short-range repulsive 
forces between ion-cores. The elastic constants are 
obtained from the crystal binding energy by taking 
the second derivative with respect to the appropriate 
strain. Any contributions to this energy other than 
the two mentioned are presumed to depend only on 
the volume, and hence do not contribute to the shear 
constants. 

The long-range electrostatic contribution for both 
shear constants of f.c.c. metals has been calculated 
by Fuchs", The theoretical results which may be 


termed the electrostatic stiffnesses, C, and C,,’, 


are: 


Cr = 0.9479(2e?/a*); Cy’ = 0.1058(2e?/a*). 
The ion-core stiffnesses, C, and C,’, are then ob- 
tained by taking the difference between the measured 


The 


stiffnesses and Fuchs’ electrostatic stiffnesses. 
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resulting values for pure copper. in units of 101? 
dyne cm~? are: 


0.257; 


= 0.496; 


0.0286: 
0.2047. 


This simple procedure for getting C, and C,’ is the 
same as that employed for silver alloys; it is 
somewhat different from that originally used for 
copper alloys.” 

The change in shear constant upon alloying is 
presumed to be the result of changes in both the 
the The 
former depends on the square of the net ion charge, 


long-range and short-range  stiffnesses. 
eS 


and it is hence assumed that the electrostatic stiffness 


for the alloy is equal to that for pure copper multiplied 


by an empirical parameter Z? which, however, is 
expected to be close to unity. The ion-core stiffness is 
proportional to the average short-range bond energy 
between pairs of ion-cores, and the change in this 
stiffness is hence expected to be proportional to the 
concentration of solute, x, so long as we are in the 
dilute range. The constant of proportionality has 
been designated by x, which should be a constant 
characteristic of a particular solute element. 

The shear constants for the alloy will thus be given 
by 


(4) 


where the coefficients of Z* and (1 
values for pure copper quoted above. If we subtract 


zx) are the 


from C and C” the constants for pure copper, and then 
divide by the latter and by the composition, we 
obtain the fractional change in C and C” per atom 
fraction solute, 
Cy AC/x = 0.341(Z? 
Cy AC’ /x = 0.123(Z? - 


a 0.659% 


O.S87T7%. (5) 


In equations (5) the numerical coefficients are the 
quantities C./C». ete. Their determinant is not 
zero as C’ depends more heavily on the ion-core 
contribution than does C. This fact enables us to 
separate the long-range and short-range effects of 
alloying by solving equations (5) for x and (Z? — 1)/2. 

Since equations (5) take no account of lattice 
constant change we must use data corrected for it. 
The derivative form Cy, '(dC/dx), is so corrected and 
may be used in place of the difference form C,)-!AC/x 
since for Cu-Ni alloys the stiffnesses vary linearly 
with composition. Upon substitution of the last line 
of Table 4 in equations (5), we have the results, 
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describing the behavior of the elastic shear constants 
of Cu-Ni alloys. 

The result, x > 0, is in physical agreement with 
the expected change in short-range ton-core interaction 
upon alloying Cu with Ni. The closed-shell ion-cores 
in question all have twenty-eight electrons. with a 
nuclear charge of twenty-eight for Ni, twenty-nine 
for Cu, etc. One expects the ion-core size to decrease 
monotonically in the iso-electronic sequence Ni-Cu-— 
Zn—Ga-—Ge as the nuclear charge increases. Since the 
short-range interaction is sharply dependent on the 
amount of nearest-neighbor ion-core overlap, the 
Ni-Cu repulsive interaction is expected to be greater 
than the Cu—Cu interaction leading to a value of 
x > 0 in these dilute alloys. Similarly for the solutes 
to the right of Cu in the iso-electronic sequence we 
should expect x < 0 as is already known.) There is 
in fact a monotonic decrease in x from a_ positive 
value for Ni through increasingly negative values for 
Zn, Ga and Ge solutes just as expected. 

The other example of a transition metal solute in 
this series of studies was that of a Ag—Pd alloy 
reported by Bacon and Smith’). At that time the 
lattice parameter correction had to be made on a 
theoretical basis and the value of x turned out to be 
slightly negative. The Ag—Pd data can now also be 
corrected for lattice parameter change by the use of 
—~O.10. 
Thus Pd in Ag behaves like Ni in Cu, both giving 


Ag pressure data with the result that x 


a> 0. 
Cd-In-Sn, is thus completely analogous with the 


The iso-electronic ion-core sequence, Pd—Ag— 


corresponding copper sequence with respect to the 
parameter z, and both agree with simple physical 
expectation. 

We turn now to the parameter Z which describes 
the change in long-range stiffness contribution upon 
alloying. under the assumption of the first paragraph 
The result for Cu—Ni alloys, Z? = 
- 0.20 x for the 
small compositions to which the analysis applies. 


of this section. 
10.40 x, may be expressed as Z = | 


For the purpose of comparison we introduce the 
average ion-core charge (or electron/atom ratio), 
with the expectation that 1 > Z > q. 
We see that Z does fall within the physically reason- 


q l — 72, 


able limits and, significantly, much nearer to unity 
than to q. This result is expected on elementary 
considerations of valence charge distribution and is 
in contrast to the situation for the solutes Zn, Ga and 
Ge for which the experimental result is that Z ~ q. 

The elastic constant measurements for the Ag—Pd 
alloy yield Z = 1 — 0.30 x when corrected for lattice 
parameter change in the manner described here. Thus 
the long-range parameter for this system also agrees 


vO 
8 
C= ( Al + 
0’ =C,'Z? +C,(1- 
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with that for Cu-Ni in that 1 > Z 
Since the experimental result for Cd, In and Sn solutes 


-q for both. 


in Ag is Z ~ q, the whole silver iso-electronic sequence 
is completely analogous to the copper iso-electronic 
sequence with respect to Z also. 

The situation for Cu and Ag alloys which has just 
heen described has been reviewed recently by Hunt- 
ington’) who displays in graphical form the com- 
posite results for all these alloys. These values for 
Z and x have been reduced from the data exactly as 
described in this paper. It is clear from these plots 
that in this series of experiments the major feature 
which is not clearly understood is the experimental 
result that Z—~q, rather than a value just greater 
than unity, for solutes to the right of the noble metal 
in the periodic table. A value of Z near to unity is 
expected for these solutes also, on the simple and 
physically necessary picture of excess solute charge 
screened by a pile-up of valence electron charge.!+* 
We emphasize, however, that Z is an empirical 
parameter which, with x, does describe the experi- 
mental position within the framework of the analysis 
outlined here. 

The salient assumption of this analysis is that the 
shear stiffnesses of the noble metals and their alloys 
arise in just the two terms stated in equations (4). 
Since the behavior of Z for the transition metal solutes 
is quite plausible, one is led to examine the assumption 
specifically for alloys of g > 1. It may be that a third 


physical contribution to the shear stiffness begins to 
enter only upon increasing q from unity. In this case 
it is clear that the new contribution is greater for ( 
than for C’ and that its presence is measured by, 
approximately, Z— 1. Such a contribution could 
arise from the Fermi energy of the valence electrons 
in the situation where the Fermi surface is not 
spherical. Several recent experiments have suggested 
that the Fermi surface in copper may be warped, but 
no quantitative estimates of possible Fermi contribu- 
tions to C and C” appear to have been made. 
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Electron metallographic observations on the 
formation of fatigue cracks* 


Wood" has developed a method for following the 
formation and growth of fatigue cracks using the op- 
tical microscope for observation. Since optical 
techniques are necessarily limited in resolution, a 
study is being conducted to test the applicability of 
electron microscopy for obtaining greater detail 
in the observations. The fatigue specimens were 
prepared in the manner described by Wood and then 
replicated for electron microscopy. 

Cylindrical rods approximately 0.2 inches in dia- 
meter of OFHC polycrystalline copper were fatigued 
by alternating torsion. The amplitude was such as to 
produce a shear strain at the surface of — 0.002. After 


the rods had been exercised for a certain number of 


eyeles, 2.2 « cycles in the present case, they 
were silver plated to protect the surface. A flat about 
0.0L inches wide was then ground parallel to the 
longitudinal axis on the surface which was then 
mechanically polished and etched. Preshadowed 
carbon positive replicas were made by first stripping a 
relatively thick parlodion negative replica from the 
specimen. The negative is then shadowed with 


tungsten oxide followed by a supporting film of 


carbon deposited at normal incidence. The parlodion 
is dissolved in amy] acetate before viewing the replica 
in the electron microscope. Since the micrographs 


Fic. la. Optical micrograph of fatigue specimen. ~ 500 
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Fic. lb. Electron micrograph of fatigue specimen. ~ 4800 


presented here were enlarged directly from electron 
micrographs of these replicas, shadows cast by steps 
or projections facing the shadowing source are in light 
contrast to the background, while the steps or pro- 
jections themselves appear in dark contrast. 

Figure la is a typical optical micrograph showing 
the fissures produced at or near the surface of fatigue 
specimens. An electron micrograph of a similar region 
is shown in Fig. Ib. Although the ammonium per- 
sulphate etch used on the specimens shown in Figs. 
la and Ib does not reveal any crystallographic detail, 
the gain in clarity of the electron micrograph is 
apparent. Ifa dilute solution of nitric acid is used as 
an etchant, the additional information that is dis- 
plaved by electron microscopy is shown in Figs. 2 and 
3. In Fig. 2 the evident disruption of the lattice that 
is produced at the root of a fissure is shown. Fig. 3 
shows a grain containing etched-up slip bands. The 
accumulation of crystalline damage along these slip 
planes is believed to be a forerunner of the fissures 
that develop later. 

In view of these observations it seems apparent that 
electron microscope work can extend the original 
work done with the optical microscope. This earlier 
work suggested that fatigue early in the life of a metal 
produced zones which etched up on the special sections 
as traces of abnormally distorted slip planes. These 
zones then opened into fissures. However, it was not 
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Fic, 2. Electron micrograph of a fissure. « 4800 


certain that these zones were not fissures in the first 
place. The electron microscope work now shows that 
the zones do in fact etch up while they are still dis- 
torted slip planes, as illustrated by Fig.3: further work 
should therefore throw more light on the transition 
to fissures. Furthermore, the electron microscope 
shows that what appear under the optical microscope 
as continuous fissures are, in general, better described 
as links of smaller discontinuous fissures. This 
suggests that the fissures leading to fatigue cracking 
start in even more localized areas of abnormal dis- 
tortion than the optical microscope would indicate. 


. 3. Electron micrograph of etched up slip planes. 
20,000 
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Many electron micrographs demonstrating this feature 
have been obtained. 
Research Laboratories. H. A. BENDLER 
General Motors Corporation 


Warren, Michigan 


Baillieu Laboratory. W. A. Woop 
University of Melbourne 
Victoria, Australia 
Reference 
1. W. A. Woop, Phil. Mag. 3, 692 (1958). 
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Regular pile-up of dislocations in a-iron* 


In the course of a research program involving the 
study of thin foils of iron in the electron microscope 


a regular pile-up of dislocations against a particle was 
observed (Fig. 1). Although regular pile-ups of this 


type are common in slightly deformed x-brass and 
austenitic stainless steel, pile-ups in x-iron are usually 
very irregular, often appearing as a tangled mass of 
dislocations. A regular pile-up in z-iron has been 
observed only once and does not appear to have been 
reported previously. 

No source of the dislocations was observed but 
there was a grain boundary about 2 uv from the pile-up. 
The bowing and spacing of the dislocations indicates 


Fic, 1. Regular pile-up of dislocations in x-iron 
Micrograph of thin foil. 40.000 
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that they are piled up against the particle which is in 
the top left-hand corner of the picture. During 
observation the single dislocation A, which is bowed 
in the opposite direction to those in the pile-up, was 
seen to move away from the particle leaving slip 
traces behind it. The dislocation B, which is bowed 
in the same way as those in the pile-up, also has slip 
traces behind it, indicating that it has moved in a 
direction opposite to A. None of the dislocations in 
the pile-up nor any of the random dislocations was 
seen to move. 

From the morphology of carbide particles in the 
same grain as the pile-up and from electron diffraction 
data the dislocations were found to be lying in a (110) 
plane. A [221] direction in the plane of the foil is 
shown on the figure. 

The difference in contrast of the ferrite and the 
random dislocations on each side of the pile-up is 
due to a slight change in orientation of the foil and 
may be caused by slight tilting of the iron lattice by 
the pile-up. 

The Burgers vector of the dislocations could not be 
found but since in iron, dislocations with an appreci- 
able screw component can cross-slip relatively easily, 
it may be that the dislocations forming the pile-up 
have only a small screw component and are unable 
to cross-slip. The Burgers vector could then be along 


1960 


a [111] direction which makes an angle of 15°48’ with 
the [221] direction in the (110) slip plane of the 
dislocations. 

The specimen was of polycrystalline iron containing 
about 0,015 percent carbon. The original strip, 
0.004 in. thick, to 
temperature in about 30 min. The foils were produced 
by a method similar to that of Bollmann™), using an 
electrolyte of about 15 per cent perchloric acid in 
The foil Siemens 
Elmiskop I electron microscope. 


was cooled from room 


acetic acid. was examined in a 


Dendritic carbide particles similar to those observed 


by Leslie et al.) were found in the iron. They were 
found to grow on the (110) and (111) planes along 
{111], [112] and [110] directions. The foil contained 
many dislocations and there were dislocations around 


the particles suggesting that the foil had been de- 
formed. This had not been done deliberately but may 
have resulted from handling during preparation. 


Department of Mines and EK. SMITH 
Technical Surveys 
Ottawa, Canada 
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TRANSFORMATION 


THE CRYSTALLOGRAPHY OF THE CUBIC TO ORTHORHOMBIC 
IN THE ALLOY AuCu* 


R. SMITH? and J. S. BOWLES: 


The habit plane, orientation relationships and shape change associated with the transformation to the 


ordered orthorhombic phase in the alloy CuAu have been measured and are shown to conform with the 


phenomenological theory of martensitic transformations.'?-*) The agreement with the theory is 


systematically better when some dilation of the habit plane is permitted. It has been found that groups 


of four plates having an irrational habit close to {110}, develop into compound plates parallel to {110}o. 


L°;ASPECT CRISTALLOGRAPHIQUE DE LA TRANSFORMATION DU SYSTEME 


CUBIQUE EN SYSTEME ORTHORHOMBIQUE DANS L’ALLIAGE Au—Cu 


Les auteurs ont déterminé le plan d’habitat, les relations d’orientation et la modification de forme, 


qui sont associés a la formation de la phase orthorhombique ordonnée dans lalliage Cu—Au. 
Ils montrent que ces relations sont conformes & la théorie phénoménologique des transformations 


martensitiques.'?~*) Ils constatent que l'accord avec la théorie est systématiquement meilleur lorsque 


lon autorise une certaine dilatation du plan d’habitat. Ils montrent que des groupes de quatre plaques 


KRISTALLOGRAPHIE 


Habitusebene, Orientierungsbeziehungen und 


ayant un habitat irrationnel proche de {110}, se développent en plaques composées paralléles a {110}¢. 


DER KUBISCH-ORTHORHOMBISCHEN UMWANDLUNG 
DER LEGIERUNG 


AuCu 


Gestaltanderung, die mit der Umwandlung der 


Legierung CuAu in die geordnete orthorhombische Phase verbunden sind, wurden gemessen; sie stimmen 


mit der phanomenologischen Theorie martensitischer Umwandlungen'‘? 


2-4) iiberein. Die Ubereinstim- 


mung mit der Theorie wird systematisch verbessert, wenn man eine gewisse Dilation der Habitusebene 
zulaBt. Gruppen von vier platten, die einen irrationalen Habitus nahe an {110}, haben, werden zu 


zusammengesetzten Platten parallel zu {110}¢. 


1. INTRODUCTION 
Investigation of the precipitation of the phase CuBe 
during ageing of copper—beryllium alloys has shown 
that the crystallography of this transformation is 


consistent with the phenomenological theory of 


martensitic transformations.” This result provides 
some support for the idea that a common (dislocation) 
mechanism may be involved both in martensitic 
transformations and in the early stages of diffusion 
controlled transformations. The present investigation 
of the transformation in the alloy AuCu was under- 
taken to test further the validity of this idea. 

The ordering in AuCu and the accompanying 
changes in lattice symmetry have been the subject of 
numerous investigations.®-* These investigations 
have shown that two closely related superlattices with 
different symmetries can form from the disordered 
face-centred cubic structure. When ordering occurs 
below approximately 380°C, the ordered phase has a 
face-centred tetragonal structure in which the copper 
and gold atoms occupy alternate planes normal to the 
c axis. Between approximately 410°C and 380°C a 
complex ordered structure forms which has a pseudo- 


* Received April 15, 1959. 

+ Formerly, School of Metallurgy, University of Melbourne, 
Carlton N.3, Victoria, now Australian Atomic Energy 
Research Establishment, Sutherland, N.S.W., Australia. 
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Kensington, N.S.W., Australia. 
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cell which is face-centred orthorhombic. This pseudo- 
cell has a b/a ratio in the range 0.9982-0.997, but apart 


from this it is similar in dimensions to the unit cell of 


the ordered tetragonal structure. According to 
Johansson and Linde‘®, the complex ordered structure 
has an orthorhombic unit cell comprising ten of the 
pseudo-cells side by side in the direction of the @ axis: 
the atomic planes perpendicular to the ¢ axis are again 
occupied alternately by copper and gold atoms but the 
stacking order of the atoms changes over after five 
pseudo-cells. The axial ratio ¢c/b of both structures 
decreases with decreasing temperature from about 
0.939 at 410°C to about 0.926 at 300°C. 

Isothermal transformation studies of each trans- 
formation'®! have established beyond doubt that the 
rates are diffusion-controlled; typical C-shaped curves 
are obtained if the times for different degrees of 
transformation are plotted against the transformation 
temperature. On the other hand, the microstructures 
produced by these transformations” are similar in 
appearance to those produced by martensitic trans- 
formations. Because of this similarity it seemed 
probable that the transformations would produce 
relief effects on polished surfaces. Preliminary experi- 
ments showed that this was indeed the case, so that it 
became of interest to discover whether the geo- 
metrical features of these transformations conformed 
with the phenomenological theory of martensitic 
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transformations. It was found that the cubic to 
tetragonal transformation does not proceed by the 
production of tetragonal crystals within the cubic 
matrix so that it was not appropriate to attempt to 
apply the theory to this transformation. The cubic to 
orthorhombic transformation, on the other hand, was 
found to proceed by the growth of orthorhombic 


crystals at the expense of the cubic matrix and so 


should conform with the theory. Accordingly, 
measurements of lattice parameters, orientation 
relationships, habit planes, and surface relief, were 
made for the cubic or orthorhombic transformation. 

The general characteristics of each of the trans- 
formations are described in Section 2 and the detailed 
analyses of the crystallography of the cubic to ortho- 
rhombic transformation in Section 3. In Section 4 the 
results of this investigation are compared with the 
predictions of the theory. 


2. GENERAL CHARACTERISTICS 


(a) Experimental methods 

The materials used were oxygen-free high con- 
ductivity copper and “‘double-refined” gold, both of 
99.99 wt.°,, purity: the copper contained 0.002 wt.°, 
of silver, oxygen and sulphur, and the main impurities 
in the gold were silver and copper. Cylindrical speci- 
mens (6mm diameter by 6 cm long), of equiatomic 
composition were prepared by induction melting in 
evacuated silica capsules, and these specimens were 
then converted to single crystals by the Bridgman 
technique. Some of the single crystals were allowed 
to cool to room temperature in the temperature 
gradient to yield the tetragonal structure; others 
were water-quenched from above 450°C to retain the 
disordered cubic structure at room temperature. 

To produce the orthorhombic structure, specimens 
cut from the single crystals were heated for 1 hr 


Fic. 1. Relief effects produced after 18 hr at 400°C. 


at 800°C and transformed isothermally at tempera- 
tures in the range 380-405°C. The tetragonal 
structure was studied mainly on specimens cut from 
the single erystals which had been cooled in the 
temperature gradient, but some observations were 
also made on specimens heated for 1 hr at 800°C, 
quenched to room temperature and then transformed 
isothermally at temperatures in the range 250-350°C. 
These heat treatments were usually carried out in a 
salt bath, the specimens being contained in evacuated 
silica capsules, but in a few cases specimens were heat 
treated in the evacuated chamber of a hot stage 
microscope”) and the progress of the transformation 
followed visually. 

For the study of relief effects, the specimens were 
obtained initially in the disordered cubic condition, 
and metallographically polished before heat-treatment. 
A mechanical polish sufficed for this purpose, but for 
the general examination of microstructures, specimens 
were polished either electrolytically or by *‘‘polish- 
attack”. The electrolyte consisted of hydrochloric 
acid, nitric acid and water in the proportions 1:3:4 by 
volume, and polishing was carried out at O38 V. 
A mixture of hydrochloric and chromic acids was used 
in the polish-attack method. 


(b) Experimental observations 

Transformation in the temperature range 380-410°C 
produced microstructures of the type illustrated 
in Fig. 1. The plates in these microstructures were 
observable either as relief effects or after polishing 
and etching. When etched specimens were examined 
in polarized light, a single system of fine parallel 
sub-bands became visible in each plate (Figs. 2 and 3). 

It was established by X-ray examination of partly 
transformed specimens that the plates had the ortho- 
rhombic structure and the surrounding matrix, the 


Fic. 2. Microstructure showing sub-bands, *‘diamond”’ 
figures and pseudo habit plane, in specimen transformed 
18 hr at 400°C. Polarized light. 150 
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figures in specimen transformed 
Polarized light. 300 


Diamond” 


2 hr at 390°C. 


disordered face-centred cubic structure. This is 
consistent with the results of Kallbach ef al.“ who 
showed that the orthorhombic phase develops at the 
expense of the cubic phase. 

The plates produced during the early stages of the 
transformation were almost invariably arranged in 
groups of four and appeared on the surface being 
examined as roughly diamond shaped figures. From 


the form of these figures and the fact that habit plane 


determinations showed that the group consisted of 


four non-parallel variants of the same crystallographic 
plane, it seems likely that the groups of plates had the 
form of a pyramid. This suggests strongly that all four 
plates were nucleated at a common point, the apex 
of the pyramid. 

Observation with the hot stage microscope showed 
that, in all cases, 
formation of isolated groups of small plates which 


transformation commenced by the 


then grew slowly by lengthwise growth and, to a 
lesser extent, by thickening of the plates. Occasionally, 
a fully grown group of plates appeared suddenly, but 
this can be attributed to the arrival at the surface of a 
group of plates nucleated in the interior. In some 


&, 


4. Specimen completely transformed after 4 hr at 
390°C. 


Fig. 
Polarized light. » 100 


TRAN 


YSFORMATION IN AuCu 407 


Large numbers of small plates formed in 5 min 
at 380 C, 200 


cases, when the plates had grown to a certain stage, 
other plates grew uniformly along the four sides of the 
occasionally lengthwise extension 


diamond. and 


occurred by the formation of another set of plates. 
This, together with the growth of the plates towards 
the interior of the pyramid, led to the development 
of long bands parallel to a pseudo habit plane (Fig. 4). 

In agreement with the results of other workers,{9! 
the kinetics were found to be typical of a diffusion- 
controlled transformation, with the overall rate of 
transformation being strongly temperature-dependent. 
At 400°C there was an incubation period of approxi- 
15 hr, 


completed in 25 hr. At 


transformation was usually 
390°C 


after about 1.5 hr and was complete in 4 hr. 


mately and the 
transformation started 
At 380°C 
transformation was complete in 20min. At higher 
temperatures the rate of nucleation was small and a 
relatively small number of well-developed plates was 
produced (Fig. 2), but at lower temperatures nucleation 
was rapid and a large number of small plates was 
produced (Fig. 5). 

Isothermal transformation to the tetragonal phase 
250-350°C vielded 


in the range 


at temperatures 


Fic. 6. Single crystal cooled in temperature gradient, showing 
tetragonal phase with {101} twins and slip markings. 40 
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microstructures of the type shown in Fig. 6, the 
structure being observable either in relief or after 
polishing and etching. Similar structures were 
obtained when the single crystals were slowly cooled 
in the temperature gradient, and in this case, the 
formation of the structure was accompanied by 
audible clicks and produced a macroscopic distortion 
of the crystal. The microstructures consisted of one 
or more families of wide bands within which were 
numerous slip-markings. At first it was thought that 
the bands could be identified as plates of the ordered 
tetragonal phase growing at the expense of a disordered 


cubic matrix. However, X-ray examination of the 


specimen illustrated in Fig. 6 showed that both the 


bands and the continuous matrix in which they 
appeared were ordered and tetragonal (@ = 3.95 A. 
c = 3.68 A). The bands were found to be {101} twins 


of the tetragonal matrix, and an analysis of the relief 


effects showed that the tilts produced on two surfaces 
by the formation of the bands were those that would 
be expected if the bands were formed by mechanical 
twinning of the tetragonal matrix. 

The tetragonal transformation was followed both on 
the hot-stage microscope during cooling from 800°C 
and also while heating specimens that had previously 
been quenched; the rate of change of temperature in 
each case was of the order of 50°C/min. These 
experiments showed that during heating, the banded 
structure formed at about 250°C and during cooling 
at about 360°C, and that in each case it formed in a 
matter of seconds. The full-sized bands seemed to 
appear instantaneously over the surface of the 
specimen, but the relief effects were not well defined 
at first. and some time elapsed before they became 
fully developed. At no stage was there any indication 
of a heterogeneous process in which plates of the 
tetragonal phase were growing at the expense of a 
cubic matrix. 

Attempts were made to produce specimens contain- 
ing both the cubic and tetragonal phases, by cooling 
single crystals, 6 em long, in a temperature gradient, 
and quenching after transformation had begun at the 
cooler end. Five specimens were produced in this 
way, and each had a disordered cubic structure at one 
end and an ordered tetragonal structure at the other 
(Fig. 7). There was, however, no definite interface 
between these two structures; instead there seemed 
to be a zone where one structure changed gradually 
into the other. A series of Laue and Weissenberg 
patterns taken across the transition zone shown in 
Fig. 7 showed that a single orientation of the dis- 
ordered cubic structure existed from the untransformed 
end of the crystal up to a point 2.56 mm from the end 
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of the tetragonal bands. Beyond this point and up to 
point B (approximately 2mm) two orientations 
existed which had a maximum orientation difference 
of 1°. Close to point B these two orientations were 
found to be slightly tetragonal (c/a = 0.99) with a 
small degree of order. Beyond point B and up to 
point C there was a marked increase in the degree of 
order and a decrease in the axial ratio c/a, such that 
at point C within the banded region the axial ratio 
was approximately 0.939. Beyond point C the only 
observable change was a slight decrease in the axial 
ratio, which reached a constant value ofapproximately 
0.935 at point D. 

From these results it is clear that, for the conditions 
studied, the tetragonal phase does not form at the 
expense of the cubic phase by the advancement of a 
well-defined interface. The results are consistent with 
the view that the bands are mechanical twins which 
form after some degree of order and tetragonality 


has developed. 


3. CRYSTALLOGRAPHIC FEATURES OF THE 
CUBIC TO ORTHORHOMBIC TRANSFORMATION 


(a) Experimental methods 

The detailed analysis of the 
features of the cubic to orthorhombic transformation 
was carried out on a group of four well-developed 
plates of the orthorhombic phase (Fig. 8). This group 
of plates was produced in a specimen containing 
50.2 at.°,, gold by heating to 800°C for 1 hr, trans- 
forming isothermally at 400°C + 2°C for 42 hr and 
then quenching to room temperature. Before this 
heat-treatment the specimen had been obtained in the 
and had been 


crystallographic 


disordered condition one surface 
polished. 

The analysis of the homogeneous strain accompany- 
ing the transformation was limited to the measurement 
of the tilts produced by the four plates on the original 
polished surface of the specimen. These measurements 
were made by multiple-beam interferometry. 

The habit planes of the plates and the plane of the 
sub-bands were determined from trace measurements 
on two surfaces. For this purpose, the specimen was 
prepared as shown in Fig. 9 so that traces of each 
plate were exposed on two surfaces. To minimize 
errors due to the presence of a lineage structure in the 
specimen, the trace measurements and the orientation 
determinations were made on two small regions, one 
for each pair of plates A, Band C, D at the positions 
shown in Fig. 9. Since the sides of the plates were not 
parallel, measurements were made of the traces on 
both sides of each plate, and the mean values were 


j 
4 
4 
V 
g 
Motes 


SMITH ann BOWLES: 


Fic. 7. Transition zone between the cubic structure 
and the twinned tetragonal structure in a single crystal 
quenched after partial transformation in a temperature 
gradient. 


used for the habit plane determination. The crystal 
orientations were determined by a rotating crystal 
X-ray method in which two rotation patterns were 
taken about known axes at right angles. The 
orientation of particular planes could then be deter- 
mined from the angles between the normals to the 
planes and each of the rotation axes. The error in this 
method was estimated to be less than 0.5°. The 
measurements of the traces of the habit planes were 
considered to be accurate to within —0.25° and those 
of the sub-bands to within —2°. 

The orientation relationships between the cubic and 
orthorhombic phases were determined from oscillating 
crystal X-ray photographs containing reflections from 
both phases. The plates were examined two at a time 
by masking off with a paste of litharge and glycerine, 
all of the specimen surface except strips, 0.005 in. 
wide, across the pairs of plates A,B and C,D. For 
each pair of plates two oscillation photographs, about 
axes at right angles, were taken on each of three 
surfaces of the specimen. A typical pair of photo- 
graphs showing a (200),. reflection on the zero layer 
line with the {200},, reflections clustered about it, is 
reproduced in Fig. 10. In determining from such 
patterns the relative positions of the {100},. and 
{100},, axes, a correction had to be made in some 
cases because of the combined effect of the divergence 
of the beam and the separation of the plates, on the 
spacing of the orthorhombic reflections. 

The lattice parameter of the disordered face-centred 
cubic phase was determined from the reflections on 
the zero layer line of a single crystal rotation pattern. 
The parameters of the orthorhombic phase were 
determined relative to this cubic parameter. For this 
purpose several oscillating crystal patterns were 
recorded on the same film so that reflections from 


TRANSFORMATION 


IN AuCu 


Fic. 8. Relief effects produced by the group of ortho- 
rhombic plates used in the crystallographic study. » 40 


(400)... (400), (040),, and (004),, were all obtained on 
the zero layer line. The orthorhombic parameters 
were calculated from the distances between the 
cobalt Ka- reflections on such a film, and the known 
cubic parameter. 

A detailed account of these techniques is given 
in Ref. (13). 
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Fic. 9. Sketch of specimen showing the traces of the 
four plates A, B,C and D on three surfaces. 
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Fic. 10. Oscillation patterns showing (200)¢ reflections 
and associated group of (200)9 reflections. CoK~ radia- 
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Fic. 11. Stereographic projection showing the orienta- 


tion relative to the cubic axes, of (i) the normal to the 
original polished surface and the tilted surfaces of 
plates A, B, C and D (half filled circles); (ii) the 


normals to the habit planes of the four plates, (unfilled 
circles); (iil) the {110}¢ planes associated with the sub- 


bands in each plate; (iv) the orthorhombic axes of the 


two orientations in each of the four plates A, B,C and 
DPD. The unfilled. half filled and filled squares represent 
a’, b and ¢ axes, respectively. 


(b) Experimental results 


The results of the habit-plane determinations on the 
four plates are shown in Figs. 1] and 12. Figure 11 
shows the orientation of the plates relative to the 
axes of the original cubic crystal and in Fig. 12 the 
normals to the four planes have all been plotted in the 


same stereographic triangle. The main source of 


uncertainty in the habit plane determination arises 
from the non-parallelism of the sides of the plates. 
Calculations of the extreme positions, using first the 
outside edges and then the inside edges, showed that 
this could cause an error of between 0.75 and +1.5 
in the direction at right angles to the [OO1|,—{O11 |, 
boundary, but in the direction parallel to this 


houndary the error would be negligible except in the 


case of plate C where it could amount to —0.25°. 
Other sources of error are the errors in measurement 
of the traces, +-0.25°, and the error in the orientation 
determination less than 0.5°. It can be seen from 
Fig. 12 that the four habit planes are variants of a 
single plane to within these limits of accuracy. 

It was found that the plane of the sub-bands within 
each plate was within 3° of a {110} plane of the 
original cubic crystal. The relevant {110},. planes are 
indicated in Fig. 11: for each plate the normal to the 
relevant {110!,. plane lies in that stereographic 


[ool] 
40” 


Fic. 12. Stereographic projection showing the varia- 
tions of habit plane with 6? for the (x+.@—) solution, 
and the measured habit planes (circles). Only the 
circles marked B and C are in their measured positions; 
the other poles have been transferred by symmetry 
operations to the stereographic triangles shown. 
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(b) 


Fic. 13. Stereographic projections showing the measured orientations of the twenty-four 
The rectangles indicate the estimated error of these determinations. 


relative to the (LO0O)¢ axes. 
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[100] 


(c) 


axes (crosses 
The orienta 


tions predicted by the theory are also shown (dots). 


triangle which hasa 111),. boundary, common 
with the stereographic triangle containing the normal 
to the habit plane of the plate. 

The results of the orientation determinations are 
shown in Figs. 11 and 13. Each of the four plates 


was found to contain two twin orthorhombic 


orientations making a total of eight orientations in all. 
Fig. 13 shows the orientations of the 24 (100), axes 
relative to the (100), axes and indicates the accuracy 
of the Fig. 11 the relative 


measurement. shows 


orientations of the orthorhombic axes and the four 
habit planes, and also shows which orientations wer 
found in each plate. Inspection of this diagram shows 
that the twinning plane relating the two orientations 
in each plate is a {101!,, plane and that in each case 
this plane coincides with the plane of the sub-bands 
in that plate. 

The angles through which the original polished 
surface was tilted by the production of the four plates 
were found to be equal within the accuracy of the 
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TABLE 1. Analysis of surface tilts produced by plates 
A, B,C and D on an orignal surface taken 
as (0.07846, 0.61566. 0.78409)¢ 


Orientation of tilted surfaces 
Measured Predicted 


(0.08083, 0.65252, 0.75345)c (0.08045, 0.65261, 0.75341)c 
(0.07992, 0.57716, O.81271)c (0.07955, 0.57735, 0.81261)c 
(0.07707, 0.65274, 0.75365)c (0.07690, 0.65258, 0.75381)c 
D (0.07518, 0.57745, 0.81295)c (0.07599, 0.57774, 0.81267)c 


The predicted angle of tilt is in all cases 2° 45’ + I’ in agreement 


with the measured value 2° 45’. 


method used. The measured angle was 2° 45’. Plates 
A and (' were tilted in (approximately) opposite 
senses to plates Band D. The normals to the original 
and tilted surfaces are shown in Fig. 11 and unit 
vectors in the directions of these normals are given 
in Table 1. 

The lattice parameter, a, of the face-centred cubic 
phase was found to be 3.872 A +0.002. Using this 
value to calibrate the composite film (Section 3), the 
values obtained for the axial ratios—b/a’ and c/a’ of the 
orthorhombic pseudo-cell—were 0.9960 —0.0003 and 
0.9244 +-0.0003, respectively. The value obtained for 
the ratio a’/a of the orthorhombic to the cubic lattice 


parameter, was 1.0276 —0.0003. The parameters of 


the orthorhombic pseudo cell were thus a’ = 3.976 A. 
bh — 3.963 A and ¢ = 3.678 A. 


4. COMPARISON OF THEORY AND EXPERIMENT 

The phenomenological theory of martensitic trans- 
formations was developed from an analysis of the 
geometrical features associated with the formation of 
martensite plates within a parent crystal. The present 
investigation has shown that the low temperature 
transformation to the tetragonal structure in Au—Cu 
does not occur by the formation of plates of the new 
phase within the old. Hence, it does not conform with 
the characteristics on which the phenomenological 
theory is based and it is not appropriate to attempt to 
apply the theory to this transformation. The trans- 
formation to the orthorhombic phase, on the other 
hand, exhibits the same kind of geometrical features 
as martensitic transformations and it is therefore 
appropriate to see whether this transformation 
conforms with the theory. 

The data required for substitution into the equations 
of the theory are the correspondence between the 
original and final lattices, the operative twinning 
plane and the axial ratios of the orthorhombic lattice. 
Considering the variant B in Fig. 11 it is evident that 


the correspondence for this variant is given by the 
relation* 


[o; y]=I[c; x] 


where I is the identity matrix. 

The operative twinning planes associated with the 
various orthorhombic orientations were identified by 
the sub-band analysis and this identification was 
confirmed by the observation that the twinning plane 
of the twin orientations found in each plate was the 
same as the plane of the sub-bands in that plate. 
Thus, from Fig. 11, the plane from which the twinning 
plane in variant B was generated may be identified 
as the plane (101)... The axial ratios of the ortho- 
rhombic lattice have been given in the preceding 
section. 

The predictions of the theory may now be calculated 
by substituting these data into the equations derived 
in Ref. (3). The theory involves a variable parameter, 


6 = da'/a, where a and a’ are the lattice parameters of 


the cubic and orthorhombic phases respectively, and 
6 defines a small unknown dilation. For any given 
value of § the theory yields four solutions for the 
habit plane, these being simply variants of the same 
plane. The variation of the habit plane with # 
predicted by using the (x+. solution, is 
shown in Fig. 12. The variable parameter # is 
evaluated by finding that value which gives the best 
agreement with the observed habit plane. It can be 
seen from Fig. 12 that the predicted habit plane is in 
good agreement with the observed habit plane, B, 
when #? = 1.053, and this value has been used in 
deriving the predictions described below. Since the 
measured value of a’/a is 1.076, it follows that 
6 = 0.9986. It should be noted that although the 
predicted habit plane versus # curve also passes close 
to the experimental habit plane, C, it is not permissible 
to evaluate 4? to give agreement with this habit plane, 
since the generation of the orientations in plate C 
involves a correspondence and twinning plane 
different from those used in deriving the habit plane 
versus §? curve. It should also be noted that if 0 is 
assumed to be exactly unity,?-4) in which case 
f? — (a'/a)? = 1.056, the predicted habit plane is then 
about three degrees from the observed plane and in the 
neighbouring stereographic triangle. 

Of the four strain matrices that are obtained on 
substitution in the equations of Ref. (3), only one 
defines directly any of the eight orientations in the 
four plates studied. This solution, the (a+. m—) 


* The notation used in this paper is the same as that used in 
(2) and (3). The basis symbols 0 and c refer to the ortho- 
rhombic and cubic bases respectively, the metric (oGo) of the 
orthorhombic basis being (diag. (a’)?, b?, ¢?). 
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Fic, 14. Stereographic projection showing the data of Fig. 13 reduced by symmetry operations to a group of 


five poles around one (1L00)¢ axis. 
each pole. The orientations predicted for 6? 


solution, describes the B orientation directly. This 
result is expected because the B orientation is the only 
one of the eight orientations present for which the 
above choice of correspondence and twinning plane 
is appropriate. Of the other three solutions, one 
describes an orientation that is a twin of a variant of 
the B orientation, and the other two describe variants 
of these two orientations. 

The invariant line strain for the («+ , @— ) solution is 
0.024519 
0.023012 
0.947970 


0.001258, 
1.021767, 
0.024773, 


L.O25815. 
0.000620. 
0.026548. 


(CSc) 


Since the correspondence is described by the 
identity matrix, it follows that the successive columns 
of this strain matrix are vectors describing the 
orientation relative to the basis c of the axes |100}],,, 
{O10],, and respectively. These predicted 
directions are plotted in Fig. 13 for comparison with 
the measured orientation relationship. The pre- 


dictions for the other seven orientations are also 


The shaded areas are the areas common to the separate determinations of 
1.053, 0 
circles and open circles, respectively. 


0.9986 and 6 1.056, 0 l are shown as filled 


shown in Fig. 13. The predicted orientations 4, C and 
D are simply variants of the predicted orientation B 
and have been derived therefrom by performing the 
that the 

The twin orientations A,, 


symmetry operations produce required 
changes of habit plane. 
B,, C, and D,, have been derived from the (x 
solution in a similar manner. It 


Fig. 13 that in all cases the agreement between the 


) 


can be seen from 


predicted and measured orientation is very good. 
In Fig. 14 the orientations predicted for 6? 1.053 
and for #? = 1.056 have been plotted for comparison 
with the experimental data. For this purpose, the 
experimental observations have been reduced by 
means of the appropriate symmetry operations to a 
group of five poles around one (100). axis. It can be 
seen from this presentation of the results that the 
1.053 are systematically in better 
agreement than those for 6? = 1.056. 

The invariant plane strain, describing the shape 


predictions for ( 


change accompanying the transformation, was found 
by substitution into the equations of Ref. (3) to be 


(cP,c) = | + mdp’ 
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where 

0.038122. 0.659595: 0.750654 |... 

p’ = (—0.037122, 0.677769. 0.734336), and 
m= 0.048692. 


The surface tilts produced by each of the four 
plates 4. B,C and D were calculated using the above 
strain and the appropriate variants of the original 
surface. The calculated angles of tilt for plates A, B, 
C and D were 2° 45’, 2° 44’, 2° 44’ and 2° 44’, re- 
spectively. in excellent agreement with the measured 
angle of 2° 45’ +5’. In each case the predicted tilt 


was in the observed sense, Table 1. 


5. DISCUSSION 
The results of the present investigation not only 
establish that the diffusion controlled cubic to ortho- 
rhombic transformation in AuCu conforms with the 
phenomenological theory of martensitic transfor- 


mations, but they also provide a more critical test of 


the theory than has previously been made. The 
agreement between the predicted and observed habit 
planes is of particular interest in this respect. Hitherto, 
the habit planes in AuCu and in the various other 
systems such as indium-—thallium, in which cubic to 
tetragonal transformations occur, were thought to be 
exactly parallel to {110},. planes. This caused some 
difficulty. for the theory never predicted a {110}, 
habit but always an irrational plane close to {110}<. 
The present work removes this difficulty for not only 
has the existence of the irrational habit plane been 
demonstrated, but it has also been shown that the 
lateral growth of such plates can produce compound 
plates having a pseudo habit plane, {110}... It now 
seems certain that the {110},. habits that have been 
observed in indium—thallium and other similar systems 
are also pseudo habit planes. In these cases the axial 
ratios are much nearer to unity than in AuCu and 
consequently the true habit planes are much closer 
to {110},. so that it would be difficult to distinguish 
experimentally between the two. It should be noted 
that it is not permissible to regard the {110},. junction 
plane as the habit plane for to do so would not be 
consistent with one of the original postulates from 
which the theory was developed, viz. that no line in 
the habit plane is rotated by the transformation. 
The midrib of the compound plate is not an unrotated 
line but is composed of lengths rotated in opposite 
senses to give a saw tooth effect. 

With regard to the proposed dilation, the predictions 
of the habit plane and orientation relationship have 
been shown to be systematically in better agreement 
with the experimental results when # is chosen to 
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have the value 1.053 (6 = 0.9986), than for the case 
§? — (a'/a)? = 1.056, which corresponds to 6 = 1. 
In the case of the orientation relationship, the 
predictions for both values of 4? are probably within 
the experimental error but the habit plane results 
indicate a more definite decision in favour of 
f? — 1.053. Even the most unfavourable combination 
of errors does not eliminate the discrepancy between 
the habit plane predicted for 6 = 1 and the experi- 
mental result. The habit plane predicted for 
(a’ /a)? = 1.0273, b/a’ = 0.9957, c/a’ = 0.9241, i.e. the 
worst combination of parametric errors, lies on the 
curve in Fig. 12 exactly one degree to the right of the 
point, 6? = 1.056. This is still outside the experi- 
mental error, +-0.75°, of even the most favourably 
situated plate, A. 

From one point of view it is not particularly 
surprising to find that the crystallographic features of 
this transformation conform with the phenomeno- 
logical theory of martensitic transformations. As 
Bilby“® has pointed out, the kind of analysis which 
has been applied to martensite crystallography should 
be applicable to any transformation that produces 
relief effects corresponding to a homogeneous strain; 
this is because the shape change must then be approxi- 
mately an invariant plane strain. However, if as is 
widely believed, the crystallographic features of 
martensitic transformations are a consequence of a 
special kind of transformation mechanism, then it is 
very interesting to find the same crystallography, and 
hence presumably the same kind of mechanism, in 
AuCu where the transformation is accompanied by 
place exchanges between neighbouring atoms. 

The view is widely held that a transformation gives 
rise to relief effects when the interface between the 
phases is such that it can maintain its structural 
identity during migration. The kind of interface that 
is envisaged is an array of dislocations which, as it 
moves, produces both the growth of the new structure 
and the displacements of the parent phase that 
generate the relief. Whilst there can be little doubt 
that the growth of the orthorhombic plates in AuCu 
proceeds in such a fashion it is not clear at what stage 
of growth the martensitic type of interface is estab- 
lished. A number of workers in the field of martensitic 
nucleation favour the idea that martensite plates 
develop from faulted regions produced in the meta- 
stable parent phase by dissociation of dislocations. 
These faulted regions could grow by displacement of 
the imperfect dislocations surrounding them but, in 
general, their structure cannot be exactly that of the 
new phase; as Bilby“® has shown, the most general 
lattice strain that can be achieved by dislocation 


VO 


2 
8 


dissociation is an invariant plane strain. Thus to 
create a martensite nucleus with the required interface, 
further deformation of the faulted region is needed. 

This kind of mechanism is at variance with that 


proposed by Newkirk ef a/."®'®), From an analysis of 


the diffuse diffraction effects in the alloy CoPt these 
workers proposed that the ordered phase forms as 
platelets coherent with the {110} planes of the matrix. 
They proposed that these platelets develop into plates 
of microscopic dimensions, the lattice strain produced 
by the coherence being relieved by self deformation. 
The orientation relationship implied by this proposal, 
(110). (101),: (010)... (001), and the habit plane 
}110},. are clearly incompatible with the present 
results. Thus although Newkirk ef a/. believed that 


their mechanism would also apply to the ordering of 


AuCu it is now clear that this cannot be true, at least 
for the transformation to the orthorhombic phase. 
With regard to diffuse diffraction effects the position 
is that these studies have never been carried out on 
AuCu specimens quenched directly to an ageing 
temperature at which the orthorhombic phase forms 
so that it is not known whether the early stages of the 
formation of orthorhombic plates give rise to such 
effects. However, diffuse diffraction might be expected 
from thin plates produced by dissociation of dis- 
locations. 

The present results for the low temperature cubic 
to tetragonal transformation are consistent, however, 
with the mechanism of Newkirk ef a/. and in particular 
are consistent with the view that the relief effect in 
this transformation are attributable to self deformation 
by {101} mechanical twinning of the tetragonal 
product. This is a little surprising for such twinning, 
if it occurred in the ordered structure, would change 
the orientation of the ¢ axis relative to the layers of 
copper and gold atoms, unless it was accompanied by 
a re-arrangement of the atoms. From the observation 
that these relief effects are faint at first but become 
progressively sharper, it seems that twinning occurs 
first at a very early stage of ordering and that ad- 
ditional shearing takes place as the degree of order in 


the twinned portions increases. 
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Published work on the alloys CoPt and FePt, both 
of which possess superlattices, does not exclude thy 
possibility that in these cases a tetragonal product 
could be produced by a mechanism similar to that 
operating in the case of orthorhombie AuCu. [i 
should also be noted that the present work has not 
established that the high temperature mode of trans- 
formation in AuCu always yields an orthorhombic 
product. The possibility remains that a tetragonal 
phase may be produced in this manner at some 
temperatures. 
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THE THERMODYNAMICS OF THE CHROMIUM-IRON SYSTEM* 


O. KUBASCHEWSKI*+ and G. HEYMER** 


A method for the determination of the vapour pressure of chromium has been devised by combining 
Knudsen’s effusion method with tracer analysis using Cr-51 of half-life 27.8 days. The vapour pressures 
determined in the temperature range 1170°—1400°C agree with previous work and may be represented by 


the equation 


log Patm 19,700/T + 6.92. 


The heat of sublimation at 298 K is 94.0 kceal/g-atom, the boiling point is estimated to be 2680 C. 
The chromium pressures in the system chromium-—iron have been measured at 1340 —1370 C for various 


compositions. The activity curve shows some positive deviation from Raoult’s line. 

Assuming the solid and liquid solutions to be regular, and using thermal data for the minimum in the 
liquidus curve and the maximum of the o-x transformation together with Backhurst’s atomic heat data 
for this transformation, the phase boundaries, %-liquid and x-o, have been calculated and found to agree 
essentially with the experimental phase diagram. The solidus—liquidus gap was, however, found to be 
narrower than hitherto assumed, and the x-o¢ boundary has been extended to lower temperatures. 


LA THERMODYNAMIQUE DU SYSTEME FER-CHROME 
Les auteurs ont imaginé une méthode pour la détermination de la pression de vapeur du chrome en 
combinant la méthode Knudsen avec une analyse par traceur oti l'on utilise le Cr-51 dont la demi-vie est 
de 27,8. Les pressions de vapeur déterminées dans la gamme de températures comprises entre 1170 et 
1400°C sont en accord avec les travaux antérieurs. Elles peuvent étre représentées par l’équation 


log Patm 19,700/T + 6,92. 


La chaleur de sublimation a 298°K est de 94,0 keal/atome gr. et le point d’ébullition est estimé a 2680°C. 
Les pressions du chrome dans le syst¢me fer-chrome ont été mesurées a 1340—-1370°C pour différentes 


compositions. La courbe d’activité montre un écart positif par rapport a la droite de Raoult, 

Les auteurs font lhypothése que les solutions solides et liquides sont réguliéres et utilisent les 
données thermiques pour le minimum du liquidus et le maximum de la transformation ¢ % ainsi que 
les résultats de chaleur atomique obtenus par Backhurst pour cette transformation. Dans ces conditions. 
les limites de phase liquide-x et x-o ont été calculées. Elles correspondent bien a celles que lon 


obtient en tragant expérimentalement le diagramme de phase. 
Cependant, la lacune solidus-liquidus apparait plus étroite qu'on ne ladmettait jusqu’a présent et la 


limite de phase x-o peut étre prolongée jusqu’a des températures plus basses. 


DIE THERMODYNAMIK DES SYSTEMS CHROM-EISEN 

Durch Kombination des AusstrOmungs-Verfahrens nach Knudsen und der Nachweismethoden durch 
radioaktive Isotope (benutzt wurde Cr-51, Halbwertszeit 27.8 Tage) wurde eine Methode zur Bestimmung 
des Dampfdrucks entwickelt. Die im Bereich 1170°—1400°C bestimmten Dampfdriicke stimmen mit 
friiheren Arbeiten iiberein und lassen sich darstellen durch 
19,700/T + 6.92. 


log Patm 
Die Sublimationswarme bei 298 K betragt 94.0 keal/g-Atom, der Siedepunkt wird auf 2680°C geschatzt. 
Der Dampfdruck des Chrom im System Eisen—Chrom wurde fiir verschiedene Zusammensetzungen bei 
1340-1370 C gemessen. Die Aktivitaétskurve zeigt positive Abweichungen von der Raoult-Geraden. 
Nimmt man die feste und fliissige Lésung als regular an und benutzt thermische Daten fiir das 
Minimum in der Liquiduskurve und das Maximum der o-x-Transformation in Verbindung mit den 
Werten von Backhurst fiir die Umwandlungswarme dieser Transformation, so stimmen die berechneten 
Phasengrenzen (x-fliissig und x-a) im wesentlichen mit dem experimentellen Phasendiagramm iiberein. 
Der Abstand zwischen Solidus- und Liquiduslinie erwies sich jedoch als kleiner als bisher angenommen 
wurde; ferner ergab sich der Verlauf der x-c-Grenze bei tieferen Temperaturen. 


Thermochemical data of metallic systems with brium measurements. The present paper describes 
melting points below 1100°C are being obtained in an application of Knudsen’s effusion method, com- 
various laboratories at a satisfactory rate. In view bined with a tracer method in order to increase its 
of the potential practical application of such data it is | sensitivity, to chromium-iron alloys. Such a method 
desirable to study in particular high melting-point was devised by Birchenall and Schadel) who applied 
alloys, and this requires further experimental develop- it to silver alloys; in this case it was possible to restrict 
ments in high-temperature calorimetry and equili- the temperature range to below 1000°C, to place the 
cell unscreened into an evacuated vessel, to use in- 


* Received May 16, 1959. duction heating and to collect only a proportion of 
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Teddington, England. less than 10 per cent of the evaporating atoms for 
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ACTA METALLURGICA, VOL. 8, JULY 1960 416 


‘ 
8 
19) 
a6 


KUBASCHEWSKI ann HEYMER: 


Fic. 1. 


Effusion apparatus. 


considerably lower than that of silver, and higher 
temperatures of measurement are therefore required 
for chromium and its alloys. 


EXPERIMENTAL 
The apparatus shown in Fig. 1 was constructed 
with due regard to the conditions governing the 
These condi- 


evaluation of effusion measurements. 
tions were enumerated by Birchenall and Schade 
for instance, and need not be repeated here. In order 
to increase the sensitivity of the method, the chromium 
was irradiated in the pile at Harwell, prior to alloying. 

In order to secure an even temperature distribution 
in the cell at 1200°-1500°C it must be surrounded by 
metal foils, reflecting the heat radiation, with an 
opening at the top for the vapour beam. Preliminary 
experiments showed that such an arrangement of 
the shields caused a reflection of the evaporating 
atoms, making the evaluation uncertain. This 
difficulty was overcome by placing a tantalum tube 
(E) on top of the cell. (A similar device had already 
been used by Gross et al.) for the study of equilibria 
involving subhalides of aluminium.) The substance 
was partly condensed within the tantalum funnel, the 
remainder being collected on the water cooled tanta- 
lum disc at G. Some of the chromium, however, 
condensed within the hot zone of the funnel and 
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formed an alloy with the tantalum which could not b« 
A thin-walled 
(0.03 mm) molybdenum tube D was therefore placed 


dissolved quantitatively for analysis. 


in the tantalum funnel, and was later dissolved com 
pletely together with the chromium condensate in 
aqua regia. 

The furnace (A) consisted of two cylinders of 0.1 
mm tantalum sheet held by two rings made of 0.4 mm 
molybdenum sheet with holes for the molybdenum 
heating wire, which was insulated from the molyb- 
denum rings by small pieces of alumina tubing. The 
diameter of the furnace was 4.8 cm, its height 6.4 em. 
The radiation shields were made of tantalum and 
nickel foils. The heat loss upwards was compensated 
by an additional heating coil at B, held by a tantalum 
frame bearing small insulating alumina tubes. 

In order to attain a temperature of 1450°C, the 
320 W, the 


150 W. The voltage was kept constant by a stabilizer, 


furnace required additional furnace 
but additional regulation by hand was necessary in 
order to keep the temperature constant to within 
-0.5°C. The apparatus was heated within 5—6 min 
L000" to 
within 3 more min. When the current was switched 
off, it cooled to 1000°C within 2 min. 


The (C) 


cylinder. The upper part formed a ring screwed on to 


from 1400°C and attained equilibrium 


cell was turned from a molybdenum 
the lower part holding down a 0.1 mm tantalum foil. 
This bears the effusion hole, the area of which was 
measured by means of a microscope. The foil with 
hole was replaced after every third to fifth experiment. 

The position of the Pt-13°, Rh—Pt thermocouple 
Fig. 1. For 


thermocouple was introduced into the cell in such a 


is shown in calibration, a standard 
way that its hot junction was at the bottom of the 
cell. In addition, wires of high-purity copper and 
nickel respectively carrying a current of 0.002 A 
were fixed within the cell in such a way that the 
current wes interrupted when the wire melted. The 
with the 
ones obtained by the calibration with the standard 


melting temperatures agreed within 


thermocouple. 

The vacuum produced by the combined action of an 
oil diffusion pump and a mechanical oil pump was 
2x 10-%>mmHg at 1400°C. The 
measured by an ionisation gauge. 

The chromium powder used contained 0.46 per cent 
O, 0.005 per cent 8, 0.026 per cent Fe and traces of 
Si, Bi and Cu. The residual oxide was not likely to 
affect the vapour pressure results since the vapour 
pressure of Cr,O, is lower than that of Cr by several 
logarithmic units. The 
0.07 per cent O, 0.005 per cent 8, 0.015 per cent C, 


vacuum Was 


iron powder contained 
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0.05 per cent Mn, traces of Si, Cu, Ni, Cr and Al, and 
was treated in hydrogen in order to reduce the oxygen 
content. The active metal was chromium-51 formed 
in the pile from chromium-50, no other isotopes being 
formed. Only 3 per cent of the disintegrations of 
Cr produce y radiation, the remainder being so soft 
that the disintegrations had no effect on the counter 
used in the present work. The half-life of chromium-51 
is 27.8 days, and the maximum activity after one week 
of irradiation with a pile factor of ten was 21 me/g. 

The weighed metal powders were mixed mechani- 
cally for 24 hr, compacted at a pressure of 2000 kg 
em *, sintered at 1430°C for several hours in a high 
vacuum and cooled rapidly. From the particle size of 
the powders and diffusion data for Cr—-Fe it was 
that this 
Turnings of these allovs were made and 


estimated treatment ensured complete 
alloying. 
]—2 g filled into the cell. 

The effusing substance was collected on the surfaces 
of the two funnels (D and £) and the tantalum disc 
at G. It was dissolved by conc. hydrochloric acid, the 
molybdenum being dissolved entirely by the addition 
of cone. nitric acid. After concentration, the activity 
(of an aliquot portion) was determined in a Geiger 
counter and compared with the activity of a standard 
solution containing a known amount (m,,) of Cr of 
the same batch, the concentrations of the two solutions 
being kept approximately equal. The 
effects of the molybdenum and the alloy metal in the 


screening 


test solution were negligibly small. 

For evaluation, the usual effusion equation cannot 
be applied directly, since the vapour flowed first 
through a small hole and then through a narrow tube. 
In such a case the following equation is obtained for 
the equilibrium pressure of chromium in the cell, 
Por. from Knudsen’s considerations. ? 


m (277) 3 /2L 
\ - (1) 
p a Ss 


10-8 M/7T, M the molecular weight 
time in seconds, m the mass of 


where p 2 
of the vapour, ¢ 
chromium passing through the hole, a its area in 
cm?*, L the distance from hole to condensation zone in 
the molybdenum tube (in cm), and r the radius (in em) 
of this tube. 

The validity of equation (1) depends on the following 
conditions: (i) The ratio of the mean free path of the 
atoms in the gas to the diameter of the hole must be 
larger than, say, ten. (ii) The mean free path must be 
greater than the diameter of the tube. (iii) The effective 
surface area of the volatile metal must be large in 
relation to the area of the hole. This was studied 
experimentally by measuring the vapour pressure 
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with various hole diameters. Up to a hole diameter of 
Imm no deviations of p from the average was ob- 
served. (iv) The wall thickness of the hole should be as 
small as possible. In the present case the wall thick- 
ness was 0.1 mm. A small correction™ has been used: 


Kk 1/(1 0.5 b/e) for 0 < ble 1.5mm (2 


where / is the wall thickness and ¢ the radius of the 
hole. The expression  (27)/a in equation (1) must be 
divided by K. (v) The temperature at the hole must 
be at least as high as the temperature in the cell. 
This was achieved by the use of the additional 
heating coil Bin Fig. 1. (vi) The vacuum must be so 
good that the mean free path of the chromium is not 
noticeably reduced by other gas particles. 

All these conditions have been observed in the 
In addition, the fact that the active 


and inactive chromium have different atomic weights 


present study. 


must be taken into account. Using the subscripts A 
and / for the active and inactive substances respec- 
tively of the original compositions, and a and i for 


the same after effusion. we have 


Par M M, ay (M ,/.M,) (3) 


m,,/m, 


where x = p,4/p,; = ",/n, that is the ratio of the 
isotopes in the starting material. 


The total amount of effusing substance is m,, 


m, +m, =m,|[1 For the stand- 
ard solution n,/n,; = m,M,/m,M,, and its total 
my = Mm, m M,/xM ,). Hence 
my m, ,)) 
my (1 M ,/xM ,) 
(XV M, \ M,) \ M, 4) 
: ( 
m4 , M,) 


The ratio m,/m, is measured by the ratio of the 
radioactivities of the effusing substance and the 


standard solution, C,,/C,,, and we obtain: 


s 


2M , 


\ ,) 
uM, 


Me (5) 


In the present case x = n,/n, ~ 10-!*, that is so 
small that «MW, can be neglected, and equation (5) 


reduces to 


ME = (M_,/M,) (6) 


where VM, = 51.0 and M, = M (in equation la) = 
52.01. 

If the mass of the effusion chromium is therefore 
to be determined from the ratio of the radioactivities 
of the effused dissolved chromium and the standard 
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solution, equation (1) must be combined with equa- 
tions (2) and (6). Using the known constant quantities, 
the following equation is finally obtained: 


0.2808 T 
Cs 


= 


L 


K {mm Hg}. 
a 


(7) 
The second term on the RHS of the equation con- 
stituted less than 2. The error 
made by disregarding the temperature gradient along 
the molybdenum tube was therefore much less than 
| per cent of the total pressure. Similarly, the error 
due to the finite extension of the condensation zone 


5 per cent of the total. 


(0.5 em) was very small. 
The time ¢ was measured on a stop-watch, and the 
tO.1 per cent but the 


error involved was less than 
correction for effusion taking place during heating 
0.4 per cent. 


and cooling introduced an error of 
The weight of the solute in the standard solution, m,,, 
was determined with an accuracy of + 0.1 per cent. 
The statistical error of the Geiger counter was 100/ 
y counts, corresponding to about 1-1.5 per cent in 
the present work, for the standard solution as well 
as the test solution ((’,, and (;,). The area of the hole, 


a, was determined with an accuracy of +2 per cent. 
The absolute temperature, 7’, known 
+4°C corresponding to an error of + 0.1 per cent in 
y T. The error in L/r? was —15 per cent, but, since 
L/r® never exceeded 2.5 per cent of the term 8.378/ak, 


was within 


the vapour pressure results were affected only by 


+0.4 per cent. 

The maximum error in pcr thus amounts. to 
per cent. Since the absolute temperature was known 
to +4°C, corresponding to an error of about +7 per 
cent in per. the total maximum error for the measure- 
+13 per cent, 


t 


ments on pure chromium becomes 
for 


which is quite satisfactory vapour pressure 


measurements at high temperatures. 


The probable 


error is, of course, smaller. 

The activity measurements must be treated some- 
what differently. The error due to the inaccuracy of 
temperature measurement becomes smaller because 


the relative error must be used, and this was less than 


+1 per cent: measurements on pure chromium and 
the alloys were carried out alternately. Consequently, 
other errors partly cancel each other out, and it is 
estimated that the maximum error in the activity 
+-22 per cent which is also 


values at, sav, Nor = 0.2 is 


satisfactory. 


RESULTS 
Ten measurements of the vapour pressure of pure 
chromium were carried out in the temperature range 
1170°-1397°C. The results are plotted in Fig. 2. It is 
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seen that the results of Speiser ef al.) who used the 
Langmuir effusion method, and those of McCabe ef 
al.“®) who used the Knudsen effusion method, deter- 
mining losses in weight, are in excellent agreement 
with the present results. The maximum deviation 
from the straight line, represented by 


19.700 6.92, (8) 


log Patm 


do not exceed +20 per cent. The results of Baur and 
Brunner? who used a not very reliable boiling-point 
method are certainly too high by at least two logarith- 
mic units in this temperature range, although their 
extrapolated boiling point at | atm is approximately 


correct. 
Measurements of the dissociation pressures of 
chromium-iron alloys were carried out at 1341 


1355° and 1370°C. The chromium content of every 
alloy was determined before and after each series of 
runs. 
filtered to remove all traces of chromic oxide, and the 


A known amount of alloy was dissolved and 


radioactivity of an aliquot portion of this solution 
compared with that of the standard solution. It was 
found that this percentage decreased slightly after 
long effusion times, obviously because of the loss of 
chromium by evaporation. Calculations showed that 
these amounts corresponded to the theoretical ones. 
Since the experimental conditions were adjusted in 
such a way as to give approximately the same effusion 
mass in every experiment, the mole fraction of 
chromium was obtained for every experiment by 
interpolating linearly between the initial and final 
of 
The activities are 


chromium contents within every series runs. 


The results are listed in Table 1. 
plotted in Fig. 3. The effect of temperature is dis- 
regarded because of the small temperature interval 
studied. The activities obtained by McCabe et al.‘®, 
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TABLE 1. Activities in the iron—-chromium system 


Analysis, 


at. % Cr Nor Por (mm Hg) 


before after 
5.13 0.0513 x 16 O.115 
0.0474 5. 10 0.112 
0.0436 .225 x 10 0.107 
0.0398 1643 6.705 « 10 0.100 


0.0828 1628 7.69 x 10 0.153 
0.0813 1614 10 0.151 
0.0798 1643 9.79 x 10 0.146 


29.83 0.2983 1643 2: x 391 
0.2973 1614 < 10-3 .398 
0.2965 1643 2.62 x 10-3 B39] 
0.2955 | 1628 | 2. < 10 . 
0.2945 1628 0.402 


0.501 1643 
0.501 1628 
50.05 0.5005 1614 


69.9 0.699 1643 
69.9 0.699 1628 


obtained at 1205-1249°C, are also plotted in Fig. 3. 
Since McCabe et al. determined total vapour pressures 
and estimated from these the chromium pressures, 
the present ones, measured directly, should be some- 
what more accurate. In view of the errors involved, 
the agreement between the two sets of data may be 
regarded as very reasonable. The difference has, 
however, some effect on the assessment of the phase 
boundaries. 

The activity data published by Vintaikin) appear 
to be too high, but, according to a private communica- 
tion from F. D. Richardson and C. Mannerskantz, 
they have confirmed the present activity curve at two 
compositions (Voy = 0.1 and 0.3) using the somewhat 
cumbersome method of equilibration of the alloys 
with H,O—H, mixtures (e.g.). 


1-0 
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Fic. 3. Activities of chromium in the Cr-Fe system. 


Ne] New 


Fic. 4. Partial and (Fig. 4a) integral excess free energies 
in the Cr—Fe system. 


EVALUATION 
Chromium 
Equation (8) may be expressed in terms of free 
energies of evaporation: 


AGo, = 90,120 — 31.66 T. (9) 


The atomic heat of solid chromium is known,” that 

of a monatomic vapour is 5 cal/degree. Using an 

average value, AC'p = —3.1, for the range from room 

temperatue to the melting point of chromium (1850°C) 

equation (9) may be extended for this temperature 

range, and the following equation is obtained: 

AG ¢,, = 94,900 + 7.15 T log T — 57.55 T (eal). 

(10) 

The atomic heat of liquid chromium just above the 

melting point is 9.4 cal/degree."® but generally 

atomic heats of liquids decrease with increasing tem- 

perature, and a value of 8.6 appears to be a fair esti- 

mate for the range from the melting point to the boiling 

point. With this and an estimated entropy of fusion 

of 2.2 cal? at the melting point, the free energy 

of fusion becomes 

AG fusion = 3650 — 1.15 T log T + 2.13 T (cal) 

(11) 

and the free energy of evaporation up to the boiling 

point, thus, 

AG o,, = 91,250 + 8.3 T log T — 59.68 T (cal). 

(12) 


With this equation the boiling point of chromium at 


Por = latm is found to be 2680°C which agrees, 
coincidentally, well with the one given by Baur and 
Brunner‘ (2660°C). Heats and entropies of evapora- 


tion and sublimation are listed in Table 2. The 
entropy of evaporation is a few units higherthan would 
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be expected from Trouton’s rule, but is lower than the 
value obtained from the measurements of Speiser ef 
al.) alone. 


TABLE 2. Evaporation data of chromium 


at 298°K m.p. 2123°K b.p. 2953°K 


Heat of sublimation, 


(keal/g-atom) 94.0 88.4 
Heat of evaporation, 
(keal/g-atom) 90.2 83.6 80.6 
Entropy of sublima- 
tion, 
(e.u./g-atom) 36.8 30.7 
Entropy of evapora- 
tion, 
(e.u./g-atom) 35.55 28.45 27.3 


Chromium-—iron 

From the activities in Table | the partial excess free 
energies of chromium in solid chromium-—iron alloys 
have been calculated by means of the equation 
AG," = 4.575 T log y a¢,/N¢, is the 


Yo, Where y 
activity coefficient. The values are plotted in Fig. 4 


Cr 
g 
against «in FeCr,: and the integrated curve, AG”*, is 
shown in the side diagram (Fig. 4a). The correspond- 
ing curve of McCabe eft al. is symmetrical and about 
200 cal/g-atom lower at V = 0.5. 

In view of the low excess free energies the assump- 
tion is certainly justified that the solid Cr—Fe system 
is regular, as has also been pointed out by McCabe. 
Thus, the curves in Fig. 4 are identical with the partial 
and integral heats of solution respectively. 

The The 


thermochemical data above together with the calori- 


chromium-—iron equilibrium diagram. 
metric results of Backhurst™”) may be used to assess 
approximately the phase boundaries solid—liquid and 
o—« of the Cr—Fe equilibrium diagram. 

The heats of mixing of the alloys is given by the 
curve in Fig. 4a, the entropies of mixing in a regular 
R(No, In No, + Np, InN 
Adcock" determined the phase boundaries solidus 
1517°C* 


0.23. At this temperature and composition 


binary solution by AS 


liquidus and found a minimum at 
and 
the free energy of formation of the x solid solution is 
1490 cal/g-atom. Since this is equally 


the free energy of formation of the liquid solution from 


obtained as 


the solid metals its heat of solution from the liquid 
metals can be obtained using the heats and entropies 
of fusion of pure chromium and iron, assuming that 
200 
cal/g-atom is found. In order to calculate the solidus 


the liquid solutions are also regular, and AG, 


and liquid lines the heat of formation of the liquid 


solutions must be known over the whole range of 


* Adcock’s temperatures have been corrected so as to agree 
with the accepted melting point of iron of 1539°C. 
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composition. For this a somewhat arbitrary assump- 
tion is made, namely that the ratio AH/,,AH),,, is 

0.23. The 
corresponding AH, curve has been drawn as a 
dotted line in Fig. 4a. 

When free energy curves are calculated at various 
between 1500°C and 1850°C from 
AG, = + RT(N¢, In No, + Ny. In and 
AG,,,; = AH RT(N,, In N N,, In Vy,) and 


the heats and entropies of fusion of chromium and iron, 


the same at all compositions as at V,, 


temperatures 


sol f r 
the tangents touching both these curves give the 
solidus and liquidus compositions at each temperature. 
The resulting curve is drawn in Fig. 5 and compared 
with Adcock’s”) experimental points and McCabe’s'® 
that the 
liquidus curve agrees fairly well with the experimental 


calculated curves. It is seen calculated 


one, being about 10 degrees higher in the range 
No, = 0.5-0.75. The accuracy of the 
curve is certainly not better than — LO°C, particularly 


calculated 


in view of the assumption made with respect to the 
The 
point to be noted from these calculations is that the 


heat of mixing of the liquid solutions. main 
heterogenous solidus—liquidus gap is much narrower 
than has hitherto been accepted on the basis of 
This 


confirmed directly, that is, without the use of any 


Adcock’s experimental points. result can be 


assumptions for high chromium concentrations. 
Liquidus, Adcock 
2° Solidus, Adcock 
— Calculated 
i800 
--- Mc Cobe 
700 
600 | 
500 


800 
600 
500}- 
400 
Fe 20 40 60 80 Cr 
At%Cr 
Fic. 5. Calculated and experimental phase boundaries 


in the Cr—-Fe equilibrium diagram, 
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According to Fig. 3 Raoult’s law holds very nearly for 
No, > 0.6, and the width of the solidus —liquid 
range is thus given by the entropy of fusion of 


chromium (¢,) according to 


o,(To, — T) = —4.574 T log (Ne,/Ne,’) 


where N,, and N,,’ are the atomic fractions of 
chromium at the liquidus and solidus points at tem- 
perature T; 7, is the melting point of chromium 
—2123°K. 

McCabe’s procedure to accept the experimental 
data for the minimum composition and temperature, 
and to reject the remainder of the experimental 
liquidus curve on the strength of the calculated one is 
not permissible and is bound to discredit the thermo- 
dynamic approach to phase-boundary determinations 
which is likely to be applied to an ever increasing 
extent, but only in connexion with the thermal results 
wherever the thermochemical data are not complete. 
McCabe’s curves are correct in that the heterogenous 
gap is narrower than observed experimentally, and this 
result seems to have some general significance: 
Wagner"), for instance, showed by means of the 
available thermochemical information that the liqui- 
dus-solidus gap in the system silver—gold is 1.3°C at 
N = 0.5 in contrast to an experimental value of LO°C. 

Such a simple assumption as for the liquid phase 
cannot be made for the o phase, but for this, additional 


Back- 


high-temperature 


thermochemical information is available. 
hurst“) 
calorimeter and measured the specific heats of an 
Fe-Cr alloy containing 45.8 at.°, Cr in the % and o 
states as well as the heat of transformation of o — x. 
The atomic heats of o and x are very nearly equal, 
and are also equal to those calculated additively from 
the atomic heats of the pure metals. Thus AC’p can be 
disregarded. On the specimen used the heat of trans- 


The 


ao content of the specimen, which was made in the 


devised adiabatic 


formation was found to be 356 cal/g-atom. 


authors’ Division, was estimated to be 90-95 per cent. 
Martens and Duwez" estimated the transition heat 
of an alloy containing 46.5 at.°,, Cr from the duration 
of a thermal arrest as well as from a comparison of 
heating-temperature/time curves for the alloy and 
pure Their results, 342 and 365 cal/g-atom 
respectively, agree very well with Backhurst’s value. 


iron. 


Here again, a correction must be made for incomplete 
conversion to g, and a value of L, , = 400 cal/g-atom 
has been accepted. 

With this value and the heat of formation of « 
Cr-Fe at N,, = 0.46, the heat of formation of o 
becomes 85 cal/g-atom, and it will be assumed that 
this applies to the range N,, = 0.43-0.54. The oa 
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phase has its maximum at No, = 0.47 and 815°C 
according to Cook and Jones"®. Using this informa- 
tion, the heat of transformation and the entropy of 
mixing of x, the entropy of formation of o at No, = 
0.47 is obtained —1.01 cal/g-atom. The entropy of 
formation of o is likely to have its maximum at 
N = 0.5, and the entropies estimated from the experi- 
mental curve near the maximum have been taken to 
apply equally near NV, = 0.53. Thus the construction 
of the entropy curve of o at Ny, = 0.44-0.56 in- 
volves some arbitrariness, but this should not seriously 
affect the following evaluation. 

Having the heats and entropies of formation of both 
the x and o phases, the free energy curves have been 
drawn for various temperatures between 400°C and 
750°C and the positions of the phase boundaries 
obtained from the common tangents. The resulting 
phase boundaries are compared with the experimental 
ones of Cook and Jones“ in Fig. 5. The agreement 
is quite good; the calculated curves lie somewhat to 
the left of the experimental ones, but there is some 
experimental evidence”? that very long annealing 
at 600°C would shift the x/(x% + a) boundary below 
26 at.°, Cr. This argument cannot apply to the 
chromium-rich (% a)/x boundary for which the 
experimental curve appears to be the more reliable. 

Probably the lack of agreement of the (ao + «)/x 
boundary is due to the heats of transformation o — x 
being somewhat too low, since the methods used tend 
to give low rather than high results. The choice of 
the AS curve for o cannot have affected the evaluation 
to that extent. It follows that the o + x miscibility 
gaps should be wider at low temperatures, rather than 
narrower, on both the chromium-poor and chromium- 
rich sides. 

One interesting point to note is that the asymmetric 
shape of the AHz curve (Fig. 4a) accounts for the fact 
that the position of ¢ is shifted to below N,, = 0.5. 
The symmetrical AHz curve used by McCabe would 
require a symmetrical position of o. 

It is thus seen that the phase boundaries of the 
iron—chromium system can be obtained in fairly good 
agreement with the thermal results from the available 
thermochemical information, if the positions for the 
minimum liquid-solid and the maximum o — ~ are 
used. The new results of these calculations are the 
extension of the a/o + a/a/a 
lower temperatures (not accessible to the thermal 
methods), and that the solidus—liquidus gap is nar- 


x/% boundaries to 


rower than assumed hitherto. 
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THE INITIATION OF SLIP IN SILICON IRON* 


J. HOLDEN* 


Observations have been made on the deformation of silicon—iron crystals containing small precipitates 
surrounded by clusters of dislocations. Slip bands are observed to develop from the clusters, and two 


mechanisms are distinguished, 


APPARITION DU GLISSEMENT DANS LE FER-SILICIUM 


L’auteur a observé la déformation de cristaux de fer-silicium contenant des petits précipités entourés 


par des amas de dislocations. 


Des bandes de glissement se forment a partir de ces amas. Leur formation répond a deux mécanismes 


distincts. 


DER GLEITBEGINN BEI SILIZIUM-EISEN 


Uber die Verformung von Silizium—Eisen—Kristallen mit kleinen Ausscheidungen, die von Verset- 


zungsanhaufungen umgeben sind, wurden Beobachtungen angestellt. 


Es zeigte sich, daB sich aus 


diesen Ansammlungen Gleitbander entwickeln und zwei Mechanismen unterschieden werden kénnen. 


INTRODUCTION 

The use of etch pits in silicon—-iron crystals to 
determine dislocation sites has been established by 
Dunn and Hibbard") in the course of polygonization 
studies. Further investigation of the conditions, under 
which dislocations will cause these etch pits to develop, 
has been carried out by Suits and Low" who have 
found that. in regions of heavy deformation, etch 
pitting may not be observed if the carbon content of 
the material is too low. This impurity must be 
present in sufficient quantity to form an atmosphere 
around the dislocations to enable the etching to take 
place. Suits and Low employed low-temperature 
carburization and ageing processes to increase the 
carbon content of their heavily deformed specimens 
and to cause etching at dislocation sites in regions of 
high dislocation density. 

The present observations relate to silicon—iron speci- 
mens carburized at a relatively high temperature; a 
treatment resulting in a sparse distribution of partici- 
pates. These precipitates are observed to have 
associated with them a distribution of etch pits 
marking the sites of the dislocations formed around 
the precipitates during either their growth or the 
cooling of the specimens to room temperature. Obser- 
vations have been made of the way the associated 
dislocations multiply during subsequent cyclic and 


tensile deformation. 


SPECIMEN PREPARATION 
Tensile and fatigue specimens were cut from 3 per 
cent silicon—iron strip, 0.013 in. thick, and the surfaces 
electro-polished in the chrome-acetic acid solution 


* Received July 20, 1959. 
+ National Engineering Laboratory, East Kilbride, Glasgow. 


described by Morris™. The specimens were carburized 
at 800°C for 30 min in an atmosphere of hydrogen 
which had been bubbled through heptane. The grains 
were several millimetres in diameter, and metallo- 
graphic observations were confined to those grains in 
which the surface of polish was within a few degrees of 
a (110) plane, as determined from Laue photographs. 
Electro-etching revealed that platelet precipitates 
were oriented so that the long axis appearing in the 
surface of polish was parallel to traces of (100) planes. 
The precipitates were surrounded by clusters of etch 
pits of characteristic distribution. Fig. l(a) shows 
typical precipitates, their long axis being up to 20 win 
length. It is seen that the precipitates with this axis in 


i 


fool} 


Fic. 1. (a) Platelet precipitates and etch pit clusters; 

(b) pattern of etch pits for the cases when the plane 

of polish passes either through or above spherical 
precipitates. 1000 
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Fig. 2. (a) Etch-pit sites radiating from clusters around 
{110} and [001] platelets; (b) co-linear etch-pit sites. 
1000 


a [110] direction and which therefore lie in a plane 
normal to the polished surface have a symmetrical 
distribution of etch pits around them, while those 
with the axis in a [001] direction have an asymmetrical 
cluster. 
5 by repeated electro-polishing showed that the 
precipitates were of platelet shape and that they were 
confined to the surfaces of the specimens to a depth 
~30 u. In addition to the platelets, spherical precipi- 
tates were also produced in the carburization treat- 
ments. Fig. 1(b) shows such precipitates and their 
associated etch pits for the case of the plane of polish 
passing through the precipitate and for the case when 
the precipitate was some 15 yu below the plane of 
polish. The characteristic figure-of-eight distribution 
of the etch pits, lying in the [001] direction, in the 
latter case is repeated when polishing has continued 
through the precipitate level to reach planes several 
microns further in the specimen. At the grain bound- 
aries, precipitates and associated etch-pit clusters of 
more irregular shape were formed, the immediate 


SLIP 


Removal of surface layers in thicknesses of 


IN Si-Fe 425 
region of the grain boundary being free from precipi- 
tates within the grains. 
DEFORMATION OF SPECIMENS 

Three different ways of deforming the specimens 
were used, namely, tensile tests in a hard beam 
machine at a strain rate of 10~4/sec; pulsating tension 
in a small fatigue machine at 2000 ¢/min, and cutting 
the specimens with a guillotine. 
The etch 


precipitates, after the specimen had been cut with a 


additional pits produced at platelet 
guillotine and electro-etched, are illustrated in Fig. 
2(a). The new etch pits form along the traces of (110) 
planes and radiate from the dislocation sites within the 
clusters around the platelets. The new etch pits are 
found to form a co-linear array only when they are 
limited in number. Fig. 2(b) shows a typical example 
of such an array in which some 20 to 30 pits extend 
over ~20 4. When a greater number of pits are 
produced from a precipitate cluster during cutting of 
the specimen, the characteristic sideways displace- 
ment of individual pits from the initial line is apparent. 
This displacement may be quite marked resulting in a 
wide dispersal of the row of pits as in the case of the 
pits arising from the precipitates lying in the [001] 
Fig. 2(a). When the deformation is such 
larger numbers of pits to form around 


direction in 
as to cause 
precipitates, the sideways displacement of individual 
pits has an opposite sense for slip traces developed in 
opposite directions, an effect illustrated in Fig. 3. 


4 


foot] 


3. 


slip traces developed in opposite directions. 


Displacement of etch pits in opposite senses for 
1000 
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Field of view of platelets, associated etch-pit 


clusters and (110) slip traces as successive surface layers 


5 mu thick, are removed. 


When very dense, the etch pits form bands extending 
entirely across the grain but still recognizably based on 
the precipitate clusters. 

The bands of etch pits delineating slip traces could 
again be predominantly related to pre-existing etch 
pit clusters around precipitates for the case of tensile 
specimens slightly deformed to plastic strains ~0.1 
per cent andthenelectro-etched. Inadditiontocrystal- 
lographic traces the clusters around grain-boundary 
precipitates were observed to be prolific sources of non- 


crystallographic wavy slip traces, characteristic of 


deformed b.c.c. metals.© The changing appearance of 


precipitates, their associated etch pits and the etch 
pits generated by a small tensile strain as successive 
surface layers, 5 uw thick, are electro-polished from the 
specimen, is illustrated in Fig. 4. After deformation, 
the etched surface shows slip traces associated with 
platelet precipitates; removing a 5 y-thick surface 
layer removes most of the smaller platelets and reveals 
some precipitates just below the original surface. A 
further 5 uw removal leaves only one precipitate in the 
original field of view, and when this is removed in the 
next stage of polishing a cluster of etch pits marks its 


500 


site. The individual slip traces can be recognized and 
persist into the body of the crystal when polishing-off 
of further layers is continued. 

Tensile specimens could only be used for observa- 
tions at small strains, since the effect of carburizing 
the silicon iron was to cause twinning to occur after a 
small initial strain at room temperature. The stress— 
strain curves of carburized specimens are shown in 
Fig. 5. Curve | shows the sudden drop of load that 
occurs in a hard beam machine after a small plastic 
strain, and this drop of load is caused by the develop- 
ment of a band of twins across the tensile specimen. 
Upon reloading immediately, the specimen flows 


plastically with no further twinning, ¢.f. curve 2. 


Ageing the specimen at 150°C for 30 min causes the 


twinning vield to again occur upon reloading. Once 
this has occurred the specimens flow plastically with no 
further twinning, as shown in curves 3 and 4 of Fig. 5. 

As is well known, the formation of twins in poly- 
crystalline specimens gives rise to further local 
deformation at intersections of the twins with grain 
boundaries, with each other and when they terminate 
within a grain, due to the necessity of accommodating 
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Fic. 5. Stress—strain curves of carburized silicon iron 
specimens: (1) First loading, (2) immediate reloading, 
(3) loaded after aging, (4) immediate reloading. 


the twinning shear. A more regular form of defor- e 
mation is, however, observed to accompany the room- A. 
temperature twinning in the carburized silicon iron. ° 
Rows of etch pits are observed to develop from one of i f 


the interfaces between twin and matrix. Fig. 6(a) 
illustrates the position of the incipient rows of pits, in 
relation to the twin band AB. The grouping of the 
rows along the entire trace of a twin interface is shown 
in Fig. 6(b) for the case of a small twin which extends ; abe 
from the grain boundary GB, where a twin intersection ce te 


has occurred, and terminates within the grain. In 
addition to forming slip traces at the tip of the twin, 
the etch pits form rows at right angles to the twin, the 


traces being restricted to one side and grouped together. 
The further tensile deformation of specimens con- 
taining such twins causes the side tracks to extend and 


to develop into dense arrays of etch-pit sites. 


FATIGUE SPECIMENS 


Specimens deformed in pulsating tension at a 


relatively low range of cyclic stress and examined at 
intervals, facilitated the observation of the develop- 
ment of etch-pit sites around precipitates, since the 


twinning yield, which occurred at an early stage of 


the tensile tests, was absent. In plain fatigue speci- 


mens, the developing slip traces were observed to 


include many of the wavy non-crystallographic type. 
These traces were associated with the precipitates 
within the grains in a different manner from the 


crystallographic traces already described. The wavy 


slip traces appeared to develop by a process which 


involved the dissolution of one side of the figure-of- Fic. 6. (a) Rows of etch pits on one side of (112) twin 
eight etch-pit pattern found above and below the interface. < 1000 (b) Etch pits along a (112) twin 
Y ihe e 4 which terminates within the grain and at the grain 
plane of spherical precipitates. A stage in this process boundary GB. 570 
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# (o) 
Fic. 7. (a) Formation of (110) slip trace without dis- 


solution of original etch pit pattern; (b) formation of 
wavy slip trace and dissolution of original etch pit 
pattern. x 1000 


is illustrated in Fig. 7(b), the developing wavy slip 
trace being vertical. Under further cycles of stress the 
wavy slip traces spanned the grain, thickened and 
increased in etch-pit density. The sites of precipitates 
and original etch-pit clusters were then distinguished 
by deviations in the slip traces. 

When the figure-of-eight patterns were associated 
with crystallographic (110) slip traces, they remained 
intact as in Fig. 7(a). Repeated electro-polishing-off 
of layers shows that such (110) traces were associated 
with the the the 
precipitate surfaces as in the cases described for 


dislocations in cluster close to 


tensile and guillotine deformation. 


Fatigue containing notches  electro- 


etched to indicate the region of stress concentration at 


specimens 


the notch as a region of dense etch pits. When the 
region of stress concentration fell entirely within a 
grain the non-crystallographic nature of the slip 
traces was illustrated by their curvature in con- 
formity with the region of stress concentration. In 
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6, 


i, 
Fic. 8. Formation of short slip traces in region affected 


by a prominent slip zone inanadjoining grain, (pulsating 
tension). 2250 


plain fatigue specimens, stress concentration effects 
arose in parts of grains where broad slip zones in 
neighbouring grains met the common-grain boundary. 
In many cases, the resulting local regions of stress 
concentration did not then include any precipitate 
clusters. In these conditions, continued pulsating 
tension led to the production of numbers of extremely 
short slip traces. The short slip traces were then 
observed to develop by the process of sideways 
displacement, already noted for traces radiating from 
Fig. 8 illustrates such typical 
The 
specimen was subject to a period of pulsating tension 
and heavily etched, then given a further period of 
The etch-pit sites 


precipitate clusters. 
short traces at two stages of development. 


stressing and lightly etched. 
arising in the second period are therefore more lightly 
developed than the sites present after the first stressing 
period. 
DISCUSSION 

The background density of etch pits in the silicon 
iron specimens was ~ 10®/cm?, increasing in the region 
of the precipitate clusters to ~100,10%/cm?. The 
shear to form the clusters could 
arise during the growth of the precipitate or during 
the cooling of the specimen to room temperature when 


stress necessary 


differences in thermal expansion between matrix and 
precipitate would be operative. The complete shape of 
individual dislocation loops around precipitates could 
not be determined from the present observations but 
the the clusters around 


symmetry of spherical 
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precipitates suggests that the loops are related to the 
eight [Lil] directions. 

Since the etch-pit sites in the clusters etch in a 
similar manner to the general background sites, the 
dislocations at the clusters are probably pinned by 
solute atoms in the same way as in the rest of the 
crystal. The generation of new etch-pit sites that 
occurs at the clusters around platelet precipitates when 
the specimen is deformed is probaly caused, therefore, 
by the stress concentration effect due to the precipitate 
operating upon a dislocation source close to_ its 
periphery. For the case of the precipitates illustrated 
in Fig. 2(a), the position of the new etch pits can be 
understood if, after a limited number of dislocation 
loops have been generated by the initial source, the 
further development of sites involves the displacement 
of dislocations from the active plane. A source model 
with this characteristic has been used by Koehler in 
considering the relation of work-hardening to the 
lamellar spacing in slip bands. The hypothesis was 
then made that—after a given Frank—Read source has 
produced a number of loops and the process of 
generation has failed to carry through—thermal 
fluctuations and local obstacles may produce stresses 
which, when acting upon portions of dislocations of 
screw type, carry a sufficient length of dislocation into 
a new glide plane far enough from the original plane to 
enable further slip to occur. The geometry of this 
process is reproduced in Fig. 9. 

For the present material, deformed during cutting 
by guillotine, the number of loops generated by the 
initial source was of the order of thirty. In the case of 
[110] precipitates, they extended some 20 uw along the 
slip plane trace before sideways displacement of a 
particular dislocation loop occurred to lead to further 
generation of loops. As observed in the (110) plane of 
polish, the sideways displacement of the first etch pit 


Plane of derived source 
4 


Plane of source 


| (110) 


| 


(110) 


Fig. 9. Illustrating the slip produced when a length of 
serew dislocation is carried over into a nearby (110) 
plane. 


to fall out of the line of the twenty or thirty pits 
forming the initial slip trace was quite marked, being 
~0.2 u. This suggests that glide of the dislocation 
was involved. This is supported by the observed 
wide dispersion of initial etch pits which could occur 
under the influence of a suitably directed principle 
stress, cf. Fig. 2(a). In the case of tensile and guillo- 
tine deformation, the observed relation between 
developed slip zones and the precipitate clusters from 
which they arose, indicates that the multiplication 
process arising from the displacement of dislocations 
from the operative slip plane was capable of producing 
sufficient dislocations as the specimen was strained 
without the need for further primary source activation. 
The increasing strain in the specimens developed by an 
increase in the strain in the bands located upon an 
initial source in a precipitate cluster. 

Under the different strain condition of pulsating 
tension at low stress levels non-crystallographic slip 
traces could also be observed to form from precipitate 
clusters. They originated by the dissolution of the 
figure-of-eight patterns as illustrated in Fig. 7(b). 
This process may be accounted for if it is assumed that 
the original etch-pit pattern is formed by the inter- 
section of the plane of polish with large dislocation 
loops ~ 10 uw in diameter. The loops being stabilized in 


potential troughs caused by the stress field of the 


precipitate and associated dislocations. Under pulsa- 
ting tension these loops expand and, upon meeting 
local obstacles, portions of screw dislocations glide 
out of the plane of the loop and become capable of 
source action as before. The observation that the 
resultant slip traces curve smoothly around obstacles 
such as precipitates or follow a region of stress 
concentration due to a notch suggests that few loops 
are generated before screw dislocations again glide into 
new planes. Under conditions of pulsating tension at 
low stress levels the loop multiplication process favours 
the displacement of screw dislocations from. slip 
planes as against the generation of co-planar loops 
which is observed in tension at strain rates of the 
order of 10~4/sec. The contribution to the strain in a 
specimen by the movement of screw dislocations is 
therefore favoured by conditions of small cyclic 
strain. 

Only in the case of fatigue specimens in which the 
development of a prominent slip zone affected a part of 
a neighbouring grain free from precipitate clusters 
were closely spaced primary sources initiated. These 
sources, first observed after a few loops had been 
generated, were spaced several microns apart in the 
region of stress concentration and developed at an 


early stage by the displacement process. In the other 
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deformation conditions investigated the source multi- 
plication process based upon precipitate clusters was 


prolific enough to account for all the broad bands of 


slip which were developed. 

On the displacement model the development of 
slip bands would lead to dislocation loops containing 
many jogs and to arrays in which dislocations from 
later sources overlapped the regions of earlier ones. 
This situation would be a contributory cause to the 
limitation of the number of loops from any particular 
the of the 
number of co-planar etch pits around [110] precipi- 


source. However, observed limitation 
tates at the beginning of deformation would indicate 
that the limitation of the number of loops was an 
inherent feature of the source action, 

The action of twinning at room temperature was 
also observed to lead to new etch pit sites along slip 
traces at one of the twin interfaces. If we suppose 
twinning to take place by the process suggested by 
Cottrell and Bilby®, then the limitation of the etch 
pits to one interface would be expected. The state 
of locking of the original dislocations which enabled 
the twinning mode of deformation to operate in the 
specimen would no longer be effective in the next stage 
of flow when the newly created dislocations multi- 
plied and caused slip. 
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CONCLUSIONS 

In silicon—iron specimens containing precipitates 
and associated dislocation clusters, slip bands develop 
either by the initiation of a source at the precipitate or 
by the expansion of an existing dislocation loop in the 
associated cluster. In each case, the growth of the slip 
band involves the production of further sources by the 
‘arrying over of parts of screw dislocations from active 
loops into new planes, after the active sources have 
produced relatively few loops. Twinning at room 
temperature also produces slip 
interface of the twin and matrix. 


sources along one 
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ENERGY OF THE ORDER-DISORDER TRANSFORMATION IN AuCu* 


R. L. ORR*+, J. LUCIAT-LABRY?* and R. HULTGREN+ 
The heat of formation of AuCu has been determined at various temperatures up to 900°K. From 
these and other data it has been possible to establish the energy of disordering as a function of tempera 
ture, assuming that, except for the disordering reaction, the heat of formation should be invariant with 
temperature (Kopp’s law). This result has been discussed in terms of existing X-ray diffraction measure 
ments of long-range and short-range order parameters for the alloy. Nearly 40 per cent of the energy 
effect occurs below 658° K, where the X-ray results indicate the long-range order is 97 per cent complete, 
Before this surprising result is accepted, X-ray measurements of order should be made at temperature, 
rather than on quenched alloys. Above the critical temperature indications of the destruction of short 
range order are found, 


DANS LES ALLIAGES Au-—Cu 


ENERGIE DE TRANSFORMATION ORDRE-DESORDRE 


La chaleur de formation de Au-Cu a été déterminée pour des températures différentes jusqu’a 900° K, 


Avec ces résultats et d'autres, il a été possible de déterminer lénergie de désordre comme fonction de 
température, supposant que, excepté pour la réaction de désordre, la chaleur de formation serait 
invariable avec la température (loi de Kopp). 

Ce résultat a été discuté en considérant des mesures antérieures par diffraction de rayons X des 
paramétres de lordre a grande et a petite distance. A peu prés 40 pour cent de leffet d’énergie se 
trouvent en dessous de 658° K ot les résultats des rayons X indiquent que lordre a grande distance est de 
97 pour cent. Avant que ce résultats surprenant soit accepté, [étude du phénoméne d’ordre pat 
diffraction de rayons X devrait étre faite & haute température plutét que sur les alliages trempés. 
Au-dessus de la température critique, on a trouvé des indications d'une destruction de lordre A petite 


distance. 


DIE ENERGIE DER ENTORDNUNGSUMWANDLUNG VON AuCu 

Die Bildungswarme von AuCu wurde bei verschiedenen Temperaturen bis 900° K bestimmt. Aus 
diesen und aus anderen Daten war es méglich, die Energie der Entordnung als Funktion der Temperatur 
zu bestimmen unter der Annahme,. daB die Bildungswairme mit Ausnahme der Entordnungsreaktion 
Das Ergebnis wird an Hand von veréffent 


unabhangig von der Temperatur ist (Koppsches Gesetz). 
lichten réntgenographischen Messungen der Fernordnungs- und Nahordnungsparameter dieser Legierung 
diskutiert. Nahezu 40 prozent des Energieeffekts tritt unterhalb 658 K auf, wo sich nach den réntgeno 
graphischen Befunden die Fernordnung zu 97 prozent eingestellt hat. Bevor dieses iiberraschende 
Ergebnis angenommen wird, sollten réntgenographische Ordnungsuntersuchungen bei hoher Temperatut 
durchgefiihrt werden und nicht an abgeschreckten Legierungen. Oberhalb der kritischen Temperatur 
wurden Anzeichen fiir den Abbau der Nahordnung gefunden. 


INTRODUCTION 

Order-disorder changes which are known to occur in 
many alloy systems are accompanied by considerable 
heat and entropy effects. However, no extensive corre- 
lations seem to have been made between these effects, 
determined experimentally, and the degree of long- 
range or short-range order as determined by X-ray 
diffraction. The development of models for the 
mechanisms of the various types of ordering processes 
has been hampered by the lack of adequate data for 
the variation of the configurational energy and the 
degree of order with temperature, both in the long- 
range and short-range order regions. 

Most studies of the degree of order present in an 
alloy as a function of temperature have been per- 
formed on quenched samples, making the assumption 
that the degree of order found at room temperature 
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is the equilibrium degree of order at the temperature 
from which the alloy was quenched. Unfortunately, 
this may not be true. Recent evidence has shown 
that there occurs a considerable increase in the degree 
of short-range ordering during even the fastest quench 
from the region above the critical temperature for 
1-3) 


superlattice formation.’ Thus the only measure- 


ments in these regions which can be considered 
reliable are those made at the temperature where 
equilibrium has been established This same effect 
may or may not occur within the long-range order 
region; this has not yet been determined. 

Of all the alloy systems showing superlattice 
formation, the gold—-copper system is perhaps the 
best known and has been the most extensively studied. 
Gold and copper are completely miscible in the solid 
state, forming a complete series of face-centered—cubic 
solid solutions at elevated temperatures. At lower 


temperatures ordered superlattice structures are 


found™ at three compositions, Au,Cu, AuCu and 
AuCu,. When an ordered alloy is heated above its 
critical temperature, 7',, long-range order completely 
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disappears, but a considerable degree of short-range 
order persists which decreases as the temperature is 
‘aised 1.5) 

The AuCu ordered phase at low temperatures, 
AuCul, has a tetragonal structure (c/a ~0.93) formed 
by alternate layers of Au and Cu atoms on the (002) 
planes. Between about 658°K and the critical 
temperature, 683°K, the equilibrium structure is an 
orthorhombic modification of the tetragonal structure, 
AuCull, in which the Au and Cu atoms change layers 


along one axis after every fifth cell. The degree of 


order for AuCu as a function of temperature has been 
determined by Roberts”. Between 480 and 653°K 
Roberts measured the degree of long-range order, S, 
present in alloys quenched from temperatures in that 
range by determining relative intensities of super- 
lattice and fundamental X-ray diffraction peaks. 
Short-range order parameters were determined by 
Fourier analysis of X-ray patterns for alloys held at 
two temperatures above the critical temperature, 
698 and 798° K. and for one alloy quenched from 773° K. 

A number of measurements have been made from 
which it is possible to obtain the variation of heat 
of formation of AuCu with temperature from room 
temperature to slightly above the critical temperature. 
Heats of formation measured by liquid tin solution 


calorimetry have been determined by Oriani and 


Murphy at 653, 673 and 723°K. Hirabayashi‘? 
measured the heat capacity of AuCu from room 
temperature to approximately 740°K, finding a first- 
order latent heat of transformation at 695°K, taken 
by him as the critical temperature. From these data 
the change of heat of formation with temperature 
may be calculated. Borelius ef al.'*) made direct 
measurements of the heat evolved when AuCu was 
quenched from a temperature above the critical one, 
703K, to several temperatures near 650°K. 


ORIANIG) 

@ HIRABAYASHI 
+ BORELIUS (8) 
© PRESENT WORK 
— SELECTED CURVE 


HEATS OF FORMATION, cal/gm atom 


Fic. 1. Heats of formation of AuCu. 
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All the results are shown plotted in Fig. 1, using 
the selected value of —1290 cal/g-atom for the heat 
of formation at 700°K in plotting the results of 
Hirabayashi and of Borelius et al. The variation of 
heat of formation of AuCu with temperature below 
the critical temperature appears to have been fairly 
well established. No measurements have been made, 
however, of the variation of heat of formation within 
the short-range order region above 7',. In this paper 
work is described in which the heat of formation was 
measured at several temperatures in a range extending 
almost 200°K above the critical temperature. Mea- 
surements were also made at two temperatures within 


the long-range order region. 


EXPERIMENTAL 


Approximately 13g of AuCu was prepared from 
appropriate amounts of 99.95 per cent pure Au and 
99.98 per cent pure Cu, melted together in an evac- 
uated and sealed quartz tube followed by a rapid 
quench in water. The loss in weight was a negligible 
0.05 per cent. After cold-working, the ingot was 
sealed in an evacuated vycor tube and homogenized 
for two weeks at 1123°K. Filings taken from both 
ends of the ingot were mixed, strain annealed at 873° K 
for 1 hr, then rapidly quenched in water. The sharp 
well-resolved high-angle diffraction peaks observed 
in X-ray examination using CuKs radiation showed 
the alloys to be homogeneous and to have the correct 
lattice constant for 50 at.°, composition.“ Super- 
lattice lines were absent in the quenched filings. 

The ingot was then broken into small pieces, of 
suitable size for the measurements, which were then 
strain annealed and rapidly quenched as were the 
filings. In order to develop a fully ordered sample, 
half of the alloy was annealed for 12 days at 653°K 
followed by a cooling period of 10° per day until a 
temperature of 473°K was reached. X-ray diffraction 
examination of filings the ordering 
treatment revealed strong, well-resolved superlattice 


given same 
lines. 

Specimens containing about 600 mg of the alloy 
were prepared for liquid tin solution calorimetry by 
enclosing pieces of the alloy in gold foil capsules. 
Heats of solution of the alloy and the pure metals in 
liquid tin at 700°K were determined using apparatus 
and procedures described in detail in a previous 
publication."® Each specimen was heated for at 
least 12 hr in the dispenser at some predetermined 
temperature, 7’, before dropping it into the tin bath. 
The heat of formation at each temperature, 7’, was 
obtained by subtracting the heat of solution of the 
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alloy from the heats of solution of corresponding 
amounts of the pure metals, all starting from the same 
initial temperature, 7’. Samples used for measure- 
ments below the critical temperature were initially 
ordered; at higher temperatures the initially dis- 
ordered samples were used. The results are plotted 
in Fig. 1, and the results obtained in the short-range 


order region above 7’, are also shown in Fig. 2. 


DISCUSSION 

Where comparisons are possible, the results are 
found to agree well with previous data, especially 
those of Oriani and Borelius and co-workers.‘*®) 
Apparently the data of Hirabayashi™ show some 
hysteresis toward higher temperatures, probably 
resulting from the rather fast rate of temperature rise 
(2°/min) used in those heat capacity measurements. 
This is indicated by the fact that the latent heat was 
found by Hirabayashi at a temperature 12° above the 
accepted critical temperature. 

Above the critical temperature, as seen in Fig. 2, 
the heat of formation slowly becomes less exothermic 


as the temperature is raised. The initial portion of 
the curve given in Fig. 2 suggests an average value of 
ACp ~ 1.1 ecal/deg g-atom in the temperature interval 
immediately above 7',, in excellent agreement with 
the measurement of Hirabayashi’? near 700°K. At 
the higher temperatures of measurement the heat of 
formation appears to change much more slowly, 
indicating a decreasing value of AC'p with increasing 
temperature. 

From the presently obtained data, the data already 
referred to, and the e.m.f. measurements of Oriani"! 
and Weibke and Quadt"?), the thermodynamic 
properties of AuCu as a function of temperature have 
been evaluated and are presented in Table 1. Assu- 
ming that the changes in the heat and entropy of 
formation are due only to the change in configuration 
with temperature, the tabulated quantities, 
AH gg, and AS 7—AS 
configurational energy and entropy above those of 
The total 


give, respectively, the 
the perfectly ordered solid phase. long- 
range ordering energy is about 930 cal g-atom, of 


which approximately 540 cal is absorbed by the 


TABLE |. The thermodynamic functions of AuCu as a function of temperature 


T, Phase Cp ACp AF; 
298 AuCul 6.0 0.0 2190 
400 6.1 0.0 2180 
500 6.2 0.0 2170 
523 6.3 0.0 2170 
550 0.8 2170 
600 8.6 2.2 2160 
650 13.0 6.6 2180 
658 AuCull 13.1 6.6 2180 
683 13.1 6.6 2200 
683 AuCu(D) 7.6 1.1 2200 
TOO 7.6 1.1 2220 
750 0.6 2280 
S00 6.8 0.2 2360 
850 6.7 0.0 2430 
900 6.8 0.0 2500 


AH7-AH,,,: cal/g atom 
Cp, ACp, AS7, Cal/deg-g. atom 


AS; AH,-AH.,,, AS7-AS 459, 
2230 0.13 0 0.00 
2230 0.13 0 0.00 
2230 0.12 0 0.01 
2230 0.11 0 0.02 
2210 0.07 20 0.06 
2110 0.08 120 0.21 
1910 0.42 320 0.55 
1875 0.46 355 0.59 
1690 0.75 540 0.88 
1300 1.32 930 1.45 
1290 1.33 940 1.46 
1240 1.39 990 1.52 
1225 1.42 1005 1.55 
1220 1.42 LOLO 1.55 
1220 1.42 LOLO 1.55 
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ordered alloy on being heated through a 160° range 
below the critical temperature in a second order 
reaction: the remaining 390 cal appearing as a latent 
heat at 7. 
change in energy between AuCu! and AuCut!, 

The X-ray measurements of Roberts” on alloys 
quenched from several temperatures below 7’, show 
that the degree of long-range order is essentially 


There is apparently no discontinuous 


perfect at low temperatures, decreasing to about 0.97 
at 653°K. According to Roberts the data indicated 
a somewhat lower degree of long-range order in the 


AuCull range. although the structural relations 
were not comparable to those in AuCul. At the 


critical temperature the degree of long-range order 


drops discontinuously to zero. 


The decrease of only 3 per cent in the degree of 


long-range order found by Roberts prior to the 
disappearance of AuCul would appear to be surprising 
in view of the accompanying absorption of almost 
40 per cent of the long-range ordering energy, in- 
dicating the apparent futility of attempting to analyse 
the relation 
neighbor bonds. Unfortunately these X-ray measure- 


between the two in terms of nearest 
ments were made on quenched alloys: the equilibrium 
degree of order at higher temperatures might be 
considerably less than Roberts found. This serves 
to emphasize the need for X-ray measurements of the 
degree of order made at the temperatures of interest 
and thus eliminating the doubt which must be cast 
on data obtained from quenched alloys. If Roberts’ 
results were to be confirmed by such measurements, 
the X-ray and energy measurements would give 
differing indications of the relative amount of dis- 
ordering which has occurred upto a given temperature. 
This would appear to be a significant observation 
with regard to the development of a model for the 
order-disorder reaction in AuCu. 

Roberts states that since the variation of order in 
AuCu! is terminated at 658° K by the appearance of 
AuCull, it is not the critical 
temperature for the variation in AuCul!l might not be 
higher than 7’, for AuCul!, 683°K. This could not be 
the case, however, for the free energy of AuCu! is 
higher than that of AuCull at temperatures above 
658°K. Thus AuCul with 
respect to the disordered phase at a lower temperature 


obvious whether 


would become unstable 
than does AuCull. 

The changing value of the heat of formation in the 
range above the critical temperature indicates the 
of short-range order with increasing 
temperature. In terms of unlike nearest neighbor 
bonds, Roberts’ measurements of short-range order 
parameters for AuCu held at two temperatures above 


destruction 
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T,, show that the alloy is about 36.9 per cent of the 
way toward perfect order at 698°K and about 35.4 
per cent at 798°K. While the uncertainties in these 
data are too large to permit any extensive calculations, 
this observed decrease in the amount of short-range 
order is certainly in qualitative accord with the results 
of the present measurements. More, and _ possibly 
even sharp, changes in the values of Cp and the degree 
of short-range order may occur at higher temperatures, 
as have been found for the alloy AuCu,.“ 

The present work has served to tie together pre- 
viously existing measurements of the energy relations 
in AuCu and to extend them into the short-range 
order region above the critical temperature. The use 
of heat of formation measurements as a function of 
temperature as a method of detecting and estimating 
the extent of configurational changes in alloys with 
increasing temperature is thought to possess some 
advantages over X-ray and heat capacity measuring 
techniques. High temperature X-ray measurements 
are more difficult to interpret and appear to be less 
Also, in the 
procedure described here, the alloy may be held at 
the temperature at which its heat of formation is to 
be determined for more than sufficient time to insure 


precise than heat of formation studies. 


its being in its equilibrium state at that temperature. 
In heat capacity determinations involving the addition 
of energy at a fixed rate, the rate of temperature rise 
may be too fast to allow equilibrium to be maintained. 
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THERMODYNAMIC ANALYSIS OF BINARY LIQUID ALLOYS 
OF GROUP IIB METALS—III 


THE SOLUTIONS OF ZINC, CADMIUM, INDIUM, TIN, THALLIUM, 
LEAD AND BISMUTH IN MERCURY* 


O. J. KLEPPAt 


The heats of solution of seven other group B metals in mercury were determined calorimetrically at 
150° over a fairly wide range in composition, The relative partial enthalpies of mercury were derived, 


and were compared with excess free energies obtained from the literature. 
Unlike the corresponding alloys of zine and cadmium, the considered mercury systems show no 


correlation between the excess enthalpy, the excess entropy and the valence difference between solvent 
and solute. However, the observed heats of formation seem to reflect the competition between an 
“electro-negativity”’ factor, which gives rise to negative terms in the enthalpy, and a ‘“‘misfit’’ factor, 


which gives rise to positive terms. 


ANALYSES THERMODYNAMIQUES DES MELANGES LIQUIDES BINATRES DU 
GROUPE DE METAUX ITB—III 

LES SOLUTIONS DE ZINC, CADMIUM, INDIUM, ETAIN, THALLIUM, PLOMB ET 
BISMUTH DANS LE MERCURE 


Pour un grand nombre de compositions, les chaleurs de solution de sept autres métaux du groupe B 
dans le mercure ont été déterminées par voie calorimétrique a 150°, Les enthalpies partielles relatives de 


mercure ont été dérivées et comparées avec lexcés des énergies libres renseignées dans la littérature. 


Contrairement aux alliages correspondants de zinc et de cadmium, il n’existe pas de corrélation entre 
lexcés de lénergie libre, lexcés d’enthalpies et la différence de valence entre le solvant et le soluté pour 


les systémes de mercure en considération. 
Cependant les chaleurs de formation observées semblent indiquer une compétition entre un facteur 


d'électro-négativité, dont déri-vent des termes négatifs dans lenthalpie et un facteur d’anomalie dont 


dérivent des termes positifs. 


THERMODYNAMISCHE ANALYSE BINARER FLUSSIGER LEGIERUNGEN VON 
METALLEN DER GRUPPE IIB—III 
DIE LOSUNGEN VON ZINK, CADMIUM, INDIUM, ZINN, THALLIUM, BLEI 
UND WISMUT IN QUECKSILBER 
Die Lésungswirmen von sieben anderen Metallen der Gruppe B in Quecksilber wurden iiber einen 
Die relativen partiellen 


ziemlich weiten Zusammensetzungsbereich bei 150° kalorimetrisch bestimmt. 
Enthalpien von Quecksilber wurden daraus abgeleitet und mit den freien UberschuB-Energien aus der 


Literatur verglichen. 

Im Gegensatz zu den entsprechenden Legierungen von Zink und Cadmium zeigen die betrachteten 
Quecksilbersysteme keine Beziehung zwischen UberschuB-Enthalpie, UberschuB-Entropie und der 
Wertigkeitsdifferenz zwischen Lésungsmittel und geléster Substanz. Die beobachteten Bildungswarmen 
scheinen jedoch den Widerstreit zwischen der **Elektro-Negativitat’’, die einen negativen Beitrag zur 
Enthalpie liefert, und den Stérungen im *‘Aneinanderpassen”’ der Atome, die zu positiven Beitragen 


fiihren, wiederzuspiegeln. 


INTRODUCTION metals dissolve only to a very limited extent in 

During the past 50-60 years physical chemists have mercury. The information on more concentrated 
devoted considerable attention to the equilibrium — solutions consists in the main of vapor pressure data. 
properties of mercury solutions. Consequently these Here the measurements of Hildebrand and _ co- 


systems have been studied by many of the methods — workers''~* are most comprehensive and also appear 
of solution chemistry, such as the e.m.f. and vapor to be most reliable. Unfortunately Hildebrand ef al. 
pressure methods, calorimetry, ete. However, a_ did not explore the temperature dependence of the 
survey of the literature shows that most of the excess free energy of mixing. Therefore these earlier 


reported thermodynamic information on these liquid investigations throw little light on the relative 


alloys was obtained at room temyerature, where most importance of heat and entropy in the mercury 


solution systems. 


* Received August 14, 1959. 
+ Institute for the Study of Metals, University of Chicago. 
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In recent communications the author has surveyed 
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the thermodynamic properties of solutions in liquid 
zine and cadmium.®~7) In this work it is demonstrated 
that for solutions in these metals semi-quantitative 
correlations exist between the relative partial enthalpy 
of the solvent, the partial excess entropy of the solvent 
and the difference in valence between solvent and 
solute: the larger the valence difference. the larger 
the partial enthalpy and also the larger the excess 
entropy. However, these correlations do not carry 
over to the partial excess free energies or to the phase 
diagrams. 

In the 
survey to solutions in liquid mercury. 


present communication we extend this 
First we 
present some new calorimetric information on the 
heat of formation of liquid mercury alloys at 150°. 
At this temperature the solubilities of most of the 
considered solutes are of the order of 50 at.°,,. while 
the vapor pressure of mercury still is so low that the 
measurements can be carried out in an open calori- 
meter. Relative partial heat contents for mercury 
derived from the new results will then be compared 
free energies obtained from 


with corresponding 


equilibrium work. 


EXPERIMENTAL 
The calorimetric measurements reported in the 
present work were all carried out in the high tempera- 
ture reaction calorimeter previously described by the 
of the health 
associated with the handling of hot mercury, this 


author."®) Because known hazards 
metal was always contained under a_ blanket of 
mineral oil when heated above room temperature. 
While most experiments were performed at 150 (--1)°, 
a few runs on each system were also carried out at LOO’, 
and in the case of indium—mercury, at 40° and at 160°. 

While this investigation was in progress the author 
became aware of a possible source of systematic 


errors, not previously fully appreciated, in past 


measurements carried out in the mentioned calori- 
meter. This led us to restudy the electrical calibration 
procedure in some detail, and we arrived at the 


following conclusions: In most of our earlier work 


we studied endothermic reactions, and we attempted 


to compensate for the heat effect of the reaction by 
generating an equivalent amount of electrical energy 
in a separate calibration experiment. This experiment 
usually the 
As a result of this compen- 


was carried out immediately after 
endothermic reaction. 
sation between reaction and calibration heats, there 
was little change in the total heat content of our 
calorimetric system (calorimeter block plus surround- 
ing quasithermostated jacket), and there was no 


significant systematic error. For these experiments 
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we find good agreement between the results obtained 
in our own work and in later work on the same 
systems.'®) 

However, equally close agreement has not always 
found for 
experiments there is heat generation both in the 
the 
Thus the heat content of the calorimetric system 
This will in turn 


been exothermic reactions." In such 


reaction proper and in electrical calibration. 
increases in the course of a run. 
give rise to systematic errors, which under unfavorable 
circumstances may amount to several per cent. 
Fortunately, it was possible to reduce this systematic 
error to acceptable proportions (i.e. to about | per 
cent or less) by using the mean of two calibrations, 
one carried out immediately before and one immedi- 
ately after the exothermic reaction proper. Such a 
procedure was adopted for the exothermic experiments 
reported in the present work. 

For calorimetric experiments which led to the 
formation of relatively dilute liquid alloys (below 
10-15 per cent solute), the rates of dissolution of the 


various solid metals in mercury were quite rapid, 
TABLE 1. Molar integral heats of formation of liquid solutions 
of zine and cadmium in mercury 


No. of g 
atoms 


AH™, 


J/g atom 


Composition, 


“solute 


(a) Hg-Zn, 100°C 0.0343 
O.0375 
0.0469 
0.0670 
OL.O9L0 


0.8284 341 
0.7484 357 
0.5753 449 
O.8577 637 
0.6033 S50 
Hg-Zn, 150 C 0.0314 0.6216 309 
0.0332 0.758 325 
0.0372 0.772 372 
0.0374 0.609 376 
0.0529 0.553 
0.0735 0.803 738 
0.0848 O.3185 820 
0.1142 0.591 1094 
0.1143 0.827 L105 
0.1485 0.1545 

0.2027 0.1737 

0.2604 0.1779 

0.277% Dil. 

0.2870 Dil. 

(b) Hg—-Cd, 100°C 0.0345 
0.0541 
0.0820 
0.1068 


1.054 
0.598 
1.091 
0.633 
Hg—Cd, 150°C 0.0249 
0.0458 
0.0482 
0.0521 
0.0543 
0.1021 
0.1063 
0.1652 
0.2299 0.315 
0.3965 0.214 
0.446 Dil. 


1.032 
0.503 
0.554 
0.579 
1.064 
1.120 
0.300 
0.632 


V0) 
8 
19% 
% 
“4 
45.5 
97 
177 
191 
251 
4 
oe 
148 
+22 
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TABLE 2. 


Composition, 


“solute 


0.0696 
O.O774 
0.0790 
0.0843 
0.0889 


(a) Hg-In, 40°C 


0.0563 
O.0794 
O.O881 
O.1505 
0.1660 


Hg-In, 100°C 


Hg—-In, 150 O.0312 
0.0528 
0.1067 
O.1L099 
0.1373 


0.2557 


(1). 160°C 0.0767 
0.1443 
O.2048 
0.4133 
0.4834 
0.6008 
0.6512 
O.7775 
O.7S95 
O.9194 
O.93S8S7 


Hg-In 


(b) 100 0.0299 
O.0571 
0.0635 
0.1060 
0.1560 


0.0539 
O.O778 
0.1030 
0.1241 
O.1770 
O.1920 
0.2838 
0.3382 
0.3382 
0.4524 
0.471 

0.5024 


0.552 


and the experiments usually were concluded in 
25-30 min. (Most of this time arises from lags in the 
block.) On the 
experiments which led to the formation of liquid 
that of the 
liquidus, solution rates were much slower, and some 


solid calorimeter other hand. in 


alloys of composition approaching 


experiments lasted as much as 60 min. In these long 
time runs the experimental errors are larger than for 
the more dilute alloys. Asa check of our results in the 
higher concentration range we performed also a few 
dilution experiments. In these experiments a 
concentrated liquid alloy of known composition was 
dissolved in about | mole of pure mercury. The heat 
of formation of the concentrated alloy was then 
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Molar integral heats of formation of liquid solutions of indium and thallium in mercury 


g atoms 
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AH™. 


J/g atom 


No. of 


“In “He 


0.7332 360 906 
0.3458 403 9.17 
0.5409 393 S.94 
0.5436 42] 9.0] 
0.5473 444 9.06 


0.508 311 9.31 
0.250 422 9.31 
0.520 459 
O.565 673 9.10 


.276 


0.821 176 9.19 
293 9.30 
520 
O.314 527 9.05 
0.632 628 9.08 


O.376 9.06 


O.5947 652 9.21 
0.6418 1133 9.17 
0.277 1488 9.14 
O.1701 2235 9,22 
0.2908 2262 9.06 
O.3191 2137 8.91 
0.2158 1974 8.60 
0.2466 1435 8.29 
O.6158 1400 8.42 
O.51L54 DST 7.92 
444 7.71 


0.734 50 
0.495 67 
O.761 6S 
34 


0.553 43.5 
O.765 
0.428 42 
O.S34 0 
0.252 33 
Dil. 175 
O.1S] 207 
JOS 
0.220 S26 
Dil. S13 
Dil. 1240 
Dil. 1510 
Dil. 1538 
Dil. 1710 


obtained from the observed heat effect combined with 


the (known) heat of formation of the more dilute alloy 


It will be seen from the results recorded below that 


there is good agreement between the results obtained 


by these two methods. 


The mercury used in the present work was of triply 


distilled commercial quality. The other metals were 


all of better than 99.9 per cent purity, as determined 


by semi-quantitative spectrographic analysis. 


RESULTS. COMPARISON WITH 
EARLIER DATA 


In the course of the present investigation approxi- 


mately twenty calorimetric experiments were carried 
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TABLE 3. Molar integral heats of formation of liquid solutions 
of tin, lead and bismuth in mercury 


AH™®, 
J/g atom 


No. of g 
atoms 


Composition, 
solute 
0.0207 804 

0.0219 

0.0411 

0.0447 

0.0568 

0.0758 


(a) Hg-Sn, 100°C 


249 
355 
400 
410 
450 
689 
756 
1008 
1036 
1351 
2012 
2716 


3774 


0.01904 
0.0273 
0.0311 
0.03115 
0.0351 
0.0552 
0.0611 
0.0826 
0.0846 
0.1179 
0.1828 
0.2626 
0.403 
0.546 


Hg-Sn, 150°C 


0.01344 
0.02486 
0.0292 
0.0720 


(b) Hg—-Pb. 100°C 


02135 
02913 
03805 
0548 
0566 
O807 
.1126 
.1538 
2507 
.294 
3767 


996 
S805 
057 
548 
.833 
551 
.588 
.295 
200 
0.139 
Dil. 
0.124 


Hg-Pb,. 150€ 


2020 


406 
541 
901 
1034 


258 
0351 
0604 
0706 


0.584 
0.589 
0.605 
0.612 


(ec) Hg—Bi, 100°C 


471 

495 

584 

998 
1017 
1218 
1651 
2044 
2813 
3280 
3379 
3820 
4900 
5125 


295 
O317 
0370 
0667 
0673 
1177 
.1462 
.212 
.2485 
.2618 
.B980 
0.419 


0.554 
0.546 
0.559 
0.566 
0.275 
0.586 
0.289 
0.178 
Dil. 

0.136 
0.206 
Dil. 

0.170 
Dil. 


Hg-Bi, 150°C 


out on each of The 
amount of metal used, the composition of the liquid 
alloy formed, and the measured molar heats of 
formation (AH™) are recorded in Tables 1-3. From 
these experimental data we have calculated the 
These are plotted versus 


the seven systems studied. 


quantities AH™ 
composition in Figs. 1-3 along with a few results 
reported in earlier calorimetric work. 
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Mercury-—zine 

From our results on this system, which are recorded 
in Table 1 and plotted in Fig. 1, we obtain a limiting 
heat of solution of zine in mercury at 150° of +10.1 
kJ/g atom. The corresponding figure at 100° is 9.8 kJ, 
which gives a AC, for zinc in mercury of the order of 

+6 J/deg in this temperature range. A much lower 
heat of solution, 7.7 kJ at 97°, was previously reported 
by Tammann and Ohler“. On the other hand, 
from e.m.f. work at room temperatures Richards and 
Lewis") obtained a relative partial heat content 
for zine in a 3 at.°, amalgam of 9.4 kJ/g atom, in 
good agreement with the present work. Our results 
also agree well with very recent unpublished e.m.f. 
results by Wilson and Ward"). 

Figure | shows that for the whole concentration 
range explored in the present work, i.e. from about 3 to 
30 at.°, zinc, AH™/x,, appears to change linearly 
with w,,. A least squares treatment of the data gives 
a slope of this line of —4.4 kJ/g atom. Thus we get 


(see below) 


AAy, = kJ (az, < 0.3). 


It is of interest to compare this slope with corre- 
from the 
alloys of 


sponding values which can be calculated 
room temperature work on quite dilute 


100°C 
150°C 
Tammann & Ohler, 97°C 


@ 


M 
AH Kilojoule 


| 
Atomic Fraction, —> 


Fic. 1. Heats of formation of liquid alloys of mercury 


with zinc and cadmium. 


269 
282 
518 
565 
712 
926 
O.718 
0.653 
0.565 
0.563 
1.001 
0.674 
0.597 
0.762 
0.274 
0.18] 
0.131 
0.161 
Dil. 4790 
0.854 126 
O.864 231 
Psa 0.623 632 
207 
273 
0 490 8 
0 496 
0 SS4 
0 1131 
0 1587 
0 1725 ° 
0 ~ Se, 
0 ° 
0 
Hg-Zn 
x 
Hg-Cd 
-2P 
+ 
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100° 
e 150° 
Richards & Smyth, 20° 
+2 
+! 
3 
= x 
x 
qa 
x 
-4 
@ 40°C 
© 100°C 
e 150°C 
—— Previous Work 80°- |50° 
Atomic Fraction,I—Xyo> 
Fic. 2. Heats of formation of liquid alloys of mercury 


with indium and thallium. 
Richards et al. From the calorimetric dilution 
experiments of Richards and Forbes‘! we derive a 
slope of —3.7 kJ/g atom, and from the e.m.f. data 
of Richards and Garrod-Thomas"*® —5.1 kJ. The 
satisfactory and 


agreement must be considered 


indicates that our slope applies also below 3 at.°,, zine. 


Mercury—cadmium 

While the solution of zine in mercury at 150° is 
an endothermic process, the solution of cadmium is 
exothermic at low cadmium concentration. From our 
results at 150° we obtain a limiting heat of solution 
of —1.81 kJ/g atom; at 100° a value near —1.96 kJ 
is indicated. The latter figure agrees very well with 
the result of Tammann and Ohler“®, —1.98 kJ at 97°. 
If we assume a AC, for cadmium in mercury of +2 
to +3 J/deg, our results are also in good agreement 
with the room temperature e.m.f. value of —2.11 kJ 
reported by Richards and Lewis". 

It will be noted from Fig. 1 that AH™/x,, has a 
zero slope at low xq. This interesting result confirms 
e.m.f. and calorimetric dilution experiments at room 
temperature by Richards ef al.3.!®, and also more 
recent calorimetric results of Teeter). 
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Mercury—indium 

Heat of formation data for this system were 
reported recently by Kleppa and Kaplan”®. However, 
the author suspected that these data might be associ- 
ated with a small systematic error (see ‘‘ Experimental’ 
above). Therefore the heats of formation were 
re-determined at 40°, 100°, 150 In(s) and at 
160°—In(1) The results will be found in Table 2 
and are plotted in Fig. 2. It will be noted that the 
new data confirm our earlier conclusion that the heats 
of formation in this system vary relatively little with 
temperature. On the other hand, we also find that 
the new values numerically are some 5 per cent larger 
than those reported previously. Thus the limiting 
heat of solution of solid indium in mercury is found 
to be —5.9kJ/g atom, compared to the earlier value 
of —5.6kJ. 
heat of fusion of indium (3.26 kg/g atom'!”)), we 
obtain a limiting heat of solution of liquid indium in 


If we correct this new result for the 


T T 
©100°C 
@I50°C 
‘ ° x Tammann & Ohler, 97° 
Hg-Bi Calc. from Kawakami, 250° 
° 
Ke 
i 
x 
x 
x 
a a 4 
10 
° 
Hg-Pb 
8r 
= 
6+ 
5 4 
L 
J 2 4 


Atomic Fraction, -Kug > 


Fic. 3. Heats of formation of liquid alloys of mercury 
with tin, lead and bismuth, 
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mercury of —9.1, kJ. This is in excellent agreement 
with the new heat of mixing data at 160°. 

For this system we have included in Table 2 a 
column which gives For the 
experiments with solid indium this quantity was 


caleulated under the assumption that the heat of 


fusion of indium is 3.26 kJ. independent of tempera- 
ture. It will be noted that with only one exception 
the experiments with less than 50 per cent indium give 
values of this quotient in the range from —9.0 to 


-93kJ with a mean of —9.15. Thus we find that 


in this concentration range the heat of mixing of 


liquid indium and mercury can be represented by 
a simple one constant expression. As a consequence 
the relative partial heat content of mercury may be 
derived from the expression = kJ/g 
0.5). 

Our new heat data, particularly for the low indium 


atom (2), - 


range, are in agreement with heats derived from room 
temperature e.m.f. work by Janjic-Tatic"®). However, 
the old e.m.f. work on very dilute alloys by Richards 
and Garrod-Thomas" yield a somewhat higher slope 
of AH™ /x,,, versus x, than our new data. 


Mercury-thallium 


Due to the high solubility of thallium in mercury at 
room temperature (about 45 per cent), the liquid 
alloys of this system have been studied extensively 
The 


Richards and co-workers are particularly noteworthy, 


in the past. now classical investigations by 
the most important single study being that of Richards 
and Daniels’®. Much of the earlier work on this 
system is discussed in some detail by Lewis and 
Randall?” and more recently by Teeter’?). Where a 
comparison is possible the heat data obtained in the 
present study are in good agreement with the results 
of earlier work. Thus we find that the heat of solution 
of thallium in mercury depends strongly on tempera- 
100 and 150°, 
~2.0 and —1.5kJ/g atom respectively. 


ture between with limiting heats of 
solution of 
This gives a AC, for thallium in mereury of about 
—~10 J/deg. From the work of Richards et al. the 
corresponding value near room temperature is about 
~12 J/deg. If we extrapolate our own results for the 
limiting heats of solution to room temperatures we 
get a value of the order of —2.8 to —3.0 kJ. Calori- 
metrically Richards and Smyth‘?”) obtained —2.97 kJ 
at 20°, 


vields a numerically slightly higher figure. 


while the e.m.f. work of Richards and Daniels 


From the graph in Fig. 2 we obtain a limiting slope 
of AH™ /x», versus xy, of +15 kJ/g atom. Within the 
precision of our measurements and of those of Richards 
and Smyth, we are not able to detect any change in 
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this slope between 20° and 150°. However, there are 
available for these alloys also partial molar heat data 
for mercury at 30°, derived from the e.m.f. work of 
We have plotted these data 


in Fig. 5. along with corresponding results for 150 


Richards and Daniels. 


derived from the present work. In principle these two 
sets of data should permit an evaluation of the 
average relative partial molar heat capacities for 
and 150°. For example, at 


mercury between 30 


Xy, = 0.1, we get in this way a value of AC, (Hg) 


of about +0.16 J/deg. 
obtained directly from the room temperature heat 
capacity work of Richards and Daniels is +0.2 J/deg. 
out at 


The corresponding figure 


carried other 


concentrations. On the whole these comparisons tend 


Similar comparisons can be 


to yield somewhat lower values for AC), (Hg) than 
those derived from Richards and Daniels. 


Mercury-tin 

The experimental values of AH™/x,, are plotted 
along with corresponding data for the 
For 
mercury—tin our results show little or no dependence 
of the heat of formation on temperature, with a 
limiting heat of solution both at 100° and at 150 
+13.3kJ/g atom. Here our figure is in 
excellent with that of Tammann 
Ohler. The limiting slope of AH™/ay, versus 
derived from —l4kJ/g 


atom. This is in complete agreement with the room 


in Fig. 3. 
mercury—lead and mercury—bismuth systems. 


close to 
agreement and 


our new measurements is 
temperature e.m.f. work on very dilute alloys by 
Richards and Garrod-Thomas"). 

For mercury-tin there are available heat of mixing 
data for the liquid metals at 250 
Kawakami‘**), Setting the heat of fusion of tin equal 
to 7.06 kJ/g atom,” we have calculated AH™ for 
solid tin from Kawakami's data, and included these 


reported by 


values in Fig. 3. It will be noted that our own results 
The 


systematic difference between the two sets of data 


agree fairly well with Kawakami's. small 
may indicate a slight temperature dependence of AH™, 


or possibly an error in the adopted heat of fusion. 


Mercury—lead 

For this system we derive a limiting heat of solution 
of +10.1 kJ/g atom at 150°. The 100° 
probably is smaller by 0.1-0.2 kJ. In this case our 


value at 


result is higher than that reported by Tammann 
and Ohler“, 
Hoyt and Stegeman‘**) and by Richards and Garrod- 


From the e.m.f. measurements by 


Thomas‘) it also is possible to calculate the limiting 
heat of solution of lead in mercury at room temperature. 
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The e.m.f. value is about 11 kJ/g atom, i.e. somewhat 
higher than our own calorimetric result. 

From Fig. 3 we derive a limiting slope of AH™ /x,,, 
versus Xp, of about 22kJ/g atom at low lead 
concentrations. Here the work of Richards and 
Garrod-Thomas on alloys with less than | at.°,, lead 
yields a numerically somewhat larger value, namely 

28kJ. It is possible that the difference between 
these two values is significant, i.e. that the curvature 
in AH™ Xp), persists even below 2 at.°,, lead, which 
was the lowest concentration covered in the present 
study. 


Mercury—bismuth 


The limiting heat of solution of bismuth in mercury 
is 16.5 kJ/g atom at 150°; at 100° a value about 0.2 
to 0.3 kJ smaller is indicated. Tammann and Ohler’s 
value" at 97° was 15.6 kJ (at xp; 0.006). 

From Fig. 3 we obtain a limiting slope of AH™/x,, 
versus 2), of about —22kJ/g atom, i.e. the same 
value as for lead. However, our data do not cover the 
concentration range below 2.5 per cent bismuth. 
No e.m.f. data for this system were found in the 


literature. 


SUMMARY OF THERMODYNAMIC DATA 
From the smoothed curves drawn in Figs. 1-3 it is 
convenient to derive relative partial molar heat 
contents for the mercury-rich solutions by the following 
procedure: Consider 


AH™ = xf(x). (1) 


Here x is the mole fraction of solute, while f(x) 
represents the experimentally determined curve. 
From equation (1) we readily obtain the following 
expressions for the relative partial molar heat contents 


of solvent and solute: 


AA wen = af idx (2a) 
AA ute = f(z) + x(1 — 2) df/dz. 2b) 


In Table 4 we give a summary of the limiting 
values of f(a) and df/dx at 150°. 

Due to the relatively low curvature of the f(2) curve 
in the low solute region the outlined procedure is 
more convenient than the usual method of intercepts 
based on AH™ proper. Even so it is immediately 
obvious that the calculated partial molar data are 
more uncertain than the integral quantities from 
which they are derived. We estimate the uncertainty 
in the relative partial enthalpies for mercury plotted 
in Figs. 4-6 to be of the order of 5 per cent for most 
of the concentration range up to 30 at.°, of solute. 
In Figs. 4-6 we give also the excess partial molar 
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TABLE 4. Characteristic heat constants for dilute solutions in 
mercury at 150°. Data in kJ/g atom 


Limiting heat of solution, 


f(x 0) Limiting slope 
(df/dx), 0 
Solute (s) Solute (1)* i 
Zn 10.1 2.8 4.4 
Cd 1.8, 8.2 
In 5.9 9.1, 9.1, 
Sn 13.3 6.2 14 
rl 1.5 6.2F 15 
Pb 5.1 22 
Bi 16.5 22 


* These values were obtained from those in the previous 
column by subtracting the heats of fusion of the solutes, 
taken from Kubaschewski and Evans'!?’, 

+ This value is corrected both for the heat of fusion of Tl 
and for the heat of transformation from %-Tl to #-TIL. 


free energies for mercury in the considered systems. 
Most of these data were calculated from the already 
mentioned vapor pressure work of Hildebrand and 
Only for mercury—thallium, mercury 
indium and for fairly dilute solutions of zinc in mercury 
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Fic. 4. Relative partial heat contents and excess free 
energies of mercury in liquid alloys with zine and 
cadmium. 
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Fic. 5. Relative partial heat contents and free energies 
of mercury in liquid alloys with indium and thallium. 


have we adopted excess free energies derived from 
room temperature e.m.f. work. As we are in the 
present survey concerned in particular with the partial 
properties of the common solvent (mercury), these 
free energies were calculated from Gibbs—Duhem 
integrations of the experimental (excess) partial free 
energies for the more electro-positive component 
(Tl, In, Zn). 

In our past work on the binary liquid alloys 
involving zinc and cadmium we found that excess 
partial free energies for these metals, of accuracy 
comparable to data obtained from good e.m.f. work, 
frequently could be obtained from the appropriate 
binary phase diagram. Unfortunately this approach is 
less useful for the mercury systems. This is due to a 
number of factors, the most important of which are 
related to the low melting point of mercury. For 


example, in mercury systems liquidus analysis as 
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‘arried out in Ref. (5) will provide partial free energy 
information for the higher melting component only. 
To get the corresponding information for mercury 
we must carry out also a Gibbs—Duhem integration. 
Because the free energies derived from the liquidus 
apply over a range in temperatures, this integration 
is likely to be associated with some uncertainty. 
Other complications arise from the relatively high 
solid solubility of mercury in other metals, and from 
the existence of intermetallic phases in several of the 
considered systems. For these reasons we have not 
from the 


included thermodynamic data derived 


liquidus in the present survey. 


DISCUSSION 

Our theoretical understanding of the factors which 
govern the solution properties of alloy systems is not 
vet in a very satisfactory state. Although some 
attempts have been made in recent years to explain 
and to derive thermodynamic properties of metallic 
solutions from reasonably realistic physical models 
(see e.g. Friedel'®)), theoretical work of this type 
has on the whole met with only limited success. 
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Fic. 6. Relative partial heat contents and free energies 
of mercury in liquid alloys with tin, lead and bismuth, 


442 
VO) 
800 19¢ 
7 
600 i000 
/ 
/ / 800 
/ x/ 
/ 
/ 
400 
/ 
Z 
400 
g-Bi 
7 200 x 200 


KLEPPA: THERMODYNAMICS 


In the present discussion we shall not attempt to 
delve deep into the very complex problems of metal— 
metal interaction. Instead we shall be satisfied with 
adopting a systematic and phenomenological approach. 

The Hume-—Rothery school has demonstrated that 
three factors are of principal importance in determining 


the equilibrium properties of metallic solid solutions: 


(1) The “‘electrochemical factor” or better the 
“electronegativity factor”, i.e. the difference in 
electronegativity of the two components. 

(2) The difference in the atomic size of the 
components, i.e. the “‘size factor”’. 

(3) The difference in the characteristic valence of the 
components, or the “‘valence factor’. 

Of course, these factors are not mutually indepen- 
dent. However, their effect on the solution properties 
may to a first approximation be summarized in the 
following way: If there is a significant difference in 
electronegativity between two elements (metals) there 
usually will be a tendency toward chemical bonding 
between them. Alloys of two such metals often form 
ordered intermetallic phases, and will have some 
negative contribution to the overall heat (energy) of 
formation. On the other hand, a difference in atomic 
size similarly tends to contribute a positive term 
(a ‘misfit’ energy) to the heat of formation. For size 
factors larger than about 15 per cent this term usually 
is so large that solid solubility is quite restricted. 
Finally, it is found that difference in the characteristic 
valence of the two components usually gives rise to 
some energetic asymmetry, i.e. to deviations of the 
thermodynamic excess functions from the simple 
symmetrical form predicted by the naive solution 
theories.‘ 

These statements refer to the situation in solid 
solutions. However, they should apply equally well 
for liquid alloys, although the *‘size” or ‘‘misfit”’ factor 
is less critical in the liquid than in the solid state. 
In fact the tendency toward positive values of the heat 
of mixing in the liquid state seems to correlate better 
with the separation of the two partners in the periodic 
system, or with the difference in Hildebrand 
“solubility parameter”, than with the size difference 
alone.‘® 

In the present communication we are particularly 
interested in possible valence effects which may arise 
from a difference in the number of quasi-free electrons 
of the two partners. Therefore it seems appropriate to 
consider first under which conditions such effects may 
be anticipated: If we exclude specific compound 
formation according to conventional chemical valence 
rules, it may be predicted that pronounced valence 
effects are most likely to be observed when the 


OF BINARY LIQUID ALLOYS 443 


electronegativity factor and the size factor are both 
relatively small. Such is, for example, the case for 
many of the Hume—Rothery type systems formed by 
copper and silver with metals of higher valence: 
According to Gordy’® the electronegativity of copper 
and silver is 1.8, which is not much larger than for 
zine, cadmium, gallium and indium, for all of which 
he lists the same value, 1.5. However, on the same 
scale the electronegativity of gold is 2.3, which is 
higher than for any other metal. This accounts for 
the tendency of gold to form quite strongly bonded 
compounds with the mentioned metals. It also explains 
why the Hume—Rothery valence rules apply less well 
for the corresponding alloys of gold. 

For the alloys of zinc and cadmium with gallium. 
indium, tin, etc., the size and electronegativity factors 
are also of modest magnitude. Thus it is not surprising 
that valence correlated solution properties are ob- 
served in these systems. 

As we go on to consider the liquid alloys of mercury 
it should be noted that according to Gordy’s tabulation 
the electronegativity of mercury is comparable to that 
of copper and silver (1.8), while its atomic size is only 
slightly larger than that of cadmium. Accordingly, 
one might expect to find valence correlated properties 
also in mercury solutions. 


Group LLB solutes: zine and cadmium 

It is recalled that the liquid system zinc-cadmium 
is remarkably simple, with thermodynamic properties 
approaching those of a “regular” solution. Thus the 
enthalpy of mixing is positive and very nearly 
symmetrical, while the excess entropy is quite small. 
However, when dissolved in mercury these two metals 
show very different behavior: While the mercury 
cadmium system is exothermic, mixtures of mercury 
and liquid zine are endothermic and somewhat 
unsymmetrical, i.e. the value of df/dx at x = 0 differs 
numerically from = 0). The zero slope for 
AH™ |x, versus x, for low concentrations of cadmium 
in mercury is of particular interest. From quasi- 
chemical theory a behavior of this type is predicted 
for strongly exothermic systems.'*7)* However, AH™ 
for cadmium—mercury is not very strongly negative 
and is of the same order of magnitude as for indium 
mercury and thallium—mercury. From Fig. 2 it will 
be noted that these two systems show no evidence of a 
leveling off of AH™/x in the dilute range. 

It is of some interest to compare the behavior of 
liquid solutions formed among the group II metals 


* In this reference it is incorrectly predicted that one 
might expect the ratio (df/dz), olf(0) to become negative for 
sufficiently large negative values of f(0). 
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with those formed among their neighbors in group IIT. 
Unpublished measurements by the author show that 
the liquid system gallium-indium is quite similar to 


zinc-cadmium. Thus it has a symmetrical heat of 


mixing curve with a nearly constant “interaction 
parameter’. AH™ /x(1 xv). of about 4.5kJ. The 
corresponding value for zinc—cadmium is 9 kJ. On the 
other hand. indium-thallium, unlike cadmium- 


mercury, is weakly endothermic, with limiting heats 


of solution near 2 kJ for indium in thallium and near 


3kJ for thallium in indium. The gallium—thallium 
system exhibits a liquid miscibility gap. i.e. it has a 
much larger positive heat of mixing than zinc—mercury. 


We have measured the limiting heat of solution of 
gallium in thallium at 450° and found a value of 


about —16kJ. This compares with about 2.8 kJ for 


liquid zine in mercury. 


These differences may be accounted for in terms of 


the competition between the “misfit” factor and the 
“electronegativity” factor: According to 
the elements zinc, cadmium, gallium. indium and 
thallium all have essentially the same electronegativ- 
ity (1.5). while that of mercury is higher (1.8). Thus the 
heats of mixing for zinc-cadmium and for the alloys 
formed among the group III metals may be attributed 
to the “misfit” factor alone. On the other hand. in 
zine—mercury and in zinc-cadmium there are signifi- 
cant differences in electronegativity between the two 
components. For cadmium—mercury the resultant 
AH™ is negative. while for zinc-mercury the 
electronegativity difference is not large enough to 
change the size of AH™ from positive to negative. 

In Fig. 4 the relative heat contents for mercury in 
mercury—zine and mercury-cadmium are compared 
with the corresponding excess free energies. This 
graph indicates that in these systems the excess 
entropies for mercury probably are small, at least as 
long as the solute concentration is below 30 at.°,. 
However, the scatter in the experimental free energy 
data makes this conclusion somewhat tentative. 
Note, for example. that the e.m.f. data of Pearce and 
Eversole'*®) point toward small negative partial excess 
entropies at low zine contents, while Hildebrand’s 
vapor pressures at higher zinc concentrations suggest 


positive excess entropies. 


Group LIB solutes: indium and thallium 

For indium—mercury and thallium-—mercury the 
heats of mixing of the liquid metals are negative: 
i.e. the electronegativity factor predominates. How- 
ever, there are important differences between the heat 
data for the two systems. Thus the indium—mercury 


system has a nearly symmetrical heat of mixing 


ACTA METALLURGICA, 


VOL. 8. 1960 


curve, while the data for low concentrations of 
thallium in mercury point toward a_ significant 
energetic asymmetry. 

From Table 4 it will be noted that the limiting 
values of (df/dx) for these systems are about 9 and 
1I5kJ/g atom. respectively. The positive signs of 
these slopes agree with Friedel’s theory for solutes of 
valence larger than the solvent.‘*® 

Due to the low solubility of gallium in mercury we 
were unable to study the gallium—mercury system in 
the present investigation: From phase diagram 
information (see Hansen and Anderko‘®’), it is known 
that this system has an extensive miscibility gap at 
100°C. Thus it must have also a positive enthalpy of 
mixing, probably comparable to that of gallium- 
thallium. Here the “misfit” energy clearly outweighs 
the electronegativity factor. 

Figure 5 shows that for these two systems the 
excess partial molar entropies of mercury in the high 
mercury range are negative (—0.2 to —0.3 J/deg mole 
at 25 per cent solute). They appear to be somewhat 
more negative for thallium than for indium. It is 
recalled that for indium and thallium in cadmium the 
excess entropies of cadmium are positive, and that 
they are of comparable magnitude as long as the 
solute concentration is not too large (—0.4 to 0.5 J deg 
mole at 25 per cent solute). At higher solute concen- 
trations the excess entropies of cadmium are larger 
for cadmium-thallium than for cadmium-—indium. 


Group IV Band group VB solutes: tin, lead and bismuth 

The electronegativities of these three elements are 
1.7-1.8. 1.6-1.8 and 1.8, respectively." As the 
corresponding value for mercury is 1.8, it may be 
ex pected that the negative contributions to the overall 
enthalpy of mixing for these solutes should be quite 
small. This is confirmed by the fact that the con- 
sidered binary alloys are all endothermic. In fact 
Table 4 shows that the limiting heats of solution of 
(liquid) tin, lead and bismuth in mercury are of 
comparable magnitude, —5 to —6 kJ/g atom at 150°. 
On the other hand, from Fig. 3 we note that these 
systems differ somewhat with respect to energetic 
asymmetry: Although the slopes of AH™/x versus x 
start out with similar values for lead and bismuth, 
our results suggest that AH™ for liquid lead—~mercury 
should become negative at high lead contents. 
This would explain the “‘anomalous” vapor pressures 
noted in this system by Hildebrand. It correlates 
also with the existence of the solid intermetallic 
phase “Pb,Hg”’.@% For tin in mercury the initial 
slope is numerically smaller than for the other two 
systems. As a consequence the energetic asymmetry 
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also is less pronounced. Nevertheless, numerically the 
limiting slope is still more than twice as large as the 


limiting heat of solution of liquid tin in mercury. 
From the partial heat curves plotted in Fig. 6 


it will be noted that the mentioned differences 
between these three solutes are not strongly reflected 
in the relative partial heat contents for mercury, 
Af7,,,, as long as the solute concentrations are below 
25-30) per cent. However, the graphs for lead and 
bismuth suggest that A//,,, 
approaches maxima at solute concentrations above 


for these two solutes 


30 per cent. 
The heat data for these three systems are not in 
harmony with the predictions of the Friedel theory.‘** 


Instead they show similarities with the solutions of 


tin, lead and bismuth in cadmium and zine. It will be 
recalled that the latter systems are all endothermic. 
They also exhibit a very significant degree of energetic 
asymmetry, correlated with the difference in valence 
between the two components. 

From Fig. 6 we see finally that for tin, lead and 


bismuth as solutes the partial excess entropies of 


mercury are negative. Again the mercury solutions 
differ from the 
Note that for 
negative excess entropies are quite small (about 

0.2. 
for tin appear to be somewhat larger. 


zine. 
the 


solutions in cadmium = and 


lead and bismuth in mercury 


deg at 25 at.°,,). The negative excess entropies 


SUMMARY AND CONCLUSIONS 

The thermodynamic properties of solutions of seven 
group B elements in mercury have been surveyed, 
with a view toward the possible correlation between 
the excess partial thermodynamic functions for the 
solvent (mercury), and the valence of the solute. The 
picture which emerges is one of considerable com- 
plexity, and no correlations with valence were found. 
Clearly the differ both from 
solutions in liquid zine and cadmium, and from 
solutions in Hume—Rothery type alloys. 

On the whole the properties of the mercury systems 
considered in the present work seem to reflect the 


mercury solutions 


competition between an “‘electronegativity factor”, 
which gives rise to negative terms in AH™, and a 


“misfit” factor, which gives rise to positive terms. 
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In the alloys with cadmium, indium and thallium 


the first term predominates, while in the alloys with 
zine, tin. lead and bismuth the second term is large 
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AN X-RAY DIFFRACTION STUDY OF IRRADIATED MOLYBDENUM*+ 


D. L. GRAY: and W. V. CUMMINGS, 


Changes in the lattice parameter, X-ray line width and micro-hardness of commercial molybdenum 
were observed after irradiation at 35 5°C to various total fast neutron exposures from 6.5 10'* to 
1.2 x 102°nvt (neutrons per em?). The lattice parameter vs. neutron exposure curve maximizes near 
5.0 10/9 nvt, and at 1.2 102° nvt a net decrease from the pre-irradiation value occurs. Both line 
width and micro-hardness increase with neutron exposure and although the micro-hardness approaches 
a limiting value with increasing irradiation, the values of line width do not. These effects in irradiated 
molybdenum are discussed from the standpoint of some recovery reactions which may occur in reactor 
during irradiation and it is concluded that (1) interstitial atoms produced by neutron bombardment are 
mobile at the irradiation temperature, 35°C, (2) during the initial stages of irradiation a substantial 
number of interstitials become trapped at small substitutional impurity atoms and (3) interstitial cluster 
formation and growth predominates during the remainder of the irradiation, Some mechanisms of 
interstitial cluster formation and growth are discussed. 


ETUDE DE DIFFRACTION PAR RAYONS X SUR LE MOLYBDENE IRRADIE 


Aprés exposition a des flux de neutrons rapides variants de 6,5 - 10'® a 1,2 + 10?°nvt (neutrons par cm?) 
des changements du paramétre du réseau, de la longueur des rayons X et de la microdureté du molybdéne 
commercial ont été observés aprés une irradiation a 35 5°C. Si lon fait un diagramme paramétre du 
réseau en fonction des valeurs maximales des courbes d’exposition aux neutrons a 5,0 10'* nvt et a 
1.2 - 10° nyt, une diminution nette du paramétre réseau irradié est observée. La largeur des raies et la 
microdureté augmentent avec le temps d’exposition aux neutrons, et quoique la microdureté s approche 
d'une valeur limite, en augmentant lirradiation, les largeurs des raies ne changent pas de cette facgon. 
Ces effets dans le molybdéne irradié ont été discutés du point de vue de quelques réactions de 
restauration qui pourraient avoir lieu dans un réacteur pendant lirradiation et l'on a conclu que des 
lacunes d’atomes, produites par le bombardement de neutrons, sont mobiles a la température 
irradiation de 35°C. Pendant la premiére période de Virridiation un nombre considérable de lacunes se 
La formation et le 


Quelques 


rassemblent au voisinage des petits atomes d’impureté en solution de substitution. 


grossissement des nuages de lacunes prédominent pendant que Jlirridation continue. 


mécanismes de formation et de grossissement des nuages des lacunes sont discutés. . 
RONTGEN-UNTERSUCHUNG VON BESTRAHLTEM MOLYBDAN 

Anderungen des Gitterparameters, der Breite der Réntgen-Linien und der Mikroharte wurden bei 
das bei 35 5 C neutronenbestrahlt worden war, wobei der 
gesamte FluB schneller Neutronen von 6.5 101° bis 1.2 10°° nvt (Neutronen pro cm?) reichte. 
Der Gitterparameter zeigt in Abhangigkeit von der Bestrahlungsdosis ein Maximum bei 5.0 10!° nvt, 
und bei 1.2 10°° nvt ist er geringer als vor der Bestrahlung. Linienbreite und Mikroharte nehmen mit 
der Neutronendosis zu; die Mikroharte erreicht im Gegensatz zur Linienbreite einen Sattigungswert. 
Diese Effekte bei bestrahltem Mclybdan werden diskutiert vom Standpunkt einiger Erholungsreaktionen, 
die im Reaktor wahrend der Bestrahlung ablaufen kénnen. (1) Zwischengitter- 
atome, die durch die einfallenden Neutronen erzeugt werden, sind bei der Bestrahlungstemperatur von 
35 C beweglich. (2) Wahrend des ersten Stadiums der Bestrahlung wird eine betrachtliche Zahl von 
Zwischengitteratomen von kleinen substitutionellen Verunreinigungsatomen eingefangen. (3) Wahrend 
der iibrigen Bestrahlungszeit herrschen Bildung und Wachstum von Zusammenballungen der Zwischen- 
Einige Mechanismen, die zur Bildung und zum Wachstum von Zwischengitteratom- 
Zusammenballungen fiihren. werden diskutiert. 


kommerziellem Molybdan beobachtet. 


Es wird geschlossen: 


gitteratome vor. 


INTRODUCTION 


Recent work"-?) has shown that the lattice par- 


Nevertheless, questions still remain 
concerning the nature of the residual damage. It is 


molybdenum. 


ameter of molybdenum increases with neutron irradia- 
tion for integrated exposures up to 10!% nvt. Physical 
length changes") have also been observed and are 
in accordance with the lattice parameter increases. 
These effects lend credence to the idea that interstitial 
atoms are present at room temperature in irradiated 


* Received August 19, 1959. 

+ This investigation was performed under Contract No. 
W-31-109-Eng-52 between the Atomic Energy Commission 
and General Electric Company. 

+ Hanford Atomic Products 
Washington. 
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not clear whether the interstitials are present as single 
isolated defects, pairs, clusters, or are trapped at small 
substitutional impurity atoms. A comparison of exist- 
ing data indicates that the molybdenum examined 
by Adam and Martin"! contained less residual expan- 
sion than that examined here.') These differences 
are not necessarily contradictory. 

The object of this investigation is (1) to learn more 
about the defects resulting from neutron irradiation of 
molybdenum, and (2) to explain differences in existing 
data. With these objects in mind, the results of 


446 
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VO: 
8 
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AND 


additional neutron exposures as great as 1.2 « 10° 
nvt (neutrons per cm?) are presented. The effect of 
such exposures upon lattice parameter, X-ray line 
width and micro-hardness is quite marked and some 
conclusions regarding the nature of the residual 
damage in molybdenum can be drawn from the 
nature of these property changes. 


EXPERIMENTAL PROCEDURE 

The specimens used for this investigation were made 
from the 
following composition (weight per cent): Fe, 0.03; 
Mn, 0.01; Al, 0.01; Ni, 0.01; Si, 0.01; Mg, 0.01; 
Cu, 0.0L. Prior to irradiation samples 0.5 « 0. 0.1 
in. were given a stress relieving anneal in vacuum at 
900°C for | hr. After this heat treatment the X-ray 
lines were sharpened sufficiently so that no serious 
interference of the Kz, and Kz, reflections occurred at 


wrought commercial molybdenum of 


high diffraction angles. 

The molybdenum specimens were irradiated in two 
groups in the Materials Testing Reactor to various 
integrated fast neutron exposures from 6.5 « 10!® to 
1.2 x 107° nvt During the 
irradiation the specimens were in contact with the 


(neutrons per cm?). 


cooling water at a temperature of 30° to 40°C. The 
1016 to 6.0 « nvt 
neutron flux 


series of exposures from 6.5 
were obtained in an estimated fast 
(greater than | MeV) of 1.8 
The power level of the reactor was increased during the 
remainder of the experiment with the result that one 


1013 neutrons/cm2/see. 


group of samples was exposed to a fast flux of 


1.8 neutrons/em?/sec for 1004 hr and then was 
exposed to a fast flux of 2.4 10'3 neutrons/cm?/sec 
for the remaining 636 hr of irradiation: a total inte- 
grated exposure of 1.2 107° nvt was obtained for 
this set of samples. 

A Norelco diffractometer 
operating at 50 KV and 15 ma was used to determine 
the profile of the molybdenum (400)K~% reflections. 
A scintillation counter was used with a single channel 


with a copper tube 


pulse height analyser in order to discriminate against 
the background radio-activity. The diffraction 
profiles were determined by the method of fixed counts 
taken every 0.05° 2 0 the background and 
every 0.02° 2 6 over the peaks. A line drawn through 
the center of gravity of the (400)K, reflection was 
used to find the value of 2 4, from which the lattice 
The lattice parameter 


over 


parameter was calculated. 
of the irradiated material was compared to that of the 
unirradiated material and the resulting difference 
expressed as a per cent. When little irradiation- 
induced line broadening was present the accuracy of 
the measurements was at least one part in 60,000. 
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When line broadening caused serious interference 
between the Kz, and Kz, reflections, the lines were 
separated by assuming that the intensity of the 


experimentally determined profile could be re- 
presented by a function 
g(x) = f(x) f(a — 0) 


where f(x) is the intensity contribution of the (400)Kx, 
reflection, } f(a — 6) is the intensity contribution of the 
(400)K, reflection and 0 is the normal separation of 
the Kx, from Kz,. Starting at the low angle side of 
the peak at zero background and laying off distances 
0, one can then reconstruct the two (400)K z reflections. 
The 2 4 value obtained from the center of gravity of 
the separated Kz, reflection was selected for lattice 
parameter calculations. After the X-ray measure- 
ments were complete, micro-hardness of some of the 
samples was measured as a supplement to the X-ray 


data. 

RESULTS 
The lattice parameter, X-ray diffraction line 
width and micro-hardness of molybdenum are 


changed by neutron irradiation and the nature of the 
changes depend upon the total exposure. The per 
cent lattice 
Table 1 for the various exposures, together with 
values of the line width of the (400)Kz, reflection. 
These values and some hardness data are plotted in 
Fig. | as a function of integrated fast neutron flux. 
Referring to Fig. 1. 
irradiation-induced line broadening is only slight at 


parameter changes are tabulated in 


it can be seen that the increase in 


exposures from 10!® to 10!% nyt, and then increases 
markedly with increasing irradiation. In the range of 
exposures studied there is no tendency of the line 
width changes to approach a limiting value with 
On the the 


broadening increases almost linearly with exposure. 


increasing exposure. contrary, line 
Micro-hardness increases from the unirradiated value 
of 233 DPH (10 k load) to 306 DPH after an exposure 
of 5.0 « 10! nvt, after which a sharp bend in the 
exposure Little 
increase was caused by exposures above 5.0 
nvt. It was noted that for the first few 
only a slight hardness change was detectable. Since 


hardness 
1019 


exposures 


curve results. additional 


the changes were small it is not really certain whether 
the slope of the hardness curve is initially low and 
then increasing, or whether it is increasing almost 
linearly with exposure. 

The lowest exposure was effective in increasing the 
lattice parameter and in the low exposure range from 
10'® to 10!® nvt the lattice parameter increased 
rapidly and almost linearly. Near 5.0 « 10!% nvt the 
curve passed through a maximum and at the highest 
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TABLE lI. 


Integrated fast 
neutron exposure 
(nvt) 


Time in reactor 


(sec) 


108 


10° Lots 
2.3 x 10° 
106 5. 


106* 102° 


* At fast flux of 1.8 10'3 ny, 
+ At fast flux of 2.4 10} nv. 
* Unirradiated value was 2 


exposure, 1.2 » 10°° nvt, a net decrease of 0.004 per 
cent below the pre-irradiation value resulted. The 
diffraction line profiles obtained from the three 
samples irradiated to 1.2 « 10°° nvt were identical. 


The method of peak separation outlined above was 
used in order to find the value of 2 6. The accuracy of 
the lattice parameter determination was somewhat 


° LATTICE PARAMETER CHANGE 
HARONESS 
X-RAY LINE WIDTH 


PER CENT 


0.020 


0.010) 


VALUE OF PROPERTIES 


BEFORE IRRADIATION 


-0010 
° 2 4 6 


INTEGRATED FAST NEUTRON FLUX, nvt x 107!9 


VICKERS HARONESS NUMBER (10 KILO LOAD) 


LATTICE PARAMETER CHANGE 


Fic. 1. Lattice parameter change, line width, and 
micro-hardness of irradiated molybdenum as a function 
of neutron exposure. 


Sample 
number 
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X-ray data; irradiated molybdenum 


Width of (400) Kx, 
reflection at 
half height = 


Per cent lattice 
parameter 
change 


0.47 
0.47 
0.47 


0.011 
0.009 
O.O11 
0.45 
0.016 
0.016 
0.014 


0.025 
0.022 
0.024 


0.024 
0.025 
0.025 


0.031 
0.033 
0.032 


0.031 
0.028 


0.041 
0.043 


0.048 
0.049 


0.042 


0.004 
0.004 
0.004 


less than for the other samples and has been indicated 
by bracketing the data point in Fig. 1. In view of the 
high exposure lattice parameter change, other X-ray 
reflections were examined in order to determine if 
anisotropic dimension changes had occurred, especi- 
No 


Nor was there evidence of 


ally in the most heavily irradiated specimens. 
such evidence was found. 
preferential line broadening. A calculation of the 
rate of increase of foreign atoms with irradiation 
time was carried out in order to evaluate possible 
effects due to the build-up of foreign atoms by trans- 
The thermal flux 1014 
neutrons/em?/sec effects of n-x, n-p, 
n-y, considered. The 
concentration ¢, of foreign atoms (primarily Nb, Te, 
Ru, and Zr) was found to be related to the time in 
reactor ¢, by the following expression: 


1% 


mutations. average was 
the 


reactions 


and 


and n-2n were 


c=¢ 


Thus, 
1020 


where ¢ is atomic per cent and ¢ is in seconds. 


at exposures of 2 1018, 2.3 10'9 and 1.2 
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pa 
a 3.6 104 6.5 1017 8 
9 
10 
15 105 2.8 1018 15 0.50 
16 0.50 
18 0.50 
ee. 2.2 x 105 3.9 x 1018 22 0.50 a 
24 0.50 
25 0.49 
ae = 3.6 « 105 6.5 = 1018 12 0.50 
13 0.02 
0.51 
3.7 > 19 0.51 
20 0.47 
1.3 26 0.54 
28 0.55 
2.8 29 0.64 
30 0.64 
VO’ 
4 0.75 vO. 
33 1.10 19¢ 
23 x 34 1.10 — 
35 1.10 : 
ae 
> 
0.050} 110 7320 
z 
- 0040 ° 1.00 x | 309 
= 
[0.90 
4/280 
ca 0.80 
070 < 
1260 
ro) 
050 9 {240 
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nvt the estimated concentration of foreign atoms 
from transmutations is 0.0001 per cent, 0.0008 per 
cent and 0.0035 per cent, respectively. These con- 
centrations were negligible compared to the original 
impurity content of the molybdenum and therefore 
effects due to these additional impurities may be 
omitted in the discussion to follow. 


DISCUSSION 
irradiation effects are of note: (1) The 


rapid initial increase of lattice expansion, accompan- 


Several 


ied by very little line broadening or hardness change, 
(2) the maximum in the lattice parameter exposure 
curve, (3) the increase of line broadening with irradia- 
tion, (4) the breakover in the hardness-exposure 
curve and (5) the net lattice parameter contraction 
at the highest exposure. In considering these effects 
it seems apparent that the character of the damage 
is changing with continuing neutron exposure. 
During the bombardment, recombination or annihila- 
tion of existing damage must be occurring due to 
defect 


in the defect distributions caused by the bombard- 


diffusion. There might also be changes 
ment. The magnitude of measured properties, such 
as lattice parameter, line width and hardness, will 
depend upon the amount and kind of damage resulting 
during irradiation, and the shape of the property 
versus exposure curves will depend upon the atomic 


reactions which occur during irradiation since they are 


in essence a measure of the rate of build-up of various 


reaction products. The large increase of line width in 
molybdenum at high exposures, together with the 
increased hardness indicates that considerable damage 
The 


three exposure curves when compared point to the 


has been retained as a result of the irradiations. 


fact that the processes occurring during irradiation 
result in a complex type of damage. 

Before presenting a model to explain the irradiation 
results in molybdenum, some recovery reactions 
which could take place during irradiation will be 
discussed from the standpoint of the manner in 
which the resulting defects will influence the net 
lattice parameter change with neutron exposure. 
Only two cases of thermal recovery during irradiation 
will be discussed: (1) Mutual interstitial-vacancy 
recovery, and (2) formation and growth of interstitial 
clusters. For the purpose of illustration it will be 
assumed that only single defects are produced by 
irradiation and that the defects are uniformly distribu- 
ted throughout the material. The per cent lattice 
parameter change at any neutron exposure EF will be 
represented by 


A = A(I) + A(V) 
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where A(/) the per cent dimension change re- 
sulting from interstitial defects 

and A(V) =the per cent dimension change re- 
sulting from vacancies. 

Case 1: Annihilation of interstitials and vacancies. 
Consider the situation where single interstitials and 
vacancies are produced in equal numbers and where 
mutual interstitial-vacancy annihilation is the only 
The 


net lattice parameter change at a given exposure will 


recovery reaction occurring during irradiation. 


be 

A =amn, — a,n, 
where n; and », are the instantaneous concentrations 
of interstitials and vacancies, respectively, and a, and 
-a, are constants proportional to the dimension 
change caused by a single interstitial or vacancy, 
respectively. The constants a, and —a, are assumed 


to be related by a, = ca, where |c 1. If there is a 


fixed relationship between », and n, during irradia- 
tion, then the net lattice expansion will always be 
linearly proportional to the defect concentration. 
The appearance of the lattice parameter exposure 
curve will be similar to that shown in Fig. 2. The two 


A(1) A(V) 


shown as dotted lines which both approach a limiting 


components an, and an, are 
value as the rate of defect recovery approaches the 
rate of defect production in the reactor. The resultant 
lattice parameter curve A is shown as a solid line and 
also approaches a limiting value. At any given 


= = (1 /e)Ja,. 


It is seen that under the conditions outlined above A 


exposure where k = [I 


will always be positive, but that A vs. # will not pass 
through a maximum. 


A(I)=ajnj 
gor 


A=A(I) + A(v) 


EXPOSURE 


~ 


A(v)s-ay ny 


EFFECT ON LATTICE PARAMETER 


Fic. 2. Appearance of a lattice parameter neutron 
exposure curve when mutual interstitial-vacancy 
annihilation occurs during irradiation (schematic). 
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Case 2: Formation of interstitial clusters. Consider 
the situation where (1) the interstitials are mobile. 
(2) interstitial vacancy annihilation is negligible, 
(3) interstitial cluster formation begins shortly after 
the initial exposure and (4) the average cluster size 
increases during irradiation. At any exposure E£, 
there will be a number of cluster sizes present in 
various concentrations. Suppose that x is the effective 
cluster size and n,, the effective cluster concentration, 
then 


For a single interstitial 2 = 1. The lattice parameter 


expansion at any exposure £, is given by 
— a,n,, 


where a,, is proportional to the dimension change of a 
cluster of size x. It is reasonable to suppose that 
initially a,, increases slowly with regard to x, and that 

is essentially 
With large x, 


depending upon the geometry of the cluster, the 


a point may be reached where 4@,, 
constant over several values of x. 
term a,, may in fact begin to decrease with increasing 
x. All of these effects tend to reduce the ratio A(/) 
A(V) of interstitial contributions to vacancy contri- 
butions, with the result that A(V) would be changing 
faster than A(/) with increasing effective cluster size 
x. Thus. when cluster size is increasing. the net lattice 
parameter change A should pass through a maximum 
with increasing exposure and even become negative 
at high exposures. A schematic illustration of how 
the growth of interstitial clusters during irradiation 
might affect the lattice parameter exposure curve is 


x = EFFECTIVE CLUSTER SIZE 
x INCREASING —> 


A=A(I)+A(v) 


EXPOSURE —> 


EFFECT ON LATTICE PARAMETER 


Alv)=-Gyny 


Fic. 3. Appearance of a lattice parameter neutron 
exposure curve when interstitial cluster growth occurs 
during irradiation (schematic). 
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shown in Fig. 3. The vacancy term A(V) is shown 
to decrease almost linearly while the interstitial term 
A(J) is shown as approaching a limiting value as x 
increases. When the two curves are summed, the 
curve A of Fig. 3 results and it can be seen that it 
bears a resemblance to the lattice parameter data of 
Fig. 1. 
that the effective cluster size must increase with expo- 


A point of interest regarding clustering is 


sure in order for A to maximize with increasing 
exposure. 

Two cases of residual damage build-up have been 
discussed in order to illustrate the effects of certain 
recovery reactions upon the shape of the lattice 
parameter exposure curve. Although a simple type 
of damage was assumed, in order to isolate effects, it 
was possible to show that the growth of interstitial 
clusters can cause a maximum in the lattice para- 
meter exposure curve. Now inspection of the data in 
Fig. | shows that in the low exposure region below 
be the 

parameter 


101° nvt interstitial clustering cannot 
dominant the lattice 
increases rapidly with little accompanying change in 
Above 10'9 nvt where 


pre- 
reaction since 
hardness or line broadening. 


line broadening increases, hardness increases. and 


where lattice parameter passes through a maximum, 
Since the 
concept of interstitial cluster growth is valid for 


interstitial clustering becomes important. 


molybdenum, it can be inferred that the interstitial 


atoms produced by neutron bombardment are 


mobile at the irradiation temperature. All these 
effects will be dealt with below. 
It might be that 


neutron damage below 35°C has been investigated by 


mentioned here recovery of 
Kinchin and Thompson‘*®) who observed changes in the 
electrical resistance of molybdenum irradiated with 
neutrons at —196°C. After irradiation to ~10!8 nvt, 
a recovery process was noted at —170°C and was 
followed by gradual recovery up to and above 35°C. 
The inference that interstitials are mobile during 
irradiation at 35°C is in accordance with their findings. 

Returning to the damage effects which occur below 
1019 nvt or so, it is necessary to determine in what 
manner the interstitials can be retained after irradia- 
tion at 35°C. Neutron damage may produce a variety 
of defects such as interstitials, vacancies, interstitial 
clusters, vacancy clusters, etc. Thus in the early 
stages of irradiation there are several possible recovery 
reactions which the mobile interstitials can undergo. 
In addition to reacting with defects produced by 
irradiation the interstitials may with 
defects present before neutron irradiation such as 
small substitutional impurity atoms. The molyb- 
denum used in this experiment contained a large 


also react 
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number of impurity atoms and these, too, must be 
considered as sinks for mobile interstitials. 

Calling an interstitial J, a vacancy V, an interstitial 
cluster J,. a vacancy cluster V, (where x is the 
cluster size), a small substitutional impurity atom 7’, 
a trapped interstitial 77, etc., the primary possi- 
bilities for recombination are: 


(l) J+ V= 
2) 

(3) I 

(4) I - 

(5) I+ 


annihilation 


If the five reactions were to proceed simultaneously, 
the rate of disappearance of interstitials would 
depend upon their instantaneous concentration, the 
instantaneous concentration of reactants and the 
reaction probabilities or cross-sections for interstitial 
capture of the various reactants. The relative rate at 
which any one of the reactions will go will also 
depend upon these factors. On the basis of concen- 
tration alone reactions (4) and (5) can probably be 
eliminated as major recovery steps below 10!* nvt. 
This leaves reactions (1) to (3). We know n, > n, 
and nv, >», in the initial stages of irradiation. 
We also know that there are several types of small 
substitutional impurities in the molybdenum used 
for this experiment, and that some of these impurities 
may be more effective in trapping interstitials than 
others. If the average interstitial capture cross- 
section of these small impurities is less than that of 
vacancies and greater than that of interstitials then 
reaction (3) should occur simultaneously with reaction 
(1), and it is expected that both of these reactions will 
proceed much faster than reaction (2). 

Previous annealing studies’ on the low exposure 
molybdenum have shown that in the temperature 
range from 100° to 200°C there is a reaction char- 
acterized by first order kinetics and accounting for 
recovery of 20-30 per cent of the residual expansion. 
This reaction was due to the trapping of interstitials 
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at small impurity atoms. The reaction though 
fairly sluggish at 100°C could be supposed to have 
proceeded rapidly during irradiation at 35°C. An 
alternate possibility is that the reaction was due to 
release and re-trapping of defects trapped at the 
irradiation temperature. In either case defect trapping 
is known to occur in molybdenum above 35°C, and 
from the exposure data and annealing data is expected 
to occur during irradiation. 

It was mentioned earlier that the molybdenum 
irradiated by Adam and Martin”) showed less 
residual expansion than that irradiated here. If 
trapping does occur during the initial stages of 
irradiation one could expect the initial portion of the 
lattice parameter curve to depend in part upon 
impurity content. A comparison of that data with 
the present data indicated that the differences in 
residual expansion could be correlated with impurity 
content. Some typical order of magnitude values 
taken from expansion vs. exposure curves are itemized 
in Table 2. From Table 2 it may be seen that residual 
expansion increases with increasing impurity content. 
This type of behavior is just what can be expected if 
interstitials are trapped during low exposure irradia- 
tions, since as the number of trapping sites is increased 
the fraction of interstitials trapped will also increase. 
As the number of traps is decreased, the number of 
interstitials being annihilated at vacancies’ will 
increase. This is conclusive evidence that inter- 
stitial trapping occurs in the initial stages of irradia- 
tion at 35°C. 

In the low exposure region from 6.5 
nvt it is concluded that while neutron irradiation is 


1016 to 1019 


taking place, the single interstitials produced by the 
bombardment are migrating primarily to vacancies 
and to small impurity atoms. The lattice expansion 
is due principally to the difference between the 
expansion caused by trapped interstitials and the 
contraction resulting from lattice vacancies. The 
small amount of line broadening is attributed to the 


presence of a few clusters produced either at the 


TABLE 2. Effect of impurity content upon residual expansion of irradiated molybdenum 


Reference content 


(1) None detected 
spectroscopically 
(1) 0.01% Fe 


(2) and 0.09° 
present work 


Molybdenum impurity 


Expansion at Expansion at 
10'* nvt 


6 10°85 nvt 1.5 


0.003% * 0.008% * 


0.010% 0.020% 


* 220 * 
0.030%) 0.038%, 


+ From macroscopic linear dimension measurements. 


I, 
Tl 
: Vis. 
VOL. 
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| 
* From lattice parameter measurements. 
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trapping sites by diffusion or by neutron bombard- 


ment. The hardening may be principally due to 
these multiple defects. 

Cluster growth becomes important at exposures 
1019 nvt. 


approaches a maximum while hardness increases 


above It is here that lattice parameter 
rapidly and it is here that line width begins to increase 
significantly. There are at least two sites for cluster 
nucleation and growth: (1) the trapped interstitials 
or (2) immobile interstitial clusters produced by 
the 
possibility that cluster growth begins at the sites 


neutron bombardment. There is a_ strong 


of trapped interstitials. There are several reasons 
First. the 


relation to the lattice parameter curve indicates that 
19 


for thinking so. hardness curve in 


cluster formation is rapid after 10'® nvt. For rapid 


cluster formation there should be a large number of 


available sites. There are a large number of trapped 
interstitial sites. The build-up of immobile clusters 
produced by irradiation appears to be small initially. 
as seen from the line broadening. Therefore. much 
of the initial cluster formation may occur at trapped 
interstitials forming defects of the 77, tvpe. As the 
TI, formation progresses there will be a simultaneous 
build-up of immobile defects produced by the irradia- 
tion itself. 
ted at 
defects will account for an increasing proportion of 


As the single interstitials become annihila- 
vacancies or form clusters. these immobile 
the total damage. Among these immobile defects 
there will be some of the J, type. which will supply 
new sources for cluster growth. <As_ irradiation 
progresses it is expected that cluster growth will 
occur at either type of site. In this manner a consider- 
able amount of damage can be retained with extended 
exposures, 

The 


entire range of exposures 


width the 
may be interpreted as 


continued increase in line over 
both the cluster size and number is 
This 


support the idea that the clustering effect is due to the 


evidence that 


increasing with neutron exposure. would 
constant production of highly immobile defects in 
addition to those being formed by interstitial diffusion. 
The hardness curve is apparently dependent upon 
cluster size and concentration since it is in the region 
where clustering becomes important that the largest 
hardness increases are sustained. The breakover in 
the hardness exposure curve indicates that a point 
has been reached where further cluster formation 
has no effect in hardening the molybdenum. 

The fact that interstitial cluster growth occurs 


during irradiation implies that the cross-section for 
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interstitial capture of the trapped interstitials and of 
the interstitial clusters themselves is large. For if the 
number of single vacancies produced by neutron 
irradiation is comparable to the number of single 
interstitials, the growth of interstitial clusters is 
going to result in an excess of single vacancies. In 
that case if interstitial clustering is going to proceed 
preferentially, the interstitial capture cross-section of 
the new defects must be large. in fact it may increase 
This 


questions 


with increasing cluster size. circumstance 


poses some interesting regarding such 
things as the cluster geometry and effective size. 
the 
drawn from this investigation: 

(1) Interstitials mobile at 


temperature. 


To summarize. following conclusions are 


are the irradiation 
1019 nyt) 


the predominant interstitial recovery reactions 


In the initial stages of irradiation (- 


are annihilation at vacancies and trapping at 
small substitutional impurity atoms. 
At moderate and high exposures (>10!'% nyt) 
formation and growth of interstitial clusters 
predominates. 
The interstitial clustering is postulated to result 
from: (1) 
trapped interstitials, i.e. to TJ sites which then 


Diffusion of interstitials to the sites of 


hecome TJ, sites, and (2) by diffusion of interstitials 
the 
In a material which contains a large number 


to clusters formed by neutron bombardment 
itself. 
of trapping sites the first mode of formation should 
govern the early stages of clustering, but in a material 
with only a few trapping sites, the cluster formation 
will be due to the second process. Thus, for compar- 
able exposures, it could be expected that the number 
of clusters would decrease with increasing purity. 
These postulates may be checked by varying im- 
purity content, irradiation temperature and neutron 
flux in order to evaluate the role of (1) impurity 
atoms as trapping and cluster sites, (2) interstitial 
diffusion in determining cluster growth rate and 
(3) immobile irradiation produced defects in deter- 
mining cluster growth rate and property changes. 
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THE INFLUENCE OF STRAIN AMPLITUDE ON THE WORK HARDENING OF COPPER 
CRYSTALS IN ALTERNATING TENSION AND COMPRESSION* 


D. S. KEMSLEY+ and M. S. PATERSON? 


For a given cumulative strain, the work hardening of copper crystals in alternating straining is always 
less than in a tensile test. At a plastic-strain amplitude of 0.0001, the hardening is very low and nearly 
the same for all orientations, For larger amplitudes the behaviour varies widely with orientation; in 
general, the rate of work hardening increases steadily with strain amplitude, but for orientations away 
from [110] there is a sharp increase in hardening rate above a certain amplitude. In this rapid hardening 
stage, prominent secondary slip is observed, which is otherwise absent. 

It is suggested that there are two principal mechanisms of hardening: (1) a basic hardening similar to 
that in stage I of tensile tests, during which slip is mainly confined to the primary plane; (2) a rapid 
hardening, resulting from extensive obstruction of the primary slip by slip on secondary planes. The 
mutual interference of slip in two directions in the primary plane may also be important for some 
orientations, 

LOINFLUENCE DE L’AMPLITUDE DE LA DEFORMATION SUR LE DURCISSEMENT DE 
CRISTAUX DE CUIVRE EN TENSION ET COMPRESSION ALTERNEES 

Pour une déformation cumulative donnée, le 
alternée est toujours inférieur a celui obtenu au cours d’un essai de traction. 
déformation plastique de 0,0001, le durcissement est trés faible et pratiquement identique pour toutes les 
orientations. Pour des amplitudes plus grandes, le comportement varie grandement avec l’orientation. 


durcissement de cristaux de cuivre en déformation 


Pour une amplitude de 


En général, la vitesse dedurcissement s’accroit réguli¢rement avec amplitude de la déformation mais 
pour des orientations autres que [110] on observe une augmentation importante de la vitesse de durcisse- 
ment au-dela d'une certaine valeur de amplitude. 

Au cours de ce durcissement rapide, on observe l’apparition de glissements secondaires inexistants 
dans les autres cas. Les auteurs suggérent qu’il existe deux mécanismes principaux de durcissement: 

! un durcissement principal identique a celui qui apparait au cours du premier stade des essais de 
traction. Dans ce cas, le glissement intervient principalement sur le plan primaire. 

2°—un durcissement rapide qui résulte de ce que la propagation du glissement primaire est contrariée 
par des glissement sur des plans secondaires. 


Pour certaines orientations, interaction mutuelle de glissement dans deux directions du plan 


principal peut également présenter une certaine importance. 
EINFLUB DER VERZERRUNGSAMPLITUDE AUF DIE VERFESTIGUNG VON 
KUPFERKRISTALLEN BEI WECHSEL VON ZUG UND DRUCK 

Fiir eine gegebene Gesamtverzerrung ist die Verfestigung von Kupferkristallen bei Wechselbean- 
spruchung immer geringer als im Zugversuch. Bei einer Amplitude der plastischen Verzerrung von 
0.0001 ist die Verfestigung sehr gering und fast dieselbe fiir alle Orientierungen. Fiir gr6Bere Amplituden 
hangt das Verhalten stark von der Orientierung ab; im allgemeinen nimmt die Verfestigung mit der 
Verzerrungsamplitude gleichmaBig zu, aber fiir Orientierungen, die vun [110] entfernt sind, ergibt sich 
oberhalb einer gewissen Amplitude ein scharfer Anstieg. Bei diesem schnellen Verfestigungsanstieg 
beobachtet man sekundare Gleitung, die sonst fehlt. 

Zwei hauptsachliche Verfestigungsmechanismen werden vorgeschlagen: (1) eine Grundverfestigung 
ahnlich der im Teil I bei Zugversuch, wahrend der sich die Gleitung hauptsachlich auf die primare 
Gleitebene beschrankt; (2) eine schnelle Verfestigung, bei der Gleitung in sekundéren Ebenen die 
Gleitung in der primaren Ebene sehr stark behindert. 
Wechselwirkung von zwei Gleitrichtungen in der primaren Gleitebene von Bedeutung sein. 


Fiir einige Orientierungen mag auch die 


INTRODUCTION well-known that the work hardening that raises the 


The plastic deformation of single crystals of metals 
in unidirectional straining has been extensively inves- 


tigated under various conditions of orientation, 
temperature, impurity content, etc., and the experi- 
mental results form the current 
theories of work hardening. From experiments with 


a single reversal of the direction of straining, it is also 


main basis for 
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yield stress for further straining in the same sense is 
less effective in raising the yield stress for subsequent 
straining in the opposite sense (Bauschinger effect). 
the effects of 
of straining (alternating straining) have 


However, repeatedly reversing the 
direction 
received much less attention. 

Experiments on the work hardening of single 
crystals of metals during slow alternating straining 
have been done by Held and Scholl‘) (shear tests 
on tin and aluminum respectively) and by Thompson 
et al,), Charsley and Thompson and Paterson‘® 
(tension-compression experiments on aluminum, alu- 
minum and copper respectively). The experiments of 
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Thompson et a/. were done at constant stress ampli- 
tude, while in those of Held, Scholl and Paterson the 
plastic strain amplitude was constant. In most cases, 
the occurrence hardening during 
alternating straining was demonstrated. Similarly, 


of progressive 


work hardening during alternating straining has also 
been observed in polycrystalline metals by Wood and 
Segall, and Dugdale™. For a given strain, there is, 
in general, less hardening in alternating straining than 
Similarly, alternating 


in unidirectional straining. 


straining gives rise to less X-ray line broadening.‘®? 


In the previous work on copper crystals by one of 


the authors,©) the influence of orientation on the 
behaviour in alternating tension and compression was 
studied at one plastic strain amplitude and effects 
akin to the “easy glide” in tensile tests were observed. 
In the present experiments, the influence of the 
amplitude of the plastic strain has been studied for 


various orientations. 


PREPARATION OF SPECIMENS 
The specimen material was copper of 99.999 per 
cent purity, prepared by Messrs. Johnson, Matthey 
and Co. and drawn to wire of 1.5mm diameter by 
them. After etching, single crystals were grown from 
the melt at a rate of 3.75 em/hr, using a travelling 
furnace inclined at about 60° to the horizontal. A 
very slight taper (about | in 3000) in the spectro- 
graphically pure graphite moulds ensured that 

crystals could be removed without sticking. 
The orientations selected for study are shown in 
Fig. 1; 


in growing the specimens. 


one seed crystal of each orientation was used 
The orientation of each 
specimen the 
Laue X-ray method to within about +1 


was determined by back-reflection 
and de- 
partures from the seed orientation did not obviously 


exceed this. There was no metallographic evidence 


4 


20° 30° 


. 1. Orientations of crystals. 
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for mosaic structure in the specimens, although 
mosaic boundaries had been observed, after electro- 


polishing, in two crystals grown at a rate of 12 em/hr. 


A 4-em length of crystal, sufficient for two specimens, 
was grown from the seed each time. The specimens 
were cut off with nitric acid on a reciprocating thread 
and were then electropolished in a solution of ortho- 
phosphoric acid for 30 min. 

The specimens were about 1.5 mm in diameter and 
the free length after mounting in the testing machine 
was about 7 mm. The length and diameter measure- 


ments were made optically. 


EXPERIMENTAL METHODS 

The same testing machine was used as in the earlier 
work. It has been described in detail elsewhere. 
Strictly axial tensile and compressive loads could be 
applied at rates similar to those used in normal 
tensile testing. Discontinuities in the measured load 
and extension when passing from tension to com- 
pression or vice versa were eliminated in the design 
of the gauges. The previous method of gripping the 
specimens was again used; firstly a steel shoulder, 
cemented to one end of the specimen, was clamped in 
the machine and then the other end of the specimen 
was set in solder. 

During the cyclic straining, allowance was made 
for elastic strains to ensure that the plastic strain 
amplitude remained constant throughout a given 
test. By noting the peak tensile and compressive 
loads, it was possible to derive a strain-hardening 
curve in which the peak resolved shear stress was 
plotted against the total absolute (cumulative) glide 
strain. 

The time taken to reach a cumulative glide strain 
of 0.6 varied from about 20 min for the largest strain 
amplitude to about 3 hr for the smallest. These 
variations in length of test are considered to be 
unimportant, since measurements made at the larger 
amplitudes after rest periods of up to 8 days gave no 
evidence of recovery. 

Duplicate tests were made for all orientations. 
Additional tests were made when marked variability 


in results was obtained. 


EXPERIMENTAL RESULTS 

(a) Work-hardening curves 

In Fig. 2(a)-(h), the peak resolved shear stress is 
plotted against the cumulative glide strain (that is, 
the number of half-cycles times the plastic glide 
strain amplitude) for tests on copper crystals of the 
orientations shown in Fig. |. For each orientation, 
curves are given for strain amplitudes of 0.02, 
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0.0083, 0.004, 0.001 and 0.0001, expressed as plastic 
shear strain resolved on the primary glide system. 
The results of tensile tests are also shown in the same 
figures. 

In most cases, the results of repeat tests under the 
same conditions agreed within about 10 per cent and 
only the lower curves have been given in the figures. 
In the cases in which the reproductibility was poor, 
the highest and lowest curves are given: there was 
some irregular behaviour in orientation 3 at amplitude 
0.0083 (Fig. 2c), but excessive variability was only 
encountered in orientation 4 at amplitude 0.0083 
(Fig. 2d) and in orientation 6 at amplitudes 0.0083 
and 0.004 (Fig. 2f). Such variability in behaviour 
was noticed for similar orientations in the previous 
work’) on copper at amplitude 0.0083 and also in 
tensile tests on aluminum by Davis ef a/.°®. The 
maximum variability found in the present tests is 
illustrated in Fig. 3, which gives the work-hardening 
curves for four crystals of orientation 6 at amplitude 
0.0083. 
bility in the work-hardening process under these 


This behaviour suggests an inherent insta- 


conditions, rather than a 
handling, since the early parts of the work-hardening 


greater sensitivity to 


curves, and especially the critical shear stress values, 
are closely reproducible; moreover, the reproduci- 
bility of results for the same orientations at small 
amplitudes was good. 

As in the previous work," it was generally observed 


that the yield stress in compression increased slightly 


more rapidly than that in tension, regardless of 


whether the first half-ceycle was compressive or tensile. 
Therefore, the curves for the tensile and compressive 
half-cycles have been plotted separately in Fig. 
2(a)-(h). The difference is usually negligible at small 
amplitudes, but it tends to increase with cumulative 
strain at the larger amplitudes. The results of tests 
on polycrystalline copper showed a similar trend but 
the effect was smaller. No instrumental factor has 
been found which could produce such an effect; in 
alternating-straining tests on a steel specimen in the 
elastic range, no significant zero-shift was observed. 

Comparison of Fig. 2(a)-(h) shows the very strong 
influence of orientation on the work hardening of 
copper crystals in alternating straining. The results 
at strain amplitude 0.0083 are in excellent accord 
with those of the previous work,” which showed 
that crystals with orientations near the [111] and 
[100] corners of the stereographic triangle work harden 
much more rapidly than those near the [110] corner, 
while there is intermediate behaviour for other 
orientations; a double inflexion in the work-harden- 


ing curves occurs for some orientations, especially 
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6 at amplitude 0.0083. * indicates Kossel lines in 
Laue photographs. 
compressive half-cycles. 
tensile half-eycles. 


those near the centres of the and | 100) 

[110] boundaries. The new results for other amplitudes 
show a similar influence of orientation, which is seen 
to be very important at all amplitudes except the 
lowest. 

The strain amplitude has a very striking influence 
on the work hardening. For a given orientation, the 
trend is always for the work-hardening curve to be 
lower for smaller amplitudes. However, the details 
depend on the orientation. For the orientations near 
[100] and [111], the 
alternating straining do not depart markedly from 


work-hardening curves for 
the tensile curves until the strain amplitude is less 
than about 0.001; however, decreasing the amplitude 
below 0.001 results in a radical lowering of the work- 
hardening curve (Fig. 2a and Fig. 2g). This abrupt 
change in work-hardening behaviour occurs at a 
slightly lower amplitude for orientation 7, near | 100}, 
than for orientation |, near [111]; thus, extra experi- 
ments at strain amplitude 0.0003 for orientation 7 
(Fig. 2g) reveal a behaviour similar to that at strain 
amplitude 0.001 for orientation 1. 

For orientation 2, near |110] (Fig. 2b), the course of 
work-hardening at amplitude 0.02 is already well 
below the tensile curve (except for the easy glide 
region). With decreasing strain amplitude, there is a 
regular lowering of the work-hardening curve. Similar 
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behaviour is observed for orientation 8 (Fig. 2h), near 
the middle of the [110]-{111] boundary. 

For the other orientations (Fig. 2c-f), the work- 
hardening curve obtained at amplitude 0.02 has a 
double inflexion, like the tensile curve but with very 
little intermediate “linear” part; its course is only 
slightly below the tensile curve for the orientations 
near the boundaries (4 and 6) but departs more for 
the others (3 and 5). The tendency for the work- 
hardening curve to be double-inflected persists to 
lower amplitudes for the orientations near the 
boundaries and is associated with the marked varia- 
bility of behaviour mentioned previously. At low 
amplitudes, the behaviour for all these orientations 
is regular, like that of orientation 2. 

The influence of orientation on the work hardening 
at a given amplitude is shown more clearly in Fig. 
4(a)-(d) in which curves from Figs. 2(a)-(h) have 
been replotted, averaging the results for tensile and 
compressive half-cycles. Thus it is seen that, at 
amplitude 0.02, the inflected curves for orientations 
3. 4. 5 and 6 lie wholly below the curves for the 
orientations near and {100}; 
they also fall initially below the curve for the orienta- 


however, while 


tion near [110], the upward inflexion takes them 
At amplitudes below about 0.004, the 
upward inflexion is absent and the course of work- 


above it. 


hardening for the orientations 3. 4, 5 and 6 is now 
wholly below that for the orientation near {[110] and 
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depends only slightly on amplitude. The work- 
hardening curve for the orientation near [110] always 
falls below the curves for the orientations near |111} 
and [100]. However, for all orientations at amplitude 
0.0001 the work-hardening rates are very low and 
probably the same, within experimental error. 


(b) Change of amplitude 

In three experiments on crystals oriented near [111] 
and | 100], alternating straining at an amplitude giving 
rapid hardening up to a peak resolved shear stress of 
about 1500 g mm? was followed by straining at 
amplitude 0.0001 (Fig. 5). Two specimens of orienta- 
tion | were strained initially at amplitude 0.0083; 
the third specimen, of orientation 7, was strained 
initially at amplitude 0.004. In each case, there was 
no work hardening (or softening) during the sub- 
sequent straining at amplitude 0.0001; however, the 


TABLE 1. Critical shear stresses 


Standard Number of 
deviation tests 


Orientation Critical shear 
no. stress (g 


stresses were higher than those shown in Fig. 4(d) 
because of the increased yield stress resulting from 
the prior straining at larger amplitude. 


(ec) Critical shear stress 

In each experiment the critical shear stress was 
determined by plotting the initial part of the stress 
strain curve in the first half cycle and noting the 
point at which it departed clearly from the elastic 
line. The results are given in Table 1. There appears 
to be a significant departure from the Schmid law 
only for orientations | and 7, near [111] and [100] 
respectively. Excluding these, the average value is 
27 g mm, which is lower than previously published 
figures. The reason for this figure being lower than 
the values obtained by Paterson) with the same 
apparatus is not clear but is presumed to be connected 
with minor improvements in the technique of 
preparing the crystals, although this is not reflected 
in the work-hardening behaviour. 


(d) Microscopic observations 


After testing, each specimen was examined under 


simple vertical illumination and photographed at 200 


magnification. The curvature of the surface made 
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phase-contrast microscopy unsatisfactory but was of 
advantage in providing conditions of oblique illumi- 
nation at the edge, thereby helping in the observation 
of fine slip. It was also found that fine slip was more 
readily recognized in photographs than visually. 

In general, the features observed on tensile speci- 
mens were similar to those described by previous 
workers.1!.!*) Alternating straining at larger ampli- 
tudes produced some of the same features but no 
kink bands. 

For the orientations near {111} and [100], tensile 
specimens showed strong clustering of the slip on one 
or more systems, with fine slip also evident between 
the clusters, giving a mottled appearance (Fig. 6a). 
After alternating straining at amplitude 0.02, speci- 
mens of these orientations showed the same features 
but the slip lines were more sharply defined and the 
At smaller 
strain amplitudes, the clustering of the slip and the 


mottling was greatly reduced (Fig. 6b). 


presence of more than one slip system persisted until 
the amplitude was reduced below 0.004 for orientation 


1 and below 0.001 for orientation 7; the slip lines 
became progressively less prominent as the strain 
amplitude was reduced but their spacing did not 
obviously change. For both these orientations, only 
one set of very faint slip lines could be seen at 
amplitude 0.0001 (Fig. Ge). 


secondary slip below a certain strain amplitude is 


The disappearance of 


correlated with the striking lowering of the work- 
hardening curve mentioned previously. 

For orientations 2, 3, 5 and 8, the clustering of the 
primary slip in tensile specimens was slight (orienta- 
tion 2, Fig. 7a) or absent (orientations 3.5 and 8): the 
secondary slip was uniformly distributed for orienta- 
tion 2 but occurred in bands for orientations 3, 5 and 8. 
In the alternating straining tests no secondary slip was 
observed at any amplitude for these orientations, and 
the primary slip was always uniformly distributed 
(Fig. 7b and Fig. 7c). With decreasing amplitude, 
the slip lines became less prominent until they were 
scarcely discernible at the lowest amplitude, but their 
spacing did not obviously change. 

For orientation 4, tensile specimens showed bands 
of secondary slip but the primary slip was not 
markedly clustered (Fig. 8a). In alternating straining 
tests, secondary slip was observed at amplitude 0.02 
(Fig. 8b); there was also another set of secondary slip 
lines in one part of the specimen that gave the highest 
hardening curve at amplitude 0.0083. The other 
specimens tested at amplitude 0.0083 and all speci- 
mens tested at lower amplitudes showed only uniform 
primary slip, the prominence of which diminished as 
the amplitude decreased (Fig. 8c). 
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For orientation 6, tensile specimens showed duplex 
slip, with some clustering of the main set of slip lines. 


Duplex slip also occurred in specimens subjected to 


alternating straining at amplitude 0.02. At amplitudes 
0.0083 and 0.004, duplex slip was observed in the 
the other 
specimens tested at these amplitudes and all speci- 


specimens giving high hardening rates: 


mens tested at lower amplitudes showed only primary 
slip, which was fainter for smaller amplitudes. 

Thus for orientations 4 and 6, the variable behaviour 
at the intermediate amplitudes can be correlated with 
a variation in slip pattern, a high work-hardening 
curve being associated with the appearance of marked 


secondary slip. 


(e) X-ray observations 

A Laue X-ray photograph was taken for each 
specimen after testing, using a simple back-reflection 
technique with a film-to-specimen distance of 3 em. 
The usual asterism of Laue spots was present after 
tensile testing, but no asterism was observed after 
alternating straining, even at amplitude 0.02. 

The appearance of well-defined Kossel lines in Laue 
photographs in certain cases after alternating strain- 
ing has been discussed in the previous paper.©) In the 
present work, Kossel lines have been observed for 
specimens tested in tension and in alternating strain- 
ing at the larger amplitudes (see curves marked with 
asterisks in Figs. 2-4). 

The Kossel lines were clearest after alternating 
straining of specimens of orientations | and 7 (near 
[111] and [100] respectively) at amplitudes for which 
the hardening rate was very high; they were not 
observed at amplitude 0.0001 for these orientations. 
Similarly for other orientations, Kossel lines were 
observed in both tensile and alternating straining 
when the hardening rate was fairly high (such that the 
stress was raised above about 1500 g mm? in the 
course of the test) but they were otherwise absent. 


(f) Tests on polycrystalline copper 

For comparison, tensile and alternating-straining 
tests were also made on polycrystalline copper. The 
specimen dimensions and material were the same as 
for the single crystals. The specimens were prepared 
by annealing the drawn wire in a vacuum at 900°C 
and had a grain size of about 0.2 mm. X-ray photo- 
graphs showed no appreciable preferred orientation 
in the specimens. The testing procedure was the 
same as for the single crystals. 

The axial normal strain amplitudes were chosen to 
be equal to 0.435 times the resolved shear strain 
amplitudes used in the single crystal tests; this is 
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Fic. 6. Photomicrographs of specimens of orientation | after straining. 
< 200. (a) Tensile; (b) alternating straining, amplitude 0.02; 
(c) alternating straining, amplitude 0.0001, 


4 
. 
~— 
(a) 
‘ 
VOT . - 
8 
1960 
— 
= 
% 
2 


ACTA METALLURGICA, VOL. 


Fic, 7. Photomicrographs of specimens of orientation 2 after straining. 
I age 
<200. (a) Tensile; (b) alternating straining, amplitude 0.02; 
(c) alternating straining, amplitude 0.0001, 
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Photomicrographs of specimens of orientation 4 after straining, 


200. (a) Tensile; (b) alternating straining, amplitude 0.02; 


(c) alternating straining, amplitude 0.0001, 
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equivalent to using the average of the ratios of axial 
normal strain to resolved shear strain for all orienta- 
In addition, an 
equal to 0.435 
times the axial normal stress, has been plotted. 

The results of the tests are given in Fig. 9, and the 


tions in the stereographic triangle. 
“equivalent resolved shear stress’, 


same curves have also been included in Fig. 4(a)—(d). 


A departure from elastic behaviour is already dis- 


cernible at an ‘equivalent resolved shear stress” of 


2 


about 30 g mm~?, which corresponds approximately 
to the average critical shear stress for the single 
crystals. 

The work-hardening rate in alternating straining 
does not depart markedly from that in tension until 
the amplitude is decreased below about 0.004. Further 
decrease of amplitude is accompanied by a marked 
lowering of the hardening curve. This behaviour is 
closely similar to that shown by single crystals of 
orientations near {100} and [111]. The hardening 
curve at the smallest amplitude is about twice as 
high as that for single crystals. However, it is not 
clear whether this difference can be wholly ascribed 
to the influence of grain boundaries because of the 
uncertainty associated with the use of an “equivalent 
orientation 

Secondary slip was only observed in some grains in 
the specimens deformed at amplitudes greater than 
0.004. At the smaller amplitudes, slip became very 
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faint and was only seen in a few grains at amplitudes 
0.001 and 0.0001. 

The present results agree approximately with those 
of Wood and Segall'® and Dugdale™ at comparable 
amplitudes but extend to lower amplitudes at which 
the work hardening is much less. On the other hand 
these workers have shown that for the larger amplitudes 
the rate of work hardening also becomes very small 
at cumulative strains several times greater than those 
studied here. 


(g) Summary of results 

For copper crystals subjected to alternating tension 
and compression, the curve of peak stress vs. cumu- 
lative strain always falls below the tensile curve and 
is lower the smaller the plastic strain amplitude. The 
details of this trend vary with orientation as follows: 

(1) For the orientations near {111] and [100], the 
hardening curve remains steep down to an amplitude 
of about 0.001, at which there is a sudden transition 
to a very low hardening rate. 

(2) For the orientations near [110] and the mid- 
point of the [110]-[111] boundary, the hardening 
curve at amplitude 0.02 is already appreciably below 
the tensile curve, and there is a regular lowering with 
amplitude. 

(3) For the orientations near the midpoints of the 
[LOO|-{111] and boundaries and in the 
middle of the stereographic triangle, there is an up- 
ward inflection in the hardening curves obtained at 
large amplitudes: at lower amplitudes the inflexion 
is absent. 

(4) At the lowest amplitude (0.0001), all orienta- 
tions give a similar low hardening rate, about an 
order of magnitude less than that in the easy glide 
stage in tensile tests. 

Appreciable amounts of secondary slip are generally 
observed on specimens tested at amplitudes for which 
high hardening rates occur. Otherwise, only primary 
this 
decreases in prominence but does not appear to change 
markedly in spacing as the amplitude is decreased. 
similarly in 


slip is observed after alternating straining; 


Polycrystalline specimens behave 
alternating straining to single crystals oriented near 
[100] or {111}. 

No work softening was observed in three experi- 
ments in which the strain amplitude was changed 


from a large to a small value during testing. 


DISCUSSION 
1. Reversibility of plastic deformation 


Taking the plot of peak stress versus total absolute 
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strain as a measure of the work hardening in alternat- 
ing straining, we find that this hardening is always less 
than for unidirectional straining. Thus, during 
alternating straining, an appreciable fraction of the 
normal hardening either does not develop or is 
reversible (cf. Bauschinger effect). This fraction 
increases with decreasing plastic-strain amplitude, in 
a way that depends strongly on orientation. Thus it 
may be concluded that there is an appreciable 
reversibility of the deformation process, which becomes 
more important at smaller strain amplitudes. 

The fact that slip lines develop during alternating 
straining indicates that the slip occurring during 
reverse half-cycles is not entirely a reversal of that 
occurring in forward half-cycles. This is already 
well-known from fatigue studies and suggests that 
slip has a ratchet-like property. Thus, since the 
resultant macroscopic strain is zero, the resultant 
slip will be of one sense in some places and of the 
opposite sense in others, giving rise to an oscillation 
in the resultant plastic strain on the microscopic 
scale. As the strain amplitude is decreased, the 
diminishing prominence of the slip lines suggests that 
these oscillations of local strain become smaller, 
probably due to a greater reversibility of slip at 
smaller amplitudes (the ratchet-mechanism being less 
effective): however, definite conclusions cannot be 
drawn from surface observations alone, since the 
amount of slip may vary within a slip plane in a way 
that depends on amplitude. 

For single strain reversals, Buckley and Entwistle(* 
have shown that the ratio of Bauschinger strain to 
prestrain increases as the prestrain decreases, which 


suggests that there is an increased reversibility of 


deformation at smaller prestrains. This is probably 
closely related to the present observations. However, 
Buckley and Entwistle have not published data from 
which conclusions about the influence of orientation 
can be drawn. 


2. Hardening processes 

The variation in behaviour with orientation of the 
copper crystals suggests that more than one hardening 
process is involved in alternating straining. In the 
following discussion we shall attempt to show that 
the main features of the results can be accounted for 
in terms of two hardening processes, which we shall 
call the “basic hardening process”’ (cf. Seeger") and 
the “rapid hardening process’’. 

The basic hardening process is distinguished by a 


very low rate of work hardening. It is assumed to be 
alone effective at low amplitudes for all orientations, 
and in the stage preceding the upward inflexion in 


the hardening curves at larger amplitudes for orienta- 
tions 3, 4, 5 and 6. Slip on only one set of planes is 
visible in all these cases. 

For orientations 2 and 8 near the [110}-{I11] 
boundary, the basic hardening process also probably 
predominates at larger amplitudes, since the harden- 
ing curves are of similar, simple shape (although no 
longer linear) to those at the lower amplitudes and 
still only single slip is visible. However, the increase 
of hardening rate with amplitude is accentuated for 
these orientations. This suggests that slip in different 
directions on the primary plane is mutually hindering 
in some degree. However, it is not clear whether this 
is an essential part of the basic hardening mechanism 
or an additional factor. 

The rapid hardening process predominates for 
orientations | and 7 at amplitudes above about 0.001 
and for orientations 3, 4, 5 and 6 at large amplitudes 
after the upward inflexion has appeared in the 
hardening curve. Since secondary slip is visible in 
these cases (except for orientations 3 and 5) it seems 
that, in the rapid hardening process, slip on secondary 
planes has a marked obstructing effect on slip on the 
primary plane (cf. stages Il and III of the tensile 
curve). Also in the rapid hardening process, the 
ratchet-mechanism in the slip seems to be especially 
effective since the slip lines are always fairly prominent. 

There is evidence, therefore, that an important 
distinction between the rapid and basic hardening 
processes is whether or not there is yielding on 
secondary slip planes, evidenced by microscopically- 
visible secondary slip. This yielding will involve the 
movement (partly ratchet-like) of considerable num- 
bers of dislocations, as contrasted to limited activity 
at stresses below the vield stress. In other words, 
during the basic hardening process the latent harden- 
ing on secondary planes maintains the yield stress in 
these above the actual resolved shear stress; when 
this condition no longer holds, rapid hardening begins. 

An attempt to represent some possible situations 
for different orientations is made in Fig. 10(a) and 
(b). The curve A represents the basic hardening on 
the primary plane while curve B represents the latent 
hardening on the most-favoured secondary plane. 
The stress on the secondary plane (curve C) will be 
a constant fraction of the stress on the primary plane 
(curve A), since the orientation is unchanged during 
alternating straining. Yielding on the secondary 
plane will occur when curve C intersects curve B. 

Figure 10(a) depicts situations in which the yielding 
on the secondary plane will not occur and in which 
therefore only the basic hardening process will be 
observed. This may arise due to the orientation being 
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Cumulative glide 


Cumulotive glide 


Fic. 10. Schematic representation of conditions in 
(a) basic hardening, (b) the incidence of rapid hardening. 


such that the ratio of the resolved shear stresses in 
secondary and primary planes is considerably less than 
unity (as illustrated), or that the curves are all nearly 
horizontal. The former situation could be expected 
for orientations far from the [100]-[111] and [100]- 
[110] boundaries, and the latter for all orientations at 
the minimum amplitude. 

Figure 10(b) shows how an upward inflexion can 
arise due to yielding on the secondary plane at point 
X. This is most likely to occur when the ratio of 
curves C and A is near unity, as for orientations near 
the [100}-{111] and {[100}-{110] boundaries. Moreover, 
in these cases, the sensitivity of the position of the 
point of intersection X to slight changes in slope of 
the curves might explain the variability that is 
observed at the larger amplitudes for some of these 
orientations. For orientations | and 7, the point X 
is presumably passed in the first half-cycle (except at 
vary small amplitudes); these orientations therefore 
show rapid hardening from the beginning. 

The absence of a doubly-inflected hardening curve 
at intermediate amplitudes for orientations 1 and 7, 
and the dissimilar behaviour of orientations 2 and 4 
(which should have about the same ratio of curves 
C to A) are not readily explained. However, in these 
cases, slip in the second direction in the primary 
plane may be appreciably influencing the slope of 
curve B. 


1960 


3. Relation to current dislocation theories 

The partial reversibility of slip and the diminution 
of work hardening with strain amplitude are the chief 
aspects of alternating deformation to be explained 
by dislocation theory. In this section we will point 
out where our experiments may bear on current 
theories. 

The development of microscopically-visible slip is 
generally believed to involve the generation of 
dislocations, e.g. by the Frank—Read mechanism. 
Without restrictive conditions, however, the Frank- 
Read mechanism is completely reversible, the dis- 
location loops either collapsing or being annihilated 
by loops produced in the opposite half-cycles. In 
order to explain the “‘ratchet-mechanism” in slip, 
one must assume some additional factor that can 
cause operation of a Frank—Read source in a preferred 
direction. Mott") has discussed several possibilities 
for this. 

In the basic hardening process, the mechanism is 
probably similar to that in stage I (easy glide) of 


tensile tests; its nature is equally obscure except for 


the suggestion that slip in two directions in the pri- 
mary slip plane may be important, at least in an 
auxiliary role. We shall therefore only discuss here 
the rapid hardening process, considering the relevance 
of the two main theories of the hardening in stage IT 
of tensile tests, viz. the theories of interaction and 
intersection hardening. 

Interaction hardening"®®) involves the long-range 
hindering of the motion of dislocations by elastic 
strain fields around immobile distortion centres, 
usually considered to be Lomer—Cottrell locks. Inter- 
action hardening might therefore plausibly explain 
the rapid hardening process since yielding in a suitable 
secondary system could greatly increase the possi- 
bility of Lomer—Cottrell reactions, and the dependence 
on orientation could be explained in the way discussed 
by Clarebrough and Hargreaves". However, what- 
ever the nature of the immobile distortion centres, 
the requirement here is that most of them should not 
be dispersed when the direction of straining is 
reversed. In this respect, the effectiveness of Lomer— 
Cottrell locks is doubtful, for it may not be difficult to 
reverse the reaction, especially if dislocations of 
opposite sign to the original reacting dislocations are 
moved in when the direction of straining is reversed. 

In intersection hardening,“*®:? the resistance to 
further strain arises from the short-range forces 
hindering the dislocations from cutting through the 
““forest’’ of dislocations in intersecting planes. This 
hypothesis has been preferred recently by some 
writers'??.?3) for explaining stage II of the tensile 
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curve. It is also more attractive in some respects for 
explaining the rapid hardening stage in alternating 
deformation. Thus, when yielding occurs on second- 
ary planes, rapid hardening will result from the 
rapid increase in the forest density. Moreover, the 
hardening could be expected to persist to a large 
extent when the direction of straining is reversed, 
since the complicated sequence of intersection, jog 
movement, etc., is unlikely to be preserved in reverse. 
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THE CONTRIBUTION OF PRECIPITATION TO STRAIN AGEING 
IN LOW CARBON STEELS* 


D. V. WILSON*+ and B. RUSSELL? 


At first strain ageing in a low carbon steel is concerned with atmosphere locking of dislocations, but 
mechanical tests have shown that solute segregation beyond this first stage increases strength by a form 


of precipitation hardening. A comparison of the change in lower yield stress AY and in electrical 


resistivity during strain ageing shows that there is a sudden decrease in the effectiveness of solute 
segregation, in further increasing AY, at the end of the first stage. Estimates based on the Cottrell— 
Bilby equation'*) suggest that this occurs at dislocation atmosphere densities not greatly in excess of one 
atom per atom plane. 

Segregates formed just beyond the completion of atmosphere locking disperse rapidly on re-straining 
and ageing, and are probably solute clusters. Continued ageing gives more stable precipitates, probably 
along the dislocations, but an electron microscopical examination has shown that, at ageing temperatures 
of 60°C or less, these remain extremely small. 

The increase in AY during the early stages of precipitation is approximately proportional to the 
number of solute atoms segregating to unit length of dislocation, and is insensitive to the dislocation 
density L. But at higher segregate concentrations (~3-—10 times that required for atmosphere locking) 
continued segregation is less effective in increasing AY, also AY tends to increase with L. The increment 
in strain hardening capacity due to precipitation is sensitive to the amount of prestrain, and appears to 
be approximately proportional to L4/2, Assuming precipitation is on dislocations, this agrees with the 


relationship suggested by Fisher et a/.“°. 


EFFET DE LA PRECIPITATION SUR LE VIEILLISSEMENT DE DEFORMATION DES 
ACIERS A BAS CARBONE 

En premiére approximation, le vieillissement de déformation d'un acier a bas carbone s'explique par la 
formation d’atmosphéres autour des dislocations. Cependant, les essais mécaniques ont montré qu'une 
ségrégation d’atomes dissous au-dela de ce premier stade accroitra la résistance par une sorte de 
durcissement de précipitation. Une comparison entre la variation de la limite élastique inférieure AY et 
résistivité électrique au cours du vieillissement de déformation, montre qu'il apparait une diminution 
soudaine de l’action de la ségregation des atomes dissous a la fin du premier stade. Des estimations qui 
s'appuient sur léquation de Cottrell-Bilby permettent de suggérer que cet effet apparait our des 


densités de dislocations d’atmosphéres qui ne dépassent pas un atome par plan atomique. 

Les ségrégats qui se forment lorsque latmosphére est compléte, se dispersent rapidement au cours de la 
déformation et du vieillissement. Ils forment probablement des amas d’atomes dissous. Lorsque le 
vieillissement se poursuit, ils produisent des précipités plus stables, vraisemblablement le long des 
dislocations. Des examens au microscope électronique ont montré que pour des températures de 
vieillissement de 60°C ou moins, ces précipités demeurent extrémement petits. L’accroissement de AY 
au cours des premiers stades de précipitation est & peu prés proportionnel au nombre d’atomes dissous 
qui ségrégent par unité de longueur de la dislocation. Il est indépendant de la densité de dislocation L. 
Par contre, pour des concentrations en atomes ségrégés plus élevées (3 a 10 fois les concentrations 
nécessaires pour la formation des atmosphéres’’), laccroissement de AY lorsque la ségrégation se 
poursuit, est moins accentué, Dans ce cas, AY montre une tendance a croitre également avec L. 
L’augmentation de la capacité de durcissement de déformation, par suite de cette précipitation, dépend 
de l'importance de la déformation initiale. Elle est sensiblement proportionnelle & L*’*?. En admettant 
que la précipitation se produit sur les dislocations, ce résultat est en accord avec la relation proposée par 


Fisher et ses collaborateurs'!®?, 


DER BEITRAG DER AUSSCHEIDUNG ZUR VERFORMUNGSALTERUNG 
KOHLENSTOFFARMER STAHLE 

Die Verformungsalterung eines kohlenstoffarmen Stahles hangt zunachst mit der Festlegung von 
Versetzungen durch Cottrell-Atmospharen zusammen, Verformungsversuche haben jedoch ergeben, 
daB die Ausscheidung von gelésten Stoffen iiber dies erste Stadium hinaus die Harte durch eine Art 
Ausscheidungshartung vergréBert. Ein Vergleich der Anderung der unteren Streckgrenze AY und des 
Widerstandes wahrend der Verformungsalterung zeigt, daB der EinfluB der Ausscheidung der Zusatze 
auf AY, der zueiner Erhéhung fiihrt, am Ende dieses ersten Stadiums pl6tzlich abnimmt. Abschatzungen 
auf Grund der Cottrell-Bilby—Gleichung'*) zeigen, daB dies bei einer Dichte der Atmosphare geschieht, 
die wenig gréBer ist als ein Atom pro Netzebene. 

Ausscheidungen, die unmittelbar nach Vervollstandigung der Blockierung durch die Atmospharen 
entstehen, lésen sich bei Neu-Verformung und Alterung rasch auf und sind wahrscheinlich Zusammen- 
ballungen der gelésten Atome. Setzt man die Alterung fort, so entstehen stabilere Ausscheidungen, 
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wahrscheinlich entlang den Versetzungen, aber elektronenmikroskopische Untersuchung zeigt, daB sie 


AND STRAIN AGEING 460 


bei Alterungstemperaturen unterhalb 60°C aéuBerst klein bleiben. 
Die Zunahme von AY ist in den friihen Stadien der Ausscheidung genahert proportional der Zahl der 
Zusatzatome, die sich pro Langeneinheit der Versetzung ausscheiden, und hangt nicht von der Verset- 


zungsdichte L ab. 


Wenn mehr ausgeschieden ist (3-10 mal so viel wie zur Blockierung durch Atmos- 


pharenbildung nétig ist), wird durch weitere Ausscheidung AY nicht mehr so stark erhént; AY beginnt 


auch mit L zuzunehmen. 


Die Hartezunahme, die infolge der Ausscheidung bei Verformung erreicht 


werden kann, hangt von der Vorverformung ab und scheint genahert proportional zu L°/? zu sein, Dies 
stimmt mit der von Fisher et al." vorgeschlagenen Beziehung iiberein, wenn man annimmt, daB die 


Ausscheidung an den Versetzungen stattfindet. 


1. INTRODUCTION 

There have been numerous experimental investi- 
gations of strain ageing in z-iron, based either on the 
measurement of changes in a physical property such 
as internal friction or on the changes in mechanical 
properties, although attempts to combine the two 
Both 
tvpes of experiment give evidence that segregation of 


approaches in a single investigation are rare. 


carbon and nitrogen to dislocations can continue 
beyond atmosphere formation to a form of precipi- 
tation.) 

Some features of the kinetics of the precipitation 
stage of strain ageing are still in dispute. Several 


investigators have observed  time—transformation 
relationships for the later stages of ageing in good 
agreement with Harper's modification of the Cottrell 
Bilby equation, which considers segregation to be 
induced by the fields 


More recently, however, Doremus™ has shown that 


stress of dislocations... 
diffusion to carbide precipitates in deformed iron, at 
least for ageing temperatures above about 60°C, is 
probably controlled by solute concentration gradients 
set up round the precipitates. 

Interpretation of results for initial rates of ageing is 
not complicated by the necessity of allowing for the 
effects of impingement of diffusion fields or concentra- 
tion differences, and there is rather general agree- 
ment"!.2.5.6 that segregation at first follows a (time) 
t?/3 law, as predicted by Cottrell and Bilby®’. Thomas 
and Leak. using internal friction measurements, found 
that a ¢?/3 law was followed quite closely up to about 
half-completion of ageing in specimens containing up 
to 0.015 wt.°, which 
prestrained 7 per cent and aged at temperatures up to 
about 60°C. 

Surprisingly, the changes in yield strength and 


carbon or nitrogen, were 


hardness due to strain ageing follow a similar pat- 
tern.(2.8.9 Typically the first third or half of the 
increase in strength follows a ¢?’3 law quite closely and 
beyond this the rate diminishes rapidly. This observa- 
tion has led some investigators to assume that the 
change in strength is approximately proportional to 
the amount of solute segregating throughout the 


ageing process. 


The Cottrell-Bilby equation may be written: 
A Dt\ 

2? 


kT 
is the fraction of the total dissolved solute 


1/3 
n(t) 


(1) 


nit 
Where 


"o 
migrating to dislocations in time ¢ at a temperature 7’, 
D is the diffusion coefficient and A the interaction 
parameter, which has been estimated in the range 1.4 
to 3.0» 
A useful property of this equation is that it provides 


10-29 dyn em? for carbon and nitrogen in iron. 


a simple means for estimating the dislocation density 
L from experimental observations of the initial rate 
of strain ageing: hence atmosphere densities at 
different stages of ageing may also be derived. Using 


internal friction measurements on specimens contain- 


ing more than 0.01 wt.°,, solute which have been 
prestrained less than about 10 per cent, typical 
estimates’ suggest that between ten and_ fifty 


solute atoms have segregated to each atomic plane 
along the dislocations at the completion of ageing. 
If these results are accepted, it must be concluded 
that a ¢°3 law is followed beyond the completion of 
atmosphere locking. Mechanical tests, which give 
evidence of precipitation in the later stages of ageing 
with similar specimens, provide support for the idea 
that high 


assumption that the increase in strength is approxi- 


“atmosphere” densities develop, but any 


mately proportional to the amount of solute segrega- 
ting throughout ageing raises a serious difficulty. 
It is unlikely that segregating solute can continue to 
be so effective in raising the yield strength once the 
sites of strong interaction are all occupied. 
Mechanical tests provide a means of separating the 
contributions of atmosphere locking and of precipi- 
tation to the rise in yield stress in strain ageing.’ 
Factors contributing to the lower vield stress o, can 
be represented in an expression of the form: 
(2) 


u u 


Here o, represents resistance to the movement of 


free dislocations. d depends on grain size, and is 


expected to remain constant in a given specimen 


during strain ageing. k, provides a measure of the 


470 
strength of dislocation pinning: thus atmosphere 
formation affects o, by increasing k,. Segregation 
beyond the completion of atmosphere locking is 
observed to have little effect on k,, but continues to 
raise o, by increasing o,. 

This paper is concerned with an exploration of the 
precipitation stages of strain ageing, based principally 
on mechanical properties, but some electrical resis- 
tivity measurements have also been used to estimate 


the amounts of solute involved at various stages of 


ageing. 

In an earlier paper it was shown that properties 
related to atmosphere locking, such as vield stress and 
Luders strain, depend on grain size. Typical results, 
for a slowly cooled steel prestrained 4 per cent, are 
reproduced in Fig. 1, to allow comparison with results 
for the corresponding changes in ultimate tensile 
strength. work hardening coefficient and elongation 
to fracture. These last three properties provide 
mechanical evidence of precipitation in strain ageing. 
Evidently grain size has no important influence on 
the contributions of precipitation to the changes in 
The most interesting variables affecting 
the 
density. 


properties. 


behaviour dissolved solute 
the 


attention has been given to these in the present 


precipitation are 


content and dislocation Particular 


investigation. 


2. EXPERIMENTAL METHODS 
A high quality commercial steel of the following 
composition in wt. °,, was used throughout: 


Si 0.008: S 0.017: 
Al 0.001. 


Mn 0.40: 
Sn 0.01: 


N 0.0042: 
Ni 0.06: Cu 0.07: 


C 0.038: 
P 0.008: 


This steel was the same as that used in the earlier 
the 
solute content, prepared by decarburizing in wet 


investigations.‘ as was material of reduced 

hydrogen. Methods of preparing the test pieces and 

of tensile testing. (using a strain rate of 10-4 sec~!), 

were also the same as those described previously. 

Generally accelerated ageing was carried out at 60°C 
1°C in an oil bath. 

Steel of three different grain sizes was used in the 
first experiment (Fig. 1), but subsequently material 
of a single grain size (200 — 20 grains per mm?) was 
used for most of the mechanical tests. 

The apparatus and method used for electrical 
resistivity measurements was similar in principle to 
that described by Cottrell and Churchman". The 
standard and test-specimen wires, both of 0.035 in. 
diameter and approximately 10 ft long, were wound 
side by side on a flexible former which was immersed 


in a thermostatically controlled oil bath. Using a 


ACTA METALLURGICA, 


VOL. 8, 1960 


potentiometer reading to 0.1 wV, the dimensions of 
the wires permitted sufficient sensitivity with a 
current of 20mA flowing. The standard wire was 
prestrained 4 per cent and then aged for 5 104 min 
at 60°C and a further week at room temperature 
before the experiments. The test specimens were 
stretched and assembled sufficiently rapidly to allow 
readings to start within 15 min of stretching. 


3. RESULTS 

Effects of grain size 

Figure 1 summarizes mechanical test results 
obtained with material of three different grain sizes. 
All the test pieces used in this experiment were furnace 
cooled to 200°C, maintained at this temperature for 
2000 min, and then water quenched, after which they 
were prestrained 4 per cent and aged at 60°C for times 
indicated in the figure. With this preliminary heat 
treatment strain ageing would be due almost entirely 
to dissolved nitrogen (= 0.004 wt.°,). 

With this low solute content the contributions of 


atmosphere locking and of precipitation, to the rise in 
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Fic. 1. Effect of grain size on changes in mechanical 
properties due to strain ageing. Specimens quenched 
from 200°C and prestrained 4 per cent. Grain size in 

grains/mm?: (1), 50; (2), 195; (5), 1850. 
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yield stress in fully aged specimens, were of com- 
parable magnitudes, (a behaviour similar to that 
shown by commercially annealed steels). It is note- 
worthy that changes in ultimate tensile strength, 
work hardening and ductility developed only after 
about 100 min ageing at 60°C, while the development 
of Luders strain suggested that atmosphere locking 
was completed after about 35 min ageing. 
Effects of variations in dissolved solute 

Figure 2 illustrates the development of the changes 
in mechanical properties with ageing time in four 
groups of specimens having rather widely different 
dissolved solute contents, all of which were prestrained 
4 per cent before ageing. Specimens of group 1 were 
water quenched from 600°C before prestraining, those 
of group 2 were furnace cooled to 200°C, held at this 
temperature for 2000 min and then water quenched. 
Groups 3 and 4 were treated in wet hydrogen at 800°C 
for 8 and 13 hr respectively and quenched from 500°C. 
Equilibrium solubility data shows that group | 
specimens would start with about 0.014 wt.°,, dis- 
solved solute (approximately 0.01 carbon and 0.004 
nitrogen). The available solute contents of the other 
groups were estimated from the changes in electrical 
104 min at 60°C). 
Assuming that the resistivity change due to the 


resistivity due to full ageing (2 


segregation of nitrogen is about 1.3 times that due to 
carbon, these results suggested that 0.0022 wt.°,, 
(nitrogen) segregated in group 2 specimens, while in 
groups 3 and 4 the values were approximately 0.0005 
and less than 0.0002 wt.°,, (carbon) respectively. 
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Fic. 2. Effect of dissolved solute content on changes 

in lower yield stress AY, ultimate tensile strength AU 

and Luders strain, due to strain ageing after 4 per cent 

prestrain. Estimated available solute in wt.°9: Group 

(1) curves, 0.014; group (2), 0.0022; group (3), 
0.0002, 
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It has been suggested that Luders strain increases 
appreciably only during atmosphere formation, and 
that the value of Luders strain in fully aged specimens 
is therefore insensitive to the solute content, provided 
it exceeds the small amount required to complete 
ry 
rhe 


illustrate this clearly. Evidently specimens in groups 


atmosphere locking.‘ results in Fig. 2(b) 
1 to 3 contained enough solute to complete locking 
while group 4 specimens did not. (However, the very 
the 


Luders strain in groups | to 3 is probably partly 


close agreement between maximum values of 
fortuitous, since the rate of work hardening is influ- 
enced by the dissolved solute content.) 

Identification of the times taken to complete 
atmosphere locking in groups | to 3 from the results 
for Luders strain shows that the increase in yield 
stress AY was at this stage rather similar with each 
group of specimens (Fig. 2a). Beyond this first stage 
of ageing further rises in AY are ascribed to the 
effects of solute cluster formation or precipitation. 
This further rise was negligible in group 3 specimens, 
but it became the dominant contribution to AY in 
the later stages of ageing in the case of specimens 
quenched from 600°C. Only specimens of groups | 
and 2 showed a rise in ultimate tensile strength due 
to ageing: evidently specimens of group 3 were of a 
critical composition, sufficient to complete atmosphere 
but the 
stable precipitates. 


locking insufficient to allow formation of 


Relation of changes in yield strength to solute segregation 

Considered together, the results in Fig. 2 show that 
solute segregating to form atmospheres is a good deal 
more effective in raising the yield stress than is that 
which forms precipitates, also, in the precipitation 
stage, the solute becomes less effective as precipitation 
develops. To gain a more quantitative picture of the 
AY the 


segregating. tensile and resistivity test pieces were 


relation between and amounts of solute 
prepared in the form of wires of 0.035 in. diameter. 
These allowed a comparison of the changes in electrical 
resistivity and mechanical properties to be made in 
specimens of identical history. Three different 
batches of wire were made having the same thermal 
pretreatments as the specimens of groups | to 3 used 
in the previous experiment (Fig. 2). The wires were 
stretched 4 per cent and were aged at 20°C for 3 weeks, 
so that the early stages of ageing could be followed in 
detail. 
heating at 60°C for a total of 2 

Results obtained with specimens furnace cooled 
from 700 to 200°C, held at this temperature for 2000 


min, water quenched and finally stretched 4.2 per 


Finally, however, ageing was completed by 
104 min. 
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Fic. 3. Fractional changes in lower vield stress and 
resistivity as a function of (Dt/T)?* for specimens 
quenched from 200°C and prestrained 4 per cent. 
Values of AY obtained 
with the wire specimens proved to be insufficiently 


cent are plotted in Fig. 3. 


accurate, but averaged values did not appear to 
differ significantly from those obtained with large 
test pieces and results with the latter have been used 
in Fig. 3. It is immediately apparent that the formal 
resemblance between the variations of strength and 
of resistivity with ageing time is partly fortuitous. 
Although both followed a ¢*’3 law quite closely up to 
about half completion of the measured change. in 
fact the rise in vield stress ceased to follow this law 
when less than a third of the total solute had segrega- 
ted. The ageing time at which AY departed from its 
linear relationship with f?? was apparently identical 
with the time required to achieve an approximately 
constant value of Luders strain. Thus the resistivity 
results support the view that segregation of solute 
continues to follow the (3 law beyond the completion 
of atmosphere locking. The rather sudden change in 
the effectiveness of the solute in raising the vield 
stress at this critical point, (Fig. 4), provides a 
method of estimating the time required to complete 
atmosphere locking which is independent of measure- 
ments of Luders strain. 

600°C 


showed similar features. The resistivity change again 


fesults with specimens quenched from 
followed a ¢t?’3 law beyond the completion of atmo- 
sphere locking and almost up to the ageing times at 
which the first rise in ultimate tensile strength was 
detected. In this case AY reached about 0.45 of its 
maximum value at its point of departure from a linear 
relationship with /?%, but the resistivity results 
suggested that only about one tenth of the total solute 
had segregated at this stage. 


If equation (1) accurately describes the process of 


solute segretation during periods in which the (73 law 
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is obeyed, then the amounts of solute segregating to a 
unit length of dislocation in a given time within these 
periods can be derived at once. It follows, once it has 
been established that the f3 law holds beyond the 
completion of atmosphere locking. that the atmosphere 
densities required to complete locking can be derived 
directly from tensile test results, without reference to 
estimates of the dislocation densities. Atmosphere 
densities for locking derived in this way, using the 
ageing times required to reach an approximately 
constant value of Luders strain (Fig. 2) and the quoted 
estimates of initial solute concentrations, are given in 
Table 1. 

Estimates of dislocation densities and of atmosphere 
densities at different stages of ageing, made using the 
resistivity measurements to evaluate n(f)/m,_ in 
equation (1) in the usual way, are also given in 
Table 1. dyn cm? for the 
interaction parameter A and of 2.4 A for the mean 


Values of 1.5 


atomic spacing along the dislocations were assumed 
Values for the diffusion coeffi- 
(11) 


in these calculations. 
cients were taken from Fast and Verrijp’s results. 

It is a disadvantage of the electrical resistivity 
method that the measured change does not remain 
strictly proportional to the numbers of solute atoms 
segregating throughout ageing. In the precipitation 
stage segregation becomes rather more effective in 
reducing resistivity, presumably because the residual 
effects of compact precipitates are less than those of 
atmospheres and early precipitates. The changes in 
internal friction and electrical resistivity have been 
His 
specimens with 0.01 per cent carbon, prestrained 4.8 


compared in detail by Pitsch’. results, for 
per cent and aged at 90°C, suggest that the necessary 
corrections are negligible for present purposes for the 
segregation of up to about 0.005 wt.°,, solute. Thus, 
for the decarburized specimens and those quenched 
from 200°C, it has been assumed that the numbers of 
atoms segregating were directly proportional to the 
resistivity change. Results for specimens quenched 
from 600°C (containing about 0.014 wt.°, solute) 
have been corrected using the results in Pitsch’s Figs. 
5 and 6, (although these may not be precisely applic- 
able due to the difference in ageing temperatures). In 
the case of specimens quenched from 600°C it was also 
necessary to make allowance for the differing diffusion 
coefficients of the two solutes taking part in ageing. 
The method used was the same as that adopted by 
Cottrell and Leak‘). 

As expected, present results (Table 1) for dislocation 
densities and for atmosphere densities at the comple- 
tion of ageing are in reasonable agreement with those 


of earlier investigators. It is interesting, however, 
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Heat treatment 


Available solute (wt.) 


Dislocation density (lines/em?) (4 per 
cent strain) 


“Atmosphere” density at completion 
of ageing (atoms/atom plane) 


Fraction of solute segregated at com- 
pletion of locking (*from Fig. 4.) 


Resistivity 
measurements 


Atmosphere density at completion of 
locking (atoms/atom plane) 


Atmosphere density at first rise in 
tensile strength (atoms/atom plane) 


Time in min to complete locking at 
60°C (from Luders strain) 
Tensile tests 
Atmosphere density at completion of 
locking (atoms/atom plane) 


atmosphere densities at the completion of locking. 
This suggests the calculations of dislocation densities 
hased on equation (1) are not greatly in error. 

The form of the relationship between AY and the 
amount of solute segregating suggested by Fig. 3 is 
plotted directly in Fig. 4, using solute concentrations 
derived from the resistivity measurements on speci- 
mens quenched from 200°C. Results obtained with 
specimens quenched from 600°C are also plotted, 
although these are less certain due to the additional 
assumptions required. We have interpreted the sudden 
change in slope of the yield stress relationships in Fig. 4 
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Fic. 4. Relation between solute segregation and rise 


in yield stress in the early stages of strain ageing. 
Specimen quenching temperatures and estimated 
dislocation densities (in lines/em?), respectively: Curve 
(1), 200°C and 5.1 10'®; curve (2), 600°C and 
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that simple theory also gives reasonable values for 
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Wet hydrogen 
treated for 8 hr, 
quenched from 


Quenched from 
600°C 


Quenched from 
200 


0.014 
(O.OLC 


O0.0022N ~0,0005C 


0.004N) 


1.0 | 5.1 pore ~4 pale 


12.0 


0.10* 0.30* 


as being due to the completion of atmosphere locking. 
Just beyond this stage, the solute is only about one 
third as effective in raising the vield stress as it is in 
the earlier stages of segregation. 

During atmosphere formation the rise in AY in a 
given specimen was proportional to the numbers of 
solute atoms segregating, within the accuracy of the 
measurements. However, specimens of differing 
dislocation densities gave rather similar values for 
AY at the completion of locking. This result suggests 
that the increase in AY during atmosphere formation 
depends on the proportion of the sites allowing strong 
interaction which are occupied (i.e. the atmosphere 
density) rather than on the volumetric concentration 
of the solute involved. 

4 suggest that AY 


beyond the completion of locking are at first also 


Results in Fig. increases in 
almost proportional to the amount of solute segregating 
to unit length of dislocation. In more advanced stages 
of segregation however, the effectiveness of the solute 
in raising AY decreases appreciably (Fig. 2) and, if a 
comparison is made of specimens having differing 
prestrains aged to equivalent stages of precipitation 
(Table 2), it is clear that AY tends to increase with 
dislocation density in the later stages of ageing. 


Evidence of precipitate characteristics 

Direct carbon replicas were prepared from specimens 
electropolished in a perchloric—acetic acid solution. 
Deformed specimens, aged at 60°C and etched in 
dilute nital or picral solutions, generally showed very 
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104 min at 60°C, 
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Fic. 6. 


ACTA METALLURGICA, 


Specimens quenched from 600°C, (a) undeformed and (b) stretched 4 per cent. 
(Etched in 1 per cent nital. 
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Specimens quenched from 400°C, stretched 4 per cent and aged for 104 min at 150°C. (a) shadowed 


1/1, (b) extraction replica, 


numerous rounded or pyramidal mounds. In some 
grains these occurred in short linear arrays or took 
the form of ridges. In 
quenched from 600°C and aged at 60°C for 104 min, 
similar but clearer and less numerous etching features 


undeformed specimens, 


occurred. In a small proportion of the grains these 
took the form of clearly defined lines (Fig. 5a). Their 
appearance is similar to the “continuously decorated” 
dislocations observed by Low and Guard in silicon 
iron,” and it is likely that they represent single 
dislocations which happened to be close to the plane 
of polishing for a part of their lengths. In strained 


and aged specimens the pattern of etching features 
was more confused, but occasionally arrays of closely 
spaced and roughly parallel ridges were seen (Fig. 5b). 
These could also be due to dislocations decorated by 
solute segregation. 

No clear evidence of discrete particles of a new 
precipitate was seen in specimens prestrained 4 per 
cent and aged at 60°C for up to4 104 min, although 
possible evidence of fine structure associated with the 
mounds and ridges was seen towards the end of this 
ageing period. Specimens strained 4 per cent and 


“over-aged”’ by heating at 150°C for 104 min gave 
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much clearer evidence of what appeared to be very 
fine particles of precipitate, apparently predominantly 
associated with the etching mounds and ridges (Fig. 
6a). An attempt to obtain an extraction replica from 
such a specimen proved successful (Fig. 6b). This 
shows fine precipitates, possibly less than 50 A thick 
(~ the effective resolving power of the microscope), 
arranged in compact groups or lines which have a 


spacing approaching 1000 A. These could be derived 


from fine, closely spaced precipitates lying along a 
tangled network of dislocations in the deformed 
grains. 

The observation that metallographic evidence of 
discrete precipitates is confined to ‘‘over-aged”’ 
conditions implies that precipitation in strain-ageing 
below about 100°C is probably on a very fine scale, 
but it remains necessary to rely on mechanical tests 
for useful evidence of the early stages of the trans- 
formation. The segregation of quite small concentra- 
tions of solute beyond that required for atmosphere 
locking is sufficient to cause an appreciable increase in 
strength (Figs. 2 and 4): thus the initial development 
of “precipitation” strengthening may be associated with 
the formation of clusters of solute atoms, probably 
at close intervals along the dislocations. Solute clusters 
and the earliest precipitates may depend on their 
association with dislocations to reduce strain energy, 
and they may tend to redissolve if the dislocations are 
moved away (and new dislocations are generated) in 
subsequent straining. Certainly the repeated straining 
and ageing experiments by Hundy'® suggest that 
some re-solution of precipitates can occur in the 
presence of free dislocations. This approach provides 
a method for exploring the stability of the precipitates 
present at different stages in the ageing process. 

The initial rate of rise in the yield strength of a 
freshly strained specimen gives a sensitive indication 
of the concentration of solute available for strain 
ageing and is rather insensitive to variations in dis- 
location density, (Figs. 2 and 9). Thus, in principle, 
the initial rate of increase in A Y shown by re-strained 
specimens can be used to explore the amount of solute 
removed from solution to form stable precipitates in 
an earlier ageing treatment. Figure 7 summarizes the 
results of such an experiment in which six test pieces 
of a single grain size were prepared by quenching 
from 200°C and stretching 4 per cent before ageing at 
60°C for 0, 30, 100, 400, L000 and 10,000 min respec- 
tively. After these first ageing treatments all the test 
pieces were re-strained 2 per cent and finally aged for 
60 min at 60°C. The values of AY, due to the final 
ageing treatment only, are plotted in Fig. 7 as a 
function of the time of the first ageing treatment. 
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Fic. 7. Rise in yield stress due to a second ageing of 

1 hr at 60°C in specimens previously prestrained 4 per 

cent, aged for the times indicated and then re-strained 
2 per cent. 


These results suggest that the segregates present 
after strain ageing for times up to 400 min at 60°C in 
the first ageing treatment, redissolve rather easily at 
60°C to supply solute to new dislocations. Thus Fig. 3 
suggests that more than 80 per cent of the available 
solute (~ 0.002 wt.°,,) would have segregated to form 
atmospheres and precipitates after 400 min at 60°C, 
yet up to this stage the rate of ageing after the second 
straining was not greatly affected by the earlier 
ageing treatment. However, quantitative conclusions 
cannot be drawn from this result because distribution 
of the solute would be inhomogeneous after the first 
ageing. On the other hand there is clear evidence 
that after first ageing treatments of more than about 
103 min at 60°C a proportion of the solute had formed 
precipitates which did not redissolve rapidly at 60°C. 
Thus specimens aged for 104 min before re-straining 
showed an initial rate of increase of AY on re-ageing 
which was about half of that occurring in a first ageing 
treatment after the same total deformation. 

Even after a first ageing of 104 min at 60°C some 
re-solution of precipitates may have occurred on 
re-straining and ageing. Changes in resistivity are 
expected to be insensitive to the segregation of solute 
which is derived from precipitates during the course 
of ageing. The total change in resistivity in the second 
ageing of a wire, which had previously been stretched 
4 per cent, aged for 104min at 60°C and then re- 
strained 2 per cent, was found to be a little less than 
0.3 of the change in resistivity observed in the first 
ageing of a similar wire which was prestrained 6 per 
cent. (The wires used in these measurements were 
drawn from the untreated steel, as described earlier, 
and were quenched from 200°C before the first 
prestraining. In both cases the change in resistivity 
due to ageing for 104 min at 60°C was measured.) 

When specimens which have previously been strain 
aged sufficiently to precipitate nearly all the dissolved 
solute are re-strained, it is likely that the second ageing 
is concerned almost 


exclusively with reforming 
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Fic. 8. Changes in ductility during a second ageing 
after re-straining. Before re-straining and final ageing, 
the specimens were quenched from 200°C, prestrained 
33 per cent and then aged at 60°C for the following 
times: 0 min; 150 min; 104 min. 


atmospheres. Re-solution of precipitates can be 
involved because the dislocation density is higher 
after the second straining. Fig. 8 shows that ductility 
measurements, made during the course of a second 
ageing. gave little or no evidence of further precipi- 
tation in specimens which had previously been strained 
3) per cent. aged for 10min at 60°C and then 


strained a further 2 per cent before re-ageing. On the 


other hand the fall in ductility in the second ageing of 


specimens which had previously been aged for only 
150 min at 60°C before re-straining was indistinguish- 
able from that observed in a first ageing after the same 


total deformation. 


Effects of variations in prestraining 

Figure 9 gives results showing that a variation of 
prestrain in the range 2-7 percent extension has 
only small effects on the changes in AY in subsequent 
ageing. These tests were all made on test pieces of 
200 — 20 grains/mm?, quenched from 200°C. before 
prestraining. Observations of the ageing times 
required for the growth of Luders strain to an approxi- 
mately constant value, (35 — 5min at 60°C with 
each of the three conditions), suggested that the time 
to complete atmosphere locking was also little affected 
by varying the prestrain in this range. 

The dislocation density would probably be almost 
doubled by increasing the prestrain from 2 to 7 per 
cent. These results therefore support an_ earlier 


Prestrain 


——— 7 &, 


102 105 104 


Ageing time at 60°C, min 


10 


Fic. 9, Effect of prestrains in the range 2-7 per cent 
on the change in lower yield stress due to ageing. 
Specimens of 200 grains/mm?, quenched from 200°C 
before prestraining. 
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Fic. 10. Effect of prestrain on the change in ultimate 
tensile strength due to ageing in specimens quenched 
from 200°C before prestraining. 


conclusion, that the rate of increase in AY during 
atmosphere formation is rather insensitive to dis- 
location density and is principally dependent on the 
amount of solute segregating per dislocation (i.e. the 
atmosphere density). This might be expected if yield 
propagation is concerned with a successive unlocking 
of individual dislocations. 

Luders strain itself is sensitive to the prestrain 
because the initial rate of work hardening in test 


straining is reduced by increasing the amount of 


prestrain. (In the present tests the “limiting value” 
of Luders strain increased from about 0.8 per cent, in 
the case of specimens prestrained 2 per cent, up to 
about 2.0 per cent for specimens prestrained 7 per 
cent.) 

Even in the “precipitation” stages of ageing the 
increases in AY are not very sensitive to variations in 
prestrain, but the results in Fig. 9 suggest that 
increasing the prestrain can give slightly larger values 
of AY in the later stages of ageing. In contrast to its 
small effect on AY, the amount of prestrain has a 
strong effect on the rate of work hardening shown by 
fully aged specimens. In the present tests, for 
example, doubling the amount of prestrain in the 
range 2-7 per cent extension approximately doubled 
the final values of AU’ (Fig. 10). This contrast in the 
effects of prestrain on AY and AU’ has been noted 
previously by Hundy"?. 

It is possible that existing theories of alloy hardening 
can adequately explain the main features of the 
changes in mechanical properties on strain-ageing. 
and the effects of varying prestrain, if we consider a 
model in which the distribution of the segregates is 
controlled by the dislocation network. Writing 
equation (2) in the form; 

o, = 6, + (3) 
where o, represents the unpinning stress and / the 
distance from grain boundary barriers to the nearest 
sources,# jit may be noted that, during atmosphere 
formation, AY increases with o,, while o,; remains 
practically unaffected until atmosphere formation is 
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completed. It follows, if d is independent of the 
prestrain, that in specimens of constant grain size 
which have been aged up to the completion of atmos- 
phere locking, the amount of prestrain should influ- 
ence AY only through its effect on /, which is expected 
to vary with the spacing of the dislocation network. 
This suggests that /'?, hence AY due to atmospheres, 
should vary only slowly with changes in prestrain. 
After the completion of atmosphere locking the 
segregation of a further 0.002 wt.°, solute is sufficient 
to raise the flow stress by about 3000 Ib/in?. Although 
appreciably less effective in raising the yield stress 
than is atmosphere formation, judged as a_precipi- 
tation hardening process the second stage of ageing is 
an efficient means of strengthening. In this respect 
early precipitation behaviour resembles hardening by 


groups of solute atoms or coherent precipitates of 


near critical dispersion. If most of this precipitation 


is on dislocations, the precipitates must form lines of 


very small, closely spaced particles through which 
free dislocations can be forced only with difficulty. 
The mean spacing between such line barriers, however, 
will be several hundred Angstrom units and, with 
respect to the effects of changing the spacing of the 
dislocation network on which precipitation occurs, 
the behaviour of the strain aged material appears 
more closely analogousto that of ““overaged”’ dispersion 
hardened alloys. A moderate change in dispersion 
of such an alloy has a relatively minor effect on the 
vield stress but can alter the strain hardening rate 
appreciably.“ 

The theory of Hart" and Fisher shows 
that. if the separation of the precipitates is sufficient 
to allow dislocations to be forced forward between 
individual particles, and if dislocation loops are left 
behind encircling the particles, then an appreciable 
hardening increment is to be expected on plastic 
straining, due to the back-stresses from the trapped 
loops. In terms of this model, mechanical effects in 
the precipitation stages of ageing can be interpreted 
as consequences of a progressive increase in the 
strength of the precipitates. Segregation just beyond 
the completion of atmosphere locking raises the flow 
without the strain hardening, 
suggesting that free dislocations can be forced through 
the line barriers at a lower applied stress than that 
required for loop formation. After the segregation of 
an amount of solute which is roughly twice that 
required to complete atmosphere locking, however, 
an additional source of work hardening develops and 
this increases progressively, but at a diminishing rate, 


stress increasing 


with further segregation. 
Fisher ef al.(® suggested that the additional 
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STRAIN 


AND 


hardening increment 7,, due to trapped loops, is 


given by 
(4) 


Where G is the rigidity modulus, b the Burgers vector, 
N the mean number of loops encircling a barrier, and 
In the present case r is the diameter 
where L is the number of dislocations in unit area). 
The stress in the precipitates (~(NbG)/r) will increase 
with N during straining until a limiting value is 
reached, depending on the shear strength of the bar- 


K a constant 3. 
of the line barriers and A their mean spacing ( 


riers. In dispersion hardened alloys 7, appears to 
reach its limiting value after between 5 and 15 per 
cent extension. 

Equation (4) predicts that 7, will be inversely 
proportional to A® for precipitates of equal strengths. 
Thus, in strain aged materials, the additional strain 
hardening due to precipitation might be expected to be 
proportional to L** at equivalent stages of ageing. 


Table 2 gives tensile test results, on specimens of 
similar composition and grain size, which were 
prestrained 2, 4 and 15 per cent respectively. The 


test pieces were quenched from 600°C before pre- 
straining to give about 0.014 wt.°,, dissolved solute so 
that, in each case, only a small proportion of the 
available solute was consumed in atmosphere forma- 
tion. Comparison of a number of estimates of dis- 
ageing in iron 


location densities based on strain 


suggests that L is closely proportional to ¢ where 
é is the extension in per cent." This gives the 
estimated ratios of dislocation densities in Table 2. 
Values of AY due to ageing, and of the increase in 
flow stress AF measured at 10 per cent test strain, 
were measured at the completion of atmosphere 
locking and towards the end of ageing, at equivalent 
stages of precipitation in each group of specimens. 
(The values of AF at the completion of locking were 
negligible.) To compare AY and AF values at equal 
precipitate strengths, it was assumed that this would 
occur when equal numbers of solute atoms had 
segregated to unit length of dislocation. Times to 
reach the 
prestrained 2 and 4 per cent, equivalent to that in 


stages of precipitation, in specimens 
specimens strained 15 per cent, and aged for 104 min 
at 60°C, were estimated from the earlier resistivity 
measurements. 
Although the 
insufficient to provide a critical test, the results show 
that AY is insensitive to L (although the increment 
due to precipitation hardening could be inversely 
proportional to the dislocation spacing). On the other 


range of dislocation densities is 
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TABLE 2 
Prestrain (per cent) 15 4 2 


Ratios of dislocation densities. 

assuming L 0.58 0.44 
AY at completion of atmosphere 

locking, lb/in? 10-8 (Values 

at full return of Luders strain). 4.0 4.3 4.1 
Estimated times to reach 

equivalent stages of precipi- 


tation (min at 60°C), 103 10? 


AY at equal precipitate 


strengths. lb/in? 10-3 
(ageing times given above). 10.5 9.4 8.2 


AF at equal precipitate 


strengths, Ib/in? 
(measured at 10°, test strain). 15.9 7.2 3.7 
Ratios of changes in flow stress. 
AP/AF,,°. l 0.45 0.23 
7 
(L/L,,%,)3/? 0.44 0.29 


hand, AF. measured at a test strain of 10 per cent. 
appears to be approximately proportional to L*? at 
equivalent stages of the precipitation process. 

The low ductility of aged specimens which have 
been more heavily prestrained limits the range of 
dislocation densities which can be explored. When 
aged to the completion of atmosphere locking, 
specimens prestrained more than about 15 per cent 
fracture at the lower yield stress with little or no 
general elongation. It is interesting that, if further 
strain ageing causes precipitation in such specimens, 
it can greatly improve the general elongation by 
increasing strain hardening. 


4. SUMMARY AND CONCLUSIONS 

(a) Present results confirm an earlier conclusion 
that. on the evidence of the return of the sharp yield 
point, the segregation of about 0.001 wt.°,, carbon 
or nitrogen is sufficient to complete atmosphere 
locking in a moderately deformed low carbon steel. 
Estimates based on the Cottrell-Bilby equation 
suggest that this first stage of strain ageing is complete 
when the atmosphere density reaches a value not 
greatly in excess of one atom per atom plane. 

(b) It is evident that the sites allowing strong 
interaction of the solute with dislocations are all 
occupied at the end of the first stage of ageing: 
nevertheless further segregation, of an amount of 
solute equal to that required for the first stage, is 
sufficient to cause an additional rise in the lower 
yield stress which is roughly one third of that due to 
the primary atmosphere locking. A f?3 law of 
segregation continues to be followed in this second 
stage (at least for ageing temperatures below, perhaps, 
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60°C): also, as in the first stage. the change in the 
lower vield stress, AY, is approximately proportional 
to the numbers of solute atoms segregating to unit 
length of dislocation. 

Up to the end of this second stage, tensile tests 
(10-4 sec”! strain rate) give no evidence of changes in 
strength or ductility at large test strains, suggesting 
that the 
“evaporate” quite rapidly during continued straining 


segregates which increase AY may 
at room temperature. Thus the second stage of ageing 
might be considered to involve the formation of an 
“outer atmosphere.) However, segregation beyond 
the end of the first stage causes little change in 
dislocation pinning (¢, in equation 3). AY is raised 
because resistance to the motion of free dislocations is 
increased. It is concluded that solute clusters must be 
formed at favourable sites along the dislocations: 
thus the second stage of ageing can be regarded as a 
first step towards precipitation. 

(c) When the amount of segregation reaches 
appreciably more than double that required to 
complete atmosphere locking. the segregates become 
stable enough to cause changes in strength, ductility 
and strain hardening capacity at large test strains in 
As this third 
stage of ageing develops, continued segregation of 


tensile tests at room temperature. 


solute becomes appreciably less effective in further 
increasing AY. Nevertheless, precipitation at 60°C or 
less evidently remains on an extremely fine scale. 
Even after the segregation of about 0.014 wt.°, 
solute at 60°C in specimens prestrained 4 per cent, no 
clear evidence of discrete particles of precipitate was 
seen using direct carbon replicas in an_ electron 
microscopical examination. (Fine particles, possibly 
~50 A thick, apparently associated with dislocation 
sites, were detected after ageing at 150°C for several 
days.) 

Mechanical tests suggest that precipitates formed in 
the third stage of ageing are at first small enough to 
redissolve rapidly in a second ageing treatment at 
60°C, if the specimens are re-strained, to form free 
dislocations, after the first ageing. 

(d) The increase in yield stress due to strain ageing 
is insensitive to moderate variations in prestrain, 
particularly in the early stages of ageing. However, 
tests with specimens in which the segregate con- 
centration was more than 5 times that required for 
atmosphere locking suggest that the contribution of 
precipitation hardening to AY, (measured at equi- 
valent stages of precipitation), tends to increase with 
dislocation density. 

In contrast to its rather small effect on AY, 
increasing prestrain causes a marked increase in 


| 
| 
| 
| 
i | 
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strain hardening capacity in the third stage of ageing. 
It is suggested that, while the lines of fine precipitates 
formed along dislocations can develop to provide 
effective local barriers to dislocation movement, the 
spacing of these line barriers is sufficient to allow a 
build-up of dislocation loops, encircling the barriers, 
in subsequent straining. With prestrains in the range 
2-15 per cent, the observed additional strain harden- 
ing due to precipitation appears roughly proportional 
to L3'2, (where L is the original number of dislocations 
in unit area). Assuming an analogy with strain 
hardening in “overaged” dispersion hardened alloys, 
this is in agreement with a _ prediction made by 
Fisher et 

Such an additional mechanism of dislocation 
multiplication, introduced by strain ageing beyond 


the second stage, may play an essential role in the 


development of high strengths in low carbon steels by 


140 108 
lb/in® tensile strength in a 0.04 per cent carbon steel 


simultaneous straining and ageing (e.g. 
quenched from 700°C and ‘“‘warm-worked” to about 
70 per cent reduction). 
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INTERACTIONS BETWEEN GLIDE DISLOCATIONS 
IN A DOUBLE PILE-UP IN «-IRON * 


Y. T. CHOU,* F. GAROFALO?+ and R. W. WHITMORE+ 


The equilibrium distribution of arrested glide dislocations on two intersecting slip planes in %-iron is 
computed taking into account the elastic anisotropy. From the equilibrium distribution of dislocations 
calculation is made of the stresses near the tip of the double pile-up (that is, a pile-up on each of two 
intersecting slip planes). For fifty dislocations the shear stress at the tip of a double pile-up is calculated 
to be 1360 a», where Gy is the applied stress in the slip plane. This stress is greater by a factor of 27 than 
the tip stress of a single pile-up of the same size. The high stress concentration at the tip of a double 
pile-up indicates, as suggested by Cottrell, that such a dislocation arrangement could lead to initiation 
of cleavage cracks in x-iron. 

DETERMINATION DANS LE CAS DU FER x DES INTERACTIONS ENTRE 
DISLOCATIONS DE GLISSEMENT FORMANT UN EMPILEMENT DOUBLE 


Les auteurs évaluent la distribution a l’équilibre de dislocations de glissement bloquées sur deux plans 
de glissement sécants du fer x en faisant intervenir les effets de lanisotropie élastique. A partir de cette 
distribution a léquilibre, ils calculent les tensions au voisinage de l’extrémité du double empilement 
(c’est-a-dire un empilement sur chacun des deux plans de glissement sécants). Dans le cas ot cet 
empilement intéresse une cinquantaine de dislocations, la tension de cisaillement a l’extrémité du 
double empilement est égale A 1360 a, si G) est la tension appliquée au plan de glissement. 

Cette tension est 27 fois plus grande que la tension existant a lextrémité d'un empilement simple de 
meéme taille. Cette concentration de tensions a lextrémité d'un empilement double indique, comme 
Cottrell la suggéré, qu'un tel assemblage de dislocations peut provoquer l‘apparition de fissures de 
clivage dans le fer x. 

WECHSELWIRKUNGEN ZWISCHEN GLEITFAHIGEN VERSETZUNGEN IN EINER 
DOPPELTEN AUFSTAUUNG IN a-EISEN 

Die Gleichgewichtsverteilung festgehaltener Gleitversetzungen auf zwei sich schneidenden Gleitebenen 
in x-Eisen wird berechnet unter Beriicksichtigung der elastischen Anisotropie. Aus der Gleichgewicht- 
sverteilung der Versetzungen ergeben sich die Spannungen an der Spitze der doppelten Aufstauung 
(d.h. einer Aufstauung auf jeder der beiden sich schneidenden Gleitebenen). Fiir fiinfzig Versetzungen 
berechnet sich die Spannung an der Spitze der doppelten Aufstauung zu 13600,. wo o, die angelegte 
Spannung in der Gleitebene ist. Diese Spannung ist um den Faktor 27 gréBer als die Spannung an der 
Spitze einer einzelnen Aufstauung gleicher GréBe. Wie schon von Cottrell vorgeschlagen, zeigt die hohe 
Spannungskonzentration an der Spitze einer doppelten Aufstauung, daB solch eine Versetzungsanordnung 


einen Spaltbruch in x-Eisen einleiten kénnte. 


INTRODUCTION However, no detailed quantitative analysis was given 


The role of dislocation pile-up groups in the fracture 
of metals is well established.“ Early in 1948, Zener‘? 
proposed that a pile-up of dislocations against a 
barrier can produce a sufficient stress concentration 
to initiate a crack. This concept was further developed 
by Stroh into a quantitative theory of fracture. 
One of his conclusions is that a crack in general should 
form when, in a plastically deformed metal, about 


1000 dislocations are piled up against a barrier of 


sufficient strength. More recently, Cottrell, in 
considering fracture in b.c.c. metals. has suggested 
that a crack can be initiated by a double dislocation 
pile-up on two intersecting slip planes. This concept 


applies in particular to metal crystals such as x-iron, 


which exhibit appropriate slip and cleavage planes. 


* Received July 15, 1959. 

+ Edgar C. Bain Laboratory for Fundamental Research, 
United States Steel Corporation Research Center, Monroeville, 
Pennsylvania. 
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in his work, especially of the interaction between 
dislocations in the two pile-up groups or the stress 
distribution in the vicinity of the tip. It is the purpose 
of this paper to examine these factors in detail. 

A double pile-up of dislocations consists of a system 
of two intersecting rows of similar dislocations 
arrested by a common barrier. The common barrier 
may be an immovable dislocation, a precipitated 
particle, or a phase boundary. In the present paper a 
quantitative analysis is presented of the equilibrium 
position of glide dislocations in a symmetrical double 
pile-up in z-iron. The analysis is based on the 
anisotropic elasticity theory developed by Eshelby 
et al.), The stresses in the vicinity of the tip of the 
arrested dislocation rows are calculated and compared 
to those at the tip of a single dislocation pile-up. 
A brief discussion of Cottrell’s theory on the initiation 
of cleavage cracks at the tip of a double pile-up of 
glide dislocations is included. 
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EQUILIBRIUM POSITION OF DISLOCATIONS IN 
A DOUBLE PILE-UP 


In a double pile-up group of dislocations, as shown 
in Fig. 1, the shear stresses gy. and o,, the attraction 
as well as repulsion between the dislocations on 
different planes and repulsion between those on the 
same plane lead to a certain equilibrium distribution 
of dislocations along each of the two planes. Suppose 
for two orthogonal slip planes (110) and (110) in 
z-iron as shown in Fig. 2(a) and (b), the dislocations 
lie parallel to the [001] direction. To determine the 
equilibrium distribution of dislocations along the two 
slip planes by anisotropic elasticity theory it is 
convenient to employ two sets of Cartesian coordinate 
systems: 

(1) y®- and 2®-axis along the cube axes | 100], 

and [001], respectively, and 

(2) y- and z-axis along {110}, [110] and [001], 

respectively. 


The second system is obtained by a 45° rotation of 


the first system about the 2°-axis. As shown in 
Fig. 2(b), it is assumed that x» similar, straight 
dislocation lines with Burgers vector a/2 [111] are 
gliding in the (110) plane. In a similar manner » 
dislocations with Burgers vector a/2 {1 11] are gliding 
along the (110) plane. All dislocation lines are 
parallel to the z-axis. The shear stress o, is acting in 
both planes, (110) and (110), and is normal in each 
case to the z-axis. 

According to Cottrell the lead dislocations in 
Fig. 2(b) can coalesce to form a single dislocation :* 


a/2 (111] + a/2 [111] a {100}. (1) 


j 


Fic. 1. Schematic representation of a simple type of 
double pile-up of dislocations. 


* The slip planes in the present work follow the choice of 
coordinate systems and differ from those chosen by Cottrell". 
The reaction shown here, however, is the same as that shown 
by Cottrell. 


Fic. 2a. Crystallographic planes and the coordination 
systems used in anisotropic analysis of a dislocation 


double pile-up in alpha iron, 


PILED -UP GROUP OF 
GLIDE DISLOCATIONS 


[100] EDGE DISLOCATION 
Fic. 2b. A symmetrical double pile-up of dislocations 


in alpha iron, 


The new edge dislocation, which has a lower elastic 
energy, is stable and may act as a barrier. Thus, in 
this case a symmetrical double pile-up is formed. 

The Burgers vector of each glide dislocation can 


be resolved into screw and edge components as follows: 


in (110) a@/2{ 111] a/2 [001] + a/2 [110] 
in (110) {111} a/2 [001] + a/2 {110}. 


For a straight dislocation in (110) plane (2-2 or y-z 


plane) and along [001] (z-axis) the stress components 


: 
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an anisotropic (2) For all glide dislocations in the y-z plane it is 


due to the screw components are for 


cubic crystal: , 
Vee at ty? 
Cyb, + Ab, (y,2 + 2.2) + (8) 


27 x? + y? 


Because of the existing symmetry it is possible to 


where }, is Burgers vector of the screw component substitute 2, for y, in equation (8), hence 


and (,, is an elastic coefficient referred to the co- CO. p2n-l ¥ 

ordinate system chosen. Fy > 
2a 2,3 + 2,? 


The stresses due to the edge components are 


y( Bx? 
(a? + y?)? + Cary? and 


(3) for the dislocation with Burgers vector b,° = a 


y(a? — y?) 


= A— [100] in the cleavage plane (010) the shear force is 
+ y*)* + 
2) h\ 2/2 40 | 10) 
‘ IV 2/2 ( 
{ (4) 41 (0 


wheve where A®, B® and C® are the same constants as A, B 
and respectively, except that in the former C®,,’s 
) (Cy and ° are used and in A. B and C..’s and +. are 
used. 
B (Ch — > Chg > 2C G6) (3) For a condition of equilibrium the summation of the 
Oo. shear forces must equal zero and it is found therefore 
and that 
11 12 11 12 
4 a 27 


and where is the Burgers vector of the edge l C,,6,? = 


component: and C;;'8 are the elastic coefficients = x, 27 z,* 
referring to the «-y-2 coordinate system. Since only sii 

the values of C®,’s (referring to the system) Ab bo (11) 
are found in the literature for cubic crystals, one has (22 + 2,2)? 4 

to transform the C;,s into according to the — 1). 


following equations: 


Substituting for C,,s, taking D/2¢, as unit 
» 0 0 
2 (0% + ON: C's, of length where 


~ 
~ 


2001 
b, (C,,° 


O 
Cy (Cy 


and 
Cog = 1/2 — + + 2C4,°) 
The «-component of shear force which is acting on the and rearranging one obtains 
J dislocation in the 2—-z plane is determined as follows: Bp n—1 | n—1 x, 
(1) For all glide dislocations in the same plane the 2 (l — p) 2 


shear force becomes 


J i 


9 2 l 

( h l l (2; ) (0) 13 


Pz 


where B= y/2/2b,% (Cy C9) (Cy? — 12) 


(14) 


< 
ria 2 r 2) 
Ab, 
VO. 
8 
| 
= 1/2 + — 2C4,”) (6) 
») } 44 12 ) 
C 
14 14 412 
) 
or 
= 1,2,3,....(8 — }) 


CHOU, 


+ Cy" + + 2C4,°) 


(Cy? — + + 2€4,°) 
For isotropic cubic crystals, i.e. 
+ = 1 — (16) 


where G is the shear modulus and yr is the Poisson's 
ratio 


D reduces to D - 
2b, (1 vy) J 


reduces to V 2/2 b,%,/[6,2(1 v) + b,?] 


(17) 
and C reduces to C = 0. 


The force equilibrium equations therefore become 


n—1 
> 
n—-l >» 2 
1/2—0 (18) 
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The equilibrium positions of 2(n — 1) glide dislocations 
can be determined from equation (13) for anisotropic 
crystals and by equation (18) for isotropic crystals 
No analytical solutions have been found for these 
relations but a suitable numerical solution is pos- 
sible. By modifying the Newton—Raphson iteration 
method'® numerical data have been obtained on the 
IBM-650 and 704 digital computers. The values 
of (,,"s for z-iron used in the numerical solution 
are given by Schmidt and Boas"? as 


Cy,° = 2.37 dyn/cm? 


Cy.” = 1.41 dyn/em? 


C4,° = 1.16 10' dyn/em? 
and \/2/2 a, 6, = 1/2 a. 
The computed values of x,’s for » 2-10, 15, 20, 


25, 30, 40 and 50 are given in Table |. For purposes 


of comparison, the corresponding values for a single 
pile-up* arrested by a barrier along [O01] axis are 


computed and given in Table 2. 


* Similar work has been done by 
the University of Pennsylvania." 


D. Kuhlmann-Wilsdorf at 


TABLE 1. Equilibrium position of glide dislocations in S\ mmetrical double pile ups 


(for x-iron) 


n wv, (unit length D/2qa,) 7 (n 1) 


2 .932 
3 0.404, 2.75 
4 0.231. 1.54, 4.89 
O.151. 1.00, 3.09, 7.21 
6 0.108. 2.18, O64 
7 0.0809, 0.533, 1.63, 3.63, 6.89, 
0.0633. 0.417, 2.82, 5.28, 
9 O.O511. 0.336, 1.02, 3.27, 4.22, 
10 0.0422. 0.278, O.S45. 3.47, 


0208. 0.406, 
25.6, 33.6 


OLS95, 


.0122, 0.243, 
13.3, 14.1, 17.4, 


0.535, 
21.4, 


26.0, 


OOSL7. 0.163, 0.360, 0.664, 
7.44, 9.30, 11.4, 13.9, 16.7. 
1.8. 


0591. O389, 0.260, 0.480, 
5.36, 6.69, 8.32, 9.96, 11.9, 
3.9, 38.6, 50.0, 57.0, 


40 0.00356, 0.0234, O.O7T11, 0.157, 0.289, 
3.21, 4.00, 4.91, 5.94, 7.10, 
19.5, 22.0, 24.8, 30.9, 


62.1, 638.4, 75.5, 83.6, 93.1, 


0.00240, 0.0158, 0.0479, 0.106, 0.195, 

2.16, 2.70, 3.31, 4.00, 4.78, 
13.0, 14.7, 16.5, 18.4, 20.4, 
39.3, 42.8, 46.4, 50.4, 54.6, 


111, 121, 135 


12? » 

S.99, 14.7 

7.09, 11.2, 17.3 

5.79 Gol. 13.5, 20.0 


3.61. 


31.6, 38.5, 47.6 


0.793. 1.21, 


14.1, 16.6, 19.4, 22.5, 25.9, 29.7, 
65.4, 76.3 


0.477, 0.728, 1.05, 1.45 1.94, 2.53 
8.40, 9.85, 11.4, 13.2, 15.1, 
34.3, 38.0, 42.1, 46.5, 51.2, 56.4. 


0.321, 0.491, 0.709, 0.980, 1.31, 1.70, 
5.65, 6.61, 7.68, 8.85, 10.1, 11.5, 
22.6 25.0, 27.5, 30.2, 33.0, 36.1. 
59.0, 63.8, 68.9, 74.4, 80.4. 86.9, 


(, 
j = 1,2,3,...(n — | 
VOL. 
1960 
15 1.66, 2.74, 4.20, 6.09, 8.49, 11.5, 15.2, 
20 | 1.63, 2.50, 5.01, 6.71, 8.76, 
25 1.10, 1.68, 2.42, 3.35, 4.48, 5.84, 
19.9, 23.5, 27.6, 37.7. 44.1, 
5 
94.0, 102, 


2.000 
1.268, 
0.9358. 
0.7432. 
0.6170, 


0.5275, 


0.4610, 


0.4094, 

0.3680, 
.2445. 
25, 


.1837. 
80. 


1469. 
3.06, 


7.934, 
71, 


.18, 


0.07342. 


6.308, 
23.18, 
52.95, 


102.1. 
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6168. 
24, 


4932. 
5.63. 
52.76, 


4106, 
2.79, 5.07, 
47.06. 


3078, 

A438. 

Ol, 


.2462, 
7.495. 
25 5? 
56.82, 
108.7, 


VOL. 


xv, (unit length 


S646, 


17.65 

14.19, 
12.07, 
10.57. 


6.660, 


4.911, 


39.26, 


3.900, 


105.9, 


1.930, 


13.32, 

36.21, 

74.32, 
141.1, 


8, 


L960 


Equilibrium position of glide dislocations in single pile-ups (general) 


24.59 
20.38. 


9.097, 11.99, 


6.661, 
94.05, 


6.870, 


37.76, 


26.44. 


79.99, 


3.260, 
19.12, 
51.45, 
115.3, 


? BOL, 
15.06. 
39.24, 
79.28, 


151.4. 163.5, 


8.706, 


28.12 
15.40, 
11.06, 
64.65 
8.693, 


42.93, 


7.174, 
33.69, 


90.04, 
178.8 


In the single pile-up, the force equilibrium equations 


for isotropic and anisotropic cases are identical, 


namely: 


where x,’s, as in the double pile-up case, are dimension- 
less numbers with the unit of D/2a,. The value of D, 
however, is different for isotropic and anisotropic 
crystals. Eshelby et al.“ have shown that the 2,’s 
are the zeros of L"(x), the derivative of the n,), 
Laquerre polynomial. 

Several formulas may be empirically formulated for 
symmetrical double pile-up systems. These relations 
showing the distribution of the first three dislocations 
(Fig. 3) are 

2.53 (1 
16.6 10< < 50 
- 50.6 (20) 


with an error of —1 per cent. 


The range of the pile-up, L, that is the length of the 
slip plane occupied by one of the piled-up groups 
satisfies the relation 

L = 2.87 n — 8.9 10 


(21) 


with an error of —2 per cent (Fig. 4). 


STRESS DISTRIBUTION NEAR THE TIP OF A 
DOUBLE PILE-UP 

In a double pile-up group of glide dislocations 
certain interactions arise between individual disloca- 
tions. These interactions determine the distribution 
of dislocations and consequently the stress distri- 
bution. The stress function at an arbitrary point 
about the tip of a double pile-up can be calculated 
by a summation over all stresses associated with each 
dislocation. In the general case a three-dimensional 


problem arises. However, in other cases the stress 
function reduces to a simple type. One such case is 
for the stresses along the plane of symmetry. 

The stress values which are of interest are: (1) the 
normal stress, o,, which is normal to the plane of 


symmetry and (2) the shear stress at the tip, (¢,.,)9. 


n 1,2,...,(n — 1) 
2 
3 4.732 
=. 4 3.305, 7.759 
5 5.731, 10.95 
6 2.113, 4.611, 8.399. 14.26 
7 1.796, 3.876. 6.918, 11.23, 
1.564, 3.352, 5.916, 9.421, 21.09 
1.385, 2.956. 5.263, 8.162, 17.25, | 
r 10 1.243, 2.645, 4.616, 7.220, 14.83. 
15 mi 1.740. 3.007, 4.639, 19.42, 
2 29, 36.82. 46.18 
20 L301, 2.240, 3.441. 13.75, 
16 20 24.13, 28.53, 33.52, | 4 
25 1.039, 1.786. 2.739, §.275, 10.75, 
18.48, 21.62, 25.09, 28.90, 33.11, 48.70, 
55.23, 71.74. 83.37 
30 0.1224, 1.485, 2.275, 3.236, 4.370, 5.682. | | S.S854. 
10.72, 17.56. 20.28, 23.23, ye 29.92, 37.78, 
42.22, 64.56, 71.76, 89.73, 102.2 
40 (7 0.6477. Biya 1.701, 2.417, 4.231, 5.333. 6.566, 
| 11.08, 12.87, 14.80. 16.88, 21.63, 24.07, 26.80, 
2 3 36.10. 39.60, 43.31. 47.26, 55.92, 60.67. 65.75. 
7 S3.31. 90.14, 97.63, 126.3, 140.4 
O.SSS9. 1.359. 3.374, 4.249, 5.226, 
8.789. 10.19, 11.70, 16.91, 18.88, 20.97, 
27.99, 30.59, 33.23, 42.42, 45.77, 49.27, 
60.87, 65.13. 69.61, 84.51, 95.89, VO: 
115.9. 123.5, 131.9. a 
191 
+> iW2=0 
J 


The normal stress is expressed by the relation 


(af(B— 1)(X - 


X, = 2.53 (I/n)'"'78 


16.6 
ERROR + | 4 


UNIT OF X +: D/205 
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+ + — a,)[(x — a,)? 


[(a — 


5 50 100 


Fic. 3. Equilibrium position of the first three glide 
dislocations in a double pile-up in alpha iron. 


Results for the normal stress for » = 25, 40 and 50 
are shown in Figs. 5 and 6. In the results shown 
in Fig. 5, the part contributed by the immobile 
dislocation has been omitted. This part has been 
included in computing the results shown in Fig. 6. 
One may note that near the tip the normal stresses 
increase rapidly as the number of dislocations 
increases. On the other hand, the width of the high 
stress region decreases with increase of n. These 
features can be seen more clearly in Fig. 5 than in 
Fig. 6. Another point of interest in these results is 
the fact that the maximum normal stress occurs on 
the tension side of the double pile-up, that is, to the 
left of the double pile-up shown in Fig. 2(b). 

The shear stress at the tip of the double pile-up, by 
excluding the immobile dislocation, is given by 


n—1 


6—(12 pp.) 


8 


L=2.87n-8.9 

n¢ 50 

ERROR +t 2% 
UNIT OF L=D/20% 


(L + 8.9) 


50 100 


n 


5 


Fic. 4. The relationship between the range of a double 
pile-up, LZ, and the number of dislocations, n, within 
the range. 


The results obtained from relation (23) for different 
numbers of dislocations in each of the two rows of the 
pile-up are given in Table 3. A plot of the results 
in Table 3 is shown in Fig. 7. The linear relation in 
the plot of Fig. 7 leads to the expression 


(O,y)o 1.29 n 10 n (24) 


with an error of 1 per cent. 

An upper and a lower limit of (¢,,,), can be found to 
substantiate relation (24) by the following argument 
Because of the double pile-up it should be obvious 
that (c,,,)) is greater than (2x — which is simply 
the sum of the tip stresses of two single pile-ups. 
The maximum effect of the second row of dislocations 
on the first dislocation in the first row cannot be 
greater than (n l)o,. This is also true for all other 
dislocations in the first row. Thus, the maximum 
effect of the second row on the first is to raise the 
shear stress from o, to nay. It follows then that the 
maximum shear stress at the tip cannot exceed 


|2n(n — 1) + I]oy leading to the condition 
(2n < < (2n? — 2n + (25) 


It is obvious therefore that relation (24) is reasonable. 


500 
= 7 
|| 
0.5 
Xj 0.25 10 
0.05 5 
| 
— 
J 
VOL. 0.005 
8 
1960 


ACTA METALLURGICA, VOL. 8, 1960 


-On/05 


2000 


UNIT OF r = /2/2 D/O 


COMPRESSION SIDE 


TENSION SIDE 


- 2000 


Fig. 5. Distribution of normal stress, o,, along the 


(100) plane of symmetry: 


{100} edge dislocations 


excluded. 


- 


UNIT OF r= /2/2 


COMPRESSION SIDE 


TENSION SIDE 


Fic. 6. Distribution of normal stress, o,, along the 


(100) plane of symmetry: 


[100] edge dislocation 


included, 


TABLE 3. Tip stresses of symmetrical double 
pile-ups in %-iron (anisotropic) 


~ 


(Fry)0/Fo 


It should also be noted that the effect of anisotropy 
becomes significant for a double pile-up group in 
x-iron. Calculations indicate that for five dislocations 
in each row the tip stress for the anisotropic case is 
about 25 per cent greater than that for the isotropic 
case. For twenty dislocations this difference becomes 
47 per cent and for fifty dislocations 62 per cent. 


DISCUSSION 


For a single pile-up of dislocations against a 
barrier the shear stress at the tip of the pile-up 
(9,10) 


reaches a value which is equivalent to no, 
Thus, for fifty dislocations a stress of 50 a, should be 
attained. But for a double pile-up of fifty dislocations 


486 
n=50 
1000 n= 40 
n= 25 
-0.02 -0.0! 
0.01 0.02 
4 -1000 
3000 | 
n= 50 
| 
1000 VO. 
n=25 
-0.02 -0.01 19) 
0.01 0.02 
-1000 
-3000 
2 3.76 
3 8.31 
a" 4 14.4 
Fy. 5 21.8 
6 30.6 
7 40.5 
8 51.7 
64.1 
a 10 77.5 
Fe 15 161 
20) 269 
25 400 
30 552 
40 917 
50 1360 
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ERROR + |% 
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Fic. 7. The relationship between tip stress (¢,,)) and 
number of dislocations, n. 


in z-iron, it is found from the present analysis that 
from relation (24) a stress of 1360 o, is reached. 
Hence, a double pile-up shows a greater stress 
intensification which increases the stress by a factor 
of about 27. 

For a shear stress of go) = 10° dyn/em?, which is 
essentially the shear stress at rupture for iron at low 
temperatures, the distance x, between the two 
leading dislocations is about 7 a for a single pile-up 
of fifty dislocations. However, in a double pile-up of a 
similar size x = 0.2a for the same applied shear 


stress. Thus, for the double pile-up the stage of 


dislocation coalescence has been reached. According 
to Stroh’s analysis, it seems that fifty dislocations 
are sufficient for the initiation of a micro-crack. 
This is not the case for the single pile-up which would 
require an appreciably greater number of dislocations 
to reach the coalescence stage and micro-crack 
formation. It is also of interest to note that a double 
pile-up of fifty dislocations on each glide plane 
corresponds to a local dislocation density of 10! 
dislocation lines per cm*. Such a dislocation density 
is observed in high-purity iron tested in tension 
at very low temperatures.“ 

It should be made clear, however, that the double 
pile-up arrangement can initiate a micro-crack only 
if the barrier has sufficient strength to allow the 
stress to increase until a micro-crack is formed. 
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Stroh”) has shown that a pure [100] dislocation may 
not be an effective barrier. However, if the [100] 
dislocation is pinned by foreign atoms or is blocked 
by precipitated particles, it may become a suitable 
barrier. 
CONCLUSIONS 

A detailed study of the equilibrium distribution of 
dislocations and the stress distribution at the tip 
of a double pile-up group in z-iron leads to the 
following conclusions: 

1. A double dislocation pile-up generates a high 
stress concentration at the tip. In «-iron the stress 
concentration developed is much higher for a double 
pile-up than for a single pile-up having an equivalent 
number of dislocations. 

2. The equilibrium positions of the first three 
dislocations in the two pile-up groups of n-dislocations 
each can be determined from the following empirical 


formulas: 


2.53 (1/n)!-*8 
= 16.6 (1/n)'*, 10 <n < 50 
= 50.6 (1 n)!-78 


with an error of +1 per cent. 
3. The range L of the double pile-up can be 


expressed by 
L=287n—89, 10 <n < 50 


with an error of +2 per cent. 


4. The shear stress at the tip is found to be 
= 10<n < 50 


with an error of —1 per cent. 

5. When the barrier at the tip of the double 
pile-up is of sufficient strength, fifty dislocations in 
each of the two rows would be sufficient to initiate a 


micro-crack in x-iron. 
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HEATS OF FORMATION OF SOLID Au-Cu ALLOYS* 


R. L. ORR*+ 


Heats of formation have been measured by liquid tin solution calorimetry for a complete series of 
Au-Cu alloys in equilibrium states at 720°K and for the same alloys at 320°K after rapid quenching 
from 873°K. The asymmetry in the heat of formation curve at 720°K is in accord with observations 
on the variation of short range order with composition. The considerably more exothermic heats of 


formation found for the quenched alloys are ascribed to an increase in the degree of short range order 


during quenching, which is consistent with the results of both X-ray and kinetic studies. Heats of for- 
mation of fully ordered AuCu and AuCu, alloys have also been measured from which their configurational 
energies with respect to the “‘disordered”’ alloys at 720°K have been obtained. 


DES ALLIAGES SOLIDES Au—Cu 


CHALEURS DE FORMATION 


Des chaleurs de formation ont été mesurées par voie calorimétrique dans l’étain liquide pour 


toute une série d’alliages Au-Cu a l'état d’équilibre 4 720°K, et encore pour quelques alliages a 320°K 


apres les avoir trempés a une température de 873°K. L’asymétrie dans la courbe de la chaleur de 


formation & 720°K correspond aux observations de la variation de lordre a proche distance avec la 


composition, Les chaleurs de formation considérablement plus exothermiques que l'on a trouvées pour 


les alliages trempés sont attribuées a un accroissement du degré d’ordre a petite distance pendant la trempe; 


cet accroissement est en accord avec les résultats obtenus lors de l'étude par rayons X et lors de l'étude 


cinétique. Des chaleurs de formation d’alliages Au-Cu et Au-Cu, complétement ordonnées ont été 


mesurées aussi; leurs énergies de configuration par rapport aux alliages désordonnés A 720°K ont été 


obtenues. 


BILDUNGSWARMEN FESTER Au-Cu-LEGIERUNGEN 

Die Bildungswairmen einer vollstandigen Reihe von Au—Cu—Legierungen wurden durch Lésungs- 
kalorimetrie in fliissigem Zinn bei 720°K im Gleichgewichtszustand und bei 320°K nach raschem 
Abschrecken von 873 K gemessen, Bei 720 K zeigte die Kurve der Bildungswarme eine Asymmetrie. 
die mit den Beobachtungen iiber die Abhangigkeit der Nahordnung von der Zusammensetzung 
iibereinstimmt. Bei den abgeschreckten Legierungen wurde eine betrachtlich gréBere exotherme 
Bildungswarme gefunden. Dies wird einer Zunahme des Nahordnungsgrades wahrend des Abschreckens 


zugeschrieben, die mit réntgenographischen und kinetischen Untersuchungen im Einklang ist. Die 


Bildungswarmen von vollstandig geordneten AuCu- und AuCu,-Legierungen wurden ebenfalls gemessen. 


Daraus wurden thre Konfigurationsenergien beziiglich der “‘entordneten”’’ Legierungen bei 720°K 


bestimmt, 


1. INTRODUCTION 


that alloy is an orthorhombic modification of the tetra- 


gonal structure in which the Au and Cu atoms change 


The Au—Cu system has often served as the prototype 


lavers along one axis after every fifth cell. 
Recent X-ray diffraction studies of Batterman™ 
and calorimetric studies of d'Heurle and Gordon 


of an alloy system showing order—disorder phenom- 


ena and thus involving the closely related concepts of 


strain energy, short range order and superlattice 


have confirmed the existence of a third ordered phase 


formation. Existing knowledge of the thermo- 
chemistry of the Au-Cu system, however, is far from 
complete, and the ordering processes involved are 


at and near the composition Au,Cu, detected earlier 


by Johansson and = Linde™, Hirabayashi®, and 
Ogawa and Watanabe". Batterman found the 
critical temperature to be 472 + 3°K at 75 at.°, 


still not completely understood. 

The AuCu, and AuCu superlattices have been well 
known for some time.) Below 633°K AuCu, forms a Au increasing to 504 + 3°K at 68 at.°, Au. The 
ordered phase was shown to consist of ordered anti- 


superlattice derived from the high temperature f.c.c. 
phase with Au atoms occupying the cube corners and 


phase domains about 50 A in size; no annealing 


Cu atoms occupying the cube faces. At low tem- treatment was found which would cause the domains 


to coalesce. Alloys containing more than 75 at.°,, Au 


peratures the AuCu ordered phase has a tetragonal 
structure resulting from alternate layers of Au and Cu 
atoms forming on the (002) planes of the high tem- 
Between 658°K and the _ f.c.c. solid solution phase has been shown to possess 
considerable amounts of short range order, the degree 
(7,8) 


could not be ordered at any temperature. 
Above the critical temperatures, the continuous 


perature f.c.c. phase. 
critical temperature, 683°K, the stable structure for 


of order decreasing with increasing temperature. 


* Received December 2, 1959; revised January 15, 1960. Recent evidence has suggested that the equilibrium 
+ Department of Mineral Technology, University of 
California, Berkeley, California. 
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maintained upon even very rapid quenching, contra- 
dicting an assumption which has often been made in 
the past. Roberts found the degree of short range 
order in AuCu to increase markedly during a rapid 
quench from a temperature almost 100° above its 
critical temperature. The of Borie and 
Warren"? indicate similar behavior for AuCug. 

Heat of formation data provide a direct measure of 
the difference between the total bonding energy of an 
alloy and that of its pure component metals. For an 
ordering alloy it may be assumed as a first approxi- 


results 


mation that differences between the bonding energies 
of ordered, partly ordered and disordered states with 
respect to the pure components are due primarily to 
differences in configuration.”® This assumes that 
possible accompanying differences in the vibrational 


energy contribution may be neglected. Thus heat of 


formation measurements of such alloys as a function 
of temperature or of previous thermal history may 
present an advantageous method of detecting and 
estimating the extent of the accompanying confi- 
gurational changes. Previously reported direct calori- 
metric measurements of the heats of formation of 
Au-Cu alloys within the disordered region are limited 
to only three compositions, and only one measurement 
has been reported for a quenched disordered alloy. 
The present paper describes the determination of the 
heats of formation of a series of nine alloys within the 
disordered region and of the same alloys after rapid 
quenching from the disordered region. The heats of 
formation of the ordered phases are also reported. An 
attempt is made to interpret the results in terms of 


the ordering processes involved. 
2. EXPERIMENTAL 


(a) Pre paration of alloys 


Nine Au—Cu alloys were prepared containing LO, 25, 
40, 50. 60, 70, 75, 80 and 90 at.°,, Cu. The Au and Cu 
used in the preparation and also for measurements on 
the pure metals were shown by spectrographic analysis 
to be 99.99 per cent and 99.98 per cent pure, respec- 
tively. 

Three to ten g ingots of the alloys were prepared by 
melting the metals in sealed evacuated quartz tubes at 
1473°K for about 5 min with frequent shaking, after 
Weight 
losses on fusion were 0.1 per cent or less and were con- 
The resulting ingots were cold 
at tem- 


which the tubes were quenched in cold water. 


sidered negligible. 
worked and homogenized 
peratures about 50° below the respective solidus tem- 


under vacuum 
peratures for 2 weeks. 

Filings taken from both ends of each ingot were 
annealed in evacuated Pyrex tubes at 873°K for | hr 
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after which they were given a rapid quench by 
crushing the tubes under cold water. Sharp well- 
resolved high-angle X-ray diffraction peaks obtained 
using CuK radiation showed the alloys to be homo- 
geneous, and the measured lattice constants were in 
excellent agreement with previous data,“!!”) con- 
firming the accuracy of the compositions. No super- 
lattice lines were present in the diffraction patterns, 
indicating no long range order to have originated in 
the quench. 

The ingots were then rolled to a thickness of about 
1 mm and cut into pieces about 1 or 2mm square, a 
convenient size for use in the thermodynamic measure- 
ments. The cuttings were annealed in vacuo at 873°K 
for 2 hr followed by a rapid quench in water as for the 
filings. 

Portions of the cuttings and filings of the AuCu, and 
AuCu compositions were heat treated at 653°K for 2 
weeks. after which the temperature was gradually 
reduced to 523°K over a 20-day period. After a week 
at this temperature the specimens were furnace cooled 
to room temperature. X-ray diffraction patterns were 
taken of filings of the two ordered phases thus develop- 
ed. The narrow widths and sharp peaks of the super- 
lattice lines and calculations based on the relative 
intensities of the 
reflections showed the degree of long range order in 


fundamental superlattice 
hoth phases to be virtually perfect. 

Similarly, cuttings and filings of the Au,Cu com- 
position were annealed at 473°K for 6 weeks in an 
attempt to develop the ordered phase for that com- 
position. Since the results of Batterman'’ were not 
available at the time this work was done, the annealing 
temperature chosen was probably too high. The X- 
ray diffraction pattern of the annealed filings did not 


reveal any superlattice lines. 


(b) Apparatus and methods 


Heats of solution of the alloys and the pure metals 
in liquid tin were measured using the calorimetric 
apparatus and methods described in detail in a pre- 
vious publication.“® For the measurements specimens 
weighing about 0.80 g were prepared by enclosing 
cuttings of the alloys or pure metals in tin or gold foil 
capsules. The liquid tin bath was maintained at about 
700°K for all the runs, at which temperature the 
solution times varied from less than 1 min for pure 
Au to about 6 min for pure Cu. 

Measurements were made of the total heat effect 
for the pure metals or alloys going from the solid 
states at a pre-drop temperature, 7’, to the dissolved 
states at the solution temperature, 700°K. Specimens 
dropped from a temperature within the disordered 
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region were held for several days in the dispenser at 
the elevated temperature before dropping them into 
the bath. The heats of formation at temperature 7’ 
were obtained by subtracting the heats of sulution of 
the alloys from the heats of solution of corresponding 
amounts of the pure metals, all starting from the same 
initial temperature 7’. 


3. RESULTS AND DISCUSSION 
Six determinations of the heat of solution of each of 
raluated at the solution temperature, 
values of —5170 + 21 
15 cal/g-atom for Cu. 


the pure metals e 
vielded the average 
cal/g-atom for Au and 2840 
Since the measurements were made in dilute solution, 
the values are approximately the relative partial 
molal heat contents of Au and Cu in infinitely dilute 
solution in liquid tin at 700°K with respect to the solid 
metals at that temperature, ie. (7 — K, 
The average values are in excellent agreement with 
other determinations conducted in this laboratory“® 
and by Oriani and Murphy“. 

The heats of formation of the rapidly quenched and 
of the ordered alloys were determined at 320°K. For 
the alloys in equilibrium at high temperatures, the 


TABLE |. Measured heats of formation for Au—Cu alloys 


Heat of formation (cal/g-atom) 


Alloy > “Cu 


720 K 320 K 320 K 
equilibrium quenched ordered 
331 368 
0.10 290 366 
715 (—910)* 
0.25 698 967 (—914) 
710 
1076 1437 
0.40 1473 
1427 
1226 1634 2149 
0.50 234 1661 2166 
1601 2142 
1275 1559 
1569 
l 1337 
0.40 1192 1350 
1083 1145 1736 
0.75 1051 1213 1681 
1700 
sol 941 
O.80 999 
964 
437 463 
0.90 437 
03 


*Not fully ordered; see text 
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-200}+—* ORIANI, CALORIMETRIC, 691-710 °K 
+ ORIANI, emf, 700°K 
VY RUBIN, et al. CALORIMETRIC, 273°K 
~400 T 
| | | > 
- \ 
| | | | 
| | | 
-800 


| ALLOYS AT 720°k' 


ALLOYS: 
FROM 873 °K 


HEAT OF FORMATION, cal/9- atom 


-2200 
O! O02 03 04 OS O06 OF 10 
Xcu 
Fic. 1. Heats of formation of solid Au—Cu alloys, 


average pre-drop temperature, and thus the tem- 
perature at which the heats of formation were deter- 
mined was 720°K. All the experimental results are 
Table | plotted in Fig. 1. 


tesults are included for the specimen of Au,Cu which 


listed in and are shown 
was given an attempted ordering heat treatment even 
though it showed no superlattice lines, for reasons 
which will be discussed later. 

Oriani and Murphy!) measured the heats of 
formation of three disordered alloys in a differential 
obtaining 1285 + 31 cal 


1259 8 cal/g-atom (710°K) 


liquid tin calorimeter, 


g-atom (708K) and 


for Aug, so, 1150 cal/g-atom (693°K) 
Auy 25 JC Uo.75 and 658 32 cal/g-atom (691°K) for 
Aug, C Uy The values are plotted in Fig. 1, showing 
quite pie agreement, especially considering the 


somewhat lower temperatures of measurement which 
probably resulted in more short range order and thus 
more exothermic heats of formation for Au, <,Cuy ; 

20 0.90 
Also shown are the values of the 
by Oriani@® 


The agreement is excellent 


and Auy 9;Cuy 
heats of alta obtained 
from e.m.f. measurements. 
at Cu concentrations above 2, 0.50, but going to 
lower Cu concentrations the e.m.f. values appear to 
become progressively more in error. 
are data of Rubin et 
who studied the Aug 
calorimetry. They "eg 112 
the heat of formation at 273 : of an alloy 
quenched from above the critical temperature and 
1682 Both 
values are in good agreement with the present work. 


Also shown in Fig. 


by liquid tin 


55 cal/g-atom for 
rapidly 


30 cal/g-atom for the ordered alloy. 
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The present heat of formation measurements at 
720°K lie on a smooth but asymmetric curve skewed 
toward the Cu-rich side of the composition range. The 
energetic asymmetry is shown by the relative partial 
molal heat contents for the solutes at infinite dilution, 
(7 — H°),,, = —4650 cal/g-atom at x, —=—1 and 
(A — H°).., = —3000 cal/g-atom at =1. The 
skewing toward more exothermic values is toward the 
side of the composition range where the tendency 
toward long range ordering is the greater. Also, 
theoretical calculations by Cowley“® on the variation 
of short range order with composition predict larger 
degrees of local order for Cu rich than for Au rich 
alloys. The calculated curve for short range order vs. 
composition is skewed much like the heat of formation 
curve at 720°K, 
As shown by the high temperature X-ray measure- 
ments of Roberts™ on AuCu and Cowley on AuCu, 
the alloys at 720°K possess considerable degrees of 


with a maximum at 0.55. 


Interpolating between their tem- 


short range order. 
peratures of measurement one finds that in terms of 


nearest neighbor Au—Cu bonds, AuCu is still about 
36.5 per cent and AuCu, about 44.5 per cent of the 
way toward perfect order at 720°K. 

Averaging the presently measured values for the 
heat AuCu with further 
measurements on the same alloy performed in this 
2180 cal/g- 


of formation of ordered 
laboratory” vields an average value of 

atom for the fully ordered alloy. The 
between that value and the heat of formation of AuCu 
at 720°K is then 
differences in vibrational contributions to be negligible 


difference 
950 cal/g-atom, which, assuming 


is the difference in configurational energy between the 


two states. The corresponding difference in con- 
figurational energy for AuCu, between the ordered 
alloy and the equilibrium state at 720°K is found to be 
640 cal/g-atom. Because of the large amounts of 
short range order present in the alloys at 720°K, the 
total ordering energies will be greater than the values 
obtained here. 
and 


type calorimeter, d*Heurle 


~320 cal/g-atom to be the ordering 


In Borelius 
Gordon) found 
energy evolved by an alloy of Au,Cu (72.5 at.°,, Au) 
quenched from 773°K and reheated in the calorimeter 
to 351°K. From C,, measurements, Hirabayashi‘? 
found 270 cal/g-atom to be the transformational 
energy absorbed between 403°K and 543°K. 

The present measurements indicate the configura- 
tional energy at 320°K of Au,Cu previously heat 
treated for six weeks at 473°K to be —200 cal/g-atom 
with respect to the equilibrium state at 720°K. This 
suggests that a considerable amount of order was 


developed even though no superlattice lines were 
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formed. Batterman®), and d*Heurle and Gordon) 
report that even in the fully ordered alloy the domain 
size was very small resulting in relatively weak 
superlattice lines. Also, the latter investigators 
found no superlattice lines at all in an alloy ordered 
at 373°K.even after a heat evolution of 320 cal/g-atom. 
It would thus appear that most of the ordering energy 
involved may be of short range origin. The quenched 
alloy has a heat of formation 50 cal/g-atom more 
exothermic than the heat treated alloy, suggesting 
that even more short range order was developed in the 
quenched alloy. This might possibly be the case as it is 
in accord with the observations of Borie and Warren‘® 
on AuCug. 

As can be seen in Fig. 1, the heats of formation at 
320°K of the alloys quenched rapidly from 873°K are 
considerably more exothermic than the heats of forma- 
tion at 720°K over most of the composition range. 
The difference reaches a maximum of 400 cal/g-atom 
at 2%, = 0.45 and decreases linearly and symmetri- 
cally on both sides of this composition to 0 at x4, = 0 
and 2, ~ 0.90. The difference can not be due to 
lattice strains or excess defects arising in the rapid 
quenching as these would have an endothermic effect 
on the heats of formation, decreasing the difference 
between the two sets of measurements. It is believed 
that the observed difference is due primarily to the 
increase in the degree of short range order which 
occurs for most of the alloys during even the most 
rapid quench. For AuCu the increase in exothermicity 
is over 40 per cent of the long range ordering energy. 

Supporting evidence for the suspected increase in 
short range order during quenching is supplied by 
Roberts™, who found a specimen of AuCu rapidly 
quenched from 773°K to be 47.4 per cent of the way 
from complete disorder to perfect order, an increase 
of almost 11 per cent from the value of 36.5 per cent at 
720°K. Borie and Warren‘ found a higher degree of 
short range order in AuCu, quenched from above 
873°K than when quenched from below that tempera- 
ture. The only reasonable interpretation of this result 
is that more short range order arose during the quench 
from the higher temperatures. 

Most presently accepted theories agree that the 
long range ordering processes in Au—Cu alloys are ones 
of nucleation and growth.” The results of the present 
investigation are in accord with kinetic studies'?®?) 
which indicate that changes in the degree of local 
order may occur quite rapidly, depending on the pre- 
vious disordering temperature, whereas the rate of 
domain growth or coalescence is relatively slow. The 
variation with composition of the difference between 
the heats of formation of the quenched alloys and of 


8 
= 
of 
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the equilibrium alloys at 720°K would seem to suggest 
that the increase in short range order with quenching 
was greater for Au-rich than for Cu-rich alloys. This 
in turn appears to contradict the X-ray and thermo- 
dynamic evidence that at 720°K the tendency 
toward short range order is greater for the Cu-rich 
alloys. This might be interpreted as indicating that 
the Au-rich alloys retain a larger degree of atomic 
mobility to lower temperatures than do the Cu-rich 


alloys, thus permitting the equilibrium degree of 


short range order characteristic of a lower temperature 
to be “frozen in” during the quench of the former. 
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LETTER TO THE EDITOR 


Cold work and subsequent electrical 
resistivity increases in pure aluminum* 


Recently Winterberger™ published a paper, part of 
which was devoted to a study of the electrical re- 
Ap. 
He noted that the resistivity increased 
with elongation, ¢, according to the relation 


sistivity increase, caused by cold-working 


aluminum. 


Ap = ce (1) 


where ¢ is a constant which is in part dependent on 
the impurity content of the specimen. This constant 
c, it was shown, can be represented by 


= + (2) 


The first constant, ¢,, represents the contribution of 
point defects to the extra-resistivity and ¢, is due to 
the contribution of line defects to the extra-resistivity. 
The former constant was found to be independent of 
and the latter constant dependent on impurity 
concentration. The dislocation contribution to the 
resistivity for a given elongation increased with 
increasing impurity content. Winterberger concluded 
that the impurities were acting as dislocation pinning 
points, and an increase in the number of pinning 
points would tend to yield a larger dislocation density 
and thus a higher resistivity increase for a given 
elongation. 

Figure | is a plot of ¢, against impurity concentra- 
tion. The constant ¢, was calculated from the data of 
Winterberger™. It is to be noted that c, increases 
linearly with impurity concentration.? In the figure, 


0.007 


0.006 


60 80 100 120 140 160 180 200 


Concentration, ppm 
Fic. 1. The effect of impurity concentration on the 
contribution of dislocations to the resistivity of metals 
cold-worked at 25°C. (After Winterberger. ) 


20 40 


+ A similar result has been obtained in this laboratory for a 
dispersion hardened silver alloy. The dispersed phase was 
aluminum oxide and the constant, c, increased linearly with 
concentration of alumina. 
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TABLE | 


Temperature of 


Cy 
(uQ em) deformation 


Ca 
(uQ em) 


Room temperature 


12 x 10-* Liquid N, 


an arrow marks the value of ¢, at an impurity con- 
centration of 140 p.p.m. This latter concentration is 
the impurity content of aluminum that was used in 
experiments at this laboratory.” The constants c, 
and c, as determined from Winterberger’s data are 
shown in Table 1. 
the constants c,, and c, for the vacancy and dislocation 


The first row shows the values of 


contributions respectively for aluminum deformed 
at room temperature and containing 140 p.p.m. 
impurities. 

According to Winterberger, the increase of re- 
sistivity at 78°K for a given elongation is three times 
as much as is obtained during room temperature 
vacancy contribution and 1.7 


. 


deformation for the 
times for the dislocation contribution. Applying these 
factors to Winterberger’s data for aluminum with 
140 p.p.m. impurities one obtains the values of the 
constants ¢, and c, for a 78°K deformation. These are 
shown in the second row of Table 1. 

From these latter numbers it can be calculated 
that following deformation at 78°K approximately 
58 per cent of the extra-resistivity is attributable to 
point defects (i.e. the portion recoverable at room 
temperature). Peiffer has obtained a 62 per cent 
recovery with his material. The agreement is within 
the scatter of data noted by Peiffer. The agreement 
with Sosin™, who performed some work on single 
crystals of aluminum, is also satisfactory. 

A disagreement does exist, however, when one 
compares Winterberger’s value for c, which includes 
both the vacancy and dislocation contribution, with 
the value obtained by Peiffer. From Winterberger’s 
results, the constant ¢ is 0.021 em. Peiffer has 
obtained, for a given specimen of his aluminum, 
= 0.166 em. 
large. 

The authors believe this discrepancy exists because 
of the differences in initial condition of the aluminum 
(i.e. the amount of internal strain present in material 
before deformation at 78°K). The 
obtained by Peiffer, was obtained from experiments 


The difference obtained is quite 


constant ¢, 
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on aluminum in a cold-drawn condition and Winter- 
berger’s aluminum was very well annealed. 


It has 
been noted in this laboratory that the initial condition 
had little or no effect on the percentage of resistivity 
recovered at room temperature," but did influence 
the amount of increase per unit elongation.“ 


The authors submit that the reason the values of the 
constants disagree is that the samples of aluminum 
were in different conditions of strain initially. The 
material in a higher state of strain showed the 
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greater increase in resistivity for a given elongation. 


RIAS H. R. PEIFFER 
7212 Bellona Avenue F. 


Baltimore 12, Maryland 
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Because of a computational error the ), values given in Table | are in- 
0 
correct and should all be a factor of 10 larger than reported. The corrected 


values are as follows: 


TABLE 1. Values of D, and @ for the diffusion of 
alumnium, zinc, silver, copper, nickel and tin in tin 


Element D,(em?/sec) ((cal/mole) 


2 5200 
4880 
10-3 4200 
10-3 4200 
10-3 4530 
4570 


Al 
Zn 
Ag 
Cu 
Ni 
Sn) 


S bo 


8 
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AN EFFECT OF IMPURITY ATOMS ON THE ENERGY RELATIONSHIP OF (100) 
AND (110) SURFACES IN HIGH PURITY SILICON IRON* 


J. L. WALTER and C, G. DUNN?+ 


The migration of grain boundaries between (110) grains and (100) grains in high purity 3°, silicon 
iron sheet was investigated at 1200°C to determine whether or not impurity atoms could effect a reversal 


in the direction of boundary migration. Boundaries were found that advanced into the (100) grains in 


a vacuum anneal, then reversed their direction of migration and advanced into the (110) grains in a 


subsequent anneal in impure argon, and then reversed back to the initial direction of migration in a final 


vacuum anneal, Evidence was found for surface energy driving forces in both kinds of anneals. In the 


anneals in argon, but not in vacuum, the surfaces of the (100) grains were thermally etched. The results 


could be satisfactorily explained on the basis that the impure argon supplied oxygen atoms and that the 


vacuum anneals removed oxygen. The conclusions reached were (a) under proper conditions impurity 


atoms can effect a reversal in the direction of boundary migration, (b) 4,9 < 7,99 in the vacuum anneals 


and 7199 < Vi10 in the anneals in impure argon, (c) the effect of the impurity is to reduce 3,9, more than 


Yiro and (d) the high density plane, (110), is not always the low energy plane. 


UN EFFET DES ATOMES DIMPURETE SUR LES SURFACES DE GRAIN D’ORIENTATION 
(100) ET (110) DANS FERS AU SILICIUM DE HAUTE PURETE 


La migration de joints de grains entre des grains (110) et (100) dans des feuillards de fer A 3 °,, Sia été 


étudiée a 1200 C afin de déterminer si des atomes d’impureté peuvent agir sur la direction de migration 


du joint. On a trouvé des frontiéres qui avancent dans les grains (100) aprés un recuit sous vide, puis qui 


renversent leur direction de migration et avancent dans les grains (110) apres un recuit subséquent dans 


un argon impur, et enfin qui reprennent la direction initiale de migration dans un recuit final sous vide. 


Dans chaque type de recuit, les forces motrices nécessaires au mouvement de surface ont été établies. 


Dans les recuits sous argon, mais non sous vide, les surfaces des grains (100) sont attaquées thermique- 


ment. 
Les résultats ont pu étre expliqués d°une maniére satisfaisante sur la base des impuretés de argon et 


notamment les atomes d’oxygéne; les recuits sous vide retirant loxygéne. 


Les conclusions que l'on a pu établir sont: 


(a) sous des conditions adéquates, des atomes d’impureté peuvent agir sur un renversement de la 


direction de migration d’un joint de grain 
(b) Yi10 < Yio9 Gans les recuits sous vide et 799 < 71,9 dans les recuits sous argon impur. 


(c) Veffet de Vimpureté est de réduire 7,99 plus que y,,,) et (d) le plan de forte densité (110), nest pas 


toujours le plan ayant l’énergie la plus basse. 


EINFLUB VON VERUNREINIGUNGSATOMEN AUF DAS VERHALTNIS DER ENERGIEN 
VON (100)- UND (110)-FLACHEN IN SEHR REINEM SILIZIUM-EISEN 


Bei 1200°C wurde die Wanderung von Korngrenzen zwischen (110)-K6érnern und (100)-K6rnern in 


Blech aus sehr reinem Eisen mit 3°, Silizium untersucht, um zu entscheiden, ob Verunreinigungsatome 
die Richtung der Korngrenzenwanderung umkehren kénnen oder nicht. Es wurden Korngrenzen 
gefunden, die bei Gliihen in Vakuum sich in die (100)-Kérner hinein bewegten. bei darauffolgendem 


Glihen in verunreinigtem Argon die Wanderungsrichtung umkehrten und sich in die (110)-Kérner 


hinein bewegten und schlieBlich bei nochmaligem Gliihen in Vakuum wieder die anfangliche Wanderungs- 


richtung einschlugen. Bei beiden Gliihprozessen ergaben sich Anzeichen dafiir, daB die Oberflachen 
energie die treibende Kraft war. Bei Gliihen in Argon, aber nicht in Vakuum, wurde die Oberflache der 
(100)-K6érner thermisch geaétzt. Zur Erklarung reicht die Vorstellung aus, daB das verunreinigte Argon 
Sauerstoffatome liefert, wahrend das Vakuumgliihen Sauerstoff entfernt. Folgende SchluBfolgerungen 
wurden gezogen: (a) unter geeigneten Bedingungen kénnen Verunreinigungsatome die Wanderungsrich- 


tung umkehren, (b) bei Gliihen in Vakuum ist bei Gliithen in verunreinigtem Argon 7,99 


(c) die Verunreinigung verringert 7,9, starker als y,,, und (d) die dichtest besetzte Ebene (110) ist nicht 


immer die Ebene geringster Energie. 


INTRODUCTION atoms should have the lowest surface energy.“~” 
The surface energy at the interface of a flat metal The presence of impurity atoms at the surface may 


crystal and its atmosphere is known to depend on the change this relationship, however. Variations in 


kind of crystallographic plane exposed and the kind — surface energy with adsorbed impurity atoms have 


and amount of impurity atoms present. Theoretically, been reported from observations on surface steps 
the crystallographic plane with highest density of or facets that form during thermal etching at high 
temperatures.°-7) According to the results obtained 


* Received May 25, 1959. by Moore‘? on silver annealed in air at 900°C, the 
+ General Electric Research Laboratories, Schenectady, : 
New York. 
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high density (111) plane has the lowest surface energy. 


Oo 
VOL. 


498 


The interaction of the surfaces of two grains with the 
common grain boundary can also be used to obtain 
information on the relative surface energies. When 
the interaction leads to boundary migration and 
measurable grain boundary curvatures, it is possible 
to compare the surface energies of the two grains.‘*) 
Using this method on high purity 3°, silicon iron, 
Walter and Dunn found that the surface energy of 
the (110) plane, y,,9. was lower than the surface 
energy of the (100) plane, y,99. by about 70 ergs/em? 
at 1200°C in vacuum. Because the (110) plane is the 
high density plane for 3°, silicon iron the result 
agrees with the theory that the high density plane 
should be the plane of lowest surface energy. 

Since adsorbed oxygen is known to have a very 
large effect on the average surface energy of silver,‘ 
it is possible that the agreement between lowest 
surface energy and high density plane for silver in 
the presence of oxygen may be coincidental. The 
agreement for silicon iron may also be questioned 
since little is known about the effect of impurities 
on the surface energies. Because the effect might 
reasonably be large, additional information on this 
point would be valuable to the understanding of 
surface phenomena in general. Such information is 
also important to the understanding of recrystal- 
lization and grain growth textures since surface 
energy driving forces are known to be responsible for 
the phenomenon of tertiary recrystallization in high 
purity silicon iron.‘* 

The present paper gives the results of an investi- 
gation on the effects of annealing atmospheres on the 
direction of migration of boundaries between (100) 
and (110) grains. The direction of motion and the 
curvatures of these boundaries supplies information 
concerning the effect of impurity atoms on relative 
values of 7499 and 7449 in high purity 3°, silicon iron. 


EXPERIMENTAL PROCEDURE 

Previously a method was found for producing sheet 
material with large grains oriented with the (100) 
plane in the plane of the sheet and other grains with 
the (110) plane in the plane of the sheet." This 
method, involving incomplete tertiary recrystalliza- 
tion, was used to obtain suitable starting samples for 
the present study. To obtain the samples, sheet 
material 0.3 mm thick was prepared by a combina- 
tion of hot rolling and cold rolling operations starting 
with a vacuum melted ingot of iron containing approx- 
imately 3 per cent silicon. The total impurity content 
was less than 0.005 wt.°,. The samples were electro- 
polished to remove surface imperfections and then 
annealed in vacuum at pressures below 5 « 10-4 mm 
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Hg at 1200°C for 1-3 hr. The times at temperature 
were long enough to produce large (100) grains by 
secondary recrystallization but short enough to 
prevent the samples from being converted entirely 
to the (110) [001] texture by tertiary recrystallization. 

After preparation the samples were annealed in 
impure argon (welding grade, dew point of —70°F) at 
atmospheric pressure and a temperature of 1200°C. 
Certain samples were given a second anneal either in 
argon or in vacuum following the first anneal in argon. 

X-ray data for orientation determinations and 
photomicrographs of selected surface areas were 
obtained before and after the anneals. The direction 
of migration of the boundaries was determined by 
observing either boundary groove records left in the 
surface’®) (method 1) or the change in extent of 
thermal etching” in the vicinity of the boundary 
(method 2). Previous observations"® showed that 
thermal etching of crystal surfaces tends to remove 
and obscure shallow grooves that otherwise might be 
used to determine the direction of boundary migration 
by method 1. On the other hand the extent of 
thermal etching (which is dependent on the time at 
temperature) is negligible in the immediate area 
traversed by a fast moving boundary and increases 
with distance behind the moving boundary. 


EXPERIMENTAL RESULTS 
Initial vacuum anneal 


After the first anneal in vacuum at 1200°C the 
samples consisted of large (110) and (100) grains. As 
the anneal ended boundaries between (110) and (100) 
grains (hereafter referred to as (110)/(100) boundaries) 
had been moving, according to boundary groove 
records left in the surface. In all cases (110) grains 
had been growing at the expense of (100) grains. A 
number of (110)/(100) grain boundaries were moving 
away from their centers of curvature in the surface; 
this agrees with the former results‘®) and indicates 
that < at this point. 

The surfaces after the vacuum anneal were almost 
specular and relatively smooth except for a number 
of odd surface patterns (see Fig. 2b). These were 
similar to surface patterns found by Batdorf and 
Smits" on the surface of a silicon crystal disoriented 
0.5° from (111) and annealed in vacuum at 1325°C. 
They attributed the patterns to the formation of 
flat (111) areas as silicon evaporated and suggested 
that these surfaces were more stable than others. 


First argon anneal 
In the preliminary experiments on the effect of 
annealing in impure argon after the vacuum anneal, 
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Fic. 1. Photomicrograph showing boundary region of 
(100) and (110) grains after a 3-hr anneal in vacuum at 
1200°C and a 6-hr anneal in argon at 1200°C, «500 


no attempt was made to follow specific grain bound- 
aries. The grains with (100) planes almost parallel to 
the surface were found to be thermally etched to form 
striations as shown in Fig. 1. Grains close to (110) 
had, in some cases, a mottled appearance caused by 
faceting on a small scale (see Fig. 1). On the basis 
of the change in extent of thermal etching of (100) 
grains with distance from a moving boundary (method 
2 for determining the direction of boundary migration) 
many examples were found indicating growth of (100) 
grains into (110) grains. A number of (110)/(100) 
grain boundaries were found that had been migrating 
away from their centers of curvature in the surface 
of the sample. An example is shown in Fig. | (direc- 
tion of migration is shown by the arrow). 


Second argon anneal 


One sample was given a 1-hr reanneal in argon after 


data had been obtained on a specific (110)/(100) 
boundary. Further migration of this boundary 


occurred as a result of growth of the (100) grain. A 
radial cross section was obtained at one portion of 
the boundary to determine the direction and radius 
of curvature The center of 
curvature was within the (110) grain (the grain being 
consumed) and the radius was 1.3mm. A difference 
in surface energy with y,99 < 1,9 would account for 
the growth of the (100) grain and for the radius of 
An approximate relation between the 


in the cross-section. 


curvature. 
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surface energy difference y, — y, and the grain 


boundary energy y 4, is 


Y AB 5. 


— (1) 


is the 
Equa- 


where ¢ is the thickness of the sample and r 
radius of curvature in the radial cross-section. 
tion (1) for the present example gives 


- 


Y100 (9.08)y (2 


Y110 ~ 
This result indicates that the difference in surface 
energy at 1200°C in tank argon is approximately 
8 per cent of the grain boundary energy. No value 
will be assigned to the grain boundary energy, which 
is not necessarily constant throughout the vacuum 


and argon anneals. 


Second vacuum anneal 
A second set of samples had been given an initial 
anneal at 1200°C for 1.5 hr in vacuum to produce 
large (100) and (110) grains. At this point evidence 
for the relationship y,;9 < 7 99 Was found from a 
study of (110) (100) grain 
After the 
migration of specific boundaries the samples were 


boundary migrations. 
recording positions and directions of 
given an additional anneal of | hr at 1200°C in argon. 
Migration of (110)/(100) grain boundaries occurred 
Photo- 

The 
samples were then annealed for 10 min at 1200°C in 
vacuum at a of 6 =< 10°-*mm Hg. The 
thermal etching on the surfaces of (100) grains from 


according to the relationship y,99 < 


micrographs were taken of the boundaries. 
pressure 


the argon anneal was almost completely removed. 
The direction of migration of the (110)/(100) bound- 
aries was found to be reversed by the vacuum anneal. 
Illustrations of the changes in direction as a function 
of annealing atmosphere are shown in Figs. 2-4. The 
arrows drawn on the figures indicate boundaries and 
directions of migration. 

Figures 2 and 3 are photomicrographs of two areas 
before and after the 10-min anneal in vacuum. The 
(110) planes of the (110) grains were 2° and 3°, 
respectively, from the plane of the sheet. Except for 
the patterns left from the vacuum anneals (pre- 
sumably caused by evaporation) these (110) grains 
appeared to be unetched. Figs. 2 and 3 apply to one 
(100) grain, which was 4° off orientation. This grain 
was thermally etched to striations during the argon 
anneal (Figs. 2a and 3a, the grain on the right) but 
the condition in the final 
vacuum anneal (Figs. 2b and 3b). The (110)/(100) 


returned to unetched 


grain boundary that lies near the center of Fig. 2(a) had 
been moving to the left during the anneal in argon. 
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Fic. 2. Boundary region of (100) and (110) grains after Fic. 3. Boundary region of (100) and (110) grains 
various anneals at 1200°C, < 500 after various annea!s at 1200°C. < 500 
(a) 1.5-hr vacuum plus 1-hr argon (a) 1.5-hr vacuum plus 1-hr argon 
(b) same area as (a) after 10-min vacuum. (b) same area as (a) after 10-min vacuum. 
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Fic. 4. Boundary region of (100) and (110) grains 

showing final boundary position between two former 

positions. After 1.5-hr vacuum, l-hr argon, and 10-min 
vacuum anneal at 1200 C, 500 


After the anneal in vacuum this boundary was found 
to the right near a former position (Fig. 2b): hence 
the direction of migration was reversed during this 
anneal in vacuum. Fig. 3(a) and (b) shows the same 
result: the (110)/(100) boundary is to the left of 
center in Fig. 3(a) and migrating to the left, but is 
far to the right in Fig. 3(b). and is migrating to the 
right. Thus it is seen that (100) grains grow at the 
expense of (110) grains during the anneals in argon 
whereas the (110) grains grow at the expense of the 
(100) grains during anneals in vacuum. 

When thermal grooving at the grain boundary 
retards boundary migration, only small movements 
result and the change in the direction of migration 
caused by reversible changes in surface energy shows 
up immediately in the thermal groove records. Fig. 
4, for example, shows the final position of a (110) (100) 
grain boundary lying between two former positions 
where deep grooves had developed. The tilt of the 
(100) plane is 1°, that of the (110) plane is 2°. The 
(100) grain, which is on the right in the figure, grew 
at the expense of the (110) grain during the anneal 
in argon according to the thermal groove records. 
The distance the boundary had moved to the left 
from its initial position was 20 uw. During the 10-min 
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anneal in vacuum the boundary moved 12 wu in the 
opposite direction to a position between the two 
former positions. 
DISCUSSION 
Surface energy driving force 

In a previous paper) it was shown that the 
driving force (free energy decrease per unit volume 
transferred) for growth of grain A into a grain B 
could be expressed as approximately «)/t, 
where y, and VY are the surface free energies of 
grains A and B, respectively, and ¢ is the thickness 
of the sheet. This relationship may be used in the 
present paper since surface energy driving forces 
are also involved. As before, the value of yo Y110 
must be positive for the vacuum anneals to account 
for the growth of the (110) grain into the (100) grain. 
In the impure argon, however, 7,9, — 71,9 Must be 
negative since the (100) grain grew into the (110) 
grain. The reversal can be explained in terms of an 
impurity effect on the absolute values of the surface 
energies, i.e., the y’s are a function of some impurity. 
An estimate of 71,99 — 19 for the present two levels 
of the impurity would require the use of equation (1): 
this will be discussed later. The fact that yj 99 — 
is either positive or negative, depending on the 
impurities in the vacuum and the argon, indicates 
that the effect of the impurity is larger for the (100) 
plane than it is for the (110) plane. 


Oxygen vs. surface energies 

To understand the reason for the change in surface 
energies it is helpful to examine the thermal etching 
characteristics as a function of the anneal atmosphere 
The high purity silicon iron used in this study does 
not thermally etch when annealed in vacuum. 
Thermal etching occurs when samples are reannealed 
in impure argon but does not occur if the oxygen gas 
and water vapor are removed from the argon. Thus 
thermal etching is caused by oxygen or water vapor 
in the argon and not by the argon itself. Furthermore, 
if the material contains sufficient oxygen, then thermal 
etching will occur during the first few minutes of the 
anneal in vacuum: but as the oxygen is removed 
from the material below about 10 p.p.m., the etching 
effect disappears.”® Etching persists for a much 
longer time if the oxygen-containing material is 
annealed in purified argon. These effects have been 
compared with thermal etching of other metals,“ 
including iron.‘® 

The tendency for the silicon iron to thermally etch 


in the oxygen-bearing atmosphere is explained in 


terms of a lowering of surface energies resulting from 
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reduction of surface energies in silicon iron may be 


adsorption of oxygen at the surface.“ 


similar to the changes in surface energy reported for 
silver. Buttner et al. reported that the average sur- 
face energy of silver decreased in a linear manner with 
the logarithm of the partial pressure of oxygen in mix- 
tures of oxygen and helium. At the partial pressure of 
oxygen in air the surface energy was only about one 
third of its value in pure helium. 

The effect of adsorbed oxygen then is to lower y 499 
more than 7,;9- From equation (1) an approximate 
calculation of 7119 — 7199 for anneals in argon gives 
a value of 8 per cent of the grain boundary energy 
Yap. A previous calculation™ of yyo9 — for 
anneals in vacuum gave a value of 7 per cent of the 
grain boundary energy. The grain boundary energy 
should not be taken as‘a constant, however, since it 
is possible that the presence of oxygen changed the 
grain boundary energy as well as the surface energies. 
Buttner®” reported, for instance, that the equilibrium 
angles at the intersections of grain boundaries and 
the surface of silver remained essentially unchanged 
as a function of partial pressure of oxygen, indicating 
that the oxygen changed the grain boundary energy 
as well as the surface energies. Therefore, since the 
grain boundary energy may not have been constant 
during the present experiments it is suggested that 
further data are needed for a quantitative evaluation 
The 


effect of oxygen may be summarized qualitatively as 


of the effect of oxygen on surface energies. 


follows: 


Y100 < 7110 in impure argon 
Y110 < in vacuum. 


Surface conditions 

The surfaces of samples annealed in argon and 
those annealed in vacuum were examined by electron 
diffraction techniques to determine whether oxide 
phases were present at the surface. There were small 
(1 w diameter) oxide “beads” widely dispersed on the 
surface of the samples annealed in argon; no evidence 
was found however for the presence of a continuous 
oxide phase at the surface. Accordingly, the thermal 
etching found in the high purity silicon iron and the 
changes in surface energy may be associated with 
oxygen as a chemisorbed surface layer. It has been 
suggested that chemisorbed oxygen is responsible for 
thermal etching in iron® and silver.” 
Energy vs. high density plane 

The foregoing results suggest that chemisorbed 


oxygen on (100) and (110) surfaces results in a change 
in surface energies, such that the (100) plane becomes 
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lower in energy than the high density plane. This 
result does not disagree with theory, because the 
high density plane is the plane of lowest energy when 
the oxygen content is lowered, as in the vacuum 
anneal. Thus, calculations based on a model that 
does not include impurity atoms at the surface may 
fail to define the low energy plane under all conditions 
of the surface. The agreement between low energy 
plane and high density plane found for silver may 
therefore be regarded as fortuitous. 


Secondary and tertiary recrystallization 

The results of this study provide an explanation 
of the new mechanism of secondary recrystallization 
in high purity silicon iron discussed by Detert™* and 
experimentally confirmed by Walter“®. Also ex- 
plained is the phenomenon of tertiary recrystal- 
lization.‘ 

In the presence of oxygen (or possibly an equivalent 
impurity) in the annealing atmosphere or in the 
material, (100) grains are favored to grow because 
Yioo is lower than y,,9, and presumably lower than 
the surface energies of other orientations present. The 
result is the cube texture if the [001] direction of the 
primary grains is restricted to the rolling direction 
A few (110)[001} 
since a reversal of 


by the prior processing. small 


grains may remain. However, 
surface energy can occur as the oxygen is removed 
from the material by the atmosphere, the remaining 
(110) grains that are above a critical size‘*) finally 
grow because 7199 — Y1;9 has become both positive 
and large enough to provide a net driving force. 

From the above considerations it also follows that, 
if the silicon iron were pure enough, would 
always be lower than yo. The (100) 
would not grow since they would lack the advantage 
of the lowest surface energy. The (110) grains would 
have the lowest surface energy and therefore would 


Y'110 
grains then 


be favored to grow on the basis of the largest driving 
force. Some results in agreement with this expecta- 
tion have been obtained and additional experiments 
are contemplated. 


CONCLUSIONS 

(1) Under proper conditions oxygen atoms may, 
via the atmosphere used during annealing, effect a 
change in the direction of migration of grain bound- 
aries in high purity 3°, silicon iron. 

(2) In vacuum at pressures below 5 10-4 mm Hg 
the energy of the (110) surface is less than the energy 
of the (100) surface, but in impure argon (dew point 
of —70°F) the energy of the (100) surface is less than 
the energy of the (110) surface, at 1200°C. 
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(3) The effect of the oxygen is to lower the energy 
of the (100) surface more than the energy of the (110) 
surface. 

(4) The high density plane, (110), is not always the 
plane of lowest surface energy. 
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EFFECT OF HYDROGEN ON STABILITY OF MICRO CRACKS IN 
IRON AND STEEL* 


F. GAROFALO?, Y. T. CHOU+ and V. AMBEGAOKAR* 


Much evidence is available which indicates that hydrogen embrittlement and propagation of internal 
cracks in iron and steel are promoted by hydrogen gas in voids or micro cracks which may be formed by 
plastic deformation. It seems likely that these micro cracks originate from a dislocation pile-up as 
suggested by Stroh. 

As shown by Stroh, a stable micro crack can exist in a metal until a critical external stress is reached 
when the micro crack becomes self propagating. For this condition, it is found that the Stroh relation 
is analogous to the Griffith and Cottrell relations and differs from these only by a constant factor. As 
shown in this paper, a Stroh crack also ceases to be stable when a critical internal pressure is reached in 
the absense of an external stress. It is shown that in iron and steel, the amount of hydrogen needed to 
reach the critical pressure is within the range found experimentally for extensive internal cracking. 

The stability of a micro crack is also considered for the condition of an imposed external stress and 
internal pressure. It is predicted, as observed experimentally by others, that pronounced hydrogen 
embrittlement of iron or steel may be caused by as little as 2 em? of hydrogen per 100 g of metal (approxi- 
mately 2 p.p.m.). 


INFLUENCE DE L°HYDROGENE SUR LA STABILITE DE MICROFISSURES DANS LE 
FER ET L’ACIER 

Il existe plusieurs données qui indiquent que la fragilisation par Vhydrogéne et la propagation de 
fissures internes dans le fer et l'acier sont dues a lL hydrogéne gazeux dans les vides ou les micro-fissures 
qui peuvent se former par déformation plastique. I] semble probable. ainsi que l’a indiqué Stroh, que 
ces microfissures ont leur origine dans des dislocations d’empilement. 

Comme Stroh l’a montré, une microfissure stable peut exister dans un métal jusqu’a ce qu'une tension 
critique extérieure soit atteinte: la microfissure se propage alors par elle-méme. Pour cette condition, 
on trouve que la relation de Stroh est analogue aux relations de Griffith et Cottrell et différe de celle-ci 
uniquement par un facteur constant. L’étude de cet article montre qu'une fissure de Stroh cesse ainsi 
d'étre stable lorsque une pression critique interne est atteinte en absence d'une tension extérieure. On 
montre que dans le fer et lacier. la quantité de Vhydrogéne nécessaire pour atteindre la pression critique 
est dans les limites trouvées expérimentalement pour fissuration interne étendue. 

On considére également la stabilité d°une microfissure pour la condition d'une tension externe imposée 
et dune pression intérieure. On peut prévoir, et des travaux d'autres auteurs le confirment, qu'une 
fissuration interne par lhydrogéne dans le fer et l'acier peut étre occasionnée par une quantité aussi 
faible que 2 cc dhydrogéne par 100 gr de métal (approximativement 2 p.p.m.). 


DER EINFLUB DES WASSERSTOFFS AUF DIE STABILITAT VON MIKRORISSEN IN 
EISEN UND STAHL 

Es gibt viele Hinweise darauf, daB die Wasserstoffversprédung und die Ausbreitung innerer Risse in 
Eisen und Stahl durch gasférmigen Wasserstoff unterstiitzt wird, welcher sich in Poren oder in 
Mikrorissen befindet, die sich bei der plastischen Verformung bilden kénnen. Es erscheint wahrscheinlich, 
daB diese Mikrorisse nach einem Vorschlag von Stroh als Folge von Versetzungsaufstauungen entstehen. 

Wie Stroh gezeigt hat, kann in einem Metallsolange ein stabiler Mikroriss bestehen, bis eine kritische 
auBere Spannung erreicht ist, unter welcher der Rif anfangt. sich zu vergr6Bern. Es zeigt sich, daB die 
Strohsche Beziehung unter dieser Bedingung analog ist zu den Beziehungen von Griffith und Cottrell und 
sich von diesen nur um einen konstanten Faktor unterscheidet. Wie in der vorliegenden Arbeit gezeigt 
wird, hért ein Strohscher RiB ohne eine auBere Spannung ebenfalls auf stabil zu sein, wenn ein 
kritischer innerer Druck erreicht wird. Es wird gezeigt, daB bei Eisen und Stahl die fiir den kritischen 
Druck notwendige Menge an Wasserstoff innerhalb des Bereichs ist, der experimentell fiir eine ausgiebige 
innere Ri®bildung gefunden wurde. 

Die Stabilitat eines Mikrorisses wird weiterhin betrachtet unter einer von auBen angelegten Spannung 
und einem im Innern wirkenden Druck. Es wird vorhergesagt, daB 2 cm* Wasserstoff in 100 g Metall 
(niherungsweise 2 p.p.m.) ausreichen, um eine ausgesprochene Wasserstoffverspré6dung von Eisen oder 
Stahl zu verursachen, wie sie experimentell von anderen beobachtet worden ist. 


INTRODUCTION 
P The effect of hydrogen on the physical and 
* Received June 1, 1959; revised October 14, 1959. ay ag : . 
+ Edgar C. Bain Laboratory for Fundamental Research, mechanical properties of iron and iron alloys has 


).8. Steel Corporation Research Center, Monroeville, Pa. received much attention during the present cen- 
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tury.4-1) Although a large amount of experimental 
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the influence of 


hydrogen on the mechanical properties of iron and 


evidence has been obtained on 


iron alloys, the basic aspects of the mechanism of 
hydrogen embrittlement, involving formation and 
propagation of internal cracks in the presence of 
hydrogen are not vet well understood. A number of 
pertinent facts, however, have been reported which 
may lead to a_ better understanding of — this 
phenomenon. 

The degree of hydrogen embrittlement is found to 
be dependent on the strain rate and test tempera- 
ture.6.1 At high rates of straining at normal 
temperatures, the degree of hydrogen embrittlement 
is essentially nil.“ A similar behavior is found at 
temperatures below about —115°C when employing 
normal rates of straining.{6! It has also been 
observed, however, that hydrogen embrittlement is 
reduced at normal temperatures under low rates of 
straining’® and embrittlement is predominant within 
only a certain range of strain rates.* 

The experimental observations reported in the 
literature indicate that hydrogen embrittlement is 
diffusion dependent, at part. Such 
embrittlement depends on diffusion of hydrogen to 


least in 


special sites which are originated by plastic defor- 
mation. It is believed that diffusion of hydrogen 
leads to a condition of local equilibrium between 
atomic hydrogen dissolved in the lattice and molecular 
hydrogen present in lattice defects. It is likely then 
that hydrogen embrittlement is related largely to 
accumulation of hydrogen gas under high pressure 
within lattice defects such as micro cracks. The lack 
of embrittlement at high strain rates or low tempera- 


tures is undoubtedly related to the inability of 


hydrogen to diffuse rapidly enough to micro cracks 


during a test. However, the fact that essentially 


little embrittlement is found at very low rates of 


straining indicates that factors other than diffusivity 
may also be operative. The micro cracks which lead 
to hydrogen embrittlement may be formed by 
dislocation pile-ups at various obstacles as described 
by Stroh?® and Cottrell@”. 

In order to understand further the phenomenon 
of hydrogen embrittlement in iron and_ steel, an 


analysis is presented in this paper of the effect of 


occluded hydrogen on the stability and propagation 
of micro cracks, first in the absence and secondly 


* Static fatigue or delayed rupture determined from a 
notched sample may indicate that hydrogen embrittlement 
is also found at low strain rates. However, the stress and 
strain distribution and strain rate cannot be easily determined 
in a static fatigue test since this phenomenon is related to 
stress concentration effects just beneath the specimen surface. 
In the present analysis, the phenomenon of static fatigue will 
not be discussed. 
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Fic. 1. Dislocation with a Burgers vector of three 
atomic spacings constituting an incipient Stroh crack 
(after Stroh, Ref. 16). 


in the presence of an external stress. An analysis of 
the stability of a microcrack inthe absence of hydrogen 
but with an imposed external stress is also presented. 


INITIATION OF MICRO CRACKS 
A detailed analysis of the formation and growth of 
micro cracks through plastic flow has been presented 
in recent years by Stroh(® and extended by Cottrell”. 
The initiation “Stroh” 
from the stress concentration developed at the tip 


of a so-called crack results 
of a pile-up of edge dislocations which is blocked 
by such obstacles as grain boundaries, precipitated 


particles, * arrays of sessile dislocations or, as suggested 


by Cottrell, at intersections of slip lines. As the 
shear stress forcing the dislocations against the 


obstacles is increased, the leading aislocations may 
be compelled to form a single dislocation or, as 
usually referred to, a “Stroh” crack. 

Figure 1 shows schematically a dislocation with a 
Burgers vector of three atomic spacings, which in 
essence constitutes a very early stage in the formation 
of a micro crack by the coalescence of three edge 
dislocations. 
crack is found at the tip of a dislocation pile-up it 
will have a certain stability. The stability of such a 
micro crack, however, will depend on the imposed 


As suggested by Stroh, once a micro 


conditions of internal pressure within the crack and 
also on any imposed external stress. The effects of 
and combined 


internal pressure, external stress 


* As discussed by Low'!*), only hard precipitated particles 
may have sufficient shear strengths to permit a dislocation 
pile-up of the required number of dislocations for crack 
Initiation, 
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internal pressure and external stress on the stability 
of a micro crack are discussed below. 


EFFECT OF INTERNAL PRESSURE ON THE 
ENERGY OF A “STROH” CRACK 
The strain energy necessary for the formation of a 
“Stroh” crack of Burgers vector n’b and length C has 
been found to be:(® 
(n'PPGL 4R 
— (1) 
47(l—v) 
where n’, the strength, is the total number of coalesced 
edge dislocations, / is Burgers vector (for a dislocation 
of unit strength), G is the shear modulus, ZL is the 
length perpendicular to the plane of Fig. 1, the 
distance R is an upper limit of integration corre- 
sponding to grain or sample size and y is Poisson’s 
ratio. In order to determine the increase in the strain 
energy of a Stroh crack by internal pressure, P, it 
may be imagined that the pressure is increased 
slowly within the crack causing elastic deformation 
at the crack surface. At this surface, the stresses 
developed by the pile-up of edge dislocations reduce 
to zero; therefore,the work performed by the pressure, 
P. is simply additive to the strain energy given in 
equation (1). Since xn’), the maximum width of the 
it will be 


crack, is much smaller than the length, C, 
assumed that the pressure, P, exerts a stress on the 
“Stroh” crack walls perpendicular to the axis of 
symmetry of the crack. As shown in the appendix, 
the effect of the internal pressure leads to the addition 
of a shallow ellipse of minor semi-axis PC (1 — »)/2G 
to the “Stroh” crack contour. The total volume of 


the added ellipse is P(1 — v)LC?7/4G and the total 
work done by the pressure is 


P?z(1 


— v)LC?/84. (2) 


The factor of } results from the increase in pressure 
from zero to P as the ellipse is formed. The total 
strain energy of the expanded “Stroh” crack is the 
sum of equations (1) and (2): 

(n'PPGL 


= In —— + — (3) 
4n(l—v) 


STABILITY OF A MICRO CRACK UNDER 
INTERNAL PRESSURE 
As the length of the Stroh crack is increased, the 
total surface energy, 2yC L mayalsoincrease depending 
on the effect of pressure on the surface tension, y. 
The effect of this term on the crack length is introduced 
by a postulate initiated by Griffith’?®. The crack 
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should have a tendency to grow or shrink depending 
on whether the work done by the pressure during 
a small change in crack length is greater or less than 
the increase in strain and surface energy of the crack. 
A stable crack length therefore should correspond to 
a minimum value (with respect to a change in length 
at fixed pressure) of the expression U7 + 2yCL — PV, 
where V is the volume of the crack. A_ similar 
approach has been employed by de Kacinezy®) in 
discussing the growth of a disk-shaped crack under 
internal pressure in an external stress field. However, 
in this case, the effect of the pressure on the strain 
energy and crack volume at a fixed crack radius 
was neglected. An expression for the crack contour 
in the absence of internal pressure has been given 
by Stroh?®, From this expression and the results 
of the appendix, the volume of the crack becomes 


Pr(1 — v) LC? 
V = 4 nbLC (4) 


and the total energy of the micro crack becomes 


4R 
1— + 2yLC — 


47(1 — rv) 


P27(1 — v) LC? 
SG 
Pn'bLC 


(5) 
The critical crack length, C',, which corresponds to 
an unstable crack can be determined as 
differentiating relation (5) with respect to the crack 
length and equating to zero, one finds: 


follows: 


— v) 
(6) 


4G 2 


(Ep) 
For a stable crack length aCe > 0, which leads to 
n'bG 
PC < ——_. (7) 
a(l — v) 


The critical condition for instability is given by the 
simultaneous and PC = 
(n'bG)/|7(1 — v)], giving for the critical crack length: 


solution of relation (6) 


C. (8) 
— v)y 


By substituting relation (8) in PC = (n’bG)/[7(1 — yv)], 
the critical pressure becomes 


P.. = (9) 


n'b 
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and by eliminating »’ in (8) and (9) the relation 


between and becomes* 


(10) 


By substituting (8) and (9) in (5) the critical energy 
(E'7),./ L becomes 


C, 


A plot of the crack energy against the crack length 
as the pressure varies from P = Oto P = P.,. is shown 
in Fig. 2. The ordinate is — (F,),,|/L with 


units [Sa(1 — v)]/(n?b?G) ergs/em and the abscissa, 0, 
is the ratio C/C,,. The pressure is indicated by, p, 


which is the ratio P/P,,. The curve for P = 0, 
that is p= 0, shows the variation of the energy 
with crack length for a “Stroh” crack. The stable 
“Stroh” crack length, C,, corresponds to the crack 
length at the energy minimum. Stroh’® has shown 


* If it is assumed, as suggested recently by Cottrell”, that 
a micro crack forms at the intersection of two orthogonal 
slip lines, relation (10) remains unchanged. 
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Relationship between crack energy and crack length for a micro crack under internal pressure. 


this value to be: C, = — where yy 
is the surface tension of the pure material. 


“Stroh” crack the energy increases continuously 


For a 


beyond the minimum as the crack length increases. 
For P>0O 
minimum and except for P.,. or p = 1. 
through a maximum. The crack becomes unstable 
when P = P...or p = 1. 
continuously decreases with crack length and (C.,,. 


or p>, the energy goes through a 


it goes also 
For this pressure the energy 


which may be calculated from relation (8) is reached 
when 6=1. It is also possible to determine C,, 
substituting the relation for (, into 


4(y, y)C,. Although no 


cr 


by 
relation (8), 
physical significance is associated with the crack 


from (, 
giving ( 


length at the energy maximum, it may be observed 
that the crack becomes unstable when the values for 
crack length at the energy minimum and maximum 
approach one another. 

The relationship between the equilibrium crack 
length and P up to P.,, can be determined from 


relation (6) which reduces to: 
Pn'b 
2y(1 


2G Pn'b 

a(l — v)P? 2 4 
(11) 


= 
p= = 
cr 
P=0.7 
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6 8 Cas 
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Relationship between crack length and internal 
pressure. 
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The condition for real roots in relation (11) is 


Pn'b 


»)., 


< 


The change in equilibrium crack length with pressure 


becomes from relation (11) by setting 6 = C/C,, 
and p = P/P.. 
2p p/2)+ (1 p)'?]. (12) 


As indicated previously, only the minimum in the 
relationship between total energy change and crack 
therefore, only the negative 
The final 


length is of interest: 
sign need be examined in relation (12). 


relation thus becomes: 


= 2p{(1 — p/2) — (1 — (13) 


A graph of this relation is shown in Fig. 3, which 
shows that the crack length increases very rapidly 
as P approaches 

The above analysis shows that once a “Stroh” 
crack is formed, a sufficiently high internal pressure 
will promote self propagation even in the absence of 
external stresses. Hydrogen in solid solution in z-iron 
can provide a source of high pressure within existing 
“Stroh” cracks. 

As is generally known, hydrogen has been associated 
with the formation of internal cracks, normally 
referred to as flakes or hair-line cracks, in commercial 
steels and in samples purposely impregnated with 
hydrogen.-2® It is very likely that “‘Stroh’’ or 
“Cottrell” cracks in iron and steel can be initiated in 
several ways. Stresses developed during cooling from 
high temperatures or during phase transformations, 
particularly in segregated areas, may promote Stroh 
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cracks by a dislocation pile-up. Similarly, prestraining 
can promote Stroh crack formation. 

An estimate of the range of P... for self propagation 
of a “Stroh” crack in z-iron can be obtained for 
relation (10).* It is necessary, however, to determine 
first the dependence of the surface tension on hydrogen 
The change in surface tension can be 
calculated Gibbs adsorption 
equation, the Langmuir isotherm and Sieverts law 


pressure. 
by combining the 
as discussed by Petch®?!. For a diatomic molecule 


which disassociates the effective surface tension 
becomes 


a; a) 
70 


20 kT In [1 + (Af)? | (14) 


where [’, is the number of hydrogen molecules per unit 
area adsorbed at saturation on the crack surface, 
A isa constant. k and 7 have the usual meaning and f 
is the fugacity which may be determined from 
Sieverts law for hydrogen in iron. From the results 
of Phragmen‘?) and others,'?*) Sieverts law becomes 


3453 


(15) 


= 0.438 X exp 
where X is the concentration of hydrogen (lattice 
dissolved) in iron in em?/100g. Phragmen'??) also 
gives the following relationship between hydrogen 
concentration, pressure and temperature: 


3453 — 7.3 
T 


X = 6.35 x 10-?P'/? exp | ). 
(16) 


From relations (10), (14) and (15), the critical pressure 
for self propagation of a “Stroh” crack in iron and 
steel subjected to internal hydrogen pressure becomes 


P — 20 kT =| + 2.78 


» 
cr #0 


10-2Al/2P 1/2 exp (17) 


7.3 x 10-8P., 


In relation (17) n’ refers to the strength of a stable 
“Stroh” crack in iron and steel, that is the number of 
coalesced dislocations forming the crack, and, as will 
be shown later, a stable crack can contain no more 
than six dislocations. Thus by assuming »’ to be 
between five and three dislocations and inserting in 
relation (17) values of [, and A suggested by Petch®”, 
an estimate of the range of P.. can be calculated. 


Using a value of 1.6 « 108 ergs/cm? for y, as suggested 


* In polycrystalline iron such cracks may propagate only 
over limited distances because in traversing grain boundaries 
additional energy other than the surface energy may be 
required, 


is : 
[cer p=P / Per | 
— 
— 
= 
VO 
| 
19 
19) 
7 


by Stroh"®, the range in P.. at room temperature is 
found to be between 1.5 10! dyn/em? (1.53 104 
atm) and 2.2 « 10! dyn/em? (2.2 « 104 atm). From 
relation (16), the amount of hydrogen dissolved in 
z-iron at room temperature necessary to develop such 
pressures should be between 2.5 and 
13.5em? 100g (2 to 12 p.p.m.). 
where careful heat treating practices are employed to 


Except in cases 


minimize cooling stresses, hydrogen concentrations 

of this magnitude are found to produce profuse 

internal cracking in a variety of commercial steels.(7.2 
STABILITY OF A MICRO CRACK UNDER 
IMPOSED EXTERNAL TENSILE STRESS 

As shown by Stroh"®, the total crack energy under 


an external tensile stress becomes: 


(n'PPGL AR vy) L 
4r(1 — v) ( SG 
— 3 Ln'ob, sin OC (18) 


where o, is the component of the external stress 
normal to the major axis of the micro crack, o, is the 
stress component parallel to the major axis and @ is 
the angle between the plane of resolved maximum 
shear stress and the major axis of the micro crack. 
All other quantities have been defined previously. 
By differentiating relation (18) and examining for 
extreme values, the relation for the crack length 


becomes: 


\(4y — n’bo, sin 9) | 4)” 
v)(a," + 64°) 


(n’)2b2 1/2) 


2yn'bo, sin cos? 6 + o,) (19) 


The crack will become self-propagating when 
4y = nb\(o, a, sin (20) 
and the critical crack length becomes: 


sin 
— ¥) 


9 9 2 

[(o, + 95°) + 

(21) 

According to Stroh, # = cos! 4, a, = 0.186 o and 

a, — 0.389 o, where o is the externally applied tensile 
stress. Thus relation (21) reduces to 


C.. = (22 
a(1 


The critical stress for rupture in tension therefore 
becomes: 


= . 23) 


C.. = 
a(l — v)C.. 
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It is quite obvious that relation (23) for an equivalent 
crack length is analogous to the Griffith relation: 


1/2 


and differs from it only by a constant factor. <A 
similar relation is also found if the crack is initiated 
at the intersection of two orthagonal slip lines as 


suggested by Cottrell”. This relation becomes: 


Fer 
(1 


and differs by a constant factor from both the Stroh 
or Griffith relation. 

It is possible by employing relation (23) to determine 
from experimental results the variation of the critical 
crack length with grain size by assuming that o,, is 
equivalent to the stress at rupture. A comparison 
of C,, 
of Petch®” on mild steel specimens tested in simple 


and grain diameter is made from the results 
tension at —115°C. The values of the critical stress 
for rupture, obtained from the results of Petch for 
various grain diameters, and the computed critical 
lengths are given in Table 1. For these calculations, 
y is assumed as 1.6 10? ergs/em? and G as 10! 
dyn/cm. Only the results obtained on specimens free 
of hydrogen are discussed here. As may be observed 
from Table | the critical crack lengths computed are 
appreciably less than the grain diameter. It has been 
assumed at times in conjunction with the Griffith 
concept, that the critical crack length for self 
propagation may be of the order of one-half or one 
grain diameter.“®?) It should be mentioned that in 
the present analysis, the energy of plastic flow during 
crack propagation"®.2 has been omitted.* Therefore, 
for cases where appreciable plastic deformation occurs 
during crack propagation relation (23) as well as the 
Griffith and Cottrell relations underestimate the 
critical crack length. However, if the surface energy 
term is merely adjusted by a constant amount!!8.?#) 
a direct proportionality between the critical crack 


length and grain diameter, is still not found. 


STABILITY OF A MICRO CRACK UNDER 
INTERNAL PRESSURE AND EXTERNAL 
TENSILE STRESS 

Further insight into the mechanism of hydrogen 
embrittlement can be obtained by determining the 
combined effect of internal pressure and external 


* This assumption is reasonable if unstable cracks propagate 
only over one to two grain diameters and join other such 
cracks to complete total rupture. 
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TABLE 1. Critical crack lengths calculated from tensile test results at —115°C of Petch'?!’ on mild steel free of 
hydrogen and with 10 em*® H in 100 g Fe 


Free of hydrogen 


Grain dia, 
(em) 
(dyn/cm?) 


20 * 5. < 10° 
4.0 x 10- x 10° 
2.0 10- 9.62 x 10° 
10 x 10-3 08 x 19°° 
8.3 10 


* Computed from extrapolated values. 


stress on the conditions for instability of a micro 
crack. The total energy of a micro crack initiated by 
subjected to internal 


a dislocation pile-up and 


pressure and external stress becomes: 
4R 

= —— In — + 
— v) ( 


a(l — 


2yLC — Lo? 


In'bL(o, sin + P)C. (24) 


All quantities in relation (24) have been defined 
previously. By differentiating with respect to C’ and 
solving for extreme values, the critical crack length,? 
becomes 


4yG 


— v) 


cT 


(0.186 o2 + P?) + (0.186 67 


+ P2)V2 x (0.175 o, + P) (25) 
where o, is the external stress at fracture and P is 
the internal pressure. Critical crack lengths have been 
computed from this relation by using values of a, 
reported by Petch'?” on hydrogen-impregnated mild 
diameters tested 
The computed results are shown in 


steel samples of various grain 
at —115°C. 
Table 1. As reported by Petch, the samples contained 
about 10 em? of hydrogen per 100 g of iron (8 p.p.m.). 
The effective and were 
computed on the basis of this amount of hydrogen 
from relations (14) and (16), respectively. The extent 


surface tension pressure 


of plastic deformation during crack propagation is 
not known and therefore this factor has been omitted 
in the present analysis. 


+ Relation (24) is obtained from relation (18) by introducing 
a pressure term. 

* If a micro crack forms at the junction of two orthagonal 
slip lines,'!7) relation (25) becomes, 
Daft 
2yG 


a(l — v)(P? 


cr 

The difference between this relation and relation (25) is 
brought about by an orientation difference in the two cases 

between axial load and crack axis. 


With hydrogen 


Cer 
(dyn/cm?) (em) 


10° 5.99 x 10 
10° 5.96 10 
10° 95 « 10 
10° 5.94 10 
10° 5.93 10 
10° 5.90 « 10 


Two observations are of interest from the results 
of Table 1. The first is that for equivalent grain 
the crack lengths 
appreciably smaller than those in the absence of 
hydrogen. The that with 
hydrogen present, the critical crack size remains 


sizes, computed critical are 


second observation is 
constant as the grain size is changed. The fact that 
the critical crack length remains essentially constant 
with grain size indicates that the internal pressure is 
sufficiently high in the present case to propagate a 
newly formed Stroh crack without increasing the 
external stress greatly.§ 

From the results in Table 1, it is possible to estimate 
the number of dislocations (n’) coalesced to form a 
stable Stroh crack. The length of the stable crack 
must be smaller than all critical lengths given in 
Table 1. Thus, a stable Stroh crack must have a 
length less than 5.90 « 10-7 em. From the relation 
for the length of a stable Stroh crack, C, = (n’)*b?G/87 
(1 — v)y9. it is found for iron that »’ cannot be 
greater than six dislocations. This estimate is based, 
of course, on the assumption that the fracture 
strength values reported in Table 1 correspond to the 
critical stress values necessary for self propagation 
of micro cracks. A further assumption is that the 
degree of plastic deformation during crack propagation 
is nil. These assumptions are proper if complete 
rupture in a tensile specimen occurs by the joining of 
many cracks which propagated across one or at the 
most two grains. Under these conditions equation (25) 
may apply. In the event that appreciable plastic 
deformation occurs during crack propagation the 
number of dislocations coalesced in a stable crack 
should be appreciably greater than the number 
estimated here. 

An independent estimate and substantiation of the 
sub-microscopic nature of stable micro cracks has 


§ If the pressure decreases sharply as the crack becomes 
large, the external stress must be sufficient to completely 
rupture the sample. 


510 
Cer 
(em) 
3.83 x 10-4 4.56 » 
3.16 x. 10-* 5.57 
Bag 1.57 x 10-4 5.80 >» 7 
‘> 1.20 x 10-4 6.98 » 7 
9.34 10-5 7.70 7 
VO. 
19) 
my 
Le 
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been made by Straumanis'®®), In this work precise 
X-ray lattice and density deter- 
minations on cold-worked, high-purity aluminum 
were employed and the size of stable micro cracks 
has been estimated to be of the order of 3-4 atom 


measurements 


diameters. 

The approximate amount of hydrogen in solid 
solution in z-iron* necessary to cause a measurable 
degree of hydrogen embrittlement may be calculated 
from relation (25). Setting § = P/a,, the following is 
obtained from relation (25): 

= 

4yG 
— v)[(p? + 0.186) + + 0.186)"? (8 + 0.175)] 
(26) 


In analysing the change in oC, with / it should be 
pointed out that both o, and / cannot exceed certain 
limits. o,, as mentioned previously, cannot be less 
than the yield strength o, and f/f cannot exceed 
From relation (16) it can be shown‘??? 
that P,,,, cannot exceed 4.7 « 10!dyn/em?. By 
assuming for mild steel that o, = 3 = 10° dyn/cm?, 
6 has an upper limit of about sixteen. Up to p = 8, 
oC’, decreases rapidly, however, between / = 3 
and # = 16 the drop is quite small. As indicated 
from Table 1, impregnation with hydrogen decreases 
both o, and C’,,.. Therefore beyond 6 = 3 appreciable 
hydrogen embrittlement in iron and steel should be 
observed. Assuming a fracture stress of 5 « 10% 
dyn/cm? at 18°C for a medium grain-sized mild steel, 
it is found for # = 3, that the concentration of 
hydrogen in solid solution should be about 2 em?/100 g 
(2 p.p.m.). For this concentration and beyond a 
measurable degree of hydrogen embrittlement should 
be observed. Such a prediction is in good agreement 
with experimental observations? which indicate 
that ductility is reduced by an appreciable amount 
with hydrogen concentrations in excess of 2 em®/100 g. 

In estimating the lower limit of hydrogen concen- 
tration to produce embrittlement it has been assumed 
that the equilibrium hydrogen pressure in the iron 
lattice and in the newly formed micro cracks remains 
constant and can be calculated from relation (16). 
This would imply that it must be also assumed that 
the initiation of micro cracks must occur before any 
large amount of plastic deformation occurs. Recent 
results indicate that relation (16) does not apply for 
steels which are plastically deformed prior to hydrogen 


impregnation.'?6 For an equivalent amount of 


* Hydrogen segregated to dislocations is neglected in all 
computations in this paper. 


HYDROGEN AND 


STABILITY OF MICRO CRACKS 5ll 


hydrogen the equilibrium pressure — in 


cold-worked steels is found to be appreciably less 


dissolved 


than in annealed steels.°2® This observation agrees 
qualitatively with the results of recent limited tests 
showing that for hydrogen concentrations which 
would embrittle annealed steel samples severely, 
no embrittlement is found in samples cold-worked 
prior to hydrogen impregnation. 
SUMMARY 
This paper presents the results of an analysis of the 
effect of internal pressure resulting from the presence 
of occluded hydrogen on stability and propagation of 
“Stroh” or “Cottrell” cracks, first in the absence and 
An 


analysis of the stability of such a crack in the absence 


secondly in the presence of an external stress. 


of hydrogen, but with an imposed external stress, 
is also presented. 

In determining the stability of such a crack under a 
constant internal pressure, it is found that the crack 
becomes unstable when the pressure within the crack 
reaches a critical value. By use of the finding that the 
crack may be formed by the coalescence of five to three 
dislocations, it is computed that the critical pressure 
for self propagation is of the order of 1.5 « 101! 
2.2 « 10! dyn/em? (1.5 1042.2 « 104 atm). The 
amount of lattice dissolved hydrogen in z-iron at 
room temperature necessary to develop pressures of 
this magnitude varies from 2.5 to 13.5 em3/100¢ 
of iron (2 to 12 p.p.m.). In a variety of commercial 
steels, hydrogen concentrations within this range 
have been found to produce profuse internal cracking. 

The analysis presented in this paper, in conjunction 
with test results published by others, indicates that 
the critical 
decreased appreciably by the presence of hydrogen. 
If the hydrogen content and therefore the internal 
pressure is sufficiently great and remains constant, 


crack length for self-propagation is 


the critical crack length remains essentially constant 
as the grain diameter is decreased. It is shown in this 
case that the internal pressure is the controlling factor 
in determining rupture propagation. It is concluded 
that if the external stress is sufficient to 
a “Stroh” crack, then the internal pressure developed 
For steel 


with a medium grain size, appreciable hydrogen 


initiate 
by occluded hydrogen can cause rupture. 


embrittlement should be found with as little as 2 em? 
of hydrogen/100 g of iron (2 p.p.m.). 
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APPENDIX 


The change in shape of a micro crack under an imposed 
internal pressure may be determined as follows:'!!:27) 

For simplicity a crack of length 2 is assumed. Because of 
the symmetry of the problem it is only necessary to consider 
a semi-infinite elastic continuum. With reference to Fig. 4. 
the appropriate boundary conditions are 


(a) + y - 


(b) + 0 l<y-: 


ry 
(c) wu 0 ly] 0. 


Here 7,, and 7,, are components of stress, u is the 2 component 
of displacement and P is the pressure. The function 
X (x. y) M(t) cos ty(1 


tx)e~* dt/t® (A 1) 


satisfies V'y = 0 and is an Airy stress function. Here @ is 
as yet an unknown function of the dummy variable of integra- 
tion t. The expressions for 7,, and u which follow from this 
assumption for 7 are: 
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Fic. 4. Coordinate system employed in determining 
stability of micro crack subjected to internal pressure. 


| cos ty(1 tr) e 
0 


de. (A 2) 


Pox 
4G | M(t) cos ty(2 
0 


trje~™ dt/t. (A 3) 


The choice of ® satisfies the boundary condition b; moreover, 
it leads to stresses which approach zero as x becomes large. 
By applying the other two boundary conditions, the following 
pair of integral equations are found: 
rx 
M(t) cos ty dt P 

| M(t) cos ty dt/t 0 
0 


. 


This pair of coupled equations implies”® 


M(t) 


t/a | ped | P(l 
1 


. 


PJ, (t). 


(The relationship 2J,!(z) |zJ,(z)| has been used.) Here 
J, and J, are Bessel functions, and 4 and & are variables of 
integration. By substituting the expression for M into (A 3), 
it is found that 


x 
Gu (1 v)P [ J,(t) cos ty dt/t 


[Pd — 


ype oy: 
0. 
For a crack of length ce, 


v 
y?}} 2 for \y| < c/2. 


7 (A 6) 


Relation (A 6) corresponds to the elliptical shape mentioned 
in the text. Since a linear theory is assumed, this shape 
should be added to the original crack contour. The ex- 
pressions for the increase in strain energy and volume follow 
directly from this result. 
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UNTERSUCHUNG DES GLEITLINIENBILDES KUBISCH- 
FLACHENZENTRIERTER EINKRISTALLE* 


S. MADER und A. SEEGER+ 


Am Beispiel von Kupfer wird zunachst das sog. normale Gleitlinienbild kubisch—flachenzentrierter 
Metallkristalle besprochen. Als St6rungen werden vor allem Striemen und Knickbander beobachtet. 
Deren Auftreten wird als Funktion des Verformungsgrades, insbesondere in den Bereichen I, [IL und ITI 
der Verfestigungskurve, untersucht. Die Striemen erweisen sich als eine grobe Form der bei der sog. 
strukturierten Feingleitung des Bereichs II im Elektronenmikroskop zu beobachtenden Abgleitungsin- 
homogenitaten. Bei den Knickbandern hat man zwei Arten und auch zwei Entstehungsweisen zu 
unterscheiden. Von diesen tritt eine erst im Bereich III der Verfestigungskurve auf. Diese Knickbander 
sind eine Folgeerscheinung der thermisch aktivierten Quergleitung. Es wird gezeigt., dass sich auch die 
Fragmentierung (Zellbildung) verformter Kristalle als ein damit eng zusammenhangendes Phainomen 


verstehen lasst. 


ON THE SLIP LINE PATTERN OF FACE-CENTERED CUBIC METAL CRYSTALS 
Using copper as an example, the so-called normal slip line pattern of face-centred cubic metal crystals 
is discussed. The normal pattern is perturbed by the appearance of striae and kink bands. Their variation 


with strain is examined, particularly in relation to stages I, II, ILI of the stress-strain curve. The striae 
turn out to be a coarse form of the strain inhomogeneities, which are observed by the electron microscope 
in the *‘structurized fine slip” of stage II. Two different types of kink bands, associated with two modes of 


formation, have to be distinguished. One of these types occurs in stage III of the stress-strain curve only. 


It is a consequence of the thermally activated cross slip occurring in stage III. It is shown that the 


fragmentation (cell formation) of deformed crystals is a closely related phenomenon. 


SUR LE RESEAU DE LIGNES DE GLISSEMENT DANS LES MONOCRISTAUX CUBIQUES 
A FACES CENTREES 


Les auteurs discutent, en prenant le cuivre comme exemple, le réseau de lignes de glissement normal 
des cristaux métalliques cubiques a faces centrées. Ils observent comme perturbation surtout des 


“stries”’ et des “*kink-bands’’. Ils examinent leur apparition en fonction du degré de déformation, en par- 


ticulier dans les domaines I, IIT, III de la courbe tension-déformation, Ils montrent que les *‘stries’’ sont 


une forme grossiére des inhomogénéités de déformation que l'on observe au microscope électronique lors 


du glissement a structure fine du stade IT, Ils ont pu distinguer deux types différents de “*kink-bands” 


associées avec deux modes de formation. Un de ces types a lieu uniquement lors du troisiéme stade de la 


courbe tension-déformation. Ces ““kink-bands” sont une conséquence du glissement de cisaillement par 


activation thermique. Ils montrent que la fragmentation de cristaux déformés est une phénoméne 


étroitement lié. 


EINLEITUNG im beschrankten Gesichtsfeld) des Elektronenmi- 


In den letzten Jahren konnten viele Vorginge, die kroskops am haufigsten zu sehen ist.) Die Ergebnisse 


bei der plastischen Verformung von Metallkristallen yon anderen elektronenmikroskopischen Gleitlinien- 


ablaufen, aufgeklart und mit Hilfe der Versetzungs-  untersuchungen (z.B. Wilsdorf und Kuhlmann- 


theorie gedeutet werden. (Eine umfassende Darstel- Wilsdorf® und Noggle und Koehler), die haupt- 


lung der experimentellen Ergebnisse und der theore- — sichlich an Aluminium durchgefiihrt wurden, lassen 


tischen Deutung findet man an anderer Stelle.”)) — sich in die bei unseren Untersuchungen aufgefundenen 


Dabei erwies es sich als aufschlussreich, gleichzeitig Gesetzmiissigkeiten der normalen Gleitung einordnen: 


mit der Untersuchung der mechanischen Verfestigung diese sind also typisch fiir kubisch—flichenzentrierte 


lichtmikroskopische und elektronenmikroskopische Metalle. 
Beobachtungen tiber die Gleitlinienbildung anzu- Es lag deshalb nahe, auch die in der Literatur 


stellen. Bei der Untersuchung von Kupferkristallen hiufig besprochenen Stérungen der normalen Gleitung 


konnten auf diese Weise den verschiedenen Bereichen — in derselben Weise zu untersuchen und sie gegebenen- 


der Verfestigungskurve bestimmte typische Gleit- falls den verschiedenen Verfestigungsbereichen zuzu- 


linienbilder zugeordnet .werden;® im folgenden  ordnen. Nach Honeycombe® und Calnan“) unter- 


Abschnitt tiber die normale Gleitlinienbildung wird — scheidet man zwei Arten von Stérungen: die Striemen 


dariiber kurz berichtet. (Unter dem normalen (striae) genannten Oberfliichengebiete, in denen die 


Gleitlinienbild wollen wir dasjenige verstehen, welches — Gleitlinien des primirenGleitsystems nur sehr schwach 


ausgebildet sind und in denen auch bei unsymme- 


trischen Orientierungen starke sekundire Gleitspuren 


* Received June 30, 1959. 
- + Institut fur theoretische und angewandte Physik der  auftreten kénnen, und die erstmals von Cahn‘? 
Technischen Hochschule Stuttgart und Max-Planck-Institut 
fiir Metallforschung, Stuttgart, Deutschland. 
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beobachteten Knickbdnder. Dies sind Schichten im 
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verformten Kristall, die etwa senkrecht auf der Abgleitung 
Gleitrichtung stehen. Die durch die plastische © 02 04 os 10 
Dehnung  hervorgerufene Gitterdrehung ist in | 
den Knickbandern geringer als in den umgebenden —E 10 
Kristallbereichen; sie geben daher Anlass zu einem 2 | 
Asterismus der Laue-Reflexe, dereinerlokalen Drehung | i» 
des Gitters um die zur Gleitrichtung senkrechte 4 6 | a 
112)-Richtung entspricht. In den Knickbandern C28 
verlaufen Gleitlinien S-formig gekriimmt; jene sind 8 
dadurch im mikroskopischen Bild leicht zu erkennen. 2b 
Sie entstehen nicht nur als Folge von inhomogener —— 
Verformung etwa in der Nahe der Kristalleinspannung, | 
sondern sind vielmehr, wie im folgenden gezeigt wird, S 
eine natiirliche Folge der bei der Verformung auftre- a + £§ 
tenden Versetzungsbewegungen. Der Stand der 
“perimentelle oretische Tntersue se 
experimentellen und theoretischen Untersuchungen = 600 we 86 
iiber diese Fragen im Jahre 1958 wird von Seeger“? 29 = 
nfassend behandel se ee 
zusammenfassend behandelt. 
Eine in der vorliegenden Arbeit nicht experimentell 
at 
untersuchte, aber von verformten Vielkristallen her 2 <8 
wohl bekannte Erscheinung, die sog. Fragmentierung a 
oder Zellbildung, wird in der Diskussion mit behandelt . 
werden. Es zeigt sich dabei, dass auch sie, ahnlich wie ee 
die Knickbandbildung. eine natiirliche Konsequenz Fic. la(oben). Verfestigungskurven und Orientie- 
rungen der bei 7 = 293° K und 7 (Kristall 


der Versetzungsbewegung wahrend des Verformungs- 


vorganges ist. 


EXPERIMENTELLE METHODE 


Runde Einkristalle 99.98 Prozent 
wurden nach dem Bridgman-Verfahren in Graphit- 


tiegeln hergestellt; durch Verwendung von Impflin- 


aus Kupfer 


gen konnten mehrere Kristalle mit gleichen Orientie- 


rungen geziichtet werden. Sie wurden mit einer 
Abgleitgeschwindigkeit von etwa 3 10-4 


gedehnt. Die Verfestigungskurven zeigt Fig. I(a). 
Sie bestehen, wie Diehl et a/..%) bemerkten, aus drei 
Bereichen, die jeweils eine eigene Temperaturab- 
hangigkeit zeigen. Auf den linearen Bereich I (easy 


glide) folgt der ebenfalls lineare Bereich II mit 
maximalem und temperaturunabhingigem  Ver- 
festigungsanstieg; an diesen schliesst sich der Bereich 
III mit geringerem Verfestigungsanstieg an. Die 


Einsatzspannung von Bereich III steigt mit sinkender 
Temperatur; sie ist die zu ausgiebiger thermisch 
aktivierter Quergleitung erforderliche Mindestspan- 
nung.) 

Zur Untersuchung der Gleitlinienbildung in den 
einzelnen Verfestigungsbereichen erwies es sich als 
zweckmiassig, die Verfestigungskurve in kurzen Inter- 
vallen zu durchlaufen, wobei die Kristalle vor jedem 
Dadurch kann man 
Gleitlinien, die 


Intervall neu poliert wurden. 


einerseits die neu entstehenden 


C 14) gedehnten Kupfereinkristalle. 
Fic. Ilb(unten). Knickbanddichten der untersuchten 
Kristalle und Asterismus des bei 7) = 293° K gedehnten 
Kristalls C 14. 


“aktiven Gleitlinien”, sicher dem durchlaufenen 
Verfestigungsintervall zuordnen, andrerseits erhilt 
man fiir die elektronenmikroskopische Untersuchung 
iibersichtliche Bilder, da der Untergrund an Gleit- 
linien von der vorhergehenden Verformung fehlt. 
Teilweise wurde zwischen zwei Dehnungs-Intervallen 
nicht neu poliert; die Gleitlinien des gleichen Bereichs 
der Kristalloberfliche wurden dann am Ende der In- 
tervalle miteinander verglichen. So konnten die Er- 
gebnisse einzelner Intervalle zu einem Gesamtbild der 
aufgetretenen Gleitlinienerscheinungen zusammenge- 
fiigt werden. 

Die Kristalle wurden phosphorsiurehaltigen 
Badern elektrolytisch poliert. Fiir die elektronen- 
mikroskopische Untersuchung 
beschattete Kohleabdriicke verwendet.®.* 

Alle im folgenden 
bilder stammen von Kristallen der Orientierung C 14 
nach verschiedenen Verformungen bei Raumtempera- 
tur (ausgenommen Fig. 7). Die elektronenmikros- 
kopischen Bilder (Fig. 2, 3, 5 und 6) sind der Umge- 
bung des Scheitels der Gleitellipse entnommen; bei 
den lichtmikroskopischen Aufnahmen (Fig. 7-10) ist 
die Stabachse parallel zur kurzen Seite des Bildes. 


wurden palladium- 


wiedergegebenen Gleitlinien- 


Ty 

a 

VO} 

3 

Sex 
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Fic. 2. Gleichmassige Feingleitung im Bereich I der 
Verfestigungskurve entsprechend 0...9,4 Prozent 
Abgleitung. 15.000 


ELEKTRONENMIKROSKOPISCHE UNTER- 
SUCHUNG DER NORMALEN GLEITUNG 

Ein typisches Gleitlinienbild aus Bereich I zeigt 
Fig. 2; es ist zu charakterisieren als gleichmdssige 
Feingleitung. Die Gleitlinien 
Mittel etwa 0.6 mm: die Stufenhdhe ist sehr gering, 
sie entspricht im Mittel einem Gleitschritt von 12 
Die Gleitung breitet unbe- 


sind sehr lang. im 


Atomabstiinden. sich 
hindert iiber grosse Gebiete der Gleitebenen aus. 

Im Bereich IL entsteht dagegen eine strukturierte 
Gleitliniendichte 


Feingleitung, Fig. 3. Die lokale 


schwankt stark. Aus nacheinanderfolgenden Bildern 
des gleichen Oberflichenbereichs nach Abgleitungen 
von jeweils etwa 5 Prozent ist zu entnehmen, dass bei 
weiterer Verformung die Gleitung vornehmlich in den 
Gebieten stattfindet, die im vorhergehenden Intervall 
von Gleitlinien frei geblieben waren. Die Stufenhéhe 
der einzelnen Gleitlinien entspricht jetzt einem mitt- 
leren Gleitschritt von etwa zwanzig Atomabstinden. 
Sie ist unabhingig von der Grosse der Verformungs- 
intervalle: der Vergleich von nacheinanderfolgenden 
Bildern zeigt, dass die Stufenhéhe der einmal gebil- 
deten Gleitlinien nur selten spiter weiter wichst. Die 
Lange der bei zusitzlicher Verformung neu entstehen- 
den (aktiven) Gleitlinien nimmt mit 
Gesamtabgleitung ab. Fig. 4 zeigt am Beispiel von 


wachsender 
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Bereich 


Abgleitung. 


Fic. 3. Strukturierte Feingleitung im 
entsprechend 12.5...21.8  Prozent 
12.000 


Kristallen der Orientierung C 14 den linearen Zusam- 
menhang zwischen der reziproken Linge der aktiven 
Kristalls und der 


Gleitlinien auf dem Scheitel des 


Abgleitung. Bei gegebener Abgleitung wichst die 
Linge der Linien zur Seite des Kristalls hin auf etwa 
den doppelten Betrag an. Die aktiven Gleitlinien 
werden auch bei anderen kubisch—flichenzentrierten 
Kristallen mit wachsender Verformung kiirzer. In Fig. 
4 sind als weitere Beispiele Ergebnisse von Kron- 


miiller“® an Nickel- und Nickel — 20 Prozent Kobalt- 


Kinkristallen eingetragen. Schon Blewitt ef 
[ 
T = | 
rs) | | 
Ni, 7=90°K 

800} 


Reziproke Gleitlinieniange 
3 
@ 
| 
42 
Bo 
ad ©) 
c x ° 


0! 02 0.3 04 Oke 06 07 08 
Abgleitung 


Fic. 4. Reziproke Lange der aktiven Gleitlinien aufge- 


tragen tiber der Gesamtabgleitung am Ende der Deh- 
nungsintervalle, in denen sie neu entstanden sind, 


VOI 
7 OBO 
Ni 20 Co | 
T=90°K | 
= 


und Rebstock"?) hatten bei lichtmikroskopischen 
Dunkelfelduntersuchungen eine Gesetzmiissigkeit 
dieser Art gefunden. allerdings mit etwas anderen 
Parametern. 

Im Bereich IIT biindeln sich die neu entstehenden 
Gleitlinien zu Gleithdndern, wobei mit zunehmender 
Abgleitung immer hiaufiger und immer deutlicher 
Fig. 5. Bei 
entstehenden 
Gleithand- 
fragmente sind haiufig durch Quergleitung miteinander 
Die Stufenhdhe 


Gleitlinien wiachst im Gegensatz zum Bereich IL bis 


Spuren von Quergleitung auftreten, 


hohen Abgleitungen sind die neu 


Gleitbainder fragmentiert: die einzelnen 


verbunden, Fig. 6. der einzelnen 


auf etwa 100 Atomabstiinde. wiihrend die Linge der 


neu entstehenden Gleitlinien und auch die Lange 


der neu entstehenden Gleitbandfragmente weiterhin 
Die 


wenig langer als die einzelnen Gleitlinien. 


abnimmt. Gleitbandfragmente sind stets ein 


LICHTMIKROSKOPISCHE BEOBACHTUNGEN 
VON STORUNGEN DER NORMALEN 
GLEITUNG 

Die gegenseitigen Abstande und die Ausdehnung der 
gestérten Bereiche sind von einer solchen Gréssenord- 
nung. dass sie am zweckmiassigsten mit dem Licht- 
Dabei_ findet 


schon vom Ende des Bereichs I an Schwankungen der 


mikroskop untersucht werden. man 


; 


5. Gleitbander mit Quergleitung im Bereich IIT, 
. 47.5 Prozent Abgleitung. 6000 


Fic. 
entsprechend 38. . 
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értlichen Gleitliniendichte; besonders deutlich wer- 
den diese im Bereich II. Die bei der normalen Glei- 


tung des Bereichs II (strukturierte Feingleitung) 
beschriebenen Gebiete mit geringer Gleitliniendichte 
variieren sehr stark in ihren Ausmassen. Ihre Lange 
schwankt zwischen einigen 100 ~ und dem ganzen 
Kristallumfang, ihre Breite zwischen 10 und 100 
Die mittleren Abstiinde dieser Gebiete wachsen bei 
Kristallen mittlerer Orientierung (C 14) von etwa LOO 4 
am Ende von Bereich | bis auf etwa 500 u im Bereich 
III. Schliesslich bedecken die bei einer Zusatzdehnung 
neu entstehenden Gleitbinder den Kristall so gleich- 
miissig, dass keine gleitlinienfreie Gebiete mehr zu 
erkennen sind. In den grésseren Gebieten mit geringer 
Gleitliniendichte findet man vor allem auf den Ober- 
fichenbereichen ausserhalb des Scheitels Spuren von 
Gleitung. Es ergibt sich 


ausgiebiger sekundirer 


also ein stetiger Ubergang von der strukturierten 
Feingleitung zu den eingangs erwaihnten Striemen. Die 
sekundire Gleitung wird umso stiirker, je mehr sich die 
Orientierung der Stabachse der Svmmetralen | 100] 

{111} néhert. 


mittelorientierten 


Besonders auffillig ist die auch bei 


Kristallen auftretende Gleitung 


des Quergleitsvstems, die gelegentlich ein gleit- 


linienarmes Striemengebiet ausfillt, Fig. 7. Binder 
dieser Art 
Abstinde 


ihre gegenseitigen 


Wir 


sind jedoch selten, 


betragen etwa 5-10 mm. vermuten, 


\ > 
‘ 


Bereich III, 
~ SOOO 


Fic. 6. 
entsprechend 59. . 


Fragmentierte Gleitbander im 
.69 Prozent Abgleitung. 
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UND 


Fic. 7. Strukturierte Gleitung im Bereich Il; Striemen 
mit Gleitung auf der Quergleitebene, entsprechend 
43....59 Prozent Abgleitung bei 7 90 330 


dassdiese spezielle Art von sekundiarer Gleitung auf der 
geringen latenten Verfestigung des Quergleitsystems 
beruht; die Versetzungen dieses Systems kénnen 
diejenigen des primiren Gleitsystems ohne Sprung- 
bildung schneiden. Diese Gleitung ist also alhnlich wie 
die Quergleitung bei x-Messing“®) und in ihrem Wesen 
verschieden von der thermisch aktivierten Querglei- 
tung im Verfestigungsbereich III, bei der die Schrau- 
henanteile von Versetzungsringen des primaren 
Gleitsystems ihre Gleitebene verlassen. 

Die zweite Art von St6rungen sind Anickbdander. 
Wie eingangs erwihnt, sind sie mikroskopisch an 
dem S-formig gekriimmten Gleitlinienverlauf deutlich 
zu erkennen: eine schrige Auflichtbeleuchtung 
verstarkt ihren Kontrast, Fig. 8-10. Im Gegensatz zu 
den Gleitlinien treten nach Abpolieren und weiterem 
Verformen eines Kristalls die friiher vorhandenen 
Knickbinder wieder in Erscheinung wegen der mit 
ihnen verbundenen Gitterdrehung. In Fig. 1(b) ist die 
Dichte der Knickbinder, gezahlt lings der Gleitrich- 


tung, als Funktion der Abgleitung aufgetragen. Zur 


Ermittlung dieser Kurven wurden die Knickbander 


iiber mehrere cm des homogen verformten Mittelteils 
der Kristalle abgezihlt; die inhomogen verformten 
Gebiete in der Nahe der Einspannungen wurden nicht 


mitbeniitzt. Die Knickbanddichte lings der Stabachse 
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Gleitung im 


Abgle 


strukturierte 
Prozent 


Fic. 8. Knickband und 
Bereich entsprechend | 
tung, 330 
wurde dann mit Hilfe der bekannten Orientierung der 
Kristalle in die Dichte langs der Gleitrichtung 
umgerechnet. 

Die Kurven zeigen fiir Kristallorientierungen, die 
der Svmmetralen | 100|-{111]des Orientierungsdreiecks 
nicht benachbart sind. eine bemerkenswerte Ahnlich- 
keit zu den zugehorigen Verfestigungskurven (Fig. 1): 
besonders deutlich ist diese Ahnlichkeit bei dem bei 
90°K verformten Kristall der Orientierung C14. Im 
Bereich I entstehen nahezu keine Knickbinder. Im 
Bereich Il wachst die Knickbanddichte nur schwach. 
Nach Erreichen des Bereichs III steigt sie 
hohen Wert an. Der mittlere Abstand zwischen zwei 
Knickbandern ist 
Gleitbandfragmente auf der Seite des Kristalls. Bei 


auf einen 


nun etwa gleich der Linge der 


weiterer Verformung im Bereich III nimmt der mitt- 
lere Abstand der 
Mass. in dem die aktiven Gleitlinien auf der Seite des 


Knickbander weiter ab im selben 
Kristalls kiirzer werden. Er ist jedoch immer etwas 
die aktive Gleitlinienliinge bei derselben 
Abgleitung. 1(b) 
zeigt diese Verhialtnisse fiir die bei Raumtemperatur 
In Fig. 4 
auf dem 


orosser als 
als 


Kin Vergleich von Fig. 4 mit Fig. 


verformten Kristalle der Orientierung C 14. 


sind die Lingen der aktiven Gleitlinien 


Scheitel des Kristalls dargestellt. 
Seite etwa die doppelte Linge haben, miissen zum 


Da sie auf der 
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numerischen Vergleich von Fig. 4 mit Fig. 1(b) die 
Ordinatenwerte der Fig. 4 halbiert werden. 


Die bisher geschilderten Versuche beziehen sich auf 


Kupferkristalle. An Aluminium liegen in der Literatur 
zahlreiche Beobachtungen vor. die zum gréssten Teil 
Verformung bei Raumtemperatur angestellt 
Da in diesem Falle der Bereich IIL schon bei 
der 


nach 
wurden. 
bevor 


Verformungsgraden  einsetzt, 


kann. 


geringen 
Bereich II sich ausbilden lassen sich diese 
Beobachtungen nicht in aihnlich eindeutiger Weise der 
Verfestigungskurve zuordnen. Deshalb untersuchten 
wir Aluminiumkristalle nach einer Verformung bei 
90°K. bei der die Verfestigungskurve ahnlich verlauft 
wie bei Kupfer. Die beobachteten Knickbanddichten 
wiesen die gleiche Korrelation zur Verfestigungskurve 
auf wie im Falle von Kupfer. 

Die im Bereich II entstehenden Knickbiander 
variieren in ihrer Lange zwischen 100 ~ und dem 
halben Kristallumfang. Die lingsten erstrecken sich 
vom einen Scheitel des Kristalls zu dem gegeniiberlie- 
gendenScheitel und verlaufen dort. wo sie die Seite des 
Kristalls iiberqueren, durch ein Gebiet mit ausgiebiger 
Gleitung auf sekundiren Gleitsvstemen. Sie sind 
zunachst schmal und bei etwa 500 fach vergréssernder 


3etrachtung geradlinig. d.h. sie erscheinen auf dem 


Fic. 9. Knickbander und Gleitbander im Bereich IIT 

entsprechend 39...51,5 Prozent Abgleitung. Das 

breite Knickband war schon im Bereich II entstanden. 
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Kristall als Schnittlinie der Oberfliche mit einer bei 
dieser Vergrésserung gut definierten Ebene, Fig. 8. 
Ein Teil dieser Bander wird bei der weiteren Verfor- 
mung im Bereich III ausserordentlich breit und zeigt 
im Inneren deutliche Spuren von sekundirer Gleitung, 
Im Gegensatz dazu sind die im Bereich III 
etwa 


Fig. 9. 


entstehenden Knickbander sehr schmal, nur 
100 u—200 uw lang, gewellt und oft durch Verzweigungen 
miteinander Fig. 10. Man 

hinsichtlich des mikroskopischen  Bildes 


diesen beiden Arten von Knickbindern unterscheiden, 


verbunden, muss also 


zwischen 


die in verschiedenen Verfestigungsbereichen und, wie 
spiter gezeigt wird, aus verschiedenen Ursachen 
entstehen. Fig. 9 zeigt beide Knickband-Typen. Das 
(im Bild steiler verlaufende) starke Knickband hatte 
sich schon im Bereich II gebildet. Seine Ebene hat an 
der mit der weiteren Abgleitung verkniipften Gitter- 
drehung teilgenommen und ist geneigt gegen die 
Ebene der im Bereich II] entstandenen schmiileren 
Knickbander. 

Bei Kristallorientierungen nahe der Svmmetralen 
{100]-[111], die schon von Anfang an auf zwei gleich- 
berechtigten Systemen gleiten oder nach geringer 
Dehnung bilden sich oft 


striemenartige. d.h. von einer der beiden mdglichen 


Doppelgleitung zeigen, 


Jp 
Knickbander und Gleitbander im Bereich ITT, 
«330 


Fic. 10. 
entsprechend 51,5... 66 Prozent Abgleitung. 
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Gleitebenenscharen Schichten aus. Im 
Inneren dieser Schichten erfolgt die Gleitung ent- 


weder auf dem System mit der zur Berandungsebene 


begrenzte 


parallelen Gleitebene oder auf dem dazu konjugierten 
System (Binder zweiter Gleichung). In dem erst- 
genannten Fall der Striemen mit primiirer Gleitung 
sind in den Striemen ebenfalls Knickbander sichtbar 
mit einer Dichte, die vergleichbar ist mit der bei 
unsymmetrisch orientierten Kristallen gefundenen 
Knickbanddichte. 

Von den Kristallen der Orientierung C14 wurden 


nach verschiedenen Dehnungen Laue-Aufnahmen 
gemacht. Die Reflexe vergréssern sich mit zuneh- 


mender Verformung vor allem in einer Richtung, die 
(im Rahmen der Genauigkeit, mit der die unfokussier- 
ten Riickstrahlaufnahmen ausgewertet werden konn- 
ten) einer Drehung einzelner Kristallbereiche um die 
zur Gleitrichtung senkrechte (112)-Richtung zugeord- 
net werden kann. Der Betrag dieser Drehung ist 
ebenfalls in Fig. 1(b) eingetragen (gestrichelte Kurve) ; 
er verliuft von der Abgleitung 
ihnlich wie die 
der Reflexe in 
Hauptasterismus zeigt denselben Gang wie die in Fig. 


in Abhangigkeit 
Knickbanddichte. Die Vergrésserung 
anderen Richtungen als der des 
1(b) eingetragene Drehung, sie erreicht aber nur etwa 
ein Viertel des Betrags derselben. Die Kriimmung 
der Gleitlinien entspricht, soweit sie mikroskopisch 
aufgelést werden konnte, einer Gitterdrehung in den 
Knickbandern nach Fig. 12(c). 


DISKUSSION 

Gleitlinien von kubisch-flichenzentrierten Metallen 
wurden bisher am ausfiihrlichsten auf Aluminium- 
Kristallen untersucht.%.* Will man die Ergebnisse 
von Aluminium mit den vorliegenden von Kupfer 
vergleichen, so ist zu beachten, dass die Verfestigungs- 
kurven von Kupfer bei Raumtemperatur ahnlich sind 
denjenigen von Aluminium bei tiefen Temperaturen. 
Dementsprechend miissen die Gleitlinienbilder von 
Kupfer mit den Untersuchungen von Noggle und 
Koehler verglichen werden, 78°K auf 
Aluminiumkristallen in den Bereichen I und II nur 
Feingleitung und im Bereich IIT schmale Gleit binder 
finden. Die Stufenhéhen sind in derselben Gréssenord- 


die bei 


nung wie die hier fiir Kupfer angegebenen. Die 
ausfiihrlichen Untersuchungen von Wilsdorf und 


Kuhlmann-Wilsdorf® iiber die bei Raumtemperatur 
auf Aluminium gebildeten Gleitlinien zeigen einige 
Ziige der bei Kupfer im Bereich III beobachteten 
Biindelung der Gleitlinien zu 
Dies ist nach dem 


Gleitung, néamlich 
Gleitbindern und Quergleitung. 
Verfestigungsverhalten von Aluminium zu erwarten, 
denn bei Raumtemperatur ist bei den meisten Kristall- 
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orientierungen die Einsatzspannung von Bereich III 
so klein, dass sich dieser Bereich unmittelbar an das 
Es gibt allerdings 


Ende von Bereich I anschliesst. 


quantitative Unterschiede; die Gleitbinder sind 
bei Aluminium bei Raumtemperatur aus einer 
grésseren Zahl einzelner Gleitlinien aufgebaut; die 


Stufenh6he der einzelnen Gleitlinien ist gr6Ber als 
bei Kupfer und die Gleitbander sind 


dass die bei Kupfer stark auffallende Fragmentierung 


langer, so 


der Gleitbainder auf elektronenmikroskopischen Auf- 
nahmen von Aluminium kaum in Erscheinung tritt. 
Quergleitungsspuren wurden auf Aluminium-Kris- 
tallen nicht in allen Fallen beobachtet.?:* Dies mag 
auf der Tatsache beruhen, dass diese Spuren sehr 
schwach sind und, wie unsere eigenen Erfahrungen bei 
Kupfer zeigten, oft nur bei giinstiger Auswahl der Be- 
schattungsrichtung einen nachweisbaren Bildkontrast 
ergeben. 

Der Gleichartigkeit der normalen Gleitlinienbildung 
von Kupfer und Aluminium bei tiefen Temperaturen 
entsprechen analoge Beobachtungen der Gleitstérun- 
gen. Miiller und Leibfried“® beobachten auf Alumin- 
ium-Kristallen, die bei SO°K um 12 Prozent gedehnt 
worden waren, Knickbanddichten von 300-400/cm. 

Uber den Asterismus, der ein Indiz fiir das Vorhan- 
densein von Knickbandern ist, liegen an verschieden 
stark gedehnten Aluminiumeinkristallen Untersu- 
chungen von Lange und Liicke”® (bei Raumtempera- 
tur) und von Staubwasser"® (bei Raumtemperatur 
und —195°C) vor. Es zeigt sich, dass bei beiden unter- 
Verformungstemperaturen der Asterismus 
3ereichs III in ahnlicher Weise 
wie bei Kupfer anwichst—vergl. Fig. 11 in Zit."® 
und Fig. 90 in Zit” mit der in unserer Fig. 1b einge- 
teichneten gestrichelten, sich auf Kupfer (bei Raum- 


suchten 


nach Ejinsetzen des 


zemperatur verformt) beziehenden Kurve. 
Eine mikroskopische Unter- 


suchung der bei Raumtemperatur auf verformten 


sehr ausfiihrliche 


Aluminium-Kristallen auftretenden Gleitst6rungen, 
der mit ihnen verbundenen Veranderungen der Laue- 
Reflexe sowie ihrer Abhangigkeit von der Kristall- 
orientierung gaben Jaoul et al.“” Vom Verformungs- 
beginn an bilden sich breite Knickbiander, die hinsicht- 
lich ihres mikroskopischen Bildes denen ahnlich sind, 
die sich bei Kupfer vor Erreichen des Bereichs III 
bilden, Fig. 8 und 9. Nach Einsetzen des Bereichs II 
finden Jaoul et al. auf Aluminium-Kristallen mikros- 
kopisch schwach sichtbare Knickbander  (micro- 
pliages), die den von uns dem Bereich III zugeord- 
neten Knickbiandern entsprechen und die bei Kupfer 


die iiberwiegende Mehrzahl aller vorhandenen Knick- 


binder ausmachen, Allerdings konnte die von Jaoul 
Gitterdrehung 


et al. beobachtete innerhalb der 
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‘““micropliages’, die—im Gegensatz zur Drehung in den 
grosseren Knickbiandern-—stérker ist als in den umge- 
benden Kristallbereichen, in unserem Fall nicht auf- 
gefunden werden: wihrend wir aus der Laue-Auf- 
nahme keine eindeutigen Schliisse ziehen konnten. 
weist die Kriimmung der Gleitlinien in denschwacheren 
Knickbandern darauf hin, dass die Orientierungs- 
ainderung auch in den schwachen Knickbandern 
hinter derjenigen der Matrix zuriickbleibt. 
Eine Deutung 
genden Befunde kniipft an die Theorie der Verfesti- 


versetzungstheoretische der vorlie- 
gung kubisch-flichenzentrierter Kristalle an.“) Da- 
nach entstehen im Verfestigungsbereich II durch 
Versetzungsbewegungen in sekundiren Gleitsystemen 
auf den Hauptgleitebenen eine zunehmende Anzahl 
von Lomer-Cottrell-Versetzungen, die die Haupt- 
gleitebenen lings 110)-Richtungen durchziehen, und 
die die Laufwege der aus einer Quelle kommenden 
Versetzungen begrenzen. Es bilden sich Gleitzonen 
aus, die von Lomer—Cottrell-Versetzungen begrenzt 
sind und an deren Rand diejenigen Versetzungen 
aufgestaut sind, die die Gleitung innerhalb der Zone 
bewerkstelligt haben. 

Gleitlinien sind, wie Fig. 11(a)zeigt, dieSchnittlinien 
dieser Gleitzonen mit der Kristalloberflache: die 
Stufenhéhe der Gleitlinien ist gleich der Anzahl der 
innerhalb der Gleitzonenaufgestauten Versetzungen, in 
unserem Fall also etwa zwanzig. Auf dem Scheitel des 
Kristalls sind die Stufenanteile der Versetzungsringe 


aus dem Kristall ausgetreten, vom Ende einer Gleitlinie 


aus erstrecken sich die Schraubenanteile in den 
Kristall hinein, auf der Seite des Kristalls entspre- 
chend die Stufenanteile. Aus dem Verhaltnis der 


Gleitlinienlangen auf dem Scheitel und auf der Seite 
(etwa 1:2)schliesst man auf die in Fig. 11(a)dargestellte 
Form der Zonen. 

Die mit wachsender Verformung steigende Dichte 
der Lomer—Cottrell-Versetzungen bewirkt, dass die 
neu entstehenden Gleitzonen immer kleiner werden 
und die Lange der aktiven Gleitlinien abnimmt. Die 
damit verbundene Zunahme der Dichte von aufge- 
stauten Versetzungsgruppen ist verantwortlich fiir den 
Anstieg der Verfestigung. Bisher liegen iiber Gleitli- 
nienlingen nur wenige systematische elektronen- 
mikroskopische Messungen vor, obwohl aus ihnen und 
aus Messungen der Stufenhéhen die Dichte der aufge- 
stauten Gruppen und die Anzahl der sie aufbauenden 
Versetzungen bestimmt werden kann. Wie am vor- 
liegenden Beispiel von Kupfer®> und weiterhin an 
Nickel- und Nickel—Kobalt-Legierungen”® gezeigt 
wurde, erhalt man aus Gleitliniendaten eine gute 
Ubereinstimmung mit dem mechanisch gemessenen 


Verfestigungsanstieg im Bereich II. 
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Fic. 11. Gleitzonen im verformten Kristall: (a) in einer 

einzelnen Gleitebene. (b) in zwei benachbarten Gleit- 

ebenen, (c) nach Annihilation der Schraubenverset- 
zungen durch Quergleitung. 


Im Bereich III reicht bei gegebener Temperatur die 
Spannung aus, um ausgiebige Quergleitung einzu- 
leiten. Diese iibertrigt nach dem Modell der doppel- 
ten Quergleitung die Gleitung von einer Gleitzone zu 
der benachbarten in einem Gleitband.“.® Die Fig. 11 
und 12 zeigen schematisch die Vorginge, die sich 
weiterhin im Bereich III abspielen. In Fig. 12 ist die 
Aufsicht auf die Seitenfliche mit den Projektionen 
(nicht den Austrittspunkten) der Stufenanteile einiger 
Gleitzonen dargestellt. In Fig. 11(b) sind zuniachst 
zwei benachbarte Gleitebenen mit ihren Gleitzonen 
wiedergegeben. Die Gleitzonen A, B und C ergeben 
auf der Oberflaiche die Gleitlinien aa’, 
Befinden sich nun A und C bzw. B und D in einer 


bh’ und cc’. 


solchen gegenseitigen Lage. dass die Schraubenanteile 
verschiedenen Vorzeichens einander gegentiberliegen, 
so kénnen diese sich nach Quergleitung (wenigstens 
teilweise) annihilieren, Fig. 11(c). Auf der Scheitel- 
fliche entsteht eine Quergleitlinie ac’. Die Riick- 
spannungen auf die Versetzungsquellen der Gleitzo- 
nen werden unter Umstianden verringert, so dass sie 


Fic. 12. Bildung von Knickbandern im Gefolge der 

Quergleitung. (a), (b) u. (c) zeigen die Stufenverset- 

zungen der entsprechenden Gleitzonen von Fig. 11. 
Teilfigur (c): Keim eines Knickbandes. 
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neue Versetzungen liefern kénnen. Dadurch wachsen 
einzelne Gleitstufen weiter. 

Die Seitenansicht von Fig. 12(c) zeigt, dass jetzt auf 
der Hauptgleitebene ein Uberschuss von Stufenverset- 
zungen zuriickgeblieben ist. Diese kénnen in senk- 
rechten Versetzungswinden angeordnet sein oder 
nach kurzen Gleitbewegungen eine solche energetisch 
Wie aus Fig. 12(c) 


hervorgeht, entsteht dann gerade der Keim eines 


giinstige Anordnung erreichen. 


Knickbandes. 
bandkeime kénnen nun wenigstens teilweise die Rolle 
der Lomer—Cottrell-Versetzungen iibernehmen, die 
Laufwege der Stufenanteile von neu entstehenden 


Die Spannungsfelder dieser Knick- 


Gleitzonen begrenzen und dadurch ihrerseits senkrecht 
zur Gleitebene wachsen. Die Verhiiltnisse sind 
aihnlich wie in dem Modell von Frank und Stroh“®) fiir 
das seitliche Wachsen eines Knickbandes. Da aber die 
Knickbandabstande stets etwas grésser sind als 
mittlere Linge der einzelnen aktiven Gleitlinien, 
spielen fiir die Begrenzung der Stufenlaufwege auch 
weiterhin Lomer—Cottrell-Versetzungen eine Rolle. 

Bevor wir weitere Konsequenzen der im Vorstehen- 
den behandelten Prozesse, insbesondere fiir die “*Frag- 


mentierung’ der Kristalle, besprechen, wenden wir 


uns der Diskussion der im Bereich I und II der Ver- 
festigungskurve entstehenden Knickbandern zu. Im 
Gegensatz zu Bereich III entstehen hier die Knick- 
binder wohl als Folge von 
Versetzungsgrundstruktur. Wie Staubwasser"® ge- 
zeigt hat, bilden sich zunichst einfache Versetzungs- 
wiinde von der Art der Kleinwinkelkorngrenzen. Aus 
ihnen entstehen spiter Knickbinder. Miiller“® unter- 
suchte die dabei méglichen Entstehungsmechanismen 
und zeigte, dass zur Stabilisierung solcher Anord- 
nungen Versetzungsbewegungen auf sekundiren Gleit- 
systemen, sog. Ergiinzungsgleitung, notwendig ist. 
Die sekundire Gleitung, die in dem aus dem Bereich 
II stammenden Knickband der Fig. 9 sichtbar ist, 
diirfte wohl als Erginzungsgleitung zu deuten sein. 

Bei der Diskussion der Knickbandbildung — in 
Bereich III als Folge der Quergleitung haben wir unter- 
sucht, was mit den Stufenversetzungen geschieht, die 
nach der Quergleitung der Schraubenversetzungen in 
der primiiren Gleitebene zuriickbleiben, und dabei 
gefunden, dass sie wohl zu der beobachteten verstirk- 
ten Knickbandbildung Anlass geben. Wie Fig. 13 
zeigt, hinterlisst die Quergleitung der Schrauben- 
in der Quergleitebene 

Zusammenhang der 


versetzungen jedoch auch 

Stufenversetzungen, die den 
durch Quergleitung entwichenen Schraubenversetzun- 
gen mit den in der primiren Gleitebene zuriickge- 
bliebenen Versetzungsteilen einer Gleitzone herstellen. 


Die Stufenversetzungen in den Quergleitebenen haben 


GLEITLINIEN 


Schwankungen der 


EINKRISTALLEN 


AUF KFZ. 


Bewegungsrichtung der ¢ 
Schraubenversetzungen 


lo 


Fig. 13. Zellbildung im Gefolge der Quergleitung. 


in grosser Naherung eine Anordnung, wie sie in sog. 
unsvmmetrischen Kleinwinkelkorngrenzen auftritt. 
Es ist zu erwarten, dass das mit dieser Anordnung 
verkniipfte weitreichende Spannungsfeld durch 
“Erginzungsgleitung”’ auf latenten Gleitsystemen, wie 
sie in Miiller 


betrachtet hat, abgebaut wird. Auf diese Weise bilden 


etwas anderem Zusammenhang 
sich unsymmetrische Kleinwinkelkorngrenzen. Der 
Durchmesser der von ihnen begrenzten “Subkérner” 
ist von der Gréssenordnung der Gleitzonendurchmesser 
und damit der Gleitlinienlange. 

Die Bildung solcher Subkérner, auch Zellbildung 
oder Fragmentierung genannt, ist von einer grossen 
Zahl von Vielkristallen 
untersucht worden, und zwar vor allem mit réntgeno- 


Autoren verformten 
graphischen oder metallographischen Verfahren. Eine 
ausfiihrliche Zusammenfassung hieriiber gibt Hirsch®), 
detaillierte 
In neuerer Zeit sind derartige 
Zellen vor 


allem in verformtem Aluminium Elektronen- 


so dass wir auf Literaturangaben 
verzichten kénnen. 
von Versetzungswinden —begrenzte 
mikroskop in direkter Durchstrahlung beobachtet 
worden.) 

Wir sind der Auffassung, dass die 
Wande durch den in Fig. 13 dargestellten, mit der 


3ildung dieser 


Quergleitung zusammernhingenden Mechanismus er- 
folgt. Die empirischen Argumente fiir diese Auffassung 
sind schon friither diskutiert worden: (i) Das Auftreten 
der Zellbildung — bei Metallen und 


Temperaturen geht Hiufigkeit der 


verschiedenen 
parallel zur 
Quergleitung.'*”) Sie lasst sich dagegen nicht mit dem 
Klettern der Stufenversetzungen korrelieren, das 
man moglicherweise als geschwindigkeitsbestimmend 
fiir die Zellbildung (ahnlich wie bei der Polygonisier- 
ung) ansehen kénnte. (ii) Der vorgeschlagene Mecha- 
nismus erklirt zwanglos die von Kelly) sowie von 
Gay et al.*) gefundene Variation der Zelldurchmesser 
mit dem Verformungsgrad. 
SCHLUSSBEMERKUNGEN 


Die beiden Hauptergebnisse der vorliegenden Arbeit 


sind die folgenden: 


at 
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VOL. 
8 
1960 


(1) Die “sekundiren” Erscheinungen des Gleit- 
linienbildes verformter kubisch—flachenzentrierter Ein- 
kristalle, die meist als St6rungen des “normalen” 
Gleitlinienbildes beschrieben werden, hingen gesetz- 
massig mit dem normalen Gleitlinienbild und damit 
mit dem Verfestigungs- und Verformungsmechanismus 
in den drei Bereichen der Verfestigungskurve zusam- 
men. Insbesondere wurde gezeigt, dass man zwei 
verschiedene Entstehungsweisen der Knickbander zu 
betrachten hat. Wahrend in den Bereichen I und II 
verhaltnismissig starke, aber seltene Knickbiander 
wohl aus Kleinwinkelkorngrenzen entstehen, sind die 
schwacheren, aber sehr zahlreichen in Teil II zu 
beobachtenden Knickbander eine direkte Folge der im 
Bereich III einsetzenden thermisch aktivierten Quer- 
gleitung. Auch das Auftreten des Asterismus ist mit 
dieser Deutung im Einklang. 

(2) Mit der Quergleitung und der Knickbandbildung 
in Bereich II List in direkter Weise auch die Bildung von 
Kleinwinkelkorngrenzen verkniipft. Diese Erschei- 
nung ist wohl fiir die von Vielkristalluntersuchungen 
her wohlbekannte Fragmentierung der Kristallite 
(“Zellbildung”. “Subkornbildung’’) 
Damit ist auch diese Erscheinung als eine zwangs- 
laufige Konsequenz des Verformungsvorgangs (speziell 
der thermisch aktivierten Quergleitung) erklart. 


verantwortlich. 
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SULFUR SEGREGATION AT z-IRON GRAIN BOUNDARIES—I* 


N. G. AINSLIE, R. E. HOFFMAN and A. U. SEYBOLT+ 


Radioactive sulfur has been introduced simultaneously into single crystal and polyerystal specimens 
of high purity alpha iron by reaction with H,S. After lengthy annealing and rapid quenching, the poly- 
crystals are found to contain 50-100 per cent more sulfur than the single crystals, and the excess sulfur in the 


polycrystals is found to be concentrated at the grain boundaries. All available evidence indicates that 


the sulfur was in solid solution at the equilibration temperature, although the amount of sulfur segregated 
at the boundaries is much greater than can be accounted for on the basis of equilibrium adsorption, 


DANS LES JOINTS DE GRAINS DU FER z—I 


SEGREGATION DU SOUFRE 

Du soufre radioactif a été introduit par réaction avec H,S, simultanément dans des échantillons mono 
et polyerystallins de fer x de haute pureté, Aprés recuit prolongé et trempe rapide, les échantillons 
polycristallins contiennent 50—-100°, plus de soufre que les monocristaux; l’excédent du soufre dans les 


polycristaux était concentré aux limites des grains. Toutes les données disponibles indiquent que le 


soufre était en solution solide a la température d’équilibre, malgré que la quantité de soufre ségrégée 


aux frontiéres est considérablement plus grande que celle & laquelle on pourrait s’attendre sur la base 


d’équilibre d’adsorption. 


KORNGRENZENAUSSCHEIDUNG VON SCHWEFEL IN x«-EISEN—I 


Durch Reaktion mit H,S wurde radioaktiver Schwefel in Einkristalle und in vielkristalline Proben aus 
4-Eisen hoher Reinheit eingefiihrt. Nach langerem Gliihen und raschem Abschrecken fanden sich in den 
vielkristallinen Proben 50—-100°4 mehr Schwefel als in den Einkristallen. Der iiberschiissige Schwefel 
war in den vielkristallinen Proben an den Korngrenzen angereichert. Alle Befunde weisen darauf 
hin, da8 der Schwefel bei der Gliihtemperatur in fester Lésung war, obwohl der Betrag des an den 
Korngrenzen ausgeschiedenen Schwefels viel gréBer ist, als man auf Grund der Gleichgewichts- 


adsorption annehem wiirde, 


INTRODUCTION of Maroun ef al. on the basis that the extent of 


The possibility of solute adsorption at grain segregation measured by Thomas and Chalmers is too 


boundaries in metals has been recognized for a long — great to be due to an equilibrium adsorption. 


time, and numerous attempts have been made to Recently, Inman and Tipler demonstrated the 


demonstrate the existence of such segregation in a presence of excess radioactive phosphorus at grain 


wide variety of systems. However, much of the boundary fracture surfaces of z-iron. Their conclusion 


evidence is rather indirect, largely because the excess that this excess was due to equilibrium adsorption 


amount of solute that can exist as an equilibrium has been criticized by Cahn and Hilliard who showed 


segregate is usually so small that quantitative that the observed amount of excess phosphorus was 


measurements, or even detection, are difficult. at least an order of magnitude greater than the 


Within the past several years direct quantitative © maximum amount calculated from the Gibbs adsorp- 


measurements of boundary segregation, obtained tion equation. Asa result of subsequent identification 


using special techniques, have been reported and of precipitate particles at the fracture surfaces, 


interpreted in terms of equilibrium adsorption. Inman and Tipler‘ modified their position and 
Thomas and Chalmers” showed autoradiographic concluded that most of the previously observed excess 
evidence of the enrichment of radioactive polonium, phosphorus was probably present in the form of 


present in very small concentration, at tilt boundaries — compounds with foreign elements. 


in lead—bismuth bicrystals. However, Maroun ef al.“, In experiments on internal friction Lagerberg and 


attempting to duplicate these results were able to Josefson'?) observed that the carbon damping peak 


find segregation at the intersection of boundaries with — of x-iron was smaller in fine grained than in coarse 


the free surface, but not at internal boundaries. They — grained specimens having the same total carbon 


suggested that the segregation observed by Thomas content. Since the height of the damping peak is 


and Chalmers may have been the result of preferential — presumed proportional only to the amount of carbon 


diffusion of polonium along the boundaries to form an _— dissolved in the lattice, they concluded that the fine 


oxide on the surface. Ward® favors the interpretation grained specimens, because of more total grain 
boundary area than in the coarse grained specimens, 


* Received August 3, 1959. 

+ General Electric Research Laboratory, Schenectady, New 
York. The work is being submitted to Rensselaer Poly- grain boundaries. However, Stark ef al.) have 
technic Institute by N. G. Ainslie in partial fulfillment of the ~ 
requirements for the degree of Doctor of Philosophy. 
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were adsorbing greater amounts of carbon at the 


presented evidence which indicates that a significant 
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amount of carbide precipitation may occur during 
even the most rapid quenches from the solution 


temperature, and they interpret the observations of 


Lagerberg and Josefson as indicating only that more 
extensive carbide precipitation occurred in the fine- 
grained than in the coarse-grained material. 
Preliminary autoradiographic evidence for enrich- 
ment of radioactive sulfur in x-iron has been reported 
in a previous publication.“ The object of the current 
the of this 


segregation under carefully controlled conditions in 


investigation was to examine nature 
During the course of this 
of the 


similar investigation by Leymonie ef al." who found 


order to establish its origin. 


work. we also became aware results of a 


grain boundary segregation of sulfur in slowly cooled 
specimens of z-iron, but not in quenched specimens. 
Their results suggested that the slow cooling per- 
mitted the sulfur to diffuse to the grain boundaries 
and precipitate there preferentially. As will be seen 


helow our results cannot be interpreted in terms of 


grain boundary precipitation of sulfides. 


EXPERIMENTAL 

high purity iron, obtained from the National 
Research Corporation, was converted by a previously 
described gradient anneal technique"! into strips 
containing regions of very large crystals separated by 
low angle boundaries only and other regions com- 
prised entirely of small grains. An example is shown 
in Fig. 1. 
0.095 in. to 


These strips were machine-ground from 
0.006 in. and decarburized for several 


days at 900°C: in pure dry hydrogen. Pairs of 
specimens were then cut from adjacent areas of the 
strips in such a manner that one of each pair consisted 
of a single grain, while the other contained many fine 
grains (average grain size 0.035 em). 

For each pair of specimens, a fused silica capsule 
Was prepared, and a mixture of powdered Fe and FeS 
containing S®° was placed in the bottom thereof. The 


pair of specimens was supported side by side on a 
Prior to 


constriction near the center of the capsule. 


Fic. 1. 
The boundaries separating the regions demark what were, before a gradient anneal, Liiders fronts. Although 
only parts of the bar were critically strained, the entire bar underwent a gradient anneal. } 
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being sealed off the capsules were evacuated and 
filled with dry hydrogen to a pressure of 25cm of 
Hg. The capsules were then suspended vertically in a 
furnace with a slight temperature gradient, so that the 
temperature of the specimens (890°C) was about 50 
higher than the temperature of the Fe-FeS mixture. 
In this manner formation of FeS on the specimens was 
prevented. The specimens were held at constant 
temperature for 2 weeks to ensure equilibration, At 
the end of the annealing period, the capsules were 
rapidly ejected from the furnace and crushed under 
ice water. It is estimated that the quench time was 
less than I sec. 

The sulfurized specimens were ground and polished, 
on either one or both faces, to a final thickness of 
about 0.003 in. Autoradiographs were prepared by 
placing a polished face in close contact with Kodak 
“no-screen”” X-ray film for suitable exposure periods: 
the film was developed in the standard manner. 

The relative amounts of radioactive sulfur in each 
specimen of a given pair were measured by counting 
fixed areas (~0.4 em?) of the polished faces, using 
care to ensure reproducible geometry. Counting was 
accomplished with a thin mica end-window G.M. 
counter in conjunction with conventional scaling 
circuits. 

In addition, standard chemical analyses for total 
sulfur were made on some of the pairs of specimens 


that had been polished on both sides. 


RESULTS AND DISCUSSION 

Typical autoradiographs of a pair of specimens are 
shown in Fig. 2. It is clear that the grain boundary 
regions are considerably enriched in sulfur relative to 
the interiors of the grains. The grain boundaries shown 
are predominantly high angle. Considerably less 
sulfur was found to segregate at low angle boundaries. 
Fig. 3 shows a photomicrograph and the corresponding 
autoradiograph of a region containing entirely low 
angle Although 
observed at all boundaries, visible darkening on the 


boundaries. segregation is not 


Bar of pure iron containing regions of very large crystals as well as regions of relatively fine grains. 
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Polycrystal 


Single Crystal 


Fig, 2. Comparison betwee 
a pure iron single crystal and 


equilibration. 
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1 the autoradiographs of 
its polverystal mate after 
15 


SEGREGATION AT GRAIN BOUNDARIES 


Photomicrograph 


rice 2. Comparison bet ween photomicrograph and 
autoradiograph of a pure iron specimen containing 
low angle boundaries after equilibration. The sulfur 
segregates to much lesser extents in these boundaries 
than in the ordinary high-angle boundaries. Notice 
the variation from boundary to boundary. These low 
angle boundaries were sometimes present in the iron 

bars after the gradient anneal (see Fig. 1), 20 
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TABLE 1 


Ratio of 
polyerystal to single 
crystal radioactivity 


Specimen 
number 


x 


| 
| 
| 
| 


autoradiographs can be clearly distinguished at 
boundaries with misorientations as low as 5 degrees. 
The of the 


analyses for sulfur are summarized in Table 1. 


results radiochemical and chemical 

Only the ratio of polyerystal to single crystal 
radioactivity is tabulated since the specific activity 
of the S** was not the same for all specimen pairs. 
Although the chemical analyses are of somewhat 
limited accuracy because of small sample weights, the 
correspondence with the radiochemical ratios is as 
good as could be expected. In view of the fact that 
the sulfur content of the single crystals was quite 
reproducible, the variations in concentration among 
the polyerystal samples is attributed to differences in 
grain size and misorientation. At any rate, it is clear 
that in all cases the polycrystalline samples contain 
50-100 per cent more sulfur than the single crystals.* 

The magnitude of the sulfur excess in the poly- 
crystalline samples is abnormally large, corresponding 
to a grain-boundary layer of pure sulfur at least 
the 
calculation similar to that of Cahn and Hilliard"), it 


100 atom layers in thickness. On basis of a 
is estimated that this excess is at least 30 times larger 
than anticipated from the Gibbs adsorption equation. 
Thus it appears unlikely that the enrichment could 
be due solely to equilibrium segregation. 

On the other hand, since the polycrystals contain 
more total sulfur than the single crystals, it seems 


highly probable that the non-uniform distribution of 


sulfur must have existed at the annealing temperature 


and was not merely the result of heterogeneous 


precipitation during cooling. A non-uniform distri- 


bution at temperature could conceivably arise from 
the formation of sulfides (either of iron or of impurity 


elements) at the boundaries. However. since the 


samples were undersaturated with respect to bulk FeS, 


a film of FeS formed at the boundaries as a result of 


favorable surface energies is thermodynamically 


* It may be worth noting that in a set of samples ac- 
cidentally contaminated with carbon, as evidenced by the 
appearance of small areas of austenite decomposition products 
in the microstructure, no segregation of sulfur in the ferrite 
grain boundaries was observed autoradiographically, and the 
radioactivities of the single crystals and polycrystals were 
the same. The significance of this observation is not clear. 


Per cent sulfur (95°, Confidence) 


Polycrystal Single crystal 


0.005% 
0.005%, 
0.005%, 


0.026 
0.021 
0.016 


0.013 
O.O15 
0.016 


0.005°, 
0.005%, 
0.005°,, 


indistinguishable from an equilibrium segregate, and 
the amount of sulfur thus bound could not exceed the 
small amount predicted from the Gibbs equation. It 
also seems highly improbable that the sulfur excess 
in the polyerystals could be due to impurity sulfides 
since the impurity contents of the specimens should be 
This conclusion is further 
confirmed by direct analytical results. Qualitative 
emission spectrographic analyses failed to reveal the 
presence of Al, Ba, Ca, Ce, Co, Mg, Mo, Na, Ni, Si, Sr, 
Ti, V and Zn, however, trace amounts of Cu, Cr, and 


very nearly identical. 


Mn, in both the single crystal and polycrystal speci- 
mens were observed. Subsequently quantitative 
analyses showed Cr and Mn to be present to the extent 
of 0.0002 and 0.0008 wt. °,. respectively: an analysis 
for copper was not made since its sulfide is less stable 
than that of iron. Thus the total amount of known 
impurities capable of forming stable sulfides appears 
to be an order of magnitude smaller than would be 
required to account for the observed excess sulfur, and 
there is no evidence for a difference in impurity 
content between the polycrystal and single crystal 
specimens. 

It is highly probable that, under the conditions of 
the experiment, sulfur would diffuse into the iron 
much more rapidly along the grain boundaries than 
through the bulks of the grains, and, in the early 
stages of reaction, the sulfur concentration in the 
vicinity of the boundaries would be higher than 
elsewhere. However, on the basis of known diffusion 
data,’” the duration of the anneal was far in excess of 
the bulk 


diffusion. Consequently, the possibility that the 


time required for homogenization by 
observed non-uniform sulfur distribution could be the 
result of a diffusion transient seems to be ruled out. 

Thus the observed distribution of sulfur appears to 
be qualitatively characteristic of an equilibrium 
segregation, yet the amount of segregated sulfur 
unquestionably exceeds that calculated on the basis 
of reasonable estimates of the grain boundary energy 
of z-iron. Also, there remains the discrepancy between 
our observations and those of Leymonie et al." , who 
could detect no sulfur segregation in quenched z-iron. 

A possible reconciliation of this apparent dilemma 


526 
x 
117 
166A 
166B l 
166C l 
WO) 
V0} 
8 
1 9¢ 
: 
=" 


AINSLIE, HOFFMAN anv SEYBOLT: 


has evolved from the results of a subsequent electron 
microscopic examination of grain boundary regions 


in samples similar to those used here. The results of 


that investigation and their consequences will be 
presented in the following paper. 


CONCLUSIONS 


(1) Sulfur can segregate in the neighborhood of 


z-iron grain boundaries, apparently as an equilibrium 
solute, in directly observable and measurable amounts. 

(2) Although polyerystal specimens exhibiting this 
grain boundary segregation of sulfur contained 50—100 
per cent more sulfur than did single crystal control 
specimens, the amount of apparent grain boundary 
adsorption exceeds, by a factor of at least 30, that 
permitted by the Gibbs 
The extra sulfur contained in the polycrystals would, 


adsorption equation. 
if concentrated at the grain boundaries, be sufficient 
to coat the boundaries with 100-150 atom thicknesses 
of pure sulfur. 

(3) The grained boundary excess of sulfur cannot 


SEGREGATION AT GRAIN 


BOUNDARIES 


be explained by preferential grain boundary diffusion 
and concomitantly incomplete bulk diffusion, nor can 
it be explained in terms of preferential grain boundary 
precipitation of sulfides. 
ACKNOWLEDGMENT 
We gratefully acknowledge the help and critica] 
interest of J. W. Cahn, J. E. Hilliard, E. W. Hart and 


L. Guttman. 
REFERENCES 


R. THomas and B. CHALMERS, Acta Met. 8, 17 (1955) 


. W. 
2. A. T. Maroun, A. 
Met. 5, 117 (1957). 
R. G. Warp, Acta Met. 5, 681 (1957). 
. M. C. INMAN and H. R. Treter, Acta Met. 6, 73 (1958). 
. J. W. Cann and J. E. Hiiirarp, Acta Met. 7, 219 (1959). 
3. M. C. INMAN and H. R. Treter, Acta Met. 7, 221 (1959). 
. G. LAGERBERG and A, JOSEFSON, Acta Met. 3, 236 (1955). 
P. Stark, B. L. AVERBACH and M. CoHEN, Acta Met. 6 
149 (1958). 
N.G. AINSLIE and A. U. rt, J. Jron St. Inst. 194, 
(1960). 
. C. Leymontir, P. CouLtoms and P. Lacomsr, C.R. 
Sci., Paris 245, 931 (1957). 
N. G. Arnsuie and A, U. SEyYBOLT, On the Preparation of 
Large Crystals of Pure Iron, Gen. Elect. Res. Lab. Met. 
Cer. Dept.. Memo MC-60 (June 1958). 


ROSENBERG and 8. SHEININ, Acta 


Acad, 


| 
] 
VOL. 
8 
1960 


SULFUR SEGREGATION AT x-IRON GRAIN BOUNDARIES—II* 


N. G. AINSLIE, V. A. PHILLIPS and D. TURNBULL*t 


Alpha iron grain boundaries containing large excesses of adsorbed sulfur were examined using trans- 
mission electron microscopy. The study revealed that the grain boundaries of the sulfurized iron were 
commonly associated with very high density dislocation networks that could extend several microns 
into the bodies of the grains. The dense networks were not observed in pure, sulfur-free iron, The 
networks are thought to form when the sulfur, having first entered the specimens by preferential diffusion 
along grain boundaries, diffuses from the grain boundaries laterally into the grains. The sulfur, which 
diffuses in iron as a substitutional element about 30 times faster than iron self-diffuses, establishes a 
diverging vacancy flux toward the boundaries. The result is a vacancy undersaturation in the neighbor- 
hood of the boundaries that accounts, it is believed, for the high dislocation density; the vacancy 
undersaturation causes dislocation multiplication by **down-climb”. 

The abnormal segregation of sulfur in the vicinity of x-iron grain boundaries is explained if it is 
assumed that sulfur is adsorbed by dislocations in the boundary networks. The possible effects of these 
grain boundary networks on certain other metallurgical phenomena are considered, 


SEGREGATION DU SOUFRE DANS LES JOINTS DE GRAINS DE FER «— II 

Par microscopie électronique de transmission, on examine des frontiéres de fer alpha contenant en 
excés considérable du soufre adsorbé. L’étude a révélé que les joints de grains du fer sulfuré étaient 
associés & des réseaux de dislocation de grande densité qui sétendraient sur plusieurs microns a 
lintérieur des grains. Les réseaux denses n'ont pas été observés dans du fer pur exempt de soufre. On 
suppose que les reseaux se forment lorsque le soufre, aprés s’étre introduit par diffusion préférentielle le 
long des joints de grains, diffuse des frontiéres vers intérieur des grains. Le soufre qui diffuse dans le fer 
comme un élément de substitution 30 fois plus vite que ne diffuse le fer, établit un flux divergent de 
lacunes vers les frontiéres. Le résultat est une sous-saturation en lacunes dans le voisinage des joints qui 
explique, on le croit, la grande densité de dislocation; la sous-saturation en lacunes provoque la 
multiplication des dislocations par “diffusion”. 

La ségrégation anormale du soufre au voisinage des joints des grains du fer alpha est expliquée si l'on 
admet que le soufre est adsorbé par le réseau de dislocations aux frontiéres. Les effets possibles de ces 
réseaux aux frontiéres sur quelques autres phénomeénes métallurgiques, sont considérés, 


KORNGRENZENAUSSCHEIDUNG VON SCHWEFEL IN «-EISEN—II 

Korngrenzen von %-Eisen, die viel iiberschiissig adsorbierten Schwefel enthalten. wurden elektronen- 
imikroskopisch mit Durchstrahlung untersucht. Es zeigte sich, daB die Korngrenzen von aufgeschwe- 
feltem Eisen iiblicherweise mit einem sehr dichten Versetzungsnetzwerk verbunden sind, welches sich 
mehrere Mikron weit in das Korninnere erstrecken kann. Die dichten Netzwerke wurden in reinem 
schwefelfreiem Eisen nicht beobachtet. Es wird angenommen, da®B sich die Netzwerke bilden, wenn der 
Schwefel von der Korngrenzen aus in das Korninnere diffundiert, nachdem er zuvor durch bevorzugte 
Diffusion entlang den Korngrenzen in die Probe eingedrungen war. Der Schwefel, der im Eisen als 
Substitutionselement eine 30mal héhere Diffusionsgeschwindigkeit besitzt als die Geschwindigkeit der 
Selbstdiffusion des Eisens, erzeugt einen zur Korngrenze hin abnehmenden LeerstellenfluB. Als 
Ergebnis stellt sich in der Nachbarschaft der Korngrenze eine Untersattigung an Leerstellen ein, die fiir 
die hohe Versetzungsdichte verantwortlich ist; die Leerstellenuntersattigung gibt AnlaB au Versetzungs- 
vervielfachung durch “‘Herabklettern”’. 

Die abnormale Ausscheidung von Schwefel in der Umgebung von Korngrenzen im x-Eisen wird 
erklart. wenn man annimmt, daB der Schwefel an den Versetzungen des Korngrenzennetzwerks 
adsorbiert ist. Es werden weitere mégliche Einfliisse dieses Korngrenzennetzwerks auf andere metallur- 
gische Phanomene in Betracht gezogen. 


INTRODUCTION 
In the preceding paper it was shown that compara- 
tively large amounts of sulfur may segregate in the 


vicinity of grain boundaries even though the solubility 
of iron sulfide is not exceeded. The purpose of the 
present investigation was to find an explanation for 


the unusual segregation phenomenon. One likely 


* Received August 3, 1959. 
+ General Electric Research Laboratory, Schenectady, possibility that was suggested is that the dislocation 
New York. The work is being submitted to Rensselaer 
Polytechnic Institute by N. G. Ainslie in partial fulfillment of 
the requirements for the degree of Doctor of Philosophy. Vicinity of the boundaries; the abnormal segregation 
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density might be unusually large in the immediate 
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might result from the adsorption of sulfur on these 
dislocations. Therefore the grain boundary regions 
in pure and sulfurized iron were examined by trans- 


mission electron microscopy. 


EXPERIMENTAL 

Annealed Ferrovac iron of 0.040 in. thickness was 
taken from the same lot as that used in the original 
sulfur segregation work and cold rolled to 0.006 in. 
As before, it was decarburized in wet hydrogen and 
then annealed for several hours at 890°C in flowing 
pure, dry hydrogen. Specimens approximately 3} 
Sin. were cut and encapsulated in fused silica tubes 
The capsules 
were then annealed for various times at 890°C. The 
hydrogen reacted with the FeS to form H,S in 
equilibrium proportions which then sulfurized the 


along with some FeS and hydrogen. 


specimens. After annealing, the specimens were either 
quickly quenched by crushing the capsules on an 
anvil under water, or slowly brought to room tempera- 
ture by allowing the capsules to air cool. Care was 
taken not to deform the specimens during the quench- 
ing operation. No attempt was made in these experi- 
ments to keep the sulfur potential of the H,S below 
that necessary to saturate the iron as was done in the 
investigation described in the preceding paper; it was 
always at saturation value. 

Control specimens of pure iron were given the 
same treatment but with FeS omitted. Some of the 
control specimens were quenched; others were slow 
cooled, in order to determine if changes occurred 
upon quenching. 

After being sulfurized, the specimens were mounted 
flat with Apiezon wax on blocks of iron and metallo- 
graphically ground on both surfaces to a final thickness 
of 0.003 in. They were removed from the iron blocks 
and then electropolished to very thin sections that 
could be examined by transmission electron micro- 
scopy. The electropolishing technique was essentially 
that employed by Tomlinson” and by Whelan ef al.. 
The electrolyte was 95 per cent glacial acetic acid plus 
5 per cent perchloric acid; the cathode was stainless 
steel. 

The specimens were coated at the edges with stop- 
off lacquer and then thinned down by electropolishing 
using 45-60 V. When two holes appeared in the 
unlacquered regions of a specimen and grew almost 
to impingement with only a thin bridge of iron 
separating them, the polishing operation was stopped. 
The specimens were quickly removed from the bath, 
rinsed in absolute alcohol and then placed in a vacuum 
dessicator since they always corroded if not kept 


under vacuum. The narrow bridge of iron was then 
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carefully cut away with fine scissors and examined 


in the electron microscope. 

It was very much easier to obtain usable pure iron 
specimens than sulfurized specimens since the pure 
iron thinned down fairly uniformly during polishing 
whereas the sulfurized iron tended to thin unevenly. 
In both the sulfurized and the unsulfurized iron, the 
grain boundaries were to very slight extents attacked 
preferentially during polishing. As a result the holes 
that ultimately appeared in the specimens tended 
to form at grain boundaries. Since the thin sections 
that were examined in the electron microscope usually 
appeared at the edges of these holes, the areas 
examined probably did not represent random samples 
of the specimens, but rather areas associated with 
grain boundaries that disappeared in the polishing 
operation. 

A Siemens Elmiskop I electron microscope was 
used throughout this work, and operated on the 
LOOkV range. 
two 100 mesh Athene copper grids and placed in the 


Specimens were sandwiched between 


stereoscopic specimen holder which permits the speci- 
men to be tilted through about --5° by means of an 
external control. The double condenser was employed 
throughout so as to illuminate a small spot only a 
little larger than the field diameter, thus minimizing 
the first 


examined at low power to find areas that were thin 


heating of specimen. Specimens were 
enough (below ~500 A) to permit detailed examina- 


tion at high magnification. Suitable regions were 
surveyed at commonly 8000 and 40,000 magnifica- 
tions, tilting where necessary to reveal the dislocations 
present in a particular grain. Numerous plates were 
taken of many areas and on many samples in order 
to obtain representative results. The plates were all 
enlarged 4 « or more for detailed study. 
RESULTS 

There was a marked difference in structure between 
the sulfurized and the unsulfurized iron specimens. 
In the latter the dislocation density was relatively low 
and, although some areas contained complex, tangled 
dislocations, well formed, complete networks were 
absent. In the heavily sulfurized specimens, on the 
other hand, areas of high dislocation density were 
common in the form of well-developed networks. 
Lightly sulfurized specimens were intermediate in 
structure. The detailed results follow. 
Pure iron 

Figures 1 and 2 show the typical structure of 
regions adjoining grain boundaries in two pure iron 


control specimens. The particular samples depicted 
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Fic. 1, Pure iron control specimen water-quenched Fic, 2. As Fig. 1 but different piece of sample. In 
from 890 C, Note the following: EE grain boundary, A addition to A and EE (see Fig. 1) note C simple, and D 
simple dislocations showing typical contrast. B complex complex dislocations showing unusual double line 
dislocations. « B0.000 contrast. Note individual dislocations of different 
orientation lying apparently in the plane of the grain 

boundary. 30,000 


Fie, 3. Typical ‘‘high”’ dislocation density area in iron 
sulfurized for 4 hr and water-quenched, Note water-quenched. 30,000 
boundary EE, 30,000 


Area in specimen sulfurized for lI7 hr and 
grain 
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AND 


were water-quenched. In Fig. 1 Bragg fringes are 
visible roughly perpendicular to the grain boundary; 
similar rather diffuse fringes are visible in Fig. 2. The 
mottled background in Fig. 2 should be disregarded. 
Since the depth of field is greater than the foil thick- 
ness, the traces of the grain boundary on the upper 
and lower surfaces of the foil are frequently seen in 
the photographs. In Figs. 1 and 2 the grain boundary 
~1000 A, which, for an 
assumed foil thickness of 500 A, would correspond to 


traces are separated by 


~25° inclination of the boundary plane to the plane 
of the foil. 
the boundary trace may be seen in Fig. | in the 


Interference fringes running parallel to 


overlapping wedge regions of the two grains. Of 
fact that individual 
locations lying apparently in the plane of the grain 


boundary can be seen in Fig. 2. 


incidental interest is the dis- 


Region A (Fig. 1) shows the typical contrast of a 
dislocation running obliquely through the foil from 
surface to surface. The complex shape of dislocations 
such as B (Figs. | and 2) is believed to be due to the 
fact that quenching stresses activated dislocation 
sources and caused glide. The unusual double line 
contrast effects at ( and PD (Fig. 2) are not fully 
understood at present. The dislocation content of the 
specimens shown in Figs. | and 2 are both roughly 


estimated to be 2.5 10%’ (This figure and 
later estimates are obtained by squaring the reciprocal 
In this case it corresponds to a 


10-4em.) Higher densities than 


mean line spacing. 
mean spacing of 2 
this were never observed in either the quenched or 


slow cooled pure iron. 


Sulfurized iron 

(a) Effect of sulfurization time. After sulfurization 
most regions of the foil adjoining grain boundaries 
showed line networks running into the boundaries. 
Occasionally networks were seen that had no apparent 
connection with grain boundaries. The extent and 
density of the networks increased with increasing 
sulfurization time. Figs. 3-5 show typical high net- 
work density regions observed in specimens sulfurized 
4 hr, 17 hr and 10 days, respectively. The networks 


were clearly revealed only at a critical tilt. For 
example, in Fig. 5 more contrast is evident near the 
diffuse Bragg fringe than elsewhere. There were 


always some areas in the foil unfavorably oriented 
in which nothing could be seen. In view of these 
observations and in the light of experience in other 
ferritic materials, it became clear that these networks 
were composed of dislocations. 

Rough estimates of the dislocation densities in the 


regions shown in Figs. 3-5 give 6 « 10% cm~? after 
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4hr, 1.5 em-? after 17 hr and 4 em? 
after 10 days of sulfurization. This means that the 
specimens sulfurized for 10 days exhibited dislocation 
densities at least 1000 times as great as the pure iron. 
The 


densities so great that estimates could not be made 


10-day specimens frequently had dislocation 


because of insufficient resolution. 
In addition to high network density regions (Figs. 


3-5) described above, other areas of much lower 
density could usually be found in the same specimen. 
For example, compare the area shown in Fig. 6 having 
10S with 
Fig. 4, described above, having a dislocation density 
of 1.5 « 


high density networks were fairly scarce, after 10 days 


a dislocation density of 8 that in 


Whereas after 4 hr of sulfurization 


of sulfurization low density regions were scarce. 

Diffusion of sulfur into the specimen is calculated 
to be virtually complete after 4-5 days: however, 
because of the scatter in dislocation densities within a 
single specimen, the time variation in density indicated 
by the results just quoted can hardly be considered 
significant and it is still not established whether the 
density stops increasing after five days. 

(b) Batent of networks. Many attempts were made 
to find transparent, correctly oriented regions larger 
than the grain size in the sulfurized specimens in order 
to see whether or not the networks changed in density 
towards the centre of the grains. Figs. 7 and 8 show 
one of several such regions observed in samples 
sulfurized for 17 hr in which a marked decrease 
in dislocation density occurred on moving away from 
the boundary. In this grain the dislocation density is 
roughly 2 « 10!°em-? in the region 0.1—-1 uw in from 
the boundary, and 4 108 cm~* at a distance 3}-43 wu 
from the boundary. The density within 0.1 uw of the 
boundary is considerably higher than 10! but the 
resolution is not sufficient for a quantitative estimate 
Hence the dislocation density does fall off with 
distance from the grain boundary so that in the 
center regions of the grains there are only isolated 
dislocations. 

In samples sulfurized for 10 days the networks 
were much more extensive and in many cases it Was 
not possible to determine whether or not they dis- 
appeared at distances far from the boundaries. 

(c) Other examples of networks. Two additional 
examples of high density dislocation networks ad- 
joining grain boundaries are shown in Figs. 9 and LO 
in samples quenched after 10 days and 17 hr sul- 
A rough estimate gives dis- 
(Fig. 9) 


Fig. 10 may be compared with 


furizing, respectively. 


location densities here of and 
10!° (Fig. 10). 


Figs. 7-8 and shows a grain in which the density of 
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Fic. 5. Area in specimen sulfurized for 10 days and Fic. 6. As Fig. 4 but different area, in this case typical 
water-quenched. Note grain boundary FE. 30.000 of a “low” dislocation density area. 20,000 


Fic. 7. Showing network near grain boundary FE in Fic. 8. Area near centre of lower grain seen in Fig. 
a sample sulfurized for 17 hr and water-quenched. the hole is about 4 4 from the grain boundary. Occa- 
60.000 sional isolated dislocations may be seen. 60,000 
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Fic. 9. Sulfurized for 10 days and water-quenched. Fic. 10. Sulfurized for 17 hr and 
Note: KE grain boundary, EFG “recovered area”, Note grain boundary EE and _ network. 
40,000 


Fic. 12. Sulfurized for 25 hr and 
grain boundary EE and network. 


Fic. 11. Sulfurized for 10 days and water-quenched. 
Note grain boundary FE and rather regular network 


adjoining. 80.000 


air 


water-quenched, 


15.000 


cooled. 
80,000 


Note 
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the dislocation network did not decrease with distance 
from the grain boundary at least up to the 10 uw limit 
of visibilitv. Immediately adjoining the grain 
boundary shown in Fig. 9 isa light area EFG. Selected 
area diffraction showed that this area had the same 
orientation as the surrounding grain. In view of its 
lower dislocation content, it might be interpreted as a 
partially recovered area. 

Figure 11 shows an example of a very regular 
network. 

(d) Effect of cooling rate. Experiments were carried 
out to determine if the dislocation network structure 
is affected by the quench following sulfurization. A 
quartz capsule containing iron specimens that had 
undergone sulfurization for 25 hr was air cooled 
instead of quenched. Fig. 12 shows a region of one 
such specimen. The dislocation density of the region 
shown is 2 « 10! em-*. We conclude from this that 
the dislocation network structure is not modified 


significantly by the quenching operation. 


DISCUSSION 


We have seen that. somehow during sulfurization. 
the dislocation density in the neighborhood of the 
alpha iron grain boundaries increases to values 
comparable with the dislocation densities expected of 
fully work-hardened materials. We now show that 
the formation of the grain boundary dislocation 
networks in the iron-sulfur alloys and the abnormal 
segregation of sulfur in the neighborhood of the grain 
houndaries can be interpreted satisfactorily on the 
basis of the mechanism outlined as follows: 

(1) Sulfur diffuses into the iron preferentially along 
grain boundaries. 

The sulfur then enters the iron lattice pre- 
dominantly as a substitutional atom and diffuses 


te 


laterally from the grain boundaries at a rate 
much greater than that of the counter-diffusing 
iron. 

(3) This inequality between the sulfur and iron 
diffusion fluxes results in an undersaturation 
of lattice vacancies or, conversely, a super- 
saturation of occupied substitutional sites, near 
the grain boundaries. This vacancy under- 
saturation is relieved by dislocation “down- 
climb” (that is, the downward growth of the 
extra half plane of atoms in a positive edge 
dislocation). The continued down-climb process 
results ultimately in dislocation networks such 
as are seen in the photographs. 

(4) The sulfur atoms are positively adsorbed at the 
dislocations, thus leading to the abnormally 


high grain boundary segregation reported in the 
previous paper. 

In the following paragraphs we shall describe in 

more detail the good accord between the experimental 


results and the suggested mechanism: 


Diffusion of sulfur in alpha-iron 

It has been shown elsewhere that sulfur diffuses 
preferentially along the grain boundaries at all 
temperatures in the alpha range of iron. The speci- 
mens used in the present investigation were 0.015 
em sheet having a grain size (mean linear intercept 
length, LN) of 0.035 em. It is very likely therefore 
that a significant fraction of the sulfur entered the 
specimens first by diffusing along grain boundaries and 
then diffusing laterally into the grains by volume 


diffusion. 


Formation of dislocation networks 


Diffusion measurements'?~*® show that the volume 
diffusion coefficient of sulfur in alpha iron is about 
30 times the volume self-diffusion coefficient of iron at 
890°C. It is therefore expected that the lateral 
diffusion flux of sulfur into the grains from the grain 
boundaries would be much greater than the counter- 
flux of iron. If most of the sulfur enters the iron 
lattice substitutionally, the difference between the 
sulfur flux and the countercurrent iron flux must be 
made up by a diverging flux of lattice vacancies 
toward the grain boundaries and thus to a vacancy 
undersaturation in the boundary region. Such a 
vacancy undersaturation will cause down-climb of 
existing dislocations and possibly nucleation of inter- 
stitial dises of atoms. 

The sulfur concentration in the diffusion zone is 
considerably greater than the equilibrium vacancy 
concentration. Therefore, if there were no internal 
sources of vacancies, the vacancy undersaturation 


could reach extremely large values since 


where (’, and (’, represent the substitutional sulfur 
and vacancy concentrations, respectively (the iron 
flux is neglected), and ¢ represents time. It is con- 
ceivable. then, that the homogeneous nucleation of 
interstitial discs could occur were it not possible to 
relieve the vacancy undersaturation by other means. 
It is probable, however, that the vacancy under- 
saturation is relieved primarily by the down-climb of 
existing dislocations. A regenerative climb mechanism 
such as that proposed by Bardeen and Herring‘® 
would be necessary for dislocation multiplication. 
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Doo and Balufti™ have already demonstrated that 
continued climb of dislocations, resulting from unequal 
diffusion fluxes can lead to a large increase in dis- 
location and substructure density and, ultimately, 
to recrystallization in the diffusion zone of alpha brass 
single crystals. It is possible that dislocation net- 
works had formed but that their experimental 
resolution was not sufficient to reveal it. The sub- 
structure formed at and near the external surfaces 
of the brass crystals after inward diffusion of zine 
from the vapor.* Doo and Baluffi found also that 
slip occurred in the diffusion zone, presumably to 
accommodate the volume change accompanying the 
diffusion process. However, it is unlikely that such 
slip occurred in the present experiments since the 
total flux was quite small. 

We will now calculate the vacancy undersaturation 
necessary to cause the down-climb of dislocations to 
curvatures corresponding to the reciprocal dislocation 


spacings observed on the photographs. 


Degree of vacancy undersaturation 


First consider the homogeneous nucleation of 


interstitial discs of iron atoms driven by a vacancy 
undersaturation : 

We assume that the total energy of a circular 
prismatic dislocation in the form of an interstitial 


disc is 
ub? r l 
l2r(1—y)L ry 2 


where « = the shear modulus, / = the burgers vector, 


vy = Poisson's ratio, r = radius of the disc, r, = half- 
radius of the dislocation core, k = core energy per 
unit length of dislocation comprising the disc. 
The equivalent surface tension of the circular edge 
of the dise is then 
EB ub r k 
In + 
v) 2 b 
10-Sem and 


classical nucleation theory gives +5 


LeV per atom plane, 
104 as the 


vacancy undersaturation ratio necessary for sensible 


Using 


homogeneous nucleation of interstitial discs, and 
5 » 10-8 em as the critical disc radius. The formula 
for the prismatic loop energy is adapted from the more 
familiar one derived for the energy of a pair of parallel, 
straight edge dislocations of opposite sign.) The 
curvature of the interstitial dise would cause the 


* Volume diffusion from the free surface occurred also in 
the present experiments with the probable result that dis- 
location networks formed there as well, possibly accounting 
for the observation of some networks apparently unassociated 
with grain boundaries. 
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energy to be higher than that given by the formula 


on the other hand the formula does not take into 
account the lowering of the energy which would 
result from the adsorption of solute on dislocations. 
In view of this large barrier to nucleation, then, it 
is probable that the vacancy undersaturation is 
relieved by down-climb of existing dislocations rather 
than by homogeneous nucleation of interstitial dises. 

Using the above formula for o@ and the Gibbs 
Thomson equation applied to the present case (i.e. 
= |(kT)/V|InS, where S is the undersaturation 
ratio and V is the atomic volume). one can calculate 
the undersaturation ratio necessary to prevent a 
dislocation line of given curvature from becoming 
straight. Choosing 10~> and 10-® as typical of the 
radii of curvature seen in the photographs, one 
calculates that undersaturation ratios of only 1.16 
and 2.4, respectively, are required. At these radii 
the particular elastic model chosen is relatively 
unimportant; setting o = ub — kb, which is a gross 
over-estimate at small radii, roughly the same 


undersaturation ratios are obtained. 


Interaction between sulfur and dislocations—dislocation 
stability 

The minimum sulfur excess—0.005 wt.°, of the 
entire specimen at grain size 0.035 cm (mean linear 
intercept length)—in the vicinity of the grain bound- 
aries reported in the previous paper corresponds to 
about 10!7 sulfur atoms/cm? of boundary. Since the 
average density of dislocations in the networks after 
the long sulfurizing times is 10! lines/cm?, the sulfur 
excess can be accommodated by adsorption at the 
boundary dislocation networks if ten sulfur atoms are 
adsorbed per dislocation core atom and the network 
extends for a distance of 15 uw on either side of the 
boundary. Our observations on the extent of the 
networks is consistent with this requirement and 
therefore support the hypothesis that the abnormal 
segregation is due to sulfur adsorption at the boundary 
networks. 

The persistence of the networks at 890° for periods 
considerably longer than the calculated duration 
of the diffusion current is somewhat surprising. Of 
course the energy density of the networks and the 
driving free energy for their disappearance must 
have been lowered greatly by the adsorption of sulfur. 
It is even conceivable that the free energy of the 
system is lowered by the formation of sulfur-coated 
dislocations. Our observations neither confirm nor 
rule out this possibility. The dislocations in the 
networks were usually curved, but in some cases were 
quite straight (see Fig. 10), appearing as rubber bands 
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stretched between pinning points, thus implying 
thermodynamic instability. 
recovery, such as may have led to the clear area in 
Fig. 9, already alluded to, would require that the 


tension of the coated dislocations be positive. It 


seems probable that the remarkable persistence of 


the networks is due to their topological stability 
coupled with the greatly lowered driving free energy 
for their disappearance that results from the solute 


adsorption. 


ADDITIONAL CONSEQUENCES OF MODEL 

The mechanism that we have proposed for the 
formation of dislocation networks should be generally 
operative within a crystalline phase at constant 
temperature whenever the following conditions are 
fulfilled: 

(1) Composition gradients exist, (2) the partially 
segregated components exist at least partially in the 
substitutional state and interdiffuse at different rates 
in such a manner as to create a vacancy undersatura- 
tion locally. 

There are many ways in which chemical inhomo- 
geneities in a solid solution can arise. For example, 
considerable segregation usually occurs in the solidifi- 
cation Also, 
exist during formation or dissolution of precipitate 


process. local solute gradients must 
particles. 

It is evident that the mechanism which has been 
described is one of the ways whereby the dislocation 
content of crystals can increase. Since interstitial 
atoms usually diffuse much more rapidly than sub- 
stitutional atoms, a situation particularly favorable 
for dislocation production by this mechanism is one in 
which the solute, at equilibrium, exists not only as 
a substitutional atom, but also to a significant extent 
as an interstitial. If the concentration of the atoms 
occupying interstitial sites is of the same order of 
magnitude, or larger, than the vacancy concentration, 
the interstitial diffuse of the 
substitutional atoms and jump into vacancies, and 


atoms could ahead 
thus create vacancy undersaturation. 

We now consider the possible effects dislocation 
networks have upon certain grain boundary phe- 


nomena. 


Abnormal segregation at interfaces 

If, as apparently is the case in the iron-sulfur 
system, solute is strongly bound to dislocations, a 
large excess will be adsorbed and retained by dis- 
location networks in the vicinity of grain boundaries. 
Furthermore, since the mechanism would operate also 
at free surfaces, segregation should occur there as well. 


Also, the occurrence of 


It is evident, then, that experiments to test for 
positive adsorption of impurities at crystal interfaces 
must be designed very carefully in order to avoid 
conditions that will lead to the formation of dis- 
location networks at the interfaces. It is possible that 
some of the unusual interfacial segregations reported 
in the literature (see the preceding paper), which give 
the impression of anomalously broad grain boundaries, 
were actually caused by impurity adsorption at grain 
boundary dislocation networks. Also, it is under- 
standable that the quantitative measurements of such 
segregation do not fit the Gibbs adsorption equation 
applied to the grain boundary alone. 

The work of Leymonie ef al. deserves special 
attention here since they also investigated the iron— 
sulfur system. Using autoradiography they observed 
grain boundary segregation of sulfur in very slowly 
cooled specimens, but not in quenched specimens. 
The observations suggested that the sulfur, given 
sufficient time, preferred to diffuse to the grain 
houndaries and precipitate there as sulfides. The 
important point, however, is that the quenched 
specimens did not exhibit grain boundary segregation. 
The main difference between the experiments of those 
authors and the present experiments lies in the manner 
the instead of 


allowing the sulfur to enter the specimens by solid 


in. which sulfur was introduced: 


state diffusion, they prepared a melt of iron and 


sulfur, and, by so doing. very likely minimized 
We feel that this difference in 


specimen preparation reconciles the differences in the 


diffusion gradients. 


results of the two investigations. 


Diffusion along interfaces 


It has been that in some instances 
diffusion occurs as rapidly along dislocation channels 
as along high angle grain boundaries. Therefore, 
unless the adsorbed solute strongly interferes with 
diffusion along the dislocations, the formation of a 
dense dislocation network at the grain boundaries can 
greatly increase the capacity of the grain boundary 


region for preferential transport of solute.* 


* Note added in proof: There is some evidence to support 
the suggestion that an enhanced grain boundary diffusion 
rate may result from grain boundary dislocation networks. 
Leymonie and Lacombe (unpublished work, private com- 
munication) find that the product, Dpe*d, where DFe* is the 
grain boundary self-diffusion coefficient of x-iron, and 6 is the 
grain boundary “‘width’’, is five times greater in iron con- 
taining grain boundary-adsorbed sulfur than in pure iron. 
The observation suggests that perhaps the grain boundary 
width, is effectively larger in the sulfur-bearing iron than in 
the pure iron, Dislocation networks, such as are observed in 
the present experiments, may also exist in the alloys of 
Leymonie and Lacombe. 
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Grain boundary migration 

It is known that certain impurities in amounts well 
within the solubility limit can markedly retard the 
motion of grain boundaries. One mechanism whereby 
this can occur has been treated in detail by Liicke and 
Detert"?. An alternative mechanism that may 
sometimes operate is the pinning of grain boundaries 
by an impurity generated dislocation network. Grain 
boundaries can, in fact, be pinned by dislocation 
networks of whatever origin. Let € be the excess free 
energy density arising from the dislocation network; 
we suppose that € is directly proportional to the local 
density of dislocation lines. In the impurity generated 
grain boundary networks this density, and hence e, 
falls off sharply with distance away from the boun- 
dary. If the boundary moves, it will very likely for 
topological reasons extend the network of the growing 
grain and consume the network of the shrinking grain. 
Therefore, since € is a maximum at the initial position 
of the grain boundary, the dislocation energy must 
necessarily increase as a result of grain boundary 
pressure on the 


displacement. The restraining 


boundary would be given by 
p= Ae 


where Ae is the change in energy density across the 
boundary. Let us suppose that interfacial curvature 
provides the driving force for boundary migration. 
Then, in order for the boundary to move further, 
the restraining pressure on the boundary due to the 
network would have to be exceeded by an opposing 
pressure arising from grain boundary curvature. 
Specifically, for a spherical grain, the following con- 
dition would have to hold in order that the grain 
- Ae, where r = radius 
surface energy. 


boundary migrate: (20/r) 
of the spherical grain and o 
Substituting 10" wh? for Ae and 750 ergs/em? for 
o, we find that r< 2.5 em in order that 
boundary motion occur. 


observe grain radii this small, hence networks of this 


One does not ordinarily 


density could pin grain boundaries in ordinary alloys. 
The calculation was made using values of o and Ae 
characteristic of clean boundaries and dislocations. 
The resulting error in r should not be too great, 
however, since one expects og and Ae to be decreased 
proportionally by the addition of solute. 


Mechanical properties 

Grain boundary dislocation networks produced in 
the suggested manner can be expected to affect 
mechanical properties. The presence of extensive 
grain boundary networks could promote intergranular 
brittle fracture at low temperatures since the propaga- 
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tion of slip through grain boundaries would be made 
more difficult by such networks. Also, such networks 
might lead to high temperature intercrystalline creep 
fracture, observed in alloys but not in super pure 
metals, by pinning grain boundaries so that they 
could not migrate rapidly enough to reduce local 
stress concentrations. 

As already suggested, dislocation networks can be 
formed by the operation of the proposed mechanism 
during the formation, or dissolution, of precipitate 
particles. It is required only that precipitation be 
accompanied by a suitable vacancy flux.* For 
example, the volume of carbide particles precipitated 
from iron is greater than the volume of the solution 
transformed. Thus during carbide precipitation the 
particles will tend to be stressed, and the local vacancy 
concentration displaced relative to its equilibrium 
value. To relieve these local transformation stresses 
in the vicinity of the particles, a vacancy flux, and 
accompanying dislocation climb, would result. 

Thus in certain precipitation processes the disloca- 
tion content around each particle would increase as 
the particle grows. It has already been suggested by 
Bartlett and Mitchell@?), and 
Huggins", that dislocations surrounding precipitate 


more recently by 


particles might be an important contributing factor 
to precipitation hardening. Bartlett and Mitchell?) 
have demonstrated that dislocation loops can form, 
possibly by homogeneous nucleation, around pre- 
cipitating particles to relieve transformation stresses. 
It is evident that such stresses might also be relieved 
by the climb of existing dislocations in the vicinity of 


growing precipitate particles. 


SUMMARY AND CONCLUSIONS 

(1) High purity alpha-iron polycrystals containing 
sulfur as a result of exposure to H,S tend to exhibit 
a dense dislocation network structure associated in 
general with the grain boundaries. The networks are 
quite extensive, spanning in some cases up to 15 yu 
on either side of the boundaries. The dislocation 
densities of the networks are comparable with those 
expected of fully cold worked metals. In contrast, 
pure, unsulfurized iron does not exhibit such networks. 

2) The networks probably form by a regenerative 
climb process; sulfur rushes in along the grain 
boundaries and then diffuses laterally into the bodies 


* A vacancy supersaturation, resulting from a converging 
vacancy flux, might also produce dislocations in the same 
manner as an undersaturation; instead of ““down-climb” the 
process would be by “‘up-climb”’. In this case there can also 
be very large departures from equilibrium, however, beyond 
a certain critical supersaturation, vacancy cluster formation 


might be the predominant effect. 
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of the grains, establishing a Kirkendall diffusion zone 
and a concomitant vacancy undersaturation. The 
vacancy undersaturation provides the driving energy 
for the climb and multiplication of dislocations. 


(3) The apparent greater solubility of sulfur in 


polverystals than in single crystals of iron reported 
in the preceding paper. is now qualitatively explained 
in terms of sulfur adsorption at the dislocation net- 


works. 
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LOW TEMPERATURE CALORIMETRIC MEASUREMENTS ON 
ISOTHERMAL AGING OF AI-Ag* 


W. DeSORBO* 


On quenching aluminum containing 1.3 at.°, silver, energy is released upon isothermal holds at low 


temperatures (~245°K). The amount of energy evolved, over a measured period of time (32-140 min) 


after the initiation of the reaction (clustering of silver atoms). amounts to 6—7 cal/g-atom of alloy for 


“slow” quenches and about 2—2.5 cal/g-atom of alloy for ‘fast’? quenches. These results are consistent 


with the resistometric studies of Turnbull et a/. who pointed out the existence of two states in quenched 


Al-Ag alloys. 


MESURES CALORIMETRIQUES A BASSE TEMPERATURE SUR LE VIETLLISSEMENT 


ISOTHERME DE Al-Ag 
Par trempe d'un alliage Al-1,3 at. % Ag, de énergie est libérée lors du maintien A basse température 
(~245 K). La quantité d’énergie qui se dégage sur une période de 32 A 140 minutes aprés l initiation 


de la réaction (ségrégation des atomes d’argent), atteint 6-7 cal/at. gr pour des trempes lentes et 22.5 


cal/at. gr pour des trempes rapides. Ces résultats sont en accord avec les études de résistivité de 


Turnbull et ses collaborateurs qui ont mis en évidence l’existence de deux états des alliages Al- Ag 


trempés. 


KALORIMETRISCHE MESSUNGEN DES ISOTHERMEN AUSLAGERNS VON Al-Ag BEI 


TIEFEN TEMPERATUREN 
Nach dem Abschrecken von Aluminium mit 1,3 Atom®, Silber wird bei isothermem Auslagern bei 
tiefen Temperaturen (~245 K) Energie frei. Der Betrag, der wahrend einer bestimmten Zeitdauer 
(32-140 Min.) nach Beginn der Reaktion (Zusammenlagerung der Silberatome) entwickelten Energie 
betragt bei langsamem Abschrecken 6—7 cal/g-Atom der Legierung und nach schnellem Abschrecken 


etwa 2—2,5 cal/g-Atom der Legierung. Die Ergebnisse sind im Einklang mit Widerstandsmessungen von 
von Turnbull et a/., welche auf die Existenz von zwei Zustanden in abgeschreckten Al- Ag-Legierungen 


hingewiesen haben. 


Turnbull and Treaftis”’ have recently pointed out 
the existence of a rapid isothermal resistivity decrease 
upon quenching Al-Ag alloys at temperatures 


210-300°K. This decrease reached a maximum of 


7-8 per cent below the extrapolated solid solution 
value. They suggested that this behavior could be 
due to a low temperature reaction such as the for- 
mation of silver rich clusters at anomalously high 
rates (p, state). Previously, Borelius™ had reported, 
results later confirmed by Koster and Knédler"?), that 
upon quenching Al-Ag alloys at 300°K, the resistivity 
was as much as 40 per cent less (for an X,, = 0.075) 
than the extrapolated solid solution value. They 
attributed this low value of resistivity of the Al-Ag 
alloy to the formation, during quench, of an e’ state 
consisting of silver clusters in solution. 

More recently Turnbull ef al. in extending their 
studies on kinetics of clustering in some aluminum 
alloys, indicated that in Al-Ag Borelius’ e’ state could 
be obtained by using his experimental technique for 


* Received September 14, 1959. 
+ General Electric Research Laboratory, Schenectady, New 


York. 
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quenching, i.e. by cooling the specimen at rates slower 
than those used by Turnbull and Treaftis (Ref. cited). 
Furthermore, they showed that with “fast” cooling 
rates (approximately 25,000°C sec), the e’ state was 
suppressed in favor of the p, state verifying the 
earlier results.”) The existence of these two states was 
further demonstrated by their detailed resistance 
behavior of the quenched alloys on continuous 
heating. 

In these above studies it has been assumed that the 
resistivity changes observed reflect directly the 
clustering of the solute atoms in solution. Some 
corroborative evidence for this would be calorimetric 
measurements of the energy associated with clustering 
as already observed, for example, in the low tempera- 
ture reaction of quenched Al-Cu alloys.°.® The 
purpose of this note is to present some such results on 
the low temperature reaction associated with quenched 
specimens of Al-Ag which are consistent with the 
resistometric studies of Turnbull ef a/.7.". 

The calorimeter and the procedure have already 
been described.‘ The Al-Ag samples were made from 
the same stock as that used by Turnbull ef al. (Ref. 
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cited). The atom fraction of silver, X,, = 0.013,. An 
ingot of the material was cold rolled to strips having a 
thickness of 0.010 in. Samples made from these strips 
measured } 2 in. The homogenization temperature 
T, in all cases amounted to approximately 540°C. 


For “fast” quenches the experimental technique of 


Turnbull ef a/.-" was used i.e. a rectangular furnace 
The 
quenching medium was water-alcohol mixture main- 
tained at approximately —40°C. After the quench 
the specimen was rapidly transferred to ethyl alcohol 
and while submerged, 


with samples mounted on “‘transite’” frame. 


maintained at about 
the thermocouple leads (spot welded to the specimen) 
were attached to the silver cone of the calorimeter.‘® 
In the transfer of the cone (with the sample attached 
to it) to the calorimeter, a cold stream of dry nitrogen 
gas, maintained at about 100°C, was kept on the 
specimen. Hence from the time of quench to the time 
of transfer of the specimen to the calorimeter, all 
efforts the 
contrast to quenches refer to the 


to reaction. In 
this. 


procedure where the specimen was heated in a furnace, 


were suppress 


“slow” 
manually removed from it, quenched into alcohol— 
water mixture (—40°C) and then dried with blotting 
paper in a cold dry stream of nitrogen gas. 

The energy evolved and measured in the early 
stages of the reaction after quench are shown in Fig. 1, 
both for the “fast” and “slow” quenches. The aging 
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Fic. 1. Energy released on aging Al-Ag (X4¢ 
specimens after (a) “‘slow” and (b) ‘‘fast” 
Homogenization temperature, Ty ~ 540°C, 
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(It is 
interesting to note here, since it is not shown in Fig. 1, 
that a small amount of energy was barely detectable 
at an aging temperature as low as 210°K.) Unlike the 
resistometric studies, the time of the first measurement 


temperature (7',) was approximately 245°K. 


of energy released (f;) varied from 15 to 32 min from 
the start of the reaction (f,).* For the time interval 
32-140 min the energy released following “slow” 
quenches amounts to 6-7 cal g-atom of alloy; where- 
as for “‘fast’” quenches the energy released during the 
same time interval amounts to 2—2.5 cal/g-atom of 
alloy. If we compare these results with those of 
Turnbull et al."-” and preclude the possibility of more 
energy being released prior to ¢, for the ‘fast’? quench 
than for the “slow” quench, then it could be stated 
that the larger evolution of energy is associated with 
the ¢’ state; whereas upon more rapidly cooling the 
specimen after homogenization a smaller release of 
energy is associated with the p, state. One possible 
explanation of these results has already been advanced 
by Turnbull e¢ al. based on a quenched-in vacancy 
hypothesis in addition to having the occurrence, at 
sensible 


very high supersaturation, of 


nucleation of dislocation loops. This model has been 


vacancy 


used by them in discussing observed reaction rates, 
rate dependence on thermal history, extent of reaction 
ete. occurring in quenched specimens of Al-Cu, Al-Zn 
and Al-Ag. According to this interpretation the 
cluster configuration in Al-Ag in the early phase of 
the reaction after quench would be the same in each 
state but limited by the distance between vacancy 
sinks, i.e. 
defect 
that cannot be ruled out at this time is that these two 
states may actually be two different configurations 


by dislocation spacings and quenched-in 


concentration. However, another possibility 


having an energy difference. 

It is also pertinent to point out that in attempting 
to measure energy released upon quenching Al-1°, 
Si specimen at 0°C there was no detectable energy 
evolved. This with the 
resistometric data of Rosenbaum and Turnbull,® 


result is also consistent 
and Federighi™. These authors observed no deviation 
in the resistivity curve from the extrapolated solid 
solution value for a quenched specimen of Al-Si on 
continuous heating until a temperature of about 
180°C was attained. 


The author has benefited from discussions with 
D. Turnbull. 


* This work was done immediately after the calorimetric 
studies on Al-Cu.'*) These ¢, values are comparable to those 
obtained in that investigation. 
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YIELDING AND WORK-HARDENING IN ALPHA-BRASSES* 
P, FELTHAM and G. J. COPLEY+ 


The tensile vield stress o, of polycrystalline «%-brasses containing up to 35 per cent of zinc, recry- 
stallized at 800°C and strained in the range 77—291°K, was found to vary with temperature and com- 
position as the resolved shear stress 7, of brass single crystals, with 7,/o, ~ }. Linear hardening, at a 
rate of about G/20, terminates at a tensile stress ¢,(7’); parabolic hardening above oc, is ascribed to the 
spreading of slip from glide zones in which small numbers of dislocations are confined by Cottrell-Lomer 
barriers. The pronounced increase of o, and o, with rising zine content or decreasing temperature is 
interpreted in terms of changes in the Peierls-Nabarro force resulting from the diminution of the core 
widths of partial dislocations; a major part of the increase of ¢, appears however to be associated with 
the steady decline of the stacking-fault energy as the x phase boundary is approached. 


RESISTANCE ELASTIQUE ET DURCISSEMENT DE DEFORMATION DANS LE LAITON x 

On trouve que la limite élastique ¢, de laitons x polycristallins contenant jusque 35 °, de zine. 
recristallises A 800 C et déformés entre 77 et 291 K, varie avec la température et la composition comme 
la tension de cisaillement 7, de monocristaux de laiton, avec 7,/a, ~ 4. Le durcissement linéaire avec une 
vitesse approximative de @/20, se termine a une tension de traction de a,(7); le durcissement para- 
bolique au-dessus de o, est attribué a la divergence de la déformation des zones de glissement dans 
lesquelles un petit nombre de dislocations sont confinées par des barriéres de Cottrell-Lomer. On 
interpréte augmentation prononcée de a, et 6, avec les teneurs croissantes de zine ou par des 
températures decroissantes en fonction de changements de la force de Peierls-Nabarro qui résulte d°une 
diminution de la largeur d’une dislocation partielle; une grande partie de laugmentation de a, apparait 
cependant étre associée a la diminution continue de l’énergie des fautes d°empilement au fur et a mesure 
que l'on s'approche de la frontiére %—/. 


FLIEBSPANNUNG UND VERFESTIGUNG VON ALPHA-MESSING 

Die FlieBspannung ¢, von vielkristallinem x%-Messing mit Konzentrationen bis 35°, Zink, welches bei 
800°C rekristallisiert und im Bereich von 77° bis 291 K gedehnt worden war, anderte sich mit der 
Temperatur und der Zusammensetzung so, wie die kritische Schubspannung 7, von Messingeinkristallen, 
sodaB 7,/¢, ~ 1/3 ist. Eine lineare Verfestigung mit einem Anstisg von etwa @/20 reicht bis zu einer 
Zugspannung o,(7); die parabolische Verfestigung oberhalb o, wird der Ausbreitung der Gleitung aus 
Gleitzonen zugeschrieben, in welchen eine kleine Anzahl von Versetzungen durch Lomer—Cottrell- 
Hindernisse eingesperrt ist. Die ausgesprochene Zunahme von ¢, und o, mit wachsendem Zinkgehalt und 
abnehmender Temperatur wird gedeutet als Folge von Anderungen der Peierls-Nabarro-Spannung. 
welche herriihren von einer Verengung des Versetzungskerns der Halbversetzungen. Ein bedeutender Teil 
des Zuwachses von o, scheint jedoch mit der stetigen Abnahme der Stapelfehlerenergie bei Annaherung 
an die %—-/-Phasengrenze verkniipft zu sein. 


INTRODUCTION where 
In their paper on the work-hardening in face- (2 


centred cubic metals Feltham and Meakin" showed 
In equation (1) and (2) is the applied tensile 
that in rods of polverystalline copper of 99.991 per 
stress. the tensile strain. G the shear modulus, and 
cent purity recrystallized above 500°C the mode of 
2L/2L, the ratio of the average lengths of the glide 
hardening on deformation at 77, 195 and 293°K was : 
é ; zones before and after circumvention of the Cottrell— 
linear up to a temperature dependent tensile stress 
; Lomer barriers by dislocations contained by them. 

and the mechanism of hardening was the same 
Equation (2) correlated their measured values of 7 
as that occurring in the linear stage observed in F bind 
single crystals after the termination of easy-glide. 
rhe main object of the present work was to study 
With the assumption that at stresses above a, local tila re : 
i igh work-hardening in polycrystals of a simple copper-base 
vielding”’ took place by the spreading of slip from 
: f ; substitutional alloy, more particularly, to examine the 
small glide zones formed in the linear stage, and that : 


effect of alloying on the magnitude of o,. 7,,, and on 


this resulted in interaction hardening, they obtained 
the ratio 7,/o,@, and to obtain some indication of the 
for the coefficient of work-hardening in this, parabolic, . : 
rena grea influence of solid solution hardening on the tensile 
stage e rele ) 
(1) vield stress o,. Alpha-brasses were chosen because 
Lp = 


data on the work-hardening and yielding of single 


crystals were available’) for comparison: low tem- 
* Received June 30, 1959; revised October 13, 1959. 
+ The University, Leeds, Yorkshire, England. peratures were employed because the variation with 
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temperature of the parameters was then expected to 
be large, and complications arising from thermal 
recovery could be avoided. 


EXPERIMENTAL 


2.1 Materials and method 

The nominal zine contents of the brasses were 
10, 20, 30 and 35 per cent by weight; detailed analyses 
have been given previously. As the atomic weight 
of copper differs from that of zine by less than 
3°,. weight percentages are almost equal to the 
corresponding atomic concentrations, and the former 
have been used for the representation of experimental 
results throughout this work. 

Rod shaped specimens 13 em long and of 0.2 em 
diameters were wrapped in thin brass foil of the same 
composition in batches of ten, and each batch was 
then sealed into a separate evacuated silica tube and 
annealed at 600°C until the grain size had attained 
3 em. A second series of specimens was 
annealed at 800°C, in this case the grain size was 
4.5 « 10% em. In both cases the tubes cooled 
freely in air after withdrawal from the furnace. 
The annealing periods, given in Table 1, were deter- 
mined from published data.“ The grain sizes were 
checked by microscopy. No significant zinc loss was 
detected after annealing, either optically or gravi- 
metrically. 


TABLE | 


Annealing time (min) 
Brass 


600 C soo 


90/10 15 
80/20 2 14 
70/30 15 13 
65/35 12 12 


All annealed specimens were deep etched, electro- 
polished and slightly re-etched prior to deformation 
in tension in a motor-driven Hounsfield tensometer 
at a strain rate of approximately 10~4/sec. 

Liquid nitrogen, powdered carbon dioxide in 
aleohol, and methyl cyclohexane maintained just 
below its freezing point (149°K) were used as coolants. 
However, experimental difficulties precluded the 
extensive use of the organic liquid. 


2.2 Stress—strain curves 

Linear hardening was not discernible in the brasses 
annealed at 600°C, although this temperature had 
previously” been found high enough to reduce o, 
below o,, and thus lead to linear hardening in copper. 
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The specimens exhibited a definite yield point, which 
was followed by a yield point elongation, i.e. a small 
virtually horizontal part of the stress-strain curve 
(Curves b, ¢, d in Fig. 1.) 

A similar yield point elongation was not found with 
rods annealed at 800°C; only a residual slight flatten- 
ing of the stress-strain curve at the foot of the linear 
stage was then occasionally noticeable, for example in 
the 80/20 brass (Fig. 2). Upper and lower yield points 
could however be introduced also into these specimens 
by strain-ageing at constant strain for a few minutes 
at room temperature, i.e. considerably below the 
temperature (200°C) used by Ardley and Cottrell 
to induce yielding in single crystals of alpha-brass. 


Linear hardening was observed in specimens an- 


nealed at 800°C (Fig. 3). It terminates at a strain of 


1-1.5 per cent, as in copper.) 


a 65/35 77% 
b 65/35 200% _ 
¢ 7O/30 200°K _ 
d 80/20 291% 4 
e@ 80/20 291°%K _ 


24688 
° 


Fic. 1. Stress-strain curves of brasses annealed at 
800°C (a and e) and 600 C (b, ¢ and 


Extension 


Fic. 2. Drum-chart of force-extension curve of 80/20 

brass annealed at 800°C and periodically aged at 

constant strain during deformation at room tempera 
ture. Figures give ageing times in minutes, 
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Fic. 3. Stress—strain curves of 70/30 brasses annealed 
at 800°C except for uppermost curve, for which the 
annealing temperature was 600 °C, 


2.3 Yield points 


The yield points were taken to be the stresses at 
which deviations from the linearity of the stress— 
strain curve in the elastic range first became apparent, 
and lie in general slightly below the stress at which 
abrupt vielding set in, as may be seen from Fig. 1 in 
which only the strictly linear (Hookean) parts of the 
curves are omitted. The effect of temperature and 
composition on the yield point o, are shown in 
Figs. 4 and 5. 

In order to be able to distinguish between the 
influence of the substructure and that due to grain 
size on the vield point, a few specimens of the 70/30 
brass were annealed at 500°C for $, 1 and 2 hr, and 
subsequently strained at room temperature. As may 
be seen from Table 2, a significant grain size depen- 
dence is not in evidence; as in the case of copper,* 
the effect of grain size on o, is probably small. The 
differences between the magnitudes of corresponding 
vield points (Figs. 4 and 5) must therefore be ascribed 
mainly to differences in the intragranular substrue- 
tures. 

X-ray back reflection photographs showed frag- 
mented spots of the type ascribed by Jacquet'® to 
polygonization: by means of his etching technique 
substructures similar to those found by Young™ in 
copper single crystals which had been allowed to 


* Feltham and Meakin’ found that in 99.99 per cent 
copper annealed in vacuo it was possible to increase the grain 
size by a factor of 8 without decreasing the yield stress by 
more than about 5 per cent. A high grain size dependence of 
the yield stress in face-centred cubic metals and solid solu- 
tions, if found, is probably attributable mainly to the 
solution treatment and to intragranular recovery after cold- 
work which accompany the grain-growth anneal. 


1960 


polygonize at high temperatures, and by Hibbard 
and Dunn‘*) in silicon iron, were disclosed (Fig. 6). 
The development of the sub-boundaries was most 
readily observed in large grains, as these maintained 
their identity during recrystallization over compara- 
tively long periods. Electron micrography showed 
the straight lines shown in the grains in Fig. 6 to 
form from fragmented wavy lines, which in turn had 
formed by the alignment of elementary segments 
about 0.5 uw long, each delineated by a row of etch 
pits. By deforming a specimen until all three sets of 
slip traces are visible in some of the grains having a 
well defined substructure, it is easily shown that the 
directions of the sub-boundaries do not coincide with 


+ 
| 
| 
[ 


200 300 400 20 30 40 


4. Temperature and concentration dependence of 
ensile yield stress of brasses annealed at 600°C to 
a constant grain size of 3.0 10-3 em. 


F7%K 


‘TOO 200 300400 10 20 30 40 
OK Zn % 


5. As Fig. 4, but annealed at 800°C to a constant 
grain size of 4.5 10-3 em. 


TABLE 2 


Annealing 
time (hr) 


Grain size 0, +. 10 
(em 10-*) (kg/cm?) (kg?/em#) 
O.5 2. 630 
1.0 8 560 


) 
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AND 


Intragranular 


any of the slip directions. In fact, as may be inferred 
from Fig. 6 in which lines are seen to be perpendicular 
to an annealing twin boundary, the sub-boundaries 


tend to be normal to slip planes. 


2.4 Linear and parabolic hardening 

The rate of work-hardening in the linear stage 
(y, = da/de) of specimens annealed at 800°C is shown 
in Table 3. 


yield point elongation the slopes could not be deter- 


Due to slight interference by the residual 


mined with accuracy; they are however close to the 

corresponding values obtained with copper annealed 

at 600°C, which are also included in the table. 
Figure 7 shows the log-log representation of the 


TABLE 3 


10-4 


K (kg/em?)  (kg/em?) 
291 2.8 4.83 1.35 
Cu 200 3.2 5.00 1.40 
77 3.6 5.18 1.62 
29] 3.1 4.65 1.76 
90/10 200 3.6 4.82 1.76 
77 3.7 00 1.78 
291 2.0 4.46 2.03 
00 1.6 4.65 1.94 
80/20 
149 4.68 1.96 
77 2) 4.80 1.96 
29] Bey 4.30 1.62 
70/30 200 2.1 4.46 1.54 
>| 


» 
65/35 200 2.0 4.35 1.12 
77 1.9 5 1.26 


AND WORK-HARDENING IN 


/ 
4 
. \ 


substructures 
for 13 min. Jacquet’s etch. 
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\ 


* 


in 70/30 brass annealed at S00 C 


parts of the stress-strain curves above oa, of 90/10 
specimens annealed at 800°C (full The 
dilog e)/d(log derived from the 


circles). 
coefficient 
slopes is close to 2.0, as was already noted by French 
and Hibbard™ in their work on brasses. 

By displacing the points horizontally to the left 
by a constant amount &, O.5 per cent the points 
indicated by the empty circles are obtained. The lines 
drawn through the displaced points represent the 
relation 

o* = y,(€ — &9) (3) 


previously derived for copper.”) With specimens 
annealed at 600°C a positive value of e, of about 
0.1 per cent was required to satisfy equation (3). 
z, of brasses annealed at 600°C is given in Fig. 8; 
a, (Fig. 9) was however determined by using rods 
annealed at 800°C. 

While corresponding values of 7, of 90/10 brass 
annealed at 600 or 800°C were equal within the limits 
of experimental error this equality did not extend to 
the other brasses. The stress-strain curves of the 
alloys with higher zine contents, annealed at 800°C, 
were virtually linear, and no attempt was made to 
cases. The data relating to 


evaluate 7, in these 


copper, given in Figs. 8 and 9 as well as in later 


diagrams. were taken from the work of Feltham and 


Meakin™), 


DISCUSSION 
3.1 The tensile yield stress 
ratio o,/7 


Table 4 the 
resolved yield stress in shear of nominally 90/10 and 


shows where 7, is the 
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Log-log representation of the stress-strain curves of 90/10 brasses 
grain size 4.5 10 


Fic. 7. 


above oa,. Annealed at S800 C; 


Empty circles 


represent equation (3) and are obtained by displacing the measured points 
by 3 per cent of strain. 


“10 20 30 50 150 250. 
Zn% 


Fic. 8. Temperature and concentration dependence of 
the coefficient of parabolic work-hardening. 


70/30 brass single crystals as plotted by Suzuki® 
from his own measurements and those of Jamison 
and Sherrill“, Allowing for experimental error and 
slight differences between the compositions of the 


TABLE 4 


Stress 


219°K 200 K 77K 


(kg/em?*) 


396 
123 


3.2 


630 
200 


3.2 


90/10 


562 
144 
3.9 


1028 
280 
3.7 


70/30 


20810% 


Cu 

200 300400 20 30 40 
Zn“fo 

Fic. 9. Dependence of the tensile stress ¢o,, at which 


linear hardening terminates, on temperature and solute 
concentration. 


single crystals and the corresponding polycrystals the 
ratio is seen to be temperature independent and 
fairly close to the value of 3.1 indicated by theory" 
if r, of an isolated grain of the polycrystal is assumed 
equal to that of a single crystal. We shall regard the 
constancy of this ratio as an adequate basis for 
assuming the functional forms of both, the tempera- 
ture and composition dependence of the yield stress 
of polyerystalline brasses annealed at 800°C to be the 
same as for single crystals. 

A theoretical treatment of yielding in alpha-brass 
crystals has been given by Ardley and Cottrell®; 
more recently general treatments of solid solution 
hardening have been developed by Suzuki and 
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Flinn", Suzuki concurs with Ardley and Cottrell 
in ascribing the increase of the yield point of brasses 
with zinc content at low temperatures primarily to 
Cottrell locking of dislocations by zinc atoms. Accord- 
ing to him the locking force, and hence also the yield 
stress, should vary with temperature such that (his 
equation 8): 

(4) 


where A and B depend upon the elastic constants and 
the solute concentration. The linear dependence of 
l/c, on T, implied by equation (4), applies quite 
well to the data obtained with the brasses annealed 
at 800°C (Fig. 10). However Suzuki's treatment 
predicts only a very slight effect of concentration on 
o, at low temperatures with zine contents of 10 per 
cent or more, and a steady decline of ¢, as the amount 
of zine exceeds about 22 per cent. This is not born 
out either by the single crystal data (his Fig. 10) or 
by the present measurements (Figs. 5 and 10). 
Fig. 11 shows that (1/¢,),, obtained by extrapolation 
to OK in Fig. 10, is approximately proportional to the 
square of the solute concentration; the value for 
copper falls however off the line in this representation. 

Flinn”” ascribes the effect of zine content on a, in 
alpha-brasses to chemical interaction between the 
stacking-fault region of extended dislocations and 
solute atoms. The temperature dependence is again 
of the form given by equation (4) (Flinn’s equation 17). 
His own data give for brasses B = 2300°K in equation 
(4), so that a, could not increase by more than about 
1.5 per cent in the interval 300-0°K. Clearly therefore 
this form of hardening cannot account for the 
observed o,—T relation (Fig. 5), except possibly at 
temperatures exceeding about 400°K. 

We shall now propose an interpretation of the 


T T T 
Cu 


10%Zn 


4 


20% 
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°K 
Fic. 10. The yield stress of brasses annealed at 800°C 
to a constant grain size of 4.5 « 10-3 em as function of 
temperature. The copper was annealed for 2 hr at 600°C 
to a grain size of 2.5 « 10-3 em,“ 
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4 

Fic. 11. The inverse of the tensile yield stress at 0K, 


obtained by extrapolation in Fig. 10, as function of the 
square of the solute concentration, 


strong concentration and temperature dependence of 
o, at low temperatures in terms of the variation of the 
Peierls—Nabarro force, and shall utilize the relation 
between the core width w of a partial [211] dislocation 
and the width 7 of the stacking-fault ribbon separa- 
ting it from its conjugate [121], as derived by Seeger 
and Schoeck*), 

It is evident from their Fig. 4 and Table I[b, on 
taking elastic constants appropriate to copper, that if 
the stacking-fault energy is assumed to decrease 
almost linearly with zine content from 40 to 50 
erg/cm® for copper to almost 0 at 50 per cent zine,“?) 
and hence that w/ is 2-3 times smaller in a 65/35 
brass than in copper, that w will decrease by about 
10 per cent in that concentration range, i.e. 0-35 
per cent Zn. 

The Peierls-Nabarro shear stress for a_ partial 
dislocation in a close-packed lattice is given by“? 

Tpy = (2G/1 — v) exp (—2z7w/b), (5) 
with Poisson's ratio vy omitted if the associated pair is 
of the pure screw type. For a partial edge dislocation 
in copper Schoeck and Seeger give w = 1.5), so that 
the exponent in equation (5) is then equal to —9.4. 
A reduction of w by 10 per cent would therefore 
increase Tpy by a factor of exp (—0.94), i.e. approxi- 
mately 2.6 times, neglecting changes in G. With 
G = 5 x 10° kg/em® and = 0.4, tpy for such a 
partial dislocation in copper is then found to be 
138 kg/em?. The corresponding tensile stress in the 
case of a polycrystal would be about 435 kg/em?, and 
for 65/35 alpha-brass about 1130 kg/cm?. In view of 
the approximations inherent in the Peierls-Nabarro 
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model these values can be regarded as satisfactory on 
comparison with the data in Fig. 5, assuming 7 py 
Ty — Tehem: Ww here (7,,) 400 

Further. if it is assumed that over restricted ranges 


of T 


‘chem 


271’), (6) 


uw 
as proposed by Petch"®, where x is a small positive 


- Ochem) 
is indicated by 


constant. a linear relation between log (a, 
and 7 


equation (5). Semi-log plots of o, 


at constant composition 
Ochem against 7’ 
are in fact virtually straight over the whole tempera- 
ture range investigated. The interpretation of the 
effect of alloving and temperature on the vield stress 
in terms of changes in the Peierls—Nabarro force thus 


appears to be promising. 


3.2 Linear hardening 

The rate and mechanism of hardening in the linear 
stage, and the strains up to which it extended, were 
found to be similar to those observed in copper, 
previously discussed by Feltham and Meakin”). They 
suggest that in face-centred cubic metals o, is the 
stress at which Cottrell-Lomer barriers cease to be 


The 


temperature dependence of o, would then be expected 


effective obstacles to the propagation of slip. 


to be of very nearly the same form ® irrespective of 
whether the barriers are circumvented by cross-slip 
or broken by a mechanism of the type considered by 
Stroh": in either case a stress-induced dislocation 
reaction must take place. 

The variation of ¢, with temperature in the case of 
the break-down of the barrier in copper by Stroh’s 
4, curve (b)— 


mechanism of recombination—his Fig. 


is represented by X in Fig. 12, where 


>> (na,/2G)'/. 


(7) 


In Stroh’s treatment » is the number of dislocations 


piled up against the Cottrell-Lomer barrier, and is 
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Fic. 12. Temperature dependence of o,/G. from 


equation (7). 
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assumed to be proportional to ¢,/G. X 
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> is therefore a 


direct measure of o,/G. 


The shear modulus G, used in deriving o,/G, was 
obtained from the approximate relation 


G = 5.25(1 3.7 x 10-47)(1 0.365C,,) 


10° kg/em? (8) 


constructed on the assumption that G@ decreased with 
increasing temperature linearly at a rate equal to 
that previously used for copper,’ and that its com- 
position dependence was equal to that found in 
brasses at room temperature. (Cy, is the weight 
fraction of zinc in the brass. 

We shall the 


dependence of ¢,/G apparent from Fig. 9 by consider- 


attempt to explain composition 
ing the stress required to recombine two straight 
partial dislocations of unit length at O°K into a com- 
plete screw dislocation according to the reaction 
] l 
-b{121] + = b[211] b {110}, (9) 
6 6 2 
assuming this to be the most important contribution 
to the stress in the process allowing the dislocation to 
escape over a barrier. 
Now the force of repulsion per unit length is 


F 27r) (10) 


where }, and 6, are the vectors on the left of equation 
(9). r the distance between the dislocations and y the 
stacking-fault energy. If we write 


F n7,(b/2) (11) 


2b, i.e. 


nba,/6 


when the dislocations recombine. with 
about twice the width of a partial screw dislocation, 
and where » is the number of dislocations piled up 
against the mobile partial dislocation, then from 
equations (10) and (11) 


Gh 
(6/5) 


nO, (12) 
487 
On taking G = 5 & 10" dyn/em?, b = 2.5 « 10-8 em 


and y = 50 erg/em® at O°K, it is apparent that a 
reduction of y to zero will increase the bracketted 
term in equation (12) from 33 to 83 erg/em?, so that 
the change of o, with concentration due to the de- 
crease of y should not exceed (83 33)"2, ie. about 
1.6 times. (The square root of the ratio has been 
taken because, as in equation (7), ” is assumed to be 
proportional to ¢,/G.) This factor is of the right order 
as may be seen from Fig. 12.* On taking account of 


* The shape of the curve representing the composition 
dependence of a, (Fig. 9) suggests that the most rapid decline 
of y (equation 12) takes place close to the x—$ phase boundary. 
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the diminution of the core width, and hence of the 
critical value of r, with increasing solute concen- 
trations, better agreement could be obtained. If r, for 
copper is taken to be 1100 kg/cem?, slightly extrapo- 
lating from values obtained by Blewitt ef a/.“%) at 
4.2°K, equations (11) and (12) yield n ~ 3 for copper. 
We shall revert to the consideration of this result 


below. 


3.3 Parabolic hardening 

The ratio 7,/¢,@, determined from values of 7, and 
¢, obtained with brasses annealed at 600 and 800°C 
respectively, appears to be temperature independent 
(Table 3). The arithmetic means, plotted in Fig. 13 
against the zinc content, show a pronounced peak at 
about 25 per cent zinc, similar to the peaks of 7,, in 
the isotherms in Fig. 8. 

Now, according to Feltham and Meakin" 


(L Ly) 7 (13) 


where 2L/2L,, is the ratio of the lengths of the slip 
zones above and below oa,, respectively. An obvious 
interpretation of the peak shown in Fig. 13 is to relate 
it to a maximum of the L/L, ratio arising from the 
pronounced tendency to Lueder’s band formation in 
brasses" containing 20-30 per cent of zinc.* 

If it is assumed that the stacking-fault energy 
increases uniformly with the zine concentration, 
the occurrence of the peaks at about 25 per cent of 
zinc cannot, in the main, be a consequence of the 
associated increase of ¢,, as is also apparent from the 


348 
22+ 144 
L = 
20+ 40 
136 § 
a 
2 
= 7 
{28 
4 
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e) 10 20 30 40 


Zn % 
Fic. 13. Effect of zinc content on the ratio 7,/¢,@ at 
low temperatures, and the activation energy of creep in 
the range 400-650 


* A peak, again at about 25 per cent of zinc, has also been 
observed” in the concentration dependence of the activation 
energy H of high-temperature creep in the range 400-650 °C, 
measured by the temperature cycling method." (Fig. 13). 
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absence of a maximum of ¢, in Fig. 9. It may however 
be due to short range order localized in the immediate 
vicinity of the dislocation cores, i.e. a particular form 
of Cottrell locking, which may also account for the 
formation of Lueder’s lines. 

Evidence of short range order in alpha-brasses has 
been obtained by a number of workers,2-24 and 
Masumoto’) and co-workers believe that their 
specific-heat measurements indicate the existence of 
the Cu,Zn superlattice in the ordered domains. 
Also, Pavlov and Pereturina’®) propose short range 
ordering as the cause of the occurrence of an upper 
yield point in the Cu—Ni system strain aged under 
stress in the same manner as the 80/20 brass in the 
present work. 

While, as already mentioned, the work-hardening 
of the 90/10 brass above 0, Was found to be parabolic 
irrespective of whether the specimens had been 
annealed at 600 or 800°C, the hardening of brasses 
with higher zinc contents was virtually linear above 
o, (Fig. 1). This linearity appears to accompany the 
tendency to Lueder’s band formation and the ability 
of the bands to propagate relatively unimpeded by 
substructure in the brasses annealed at SOO°C. 

The existence of dislocation pile-ups containing a 
large number of dislocations, which have been ob- 
served in 70/30 brass‘ and also in austenitic stainless 
steel,“°© is also seemingly a consequence of vielding 
resulting from dislocation locking due to local order. 
Large pile-ups have not so far been observed in 
pure metals. Mott” has in fact suggested that in 
pure face-centred metals Cottrell-Lomer locking 
would intervene, in the process of deformation, to 
prevent more than about six dislocations piling up 
against a barrier. The value n ~ 3 derived in Section 
3.2 for copper at low temperatures is also of this 
order of magnitude. 

Although equations (1) and (2) were found to de- 
scribe work-hardening of the brasses satisfactorily, 
with certain qualifications arising from the tendency 
to Lueder’s band formation, the small values of n 


indicated above show that in the equation 
Ly n Gh/ alo, (14) 


given by Feltham and Meakin", in which 2L,, is the 
length of the slip zones containing » dislocations and 
g, a small stress equal to about twice the vield stress 


in shear of single crystals; both, L,, and n, must be 


regarded as being about an order of magnitude smaller 
than estimated by them. 

If d L,,/n is taken to be a measure of the distance 
between dislocations lying behind barriers as the 


applied stress reaches o,, then at low temperatures in 
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copper d~ 5 » 10°%& em. As d is nearly proportional 


to 1/o, (equation 14), it would be expected to increase 
approximately exponentially with temperature, as 


may be inferred from Fig. 9. 
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ANNEALING OF X-RAY INDUCED SURFACE HARDENING IN NaCl* 


R. CUYPERS and S. AMELINCKX?+ 


Rocksalt crystals were irradiated with X-rays. The so produced surface hardening and the resoftening 
due to annealing at different temperatures were followed. The activation energy of the process associated 
with the annealing in the temperature range 150°—300°C was derived. In agreement with experimental 
results obtained by other workers, we find it likely to assume that clusters of point defects are the 
principal cause of the surface hardening. For annealing temperatures below 300°C the resoftening 
would mainly result from the growth in size of these aggregates, and their corresponding decrease in 


number. 


DE SURFACE INDUIT PAR LES RAYONS X DANS DES 
CRISTAUX NaCl 
Les cristaux de NaCl ont été irradiés & l'aide de rayons X. Le durcissement de surface ainsi obtenu et 
la restauration due au recuit a des températures différentes a été étudiée. L’énergie d’activation lors du 


DURCISSEMENT 


RECUIT DU 


recuit dans la gamme de températures entre 150 et 300°C a été déterminée. En accord avec les résultats 


expérimentaux obtenus par d’autres chercheurs, nous trouvons que les ségrégations de défauts ponctuels 


sont la cause principale du durcissement de surface. 
Pour des températures de recuit sous 300°C, la restauration résulte principalement de la croissance des 


dimensions de ces agrégats et de la décroissance de leur nombre. 


ERHOLUNG DER DURCH RONTGENBESTRAHLUNG VON NaCl INDUZIERTEN 
OBERFLACHENHARTUNG 

Steinsalzkristalle wurden mit Réntgenstrahlen bestrahlt. Die entstehende Oberflachenhartung und der 
Abbau derselben wurde durch Gliithen bei verschieden Temperaturen verfolgt. Die Aktivierungsenergie 
fiir den mit dieser Erholung verbundenen Vorgang wurde im Temperaturbereich von 150° bis 300°C 
bestimmt. In Ubereinstimmung mit experimentellen Ergebnissen anderer Autoren sind wahrscheinlich 
Ansammlungen von punktférmigen Gitterfehlern die Haupsursache der Oberflachenhartung. Bei 
Glihtemperaturen unterhalb 300 C wiirde dann der Harteabbau haupt sachlich davon herriihren, dais 
die GréBe dieser Aggregate wachst und ihre Anzahl entsprechend abnimmt. 


In order to gain additional information on the 
0 425° 
« 475% 
+ 525°K 
575° 


mechanism of surface hardening in NaC] X-irradiated 


at room temperature (20°C), isothermal annealing 


experiments were performed by pulse annealing at a 
given temperature, in the range 150°-300°C. The 


surface microhardness of the crystals was determined 
at room temperature by means of a Vickers type 


indentor. The crystals were irradiated for 3 hr by or 
means of unfiltered copper radiation (40 kV, 20 mA), ™ Y 
the measured surface being at 5.5 em of the copper ~ <— eae ee 
target. Two methods of determining the hardness ae ‘I 
were used: 
(i) measuring the diameter of the indentation,“ + 632 
(ii) measuring the etched deformation pattern Fic. 1. Isothermal annealing of the Vickers hardness at 
» te = I5°K 75°K. 595°K 
caused by the indentation.” the following temps K. 475°K, 525°K, 


Although the second method is apparently more 
sensitive, the spread in the results turned out to be Each point represents the average of at least fifty 


larger too. The two methods were applied in parallel; observations. This large number was necessary to 
they lead however to essentially the same results. make sure that the unavoidable scatter in this type 


Figure | represents the averaged isothermal anneal- of measurement did not mask the real value. It 
proved further necessary to make the indentations 


ing curves for a large number of measurements. The 
Vicker’s hardness is plotted versus annealing time. on the irradiated face in such a way that gradients 
in hardness, due to inhomogeneities in the crystal or 


* Received July 13, 1959; revised November 13, 1959. to variations in radiation dose, were averaged out. 

+ Laboratorium voor Kristalkunde, Rozier 6, Gent, Thi hi 1] laci nd : 
Belgium. ls Was achieve placing the indentations 
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corresponding to a given datum point of Fig. 1 at 
the node points of a square grid over the whole of the 
irradiated area. Successive grids of indentations 
were shifted one with respect to the other over a 
sufficient distance to avoid interference of the patterns. 
Fig. 2 the in Vickers 
hardness during anneal. 

At the beginning and at the end of each annealing 
experiment the hardness in the unirradiated part 
also was measured, to make sure that no quench 
It may be noted also that 
for annealing temperatures 300°C. the 
hardness did not drop to its value in the unirradiated 
part of the crystal, even at annealing times of more 
than | hr (see Fig. 1). 

If we assume that the effect, which causes the 


shows fractional change 


hardening had occurred. 
than 


less 


hardening decrease during annealing, satisfies first- 
order kinetics, we may write the equation 

dy/dt Ky (1) 
where ¢ is the annealing time, y represents (AH), 
(AH), (AH), is the Vickers 


hardness remaining after an anneal of ¢ seconds 


where increase in 
and where A is a rate constant dependent on the 
annealing temperature 7’ by the equation 


= Ky, exp (—E/kT). 


In this last equation F is the activation energy and k 
the Boltzmann constant. 
The differential equation (1) has the solution 


= yo exp[—tk(T)}. (3) 
If then f, and ¢, are the annealing times needed to 
give y the value } at the respective temperatures 7’, 
and 7’,, it is easy to see from equations (2) and (3) 
that ¢; and ¢; must be related to 7, and 7; by 


In (¢,/t;) 


(E/k)(1/T, — 1/7;). (4) 


AVY), 


Time 


Isothermal annealing of the fractional increase 
in Vickers hardness. 
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From this equation the value of the activation 
energy E was calculated from the graphically esti- 
mated values of ¢; and ¢;.. The results are summarized 
in column | of Table 1. 

Another method for the calculation of HE comes 
immediately from equation (2). Indeed, if we write 
equation (2) for the annealing temperatures 7’, and 
T’,, it follows that 
a= 


1/7)" In (K,/K,) (5) 


where AK, and A, are the values of K corresponding 
to T, and 7. In equation (5), A,/K, can be calculated 
from equation (3) when the corresponding values of y 


are measured for the same annealing time ¢ at the 


TABLE | 
T,( K) T,(-K) l(eV) 2(eV) 
425 475 0.200 0.202 
425 525 0.208 O.199 
425 575 0.193 0.192 
475 525 0.200 0.198 
475 575 0.186 0.186 
525 575 O.175 0.171 
0.194 eV 0.19LeV 


Time, min 


Fic. 3. Isothermal annealing of the fractional increase 
in Vickers hardness on a logarithmic plot. 


different annealing temperatures 7, and 7';. The 
values of E obtained in this manner are given in 
column 2 of Table 1, from which we conclude that 
E =0.19 eV + 0.02 eV. 

The curves of Fig. 2 
mately by equation (3). The fit can be judged from 
the plots of Fig. 3, the curves should become straight 
lines there. The slope of these lines is a convenient 
measure for the rate of softening at each temperature 
Another method to control the fit of the experi- 
mental data with the higher stated equations, can 
be given by noting that, since K must satisfy equation 
(2), In K/ A, must be a linear function of 1/7’. In Fig. 4, 
we have plotted in logarithmic scale against 1/7’ an 
experimental value that is directly proportional to 


K/Ko. 


can be represented approxi- 
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Fic, 4. 

A sensitive verification of the value of this activa- 
tion energy can be obtained by replotting the original 
annealing curves on a reduced time scale, using the 
activation energy as found in the indicated fashion. 
Such a plot is shown in Fig. 5; for B = 0.19 eV the 
best fit is found. 

We also tried to interpret the results on the basis 
of second order kinetics, but this led to less good 
fit with the experimental results, although the 
difference was not clear cut. 

Although the data simulate a simple first-order 
process, with a relatively good approximation, the 
magnitude of the apparent activation energy makes 
it improbable that we are measuring the true activa- 
tion energy of such a process. The frequency factor 
derived on the basis of the found activation energy is 
several orders of magnitude smaller than any reason- 
able value. It is therefore suggested that we are 
dealing with a number of processes distributed in 
activation energy in such a way that approximately a 
simple process is simulated. 

Isochronal annealing also pointed to a complicated 
process, since no well-defined annealing steps are 
found; instead a more continuous type of annealing 
takes place in the considered temperature interval. 
In view of previous results this can be understood if 
we consider that vacancy clusters of varying sizes 
are the hardening entities. If the softening is indeed 
connected with the migration and growth (eventually 
elimination) of these complexes, it is reasonable 
that since there are probably wide variations in size, 
there should also be a wide spread in the spectrum 
of activation energies. 

The most reasonable assumption seems to be that 
the migrating defects are higher complexes of vacan- 
cies. Arguments to support this point of view are: 

(a) Measurements’® of the annealing of density 
changes and colour center concentrations in proton 
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AVH/\AVH),, 


Fic. 5. Isothermal annealing of the fractional increase 
in Vickers hardness on a reduced time scale, 


irradiated NaCl indicated that no appreciable loss 
of vacancies, but instead an agglomeration, occurs at 
temperatures below 200°C. Above 200°C the density 
increases and the R’ which 
implies that at these temperatures, some vacancy 


band disappears, ‘® 


clusters must dissociate and disappear. Some 
aggregates, however, seem to remain stable until 
temperatures above 300°C. This behaviour could 


explain our observation that an annealing tempera- 
ture of at least 300°C is needed to reduce the hard- 
ness of the crystal to its original value. 

(b) From correlated measurements of hardening 
and colour center absorption made in this laboratory®) 
it was also concluded that aggregates of point defects 
were probably responsible for the hardening. This 
point of view was also adopted by Gilman and 
Johnston in the case of LiF. 

The present measurements are consistent with the 
picture postulated previously, in which the softening 
the growth of the aggregates 


was associated with 


and the resulting “‘over-aging’’. 
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THEORY OF CRYSTAL GROWTH AND INTERFACE MOTION 
IN CRYSTALLINE MATERIALS* 


JOHN W. CAHN?+ 


The theory of crystal growth for diffuse and for non-singular surfaces is re-examined, It is found that 
if a critical driving force is exceeded the surface will be able to advance normal to itself without needing 
steps; if this driving force is not exceeded lateral step motion is necessary. For extremely diffuse inter- 
faces this critical driving force will be so small that any measurable driving force will exceed it. For 
sharp interfaces the critical driving force will be very large, and most growth will occur by lateral step 
motion. For most systems however the critical driving force should be accessible experimentally. 

In addition the nature of a step in a diffuse interface is discussed and its energy calculated. The con- 
ditions for interface motion by classical nucleation or screw dislocation mechanisms are derived. 


THEORIE DE LA CROISSANCE DE CRISTAUX ET MOUVEMENT D' INTERFACE DANS 
DES MATERIAUX CRISTALLINS 

La théorie de la croissance cristalline par des surfaces diffuses et sans singularité, a été réexaminée. 

On a montré que si une force motrice critique est dépassée, la surface est apte a se mouvoir normale- 
ment a elle-méme sans discontinuité. 

Si la force motrice n'est atteinte, un mouvement discontinu latéral est nécessaire. 

Pour des interfaces trés diffuses, la force de mouvement critique peut étre si faible que toute force 
motrice mesurable la dépassera. 

Pour des interfaces nettes, la force motrice critique sera trés grande et une croissance importante 
aura lieu par mouvement latéral discontinu. Pour la plupart des syst¢émes cependant la force motrice 
critique sera accessible experimentalement. 

Enfin,. la nature de la discontinuité dans une interface diffuse a été discutée et son énergie calculée. 

Les conditions pour un mouvement d interface par nucléation classique ou des mécanismes de 
dislocation-vis en ont été déduites. 


THEORIE DES KRISTALLWACHSTUMS UND DER BEWEGUNG VON GRENZFLACHEN 
VON KRISTALLINEM MATERIAL 

Die Theorie des Kristallwachstums fiir diffuse und nicht-singulare Grenzflachen wird iiberpriift. 
Uberschreitet die treibende Kraft einen kritischen Wert, so kann sich die Flache in der Normalen- 
Richtung verschieben, ohne daB Stufen nétig sind. Fiir extrem diffuse Grenzflachen ist der kritische 
Wert so klein, daB jede meBbare treibende Kraft ihn iiberschreitet. Fiir scharfe Grenzflachen wird der 
kritische Wert der treibenden Kraft sehr groB sein, das Wachstum wird meist durch seitliche Bewegung 
von Stufen erfolgen. Fiir die meisten Systeme sollte die kritische treibende Kraft jedoch experimentell 
erreichbar sein. 

Zusatzlich wird die Gestalt einer Stufe in einer diffusen Grenzflache diskutiert und ihre Energie 
berechnet. Die Bedingungen fiir eine Bewegung der Grenzflache durch klassische Keimbildung und 
einen Schraubenversetzungs-Mechanismus werden hergeleitet. 


In the theory of crystal growth one distinguishes”) 
between two major mechanisms: 


(1) The surface advances by the lateral motion of 


steps one interplanar distance (or some integral 
multiple thereof) in height. An element of surface 
undergoes no change and does not advance normal to 
itself except during the passage of a step, and then it 
advances by the step height. It has been customary 
to assume the surfaces are sharp and that the steps 
have steep risers. We will here consider the step more 
generally as the transition between two adjacent 
regions of a surface, parallel to each other and 
identical in configuration, displaced from one another 
by an integral number of lattice planes. It is thus 
possible to conceive of a step in a diffuse surface even 
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though the step height is much smaller than the 
thickness of the surface. 

(2) The surface advances normal to itself without 
needing steps. This means that in the presence of a 
driving force every element of surface is capable of 
continued change leading to advance of the surface. 
For a sharp surface this continued change may be 
considered crystal growth by the more or less uniform 
change over large areas of each successive new layer 
to fit into the crystal whereas the growth of a diffuse 
surface requires simultaneous changes in several 
successive layers. 

The 
two-fold; one is geometrical—lateral motion of steps 
vs. motion of the whole surface normal to itself; the 


distinction between these mechanisms is 


other based on the time sequence of an element of 


surface—no motion or change except when a step 
passes vs. continual change. We shall term the first 


‘ 
at 
WTO) 
8 
: 
rer 
554 


CAHN: 


CRYSTAL 


mechanism nonuniform or lateral growth, and the 
second uniform or normal growth. 

The prediction of which mechanism will be operative 
in a particular system is basic to the understanding 
of crystal growth. Two criteria have been used to 
make this prediction: 

(1) The first is whether or not the surface is dif- 
fuse.) A diffuse surface is one in which the change 
from one phase to the other is gradual, occurring over 
several atom planes, and is in contrast to a sharp 
surface for which the major property change is 
confined to within one interplanar distance. The 
diffuse interface is thought to be able to advance 
normal to itself. What constitutes sufficient diffuse- 
ness and whether there is an abrupt transition from 
one mechanism to the other with increasing diffuse- 
ness has never been fully discussed. 

(2) The other criterion is based on whether or not a 
surface is singular.“.4) A singular surface is one for 
which the surface tension as a function of orientation 
has a pointed minimum. Growth of singular surfaces 
is known to require steps, whereas it is usually believed 
that non-singular surfaces can continuously advance 
normal to themselves. 

The two criteria for the classification of systems 
according to expected growth mechanism have often 
been used interchangeably although they do not give 
identical answers. Furthermore, for either of the 
criteria the details for borderline cases have not been 
explored. It is for instance quite conceivable 
that a surface which is non-singular in the absence 
of a driving force could become singular when a 
driving force is applied. 

The purpose of the present paper is to develop 
another criterion for classification. Consider the 
necessary requirements for the appearance of lateral 
growth. It is evident that the lateral growth mecha- 
nism will be found when any area in the surface can 
reach a metastable equilibrium configuration in the 
presence of the driving force. It will then tend to 
remain in such an equilibrium configuration until the 
passage of a step. Afterwards the configuration will 
be identical except that each part of the surface has 
advanced by the step height. If the surface cannot 
reach equilibrium in the presence of the driving force, 
then it will continue to advance without waiting for 
the lateral motion of steps. 

The distinguishing feature is thus the ability of the 
surface to reach equilibrium in the presence of the 
driving force. In this paper we will therefore explore 
the nature of this equilibrium. The conclusion that is 
found is that, for every surface or interface in a 
crystalline medium, there exists a critical driving force, 
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which, if exceeded, will enable the surface or interfac: 


to move normal to itself, and, if not exceeded, will 
require the lateral growth mechanism. This criterion, 
based on driving force will be compared with the 
other two criteria already described. Much of what 
will be discussed will apply not only to surfaces 
between a solid and a fluid, but also to interfaces in a 
crystalline medium when the same lattice extends 
into both phases as in order antiphase domain 
boundaries and ferromagnetic and ferroelectric domain 
walls, 

In the next section we will examine the origin and 
magnitude of the minima that occur in the free 
energies of surfaces, interfaces and domain walls when 
these are in a crystalline medium. We shall find a 
lateral growth mechanism in all cases at sufficiently 
low driving force, and the details of this mechanism for 
diffuse interfaces will be explored in subsequent sections. 

1, THE LATTICE RESISTANCE TO 
INTERFACE MOTION 

In the absence of a driving force, an interface held 
parallel to a low index crystallographic plane will 
assume an equilibrium configuration. Because the 
interface is in a crystalline medium the identical 
configuration, displaced by an integral number of 
lattice planes, will also be an equilibrium configura- 
tion. We can conceive of the interface being forced to 
advance normal to itself. It can reassume the lowest 
free energy configuration only when it has advanced 
by an integral number of interplanar distances. 
All stages of intermediate advancement must corre- 
spond to configurations of higher free energy. In this 
section we will be concerned with this increase in free 
energy, which gives rise to a lattice resistance to the 
motion of the interface and results in a critical 
driving force necessary for the interface to advance 
uniformly normal to itself. 

For a sharp interface these concepts are obvious, 
and it is generally accepted that lateral growth will 
persist until extremely high driving forces. The 
intermediate states of uniform advance may here be 
thought of as the various fractional coverages of one 
layer of atoms. One can conceive of the chemical 
potential necessary to maintain a given degree of 
coverage.) This chemical potential will reach some 
maximum value at some intermediate coverage and 
this maximum value defines the critical driving 
force, which is expected to be quite large. 

For a diffuse interface there are many conceivable 
paths of advance from one equilibrium position to the 
next. We are aided by the fact that the path of 
interest to us proceeds over the lowest free energy 


barrier. This barrier, because it also represents an 
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Schematic drawing of a domain wall advancing. 


Fic. 1. 
Each rod represents the direction of magnetization of a 
plane of atoms; each row of rods represents the domain 


an instant of time. The arrow points to the 
center of the domain wall. 


wall at 


extremum in free energy (a saddlepoint), will also 
satisfy the same equilibrium equations which we use 
Fig. 1 
illustrates schematically for a 180° magnetic domain 


to obtain the equilibrium configuration. 


wall two types of interface configurations each satis- 
fying the conditions of equilibrium but differing in 
free energy. The domain wall with no spins in the 
hardest direction (i.e. symmetrical about an interstitial 
plane) is the lower in free energy. Fig. 2 gives 
schematically the free energy asa function of position 
of the boundary. 

We shall now concern ourselves with computing 
approximately the variation in free energy that an 
interface encounters as it is forced to advance uni- 
formly through a crystalline medium in such a 
manner that the interface remains parallel to such a 
low index lattice plane. 

We shall assume that the excess free energy F per 
unit area of interface in the absence of a driving 
force can be represented by a sum over the lattice 
plane of the form 

> 
n= 


flu") =0 


where w, is some parameter which characterizes the 
nth lattice plane, vu’ and u” the values of u in the two 
phases; a is the interplanar distance and KA is a 
constant. For example u might represent the fraction 
of sites occupied, the composition, the angle which 
the magnetization makes with some specified direction 
or the degree of order. The function f(w,,) represents 
the increase in free energy accompanying the creation 
of a unit volume of homogeneous material character- 
ized by u, from the materials reservoirs of the two 
bulk phases. The second term represents the addi- 
tional work necessary to place such material in an 
environment of varying wu, and has been called the 
gradient energy.'® In magnetic domain wall theory 
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f(u,) is the crystal anisotropy energy and the second 
term is the exchange energy.) The extremals in F 
are obtained from the values of the w,’s given by a 
set of the difference equations 


df 


0. 
du, 


9K n-219 
+ 2ha~*(2u,, 
Equation (1.2) may be substituted into equation (1.1) 
to give for the surface tension ¢ 


df 


" du,| 
where the values of the w,’s must satisfy equation 
(1.2). 

In general at least two sets of w,’s can be found, 
one corresponding to the surface tension of the 
equilibrium configuration, the other to the surface 
tension at the saddle. Because of the lattice structure, 
each set of w,,’s is also a solution if each n is changed 
by an integer, corresponding to a translation of the 
surface by an integral number of lattice planes. 

Sharp interfaces occur when the values of f for 
intermediate values of uw are large compared to 
Ka-*(u' — u")?. The solutions to equation (1.2) and 
hence o are readily obtained. However for diffuse 
interfaces the solving of equation (1.2) represents 
considerable work, which can be reduced by an 
approximation which changes equation (1.2) into a 
differential equation.“ 

By changing the w’s into a continuous variable of z, 
the distance normal to the boundary, we obtain for 
equation (1.2) the differential equation 

of 


which may be integrated to give 


f=K du 


dz 


if 
A 8 C 


o - SURFACE TENSION 


@- POSITION OF INTERFACE 
Fic. 2. The surface free energy of the domain wall of 
Fig. 1 as a function of its position. Minima correspond 
to configurations A and C, and maxima to B. 
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or Z— \/(K/f) de (1.4) one assumes the interface to be in continuous medium. 


The second term describes the periodic variation of 


the surface tension as the interface is made to move 


in which uw for z= has been arbitrarily chosen. 


uniformly through the lattice, and constitutes the 
lattice resistance to the motion of the interface. The 


In identifying the continuous variable u(z) with the 


uw, 8 there is a certain arbitrariness in choosing the 
main assumption in deriving this term is that the 


values of z corresponding to a lattice plane. Once the 


interface is described by the same function «(z) 


value of z for one lattice plane has been chosen the 


regardless of the value of x. This is probably a good 


rest are determined. Let the value of z corresponding 


ass i or diffuse i rfaces,! 
to the position of the Oth lattice plane be —x. The assumption for diffuse interfaces. 


In order to obtain some feeling for the magnitude 


quantity « thus gives the position of the interface 


of the quantities let us assume that 


relative to a fixed plane in the lattice. 


Then f(u) = fod — 
Ug = u(—a) l = 
and : Then the solution to equation (1.4) is 
u = tanh (f9/A)z (1.6) 


Using the method of Poisson sums* we are now in a 


and equation (1.5) gives 


position to evaluate the surface tension as a function 


of x from equation (1.3) and from the u(z) obtained Ss Kf F 277K! \ wad 
from a solution of equation (1.4). 3 \' af,” | 
| dz < cosech / COS (1.7) 
a du an f a 
JO 
> A. cos B. sin — (1.5) he quantity » may be thought of as 
s=1 a a the thickness of the interface in numbers of lattice . 
where planes. For » large equation (1.7) reduces to 
df 
du a (Af,) ex }cos 
3 \ to | » 


which shows that o rapidly becomes insensitive to 


The first term is the value of the surface tension if the position of the interface as » becomes large. It 


approximation to the difference between the sum and thi 
integral. The other terms represent higher correction terms. 
The advantages of the Poisson sum method for this problem 


* The Poisson sum formula'*) enables one to sum the values 
at periodic intervals of a function of a continuous variable 


the \/ (277) Das are the rapid convergence of the series for diffuse interfaces 
> y(na) - > ) | - ) and also the ease with which the position x of the interface 
n x 8 v can be introduced. Consider the sum for various positions 


yina x) dz 


\/ (27) 


Since changing the sign of s does not affect the value of the Y's 


> y(na) | y(z) dz -\ (=77) 
a 


” 


The meaning of the Poisson sum formula is quite straight- 

forward. Consider just the first two terms. We are trying to 
evaluate the sum of the values at periodic intervals of a ciieis 

function of a continuous variable. The integral of this function, 

the first term of the sum, is a first approximation, but it a | * — 
weighs all parts of the function equally heavily. The integral Yeo | y(z) cos —— dz 


» 
x 
a a ) sin| » le 
Je \/ (<7) a 


tests whether the first term is a good approximation. It 
compares the value of y when z/a is close to being an integer 
with when it is not close to being an integer and makes a first 


The periodic variation of the sum with « is thus conveniently 
expressed in terms of a Fourier series. 


\T 
1960 
di 
» 
where is the Fourier cosine transform of 
a 
y(z %) COS az 
Q «== a 
» » 
Ts y(z) dz \ 
). a a 
) sin 
a 
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will be useful to introduce g(x) > 0, a dimensionless 


periodic function of « defined by 


a(x) |] q(x) (1.9) 


where o, is the minimum value of o as a function of «. 
The periodic part of o is thus given by o g(x), and 
g(a) is the fractional change in surface tension from 
the equilibrium value for the position given by «. 
For that value of z,g = 0. The approximate equation 
(1.8) gives 


exp COs 
24 a 


In the presence of a driving force the variation per 
unit area of surface in total free energy of a system 
due to uniform motion of the interface dx is approxi- 


mately given by 


(1.10) 


where AF, is the driving force, the change in free 
energy when the surface sweeps through a unit 
volume. The lateral growth mechanism is required 
only when there exists a value of x for which AF, 
The maximum value of o9(dg)/(dx) 


Hence 


dz) 0. 


for large n is given by 76 ¢Jmax/4- 


AF. max (1.1 1) 


a 


represents a driving force necessary to permit uniform 
advance of a diffuse interface. Such an advance does 
not need steps, and if in addition there are no diffu- 
sional barriers to motion, as in the case of a magnetic 
domain wall, the interface will be glissile, that is, it 
will be able to move without thermal activation. The 
free energy of the system as a function of interface 
position when the critical driving force is applied is 


shown in Fig. 3. 


FREE ENERGY OF SYSTEM 


@- POSITION OF INTERFACE 
Fic. 3. The free energy of the system as a function of 
position when the critical driving force 
(equation 1.11) is applied. 


interface 


1960 


Since the actual thickness of the diffuse interface 
is relatively insensitive to orientation’ the thickness 
in terms of the number of lattice planes is inversely 
proportional to the interplanar distance @ and hence 
directly proportional to the density of lattice sites. 
Thus the resistance to motion is greatest for close 
packed planes and zero for irrational index planes. 

Although we derived g(x) as a function of interface 
thickness » for large n, the concept of g(x) is perfectly 
valid for sharp interfaces. It is possible to find a 
continuous function u(z) in which the change from 
u’ to uw” is confined to a distance of the order of one 
interplanar spacing which will adequately describe the 
surface at intermediate stages of uniform advance. 
For sharp interfaces the maximum value of g(x) can 
then be obtained directly from equation (1.1) and 
usually will be of the order of unity. This corresponds 
to a very high driving force. 

At the other extreme we have the situation of a 
magnetic domain wall where n» is of the order of one 
hundred. Here g(x) is so small that the critical 
driving force corresponds to undetectably small 
magnetic fields and any measurable driving force will 
exceed it. We thus find that for these extreme cases 
the criterion being developed in this paper agrees 
with the criterion But for 
systems having interfaces with intermediate degrees 
of diffuseness the critical driving force will be of 
measurable magnitude and both lateral and uniform 


based on diffuseness. 


growth should be observed. 

It might be reasoned that when g(x) is sufficiently 
small the interface should be able to advance uni- 
formly by thermal fluctuation. This is true if one 
considers a small enough area of the interface, but it 
is obvious that it cannot occur simultaneously over a 
large area. We thus are led naturally to a lateral 
mechanism, the mechanism of growth by two dimen- 
sional nucleation. We will next consider this mecha- 
nism and the other main mechanism of lateral growth, 
the screw dislocation mechanism. For both of these 
mechanisms we will first have to consider the nature 
of the step, the transition between two portions of the 


surface differing in degree of advancement. 


2. THE FREE ENERGY OF A STEP IN 
A DIFFUSE INTERFACE 

In the previous section it was shown that the 
interfacial free energy is a periodic function of the 
position of the interface relative to the lattice. The 
periodic part of the free energy becomes small 
compared to the surface tension as one considers 
more diffuse This energy 
represents a force tending to keep the interface 


boundaries. periodic 


Ae 
SF AF dy 5 
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parallel to the low index crystallographic planes. 
It is well established that when a sharp interface is 
slightly inclined to a crystallographic direction, that 
the interface consists of large areas which follow the 
crystallographic direction and which are bounded by 
steps of height corresponding to an integral number 
of interplanar distances. In this section we will 
examine the nature and energy of the steps as we 
consider progressively more diffuse interfaces. 
Consider an interface not quite parallel to a low 
index crystallographic plane. We may describe its 
position by giving x as a function of the x and y, the 
coordinates in the crystallographic plane. Then we 
can define the function ZL such that the excess free 
energy due the inclination of the surface is given by 


The first term represents the work (equation 1.9) to 
move the surface parallel to the low-index crystallo- 


graphic plane to the position x, and the second term 
represents the work of inclining the surface from the 
low-index direction to the direction given by the x 
and y derivatives of x The quantity L may be 


identified if we assume that u(z) is independent of 


x and its derivatives. This gives 
Ou\* 
(;,) (;,) 

For a cubic lattice and a scalar u 

Ox\2 
L | Jae dy 
dx dy | (S") | 


where A has the same meaning as in equation (1), 
Combining equation (2.2) with the above, we obtain 


Ou 


dz = ha, (2.3) 


L | K| 
which is the result one would have obtained if one 
noted that the surface energy per unit area in the 
continuum or cubic symmetry and scalar w is inde- 
pendent of orientation. If we now seek a minimum for 
equation (2.1) for the situation that g = 0 for x 

00 and «(+ 0) x(— 00) = a we obtain that 


2 


» 
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GROWTH 


and that the excess energy ¢ per unit length of step is 


a 
é \/ 205 Vg dz 2.4) 
ef 
or approximately 
One also may define a width of the step by 
a a 
w 
V Imax 
1. | 
max (2.6) 


The value of w is expected to be very much larger 
than the thickness of the interface. This is not 
unreasonable even for a relatively sharp interface. 
For instance on a solid vapor surface it is caleulated™ 
that the equilibrium steps are quite ragged with jogs 
and holes extending over a number of atom distances, 
the width being greater, the greater is the equilibrium 
adsorption. It has usually been assumed that e/ac, 

1, but it is certainly always less than one and will 
be quite small for diffuse interfaces. 

Since for small deviations from the crystallographic 
direction a surface can be represented by a series of 
steps, a knowledge of the step energy will enable one 
to derive the shape of the minima of the polar plot of 
the surface tension near the low angle crystallographic 
directions and from this shape it can be determined 
whether the surface can be considered singular or not. 

If 6 is the angle between the surface and a low 
index crystallographic direction and o, the surface 
tension for a surface having the crystallographic 
direction then in a cubic material for 4 large enough 
that the number of steps exceeds the intrinsic numbet 
due to thermal fluctuations. 


oO é 
l + V Imax9- (=.4 


Tot 


3. THE THEORY OF GROWTH BY TWO 
DIMENSIONAL NUCLEATION 


When the driving force for moving the surface is 
less than the critical driving force for uniform motion, 
the surface must advance by the motion of steps 
across the surface. In the absence of a screw dis- 
location terminating in the surface the steps are 
rapidly exhausted and the surface would become 
exactly parallel to the crystallographic plane, unless 
new steps can nucleate from thermal fluctuations 
which locally change the value of x. Classical nuclea- 
tion theory considers an area of advance by one 


interplanar distance and surrounded by a closed step, 
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usually called a pillbox. The line tension of the step 

acts as force opposing the spreading of the pillbox 

and the pillbox will tend to disappear“® unless 

<0 (3.1) 

where 7 is the radius of the pillbox and AF, is the 
driving force for the formation of the new phase. 

The work W of forming a pillbox of critical radius 


r. 18 


(3.2) 
(3.3) 


(3.4) 


(3.5) 


where 

aAF, 
Because the step may be of considerable width these 
equations will lose their meaning if the critical 
radius becomes less than the width of a step. This 


condition gives 
(3.6) 


a 
(3.6) 


or Ww (3.7) 


wat 
This condition automatically implies that 


max 


—AF,< (3.8) 


a 
or that the driving force is less, by a factor of 7, than 
the for 


motion (equation 1.10). 


critical driving force necessary uniform 
Growth by a two dimensional nucleation mecha- 
nism is expected to be measurable when W is less than 


50 kT. 
occurring by classical two dimensional nucleation if 


We can therefore expect to observe growth 


(3.9) 


9 


and it will occur for a driving force less than (d94max)/4. 
This condition for expecting a range of driving force 
in which observable growth by classical two dimen- 
sional nucleation is expected does not explicitly 
depend on the interface diffuseness. 

If condition (3.8) is not met, that is, if the driving 
force is increased so that w is no longer less than the 
calculated radius of a classical nucleus then classica] 


The 


nucleation theory is not expected to hold. 
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critical nuclei are then given by particular saddle- 
points of the total free energy of the system as a 
function of x(x, y). 


F F, 


dy 


This equation is the two dimensional analogue of the 
equation used by Cahn and Hilliard"! for three 
dimensional nucleation with (xAF,, —- ogg) the two 


dimensional equivalent to their quantity f, and 
dz\* 
dx dy 


equivalent to the gradient energy. 


Here 
driving force is equivalent to the spinodal and it is 


critical 


expected that the W will go to zero continuously as 
The 


radius of the critical nucleus is expected to decrease 


AF, approaches the critical driving force. 


with increasing driving force until it equals w and 
then is expected to become larger again, becoming 
infinite at the critical driving force. The maximum 
required change in ~ is expected to remain close to a 
until w =r, and then with increasing driving force 
approach zero. Thus the critical nucleus begins to 
look more and more like a uniformly advancing 


interface. 


4. THE SCREW MECHANISM IN 
A DIFFUSE INTERFACE 
When a dislocation having a Burgers vector with 
a component normal to the surface intersects the 
surface, it gives rise to a step which must always 
terminate at the When a driving 
force is applied which favours one phase over the 


intersection.” 


other this step will move and because it is anchored 
The part of the 
step at large distances from the dislocation will have 


will rotate about the dislocation. 


a much greater distance to travel per revolution and 
so will lag behind causing the step to form a spiral. 
A steady state spiral will be reached after a while 
where the retarding forces due to the curvature of 
the edge and geometrical factors combine to give 
each part of the spiral equal angular velocity. With 
increasing driving force the spiral rotates more 
rapidly and the spiral arms are closer together. 
The growth velocity is given by 

wa 


G 


WW 
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and ~ the angular velocity of spiral is given approxi- 
mately by 


2r. 
c 


where V, is the velocity of a straight step for this 
driving force and r, is the radius of a two dimensional 
nucleus also for this driving force. The spacing 
between arms of the spiral is equal to 2r,. 

This theory is independent of the assumption 
about the sharpness of the interface and should hold 
until the driving force is so large that the spacing 
between arms is comparable with the width of a step. 
This again is given by 


e 
aAF, 
or 
_AF.. 


a 


As AF, becomes greater than (GoJmax)/@ the steady 
state spiral arms begin to overlap giving a more or 
less continuous slope instead of a spiral ramp. Until 
the critical driving force is reached, growth must 
still be considered as occurring by a lateral mechanism 
for the advance originates at the screw dislocation. 


SUMMARY AND DISCUSSION 


It has been shown that the mechanism of the 
motion of an interface in a crystalline material 
depends on the driving force rather than on the 
nature of the interface. At sufficiently large driving 
forces, the interface can move uniformly without the 
benefit of either a nucleation or screw mechanism, 
What constitutes a sufficiently large driving force 
depends on the diffuseness of the interface, so that 
for very diffuse interfaces any perceptible driving 
force will be sufficient, whereas for sharp interfaces 
the necessary driving force is so large that it may be 
difficult to achieve. 

The intuitive feeling that non-singular interfaces 
should be able to grow without the benefit of steps is 
not quite justified but in many cases the necessary 
driving force before this is so will be quite small. 
It may even be so small that the difference in driving 
force resulting from a nonequilibrium shape will be 
sufficient to let the crystal or surface approach the 
equilibrium shape dictated by the Wolff construction. 
For such a case it will never be possible to produce a 
crystal with flat surfaces by growing at a sufficiently 
low applied driving force since, if the incremental 
driving force due to the nonequilibrium shape is 
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sufficiently large, it will enable the crystal surfaces 


to achieve the other orientations. But many non- 
singular surfaces will not be so extreme so that the 
driving force necessary to move them uniformly will 
be appreciable and these must rely on a nucleation or 
screw dislocation mechanism. 

At small driving forces, the lateral growth mecha- 
nisms will be found, either the screw dislocation 
spiral or, in the absence of a screw dislocation, the 
two dimensional nucleation mechanism. The step 
energies and step widths for diffuse interfaces were 
computed. Since these steps tend to be quite wide, 
allowance must be made in the lateral growth mecha- 
nisms when the scale of the important features of 
these mechanisms becomes of the order of the step 
width. It was found convenient to distinguish 
AF as follows. 
Classical lateral 
By this we 
mean that in this range the growth is governed by 


according to the driving force 
(1) For 0 AF, 


growth mechanisms should be observed. 


phenomena which can be understood in terms of a 
step energy ¢ which is independent of AF, and is 
given by equation (2.4) or (2.5). 
-AF, 


growth mechanism has to be modified to take into 


2) For TOW max/@ the lateral 
account that the size of the critical nucleus and the 
spacing of the spiral arms are comparable with the 
step width. In this region a gradual transition is 
made from classical lateral growth to uniform advance 
of the interface normal to itself. 

(3) For AF, TO the interface can 
advance normal to itself without the benefit of the 
lateral motion of steps. 

The application of these principles to solidification 
kineties will be discussed in a subsequent paper.‘?) 
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SOME ELASTIC PROPERTIES OF AN EDGE DISLOCATION WALL* 
JAMES C. M. LIt 


A detailed elastic theory calculation is given to reveal the stress field of a dislocation wall consisting 
of a finite number of uniformly spaced edge dislocations of the same slip vector. The wall is normal to the 
slip plane. It is found that only at distances from the wall closer than the dislocation spacing in the wall 
does the stress field begin to resemble that of a simple tilt boundary or of a wall containing an infinite 
number of dislocations. At large distances from the wall, the stress field approaches that of a single 
dislocation with a Burgers’ vector equal to the sum of the Burgers’ vectors of all dislocations in the wall. 
Based on the calculated stress field, the process of polygonization is illustrated and some rate laws are 
suggested concerning the growth of a wall and the coalescence of two walls. The interaction of solute 
atoms with a finite dislocation wall is discussed in terms of the dilatational strain field which is also quite 
different from that of an infinite wall. The strain energy of a dislocation wall is caleulated and compared 
with that of a set of randomly distributed dislocations to confirm the energetics of polygonization, 
Finally, some mechanical properties are discussed in terms of the ability of a dislocation wall to resist the 
penetration of approaching dislocations and its contribution to the brittleness of the material. 


QUELQUES PROPRIETES ELASTIQUES DUNE PAROI DE DISLOCATION-COIN 

Un calcul détaillé a partir des théories de élasticité permet d’établir le champ de tensions d’une parol 
de dislocations-consistant en un nombre fini de dislocations-coin uniformément espacées, de méme 
vecteur de glissement. 

La paroi est normale au plan de glissement. On montre que a des distances de la paroi plus grandes que 
celles de lespace entre les dislocations dans la paroi, le champ de tension ressemble a celui d'une simple 
frontiére de rotation ou dune paroi contenant un nombre fini de dislocations. 

A des grandes distances de la paroi, le champ de tension approche celui d'une dislocation simple ayant 
un vecteur de Burgers égal & la somme des vacteurs de Burgers de toutes les dislocations dans la paroi. 
En se basant sur le champ de tensions calculées, la polygonisation est étudiée et quelques lois sont 
suggérées concernant la croissance d’une paroi et la connaissance de deux parois. L’interaction d’atomes 
en solution avec une paroi de dislocations définiés a été étudiée en partant d'un champ de dilatation qui 
est aussi trés différent de celui d°une paroi infinie. 

L’*énergie de déformation dune paroi de dislocation a été calculée et comparée avec celle d'une série 
de dislocations distribuées d'une maniére quelconque afin de confirmer le niveau énergétique de la 
polygonisation. 

Enfin, des propriétés mécaniques ont été discutées au point de vue de la capacité d'un mur de 
dislocations de résister & la pénétration ou lapproche de dislocations; sa contribution a la fragilité du 
matériau a été également analysée. 


EINIGE ELASTISCHE EIGENSCHAFTEN EINER STUFENVERSETZUNGSWAND 

Eine ausfiihrliche elstizitatstheoretische Rechnung zur Bestimmung des Spannungsfeldes eine 
Versetzungswand aus einer endlichen Anzahl von Stufenversetzungen mit gleichmaBigem Abstand und 
gleichem Gleitvektor wird durchgefiihrt. Die Wand steht senkrecht auf der Gleitebene. Es ergibt sich, 
daB das Spannungsfeld erst bei Abstanden von der Wand, die kleiner sind als der Versetzungsabstand in 
der Wand, anfangt einer einfachen Kleinwinkelkorngrenze oder einer Wand aus unendlich vielen 
Versetzungen ahnlich zu werden. Bei groBben Abstanden von der Wand nahert sich das Spannungsfeld 
der Wand demjenigen einer Einzelversetzung mit einem Burgersvektor, welcher gleich der Summe der 
Burgersvektoren aller Versetzungen in der Wand ist. Auf Grund des berechneten Spannungsfeldes wird 
der Vorgang der Polygonisation betrachtet und Geschwindigkeitsgesetze iiber das Wachstum einer Wand 
und die Vereinigung von zwei Wanden werden vorgeschlagen. Die Wechselwirkung geléster Atome mit 
einer endlichen Versetzungswand wird mit Hilfe des Dilatationsfeldes diskutiert, das sich ebenfalls von 
demjenigen einer unendlichen Wand vollig unterscheidet. Um die energetischen Verhaltnisse bei det 
Polygonisation zu betrachten, wird die Verzerrungsenergie einer Versetzungswand berechnet und 
verglichen mit derjenigen einer Anzahl statistisch verteilter Versetzungen. SchlieBlich werden im 
Zusammenhang mit der Fahigkeit einer Versetzungswand, ankommende Versetzungen aufzuhalten, einige 
mechanische Eigenschaften sowie der Beitrag einer Wand zur Versprédung des Materials besprochen, 


INTRODUCTION 


* Received August 18, 1959; revised November 5, 1959. Polvgonization is a verv important process in the 
Presented in part before the annual meeting of the Metal- So , 
lurgical Society of AIME, Feb. 14-19, 1960, in New York. 
J. Metals, 12, 72 (1960). dence of increasing interest has been shown by repeated 
9) 


initial stages of recovery of deformed crystals. Evi- 


+ Edgar C. Bain Laboratory for Fundamental Research, reviews on this and related subjects.“ This recent 
United States Steel Corporation Research Center, Monroeville, : 
Pennsylvania. 
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development is mainly due to improved and new 
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techniques of revealing dislocations and to successful 
confirmation of the dislocation model of substructure 
boundaries. A study of polygonization will not only 
lead to the understanding of the recovery process but 
also give an opportunity to learn about other pro- 
perties such as mechanical and chemical behavior of 
the polygonized stable boundaries. It seems desirable 
at this stage to supply information which can be 
obtained purely from the elastic theory of dislocations. 
This should help both the interpretation of experi- 
mental results and the design of new experiments. 
It is the purpose of this report to present the results 
of the simplest polygon boundary, namely, an edge 
dislocation wall. It is hoped that from the stress 
field of such a dislocation wall, some isothermal rate 
laws of polygonization can be deduced and the elastic 
interaction with solute atoms and some mechanical 
properties can be discussed. 

Some previous work on the elastic properties of a 
dislocation wall consisting of a finite number of 
dislocations has been reviewed by Amelinckx and 
Dekeyser™® their 
They discussed also both edge and screw dislocation 
walls with an infinite number of dislocations. The 
with an 


including some of own work. 


interaction of approaching dislocations 
infinite dislocation wall has been discussed by Li. 
A detailed analysis of the stress field of a finite 
dislocation wall is not available and is the object of 
this communication. 

A DISLOCATION WALL 


THE STRESS FIELD OF 


The stress field of an edge dislocation wall can be 
obtained by adding up the stresses of individual 


dislocations?) 


ub y, (32 y, 2) 
(x + ¥,*)* 


where .V is the total number of dislocations in the 
wall, uw is the shear modulus, vy is the Poisson ratio, 
and b is the Burgers’ vector. The coordinates are 
such that the wall lies in the y—z plane with disloca- 
tions parallel to the z-axis. In the case when JN is 
some properties of the wall have 
before.) shall 
only the case when N is finite. 


At large distances from the wall, the stresses can 


infinitely large. 


been discussed Here we discuss 
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be calculated by replacing the above summations 
with integrations: 


ub 22+ (y — 
C4 = In — = 
2r(l—yvh L2 (y L) 
9 9 9 (4) 
Ly (y—L) 
= In 
2r(l—v)h L2 + 
9 (0) 
(y — L) (y+ 
pbx y+ 
L 
y (6) 
a+ (y — LP 


where / is the dislocation spacing in the wall and L 
is one half of the height of the wall: 


L = Nh/2. (7) 
In equations (4), (5) and (6), rectangular coordinates 


with the origin at the center of the wall are used. 
It is seen from equation (4) that o,, is negative 


when y > 0, positive when y <0 and zero when 
y = 0. The contours of o,,, are shown in Fig. 1. The 


intercepts of these curves on the y-axis are represented 
by 


v)ho 


y = Ltanh ™ between Oand L (8) 


and 


v)hao 


y = Leoth “from Lto © . (9) 


1. The normal stress field of a dislocation wall, 
The wall is situated between | 
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Fic. 2. The normal stress field of a dislocation wall, o,,. 


It is seen that the two intercepts of each curve are 
reciprocals to each other as shown in Fig. 1. In fact, 
the y-coordinates of the two intercepts of each curve 


on any straight line passing through one end of the 


wall {(0,1) or (0, — 1)] are reciprocals to each other. 
The zero stress curves for o,, are a little more 
complicated. The contours of ¢,, are shown in Fig. 2. 
It is seen that farther away from the zero stress 
curve in the x-direction, the magnitude of the stress 

never exceeds 
ub 


(3 2) (10) 


The arguments on the intercepts just mentioned for 


the case of a, apply here also for ¢,,. The intercepts 


of these curves on the y-axis are also given by 
— v)ho 


L tanh ” between Oand L (11) 
ub 


a(l — v)ho,, 
L coth from Lto ©. (12) 


Fic, 3. The shear stress field of a dislocation wall, o,,. 


AN EDGE DISLOCATION WALL 


Fic. 4. The stress field of an edge dislocation wall. 


The zero stress curves for o,,, are represented by 
y? — x L* (13) 
and 
x=0 (14) 


as shown by Nabarro”®), The contours of o,, are 
shown in Fig. 3. It is seen that the shear stress never 
exceeds ub/|27(1 

It is to be remembered that equations (4), (5) and 
(6) are large-distance approximations. For stresses 
at small distances from the wall, a combination of 
the infinite-wall stresses and the finite-wall stresses is 
necessary. We shall discuss this later. Following 


x/h 
Fic. 5. The zero shear-stress curves for a 
two-dislocation wall. 
——— Exact 
Nabarro approximation (equation 13) 
Asymptotes for single dislocation 
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SHEAR STRESS 


6 


Fic. 6. The shear-stress field of a two-dislocation wall. 
Unit of stress = — 
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Read", the stress field of a dislocation wall is 
summarized in Fig. 4. When « > L and y > L, the 
stress field resembles that of a single dislocation. 
In fact, at very large distances from the wall, the 


stress field approaches that of a single dislocation of 


strength Nb situated at the center of the wall, where 
N is the total number of dislocations in the wall and 
b is the Burgers’ vector of each dislocation. 

To obtain some idea of the approximation of 
equations (4), (5) and (6), some exact calculations 
using equations (1), (2) and (3) are carried out for 
comparison. In Fig. 5 the zero shear-stress curves 
for a two-dislocation wall is given by. in polar 


coordinates (7, 4). 


32 p* 
1 \? 1 1 \2 
(15) 
where 
p=rlh (16) 


or in terms of the two angles (6), 4.) between the 
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Fic. 7. The shear-stress distribution of a dislocation 
wall, equation (6), in the x-direction. 
Unit of stress = yh 


ATTRACTION 


Fic. 8. The zero shear-stress curves for a_ three-dis- 
location wall. 

Exact 

Nabarro approximation (equation 13) 

Asymptotes for single dislocation 

x ty 


x-axis and the lines joining each dislocation and the 
point of interest: 


(4 + cos 26;)? + (4 cos 26,)* (17) 


The Nabarro approximation equation (13) is also 
plotted for comparison. The regions of attraction 
possess a negative o,, so that any edge dislocation 
of the same sign as those in the wall will be attracted 
by the wall in these regions. The repulsive regions, 
on the other hand, possess a positive o,,. It is seen 
that the Nabarro approximation does not include 
the small attractive region in the middle of the wall. 
Equation (6) gives correct stresses only after a distance 
of about / from the wall. This is seen from comparison 
of the curves in Fig. 6 and 7, in which the shear 
stress of a two-dislocation wall is calculated exactly 
and plotted in Fig. 6 and the Nabarro approximation 
is plotted in Fig. 7. 

To see the effect of a higher wall, the zero shear- 
stress curves of a three-dislocation wall are plotted 
in Fig. 8 together with the Nabarro approximation 
equation (13). It is seen that the approximation is 
much better than in the case of the two-dislocation 
wall. The width of the small attractive region in the 
middle of the wall is now slightly more than the 
dislocation spacing in the wall. Since the Nabarro 
approximation does not include the attractive regions 
in the middle of the wall and since an infinite wall 
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field of a semi-infinite 
2a(1— v)h 


Fic. 9. The shear-stress 
dislocation wall. Unit of stress 


has infinitely wide attractive regions, it is important 
to know the size of the attractive regions of a finite 
wall. This will be discussed later after we discuss the 
stress field of a semi-infinite wall. 

The stress field ofa semi-infinite wall can be obtained 
from equations (4), (5) and (6) by letting L become 
infinite. Let the wall lie in the negative y-axis (y-z 
plane) and let the origin be the center of the first 
dislocation. We observe from equation (6): 


be y—¥ 


x? + (y — 


The contours of o,, are straight lines as shown in 
Fig. 9. The slopes of these straight lines are also the 
limiting slopes of the curves at the top of a finite 


wall as shown in Fig. 3. The maximum magnitude 


of the shear stress is 0.5 ub/|27(1 
ub/[27(1 — v)h] of a finite dislocation wall at large 
distances. It is seen from equations (4) and (5) that 
the normal stresses of a semi-infinite wall tend to go 
to infinity when the height of the wall increases 
without limit. However, it is interesting to note 
that the stress field of two semi-infinite walls (made 
up by removing a finite number of consecutive 
dislocations from an infinite wall) are equivalent to 
a finite wall made up of the set of dislocations which 
were removed from the infinite wall but with a negative 
Burgers’ vector. This is due to the fact that an infinite 
wall has no long-range stresses. Equations (4), (5) 
and (6) with a negative sign can then apply to two 
semi-infinite walls with the origin at the center. This 
is a good approximation of the stresses in the spaces 
between the two semi-infinite walls and enables 
calculation of the stress field at the middle of a 
finite wall. 

The stress field near a finite wall can be calculated 


AN 


instead of 
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by regarding the finite wall to be constructed from 
removing two semi-infinite walls from an_ infinite 
wall. This leads to the following equations: 


ub 


2r(1 v)h 


sin ( sinh? sin? sinh 
( sinh? sin? 
h h 


Nh 
N,h 


(19) 
ub 
Ovy 
sin sinh sinh* sin® 
( sinh? sin® 
L h h 
x2 (y — N,h Lh)? 
In - 
2 224+ (y+ Nh 
| 
(y— + (y + + 4h)? | 
(20) 
27a 2rry 
cosh COS 
pbx 7 
v)h | 2h 7X TY 
sinh? sin® 
h 


| 


(21) 


The coordinates are such that one of the dislocations 
in the wall is taken as the z-axis and there are .V, 
dislocations above it and NV, dislocations below it. 
We are now in a position to calculate the w idth of 
the attractive regions in the middle of a finite wall. 
For simplicity, we are only going to investigate the 
case where the wall consists of an even number of 
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Fic. 10. The attractive region at the middle of a finite 
dislocation wall. 


dislocations. The shear stress along the slip plane at 
the middle of the wall can be calculated from equation 


(21), 
[ Nh | 
“~~ — x2 + 
h cosh? 
(22 
The zero stress point can be approximated by 
h 
x In (23) 


at large NV. When JN is small, an exact solution is 
possible. This can be obtained by trial and error on 
the following equation: 


n(n + 1) 
x\* ]\? n—0{(a/h)? 
=45) +a (24) 


[(a/h)? + (n + 


4s 


Fic. 11. The interaction of a dislocation wall with 
neighboring dislocations of the same slip vector. 
Mechanism of polygonization. 


Both equations (23) and (24) are plotted in Fig. 10. It 
is seen that equation (23) isa very good approximation 
for N > 15. The logarithmic dependence of the width 
on the number of dislocations in the wall indicates 
that the attractive region is actually very small, only 
of the order of the dislocation spacing in the wall. 
The attractive region between any other two disloca- 
tions in the wall is even smaller than that between 
the two middle dislocations. This can be seen again 
from equation (21) at y = $h: 


h /[ (M1 + 3)(N2 4 ‘ 
x - In 2 2 2 2 2: 


which indicates that x is largest when V, = N4. 


POLYGONIZATION 


From the stress field of a dislocation wall as shown 
in Fig. 4, the nature of force exerted by the wall on 
the neighboring dislocations can be shown in Figs. 11 
and 12. The mechanism of polygonization is illus- 
trated in Fig. 11. All the forces seem to help the impor- 
tant natural process of releasing the strain in the 
lattice through the formation of dislocation walls. 
Dislocations located in the attractive regions will 
glide to join the wall whereas those located in the 
repulsive regions will climb upward or downward 
until they reach the attractive region where they can 
then glide into the wall. The nature of the forces 
exerted by the wall on neighboring dislocations of a 
perpendicular Burgers’ vector is shown in Fig. 12, 
and one can see how the dislocation wall is able to 
get rid of such dislocations by pushing them away 
through the northwest and southeast corners. Simi- 
larly, edge dislocations with the extra half plane of 
atoms on the right will be pushed away by the wall 
through the northeast and southwest corners. These 
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Fic. 12. The interaction of a dislocation wall with 
neighboring dislocations of perpendicular slip vector. 
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Fic. 13. The shear-stress at the top of a dislocation 
wall. Unit of stress = pb/27(1 — v)h. 
Nabarro approximation 


forces will also help the formation of other dislocation 
walls. 

It is desirable to discuss here some possible rate 
laws of polygonization. Mott“ has discussed the 
kinetics in terms of the climb of dislocations. At the 
initial stage of polygonization or when the tempera- 
ture is not high enough, the dislocation walls may be 
formed by gliding instead of climbing of the neigh- 
boring dislocations to join the wall. In Fig. 13 is 
plotted the shear stress in the slip plane at one 
dislocation spacing above the top of the wall. This 
plane is most likely the one through which an addi- 
tional dislocation will glide to join the wall if the angle 
of the wall is not going to be altered. The probability 
for the additional dislocations to join the wall through 
other planes is small because the shear stress is 
smaller in the other planes than it is in this plane. 
It is seen from Fig. 13 that the attractive region 
(the position where the stress is zero) increases with 
the number of dislocations in the wall. The solid 
lines are the exact stresses while the dotted lines are 
calculated from the Nabarro approximation, equation 
(6). The solid lines can be approximated within 
graphical error by the use of the Euler—Maclaurin 


summation formula:"® 


ub | h | 
Ory | - 9 & 9\9 
EA? 3 h 1—&2 
6a? (1 2x(1-+ é,?)? 
- = 
3— &,? |) 
9 2\3 | ( 6) 
(1 E,*) 


where 


and 
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Fic. 14. The attractive region at the top of a 
dislocation wall. 
Nabarro approximation 


In the summation formula, only the terms involving 
the first derivative are included. It is interesting to 
note that equation (26) reduces exactly to the formula 
of the shear stress of a single dislocation when N l. 
The coordinates for equation (26) are still such that 
the wall is on the y-axis and the origin is at the center 
of the wall. Equation (26) can be used to calculate 
the width of the attractive region by equating the 
stress to zero. This is shown in Fig. 14. It is seen 
that the limiting slope is } as indicated by the Nabarro 


approximation equation (6): 
x=vi(y— + L)). (28) 


If the rate of growth of the wall is proportional to 
the width of the attractive region at the top of the 
wall, we can predict a rate law of the following kind: 


dl 


k4/L. 29) 
dt \ 


This indicates that the growth of a dislocation wall 
is an autocatalytic process. Integration of equation 
29) shows that a plot of , ZL with time should be a 
straight line. Experimental measurement of this 
kind does not seem to be available in the literature. 

It is interesting to note that, although the assump- 
tion that the rate of growth of the wall is proportional 
to the width of the attractive region may not be very 
realistic, other considerations lead also to the same 
rate law. One of them is that not all the dislocations 
in the attractive region can move to the wall because 
it requires a minimum stress (the Peierls—Nabarro 
stress, for example) to move a dislocation. According 
to Fig. 3, there exists a region of the form of a small 
loop within which the attractive stress exceeds some 
critical value. All the dislocations in the loop can 
therefore move into the wall. The height of such a 
loop is proportional to the height of the wall. The 
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average distance between the loop and the y-axis is 
also proportional to the height of the wall Assuming 
that the force acting on the moving dislocation is 
nearly constant during its travel to the wall (the 
wall is growing during its travel), we can say that 
the time required for a dislocation to move from a 
loop to the wall is proportional to the square root of 
the height of the wall. Such consideration leads also 
to the rate law equation (29). Another consideration 
is that the rate controlling step may not be the 
gliding but rather the climbing of neighboring dis- 
locations to reach the attractive region. According 
to Fig. 1, the forces exerted by the wall to cause 
climb of neighboring dislocations are concentrated at 
the top and the bottom of the wall. To imagine the 
process, it has to be assumed that gathered at the 
top (or the bottom or both) are a number of disloca- 
tions within a small loop as shown in Fig. 1 but 
outside the attractive region of that of Fig. 3. All 
these dislocations will climb and if one of them gets 
into the attractive region it will immediately join 
the wall. If the angle of the wall is going to remain 
constant, the attractive region is pushed upward 
(or downward) by a distance A for each additional 
dislocation joining the wall. Since all the dislocations 
in the group will have nearly the same rate of jumping. 
the whole group will have to jump a distance / 
before any one of them can reach the attractive 
region and join the wall again. According to this 
mechanism, the rate of growth of the wall is the same 
as that of the climb of the group of dislocations. If 
the force is nearly the same during the growth of the 
wall, it can be expected that such a motion has a 
constant acceleration. This leads again to the rate 
law equation (29). 

Since the details of the motion of a dislocation are 
not vet known, it should be pointed out that the 
above considerations can also lead to a constant 
speed of the growth of the wall if a constant force 
applied to a dislocation will produce a constant 
velocity of glide or climb instead of a constant 
acceleration. Thus, the autocatalytic growth process 
will have a kinetic order between 0 and 3. 

It should also be pointed out here that the climb 
process requires actually a constant supply or removal 
of vacancies. If this supply or removal of vacancies 
changes with the height of the wall, the deduced rate 
law involving the climb process will not be true. In 
the extreme case where there is no vacancy source 
or sink near a growing wall, the wall can still grow 
by operating its own source and sink, namely, by 
growing in two directions simultaneously so that the 
bottom will serve as a source and the top will serve 
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Now the rate of growth of 
the rate of diffusion of 


as a sink of vacancies. 
the wall is controlled by 
vacancies. It will be apparent later in this paper that 
the gradient of the standard chemical potential of 
vacancies will be inversely proportional to the height 
of the wall (see Fig. 16). For simplicity, let us suppose 
that the concentration of vacancies is far less than the 
equilibrium value and that the contribution to the 
free energy from distribution of vacancies is not 
important. The gradient of the standard chemical 
potential of vacancies will be the driving force for 
diffusion. In such a case, we can predict a rate law 
of the following kind. 


d L k’ (30 
dt 


Integration of equation (30) shows that a plot of L* 
with time should be a straight line. The constant k’ 
should show a temperature dependence from which 
we should obtain the activation energy for diffusion 
of vacancies. 

We shall conclude this section by discussing an 
important process which is the coalescence of two 
small angle boundaries to form a large angle boundary. 
This has been discussed first by Dunn and Daniels“? 
and later by Gilman”®. We shall examine first the 
rate of moving of the “Y™ junction as shown in Fig. 
15. For simplicity, let us assume that the walls are 
much higher than the distance 2a between the two low 
angle branches so that the stress field of the walls 
“Y" junction can be approximated by that 
With 
this approximation, it is easily seen that if the shape 


near the 
of the semi-infinite walls as shown in Fig. 9. 
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Fic. 15. The coalescence of two walls. 
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of the “Y” 


time, the moving dislocations between the walls 


junction is to remain unchanged with 


should form straight lines. According to Fig. 9, the 
“Y" junction will move the fastest if the line of 
moving dislocations makes an angle of 45° with the 
walls. In this manner, the force exerted on each 
moving dislocation, considering only the effect of 
two nearby walls. is 0.5ub/|4a(1 — v)h| at all times. 
A steady state can be achieved if this force creates a 
constant velocity on each moving dislocation. The 
“Y" junction will then move with the same speed as 
that of the moving dislocation. This can be seen by 
imagining that the ““Y” junction will move a distance 
a in the time period in which a dislocation moves 
from the low angle wall to the high angle wall. This 
consideration leads to the conclusion that the speed 
of the “Y™ junction does not depend on the distance 
a. It depends only on the angle of the wall. At some 
specified temperature, if there exists a critical stress 
below which no dislocation can move, there should 
also exist a critical angle of the wall (or h) below which 
the “Y” junction can not move. Let this angle be 
6, (or b/hy). 
the motion of the * 


dL 


dt 


We can propose a possible rate law of 
Y” junction: 


— 05). (31) 


This states that the larger the angle, the faster should 
be the rate. In view of the small attractive region 
in the middle of a wall as indicated in Fig. 10, to 
increase the angle of the wall by attracting dislocations 
into the middle of the wall is not very likely the 
situation. The coalescence of small-angle walls is 
more likely the way to increase the angle. 
that we can discuss the kinetics of the rate of increas- 
ing the angle from the above considerations. However, 
the observations of Gilman“®) indicate that the 
rate-determining step of the coalescence of two 
small-angle walls is apparently the nucleation of the 
“Y” junction. At this stage of the understanding, 
since the nucleation is an unknown process, a macro- 
scopic kinetic treatment is probably better than any 
We shall regard this nu- 


It seems 


microscopic hypothesis. 
cleation as a thermally activated process. The 
application of the absolute reaction rate theory“ 
may be appropriate. For simplicity, let us assume that 
at time zero, the low angle walls, having an angle 4», 
are uniformly spaced 2a, apart. Therefore at any 
time ¢, the angle of the walls, 4, is related to the 
distance between the walls, 2a, by 
99 
a = (32) 


Suppose further that there are 2” low-angle walls at 
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time zero. At time ¢, there will be 2"9,/4 walls with 


angle 4. To continue the coalescence at time { 


free energy of each “Y” 
estimated using the semi-infinite wall approximation 


“Y" junctions are to be nucleated. The 
junction can be roughly 


to be 
2 ua 


ver unit length. (33 
2n(1 — 


The frequency factor for the process of the nucleation 
of the 
unknown but it can be expected that it is proportional 
to 1/6. 
consideration. The activated state is assumed to be 


junctions from the activated state is 
This expectation comes from the following 
of the shape of an “X” at metastable equilibrium. 
To nucleate a “Y” junction, all the dislocations in 
“X” will have to move toward the middle. The time 
required for this motion is the reciprocal of the 
frequency factor. To start the process, several 
dislocations at the middle join to form a small section 
of a higher angle wall. The rest of the dislocations in 
the “X” will then move to their stable positions. 
This motion will probably take place in a consecutive 
way rather than at one time because it is more likely 
that the stable positions are created one by one 
rather than all at once. The expectation of the 1/0 
variation of the frequency factor will then follow 
from the fact that the number of dislocations in the 
“X” is proportional to # and that the distance which 
each dislocation will travel is proportional to 1/6. 
All the above considerations lead to a rate law for 
the coalescence of small-angle walls of the following 
form: 
k” 
dt 


2” ua bOA 
exp — (34) 

v)7 
The constant A includes the Boltzmann constant, ete. 
Integration of equation (34) indicates a linear plot 
between the angle and log (¢ — C) where C is the 
integration constant and is related to the angle of 
the walls at time zero. Such a rate law has been 
observed by Gilman“®) for zine single crystals. The 
present consideration indicates that the activation 
energy may depend on the initial arrangement of the 
low angle walls. However, whether this can explain 
the variation of activation energy with temperature 
is open to question. Furthermore, in the formation 
or reaction of the activated complex, some climb 
process is probably involved. This adds an extra 
term into the activation energy and may be reflected 
in the experimental results when it is controlling. 


The highly idealized case just discussed is probably 


far from the actual situation but should serve as a 
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stimulant toward the understanding of the real 
problem. 


K/L 
Fic. 16. Fhe dilatational field of a dislocation wall. 
Unit of dilatation 2y)/2r7h(1 

THE INTERACTION OF SOLUTE ATOMS 
WITH A DISLOCATION WALL 

The interaction of solute atoms with an infinite 
edge dislocation wall has been discussed by Webb®®, 
Following the same lines. we shall discuss here the 
case of a finite wall. The dilatational strain field of a 
finite wall can be obtained, as a first approximation, 
by integrating the dilatational strain of individual 


dislocations: 
AV b (l—2v) 24+ (y+ Ly 


(35) 
J (1 + L) 


The contours of equivalue dilatation are circles of 


the following type: 


ax? (y + Lcoth 6)? = (L cosech 6)? (36) 


where 


AV 


(37) 


This is shown in Fig. 16. The trajectories of all the 
circles are again circles but going through the top 
and bottom of the wall. These circles (or to be more 
exact, cvlindrical surfaces) are the flow lines of solute 
atoms. They are also shown in Fig. 16. It is seen 
that the dilatational strain field of a finite dislocation 
wall approaches that of a single dislocation of strength 
Nob at large distances from the wall. At small distances 
from the wall, equation (35) has to be modified to 
reveal the dilatation of individual dislocations: 


AV b(1 
V 27h(1 — rv) 


sin (2zy/h) 
sinh? (za/h) 2 
+ (y + Noh + 


2 (y—N,h 


sin? (zy/h) 


Equation (38) is derived in a similar way as equations 
(19)-(21) with the same coordinate system. Equation 
(38) reveals the fact that the positive dilatational 
regions in the upper half of the wall, or the negative 
dilatational regions in the lower half of the wall, are 
only small loops instead of long bands as in the case 
of the infinite wall. The width of these loops can be 
approximated from equation (38) in the case of large 


N, and Ny (Ng > N,) using y = 3h/4. 


h 


2r 


(39) 


It is seen that the width is only of the order of the 
dislocation spacings in the wall. The width is also 
largest at the middle of the wall: it becomes smaller 
the farther away from the middle. This indicates 
that only half of the dislocations in a finite wall have 
long-range interactions with some solute atoms. It 
follows also that half of the dislocations in a freshly 
formed finite wall may not easily be pinned by point 
defects. This creates a possibility of separating a 
wall into two half walls by external stress and thereby 
producing a crack as described by Stroh. We shall 
discuss this some more later. 


THE STRAIN ENERGY OF A 
DISLOCATION WALL 


The strain energy of a finite edge dislocation wall 
can be estimated from equation 6, by relaxing the 
shear stresses along the slip planes of the dislocations 
so that the whole wall is removed from the crystal. 
Taking into account the extra stresses required to 
eliminate the normal stresses in the cores of the 
dislocations (the core has a radius r,) and at the 
external surface (the specimen has a radius R) and 
using integration as an approximation for the sum- 
mation, we obtain the strain energy of a wall relative 
to the perfect lattice to be: 


AF = (In 
— v) | ro + 
In = per unit length of wall. 
h J 


(40) 


It is seen that this is higher than that of a set of 
N widely separated dislocations, which is 


AF ub? Ly (in ) per unit length 
47(1 v) ro of set. 


(41) 


However, consider the set of N dislocations with an 
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average distance r between any two of them. The 
strain energy of such a set is 


R 
AF N(In —1) + —1) 
- v) Yo 


(1 ' ') it | th of 42 
I r ng set. 
1 per unit length oT se (42) 


A comparison between equations (40) and (42) 
indicates that the strain energy of a wall is smaller 
than that of a set of N dislocations of the same sign 
distributed within a circle whose diameter is about 
the same as the height of the wall. This confirms the 
fact that polygonization is energetically feasible. 

It is worth mentioning here that from equation (42) 
the strain energy is more likely proportional to N? 
than to .V. This questions the possibility of measuring 
dislocation density by the amount of stored energy 


if there exist in the specimen local groupings of 


dislocations of the same sign. Special attention is 
required in a specimen obtained from a deformation 
such as bending where many dislocations of the same 
sign are created. 

Similar calculation of the strain energy of two 
parallel similar walls indicates that the strain energy 
is generally smaller than that of a single wall resulting 
from coalescence of the two. A decrease of strain 
energy is possible only when the two walls are so 
close together such that the distance between them 
is of the order of the dislocation spacing in the wall or 
when the two walls are infinitely high. In the latter 
case, a decrease in energy per dislocation is 


AF 
v) 


In 2 per unit length. (43) 
This represents the maximum amount of energy per 
dislocation that can be reduced through the process 
of coalescence of two walls. 
SOME MECHANICAL PROPERTIES OF A 
DISLOCATION WALL 

The nature of the interaction of an approaching 
dislocation with an infinite tilt boundary has been 
discussed before.“") The same characteristics should 
be found when the approaching dislocation reaches a 
distance to the wall of the order of the dislocation 
spacings in the wall where the stress field of an 
infinite wall operates. However, before this event, if 
the approaching dislocation comes from far away, it 
has to go through a stress field as shown in Fig. 3 in 
the case of a finite wall in order even to approach 
the wall. This stress field has a maximum of ub/|27 
(1 — v)h]| which is the external stress required to push 
a dislocation through in the middle slip plane of the 
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dislocation wall. This stress is larger than that 
required to displace a free dislocation in an infinite 
wall by an approaching dislocation.“” At this stress 
level, therefore, approaching dislocations will have 
no trouble penetrating a partially pinned finite wall. 

To find out whether a finite dislocation wall is a 
better barrier than a set of randomly distributed 
dislocations before polygonization, it is interesting to 
compare this maximum stress with that required to 
push a dislocation through a square grid work of 
dislocations uniformly spaced N"h apart. According 
to the strain energy calculation in the previous section, 
a dislocation wall can be formed only from the disloca- 
tions within this square. The shear stress field of such 
a grid work of dislocations can be approximated by 


integration to be: 


ub 1 | (x (y 
27(1 | (a L)? + (y L) 
(x ( 
(y +- L) In (44) 
(1+ L)* + (y 


The coordinate system is such that the center of the 
square is the origin and the axes are parallel to the 
sides. The height of the wall, 2, is now also the side 
of the square. Equation (44) has a maximum at 


y = Oand x = V 2L with the magnitude: 


a (3 24/2) (45) 
27(1 ~ 

which is about 10 per cent smaller than that exerted 
by the wall. This indicates that polygonized edge 
dislocation walls will not significantly increase the 
strength of the material. 

On the other hand, the presence of finite dislocation 
walls which terminate in the middle of a grain will 
contribute to the brittleness of the material. To 
illustrate this, the normal stress at the end of a finite 


wall, which is from equations (1) or (2), 


ub 4 
(46) 


is plotted in Fig. 17 together with the approximations 
obtained by integration. It is seen that the stress at 
y = h from the last dislocation is equivalent to that 
of a single dislocation of strength 2) situated at the 
last dislocation when NV = 5, to that of a single 
10, and to that 
of a single dislocation of strength 55 when V LOO. 
The structure at the end of the wall for small h is 


dislocation of strength 3) when V 


almost like a microcrack. The propagation of such a 


crack may proceed at very low external stress. 
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NORMAL STRESS 


Fic, 17. The normal stress at the top of a 
dislocation wall. 


Unit of stress ] 


Orowan'”) has discussed ductile fracture and fatigue 
in terms of such a mechanism. Stroh" has analysed 
the cleavage of metal single crystals by shearing a 
tilt boundary. 
CONCLUSIONS 
(1) The stress field of a finite 
resembles that of an infinite wall at small distances 
(of the order of the dislocation spacing in the wall) 
from the wall and approaches that of a single disloca- 
tion of strength Vb CN is the total number of disloca- 


dislocation wall 


tions in the wall: each dislocation has a Burgers’ 
vector ) at large distances from the wall. 

(2) At the initial stage of polygonization when 
the supply of dislocations to the wall is not rate 
the 
autocatalytic behavior with a kinetic order between 


controlling, growth process should show an 
and 

(3) A dislocation wall can grow by operating its 
own source and sink of vacancies under the condition 
where the climb of dislocations is rate controlling. 
The rate of such growth process resembles that of a 
diffusion-controlled process, namely, the square of 
the height of the wall being linear with time. 

(4) The rate of coalescence of two walls is probably 
controlled by the nucleation of a ““Y” junction. The 
experimental rate law, namely that the angle of the 
wall is linear with the logarithm of time, can be 
explained if it is assumed in the reaction of the 
activated complex that a consecutive motion of the 
dislocations takes place during the nucleation of a 
“Y” junction. 

(5) The dijatational strain field of a dislocation 
wall is such that the flow lines of point imperfections 
are circular arcs passing through the two ends of the 
wall. The fact that the positive dilatational regions 
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in the upper half of the wall or the negative dilational 
regions in the lower half of the wall are only small 
loops near the core of the dislocations indicates that 
only half of the wall has long range interactions with 
certain solute atoms. It follows that half of the 
dislocations in a freshly formed wall may not be easily 
pinned by point defects. 

(6) The strain energy of a dislocation wall of “N” 
dislocations is less than that of a set of the same 
number of dislocations distributed within a circle 
whose diameter is the same as the height of the wall. 

(7) The ability of a 
penetration of foreign dislocations from a distance 
larger than the height of the wall is slightly (about 
10 per cent) more than that of a dislocation grid 
work formed by the same number of dislocations 


dislocation wall to resist 


uniformly distributed in a square whose side is the 
same as the height of the wall. This indicates that 
polygonized edge dislocation walls will not  signifi- 


cantly increase the strength of the material. 
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THE w-PHASE IN ZIRCONIUM BASE ALLOYS* 


B. A. HATT and J. A. ROBERTS* 


The metastable @-phase in zirconium base alloys has been found to be truly hexagonal with e/« 


0.622 


0.002. The orientation relationships with respect to the parent /-phase (b.c.c.) are 


2110), 


The interpretation of X-ray data from high solute content alloys quenched from the /-phase indicates 


111); 
101 


that the wm formed during quenching is heavily faulted. The @ structure in this state is designated diffuse 


A model for the 


is developed. This is based on the gliding of {112}, planes in (111 


> w transformation which satisfactorily accounts for the observed diffraction effects 


; directions in a distinct sequence, The 


magnitude of the glide component is realistically altered to account for intensity differences in the 


diffractions from diffuse and bulk 


LA PHASE 


rapport c/a 0,622 + 0,002. 


DANS LES ALLIAGES DE ZIRCONIUM 


On a montré que la phase métastable @ dans des alliages de zirconium était hexagonale avec un 
Les relations d’orientation avec la phase / (b.c.c.) sont 


2110). 


L’interprétation d’essais aux rayons X a partir d’alliages riches en éléments en solution trempeés a 


partir de la phase /, indique que la phase  formée au cours de la trempe contient de nombreuses fautes 


dempilement. 


La structure wm dans cet état est indiquée comme phase « diffuse. 


Un modéle pour la transformation / 
été développé. 
séquence définie. 

La grandeur de 


IN 


DIE w-PHASE 


cla 0,622 0 002. 


aus ihr entsteht die m-Phase) sind 


2110),, 


Struktur wird in diesem Zustand als diffus bezeichnet. 
entwickelt, das die beobachteten Beugungseffekte zur Geniige erklart. 


Il est basé sur le glissement des plans {112}, 


la composante du glissement peut étre altérée, ce 
dintensité lors de la diffraction de la phase diffuse @ ou de la phase @ massive. 
LEGIERUNGEN AUF ZIRKON-BASIS 


Die metastabile m-Phase von Legierungen auf Zirkon-Basis erwies sich als echt hexagonal mit 
Die Orientierungsbeziehungen in Bezug auf die /-Phase (kubisch-raumzentriert; 


Die Deutung der Réntgenmessungen an Legierungen mit hohem Zusatzgehalt, die 
abgeschreckt wurden, zeigt, daB die beim Abschrecken gebildete @-Phase sehr fehlerhaft ist. 


>m qui satisfait lensemble des effets de diffraction observes, a 


dans des directions (Ill), suivant une 


qui explique les différences 


11] 
101 


p-Phase 

Die w 
Es wird ein Modell fiir die Umwandlung fp — w 
Es basiert darauf, daB {112},- 


von det 


Ebenen in bestimmter Reihenfolge in (111)3-Richtungen gleiten. Die GréBe der Gleitkomponente wird der 
Wirklichkeit so angepaBt, daB die Intensitaétsdifferenzen der Interferenzen von diffuser und massiver 


«-Phase erklart werden. 


INTRODUCTION 

The quenched high temperature /-phase of certain 
titanium and zirconium alloys transforms via an 
intermediate phase, designated m, on ageing to the 
equilibrium state. Under certain conditions the w- 
phase may be obtained in a state of metastable 
equilibrium, The first part of this paper concerns a 
detailed crystallographic study of the metastable «- 
phase in a Zr-7 at.°,, vanadium alloy. The second 
part of the paper is devoted to the interpretation of the 
diffuse ~ diffractions observed in high solute content 
alloys in the as-quenched condition and in the early 
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stages of ageing. This interpretation leads to the 
advancement of a possible mechanism for the forma- 
tion of the m-phase. 
1. THE CRYSTAL STRUCTURE OF THE 
METASTABLE w-PHASE 

Previous workers have crystallographic 
studies of the @-phase as it occurs in titanium base 
alloys. Austin and Doig” suggest that the w-phase is 
b.c.c, with side three times that of the basic / b.c.c. 
cell. Sileock et and Bagarvatskii et al. indepen- 
dently proposed a hexagonal structure based on the 
hexagonal (rhombohedral) unit cell, which is an alter- 
native unit cell for lattice. The crystal 


structure of the @-phase in zirconium base alloys to be 


a b.e.e. 


575 
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presented here is based on that of Sileock and Bagary- 
atskii and their interpretation is briefly described. 
Figure I(a) shows how the three possible unit cells 
for a b.c.c. lattice are related. The b.c.c. lattice is out- 
lined by the fine lines, the heavy lines show the rhom- 
bohedral cell and the hatched lines the base of the 
hexagonal cell. Fig. 1(b) is a projection of the atoms 
on to a {111}, plane showing the hexagonal cell which 
is oriented with respect to the / cell with 
O00] 


2110 


hex 111 b.c.c. 


hex 10] b.c.c. 


thus there are four orientations of the hexagonal cell, 
nox of the 
p. The cell parameters are related as follows: 


each with a parallel toa 


» 
Chex Ve 


1 
hex 2\ 3 My .¢.¢. 


ml cla = $V (3/2) = 0.613. 
The atomic positions in the hexagonal cell are (0.0.0); 
(3.4.3). 

Both Sileock and Bagaryatskii chose the above 
hexagonal cell with ¢/a = 0.613 and proposed new 
atomic positions: 

(0.0.0); +(3,4,4) 
(0.0.0); +-(2,4,0.52) 


These two structures 


respectively for the «-phase. 


fooo]s 


Fic. 1. (a) Three possible unit cells for a body-centred 
cubic structure, 
b.c.c, lattice 
Rhombohedral lattice 
3ase of hexagonal lattice 
(b) A projection of the atoms in a b.c.c. structure onto 
{111} plane. 
Atom at 000 
Atom at 343 
Atom at 434 
The atoms numbered are common 
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differ in that the atoms near the plane z = } lie in the 
plane for Silcock’s structure but alternately 0.02 above 
and below in Bagaryatskii’s structure. 

0.613 and that 
the four hexagonal orientations have developed to the 
same extent, then both the cubic and hexagonal inter- 


It can be shown that provided c/a 


pretations of @ will show cubic Laue symmetry. Thus 
it is only possible to distinguish between the cubic and 
hexagonal structures by detailed intensity measure- 
ments. However if c/a + 0.613 extra diffractions will 
occur which provide an alternative method of dis- 
criminating between the two structures. 

Preliminary work on polycrystalline material by 
the present authors showed that the @ diffractions in 
Zr-base alloys could be best explained on a hexagonal 
cell with c/a > 0.613 and this interpretation has been 
verified in detail by the single crystal studies to be 


described. 


Experimental results 

Single crystals were oriented from Laue photo- 
graphs with 001), coincident with the oscillation 
100), coincident with the incident X-ray 
Since « is oriented with respect to fp, a 


axes and 
beam. 
specimen which is fully transformed to « still shows 
cubic Laue symmetry and can thus be oriented in 
terms of the original #. Oscillation and Weissenberg 
photographs were taken with filtered CudA’x and mono- 
chromatic the 
lating from 0° to 40° to the direct X-ray beam. 

The diffractions recorded in this way did not lie on 


radiation with 100), oscil- 


straight laver lines as would be expected if @ were 
0.613. 
Since Debve-Scherrer photographs from polycrystal- 


cubic or hexagonal with the ideal value of ¢/a 


line material had indicated a hexagonal cell with 
c/a > 0.613 and equal to 0.622 in the metastable state, 
the single crystal diffractions were compared with 
those which would be obtained from four orientations 
of a hexagonal cell with ¢/a — 0.622. The diffractions 
were first indexed ona b.c.c. cell with lattice parameter 
three times the / lattice parameter. These cubic 
indices were then transformed to hexagonal indices 
corresponding to the hexagonal orientations with 

OOOL),, (111), 

2110), 101), 
and 

C. $V 3a, by the matrix 


Hexagonal 


; 
VO 
d VO. 
8 
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Fic. 2. Oscillation photograph of a single crystal of 

Zr—7 at.% V with filtered CuK radiation. The crystal 

oscillated about (001)3 with the (100), oscillated 

0 — 46° to the direct X-ray beam. The crystal was 

water quenched after 2hr at 920°C and then aged 
30 min at 400°C, 


These hexagonal indices were then retransformed to 
indices corresponding to cubic axes, parallel to the 
f axes, but related to the hexagonal cell by 


2 a's 


Cy = 0.622 ay 3V3 dy 


« 


where a’, is the lattice parameter of a new cubic cell 
and the transformation matrix is 


OCnbic 


The difference between the two sets of cubic indices 
indicates the change in the positions of the diffractions 
resulting from c/a changing from 0.613 (ideal) to 0.622. 
On oscillation photographs about (001),, the axial 
ratio change shows as small deviations of the dif- 
fractions from the straight layer line positions, and 
the separation of superimposed diffractions. Fig. 2 is 
a film taken with Cuk« of a Zr—7.0 at.°,, V specimen 
aged } hr at 400°C and consisting of ~98 per cent ~. 
Table 1 gives the analysis of this film. Here the 
(hkl) cubic indices for c/a = 0.613 are compared with 
those for c/a = 0.622 together with the observed /- 
indices. The agreement between the observed values 
and those corresponding to c/a = 0.622 is considered 
adequate proof that # transforms to four hexagonal 


6—(12 pp.) 
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cells with c/a ~ 0.622 and oriented with respect t« 
with 

OOOL),, (LIL), 

2110),,, (LOL 


Table 1 also gives the F? values for the atomic 
positions 
(0,0,0); +-(3,4,4). 


Apart from angular factors these values are propor- 
tional to the intensities of the diffractions. No detailed 
intensity measurements have been made but visual 
inspection indicates that the intensities calculated 
from these atomic positions give satisfactory agree- 
ment with observed intensities. Some idea of the 
permissible movements in the ¢ direction of the atoms 
in the positions +-(%,4,3) as visualized by Bagary- 
atskii can be seen from Table 2, where the intensities 
of the zero layer diffractions have been calculated for 
atomic positions (0,0,0);  +-(3,4,0.52). Hence the 
original (12, 0, 0),, (cubic indices) which consists of the 
following two diffractions when c/a = 0.622 

11.92, 0.08, 0.08) 

2(a), Table 2, 
(11.92, 0.08, 0.08) 


2(b), Table 2 (11.92, 0.08, 0.08) 
[(11.92, 0.08, 0.08) 


will have zero intensity for atomic positions (0,0,0); 
-(2,4,4) but will have an intensity proportional to 
0.44 for atomic positions (0,0,0); +-(§,4,0.52) This 
intensity is greater than half the intensity of the 
adjacent (4223) diffraction. A very weak single dif- 
fraction is recorded near this position on some films 
although it has not the above intensity and is not 
split. It is thought that this weak diffraction corre- 
sponds to a very small amount of #. Thus there is no 
evidence to indicate rumpling of the atoms near the 
plane z = }. 

The X-ray examination of single crystal specimens 
of aged Zr—-Nb alloys in the range 8-20 at.°, Nb 
revealed that the metastable @-phase has an identical 
crystal structure to that described above for the Zr-7 
at.°,, Valloy. The axial ratio was found to be 0.622 
0.002 but the lattice spacing values are dependent on 
alloy composition and ageing temperature. 

Additional evidence supporting the hexagonal 
version of the crystal structure has been obtained from 
a Zr-Sat.°, Nb single crystal specimen which had 
been strained at 400°C while in the metastable 
condition. On examination at room temperature it 
was found that the @ developed on only two of the 
four possible orientations. 
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TABLE | 
hkl eubie c/a 0.622 


Ident. Orient. hkl cubic 


x 0.613 calculated observed 
No. 


Zero layer, left-hand side of direct beam 


930 ; 2.94 0.06 
930 ; 3.04 0.04 
930 2.94 0.06 
4 930 3.04 0.04 O* 
2. 3. and 4 ( 310 


2 
3 


12.0.0 : 0.06 0.06 Weak diffractions 
12.0.0 Jf 0.06 0.06 on some films 
12.0.0 4 0.06 0.06 
12.0.0 0.06 0.06 

2.3 and 4 ‘ 400 


12.60 5.91 0.09 

12.60 6.04 0.04 

12.60 5.91 0.09 

12.60 J 6.04 0.04 
2, 3 and 4 ( 420 


Ist laver, left-hand side 


2112 
3032 
3302 
3521 
1342 
4312 
4511 
4152 
4512 
4313 
4133 


2nd layer, left-hand side 


440] 
4222 
3123 
1452 
5412 


3rd layer, left-hand side 


2132 903 8.94 0.06 2.94 

2312 y 903 3.94 0.06 2.94 

1341 ; 903 8.96 0.06 3.04 

4311 ‘ 903 8.96 0.06 3.04 
2.3 and 4 


91 2.91 2.91 
.94 3.06 2.94 
94 2.94 3.06 
96 3.04 3.04 
3.06 2.94 
.92 2.91 2.91 
96 3.04 3.04 
94 3.06 2.94 


3033 
3522 
2352 
5501 
3252 
3303 
0551 


5322 


wioe 


wow 


* Mean of two overlapping diffractions with / indices — 0.04 for diffractions with Identity No. la and similarly for diffraction 
3a. 
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| 
3122 
3411 
| 1232 
B 1, 
4042 
4402 
4402 
B 
? 
tae 3b 4223 0.10 
a 4621 O* 
a a 4621 0 
p 
es ay 2 9 741 6.94 3.94 0.94 0.92 
\ 9 10.1.1 9.94 0.94 0.94 
4 10,5, 1 9.96 5.04 0.96 0.93 VO] 
a 4 0 11,2,1 10.94 1.94 1.06 
| 0 11.2.1 10.94 1.94 1.06 8 
oo 5 l 11.4.1 10.96 4.04 1.04 1.05 1 OF 
9 13,2,1 12.94 2.06 0.94 | 0.93 
| 9 13,2,1 12.94 2.06 0.94 | 
7a 4 13.4.1 12.91 3.91 0.91 0.87 
ees b 4 11.8.1 10.91 7.91 1.09 1.09 
ea. l 4 4 10,2,2 9.96 2.04 2.04 2.04 
ae 2 4 9 10,4,2 9.94 3.94 2.06 2.07 
3 4 11.5.2 10.91 4.91 1.91 1.90 
ha, oa 4 | 3 9 13,1,2 12.94 0.94 2.06 | 9 09 i 
[ae | 4 13.1 12.94 0.94 2.06 | 
| 3.00 
3b | 2.89 
11 
a 1] Pye 
2.99 
b 
2.89 
a 1] 2.99 
b 
sae 
= 
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AND 


hkl cubic 


hkil Orient. 


Ident. No. 


0.613 


cla 


Zero layer, left-hand side of direct beam 


930 3122 8. 
930 3411 2 8 
| 930 1232 3 8. 
930 3411 4 8. 
>a | 12.0.0 4042 l 1] 
12.0.0 4402 1] 
| 12.0.0 0442 3 
| 12.0.0 4402 4 1] 
8b 12.6.0 4223 l 11 
é 12.6.0 4621 2 1] 
12.6.0 2243 3 11 
12.6.0 4621 4 1] 


hand side of direct beam 


990 3360 | ¢ 
b 990 3033 2 S. 
a 990 3630 3 9 
990 3033 4 


12.6, 4261 | l 
b 12.6.0 4223 2 l 
a 12.6.0 2641 3 l 
12, 4223 4 l 


From the above results it may be concluded that 

(1) The metastable «-phase in aged Zr base alloys 
has a hexagonal crystal structure with axial ratio 
0.622 + 0.002 for all alloys examined. The 
lattice constants are approximately a, = 5.02 and 
c 3.00 A, varying slightly with alloy composition 


Ca 


and ageing temperature. 
(2) The m-phase is oriented with respect to the /- 
phase according to the relationships 


OOOL) 


B 


2110),, | (101),. 

(3) The original f transforms to the four possible 
orientations of hexagonal without showing pre- 
ference for a particular orientation, except when the 
specimen is subjected to external strain. 

(4) In the bulk (metastable) @m examined here there is 
no evidence for the displacement in the ¢ direction of 
atoms in —(3,4,4) positions as suggested by Bagaryat- 
skii for » in titanium alloys. However in Section 2 it 
will be shown that some such displacements can occur 
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TABLE 2 


hkl cubie cla 


0.50 z 0.52 


96 3.04 0.04 3.14 

92 2.92 0.08 0 0.22 

96 3.04 0.04 4 3.14 

.92 0.08 0.08 0 0.22 | 0.44 
.92 0.08 0.08 
.92 0.08 0.08 0 ().22 | 

.92 0.08 0.08 0 0.22 | 0.44 
5.88 0.12 l 0.74 

96 6.04 0.04 4 4.88 

S88 5.98 0.12 l 0.74 

96 6.04 0.04 4 


in the diffuse @ which precedes the development of the 
metastable @ structure. 


2. THE DIFFUSE m-STRUCTURE 

Section | of this paper has been concerned entirely 
with the ™-phase in its metastable state. However, 
when alloys of increasing solute content are rapidly 
quenched from the /-field a characteristic sequence of 
structures is observed.) At low solute concentrations 
complete transformation to the h.c.p. Zr-x phase 
cannot be suppressed. On increasing the solute con- 
centration the m-phase together with the x-phase is 
observed while at slightly higher concentrations it is 
possible to obtain almost 100 per cent @ phase. 
Further increase of the solute concentration results in 
a certain of phase 


together with @ which does not produce sharp X-ray 


amount being retained 
diffractions. The @-phase in this state is designated 
diffuse m. The diffuseness of the diffractions increases 
with increasing solute content although the amount of 
diffuse present may still be about 70 per cent of the 
total volume. 

In certain alloy systems where the solid solubility of 


h k l 
Zero layer, right - 
| y 0 9 9 
88 8.88 0.12 l 0.74 
y 0 9 9 
S.88 0.12 0.74 
2 1.96 6.04 0.04 4 4.88 
VOL. 5.88 0.12 0.74 
1.96 6.04 0.04 
8 1.88 5.88 0.12 | 0.74 
1960 
Atomic positions (0,0,0); (%,4,2) 
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the #-phase is limited, it is not possible to observe the 
complete sequence of as-quenched structures described 
and for this reason diffuse m is not observed in the 
Zr—Cr and Zr—V systems but is readily detected in the 
Zr-Nb and Zr-U 


The mode of formation suggests that the m-phase 


systems. 

occurs by a martensitic type transformation. The term 
“martensitic” is taken here to describe the regular 
movement of particular lattice planes relative to 
adjacent planes of the parent matrix in definite crystal- 
lographic directions, the movement resulting in a new 
crystallographic structure. The interpretation of the 
diffuse @ study presented below leads to the formula- 
tion of a mechanism, not involving diffusion, which 
accounts for the observed diffraction effects and will 
also explain the formation of bulk «. 

On ageing alloys which form diffuse « during the 
quench, the diffuse diffractions or streaks coalesce and 
the 
apparent. 


characteristic diffraction pattern becomes 
This coalescence is accompanied by solute 
enrichment of the p-phase and impoverishment of the 


diffuse «-phase. 


Experimental results 

The diffuse @-phase has been examined by the 
single crystal technique using monochromatic radia- 
tion from a curved quartz monochromator. 

Figure 3 shows a single crystal oscillation photograph 
from a water quenched Zr-20 at.°,, Nb alloy with the 
crystal oscillating about {110],. The photograph shows 
sharp p diffractions together with areas of diffuse 
the latter 


intensity, being the diffuse @ diffractions; 


single crystal of 
radiation. 


Fic. 3. Oscillation photograph of a 
Zr—20 at.°,, Nb with monochromatic 
The crystal oscillated about (110 p with the (O01 
oscillated through 0 — 45° to the direct X-ray beam. 
The crystal was water quenched after 2 hr at 920°C and 
the photograph shows diffractions from f, diffuse 


and 


p 


1960 


12 


the zero layer 
crystal as used 


Fic. 4. Weissenberg photograph of 
perpendicular to (110); from the same 
for Fig. 3 


also present are some weak diffractions from another 
phase designated /”.* Fig. 4 is the Weissenberg photo- 


graph of the zero layer perpendicular to [110],, and 


Fig. 5 is the reciprocal lattice plot of this layer, only 
one quadrant being shown since the other three are 
symmetrical to this. The 
common to both Fig. 3 and Fig. 
can be seen these are elongated both 


diffuse diffractions 
4 are labelled and as 
in the (110), 
plane and perpendicular to this plane. In Fig. 5 these 
diffractions can be divided into two groups, viz. 

(A) Streaks which are elongated in |112], and hence 

perpendicular to [111], 

(B) Streaks which are elongated in [112], and hence 

perpendicular to [111 ],. 

Thus in reciprocal space the diffractions in group (A) 
can be interpreted as disks of intensity perpendicular 
to {111 lp 
[111], which due to symmetry make angles of 120° 
Similarly diffractions in group (B) 


or three rods of intensity perpendicular to 


with each other. 
would correspond to either disks of intensity perpendi- 
cular to [111], or three rods of intensity perpendicular 
to [111 ],. 

Table 3 gives the indices and F? values for those 
bulk « diffractions which can occur in the reciprocal 
lattice section shown in Fig. 5. The table shows that 
apart from those diffractions which overlap / dif- 
fractions only @ orientations 2 and 4 diffract in this 
section; the reciprocal lattice points corresponding to 
these orientations are shown by crosses and dots, 


respectively. Thus each of the streaks belonging to 


has a b.c. tetragonal structure’ with 
a = 3.52 A and c/a = 1.13 and is orientated to the /-phase 
having (O01), and (100)».¢.4, (100). The phase 
exists in small amounts (less than 5 per cent of the total 
volume) in high solute content niobium alloys, 


* The /£”-phase 


> 
i 
dad 
m 333 h 
222 
3 
a 
~ 
vol 
8 
= 
i 
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4. However the intensities of the streaks do not agree 


with the corresponding bulk @ intensities, but as will 
be shown later better agreement is obtained if small 
atomic movements are given to the atoms in bulk @ to 
give a structure intermediate between / and bulk . 

The diffuseness of the diffraction streaks from 


diffuse ™ as compared with the bulk  diffractions 
results from relaxed Laue conditions caused by the 
diffracting region either being restricted in size or not 
having exact periodicity in three dimensions. Since it 


has not been possible to resolve whether the intensity 


as distribution in reciprocal space is a disk of intensity 
tha perpendicular to (111), or three rods perpendicular to 
Fic. 5. A reciprocal lattice plot of the zero layer 11] 
perpendicular to (110) reciprocal lattice direction 
showing the direction of the diffuse @ streaks and the 
position of the corresponding bulk @ diffractions, reciprocal lattice space those disks associated with @ in 
@ «© orientation 4 

orientation 2 


B 
P both possible interpretations will be developed. 
If the intensity distribution corresponds to disks in 


orientation 2 correspond either to rods of @ in orien- 
tation 2 in the crystal where the axes of the rods are 
group (A) above can be associated with a diffraction parallel to [111], as is shown in Fig. 6(c) or to @ in 


from bulk @ in orientation 2 and those belonging to orientation 2 with exact periodicity only in the [111], 


group (B) with a diffraction from bulk @ in orientation direction. A similar argument applies for the disks 


TABLE 3 


Lolo 

OOO] 

2021 

1O12 

3032 

2023 

4043 

3034 

101] 

2020 

O002 

303 1 

1013 

$042 

2024 

5053 

30385 

3031 

2022 

1040 

1013 

5051 

OOO4 

LOLLO 6062 
1.1.10 3032 
2,2,10 4041 
4.10 2023 
5.9.10 5OSO 
1014 
6061 
10.10 


2021 

1012 
3032 
2023 
4043 
3034 
5OS4 
2020 
3031 

1013 
4042 
2024 
5053 
30385 
3031 

2022 
1040 
1013 
5OS1 
0004 
6062 
3032 
4041 

2023 
5050 
1014 
6061 


Not observed. * Oscillation range too small to include this diffraction. 
There are also  diffractions from all @ orientations superimposed on the / diffractions 
(110), (220) (330), (440), (002) (112), 
(222) (332), (442)¢ (114), (224), 
Orientation (2) [0001], [111], Orientation (4) [0001 
[2110},, || [101], 2110), 


6A—(4 pp.) 


| | | | 
NOs 2204 3304 4404 
x x x x . 
9 J 
O92 2224 __ 3424 4424 i 
| 
Ik 
a 0.58 
1960 ._ 112 * 0 0 
a 222 W 0.6 
b 442 wm 1.0 
Cc 552? wim 1.0 
d sm 1.3 
SS? 0.4 
e 10.10.2 sm 7.8 
11,31,2 y 0.1 
f 13.13,2 WW 0 
114 1.0 
224 * 0 0 ; 
g 444 s 1.3 
h 774 7.8 
SS4 3.7 
i LO,10.4 0 
11,11,4 4 0.4 
j 13,13.4 5.9 
118 * | 0.6 7 
928 * 0 1.0 
448 0 0 
DSS 0.4 
778 4 1.0 
SSS 
10.10.8 1.3 
1.1.10 9 A 
2,2,10 l 1.0 
k 4,4,10 4 7.9 
ot. 
5.5.10 0 0 
] 7.7.10 m 0 9.0 
S.8.10 0.6 
m 10, 10,10 l 6.9 
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REPRESENTATION 


a) A SINGLE DISC A SINGLE ROD 


REAL SPACE LATTICE 
OF | 


iri) Perpendicular to page 
WA and rod. 


THREE DISCS THREE RODS 


OF w 


and rods. 


c) A ROD OF w A PLANE OR DISC 


| 

O10 / | [I! 1] Perpendicular to page 
| 
| 


/ Perpendicular to page 
and disc. 


Fic, 6. Representation of @ in real and_ reciprocal 
lattice space, 


associated with orientation 4 but here the axis of the 
rods of would be parallel to [111 ],. 

Alternatively if the disks of intensity in reciprocal 
space are in fact three rods of intensity those associated 
with @ in orientation 2 will correspond either to three 
disks (or more probably oblate spheroids) of @ in 
orientation 2 in the crystal, each disk being parallel to 
[111], but making 120° with each other (Fig. 6b) or 
three blocks of @ with orientation 2 in the crystal, 
each block having periodicity in two orthogonal 
directions but not in the third which is perpendicular 
to {111 

The above interpretations may not be very different 
since both relate to regions of m in the crystal which 
are structurally perfect in only one direction, for 
example « with orientation 2 is structurally perfect in 
only the {111}, direction and any direction perpendi- 
cular to this will intersect a large number of defects. 


Ap — w transformation model 


The experimental results given above suggest that 
movement of {112}, planes is involved in the 6 > 
transformation as is the case for the 6 — x transforma- 
tion mechanism proposed by Burgers‘®). 

A projection of the atoms in a b.c.c. structure onto 
a (110), plane is shown in Fig. 7. The packing sequence 
of the (112), planes is given a 1,2,3,4,5,6,1,2,3, ete. 
The @ structure can be generated by the {112}, planes 


gliding as follows: 


{112}, 1 2 : 
glidecomponentO g O g Og g O 

o L 4 6° 6° 1 4 6? 
where g is the glide component which glides a {112}, 
plane by ¢V 3/2 +a, in the (111), direction contained 
in that plane. A gliding sequence occurring on any 
particular set of {112}, planes of a particular zone 
necessarily implies an identical gliding sequence 
occurring on each of the other two sets of {112}, 
planes of that zone, Hence bulk @ in orientation 2 can 
he generated by extensive gliding on the (112),, (121), 
or (211), planes in a [111], direction, i.e. g above is in 
the [111], direction. Similarly disks of @ will be 


produced if glide takes place on a limited number of 


the above planes. The disks will be parallel to [111], 
and perpendicular to [112],, [121], and [211 ],. This 
is shown in Fig. 8 which is a projection of atoms in 
a b.c.c. structure onto a (110), plane. 

The disks would degenerate into rods of @ parallel 
to [111], if the width of disks in the (110), directions, 
which lie in the plane of the disks, is restricted to a 
few atoms while the glide along the (111), has 
occurred for many atoms. 

The restriction of the width of the disks in the 

110), directions can be brought about by faulting 
between the disks. Fig. 9 is a projection of the atoms 
structure onto a (111), plane, that is a 
projection at right angles to that of Fig. 8. The three 
sets of {1 12}, planes belonging to the [111], zone are 


in a b.e.e 


\ 


Fic. 7. Projection of the atoms in a b.c.c. structure 
onto a {110} plane illustrating the {112} packing 
sequence, 
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(ele) 

Fic. 8. Projection of the atoms in a b.c.c. structure 

onto a {110} plane showing the glide sequence to 
produce @. 


Fic. 9. Projection of the atoms in a b.c.c. structure 
onto a {111} plane illustrating the three {112} planes of 
a (111) zone. 

@ Atoms in the plane of projection 


24/ 3a, 

Atoms above the plane 


above the plane 


343 
Atoms 
6 


shown by unprimed numbers for the (112),, primed 
numbers, 1’, 2’, ete., for the (211), and doubly primed 
numbers, 1”, 2”, ete., for the (121), planes. Faulting 
will occur between disks if simultaneous nucleation 
occurs on non equivalent {112}, planes of the [111], 
zone as defined by the glide sequence given above in 
which planes 1, 1’ and 1” have zero glide component. 
If, for example, simultaneous nucleation of @ occurs 
glides g and plane 


on planes 3’ and 5”, where plane 3 
5” glides g, a series of faults will develop where the 
disks merge. 

Many permutations and combinations of the above 
gliding sequence of {112}, planes which could result 


in faulting are possible when a large number of 


nucleation sites are present. Interaction must be 
considered of each of the three {112}, planes in each 
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of the four (111), zones and also the interaction of 
the gliding of {112}, planes in different zones. If it is 
assumed that nucleation of gliding is purely random 
then the chance of faulting between any two sets of 
{112}, planes in the same zone is 2:1. The case of 
interaction of {112}, planes of different zones is 
complex and will not be developed in detail here but 
it does not alter the general conclusions concerning 
mechanism. 

Table 3 shows that the intensities of the diffuse 
streaks do not agree with the intensities of the corre- 
sponding bulk « diffractions. However, a better 
correlation is obtained if in diffuse @ the above 
glide sequences do not go to completion. When the 
glide component is 0.087(V3/2.a,) instead of 
0.167(\ 3/2 the m produced has atomic positions 
(0.0.0); +-(§.4,0.58) as compared with (0,0,0); 

(§.4,0.50). F* values corresponding to these new 
positions are shown in Table 3 under F?, ;, and it will 
be seen that better agreement with the observed inten- 
sities is obtained. Since diffuse @ exists as disks on 
(112), planes it is probable that coherency strains re- 
sulting from transformation prevent the gliding 
sequence from going to completion. 

It is of interest to note that the new atomic positions 
reported for the diffuse @ structure are similar to 
those proposed by Bagaryatskii for bulk ™ in a 
Ti-5°,, Cr alloy. However, since little is known of 
the heat treatment of Bagaryatskii’s alloys it is not 
possible to relate the rumpling of the mid plane of 
atoms in the «-phase in Ti-5°,, Cr to coherency strains. 


Conclusions 

The model proposed for the transformation 
satisfactorily accounts for the diffraction effects 
observed from the diffuse @-phase and implies that 
the gliding sequence suggested is operative during 
the formation of bulk «. 

The mechanism of formation of bulk @ from diffuse 
@, on ageing, is considered to be in part an annealing 


out of faults. 
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Low-temperature stress-relaxation peaks in 
plastically deformed polycrystalline niobium* 


Measurement of internal friction above room 
temperature has become a standard tool in the study 
of diffusion-controlled processes in b.c.c. metals,“ 
and recently considerable attention has been directed 
to the study of low-temperature relaxation processes 
in f.c.c. metals.) The following is an account of 
some observations of stress-relaxation absorption 
peaks found at low temperatures in a plastically 
deformed b.c.c. metal. 

Acoustical-energy absorption peaks for frequencies 
in the tens of kilocycles were observed at 10°K and 
165°K in plastically deformed, commercially pure 
polycrystalline niobium. The measurements of inter- 
nal friction were made from 4°K to 300°K by means 
of a resonant-bar technique in which alternating 
longitudinal stress in the 10-100 ke/s range was 
employed. The use of electromagnetic transducers 
permitted measurements to be performed over a wide 
range of strain amplitudes (10~8-10~). 

Niobium rod stock, ? in. in diameter, was swaged 
into 0.160 in. dia. rods. Ten 6-in. rods were annealed 
in a vacuum (10-° mm Hg) at 1050°C for 1 hr. The 
annealed rods were then subjected to various amounts 


of tensile prestrain at a strain rate of 1O-4/sec. After 


final preparation, the niobium specimens contained 
the following weight percentages of impurities: 
0.2 Ta, 0.1 Zr, 0.0L N, 0.01 C and 0.001 H. 

Figure | is a typical plot of the internal friction, 
@-! (proportional to the fractional energy loss per 
half cycle), versus temperature for the prestrained 
specimens. The main acoustical-energy absorption 
peak is centered at 167°K + 3°K, and a smaller peak 
lies in the vicinity of 10°K. Fig. 2 shows the depen- 
dence of the relaxation strength, or peak height, of the 
main peak on the amount of prestrain. In the as- 
annealed condition, no peaks are discernible. The 
relaxation strength increases rapidly with increasing 
prestrain until about 3 per cent deformation; there- 
after, it decreases with additional increase in pre- 
strain. The relaxation strength of the peak in the 
as-swaged specimens is about } that in the 3 per cent 
prestrained specimen. 

If the prestrained specimens are annealed in high 
vacuum at 210°C for 25 min, the peaks are eliminated. 
Another consequence of such an anneal is seen in 
Fig. 3, where the dependence of Q~! on the oscillating 
strain amplitude, ¢, used in the measurements is 
plotted. The amplitude dependence of Q~ is greatly 
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Fic, 1, Acoustical relaxation spectrum measured in the 
vicinity of 18,000 ¢/s in polycrystalline niobium pre- 
strained 5 per cent in tension at 23°C, 


160 — 
a 
140PF 
x / \ 
100} 
: 
\ 
/ \ 
5 60F / \ 
/ AS SWAGED 
20r / 
AS ANNEALED 
i 4 4 
2 4 6 10 12 


TENSILE PRESTRAIN (%) 


Fic. 2. Relaxation strength of 165°K peak of pre 
strained polycrystalline niobium as a function of tensile 
prestrain (per cent). 


modified as a result of the anneal; the amplitude at 
which Q-! becomes strongly dependent on amplitude 
is increased tenfold for measurements made at room 
temperature and at the temperature of the relaxation 
peak. However, annealing the specimens at room 
temperature for 5 days resulted in little observable 
change in the strength of the relaxation peak and 
caused essentially no alteration in the amplitude 
dependence. 

The temperature at which the main peak appears 
rises with increased frequency. Measurements of this 
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Fic, 3. Acoustical energy loss, Q~!, of polycrystalline 
niobium prestrained | per cent in tension at 23°C as a 
function of oscillating longitudinal strain amplitude, ¢, 
and annealing history. 

| per cent tensile strain, measured at 300 K 
A | per cent tensile strain, measured at 165° K 

I per cent tensile strain. annealed at 210°C for 25 
min, measured at 300° K 
@ | per cent tensile strain. annealed at 210°C for 25 
min, measured at 165°K. 


shift in temperature indicate that the peak is associ- 
ated with a relaxation process having an activation 
energy not in excess of 0.3 eV. On the other hand, a 
lower limit of 1 eV on the activation energy for 
annealing was estimated from consideration of the 
times necessary to cause depression of the main peak 
at 150°C and 210°C. 

If this relaxation process is considered to be 


associated with the stress-induced diffusive motion of 


a defect. as in the Snoek mechanism,” the defect 
must be able to migrate readily at room temperature, 
since such a low activation energy for diffusion 
implies that the jump frequency at 300°K is of the 
order of 107 sec-!. Hence, the average migration 
distance should be of the order of 10~? em/hr. 

From these considerations it would appear that the 
main peak is due to either (A) a mobile defect with a 
0.3-eV migration energy, that can be trapped only 
by surmounting a l-eV barrier, or (B) a mobile defect 
hound to a relatively immobile structure. Possibility 
(A) appears to be unlikely since most defect-annealing 
processes discussed in the current literature are 


thought to be diffusion controlled. Furthermore, if 


the defects responsible for the peak are associated 
with plastic deformation, as is suggested by the data 
in Fig. 2, the theories of Mott™ and of van Bueren™ 


and the molybdenum resistivity experiments of 


Peiffer show that the concentration of defects 
resulting from plastic deformation is at least a 
monotonically increasing function of strain in the 
strain range of interest here. Thus the relaxation 
strength of a peak caused by such defects should also 
be a monotonically increasing function of strain. 
This does not agree with the data presented in Fig. 2. 

Two models consistent with possibility (B) would 
consider the mobile defects as being either (1) ther- 
mally activated pairs of kinks on relatively immobile 
dislocation lines,® or (2) very mobile gaseous atoms, 
such as hydrogen or point defects produced during 
the deformation process (e.g. divacancies), loosely 


trapped near dislocation lines in a manner similar to 
that considered by Schoek and Seeger’ for carbon 
in iron. The motion of dislocation lines so decorated 
by point defects is strongly coupled by a Snoek 
effect"? to the diffusive jumps of the point defects, 
thus producing point-defect-bound dislocation— 


relaxation oscillator. 

In either case (1) or (2), the annealing on the 165°K 
peak could then be attributed to the migration of 
gaseous interstitials into dislocation lines.'*) These 
interstitials strongly interact with the lines, thus 
pinning them, which results in a lowering of the 
relaxation strength. A probable interstitial here is 
oxygen, which has an activation energy for diffusion 
in niobium of 1.1 eV; this energy compares well 
with the activation energy for annealing. Another 
consequence of this pinning process should be to 
increase the oscillating strain amplitude necessary to 
produce a large increase in internal friction." This 
increase, in fact, is seen in the data shown in Fig. 3. 
Such interstitial interaction should also produce other 
effects, e.g. the establishment of a definite vield point. 
Dyson ef al." have strained polverystalline niobium 
in tension at liquid-nitrogen temperature and then 
annealed it at successively higher temperatures. 
They found that a yield point begins to appear after 
annealing at 160°C for 3 hr and concluded that 
oxygen is the interstitial responsible for the yield 
phenomenon. 

Finally, the dependence of the relaxation strength 
of the main peak on the amount of total strain is 
qualitatively consistent with the dislocation model. 
In the early stages of deformation, increased stress 
produces large numbers of dislocations and hence 
large numbers of dislocation—kink oscillators or 
point-defect-bound dislocation—relaxation oscillators. 
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LETTER TO 
As the density of the dislocations increases, the 
average distance between intersections of the dis- 
location network decreases until a critical length is 
reached at which the line tension of the dislocation- 
line segments dominates the motion of the lines, so 
that the influence of the relaxation process is reduced. 
This work was supported in part by the Atomic 
Energy Commission under Contract AT(04-3)-167. 
R. H. CHAMBERS 
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A STUDY OF ELONGATION AND AGEING IN 
Al-4% Cu AND Al-4° Cu 0.05% In CRYSTALS* 


J. M. SILCOCKt 


q@ The relation between deformation characteristics and 9’ nucleation has been studied in Al-4%, Cu and 
Al-4% Cu 0.05%, In erystals. Preferred nucleation of 9’ occurs in the orientations which do not contain the 
slip direction in the (100)g plane. This is attributed to the atomic configuration at the edges of partial 
dislocations. 

Deformation of aged crystals has shown that crystals hardened by G.P.[1| at 130 C show characteristics 
similar to those of *‘as quenched” crystals. The slip lines are fainter and fewer when G.P.[2] zones are 
present, and are not detected at all until heavy deformations when large quantities of 0’ are present. 
This is attributed to different hardening mechanisms. 


ETUDE DE 


L°ELONGATION ET DU VIEILLISSEMENT 
Al-4% Cu et Al-4% Cu-0,05%, In 
La relation entre les caractéristiques de déformation et la germination ’ a été étudiée dans des cristaux 
de Al-4% Cu et Al-4%, Cu 0,05°, In. La germination préférentielle de 9’ a lieu suivant des orientations 
qui ne contiennent pas la direction de glissement dans le plan (100)g,.. Ceci est attribué a la configuration 
atomique aux bords des dislocations partielles. 
La déformation de cristaux vieillis a montré que les cristaux durcis par zones G.P. [1] & 130°C ont des 
caractéristiques similaires aux cristaux trempés. Lorsque les zones de G.P. [2] sont présentes, les lignes 


DANS DES CRISTAUX 


de glissement sont plus faibles et moins nombreuses et, lorsque des quantités importantes de §’ sont 
présentes, elles ne sont visibles que pour des grandes déformations. Ce phénomeéne est attribué a des 
mécanismnes de durcissement différents. 
EINE UNTERSUCHUNG ZUR VERFORMUNG UND ZUR AUSHARTUNG VON 
KRISTALLEN AUS Al-4°, Cu UND AUS AIl-4% Cu—0,05° In 

Die Beziehung zwischen dem Verformungsverhalten und der Keimbildung von 6’ wurde bei Kristallen 
aus Al-4°% Cu und aus Al-4% Cu 0,05°, In untersucht. 6’-Keime bilden sich vorzugsweise in solchen 
Orientierungen, welche die Gleitrichtung nicht in der (100)g- Ebene enthalten. Dies wird mit der Kon- 
figuration der Atome in der Umgebung einer Halbversetzung in Zusammenhang gebracht. 

Die Verformung ausgelagerter Kristalle zeigte. daB Kristalle, die durch G.P. [1] bei 130°C ausgehartet 
worden waren, ahnliche Ziige aufweisen, wie abgeschreckte Kristalle. Bei Anwesenheit von G.P, [2}| 


Zonen treten schwachere und weniger zahlreiche Gleitlinien auf und sie lassen sich erst nach starker 
Verformung nachweisen, wenn groBe Mengen von @’ vorhanden sind. Dies wird auf verschiedene 
Verfestigungsmechanismen zuriickgefihrt. 


1, INTRODUCTION Deformation characteristics of aged crystals have 

In aluminium copper alloys, the intermediate also been examined. Carlson and Honeycombe™ have 
structure 6’ forms after much shorter ageing times if reported that no slip was visible in age hardened 
the alloy is cold worked between solution treatment Al-3}% Cu erystals (aged 3 days at 190°C) except for 
and ageing.” The @’ is frequently nucleated in only some coarse bands in the region of necking. No 
two of the possible three orientations. Wilsdorf and — evidence of slip lines was observed in copper hardened 
Kuhlmann-Wilsdorf® have shown that two orienta- by internal oxidation or in age hardened Al-7% 
tions of 9’ generally form in each slip plane. They Mg‘ alloy. Thomas and Nutting’ have found by 
postulated that the orientation not obtained is that electron microscopy of oxide replicas that the slip 
with the slip direction in the (001), plane. In the characteristics change from wavy single steps of large 


present work this has been proved to.be true. Crystals — displacement when G.P. zones {1] are present to small 


of known orientation have been elongated and the — steps and relatively few lines when G.P. [2] and @’ 
nucleated orientations compared with the slip system. are present at peak hardness. 


The present work, 
When primary [101|(111) or primary and cross“ which was almost complete before Thomas and 
{101}(111) slip occur, only two orientations are Nutting’s paper was published, is on single crystals 
nucleated. When duplex slip on the primary and and is in fair agreement with their work, if their 
conjugate®™ []10](111) systems occurs, two slip — structures in Table | are corrected to that obtained by 
directions operate and the resulting 0’ nucleation is X-ray examination. It is apparent, however, that the 


random on the macroscopic scale of X-ray examina- absence of slip lines is associated with a critical 
tion. dispersion of 0’ and not with high hardness. 


X-ray examination of the ageing products after 


+ Fulmer Research Institute, now at Liverpool University. deformation shows no change in structure. 
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2. EXPERIMENTAL 

Crystals were prepared and examined by X-rays 
using the methods described previously.“ Sinee no 
crystals covered the entire gauge length, a smaller 
“gauge length” was carefully prepared in many 
specimens by filing and polishing within a crystal. 
This enabled aged crystals to be elongated without 
The 


gauge length was of the order of 0.9em and the 


accompanying grain boundary deformation. 
width 0.2em. Small gauge lengths were not cut in 
strips 5 and 14 which consisted of several fairly large 
crystals. All crystals were electro-polished before 
solution treatment and immediately before elongation. 
The slip traces were examined with the light micro- 
scope and a few with the electron microscope. The 
orientation was determined by the transmission Laue 
method. Since a large beam was used, the orientation 
after elongation was an average of the majority of the 
crystal and ignored deformation bands. The fragment- 
ation and asterism of Laue spots after deformation 
varied but were generally greater in aged crystals. 
It was found that measurements of the tension axis 
orientation repeated to within +-1}° for a work free 
erystal, and to about -+-3° for worked crystals. The 
absolute accuracy is probably lower. 

In Figs. 1, 7, 10 and 13, the orignial orientation of 
the tension axis is that nearest the (100)-(110) 
boundary. With the orientation given in the figures, 

primary slip is on the (111) plane and the [101] 

direction, 

cross slip is on the (111) plane and the [101] 

direction and 

conjugate slip is on the (111) plane and the [110] 

direction. 
3. RESULTS 
(a) Acetone quenched Al-Cu crystals, elongated and aged 


The orientations of the tension axes are given in 


Fig. 1. The change in orientation in the tension 


101 


100 
Fic. 1. Orientations of tension axes for acetone 
quenched and room temperature aged crystals. 
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directions corresponds within experimental error to a 
rotation towards the primary [101] slip direction, 
except for crystals 5, and 35. 

In the following crystals, with the total elongation 
given in brackets, only one slip trace could be observed 
and on subsequent ageing for 16 hr at 165°C X-ray 
photographs showed strong 6’ spots from two orienta- 
tions and only weak 4’ spots from the third orienta- 
tion: A (4%), B (14%), € (20%), 2 (33%), 4 (20%), 
30 (5°,) and 42 (5°,). 
traces varied with the 
but 


In all cases 


The appearance of the slip 
surface examined: they were 
generally occasionally fairly straight 
(Fig. 2). 


sponded with the trace to be expected for the primary 


wavy, 
the average direction corre- 


slip plane. Those crystals showing straight traces had 
the primary slip direction within about 15° from the 
surface and the primary slip plane almost 90° to the 
surface so that a change of the slip plane,“ which 
is the probable cause of wavy lines, would not be 


detected. Electron micrographs using all-metal 
replicas also showed straight and wavy traces. 


A number of erystals—l (4°,), 5g (15°,), D (5%)— 
had bands of short secondary slip lines, the direction 
of which agreed with slip on the cross slip plane. 
Occasionally the continuity of the secondary cross slip 
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trace from one set of primary to another set of 
primary traces could be observed, for example Fig. 3, 
which was taken in an area showing relatively few 
cross slip markings. On subsequent ageing for 16 hr 
at 165°C all these crystals showed only very weak 6’ 
spots from the orientation with the slip direction in 
the (O01), plane but strong #’ spots from the other 
that is to the @ 
nucleated were the same as in crystals where only the 


orientations, say, orientations 
trace corresponding to the primary slip system was 
observed. 

Crystals 3 (10°,), 5, (31°,), 5, (100°,), 6 (37°,) and 
35 (5°,) showed two prominent slip traces which 
agreed with the directions of the primary and con- 


jugate slip planes (Fig. 4). After ageing for 16 hr at 


165°C these crystals, except for crystal 3, gave 
equally strong 9’ spots for all orientations. Crystal 3 
showed relatively few conjugate slip traces (see Fig. 5) 
and only medium intensity 4’ spots from the orienta- 
tion with the primary slip direction in the (O01) 4’ 
plane. 

In Table 1, the quantities of 9’ in the three orienta- 
tions are given for crystals elongated 5 per cent 
before ageing 16 hr at 165°C. Orient ¢ is the orienta- 
tion with the primary slip direction in the (O01) @ 


Quantity of 6 produced by ageing for 16 hr at 
165°C after 5 per cent elongation 


TABLE 


Quantities of 


(Orients a 
and 6, Fig. 
15) 


Crystal Slip traces observed (Orient c. 


Fig. 15) 


D Primary and cross slip 12 0 
30 Primary only—straight 20 1.4 
35 Primary and conjugate 15 15 

42 Primary only 15 0.9 


* Per cent of the total possible quantity of 0’ in each 
orientation for random nucleation. 
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plane. In crystal 35 presumably the “primary” and 


“conjugate” slip systems operated together but the 


quantity of 4 observed was equal to that given by 


nucleation due to primary slip alone and the quantity 


of 9’ in the orientation @ containing neither primary 


nor conjugate slip directions in the basal plane was 


not doubled. 


All the crystals which appear to have overshot the 
(100)—(111) boundary showed duplex slip well before 


the end of the extension. Crystals 6 and 5, gave the 


clearest indication of overshoot but in both cases the 


degree of overshoot is only just greater than the 


experimental error, so that although there is an 
doubt that 


beyond 


indication, it is not proved 


overshoot can occur. 


(b) Crystals aged before elongation 


The aged crystals display greater fragmentation and 


asterism of Laue spots after elongation than do the 
The the 


tension axis is therefore of less accuracy for the aged 


quenched crystals. “final” orientation of 


However, the change of orientation is in 
of the 


crystals. 


most cases within the experimental error | 


direction expected for rotation towards the primary 


slip direction (Fig. 6). The exceptions were crystals 


\20 \ 
\ 
83) 
\ . 
100 0 


Fic. 6. Orientations of tension axes for aged crystals 
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TABLE 2. Elonga 


V.P.N.§ 
before 
elong. 


Precipitatet 
spots 
present 


Previous* 
ageing 
treatment 


10 d.R.T. GP.[1] 


10 d.R.T. 


10 d.R.T. GP.[1] 


1 d.130°C GP.{1] 


165°C 


broad spots 
16 hr 165 MS.GP.| 2] 
broad spots 
6 d.165°C S.GP.[2| 
fairly sharp 
spots 


+VW.0’ 


3d.190°C 


M.GP.[2] 
both sharp 


3.d.190°C 


M.G.P.[2] 
both sharp 


22 hr 220°C 


2d.190°C 


* Where preferred nucleation of 4’ has oce 
direction in its (001) plane. 
+ d;days RT: Room temperature 


+ G.P.; Guinier Preston zones. Intensity of reflections: 


MS: medium strong’ strong. 
§ VPN Vickers Pyramid Number. 


11 and 17 which were aged to give 6’ and these 
crystals did not show slip traces on elongation. 

When G.P.[{1| zones are present the slip traces are 
still wavy, Table 2. The slip traces become fewer and 
more difficult to see with increasing G.P.[2] zones 
(Fig. 7). 
difficult to observe; and when 9’ is the only structure 


When 6’ is present, the traces are still more 


present, slip traces could not be observed until the 
crystals had been elongated more than 10 per cent. 
Rumples could be seen in the surface (Fig. 8) after 
large extensions, but irregular lines also occur with an 
average direction near to that expected for the 


urred the smaller 
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tion of aged crystals 


Precipitates present * = 
after additional 
ageing of 16 hr 

at 165°C 


Slip trace 
characteristics 


Elong. 
0 


M.GP.{2] /MW.0’ 


0’ 


Widely spaced clusters 


Two fine intersecting 
sets of lines fairly 
uniform 


MS. 0’. No preferred 


orientation 


MW.GP{2| 


Primary and cross slip 
traces 

Very wavy traces M.GP.[2] 
banded and showing 

coarse traces attri- 

buted to cross slip, 


Wavy irregular lines, 


VW.GP./2] 


IS. 


Similar appearance to 
iS. 


Fine irregular slip 
traces first observed at 
about 1.5 per cent 
elong. (Fig. 8) 

Very fine irregular 
lines observed before 
5 per cent elong. 


No slip lines for about 
half the elongation. 
Slip lines *‘spilled”’ 
along from one end. 
Second system 
developed at the same 
end 


No slip lines visible 


No slip traces except 
near fractured edge 


#’ concentration is always that orientation with the primary slip 


W: weak MW; medium weak M; medium 


VW: very weak 


primary slip plane. Conjugate slip traces were 


generally straighter than primary traces (Figs. 8 and 
9). The necked region showed prominent steps and 
these were parallel to the predicted direction of 
either primary or conjugate slip plane traces. 

It can be seen that the characteristics of the slip 
traces vary with the precipitate type present and not 
with the hardness. Abundant slip lines can be seen 
in crystal 20 (V.P.N. = 103), but none in crystal 11 
(V.P.N. = 90) which is of slightly lower hardness. 
The elongations of the two crystals were the same and 
it must be presumed that the slip in crystal 11 is finely 
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Although the 
rotation of the tension axis for crystal 11 is not 


dispersed over many slip planes. 


accurately towards [101] it is predominantly in this 
direction, and therefore it may be assumed that this 
is the predominant slip direction. It appears therefore 
that @’ platelets are more effective in stopping or 
deflecting dislocations than G.P.{1]| or [2]. The G.P. 
zones being fully coherent are apparently more easily 
sheared, but the 4’ has no close packed plane parallel 


ELONGATION 


AND AGEING 593 


to (111),), and shearing is more difficult. Recently 
published>® electron micrographs show 4’ platelets 
which are bent rather than sheared in two. 

Further ageing for 16 hr at 165°C produces @’ in 
The 


weak orientation is again that containing the slip 


preferred orientations as indicated in Table 2. 


direction in the basal plane. The results show that: 
(i) G.P.|2] is rendered unstable on deformation and 
subsequent ageing (crystals 8,, 8, 13). 

(ii) The prior presence of 6 does not prevent 


and 


nucleation by slip (viz. crystal 12,). 

Therefore it is suggested that, in the deformation of 
material containing G.P. zones [2] initially, some 
dislocations remain in the vicinity of the zones, which 
are then the source of copper for the growth of 6’ on 
the orientated dislocation nuclei. 


(c) Tensile curves 


Tensile curves were obtained for a number of 
crystals using a Hounsfield tensometer. The orienta- 
tions of the tension axes for these crystals are given 
in Fig. 10 and the tensile curves are given in Figs. 11 
and 12. 


101 
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38%. 33 


100 
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Orientations of tension axis for crystals giving 
the tensile curves of Figs. 4 and 5. 


Crystal 32 (hardened by 6’) did not show readily 
observable slip lines until the extension corresponding 
to a decrease in stress. Crystal 38 (hardened by G.P. 
[1]) shows a low rate of work hardening, but crystal 
29 does not. Crystal 29 is near the boundary and 
appears to have cross and conjugate slip lines, whereas 
crystal 38 shows primary slip traces only. The reason 
for the increased rate of work hardening of crystal 32 
towards the end of the extension is also due to the 
operation of a second slip system. A low rate of work 
hardening may therefore be associated with crystals 
aged to the G.P.[1] state which are oriented to give 
one slip system only. 

Some crystals were given a 10-min rest with no 


Two such 


load after 5 to 10 per cent elongation. 


. 
| 
ip ‘ | 
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Crystal Heat treatment 


30m 220°C 


10 15 20 


Extension 


Fic. 11. Comparison between tensile curves for crystals 
with different preliminary ageing treatment. 

curves are shown in Fig. 12. Crystals hardened by 
G.P. zones {1}, e.g. 34. showed after the 10-min rest a 
definite increase in the resolved shear stress required 
to give deformation, but the initial slope for the 
the 
extension. Crystals hardened by 6’, e.g. 43, did not 


“elastic extension was same as for the first 


show an increase in the vield stress after the second 
extension but the initial slope was much steeper. 


This indicates that some plastic deformation does 


occur in the initial extension of crystals containing 4’. 


10 


Crystol Heot treatment 
26 220°C 
34 8d 25 °C 
43 220°C 


ton/in= 


Resolved shear stress, 


Scale offset for second pull 


Extension 
Fic. 12. Comparison of tensile curves for crystals of 
similar orientation given a 10-min interval with no 
load during extension. 
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The reason for the increased yield stress in crystals 
containing G.P. zones [1] is perhaps an indication that 
the G.P. zones are able to rearrange themselves to 
give more effective locking, that is, the copper atoms 
probably migrate to dislocations. The total extension 
of crystal 43 was larger than normally obtained from 
crystals hardened by 6’. This may perhaps be 
associated with the rest at room temperature allowing 
a redistribution of internal stresses. In neither of the 
crystals containing 4’ (26 and 43) did the tension axis 
follow the normal direction of rotation towards {101}. 


(d) Ternary Al-4°,, Cu 0.05°,, In erystals 

The changes in the orientation of the tension axes 
(Fig. 13) of the quenched crystals are within the 
experimental error of a rotation toward the primary 
slip direction [101]. (The orientation of crystal a@ was 
only obtained after elongation.) 

Both wavy and straight slip traces were observed 
and the difference in the appearance of slip traces was 
due to different surface orientations. The traces were 
straight in crystals where the slip direction was near 
(e.g. at about 10°) to the surface, but wavy (Fig. 14) for 
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crystal 18, where the slip direction was at about 40 
to the surface. 

The effect of an ageing treatment at 165°C is 
somewhat erratic. Preferred nucleation of @ can 
occur, but is not invariably the case. Two crystals (2 
and 18,). which it was thought had slipped on one 
system only. did not show preferred nucleation, 
Perhaps the elongation of crystal 18, was insufficient 
to destroy nucleation by cadmium, and crystal 2 may 
have also slipped on the conjugate system, the 
direction for which is also only 9° from the surface and 
When 


preferred nucleation of §° occurs (a, 18, and 18,¢) it is 


the traces would be difficult to observe. 


in the same orientations as in the binary Al-4°, Cu 
crystals, 
Only one aged crystal has been examined. Crystal 


19 was at peak hardness after an ageing treatment of 


4hr at 190°C. The 4’ platelets are smaller but more 
numerous than in the binary Al-4°,, Cu crystals. No 
slip lines were observed after 6 per cent elongation, 
but the rotation of the tension axis was towards the 
expected primary slip direction. 

4. EFFECT OF DEFORMATION ON THE AGED 

STRUCTURES 

There was little difference in the appearance of the 

diffraction patterns before and after deformation 


except for a slight increase in fuzziness. This could 


partly be explained by an increase in the range of 


orientations present. There was also slight broadening 
of the 4’ reflections after high elongations which could 
not entirely be attributed to a range of orientations 
and is presumably due to a slight decrease in § size 
or to strains remaining in the 4’ particles. 

The G.P. zones {1 |] showed only a slight increase in 
the extent of the maxima around (002) obtained with 
Cu radiation. If these are due to the stress pattern 
around a G.P. zone [1], it might be expected that the 
maxima will be readily affected by stresses imposed 
on the matrix, but this is apparently not so. The 
intensity along the 000—00/ streak shows a slight 
increase in slope which has not been explained, 


5. SUMMARY AND DISCUSSION 

(a) Slip trace characteristics 

The quenched crystals show wavy slip traces in 
agreement with Honeycombe™ and Thomas and 
Nutting’. This is presumably due to the ease of 
cross slip owing to the short distance between the 
partial dislocations.“ 

Large quantities of G.P. zones {1}, although raising 
the hardness, do not alter the slip trace characteristics 


appreciably. Slip lines become fewer and more 
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difficult to observe when G.P.{2]| zones are present 
indicating that the slip steps are smaller. However, 
many slip lines are observed at peak hardness at 
165°C when fairly large G.P.|2| zones are present. 
This is not in agreement with Thomas and Nutting 
who state that only a few slip lines occur when G.P 
|2] is present; but in their experiments G.P. [2] 
was obtained by ageing at 205°C, and a mixture of 
G.P.{2| and 6’ 
would be expected from single crystal X-ray work.) 


and probably a majority of 6’ 


When 4’ was the only precipitate structure and 
present to more than about 20 per cent of the total 
possible, slip lines were observed only after heavy 
deformations and near necked regions. The traces 
were generally very irregular but they formed lines in 
the general direction expected for traces of the 
primary slip plane. The change of orientation of the 
tension axis in the specimens containing §° was in 
some cases not very different from that required for 
primary slip. Several specimens containing @’ did, 
however, show considerable deviation and the 
direction of the deviation was variable. More frag- 
mentation than usual was apparent in the Laue 
photographs of these crystals, and it is obvious that 
the deformation of crystals hardened by @’ is inhomo- 
geneous. Since the conjugate slip traces are straight 
a high proportion of the slip must be in the primary 
direction but spread out over many co-operating 
planes. The smaller 4’ platelets in ternary alloys act 
in the same way but larger 4’ platelets formed at 
240°C are not so effective. 


(b) Nucleation of 0 

Slip on the primary system must leave behind 
oriented 9’ nuclei. The orientations of 6’ platelets 
nucleated are those which do not contain the slip 
direction in the (OO1),, plane. That is, with reference 
to Fig. 15, if D is the slip direction, the orientations 
of 6’ with [OOL],. in directions a and 6 are nucleated, 
but the 4’ with |OOL| in direction ¢ is not nucleated. 
To form 4’ from the matrix compression in the [001 |, 
direction is required. The deformation will leave 
behind an excess of edge dislocations with their 
Burgers vectors in the direction of slip. There is 
therefore the required compression for forming nuclei 
of 4’ in orientations «@ and / (Fig. 15) but not in 
orientation ¢. 

If we now consider that the edge dislocation is 
probably split into partial dislocations (but the 
partial dislocations will only be separated by a few 
atomic distances) we can see that the atomic positions 


at a partial dislocation, Fig. 16, give a 4’ like arrange- 


ment. It is probable that copper atoms w ill segregate 
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to regions of compression so that a 4’ nucleus may be 
formed. One partial will nucleate the 9 orientation @ 
and the other the 9’ orientation b. After cold work 
G.P{2| frequently forms only in the same _ two 
orientations as 4’ which indicates that a copper-rich 
laver can more easily form along the {100},) planes 
containing the slip direction. No 6’ would form in the 
work free crystal with the ageing treatment given and 
vet there would be a number of dislocations present, so 
it appears that one partial dislocation is insufficient 


for nucleation. 


dislocations such as at a Lomer—Cottrell lock. It is 
difficult to see how Lomer—Cottrell locks can lead to 
nucleation of only two orientations since to form the 
lock a partial on a system besides the primary system 
is required. The locks introduce" a neighbouring 
dislocation of Burgers vector [O11], for primary slip 
on (111){101]. This lies within the basal plane of one 
of the nucleated 9’ orientations. The basal 4’ plane, 
however, does not require compression but requires 
vacancies on alternate planes. It does not appear. 
therefore, that this neighbouring dislocation would aid 
nucleation in the observed orientations. 

Easy 4’ nucleation can occur if there is a line 
of partial dislocations either in the [110] direction in 
the plane of Fig. 1, or in the [110| direction perpen- 
dicular to the plane of Fig. 1, or in fact in any direction 
in the (001) plane. The direction [110] is in the slip 
plane and could be the line of a dislocation. The other 
direction [110] is a direction of a possible Burgers 
vector of a Lomer—Cottrell lock, whether this could 


cause a line up of partial dislocations is not known. 


It seems probable that extension of the nucleus 
depicted in Fig. 1 is required in both directions. The 


direction in which the partials are lined up will control 


. 15. Orientations of 6’ platelets. 
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It seems that either a pile up of 


dislocations is required, or some special grouping of 
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@ 0 & Atomic positions at O and 57h 
% =< Atomic positions at 2-854 
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Formation of a @#’ nucleus at the edge of a 
partial dislocation. 
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which of the two possible orientations is favoured. In 
the large volume examined by X-ray methods the 
chances for nucleation in either direction are equal. 

It is known that nucleation of # can occur at low 
angle boundaries,?-') and that at these polygon 
houndaries there is often only one of the possible 
two orientations nucleated. A polygon boundary is 
formed by an aggregate of dislocations, the majority 
having their Burgers vector approximately perpen- 
dicular to the boundary. The orientations that will not 
be nucleated are, therefore, those with [001],, per- 
pendicular to the boundary. In agreement with this, 
electron micrographs,:!”) generally show platelets 
The 


orientation which is nucleated will depend on the 


almost parallel to small angle boundaries. 
angle between the boundary plane and the edge 
dislocations. The nearer the polygon boundary is to 
a (100),) plane, the more exactly will the partials be 
lined up in correct array for nucleation of the 9’ with 
its [O01] direction (normal to the platelet) perpen- 
dicular to that plane. Therefore it would be expected 
that platelets will tend to be as nearly as possible 
parallel to the polygon boundary, and the more 
parallel they are the fewer should be the nuclei in the 
other orientation. This does appear to be generally 
true. 


(c) Relation between mechanical properties and slip 
trace characteristics of aged crystals 

The the 
behaviour of these alloys is that the presence of well 


outstanding feature in deformation 
marked slip lines is not an indication of low hardness. 


For example, crystals 20, 8 and 13 are relatively hard 
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SILCOCK: 


Preprecipitate 
or precipitate 


Slip traces 


GPJ1]| Very well- 


defined 


GP.[2] Well-defined High 


Absent 


Small 4’ in Absent 


ternary alloys 


and yet form well marked slip traces, while crystal 17 
of similar hardness showed no slip lines. The absence 
of visible slip lines is attributed to the blocking and 
deflection of dislocations by the precipitate particles, 
so that only short lengths of a dislocation line operate 
in any one plane. In the crystals hardened by G.P. 
zone {l] the dislocations, once moving, apparently 
continue, and there is no obstacle to a large number 
operating in one plane. It is apparently the locking 
of the dislocation sources which increases the hardness. 
The hardness is far greater than in the solid solution, 
so that the locking is not simply by solute atmos- 
pheres but by the zones themselves or their strain 
fields. 

If dislocation sources operate easily but the dis- 
locations are stopped or deflected by the particles so 
that the slip distance is small and deformation from 
a given source is spread on many slip planes, the yield 
stress should be relatively low but work hardening 
high. The tensile curves obtained on single crystals 
show that there is a tendency for the yield stress to be 
lower and the work hardening higher in crystals 
than those hardened by 


hardened by 


ELONGATION 


Hardening 


Moderate 


Moderate 


Very high 


AND AGEING 


TABLE 3. Summary of the effect of precipitates in Al-Cu alloys on the propagation of dislocations 


Apparent Contribution of 


dislocation 


source locking blockis 
locking 


Stronger the Very weak 
larger the 
particle 


Very strong Moderate 


Weak Strong 


Weak? 


Very strong 


Table 


occurring in the Al-Cu alloys are summarized accord- 


zones. In 3 the behaviour of precipitates 


ing to the interpretation given above. 
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EFFECTS OF NON-UNIFORMITIES ON THE HARDENING OF CRYSTALS* 
R. L. FLEISCHER?* 


The ease of motion of a dislocation in a crystal is influenced by changes in lattice parameter and 


elastic modulus. 


For solid solutions where such changes are gradual the hardening is negligible, but for 


abrupt changes, such as occur at a precipitate, the effect is important. The changes in lattice parameter 


lead to the production of interface dislocations and suggest a work hardening model for one class of 


precipitation hardened alloys. 


EFFETS 


paramétre réticulaire et du module élastique. 


Dans le cas de solutions 


DES NON-UNIFORMITES SUR 


La facilité du déplacement d'une dislocation dans un cristal est influencée par les modifications du 


solides ott de telles modifications sont 


Interface dislocations may also affect flow near a free surface. 


LE DURCISSEMENT DES CRISTAUX 


progressives, le durcissement est 


négligeable. Par contre, lors de variations brusques de ces paramétres, effet est important: c’est le cas 


notamment pour un précipité. 


Les modifications du paramétre réticulaire provoquent la formation de dislocations d’interfaces et 


on peut en déduire un modéle pour le durcissement structural d’un type déterminé d’alliages durcissant 


par précipitation, 
surface libre. 

EINFLUSSE VON 

VON 


UNGLEICH MASSIGKEITEN 
KRISTALLEN 


Les dislocations d‘interfaces peuvent également affecter le glissement pres de la 


AUF DIE VERFESTIGUNG 


Die Beweglichkeit einer Versetzung in einem Kristall wird durch Anderungen der Gitterparameter und 


der elastischen Konstanten beeinfluBt. 


Bei festen Lésungen, in denen solehe Anderungen allmablich 


auftreten, ist die Hartesteigerung vernachlassigbar; jedoch entsteht ein groBer Effekt bei plétzlichen 


Anderungen,. wie sie 
zur Erzeugung von Grenzflachenversetzungen. 
fiir eine Klasse von ausgeharteten Legierungen. 


bei einer Ausscheidung auftreten. 
Daraus folgt ein Vorschlag eines Verfestigungsmodells 


plastische FlieBen in der Nahe einer freien Oberflache auswirken. 


Die Anderungen der Gitterparameter fiihren 


Grenzflachenversetzungen kénnen sich auch auf das 


that solid 


solution hardening can be produced by at least three 


previous article”) has indicated 
effects of a non-uniform solute distribution: changes 
in elastic constants, changes in lattice parameters 
The last 
It is 
the purpose of this discussion to examine in some 


and stress fields of individual solute atoms. 
of these factors was considered quantitatively. 


detail the effect of changes in elastic modulus and 
lattice parameter. 

It will be shown that in the case of gradual changes, 
as in a solid solution, the effects considered here will 
be much less than the effect of the stress fields of 
individual atoms. For very rapid or abrupt changes, 
however, effects may be large. These effects represent 
an approach to understanding the hardening of a two 
The effects evaluated 


separately in idealized cases for rapid and gradual 


phase alloy. two will be 
changes, and then their possible relation to real 
systems will be discussed. 
1. ESTIMATE OF EFFECTS OF CHANGE 
IN ELASTIC MODULUS 

L.1 Discrete change 

If an edge dislocation in a medium of shear modulus 
G, is a distance x from a region where the modulus 
abruptly becomes G, across a plane normal to the slip 
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+ Department of Metallurgy. Massachusetts Institute of 
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has shown that the dislocation is 


Head"? 


repelled by an effective stress of about 


vector, 


G (Gy 
(1.1) 
vi 
where is Poisson’s ratio. If G, G, AG < G, 
the stress becomes approximately AGb — 


1.2 Gradual chang 

If there exists a uniform gradient (dG/dx) of the 
shear modulus, then the total effect may be estimated 
by adding the effects of many small discrete steps 
each of strength (dG dx)b and placed a distance } 
apart. Fora step at a distance nb from the dislocation 


the stress is 


(dG y)nb. (1.2) 


Hence for steps starting at a distance 4 and extending 


to r,,; 


= (dG/dx)b/8x7(1 — rv) (1/n) 
n=1 


(dG /dx)b log (r,,/b) — 


If the gradient extends from —r, to —r,. 


= (dG/dx)b log (r,,/b)/47(1 v), 


where the step at the dislocation has been neglected. 


as 
Az 
VO 
) 
19: 
A 
poe Ps 
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bo 


+. 1, Slip across a change in lattice spacing, 


If the change in modulus is due to a concentration 
gradient, the stress may be written 

= (dG /de)(de/dx)b log (rb) v), (1.3) 
where ¢ is the concentration. This result will be 
discussed in more detail in Section 3. 
2. EFFECTS OF CHANGING LATTICE SPACING 


2.1 Discrete change 


First a qualitative discussion will be presented, 


followed by some quantitative estimates. 

Imagine a medium such as is described by the 
lattice in Fig. l(a), where the lattice constant in the 
horizontal direction changes abruptly from by to 4,, 
which is less than by. If an edge dislocation of slip 


vector 4, moves horizontally into the region of 


constant 6,, it then obtains a slip vector b,. A decrease 
of amount b, — 4, has occurred, and hence a dis- 
location of that slip vector must be retained at the 
interface between the 6, and 4, parts of the lattice. 


The above result may be visualized by the following 
hypothetical sequence of events: (i) A cut is made 
along the slip plane extending from the b, into the 6, 
region and a relative horizontal displacement hb, 
supplied. This displacement restores fit in the b, 
region, leaves a misfit surface from the boundary to 
the end of the slipped region and creates a dislocation 
of slip vector 4), which has moved out of the field of 
view in Fig. 1(b). (ii) The dislocation of slip vector 6, 


dissociates into one of vector 6, and a second of 


vector b, — b,, decreasing its energy in the process. 
(iii) The dislocation of by — 6, moves to the boundary 


between the two regions, thus erasing the surface of 


misfit. As before, the end result is a dislocation of 
vector 5, in the region of lattice constant b, and a 
dislocation at the boundary. By the process just 
described it can be seen that this second dislocation 
will be sessile, since its motion away from the interface 


would create the misfit surface which was just 


° 
| ; 
| 
Do b 
bo Do 
| 
mi 
bo b, 


600 

pictured as erased. Fig. l(c) shows the final con- 
figuration with the glissile dislocation still out of the 
picture to the right. The lattice bending due to the 
remaining dislocation is visible. 


A third and probably the most direct way of 


viewing the necessity for a built-in dislocation is 
indicated in Fig. 1(d), where two lattices with unit 
steps are brought together. There is a failure to 
match amounting to a layer of thickness by — ),. 
which therefore requires a dislocation of slip vector 
by — 

It is, however, worth noting that there exists no 
extra half plane of atoms such as is associated with 
the usual edge dislocation. In fact all atoms, even at 
the 
neighbor relations, aside from elastic distortions. The 


core of this dislocation. have correct nearest 
dislocations created will be referred to here as interface 
dislocations. 

The example considered may be described by the 
reaction 


bo —> (Do by) (b,). 


i.e. the dislocation 
the 
However subsequent dislocations on the same plane 


The total energy is thus decreased 


is attracted toward and_ through interface. 


have the stress field of b, — b, to overcome and each 
additional full dislocation adds a new sessile interface 
dislocation to hinder later full dislocations. 

For a dislocation moving from right to left in Fig. 1, 
the slip vector of the full dislocation must increase 
from b, to hy: 


b, > (by — 5). 


1 
In short a new dislocation pair —(b) — 6,) must be 
created at the interface, +(b, — b,) adding to b, to 
give b, and —(b, — remaining as an interface 
dislocation. This interface dislocation, being negative, 
will attract a following dislocation },, but will make 
still more difficult its continued motion past the 
interface, since to do so it would need to create two 
the 


direction of slip, dislocations encounter more and 


interface dislocations. Hence regardless of 
more difficulty in passing through the interface. 

If there is a change in lattice parameter in a direction 
normal to Fig. l(a), then a screw dislocation with slip 
vector in that direction must alter its slip vector as it 
enters the region of different lattice parameter. Hence 
there may be screw as well as edge interface dis- 
locations. 
2.2 Estimate of stresses involved 

Assume an edge interface dislocation has a vector 
Ab ( 
then be given by) 

G Ab/2x(1 — v)zx. 


b, — 6,). Its shear stress on the slip plane will 


(2.3) 
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where G effective shear modulus, » — Poisson’s 


ratio and x» = distance from the interface. Hence a 
second dislocation will be opposed by an effective 
stress given by equation (2.1). If dislocations have 
crossed the interface, then there will be » interface 


dislocations spaced a distance / = apart. 
If these extend from x = 0 to x (n 1)b, then 
the shear stress is given by 

n—1 
t= + jb), 
j-0 
where 7, = G Ab/27(1 — 
Approximately 7 = 7, | dj/(j + 


1), (2.2 


so that the stress increases with increasing ». If there 


Ty log 


is just one interface dislocation, the stress as given by 
equation (2.1), will cease to be meaningful when a 
dislocation approaches within one atomic distance; 
b and Abb = 1/20, a stress of G/80 is 
obtained, indicating that it should be much easier to 


setting x 


slip on adjacent parallel atomic planes rather than 
continuing slip on the given plane. A dislocation on a 
parallel plane a distance y from the interface dis- 
location must overcome a stress of approximately? 
G Ab/8x(1 — y. 2.3) 
If this motion supplies a shear strain y equal to b/y, 
work hardening is given by 
— v)b 


a hardening rate of about G/300 when Ab/b 


(2.4) 
1/20. 
This calculation will be discussed in greater detail in 
Section 4. 
2.3 Gradual change in lattice spacing 

A constant gradient of lattice spacing will be 
assumed and considered to be equivalent to a series of 
abrupt changes each } apart and of amount (db/dx)b. 
An edge dislocation moving in the x-direction will 
then create an interface dislocation of strength 
(db/dx)b each atomic distance 6 along its path, and the 


nth 
strength n(db/dx)b. 


leaves interface dislocations of 


It is assumed that the gradient 


dislocation 


begins at « = 0 and extends to —r,. The stress on a 


following dislocation at x is 


GI l 


x + 2b 


|G/2r(1 v)| (db/dx) log (r,,/2), (2.5) 


VO 
a4 
3 
= 
+ 
if r,,/2 i. 
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F Ic D 
| 
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| 
| 
x=w x=O 
Fic. 2. Lattice parameter as a function of position. 
ABCD initial values and final values below slip plane; 


AEFC final values above slip plane. 
If the changes in lattice parameter are due to a 


solute concentration change, 


= [(G/2n(1 v)| log /2)(db/de)(de/dx). 


When » dislocations have passed, 


v)| log 
(2.6) 


T n[G/2r(1 


so that the maximum value of 7 will be approximately 


tT = — v)| log (r, /b)(db/de)(de/dx), 


(2.7) 


as long as n < r,/b so that the effects of the end of 


the gradient are small relative to the overall gradient 


itself. Fig. 2 illustrates the variation of the lattice 
parameter. ABCD represents the variation before 


any slip has occurred. After a slip of n-distances 


ABCD still represents the spacing in the lower half of 


the crystal, while AEF FD gives the spacing in the 


upper half. If BE is small (x w/b), this results 


approximately in interface dislocations of slip vector 
n(db/dx)b from x 


z= uw. 


3. RELATION TO MECHANICAL PROPERTIES 
OF SOLID SOLUTIONS 


Values derived for the possible contribution to the 
flow stress of elastic moduli and lattice parameter 


changes are indicated in equations (1.3) and (2.7). If 


the stress due to the change in modulus is 7,, and that 
due to change in lattice parameter 7,, then 


d log G/de 
T 
2nd log b/de 
The ratio (d(log G)/de)/d(log b)/dce) has been computed 
for a number of alloys using existing data.“.» The 
results are summarized in Table 1. It can be seen that 


values between —S8 and —50 and +3 and +22 are 


obtained, so that the two contributions may either 
18 as typical, (7,,/7, 


add or subtract. Choosing 
(9/n) so that the two effects may be comparable after 
about nine dislocations have passed. Comparing one 
of these effects with the Cottrell effect due to the 
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TABLE 1. Ratio (d log G/de)/(d log b/de) for 


various alloys 


S 
Metal hg (d log @/de)/d log b/de)* 
oO 
Cu Zn (4.59) 14 
(28) 8.2 
Al (4.81) 12 
(9.98) 8.0 
Ga (1.58) 20 
(4.15) 13 
Si (4.17) 43 
(5.16 


Ag Mg (3.07) 20 
(7.33) 16 

Zn (2.4) 22 

(3.53) 11 

Cd (1.34) 9.8 

(1.92) 6.8 

In (8.36) 9.7 

Sn (3.17) lI 

Pd (6.22) 1] 


* For the quantity 1/[C44(C,, — Cy.)/2| has been used. 


fields of individual atoms as_ considered 


previously,” it is found that if the Cottrell effect 


stress 


contributes a stress 7,, then 
d log b/de log (r,,/b) 


vye(r,,/b) 


where € represents the misfit of the impurity atom. 


Selecting as reasonable values d log bide = e'*® and 


rb 104, (7,/7,) < 10-4, so that the effects of 
lattice parameter change and elastic modulus change 
are negligible relative to those of the atomic stress 


fields. 


4. RELATION TO PRECIPITATION HARDENING 

In contrast to the effects of gradual changes in 
modulus or lattice parameter, abrupt changes con- 
tribute large effects. Hence the approach developed 
here gives a means of understanding the hardening of 
a crystal containing a precipitate. Since the discussion 
has assumed that changes occur across a plane, the 
results should apply most directly to layer shaped 
precipitates, which are frequently obtained) and 
have been predicted theoretically.) The type of 
consideration involving interface dislocations, how- 
whenever two phases have nearly 


ever, applies 


b 
| (7.69) 50 
| 
(1.71) 20 
Al Cu (3) 29 
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that 
coherency between precipitate and matrix is not in 


matching lattices. It should also be noted 
general necessary. as long as the lattices have common 
slip plane orientations. 

Section 2.2 assumed a simplified work hardening 
model in terms of interface dislocations. It was 
assumed that the flow stress was determined by the 
ease of moving a normal dislocation on one atomic 
plane past a (sessile) interface dislocation on another 
plane (or alternatively, moving dislocations between 
pairs of interface dislocations spaced 2y apart). Two 
assumptions implicit in this description deserve 
discussion. The first is the statement that an interface 
dislocation is sessile, which may be shown by the 
following estimate of the stress needed to move such 
a dislocation: Assume an applied stress moves a unit 
length of interface dislocation of slip vector Ab 
through a unit distance. The energy supplied is 7 Ab 
and this energy is stored in a misfit surface which is a 
result of a shear Ab 4 on the slip plane, assumed to be 
spaced > from the next atomic plane. The energy 
stored in this layer of thickness > is 

G dyd G( Ab? 2h? )b 


« volume « 


so that 7 = G@ Ab 2h, which will usually be higher than 
observed flow stress. Relaxing the implicit assumption 
that the strain Ab) occurs according to Hooke’s law 
will not alter the conclusion that an interface dis- 
location will be sessile. 

The second assumption in equation (2.4) is a more 
critical one, since it is almost certainly wrong: For 
the model to be meaningful, dislocations must be 
available on nearly all atomic planes. At yield this is 
clearly unlikely, so that higher hardening is to be 
expected before large amounts of dislocation genera- 
tion have taken place along with cross slip or climb. 
Later during deformation high stresses may allow 
by-passing of precipitates in the manner envisioned by 
Orowan". so that the hardening rate diminishes. 

Therefore it is expected that equation (2.4) should 
apply best at intermediate strains and should be 
compared with some average hardening rate of a 
precipitation hardened alloy. 

Livingston and Becker“® have considered a copper 
alloy containing a precipitate of face-centered-cubic 
cobalt, which has the same orientation as the copper 
matrix. If one assumes that Ab for equation (2.4) is 
given by the difference in the room temperature 


atomic diameters for f.c.c. Co and Cu. then 
= 1/50, and from equation (2.4) dridy =7 
kg mm?. As the average rate of tensile strain 


hardening over the first 10 per cent of tensile strain, 
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Livingston and Becker give values from 200,000 to 
290,000 Ib/in? which, using method of 
resolving stress and strain, corresponds to a shear 
hardening rate from 14.5 to 21 kg/mm?. As suggested 
earlier, for early strains equation (2.4) should give a 
value that is too small. Since in the case quoted@® 
the precipitate is in the form of spheres rather than 
plates and because of the simplifying assumptions in 
equation (2.4), its use is intended only to indicate the 
magnitude of the effect rather than to provide a 
reliable check of the theory. 

An alternative view of hardening which should be 
examined is that of Orowan') and Fisher ef al.“®?, 
Orowan suggested that the flow stress would be that 
necessary to bend dislocations around impenetrable 
precipitates, encircling and by-passing them. Fisher 
et al. then considered the work hardening due to the 
loops which remain around the precipitates. The 
smallest possible value of the flow stress to allow 
by-passing is that shown by Orowan'®) to be Gb/7/, 
where / is the spacing of particles. If there is a volume 
diameter d, the 
spacing can be found approximately from ¢ = (47/3) 
(d/2)3\( dy’. On this basis. caleulated values of the 


concentration ¢ of spheres of 


flow stress are compared with vield stresses observed 
by Livingston. Two values of observed shear stresses 
are given in Table 2, one as an upper limit assuming a 
resolved shear stress factor of 0.5, the other, which is 
more realistic, assuming homogeneous deformation 
and slip on five slip systems (resolved shear factor 
0.32). 

Table 2 indicates that observed yield stresses are 
considerably less than those required to by-pass 
precipitates and hence that by-passing could occur, 
as suggested in an earlier paragraph, only in advanced 


stages of deformation after considerable work 
hardening. In the calculation a value of d 140 A 


was used, corresponding to maximum observed 
hardness: i.e. the comparison was made as favorably 
The fact that the effective size of the 
than the 


particle itself—due to coherency stresses"*) and image 


as possible. 


precipitate particle is probably larger 


TasBLe 2. Evaluation of impenetrable particle hypothesis 
Shear stress 
(kg/mm?) 


Concentration 


sorved® 
(vol. %) Observed 


(maximum 
resolved 


Observed * 
(homogeneous 
deformation) 


Calculated 


shear stress) 


0.2 9 2 3 
1.0 16 5 7 
2.0 22 7 11 


* From data by Livingston and Becker'!®). 
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stresses from elastic modulus changes—has been 
ignored, so that the true value of the stress for 
by-passing is likely to be well above the values 
calculated here. 


A second and even more decisive reason for ruling 


out by-passing was the observation™® that the 
precipitate did deform homogeneously with the 


matrix up to a strain of 35 per cent. This behavior is 
consistent with the view proposed here, which also 
predicts fine slip such as must have occurred in 
Becker's 
observed for other precipitation hardened alloys.“ 

It should also be remarked that the effects which 


Livingston and work and has been 


have been discussed here are supplementary to the 
one considered by Mott and Nabarro™®, who cal- 
culated the effect on the yield stress of the elastic 
strain around a coherent precipitate. The effects are 
also supplementary to what is essentially a disordering 
energy effect on the yield stress,“ 
considered by Kelly and Fine. The contribution due 
to the precipitate possessing elastic properties that 


which was 


are different from the matrix will be present regardless 
of the coherency of the second phase, and as has 
already been noted, interface dislocations may also be 


important regardless of coherency. 


5. CREATION AND ANNIHILATION OF 

DISLOCATIONS AT FREE SURFACES 
The view has often been expressed that the lattice 
spacing of a crystal near a free surface differs from its 
value well inside the sample.“®—!® There appears to 
be little agreement, however, on the depth of the 
altered zone, since there are estimates indicating from 
one“® to “several hundred" atomic spacings. The 
sign of the change has been thought to correspond to 


an expansion in ionic crystals" and a contraction’.!®) 


in metals. Observations of small crystals by means of 


electron diffraction” show that the lattice parameter 
of the ionic and metallic crystals which were examined 
decreases as crystal size is reduced. Though not 
conclusive, this result suggests that surface layers are 
spaced differently than interior ones. Regardless of 
whether the change in spacing is inherent or produced 
by the accidental or intentional presence of impurity 
atoms in the surface layers, this change may lead to 
surface obstacles to slip. 

Figure 3(a) shows schematically a crystal having a 
variation of lattice constant over the first four layers 
from the surface. If an edge dislocation were to pass 
out of such a crystal (from left to right), as indicated 
in Fig. 3(b), not only is a surface step created but also 
a region of atomic misfit extending into the crystal at 
least five atomic distances. This misfit region would 
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(a) (b) 
“TT } 
4 / 
+ + + + + + + + + 
(c) (d) 


Fic. 3. Slip across changing lattice spacing near a 


free surface, 


be expected to readjust by a slip displacement Ab 
into the distortion indicated in Fig. 3(c). 
energy must be supplied to create the step'?") and the 


Because 


distorted region, the motion of the dislocation will be 
opposed. Because the surface step energy alone is 
nearly sufficient to prevent edge dislocations from 
escaping a crystal,'*") this additional energy should be 
significant. 

The same effect may arise if one considers a crystal 
already containing a step, as is shown in Fig. 3(c) 
Since crystals are not likely to be atomically flat, such 
steps are likely to exist without prior motion of 
dislocations. With each step is a region of atomic 
misfit which, it can be seen, is an interface dislocation 
at a free surface. Fig. 3(d) shows that the distortion 
becomes greater as the step height increases toward 
the thickness of the layer of non-uniform lattice 
parameter. 

An estimate of the built-in stresses at the step can 
be made by the following procedure: Imagine adding 
to the crystal in Fig. 3(c) or (d) a crystal obtained by 
rotating the original crystal 180° about an axis along 
the step. The two parts can now be seen to match 
Hence the stress from the interface dislocation at a 
free surface may be approximated by two interface 
dislocations of opposite sign in an infinite crystal. If 
the shelf width is w and the distance x along the slip 
plane is measured from the midpoint of the shelf, 
then the shear stress 7 on the slip plane is given by 


Ab/27(1 v)| | 
w/2 
v) for x 


G Abw 


This result is only an approximate one. Were the 
spacing of surface layers known as a function of 2, the 


distribution of displacement along the slip plane 
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could be described more accurately by a distribution 
of dislocations. They would extend from « = w/2 to 
wherever the lattice parameter resumes its usual 
value, and the sum of their slip vectors would be Ab. 


6. CONCLUSIONS 


Hardening effects due to change in elastic modulus 
and lattice parameter have been considered. It has 
been shown that these effects should be important for 
two phase systems but not for solid solutions. 

Dislocations crossing into a region of different 
lattice constant along the slip direction must create 
sessile dislocations at the interface. A work hardening 
calculation due to these interface dislocations was 
consistent with rates observed in a relevant precipita- 
tion hardening alloy. 

It was also noted that interface dislocations may 
exist at free surfaces and hence give rise to surface 
hardening. 
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THE THERMAL DIFFUSION OF CARBON IN «a AND y IRON+ 
P, SHEWMON: 


The heats of transport, Q*, for carbon in « and y iron have been accurately measured for the first 


time. A radioactive tracer technique was used and the following values obtained. ().*(x) 24 


1.5 keal at 700°C, Q,*(y) ranged from 


2 keal to zero in going from 0.02 per cent C to 0.92 per cent C at 


approximately 940°C, A kinetic treatment due to Wirtz explains the data for Q,*(x) if it is assumed that 
all of the activation energy for carbon diffusion goes into preparing the lattice around the site the atom 


jumps into. 


From this satisfactory explanation of Q* it would appear that studying the effect of a 


temperature gradient on other simple diffusion systems would give information on the spacial distribution 


LA DIFFUSION THERMIQUE DU 


of the activation energy which is required before an atom can change position, 


CARBONE 


DANS LE FER « ET 


L’auteur a mesuré pour la premiére fois, avec précision, les chaleurs de transport (Q*) du carbone dans 


le fer « et le fer y. 


obtenues. 24 


Il a utilisé une technique de traceurs radioactifs. 
1,5 keal a 700°C, Q.*(y) varie de 


Les valeurs suivantes ont été 


2 keal a ZeETO lorsque lon passe de 


0,02% a 0,929 Ca 940°C environ. Une détermination de la cinétique due a Wirtz explique les résultats 


pour @.*(%) si l'on fait Vhypothése que toute l’énergie d’activation pour la diffusion du carbone est 


utilisée a préparer le réseau autour du site au saut d’un atome dans ce dernier. 
A partir de cette interprétation satisfaisante de Q*, il apparait que l'étude de leffet d’un gradient de 


température sur d'autres systémes a diffusion simple devrait donner des informations sur la distribution 


DIE THERMISCHE DIFFUSION VON 


spatiale de l’énergie d’activation requise avant qu'une atome puisse changer de position. 


KOHLENSTOFF IN «- UND y-EISEN 


Die Transportwarmen Q* von Kohlenstoff in %- und y-Eisen wurden zum erstenmal genau gemessen. 


Unter Beniitzung einer radioaktiven Spurenmethode wurden folgende Werte erhalten: 
24 1,5 keal bei 700°C, Q,*(y) erstreckte sich von 
Eine kinetische Behandlung nach Wirtz kann die Daten fiir Q,*(«) 


von 0,02% bis 0.92%, bei 940°C. 


Q,.*(x%) 
2 keal bis Null bei Kohlenstoffkonzentrationen 


erklaren unter der Annahme, daB die ganze Aktivierungsenergie fiir die Kohlenstoffdiffusion beniitzt 


wird, um das Gitter vorzubereiten in der Umgebung des Platzes. in welchen das Atom springt. Nach 


dieser befriedigenden Erklarung von Q* erscheint es lohnend, den EinfluB eines Temperaturgradienten 


auf andere einfache Diffusionssysteme zu untersuchen. 
liche Verteilung der Aktivierungsenergie gewinnen, die fiir den Platzwechsel eines Atoms erforderlich ist. 


Man wiirde daraus Kenntnisse iiber die raium- 


When a solid, single phase alloy is placed in a 
the 
component decreases at the cold end and increases at 


temperature gradient, concentration of one 
the hot end. This phenomena is called the Ludwig 
Soret effect or thermal diffusion. It has been studied 
extensively in gases, moderately in liquids and little 
The the 
phenomena in gases is satisfactory. However in 
condensed phases the attempts at theoretical inter- 
pretation have been rudimentary and their agreement 


in solids. theoretical understanding of 


with experimental observation usually leaves much 
to be desired. 

The author’s interest in this problem stems from 
two sources. With the advent of nuclear reactor 
technology, metal alloys are being subjected to much 
higher temperatures and temperature gradients than 
before. This can result in thermal diffusion effects 
playing an important role in phase redistribution in 
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the high temperature components.® There is barely 
a rudimentary knowledge of the driving force for this 
deceptively simple phenomena. And the problem of 
establishing a quantitative theory for thermal 
diffusion in solids is made impossible because of the 
qualitative nature of the data available and the small 
quantity of data which exists. 

The purpose of the present work was to obtain 
accurate data for the heat of transport of carbon, 
@.*, in % and y iron over a range of carbon contents. 
The resulting data allows a quantitative comparison 
with the predictions of some of the simpler theories 


for Q*. 


EXPERIMENTAL PROCEDURE 
In a dilute interstitial solid solution where the 


mobility of the solute atoms is much higher than that 
of the solvent atoms, one can safely assume that only 
the movement of the solute atoms is important in the 
redistribution of material. The flux for the interstitial 


+ Q* is proportional to the force that the temperature 
gradient exerts on the solute atoms, see equation (1) below, 
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in the direction parallel to the temperature 
(4) 


solute, J 


gradient, dT dx. can then be written 


DN, Q,* dT (1) 


RT Ov rt, T dx 


where D, is the diffusion coefficient, V, the concentra- 
tion of the solute, ju, is its chemical potential, 7 the 
absolute and FR the 
Equation (1) can be looked upon as a mobility (DRT), 
The first term in 


temperature, gas constant. 
times .V, times a force, in brackets. 
brackets is closely related to the usual Fick’s First 
Law. The second term inserts the empirical fact that 
a temperature difference in a homogeneous system 
gives rise to a flux. It is simply assumed that this 
flux is linear in (dT dx). 
proportionality, Q,* arises from irreversible thermo- 
dynamics which allows a physical definition of the 
term. (,* can be either positive or negative, thus the 
sign and magnitude of the temperature gradient 
contribution to the force will be determined by Q,*. 
It is the the 
contrary, that Y,* varies only slowly with temperature 


assumed in absence of evidence to 
and composition. 

To measure Q,* one can use either a dynamic 
is measured, or a steady state 


2 


technique in which J 
technique in which the anneal is continued until J; 


has gone to zero, in which case equation (1) simplifies 
to 


Q* dT 
dx 


RT 
~ (2) 


Ou, 


The second procedure is inherently more accurate 
since data on D, and the absolute value of .V, are not 
required. This latter procedure was used in the 
present work. 

The alloys used were made by vacuum melting 
electrolytic iron and carbon. The elements other than 
carbon in the final alloy totaled less than 0.07 per 
cent.) The alloys as cast were 0.10, 0.40 and 0.60 per 
cent C. The 0.10 per cent C alloy was decarburized 
in wet H, at 800°C before charging with C™ and the 
0.6 per cent C alloy carburized to 0.9 per cent by 
enclosing it in vycor with graphite, BaCO, and H, 
followed by an anneal at 900°C, 

The samples used were 0.40 in. in diameter and 
0.080 in. thick. They were charged with C™ in the 
form of CH, in an evacuated vycor tube containing 
the steel samples. The tube was then closed off and 
annealed. The major pitfalls to be avoided here 
stemmed from the H,O in the vycor, and the oxide on 
the steel. If these sources of oxygen were not reduced 
to a low level, little carbon would go into solution in 
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the steel since the amount of oxygen in these two 
places would have been sufficient to combine with the 
majority of the C™ during the anneal and keep it in 
the gaseous phase as CO and CO,.'® To overcome this 
the following procedure was carried out. The entire 
system shown in Fig. | was torched under vacuum, 
the cold trap was filled with liquid nitrogen and 
system torched again. Next valve no. 1 was closed, a 
partial pressure of H, was admitted into the system 
and the specimen heated to reduce the oxide formed 
on the steel surface during the torching. The system 
was then evacuated again, valves no. 1 and no. 2 
closed and the CH, admitted into the system by 
breaking the glass tit. Liquid nitrogen was then 
placed around the specimens to condense all of the 
CH, in this region and the tube closed off from the 
system. This tube was then annealed for several days 
at 900°C to charge the samples with C™. 

All counting was done using a flowing methane 
counter with a 0.7 mg/cm gold plated mylar window. 
With this arrangement the charged samples counted 
15-20,000 ets min. 

The temperature gradient was maintained across 
the sample in the apparatus shown in Fig. 2. Each 
thermocouple wire was actually welded to the sample 
face by discharging a condenser between the wire and 
the The the 
temperature of the specimen face at the point. Linde 
B (Al,O,) powder was dusted on the top and bottom 


face. thermocouple indicates true 


of the specimen to inhibit the welding of the sample 
to the copper face plates. The gradient in the specimen 
could be varied by the type of insulating material put 
between the copper sink and a water cooled support. 

To eliminate decarburization during annealing the 
setup shown in Fig. 2 was placed in a vycor tube with 


Ho 


Specimens 


Schematic drawing of apparatus used to combine 
C™ and iron specimens. 
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Power Leads 


Plot 


Asbestos 
Porcelain Tube ~Nichrome 
Alundum Cement 
| lb. Vycor Tube 
Specimen 
// / 
Copper 
Sink — Tungsten Spring 
Fic. 2. Schematic section of thermal diffusion 


apparatus, 


ball joints on the ends. The ends were then closed 
with water cooled copper mating joints, and the power 


and thermocouple leads brought out through Stupacoff 


glass to metal seals soldered into the copper. Through 
this vacuum tight system was passed Argon purified 
by passing it over titanium chips at 700°C and then 
through glass up to the system. 
titanium was coiled around a power lead on top of the 
furnace. With this system anneals could be performed 
up to 950°C without a decrease in the carbon activity. 

The difference between the initial and final carbon 
distribution t/0) 
h?/z?D“™ and h is the specimen thickness along the 


decreases as exp ( where 


gradient. All samples were annealed for at least 44 
and then rapidly cooled by turning off the power. 
After cooling one needs to determine the ratio of the 
to that at 


Even with rapid cooling from the 


carbon concentration at the hot face, V, 
the cold face, N,. 
austenite field the colder face would become richer in 
the proeutectoid phase than the region just below the 
surface. Thus this transition region had to be removed 
to obtain a value of N, which reflects the actual 
concentration which existed at the face when it was 
austenitic. After the initial counting of the cooled 
sample, uniform layers 0.001 in. thick were ground 
from the top and bottom using polishing paper and 
a jig similar to that of Birchenall and Eisen‘) which 
allowed the removal of thin, uniform sections. The 
sample was recounted and if the value of Q* calculated 
with this new ratio did not agree with that of the 
first counting, the above grinding and counting was 
In only one case was the concentration 


repeated. 
Usually 


gradient through the sample determined. 
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A further piece of 
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value of obtained, the 
grinding was stopped so that the sample could bi 


after a constant was 
used again. 

The samples were counted until the probable erro1 
in the ratio LO5 
austenitic alloys where N,/N, counting 
errors were the main source of error in Q*. For the 
ferritic alloys N/V, ~1.2 and the uncertainty in A7’ 
the AT 


stemmed from of the thermocouples and 


cent. Thus in 


was per 


was 


was main source of error. This error in 
“aging” 
uneven contact between the faces and the specimen. 
When a run was started the temperature difference 
indicated by the thermocouple corresponded closely 
to the actual A7’. However, in the higher temperature 
runs the thermocouple emf decreased with time even 
though a constant power input was maintained and 
the cooling geometry was constant. Since specimens 
sometimes welded one would expect the actual A7’ to 
increase but not to decrease. In cases where this was 
a problem the initial, stable AJ’ was assumed to 
apply for the entire run. The error in AT’ of —1°C 
arose primarily from the uncertainty in this initial A7’ 
value. Uneven contact between the specimen and the 
face plates arose partially from inability to keep the 
face plates absolutely parallel and also from the fact 
that the specimen often tended to weld locally to the 
face plates, especially at the higher temperatures. 
Thus there may always have been regions in the 
samples which had larger and smaller values of AT’ 
than that indicated. 
RESULTS 
Ferritic alloys 
The 


carbon 


(.* in ferrite was measured in two samples. 
Table 1. The 
activity of specimen no. 10 was determined throughout 
0.001 in. 
temperature side of the specimen and then a series of 


results are summarized in 


the thickness. was removed from the low 
sections was removed from the high temperature side 
using the jig mentioned above. Since the specimen 
support in the counter was a fixed distance from the 
tube, the distance between the specimen surface and 
the counter increased as material was removed. To 
both the 


avoid complicated corrections, sides of 


specimen were counted after each polishing of the one 


TABLE 1. Summary of results 
T(°C) AT(-C) N,/N keal/mol 
10, 
10 0.02 689 44 graphed 22.8 1.5 
11 0.02 TOO 13 1.20 26.5 2.5 
12 0.02 937 19 1.01 2.2 1.5 
5 0.33 920 21 1.01] 2.0 1.5 
7 0.84 951 26 1.00 0 1.0 
0.92 965 15 1.00 0 1.0 
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670°C 


1.02 1.04 1.06 
1O°/ T (°K) 
Fic. 3. Plot of carbon content (logarithmic scale) vs. 
1/7 for sectioned alpha iron specimen. (Specimen 


no. 10.) 


side. Thus the low temperature side was used as a 
standard to correct for variable specimen to tube 
distance and the ratio of InLV,/.V,) vs. 1/7’ was used 
to determine Y.*. Fig. 3 shows the data. The value 
of Q* 22.8 The 
certainty arises from the uncertainty in the temper- 


obtained is 1.5 keal/mol. un- 
ature. Since a straight line fits the data satisfactorily 
the assumption of a Q* which varies only slowly with 
T and JN is justified. 

Figure 3 shows that the final carbon content on the 
high temperature side was a factor of 5 higher than 
the extrapolation of the low temperature line. With 
the removal of 0.003 in. the ratio had dropped to 1.57. 
Integration under this curve shows that the initial, 
uniform, carbon content corresponded to about 1.45 
NX... Thus initially the carbon was all in solution in 
ferrite. However as thermal diffusion swept the carbon 
to the hot end, carbides formed and carbon was drained 
from the low temperature portion and precipitated at 
the hot end. This effect is discussed in detail in Ref. 
(2). where it is shown that the carbon content corre- 
sponding to 1.57 NV, is the solubility of Fe,C in ferrite 
at 710°C or about 0.019 wt.% C. 

Specimen no. 11 was annealed at approximately 
the same temperature as no. 10 and metal was removed 
only until a constant Y* was obtained. In this case Q* 
was obtained from the integration of Equation (2), 


namely, 


Q* In 
RT? 


AT 
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The The 
larger probable error comes from an uncertainty of 
+1°C in the AT of 13°C. Because of the uncertainties 
in each, the two values of Q.*(x) are essentially in 
agreement. The best value of Q.*(x) will be taken as 
24 keal/mol since the lower number is more reliable. 


value obtained was 26.5 + 2.5 kcal/mol. 


Austenite alloys 

As can be seen in Table 1, Q.*(y) was measured in a 
series of austenitic alloys ranging from 0.02 to 
0.92°,C. The values are still negative but they are 
much smaller. The probable errors in these cases 
arise from counting: the uncertainty coming from a 
lack of exact reproducibility after successive cuts 
rather than statistical counting errors. Due to the 
large effect of the counting errors, no correction was 
made for the nonideality of the solutions at high 
It should be noted that @,*(y) 


varies little with carbon contents. 


carbon contents. 


DISCUSSION 


There have been a few earlier attempts to measure 


in x and iron. Darken and Oriani? have 
determined the thermal diffusion of carbon and 


nitrogen in x iron. From their work there is no doubt 
that Q.*(x) is negative and appreciably different from 
zero. However, due to decarburization during the 
anneal and failure to reach a steady state, it was 
impossible to get an accurate value. For nitrogen in 
x iron these authors reported a Soret coefficient, S,, 
of 0.021°C? at 720°C. By definition S,RT? = Q*, 
so this correspondence to Q* ~ 40 keal. This value 
was obtained from the slope of an extrapolated curve 
“at the highest temperature”. If the value of Q* is 
calculated from the two highest temperature points 
on their graph, and one assumes that the steady-state 
gradient was attained in the hot end, a value of 
24 kcal is obtained.t The latter value is the 
lower limit set by their data and seems the more reason- 
able, to the author. 
The previous data 
qualitative than those for Q,.*(z). 
shown that Q.*(y) < 0 and from unpublished work 
by Luchok and Paxton”? one can estimate that 
(.*(y) is roughly —1 keal/mol in a 1030 SAE steel. 
The most straightforward physical interpretation 
for Q* for interstitials comes from a kinetic treatment 


for Q.*(y) are even more 
Lebedev“! has 


*+ Since D varies markedly with temperature, a quasi- 
steady state value of the concentration gradient will be 
established at the hot end long before it is at the cold end. 
Using D = 3 x 10-7 em?/sec™® and taking 6 = 96hr, the 
time of their run, the equation h? mDO6 gives h? 1 em. 
It would thus seem that the high temperature end of the 
sample had nearly attained the steady-state gradient though 
not the steady-state concentration. 
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of diffusion in a temperature gradient. The basic 
assumption to be made is how the jump frequency of 
the diffusing atom, f, varies with the temperature and 
the 
formulation f, at a given point, can vary with the 


the temperature gradient. In most general 
direction of the jump relative to the temperature 
gradient; thus it should be represented as a vector. 
The simplest treatment assumes that f from a given 
isothermal plane is a scalar and a function only of the 
temperature of the initial plane. At the steady-state 
the net flux is zero. The flux out of any plane is 
proportional to the concentration on the plane, c, 
times f, so that for the steady-state fc is the same for 


all planes. Since f increases exponentially with 


temperature, ¢ decreases in like manner. If the 
formalism is followed out one obtains 
Q* = AH (3) 


where AH is the heat of activation for diffusion.“* 
Equation (3) indicates that Q* for any interstitial is 
positive and fairly large (e.g. 20 keal). All of the data 
mentioned above for x and y iron are decisively at 
variance with this prediction. From this it must be 
concluded that the initial assumption of this analysis 
is incorrect and that the jump frequency depends at 
least on the temperature of the initial and the final 
planes. 

sufficiently detailed, yet 
calculating f has been given by Wirtz“. He assumes 


simple model for 
that before an atom can make a successful jump, 
rearrangements must occur simultaneously around 
its original site, its intermediate site, and its final site. 


The activation energy thus consists of three parts 


AH=E£E,+E£ (4) 


where E 


which must be absorbed at, or on the planes of, the 


, and £, are the quantities of energy 
original, intermediate and final sites. The probability 
of an atom making a successful jump from an initial 
site at temperature 7’ to a final site at temperature 
T + AT is then taken to be proportional to the 
product of the probabilities of the occurrence of each 


fluctuation independently. 
3A7)| 
AT)| (5) 


exp (—F, RT) exp|—E£,/ R(T 


exp|—E,/ R(T 

the probability of the reverse jump is proportional to 
exp |—£E,/R(T + 

E,/ R(T + SAT)| exp ( 


exp | -E,/ RT). 


At the steady state the concentration will be adjusted 
so that the fluxes up and down the temperature 
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gradient are equal. For this case the concentrations 
will be in the ratio 

E,/ RT) exp [—E,/ R(T 
E,/RT) exp (—E,/ R(T 


exp ( 


AT) 


exp ( 


If b is the jump distance and it is remembered that 


AT<T 
ION OT ap 
NOT dx 


(E, — Ey) 
RT? dx 


or 


1 aN 

RT? — Kk, — E,. (6) 

Nol 
Physically this equation states that if more of the 
activation energy must be adsorbed around the site 
receiving the atom, than around the site it leaves, 
the sites which absorb enough energy to receive the 
atom will appear more frequently on the hot side of the 
jumping atoms than on the cold side. 

It follows from the normalization of the probabilities 
for the energy fluctuations that each of the £ in 
equation (4) must be positive. As a result of this, and 
equations (4) and (6), it follows that for this model 


< AH. (7) 


Since each of the EF 
model leading to equation (3) is seen to correspond to 
the case where all of AH is absorbed at the initial site, 
while if Q@* << 0 one must say that much of A// is 
absorbed at the final site to prepare it for the incoming 


is positive, the unsatisfactory 


atom. 

In the case of carbon in ferrite Y* << 0 and we 
might examine in more detail the plausibility of the 
assertion that £, > #,. From the existence of the 
Snoeck eftect one can conclude that carbon in ferrite 
0, O) and that it 
The 


iron atoms and 


lies at the center of the cube edge (4, 
creates a tetragonal distortion in the lattice 
relative sizes of the carbon atom, 
interstice can be inferred from X-ray work on the 
tetragonality of martensite’® or from Pauling 
radii.“® 
atom is so large relative to the initial interstice that 
in addition the 
tetragonally it almost “touches” the other four atoms 


In either case it can be seen that the carbon 


to severely distorting interstice 


around it. The relative sizes and positions of the 
atoms are shown in Fig. 4. In jumping from a (4, 4, 0) 
position to the adjacent (4, 0, 0) site the carbon atom 
does not go through any constriction midway between 
the final and initial sites as is the case for substitutional 
atoms in a close packed lattice. Rather it crowds in 
between the two new iron atom neighbors until they 


are distorted to their new positions. The magnitude 
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of this distortion and the path of the carbon atom 
can be seen in Fig. 4 if one imagines the carbon atom 
moved out toward the viewer and between the front 


most atoms shown. It is thus quite reasonable to 


conclude that the activation process is the creation of 


sufficient tetragonal distortion about the new site for 
the carbon atom to make its jump. Using this model 
and elastic continuum theory Ferro“ has calculated 
AH for a wide range of interstitial atoms in various 
b.c.c. metals and finds satisfactory agreement with 
the experimental values of AH. 

A reasonable model of the activation process thus 
shows that the activation energy goes to prepare the 
new site for the incoming Using 
equation (4) this corresponds to E, ~ 0, LE, ~ AH or 
AH. The most reliable value of AH for this 


temperature range is 24 If this 


carbon atom. 


~ 


value is 


inserted in the above equation the predicted value of 


Q* is exactly equal to the measured value. Modesty 
and honesty demands the introduction of the word 
“fortuitous” at this point. However the agreement 
certainly lends support to both the assumptions 
leading to equation (6) and the model given for the 
activation process for carbon diffusion in ferrite. 

As Ferro pointed out, the model given above for the 
activation process should apply to all interstitials in a 
b.c.c. lattice. 
equal in magnitude to AH, would be expected for 
N, O, C and B in all b.c.c. metals. The only case in 
which this expectation can be checked experimentally 
is for N in AH from 
temperature internal friction data is 18.2 keal. and Q* 
appears to be approximately —24 keal as discussed 
above. Since the relation \Q*| < AH is a necessary 
consequence of Wirtz’ model it would be interesting 
to know Q* more accurately and whether or not AH 


Thus a large negative value for (Q* 


x iron. In this case room 


Fic. 4. Perspective drawing showing relative sizes 
and positions of iron atoms (clear circles) and inter- 
stitial carbon atom (hatched circle) in alpha iron. 
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would be larger for nitrogen at 700°C than at room 
temperature as is the case for carbon. 

The barrier for carbon diffusing in y iron is quite 
different from that in x iron. In austenite the lattice 
is much more closely packed and there is a pronounced 
constriction midway between the final and _ initial 
sites which has to expand before the carbon atoms can 
pass from one site to another. Thus one would expect 
from Wirtz’ model that most of the AH would show 
up in the term £, and would not contribute to Q*. 
This is consistent with the experimental data. As to 
why there is any Q* or why it goes to zero as the per 
cent carbon increases, one could give several inter- 
pretations but this is too fine a detail for the present 
state of knowledge on the subject. 

An alternative interpretation of @* which has been 
used previously by the author® and others,‘ uses a 
result of macroscopic irreversible thermodynamics. 
This shows that Q* can be interpreted as the energy 
per unit flux which must be added to the region that 
atoms are leaving to keep it isothermal. In the case 
of (,*(~Fe) one says that the strain energy of the 
lattice around the site being vacated is given up when 
the atom leaves and is equal in magnitude to the 
energy that went into preparing the new site, i.e. AH. 
Thus Q* AH. 


factory to use the kinetic argument of Wirtz. The 


To the author it is more satis- 


main difference is that the kinetic model emphasizes 
how the energy must be distributed before a successful 
jump can occur and thus helps to elucidate the details 
of the activation process. In the case of Q* for zine 
in zine, the experimental work showed simply that 
Q* = H,(H, 
The thermodynamic rationalization of Q* implied that 
energy equal to H, was added at some time around the 
site the left. The 
demanding and says that a requisite for activation is 
the adsorption of H, at the site the atom is leaving. 
(),* also appear to be valid 


molar heat of formation of vacancies). 


atom kinetic model is more 


The conclusion that H, 
for copper and iron. It was shown above that 
Wirtz’ model requires that |o*| < H, where H, is the 
heat of activation for a jump. Thus one has the 
interesting conclusion that H, < H, at least for these 
metals. Values of H; and H, are not available for 
these metals, but quenching experiments have shown 
that H, > H, for Au, Al and Pt.'??) Thus either the 
data on Q* or the applicability of Wirtz’ model is in 
doubt here. 

There is one other well documented case of Q* > 0 
for interstitials and that is hydrogen in zirconium. In 
this case AH = 7 kcal’) while Q* ~ 5 keal.(?" 
This could be said to indicate that a local bonding 
exists between the hydrogen atoms (or proton) and 
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the zirconium around the initial site, and that part of 
the activation process must include the overcoming 
of this localized interaction energy. 

From the above discussion it would appear that 
Wirtz’ kinetic model of Q* can add another dimension 
to the study of the activation process in solids. The 
emphasis it places on the preparation of the lattice 
around the diffusion path is one that has been 
suggested before but is not generally emphasized. 
Special attention should be drawn to the conclusion 
\Q*| < AH. This is an essential corollary of Wirtz’ 
theory and though it may have been pointed out in 
the 15 years since the theory was put forward, it is 
not generally appreciated. Since AH been 


measured for a wide number of interstitials. and H, 


measured for self-diffusion in many cases, it would 
seem that this provides a_ straightforward and 
conclusive check on the range of applicability of the 
theory. 
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CRITERIA FOR YIELDING OF DISPERSION-STRENGTHENED ALLOYS* 


G. S. ANSELL and F. V. LENELt 


A dislocation model is presented in order to account for the yield behavior of alloys with a finely 
dispersed second-phase, The criteria for yielding used in the model, is that appreciable yielding occurs 
in these alloys when the shear stress due to piled-up groups of dislocations is sufficient to fracture or 
plastically deform the dispersed second-phase particles, relieving the back stress on the dislocation 
sources, 

Equations derived on the basis of this model, predict that the yield stress of the alloys varies as the 
reciprocal square root of the mean free path between dispersed particles. Experimental data is presented 
for several SAP-Type alloys, precipitation-hardened alloys and steels which are in good agreement with 
the vield strength variation as a function of dispersion spacing predicted by this theoretical treatment. 


CRITERE DE RUPTURE POUR UN ALLIAGE DISPERSION 


Un modéle de dislocation a été présenté pour expliquer le comportement de la ruptur > des alliages a 


DURCI PAR 
phase secondaire finement dispersée, Le critére de rupture employé dans ce modéle est qu'une déforma- 
tion appréciable se produit dans ces alliages quand la tension de cisaillement due 4 des empilements de 
dislocations, est suffisante pour causer une rupture ou une déformation plastique des particules de la 
phase secondaire dispersée relachant la tension arriére sur les sources de la dislocation. 

Des équations dérivées sur la base de ce modéle prédisent que la limite élastique des alliages varie 
en raison inverse du carré des libres parcours moyens entre les particules dispersées. Des valeurs 
expérimentales sont connues pour quelques alliages du type SAP, des alliages a précipitation structurale 
et des aciers, qui sont en bon accord avec la variation de la limite élastique en fonction de la distance 
entre particules dispersées prédites par ces considérations théoriques. 


FLIEBKRITERIEN FUR DISPERSIONSGEHARTETE LEGIERUNGEN 
Ein Versetzungsmodell, welches dem FlieBverhalten von Legierungen mit einer feindispersen zweiten 
Phase Rechnung tragt, wird ausgearbeitet. Das in diesem Modell beniitzte FlieBkriterium besagt, da 
in solchen Legierungen ausgiebiges FlieBen einsetzt, wenn die von aufgestauten Versetzungsgruppen 
herriihrende Schubspannung ausreicht, um die dispersen Teilchen der zweiten Phase zu durchbrechen 


oder plastisch zu verformen; die Riickspannung auf die Versetzungsquelle wird dann verringert. 

Die auf Grund dieses Modells abgeleiteten Gleichungen sagen voraus, daQ sich die FlieBspannung wie 
die reziproke Quadratwurzel aus der mittleren freien Weglange zwischen den dispersen Teilchen verhalt. 
Experimentelle Ergebnisse an verschiedenen SAP-Legierungen, ausscheidungsgeharteten Legierungen 
und Stahlen werden mitgeteilt, bei welchen die Variation der FlieBspannung als Funktion der Teil- 
chenabstande gut mit den Voraussagen der theoretischen Behandlung iibereinstimmt. 


INTRODUCTION where yw is a shear modulus, } is the Burgers vector 


Plastic deformation in crystals is due to movement 
of dislocations. Yielding takes place when many 
dislocations move large distances through the lattice. 
Dislocations are nucleated at sources in the lattice due 
to an applied stress. If the stress required to nucleate 
dislocations is greater than the stress necessary to 
move dislocations appreciable distances along a slip 
plane, the yield stress of the material will equal the 
stress necessary to propagate dislocations from a 
source. In alloys where a continuous three-dimensional 
dislocation network provides Frank—Read_ sources, 
this stress is equal to 

pb 
nucleating stress V = (1) 


L 
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and L is the linear distance between nodes in the 


network. For unresolved stresses and strains the 
right hand side of this equation should be multiplied 
by two. 

In a dispersion-strengthened alloy, however, the 
stress necessary to move dislocations appreciable 
distances along a slip plane may be higher than the 
stress necessary to nucleate dislocations from a source. 
In this case, the yield stress of the alloy is determined 
by the stress required to move dislocations freely in a 
lattice containing a 


crystal uniformly dispersed 


second-phase. This paper presents a model for 
calculating this stress. 
MODEL 


Dislocation loops are considered to be formed at 
some source under the action of an applied stress. The 
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nature of the source is not critical in considering the 
model. 


source, they are either blocked from further motion 


As the dislocation loops expand from the 


by the dispersed second-phase particles, or they 
continue to move by bowing about the dispersed 
particles leaving residual dislocation loops surrounding 
each particle. The stress required to bow dislocation 
loops about the dispersed particles is the yield stress in 
the Orowan criterion,”,?) which predicts the yield 
stress of dispersion strengthened materials to be 
inversely the 
spacing. Several investigators’*~» have tried to apply 


proportional to dispersed-particle 


this relationship to their experimental data. However, 
in our model, it is postulated that even when the 


dislocations move past the dispersed _ particles, 
leaving residual loops surrounding the particles, 


yielding does not result. This postulate can be 
supported by the following argument. The first 
dislocation nucleated at a source moves in the slip 
plane until it is blocked from further movement by its 
interaction with dislocations nucleated from other 
sources. In single phase materials this blockage of the 
lead dislocation is overcome by the increase of stress 
on the dislocation due to the pile-up of subsequently 
nucleated dislocations behind the lead dislocation. 
In a dispersion strengthened alloy, however, the lead 
dislocation (1) the stress 
field of the residual loops Fisher et al.‘ 
decreases the effective stress 


remains blocked because 
as in the 
work hardening model 
on the dislocation source. Therefore, fewer disloca- 
tions are nucleated at each source; (2) the stress field 
of the residual loops interacts with the piled-up 
dislocation group changing the pile-up spacing. Both 
of these factors the the lead 
dislocation making it easier to be blocked. Therefore, 


the plastic strain, ¢, of the dispersion strengthened 


decreases stress on 


alloy is 
e = MNrk?b (2) 
where VW is the dislocation source density, \V is the 
number of dislocations nucleated at each source, PR is 
the average radius of the dislocation loops and + is the 
Burgers vector of the dislocation. Assuming reason- 
10° sources/em?, V = 10 
1/2 (M-"%) and b=2 
This is 


able values for these: V/ 
dislocations/source, R = 
10-8 em?, the resultant strain is about 10~*. 
much less than the strain usually associated with 
yielding. Therefore, plastic deformation stops and 
yielding has not occurred when the back stress on the 
dislocation source, due to an array of either blocked 
dislocations or of residual loops around the particles, 
exceeds the applied stress. 

Under these conditions, in alloys with fine dis- 
persions, no apparent yielding has yet occurred. In 
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order to cause such yielding, the shear stress due to 
the dislocations piled-up around or against the 
particles must fracture or plastically deform the 
dispersed second-phase particles. This relieves the 
back stress on the dislocation source and also increases 
the stress on the lead dislocation. The dislocations 
then can sweep out areas on the slip plane which are 
large with respect to the dispersion spacing. 

The fineness of a second-phase dispersion necessary 
the 


critical requirement for yielding, depends upon the 


to make its fracture or plastic deformation 


density of dislocation sources in the alloy. Even at 
one half or more of the absolute melting temperature 
of the matrix metal, fracture or plastic deformation 
of the second-phase particles should be necessary for 
appreciable yielding unless recovery takes place. 
Recovery can occur either by climb of piled-up 
dislocations at a rate exceeding the applied strain 
rate, or by cross slip of piled-up dislocations out of the 
slip plane if the geometry of the dispersed second- 
phase particles permits. The possibility of recovery 
is not considered in the following calculation. 
THEORY 

On the basis of the preceding model, the vield 
strength of a dispersion strengthened alloy is now 
evaluated. In this evaluation the shear stress on the 
dispersed particles due to dislocations piled-up against 
or residual loops piled-up around the particles is 
calculated for straight dislocation segments piled-up 
against a This 
applicable to dispersion-strengthened alloys which 


straight barrier. calculation is 
contain dispersed particles of such a size and shape, 
e.g. flat plates and large spheres, that the piled-up 
dislocations have a large radius of curvature and can 
be considered straight. This is the case for many of 
these alloys, e.g. SAP-type alloys and most steels. 
When the radius of curvature is small this calculation 
of the shear stress on the particles no longer holds 
and the Fisher al.‘© treatment becomes applicable. 
These two approaches are then compatible, each 
being the limiting case of the other. In this treatment 
the shear 
particle due to a piled-up array of dislocations can be 


stress, 7, on a dispersed second-phase 
considered to be equal to 
T no, (3) 


where » is the number of dislocation loops piled-up 
against or around a dispersed particle and o is the 
applied stress. The number of dislocations, , acting 
on a particle depends on the space between the 
particles, by 
2)0 
n , (4) 


ub 
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where 4 is the spacing between dispersed particles 
shear the metal 
for cubic metals, C,; being 


and wis a modulus of matrix 


1 
VC 
usual elastic 


the 
(3) and (4). the shear stress, 7. 
to 


constants). Combining equations 


on the particle is equal 


7 

The dispersion strengthened alloy yields when the 

shear stress on the particle is equal to either the vield 
stress or fracture stress of the dispersed particle. 

The limiting stress, F, that will either plastically 

deform or fracture the dispersed particles is pro- 

portional to a shear modulus, u*, of the particle. 


Therefore 


(6) 
where C is a constant of proportionality dependent 
upon the degree of lattice perfection of the dispersed 
particles. One would not expect to find any dis- 
locations within particles whose volumes are less than 
107! 
materials will not deform plastically under simple 


Even larger particles of refractory 
shear stresses except at very high temperatures, e.g. 
1200°C for Al,O,. For these cases, the yield stress 
of the dispersed particles is approximately equal to 
the fracture stress, and it can theoretically be shown 
that the constant of proportionality, C’, in equation 
(6) is somewhere in the neighborhood of thirty." 
For larger particle sizes and for refractory particles 
at high temperatures, the vield stress is much less than 
the fracture stress. For these cases, the constant of 
proportionality, C’, in equation (6) is experimentally 
found to be equal to 104 for most metals.‘ 

Combining equations (5) and (6) gives the maximum 
stress that can be applied to the alloy before vielding 
occurs. 


The vield stress of the alloy is therefore equal to 


bu* 
yield stress (7) 


If the distribution of second-phase particles is such 
that the stress calculated from equation (7) is less than 
the stress necessary to cause a dislocation source to 
the 
applicable. In this case, the yield stress of the alloy 


nucleate dislocations, equation is no longer 


should be calculated from this dislocation nucleating 
stress, which is the vield stress of the matrix metal 
without a dispersed second-phase. If a continuous 


three-dimensional dislocation network provides 


Frank—Read dislocation sources, this stress is given 
by equation (1). 
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This model is based on yielding occurring when the 


area swept out per dislocation loop is large as 
compared to the dispersed particle spacing. The 
particles act to hinder dislocation motion. The 


derivation is similar to that given by Petch”®, where 
grain boundaries are the blocking structure. 
EXPERIMENTAL VERIFICATION AND 
DISCUSSION 

With the model outlined, it should be possible to 
predict the yield strength of an alloy containing a 
finely dispersed second-phase. In most of these 
alloys it is not possible to evaluate yield strength 
quantitatively from equation (7) for two reasons: 
(i) the value of the constant of proportionality, C, in 
equation (6) is very approximate since it depends 
upon what assumptions are made in its calculation; 
and (ii) the value of the shear modulus of the dispersed 
phase may not be known, or if it is known for the 
phase in bulk form, it may not apply to the fine 
particles in the dispersion because of differences in 
structure and composition. The model predicts, 
however, the variation of the vield strength with the 
degree of dispersion in these alloys, and under 
certain circumstances, the variation of yield strength 
with temperature. 

According to equation (7) the vield strength should 
vary linearly with the reciprocal of the square root of 
the dispersion spacing. The line should extrapolate 
to zero for dispersions with an infinite spacing. In 
order to verify this relation, data are necessary for 
these alloys on the spacing of the second-phase and 
their vield strengths. The yield strength predicted by 
the model is the stress required to produce apparent 
vielding in the alloy. In single crystals this stress can 
be identified with the critical resolved shear stress. 
In polyerystalline materials this stress corresponds 
most closely to the elastic limit, an experimentally 
difficult 


elastic limit, the stress required to produce 0.2 per 


property to determine. In place of the 
cent offset may be used. This stress is assumed to be 
a constant amount greater than the elastic limit for a 
given series of alloys, and therefore should also vary 
with the dispersion spacing as predicted by equation 
(7). 
infinite dispersion spacing is no longer zero, but is 


In this case, the intercept for alloys with an 
some positive stress. Roberts ef al.") determined the 


lower yield strength of several hypoeutectoid, 
eutectoid and hypereutectoid steels, some of them 
with a pearlitic, others with a spheroidized structure. 
In a few cases the elastic limit was also measured. 
For this same series of steels, the authors determined 
the mean ferrite path, which they defined as the mean 


distance between carbide particles or pearlite patches. 
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LOWER YIELD STRESS (10°Psi) 
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RECIPROCAL SQUARE ROOT OF DISPERSION SPACING 
(MICRONS™'’2 ) 


Fic. 1. The lower yield points of several hypoeutectoid, 

eutectoid and hypereutectoid steels are plotted versus 

the reciprocal square root of dispersion spacing. The 
line represents the least-squares fit of the data. 


They plotted the lower yield point, and where 
available the elastic limit, versus the logarithm of the 
mean free path. This relationship, which was first 
proposed by Gensamer ef al."*) for flow stress is 
empirical however. The explanation Gensamer and 
co-workers proposed was based upon an assumed 
relationship between the rate at which dislocations are 
generated and the applied stress. This explanation 
no longer seems adequate in the light of modern 
with the model 


dislocation theory. In accordance 


postulated in this paper, the lower yield points of 


Xoberts ef al. were re-plotted in Fig. 1 versus the 
reciprocal of the square root of the spacings. A least- 
squares line has been drawn assuming a_ linear 
relationship. The fit is as satisfactory as that shown 
in the original plot of Roberts et al. Unfortunately, 
too few values were available for establishing a valid 
correlation between elastic limit and spacing. 

Lenel et al.®) determined, by quantitative electron 
microscopy, the average spacing between the plate- 
like oxide particles for a series of flake aluminum 
powder extrusions. For these same extrusions, Lenel 
and co-workers™ determined the room temperature 
yield strength at 0.2 per cent offset and the ultimate 
tensile strength at 400°C. At 400°C, the ultimate 
tensile strength and the tensile yield strength are 
almost equal.“#) In Fig. 2, the strength values at 
the two temperatures are again plotted vs. the 
reciprocal of the average spacing, with the lines 
representing the least-squares fit of the data. This 
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@ YIELD STRESS, Al-Al,0, ALLOYS, 25°C (LENEL ET AL) 
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RECIPROCAL SQUARE ROOT OF DISPERSION SPACING 
(MICRONS™ 


Fic. 2. The room temperature yield strengths and the 
ultimate tensile strengths at 400°C for several Al 
Al,O, SAP-type alloys are plotted versus the reciprocal 
square root of the dispersion spacing. Each line re 
presents the least-squares fit of the data, 
plot does not exhibit any more scatter than the 
empirical Gensamer type of plot suggested by Lenel 
for his data. 
The 


overaged high-purity aluminum—copper alloys and 


critical resolved shear stress of a series of 
the spacing between the second-phase particles in 
these alloys was determined by Dew-Hughes and 
Robertson’. They interpreted the data as supporting 
Orowan’s vield theory. A 
analysis of the data plotted according to Orowan’s 


strength least-squares 


theory, however, shows neither predicted linear 
variation of critical resolved shear stress with the 
reciprocal of the dispersion spacing, nor a_ line 


intercept of zero for an infinite spacing. On the other 
hand, if their values for critical resolved shear stress 
are plotted vs. the reciprocal of the square root of the 
particle spacing as is shown in Fig. 3, a better fit is 
obtained. The line representing the least-squares fit 
of the data goes through the origin. This indicates 
that the proposed model, in which vielding takes place 
when the second-phase particles shear, would also 
apply to aluminum alloys containing a dispersion of 
the theta Robertson 
consider this 
examination of the micrograph of a fractured sample 
near its fracture surface that the particles do not 
shear during plastic deformation of the matrix. 
believe that the shear of the 


Dew-Hughes and 


but 


phase. 


possibility, conclude from an 


However, we do not 
particles can actually be detected by this type of 


examination. 
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RECIPROCAL SQUARE ROOT OF DISPERSION SPACING 
(MICRONS™ 2) 

Fic. 3. The critical resolved shear stress of several 
overaged Al-Cu alloys are plotted versus the reciprocal 
square root of the dispersion spacing. The line repre- 

sents the least-squares fit of the data, 
Inspection of equation (7) shows that of the terms 
which determine vield stress. only the shear moduli 
have an appreciable temperature dependence. There- 
fore, if the temperature dependence of these shear 
moduli is known, or a reasonable approximation can 
the strength with 


temperature should be predictable according to the 


be made, variation of vield 
equation 


* * \1/2 
Op = | Moses”) (3) 


in which o is the yield stress, « and u* the shear 
moduli of the matrix metal and dispersed phase, 
respectively; the subscripts 7 and 25, refer to the 
values of the properties at the test temperature and 
at 25°C. 

This predicted temperature dependence can only be 
checked by determining the temperature dependence 
of the elastic limit, not that of the offset vield strength. 
Although it is reasonable to assume that the off set 
vield strength for a given series of alloys at any given 
temperature is a constant amount greater than the 
elastic limit, this amount is a function of temperature. 
Therefore, the temperature dependence of the elastic 
limit cannot be deduced from that of the off set vield 


strength. Unfortunately, no data on the variation of 


the elastic limit with temperature for any dispersion 
strengthened alloy are currently available. 
CONCLUSIONS 
(1) The model presented appears to explain the 
vielding behavior of a series of dispersion-strengthened 
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alloys for which no other theory seems satisfactory. 

(2) The strengthening effect given by equation (7), 
due to the dispersed second-phase will be apparent 
only if it is greater than the yield stress of the matrix 
metal. This indicates that the fineness of dispersion 
required for strengthening is a function of the shear 
moduli of the matrix metal and of the dispersed 
second-phase and is thus dependent upon the parti- 
cular alloy system and test temperature. 

(3) When treated in terms of this model, coherency 
effects of the dispersed second-phase particles are only 
important where the range of additional lattice strain 
is of the order of the dispersed particle spacing. Under 
these conditions, the effect of a coherent second-phase 
would be to change the dispersion spacing. 

(4) Particle geometry is important in two ways: 
For determining the mode of particle shear which 
causes vielding, and preventing recovery by cross-slip 
and climb. 

(5) Much additional work must be done in order to 
verify the model, such as quantitatively evaluating 
from fundamental constants and determining the 
temperature dependence of the yield strengths for 
several alloy systems. The difficulties involved in 
these areas have been mentioned previously, but 
these should not prove insurmountable. 
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THE MECHANISM OF OXIDATION OF IRON IN CARBON 
MONOXIDE-CARBON DIOXIDE MIXTURES* 


F. PETTIT,* R. YINGER?# and J. B. WAGNER, Jr.+ 


The oxidation of iron in carbon monoxide—carbon dioxide mixtures has been studied in the tempera- 
ture range of 925°-1075°C. For oxide thicknesses between about 4 10-4 and 1.8 10-% em, the 
oxidation rate was found to be a linear function of the mole fraction of CO, in the gas phase and the sum 
of the partial pressures of CO, and CO between 0.4 and 1.0 atm pressure. 

These data confirm the rate-determining step for the process to be the dissociation of carbon dioxide 
into carbon monoxide and adsorbed oxygen atoms or ions in accordance with a mechanism proposed by 
C. Wagner. For the reaction, CO, + x Fe Fe,O — CO, the kinetics may be described by the equation, 


+ KYN’co, — N’coyequil.)! 


where n is the number of equivalents of oxide formed per second, A is the surface area, k’ is the rate 
constant of the phase boundary reaction, P’ is the sum of the partial pressures of CO and CO,, K is the 
equilibrium constant for iron, wiistite and the gas mixture, N’cg, is the mole fraction of CO, in the gas 
mixture of CO and CO,, and N’co,(equil.) 18 the mole fraction of CO, in the mixture CO-CO, in equili- 


brium with iron and wiistite. 


D OXIDE 


MELANGES 


DANS LES 
CARBONE 


PER 

DE 


DOXYDATION DU 
ET DANHYDRIDE 
Les auteurs ont étudié loxydation du fer dans des mélanges d’oxyde de carbone et d’anhydride 
1075°C. Lorsque l’épaisseuc de la couche d’oxyde 


LE MECHANISME 


carbonique pour des températures comprises entre 925 
10-* et 1,8 10-8 em, la vitesse d’oxydation est une fonction linéaire de la 


est comprise entre 4 
fraction molaire de CO, dans la phase gazeuse et de la somme des pressions partielles de CO, et de CO 
entre 0.4 et 1.0 atm. 

En accord avec le mécanisme proposé par C. Wagner, ces résultats confirment que le facteur qui 


détermine la vitesse d’oxydation est la dissociation de anhydride carbonique en oxide de carbone et 
CO, la cinétique peut 


en atomes ou ions d’oxygene adsorbé. Pour la réaction CO, xFe Fe,O 


étre décrite par /équation: 


n/A K)|.N’co, N’CO, (equil.) 


ou n est le nombre d’équivalents d’oxide formé par seconde. A la surface, k’ la constante de vitesse de 
la réaction a la frontiére de phase, P’ la somme des pressions partielles de CO et CO,, K la constante 


d’équilibre pour le fer, la wiistite et le mélange gazeux, N’co, la fraction molaire de CO, dans le 
mélange CO-CO, et N’co,(equil.) est la fraction molaire de CO, dans le mélange CO—CO, en équilibre 


avec le fer et la wiistite. 


DER OXYDATIONSMECHANISMUS VON EISEN IN 
KOHLENMONOXYD-KOHLENDIOXYD-GEMISCHEN 


Die Oxydation von Eisen in Kohlenmonoxyd-Kohlendioxyd-Gemischen wurde im Temperaturbereich 
von 925° bis 1075°C untersucht. Fiir Oxyddicken zwischen etwa und 1,8 
die Oxydationsgeschwindigkeit als lineare Funktion des Molenbruchs von CO, in der Gasphase und det 
Summe der Partialdriicke von CO, und CO zwischen 0,4 und 1,0 at Druck. 

Diese Daten bestatigen, daB in Ubereinstimmung mit einem von C. Wagner vorgeschlagenen Mechanis 
mus die Dissoziation von Kohlendioxyd zu Kohlenmonoxyd und adsorbierten Sauerstoffatomen odet 
-Jonen der geschwindigkeitsbestimmende Schritt des Vorgangs ist. Fiir die Reaktion CO, rFe 
Fe,O CO kann die Kinetik durch folgende Gleichung beschrieben werden: 


em ergab sich 


n/A N’CO,(Gleichgew.) | 


wobei n die Zahl der pro Sekunde gebildeten Oxydaquivalente, A die Oberflache, k’ die Geschwindigkeits 
”” die Summe der Partialdriicke von CO und CO, und K die 


konstante der Phasengrenzenreaktion, / 
Gleichgewichtskonstante fiir Eisen, Wiistit und die Gasmischung ist. Veg, ist der Molenbruch von CO, 
in der Gasmischung aus CO und CO, und N’¢o.(Gleichgew.) der Molenbruch von CO, in der CO-CO,- 
Mischung im Gleichgewicht mit Eisen und Wiistit. 


STATEMENT OF THE PROBLEM 


* Received November 4, 1959. This work represents part 
of a thesis by F. Pettit presented to the faculty of the School 
of Engineering of Yale University in partial fulfillment of the at elevated temperatures, a relatively smooth, 
requirements of the Master of Engineering Degree in 
Metallurgy. 

+ Yale University. New Haven, Connecticut. ul involves both phase boundary reactions and the 

Present address: Department of Metallurgy, The 
Pennsylvania State University. diffusion of ions and electrons in the oxide layer. 
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When a metal such as iron or copper is oxidized 


compact oxide layer is formed. The overall process 
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Under special conditions, the rate may be controlled 
by the phase boundary reactions, especially that at 
the outer surface, and accordingly be independent of 
the instantaneous thickness of the oxide layer. Such 
a case has been found by Hauffe and Pfeiffer for 
the oxidation of iron to wiistite in CO-CO, mixtures 
between 900 and 1000°C according to the equation, 


CO, + x Fe = Fe,0 + CO. (1) 


At a given total pressure of one atmosphere, the 
rate was found to be proportional to (peo,/Peo)** or 
proportional to the one-third power of the equilib- 
rium oxygen partial pressure of the CO—CO, mixture. 
Such a dependence may suggest a chemisorption 
mechanism as has been discussed briefly by Hauffe 
and Pfeiffer. 

The purpose of the present investigation was to 
test an alternative explanation suggested by C. 
Wagner”). Assume that the rate-determining step is 
the dissociation of CO, into CO and adsorbed oxygen 


atoms or ions. 


CO,(g) = CO(g) + O(ad). (2) 
Then we may write 
n/A k'peo, — (3) 


where 7 is the number of equivalents of oxide formed 
per unit time, 4 is the surface area, k’ and k” are two 
constants, and ppg, and po, are the partial pressures 
The last 


term in equation (3) accounts for the reverse reaction. 


of carbon dioxide and carbon monoxide. 


In view of the results obtained for the dissociation of 
H,S on the surface of Ag,S by Kobayashi and 
Wagner”), the rate of dissociation of CO, on the 
surface of wustite is supposed to depend not only on 
the composition of the gas phase but also on the 
composition of the solid phase, in particular the 
concentration of excess electrons and electron holes. 
If, however, the reaction at the wiistite surface is the 
rate-determining step, the Fe/O ratio in the wiistite 
layer is that in equilibrium with metallic iron. 
Thereby the concentration of excess electrons and 
electron holes is fixed and accordingly does not 
appear in the rate equation, equation (3). 

The equilibrium condition between iron, wiistite 
and the gas mixture, CO-CO,, may be written as, 


Pco,/Pco k. (4) 
At equilibrium, n/A = 0 and we have 
= Pco,/Pco = K. (5) 


Therefore we may write equation (3) as, 


= k'(Peo, KPpeo)- (6) 
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Writing the partial pressures in terms of the total 
pressure of CO and CO,, we have, 


P’N'co, (7) 


Poo, 
and 


Poo 


N'co,) (8) 
where N’¢o, denotes the mole fraction of CO, in the 
CO-CO, mixture. Substitution of equations (7) and 


(8) into equation (6) vields, 


nlA = K)N'co, — K). (9) 


Equation (9) may be rearranged to vield, 


K)[N' co N"co,(equil.)! 


2 


(10) 


where the subscript, equil., denotes the mole fraction 
of CO, in the CO-CO, gas mixture in equilibrium 
with iron and wiistite. 

The dependence of the oxidation rate on the CO,/CO 
ratio reported by Hauffe and Pfeiffer™ is compatible 
with equation (10). In the 
suggested by Hauffe and Pfeiffer, however, the rate is 
supposed to depend not only on the CO,/CO ratio of 
the gas mixture, but to be proportional to the sum of 
the partial pressures of CO, and CO. Thus, to test 
the above mechanism for iron, rate studies in the 


contrast to relation 


temperature range of 925°C were performed such 
that the dependence of rate on mole fraction of 
carbon dioxide and on the total pressure of carbon 


monoxide and carbon dioxide was tested. 


EXPERIMENTAL 


The oxidation chamber consisted of a McDanel 
tube, # in. i.d. and 2 ft long, to which were fastened 
Pyrex glass connections. A quartz spiral spring 
which was capable of sustaining a 0.5 g load with a 


sensitivity of about 5 « 10°° g was situated in a 


constant temperature (35.0 
the oxidation chamber (see Fig. 1). 


clutch device actuated a pulley system which raised 


0.2°C) chamber above 
A magnetic- 
and lowered the spring. In this manner the sample 
could be lowered into and raised from the hot zone of 
the furnace. The furnace was wound with Kanthal 
wire in a manner to eliminate temperature gradients 
in the hot zone. In addition, a nickel cylinder, 6 in. 
long, was placed around the McDanel tube at the 
hottest zone in the furnace. With these precautions, 
the temperature gradient at the highest temperature 
studied, 1075°C, was less than 2 deg/} in. and at 
925°C the gradient was less than | deg/} in. over the 
region where the sample was oxidized. A Leeds and 
Northrup AZAR controller maintained the tem- 
perature better than +1°C between 925 and 1075°C. 


The accuracy of the temperature was determined by a 


yy: 
4 
Why 
V 
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Fic. 1, Schematic diagram of oxidation apparatus. 
The nomenclature of parts numbered on the diagram 
are as follows: 

(1) Tron. 2) Magnet. (3) Magnet clutch assembly. 
(4) Pulley. (5) Rhodium plated silver chain. (6) 34/45 
Standard taper Pyrex joint. (7) Thermostated water 
outlet. (8) 50/30 Standard taper ball joint. (9) Gas 
outlet. (10) Quartz fibre. (11) McDanel to Pyrex seal. 
(12) Specimen. (13) Kanthal-wound furnace. (14) 
MecDanel tube. (15) McDanel to Pyrex seal. (16) 34/45 
Standard taper Pyrex joint. (17) Gas inlet. (18) Quartz 
spring. (19) Pointer, (20) Optically flat window. (21) 
Telescope. (22) Thermostated water inlet. 


separate calibrated platinum, platinum-10°,, rhodium 
thermocouple whose accuracy was determined to be 
better than —1°C. 

The procedure for a typical experiment was as 
follows: An iron sheet, Ferrovac £* with an analysis 
of better than 99.967 per cent iron, 0.0055 in. thick, 
was cut into a rectangular coupon, approximately 
1.2 in. hole, 0.054 in. in 
diameter, was drilled in one end of the coupon in 
order to suspend it on a quartz fibre hook. A typical 


long by 0.5 in. wide. A 


sample had an apparent surface area of about 1.2 in® 
9 

or 4.5 cm*. 
The sample 

paper through number 4/0 and then lapped on a 

wheel covered with Buehler AB microcloth which 

was saturated with Linde Type A fine abrasive. 

Occasionally this surface treatment was followed by 


was polished with metallographic 


an electropolish, by a chemical polish, or by an etch 
in a nitric acid solution. No significant differences in 
oxidation rate resulted from these types of surface 
treatment. Therefore most experiments were carried 
out using lapped specimens. 

The apparent surface area was determined using a 
micrometer. The sample was weighed on an analy- 
tical balance and suspended by means of a quartz 
fibre attached to the quartz spring in the oxidation 


* Ferrovac E is the trade designation of a vacuum-melted 
iron kindly furnished by the Crucible Steel Company of 
America, 
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system. The system was evacuated and flushed with 
hydrogen. The sample was heated in a static system 
of hydrogen at 500-550°C overnight in order to 
reduce any surface oxide and to relieve any stresses 
in the metal. After the hydrogen anneal, the sample 
was raised from the hot zone and the furnace tem- 
the 


The hydrogen was evacuated and a 


perature was increased to desired oxidation 
temperature, 
well-defined mixture of CO-CO, or CO-CO, diluted 
with argon was admitted to the system. The 
flowed upward through the vertical tube furnace 


The 


was purified by passing successively through tubes 


gas 


Commercial gases were used. carbon dioxide 
containing activated alumina, reduced copper oxide 
at 500°C and activated alumina. The carbon mon- 
oxide passed through tubes containing magnesium 
perchlorate, Ascarite and magnesium perchlorate. 
The argon passed through tubes containing reduced 
copper oxide at 500°C, magnesium perchlorate, 
Ascarite and magnesium perchlorate. 

The gases were allowed to flow through the oxida- 
tion system for 1 hr in order to flush it and to ensure 
that the desired gas ratio was present. The sample 
was then lowered into the hot zone. Measurements 
of the spring deflection versus time were obtained 
using a cathetometer whose precision was 1.7 lo 
em which corresponded to a weight change of approxi- 
mately 2 « 10°° g. The time required for lowering 
the sample was 20-30 sec. The spring and sample 
oscillated for about 1 min before damping. In 
addition, the sample was initially at room tempera- 
ture and it was subject to a heat of oxidation as it 
was lowered into the hot zone. For these reasons the 
initial portion of the rate curve was not well-defined. 
Therefore the procedure was adopted to take as zero 
time, the time when the sample was half-way down 
into the hot zone. Readings were obtained as soon 
as the spring stopped oscillating and the results were 
extrapolated back to zero time for the initial weight. 
It was found that the results were within the experi- 
mental error whether zero time was taken as that 
time when the sample was half-way into the hot zone 
or fully into the hot zone. 

To terminate a run, the sample was raised to the 
cool zone of the furnace. The system was evacuated 
and the sample remained in vacuo until the specimen 
cooled to room temperature. The sample was then 
removed from the 
analytical balance. In order to check for consistency 
of the data, the difference in weight was expressed as 
(Am/A) for the total oxidation time and it was 
compared with the results using the quartz spring in 
the consistent 


system and reweighed on an 


oxidation system. Results were 


A.. 
8 
AA | 6 i 
| 
| | 2 
HE | | 
il 18 
| 14 
22 19 20 
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within a few tenths of a milligram or better than 
1} per cent in the weight change. The sample was 
photographed, examined under the microscope and 
in some instances mounted in an epoxy resin so that 
the cross section could be examined metallographically. 

Using the above-described procedure data on the 
oxidation rate of iron in CO-CO, mixtures were 
obtained at various pressures and concentrations of 
carbon monoxide and carbon dioxide in the tem- 
perature range 925-1075°C. Typical rate curves for 
oxidation in a 60 vol.°, mixture of CO, in CO at 
atm = poo, 
and 1075°C are shown in Fig. 2. 


pressure, Poco). between 925° 


The effects of 


pressure and concentration of carbon dioxide on 


oxidation rate are shown in Figs. 3-5 for the tem- 
peratures 925 


967° and 1075°C, respectively. 


24 


(gm/crt 


— 


210 


120 


18.0 


TIME (seconds) 10” 
Fig, 2. Typical rate curves for oxidation of iron in a 
60 vol. °% mixture of CO, in CO at 1 atm pressure, 
POO» Pco 1 atm). 
RESULTS AND DISCUSSION 

The rate of oxidation of iron in CO-CO, mixtures 
in the temperature range of 925-1075°C has been 
shown to be linear for oxide thicknesses greater than 
4 1074 but less than 1.8 
Furthermore the dependence of rate on mole fraction 
Poo, 
been shown to agree with the mechanism expressed 
Fig. 3(b) shows a plot of the 
practical rate constant versus the pressure, P’ = poo 


This data shows more explicitly 


em (see Figs. 2-5). 


of CO,, and pressure, P’ Peo: has 


by equation (10). 


Pco, at 925°C. 
that the mechanism suggested by Wagner involves 
not only the mole fraction of CO, in the CO-CO, 
mixture but also the sum of the partial pressures, 


Poco + Pco,- Similar relations, of course, may be 
obtained from Figs. 4 and 5 corresponding to 967° 


and 1075°C, respectively. The practical rate constant 
k,(g/cm*-sec) divided by the equivalent weight of 
oxygen gives n/A(eq./em?-sec). Substitution 
equation (10) of the values for /A, K, N CO,(equil.)» 
and P’, as defined previously for the temperature at 


into 


which the value k; was obtained, permits evaluation 
of the rate constant of the phase boundary reaction 
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Fic. 3(a) Dependence of the oxidation rate of iron on 

the mole fraction of CO, and the sum of the partial 

pressures of CO, and CO in the gas mixture for the 
temperature 925°C, 


TEMPERATURE 925°C 


(2) 


Peo, 


/ 


P(atm ) 


Fic. 3(b) Dependence of the oxidation rate of iron on 
the sum of the partial pressures of CO, and CO and the 
mole fraction of CO, in the gas mixture for the tem- 
perature 925°C, The data used in this graph are the 
same as those in Fig. 3(a). This type graph has been 
made in order to emphasize the dependence of the 
oxidation rate on the sum of the partial pressures of 
CO, and CO, 
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Fic. 4. Dependence of the oxidation rate of iron on 

the mole fraction of CO, and the sum of the partial 

pressures of CO, and CO in the gas mixture for the 
temperature 967°C, 
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Fic. 5. Dependence of the oxidation rate of iron on 

the mole fraction of CO, and the sum of the partial 

pressures of CO, and CO in the gas mixture for the 
temperature 1075 C. 


k’(eq./em*-sec-atm). The plot of log k’ versus the 


reciprocal of the absolute temperature (see Fig. 6) 
expresses this rate constant as a function of tem- 
these data in conjunction with 


perature. From 


equation (10), the oxidation rate of iron can be 
valculated for any CO-CO, mixture within the 
pressure range 0.4-1 atm and for the specified 
The activation 


energy as obtained from the slope of the curve in 


temperature and thickness limits. 


Fig. 6 was found to be 50.5 keal/mole. This value may 
be compared to 30 kcal/mole required for vacancy 
diffusion in wiistite. 

The data presented in Fig. 2 
oxide films between 4 « 10-4 em and 1.8 
Oxidation curves typical of those obtained 
oxidation of all the iron to wiistite are shown in 
1000° and LO75°C. 
van be divided into four parts. 


are applicable for 
10°3 em. 


for 


Fig. 7 for the temperatures, 925°, 
This type curve 
While the initial portion of the curve is not well- 
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Fic. 6. The rate constant of phase boundary reaction, 
k’, as a function of the reciprocal of the absolute 
temperature. The activation energy calculated from 
the slope of this curve is 50.5 keal/mole. The circles 
represent the average values of rate constant obtained 
from the family of curves for temperatures 924°, 967 
and 1074°C. The solid triangles represent single 
values of rate constant calculated from oxidation rates 
obtained for 60 vol. % CO, and poo, poo = l atm. 
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defined for the higher temperatures, results at 950°, 
925°, 900° and 850°C indicate that the initial rate 
obeys a logarithmic equation for thicknesses up to 
about 4 
thick films, this observation does not conflict with the 


10-4 em. Since equation (10) is valid for 


proposed mechanism. Thin film oxidation under the 
above described experimental conditions will be the 
subject of another study. 

The next part which is linear has been discussed 
previously and forms the basis of this paper. This 
region has been found to obey the mechanism pro- 
posed by Wagner for the temperature range 925 
LO75°C. 
However results obtained at 900°C were sometimes 


Tests were initially performed at 900°C. 


inconsistent in that abrupt changes in oxidation rate 


were sometimes observed. This phenomenon may 


Am/A(gm/crf) 10° 


20000 3000 40000 59000 60000 
TIME (seconds) 
Fic. 7. Typical oxidation curves for complete oxida- 
tion of all iron to wiistite for iron samples about 0.005 
in. thick. 
possibly have been the result of the alpha-gamma 
phase transition in iron. Therefore it was decided to 
perform tests at 925°C and above in order to ensure 
the presence of only gamma iron. 

The third part of the curve corresponds to the 
rapid acceleration of oxidation rate followed by a 
virtually linear rate. This phenomenon occurred at a 
minimum oxide thickness of 1.8 « 10°? em. Higher 
temperatures and greater CO, concentrations appeared 
to favor the onset of the rapid acceleration at this 
minimum oxide thickness. Microscopic examination 
of the oxidized specimens which yielded rate curves 
with an accelerated rate were found to have a non- 
uniform oxide surface topography. For example, 
there were spiral growths, filamentary growths and 
non-uniform oxide grain size. Figs. 8 and 9 show 
cross sections of samples which were obtained by 
oxidizing the 
respectively, to the first linear region and second, 


iron to thicknesses corresponding, 
virtually linear region of the rate curve. No cracking 
or fissures were present in either case, but the gas- 
oxide interface of the latter specimen showed a very 


rugged surface topography. Wagner's mechanism 


P=\atm 
P= 
P<6atm 
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Fic. 8. Cross-sectional view of an iron’ specimen 

oxidized in a mixture of 60 per cent CO, in CO at a 

temperature of 925°C for 500 min with peo PCOs 

0.8atm. The relatively smooth, crack-free, oxide— 

atmosphere interface is typical of specimens yielding 
rate curves in the first linear region. 200 


appears to be valid in this second, virtually linear 


region but the lack of measurements on the change of 
surface area has so far prevented a rigorous test. 


Studies are in progress to elucidate the structural 
features of the film and the observed oxidation rate. 
The fourth part of the rate curve is characterized 


by a decelerated rate. A decrease in rate is to be 
expected when the oxide layer becomes sufficiently 
thick for diffusion of ions and electrons to become the 
rate-determining step. The thickness at which the 
rate changes from a linear behavior to a parabolic 
hehavior is determined by the relative energies for the 
diffusion process and the dissociation process. Avail- 
able data indicates that for iron specimens, 0.005 in. 
thick. the rate becomes parabolic for temperatures 
exceeding 925°C before all of the iron is converted to 


Fic. 9. Cross-sectional view of an iron’ specimen 

oxidized in a mixture of 80°, CO, in CO at a temperature 

of 1075°C for 25min with poo + poo, = 0.8 atm. 

The rugged. crack-free, oxide-atmosphere interface is 

characteristic of specimens yielding rate curves in the 
second linear region. 200 
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wiistite. Below this temperature, the present speci- 
mens were completely converted to wiistite before 
the onset of parabolic oxidation. For the latter case, 
the decelerated rate corresponded to the oxidation of 
wiistite. Fig. 10 shows the cross section of a specimen 
which was oxidized completely to wiistite. A coffin- 
type structure is apparent, indicating the migration 
of iron ions via cation vacancies through the oxide 
layer to react with oxygen. 

The present results differ from those of Hauffe and 
Pfeiffer™) in two respects. The linear rates obtained 
for region two are about a factor of ten lower than 
those reported by Hauffe. Secondly the rate curves 
reported by Hauffe do not show an accelerated 
region. In the present work an effort was made to 
ascertain the magnitude of possible experimental 
errors. These included: (1) gas flow and regulation, 


Fic. 10. Cross sectional view of a specimen oxidized 
completely to wiistite. The center (dark region) is a 
void which is bounded on both sides by a layer of 
wustite. 50 
(2) thermal diffusion of the gases in the oxidation 
system, (3) temperature control and (4) prior history 
of the metal specimen. Each of the above is discussed 
in what follows: 

(1) Gas flow and regulation. Conventional mano- 
metric flow-meters using a capillary construction and 
containing di-butyl phthalate in the two arms were 
used to meter the carbon monoxide, carbon dioxide 
These flowmeters were calibrated using 
a Precision Wet-Test Meter. These 
checked by displacing a soap bubble up a glass tube 
The results were in good agree- 


and argon. 
results were 
of known volume. 
ment. It is estimated that the maximum error in the 
gas ratio as a result of the flowmeter technique was 
less than | per cent. 

(2) Thermal diffusion of gases. It has been shown 
by Darken and Gurry that thermal diffusion in a 
CO-CO, mixture may change the ratio of these gases in 
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a heated, vertical tube. From tests at 1100°C, these 
authors found that flow velocity greater than 0.6 
cm/sec would ensure an error of less than 0.25 per cent 
in the CO—-CO, ratio as a result of thermal diffusion. 
On the other hand it was found that a flow rate of 
1.2 cm/sec introduced an error of over 1°C in tem- 
perature measurement. Consequently a flow rate of 
0.9 cm/sec was recommended in order to ensure the 
absence of an appreciable contribution of thermal 
diffusion. In the present work the gas flow was 
varied from one to about 9 I/hr. This corresponds to a 
calculated linear flow of 0.098—0.90 cm/sec measured 
at room temperature. These changes in gas flow 
rate did not change the observed oxidation rates nor 
was there any correlation between gas flow rate and 
oxide surface topography. To confirm further these 
observations, experiments were performed in which 
the gases flowed downward through the vertical tube 
furnace and also tests were made using a horizontal 
furnace. Results obtained were consistent with data 
obtained in the vertical tube furnace using the 
procedure described previously. 

(3) Temperature control. Because of the relatively 
large activation energy for the oxidation process, 
small differences in temperature could cause large 
differences in the oxidation rate. As 
mentioned previously fluctuations in temperature 
were held better than +1°C, and the nickel cylinder 
surrounding the hot zone of the oxidation chamber 
ensured a maximum temperature gradient at 1075°C 
of 6°C over a 1.5-in. vertical distance. This was the 
maximum distance occupied by the specimen during 
Therefore the maximum tem- 


observed 


the oxidation test. 
perature fluctuation over the entire specimen at 
1075°C was the reported temperature +4°C. The 
maximum temperature fluctuation over the specimen 


at temperatures below 975°C was the reported 
temperature +2°C. The internal consistency of the 


data also appears to obviate the possibility of large 
temperature errors as well as errors resulting from 
thermal diffusion of the gases. 

(4) Prior history of the metal sample. Hauffe and 
co-workers” used a helium-anneal prior to oxidation. 
A similar anneal was carried out in the present 
studies and the only difference in behavior from 
samples annealed in hydrogen was the presence of a 
thin oxide layer prior to oxidation in the CO—-CO, 
mixture. Hauffe and co-workers used Armco iron, 
apparently in the “as-received” condition. Several 
types of iron of varying purity, including decar- 
burized Armco iron, were studied in the present work. 
Results were consistent with data obtained using 


Ferrovaec E Iron. 


MECHANISM 


OF OXIDATION OF TRON 623 


All reasonable precautions have been taken to 
ensure a clean, stress-free metal sample and the 
present data were reproducible and _ self-consistent. 
It was therefore concluded that the present data 
represented valid results for the conditions reported 
herein. The apparent the 
rates obtained in the present study and those of 
Hauffe™ can be explained as follows. The measure- 


ments reported by Hauffe corresponded to a minimum 


discrepancy between 


oxide thickness of about 1.1 10-%em. The measure- 


ments of the present study corresponded to a minimum 
7 10-> em. Conse- 
quently the first linear region of oxidation (4 10-4 
1.8 10-3 em oxide thickness) which was observed 
in the present study was missed by Hauffe. Further- 


oxide thickness of less than 7. 


more, rates obtained for the second, virtually linear 
region of the present work are in agreement with the 
data of Hauffe. However, the present authors have 
been unable to use the data from this virtually 
linear second region for the confirmation of Wag- 
ners mechanism since, as mentioned previously, 
measurements on the change in surface area, which 
from these data appear to be responsible for the 
increase in oxidation rate of the region, have not as 
yet been performed. 
SUMMARY AND CONCLUDING REMARKS 

LO75°C and for 
oxide films between 4 lo the 


rate of oxidation in CO-CO, mixtures has been 


In the temperature range of 925 
em, 
shown to be a linear function of the mole fraction of 
CO, and the sum of the partial pressures of CO, and 
CO. data substantiate the proposed rate- 
determining step to be the dissociation of carbon 
dioxide into carbon monoxide and adsorbed oxygen 


These 


atoms or ions. Furthermore, preliminary tests indicate 
that this process also holds for the other transition 
metals, cobalt and nickel. Studies on these metals are 
in progress. 
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INITIAL STAGES OF PLASTIC DEFORMATION IN COPPER AND ALUMINUM* 


A. R. ROSENFIELD and B. L. AVERBACH?t 


The early stages of plastic flow and microcreep have been studied in single crystals and in poly 
talline copper and aluminum using a method with a strain sensitivity of 2 
196 to 25°C. The temperature dependence of the 10~® yield stress is interpreted as arising from 


range 


crys- 
10-® in the temperature 


a thermal activation of stacking faults under stress. This model results in a value of 25 ergs/cm? for the 
stacking fault energy of copper and 100 ergs/cm? for aluminum, 


STADES INITIAUX DE LA 


DEFORMATION PLASTIQUE DANS LE CUIVRE ET 


L°;ALUMINIUM 


Les auteurs ont étudié les premiers stafles de la déformation plastique et du microfluage de mono- 


cristaux et de polycristaux de cuivre et d’aluminium. 


la déformation est de 2 


10-® dans la zone de température comprise entre 


Ils ont utilisé une méthode dont la sensibilité a 
196 et 25°C. 


La relation entre la température et la limite élastique 4 10° est interprétée comme provenant d°une 
activation thermique des fautes d’empilement sous effet de la tension. A Vaide de ce modéle, on peut 


estimer que énergie des fautes d’empilement du cuivre et de aluminium a une valeur respective de 


25 ergs/cm? et 100 ergs/em?. 


ANFANGSSTADIUM DER PLASTISCHEN 


polykristallinen Proben von Kupfer und Aluminium untersucht. 
196° bis 25 C eine Empfindlichkeit von 2 
Die Temperaturabhangigkeit der 10~® -FlieBspannung wird so gedeutet, 


Temperaturgebiet von 
rung. 


DEFORMATION VON 


Die Anfangsstadien von plastischem FlieBen und Mikrokriechen wurden an Einkristallen 


KUPFER UND ALUMINIUM 

und 

Die verwendete Methode hatte im 
10-® bei der Messung der Verzer- 


daB sie von einer 


thermischen Aktivierung von Stapelfehlern unter Spannung herriihrt. Aus diesem Modell ergibt sich fiir 
die Stapelfehlerenergie von Kupfer 25 erg/em? und fiir Aluminium 100 erg/em?. 


1. INTRODUCTION 

The factors which control the initiation of plastic 
flow are not well understood and current theories 
usually select one of the following for the critical step: 
(1) the friction in the lattice, i.e. the Peierls-Nabarro 
force, (2) the resistance to activation of a dislocation 
generator, such as a Frank—Read source, or (3) the 
resistance to the motion of glide dislocations provided 
by a forest of intersecting dislocations. These 
mechanisms should be distinguishable in part from 
the temperature dependence of the stress required to 
initiate plastic flow. This initial yield stress should 
have the same temperature dependence as the elastic 
constants for the friction” and the source activation™) 
mechanisms. In the case of the forest mechanism the 
initiation stress should depend on a thermal activation 
energy which is a function of the applied stress® and 
should depend on the number of dislocations present 
at the onset of flow. 

The temperature dependence of the stress to 


initiate flow was studied in single crystals and in 


polyerystalline copper and aluminum with a view 
toward separating these mechanisms. The stress 
required to produce a plastic strain of 2 « 10-6 


(hereafter called the 10~® yield) was measured from 


* Based on a thesis submitted by A. R. Rosenfield in partial 
fulfillment for the Sc.D. degree in June, 1959. This work was 
sponsored by the Office of Naval Research. Received July 23, 
1959; revised version February 10, 1960. 
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room temperature down to the boiling point of 
liquid nitrogen. In order to obtain additional insight 
into the interaction of glide dislocations with barriers, 
the influence of prior plastic deformation on the 10~® 
vield was studied. 

The results of these observations are presented in 
the following sections. Comparisons with theory are 
presented in the discussion and it is shown that the 
mechanism for flow initiation must be reconsidered. 


2. PROCEDURE 

The materials were received in the form of 3? in. rod 
and the compositions are listed in Table I. Un- 
threaded tensile bars 0.252 in. in diameter with a 
2.5 in. gauge length were machined, etched to remove 
cold work, and annealed according to the schedules in 
Table lL. The 10-6 yield was measured by unloading 
from successively higher stresses and observing the 
resistance strain 
gauges mounted on the specimens.“->) The first 
detectable permanent strain on unloading (2 « 10~®) 
was defined as the 10-® yield and _ stress- plastic 


residual strain using electrical 


strain curves were determined for each specimen. 
Considerable care was taken to achieve axiality and 
readings on strain gauges mounted on opposite sides of 
the specimen showed that each gauge recorded within 
5 per cent of the average strain. 

Single crystals of high purity copper were grown in 
the form of tensile bars using the method of Blewitt"®. 
These specimens were also annealed at 300°C for 
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AND 


TABLE 


Alloy Cu Al Fe Si 


High purity copper 99.999 


OFHC 0.005 


99.97 


0.001 


0.002 


High purity aluminum 0.002 99.995 


99.15 0.59 0.11 


28 (1100) aluminum 


* Etchants did not clearly reveal grain boundaries in this 


24 hr in a vacuum. Plastic flow occurred at such low 
stresses for the single crystal specimens that these 


were tested by the application of dead loads. 


3. RESULTS 


Figure 1 shows the initial vield stress for the 
polycrystalline specimens. The 10-® yield stress of 
copper increases by about 150 p.s.i. as the temperature 
is lowered from 25 to —196°C. On the other hand, the 
impurities present in OFHC copper raise the 10° 
vield by about a factor of 3 but do not affect the 
temperature dependence. Adjusting the results to 
compensate for the difference in grain size“ accounts 
for about one-third of the difference between the high 
purity copper and the OFHC curves. The 10~® yield 
of aluminum increases by about a factor of 3 as the 
temperature is lowered, but the impurities present in 
the 2S (1100) material do not seem to affect either the 
value of the vield stress or its temperature dependence. 

The resolved 10~® yield stresses were determined for 
single crystals of high purity aluminum and copper by 
resolving the tensile stress to produce a strain of 
2 « 10°® on the most favorably oriented slip plane 
and direction. The tensile axes of the copper crystals 
were clustered around [111] and around {110} for the 
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z= 2S Aluminum | 
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Fic. 1. Temperature variation of the 10-® yield of 


polycrystalline copper and aluminum. 
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Materials and treatments 


material and this value is an approximation. 
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Intercept 
grain size 
(mm) 


Annealing 
treatment 


300°C for 0.27 
24 hr in 
vacuull 
500°C for 
24 hr in 
vacuum 


0.001 0.005 0.004 O.OL0 0.045 


260°C for 0.25 
| hr in air 
370°C for 0.045* 


| hr in air 


400 
Polycrystals 
o—o— 
2000;- OFHC Copper 
High Purity 
1000+ Aluminum 
_ 800;- 
a 600/- High Purity Copper 
(=) 
Single 
: Tensile Crystals 
Axes 
100;— 6 > 
80;— 
= 
60}—- Purity 
Aluminum 
6 
. High Purity C 
i urity Copper 
Oo 2 6 8 10 14 
1000/ T 
Fic. 2 10-® yield of copper and aluminum single 
crystals and polycrystalline materials 
aluminum crystals. The single crystal data are 


compared with the data for polverystals in Fig. 2. 
The numbers next to the single crystal points refer to 
the specimen identity, and in two cases for aluminum, 
one crystal was used to determine the 10~® yield at 
more than one temperature. Care was taken in these 
instances not to introduce a plastic strain of more 
than 50 
according to the procedure listed in Table 1 before a 


10-®, and the crystal was then annealed 


second determination of the vield initiation was made. 
The 10-6 yield observed for copper and aluminum 
single crystals at room temperature was very low, of 
the order of 30 p.s.i. (0.021 kg/mm?) and it was about 
one-third of the generally reported values of the 
critical resolved shear stress. The single crystal 
yields are much lower than those predicted from an 


extrapolation of the grain size dependence of similar 
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TABLE 2. 


10-6 yield, Y (p.s.i.) 


Material 


Copper, high purity 600 750 
polycrystalline 

Copper, single 27 32 
crystal 

Aluminum, high purity 900 2320 
polycrystalline 

Aluminum, single 30 85 


crystal 


material.4) The temperature dependence of Young’s 
modulus was also measured at 25 and —196°C and the 
values for the polycrystalline material agree well 
with those of Késter'. In the case of the single 
crystals the Young’s moduli are affected in the 
expected fashion with direction, but the temperature 
dependence is the same as in the polycrystals. It is 
evident from the data in Table 2 that the 10~® yield 
have a somewhat greater temperature 
dependence than the elastic constants in the case of 
copper and that the vields have a very much greater 
temperature dependence in the case of aluminum. 
The influence of repeated loading on the resolved 
shear stress of a single crystal of copper is shown in 
Fig. 3. The 10-6 yield increases from 30 p.s.i. to about 
60 p.s.i. after a prior plastic strain of 160 ~« 10°°, 
Continued plastic prestrain beyond this did not 
further increase the initial yield. One of the interest- 
ing features of the curves is the kink in the early 


stresses 


portion of the flow curve, and similar kinks were 
observed in all of the single crystal samples tested. 
These kinks may be an experimental confirmation of 
the hypothesis that the number of dislocation loops 
produced is not a smooth function of the stress, and 
the loops may be produced in bursts."*) The easy 
glide region is observed at values of about 100 p.s.i. 
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Fic. 3. Repeated load experiments on copper single 


crystals at 25°C, 
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Effect of temperature on 10~® yield stress and elastic modulus 


Young’s Modulus, 
E (108 p.s.i.) 


—196) 
(25) 


E( —196) 


— 196°C 


18.5 19.4 1.3 1.05 
25.6 27.0 1.2 1.06 
10.2 L1.1 2.6 1.09 

9.8 10.7 2.8 1.09 


T 
> 
2400} 7 Copper at -196°C 
x = Specimen | = 
O= Specimen2 
2 Aluminum at 25°C 
O 200 400 600 800 1000 1200 1400 
Prior Plastic Strain (10 ®) 
Fic. 4. Effect of prestrain on the 10-® yield of poly- 
crystalline materials. 
(0.070 kg/mm?) and this corresponds to the value 


usually given as the critical resolved shear stress. 
The influence of prior plastic strain followed by an 
immediate determination of the 10-® yield stress is 
shown in Fig. 4 for polycrystalline high purity 
copper at —196°C and for polycrystalline high purity 
The plastic pre- 
10-6 for the 
polycrystalline specimens and these showed the same 
trend as the single crystals. The 10~® yield showed an 
increase after small prestrains of the order of 200-400 


aluminum at room temperature. 
strain was carried out to at least 1200 > 


10-6, but additional prestrain did not produce any 
further increase in the yield. 

A further feature of the initial stages of deformation 
was the discontinuous microcreep observed in both 
aluminum and copper polycrystalline samples at 
Typical 
microcreep behavior is shown in Fig. 5 for high 


stresses somewhat above the 10-® yield. 


purity copper at —196°C, and this type delayed creep 
has also been observed by Kayako Hirano in high 
purity copper involving many successive discontinuous 
strain increments over prolonged periods of time. 
These discontinuous creep steps appear to be related 
to the delayed yielding recently observed in copper,@® 
and may be interpreted in terms of piled-up dis- 
locations breaking through barriers on the discon- 
tinuous generation of dislocations. 
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Creep of high purity copper at 
showing delayed yielding. 


196°C 


4. DISCUSSION 
The principal feature exhibited by the data obtained 
in this the temperature 
dependence of the stress required to produce a 
The temperature dependence 


investigation is strong 
plastic strain of 
of the 10-6 yield is too large, even for copper, to be 
explained by current theories of friction forces on 
dislocations or in terms of the resistance to activation 
dislocation Furthermore, if the 


of a generator. 


resistance to initiation was caused by the presence of 


the 10-6 should 


increase greatly with prior plastic flow; only a small 


intersecting dislocations, vield 
increase was noted after a small plastic flow, and the 
vield did not continue to increase even with large 
deformations. In addition, the energy 
for the forest mechanism should involve the energy 
for the formation of a jog, and copper, which has the 
higher jog formation energy,“ should exhibit a 


activation 


greater temperature dependence than aluminum. 
It is evident that some other effect must determine 
the temperature dependence for the initial yield, and 
it is proposed that the ease of dissociation of glide 


dislocations in the materials controls the initiation of 


plastic flow. 

Let us consider the stress required to initiate slip in 
an unworked crystal. The passage of about 100 dis- 
locations through the crystal is sufficient to provide a 
strain of 10-®, and the 10-® yield stress of about 
30 p.s.i. (2 106 dyn/cm?) observed for copper and 
aluminum single crystals at room temperature thus 


approaches the stress to start the slip process. We 
shall assume that the dislocation length is not increased 
at the very onset of slip and that none of the initially 
applied strain energy is expended in increasing the 
length of the dislocation loops already present. If we 
consider that the initial obstacle is the creation of a 
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source by overcoming the line tension of a dislocation, 
the initial stress is given by o = ub/l where y is the 
shear modulus, b is the Burgers vector, and / is the 


length of the unpinned dislocation line. For copper, 


taking o = 2 dyn/em?, 4.8 « 10" dyn 
em? (see Table 2) and b = 2.5 « 10-8, this requires a 


value of / = 6 x 10-%em. The density of dislocations 
in the annealed crystals, measured by etch pit and 
X-ray rocking curve methods* is about 107/cm? and it 
seems unlikely that loops of this size would exist. 
Furthermore, the 
arises from that of the elastic constants and this is 


only temperature dependence 
clearly insufficient. 

The frictional force on a dislocation arising from 
the lattice forces is not easily calculated, and the 
stress required to overcome this has been approxi- 


mated as: 


exp | (1) 


(1 y) 


where v is Poisson’s ratio, and w is the width of the 
If the width of the dislocation is taken as 


the distance between partials for an extended dis- 


dislocation. 


location, e.g. w is about 10-7 em in copper, the initial 
stress is close to the observed value, but the tempera- 
ture dependence is still insufficient. 

Extended dislocations are generally assumed to 
move together as a unit on the application of a force. 
It is now suggested that one of the partials moves 
forward first by a distance equal to its Burgers vector, 
extending or shrinking the stacking fault and that the 
other then moves to restore the equilibrium separation. 
Thus, for slip to start, a non-equilibrium amount of 
stacking fault must be formed, and it is suggested 
that this process is thermally activated. A schematic 
representation of this mechanism is shown in Fig. 6. 


(111) Plane 


I 2 (211) 


(b) (c) 


Motion of partial dislocations on application 


of stress: 
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(a) Initial position of partials. 

(b) One partial has moved forward, resulting in an 
extension of the stacking fault. 

(c) Other partial moves forward under influence of 
applied stress and elastic attraction. 


* These measurements are described in another paper. 
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The partial dislocation | forms the outer part of a 
dislocation loop of unit length and the partial II 
forms the inner. The equilibrium width of the 
stacking fault. w, is increased to the non-equilibrium 
width (w — b,) as the outer partial moves forward 
under the influence of the applied stress o and then 
returns to w as the second partial follows along. 

The additional area of stacking fault is b,, where b, 


is the Burgers vector of the partial and its energy of 


formation is given by: 

U,=b,y, (2) 
where y is the unit stacking fault energy. The energy 
supplied to the partial by the applied stress is: 


U,, = ob,?, (3) 


m 


where o is the resolved initial shear stress. Since the 
energy required for the fault formation is much 
greater than that supplied by the applied stress, the 
additional energy for the dislocation motion must be 
supplied by thermal activation. 

Consider that » lavers of slip planes are associated 
with the stacking fault, and the number of atoms per 
unit length of dislocation involved in the first motion 
of the partial is thus n/b. Assuming an average 
thermal energy per atom of k7’, the thermal energy of 
these atoms is thus: 


U (n/D)kT. (4) 


t 


Under thermal activation the probability of forming a 


new stacking fault is: 


P = Cexp (U,/U,) = C exp (bb, y/nkT). (5) 


In the case of f.c.c. lattices it is reasonable to assume 
that the stacking fault will extend over three layers 
on each side of the slip plane, since it would require 
three planes to re-establish the original stacking 
sequence. Thus, taking n= 6, b= a/y/3, and 
b, = a4, 6, where a is the lattice parameter and 
considering the stress to initiate plastic flow a, as 
proportional to the activation probability: 


= A exp [a*y/(35.1)T], (5a) 


where a is given in Angstrom units and y in ergs/em?. 

The resultant values of the stacking fault energies 
calculated from the slopes in Fig. 2 are listed in 
Table 3. The value of 30 ergs/cm?* for copper is close to 
the calculated value of 40 ergs/cm*, and the value of 
100 ergs/cm? for aluminum is reasonably close to the 
calculated value of 200 ergs/em? @ in view of assump- 
tions involved in this model and in the calculations. 
It is evident that this approach leads to reasonable 
values of stacking fault energies and provides a basis 
for understanding the large temperature dependence 
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TABLE 3. Stacking fault energy 


Material y (ergs/em?) 

High purity polycrystal 27 
High purity copper—single crystal 24 
average 25 

OFHC copper—polyerystal 6 
High purity aluminum—polyerystal 94 
High purity aluminum—single crystal 106 
average 

2S (1100) aluminum 94 


of the yield. Thermally activated extensions of 


stacking faults may be considered as a chemical 
contribution to the Peierls-Nabarro frictional force. 
In accordance with the model presented here this 
effect is more important than the physical displace- 
ment of a dislocation from its equilibrium position. 
The argument here has been applied to f.c.c. metals 
but it should hold for h.c.p. metals also. 

It is interesting to note that the impurities in OFHC 
copper appear to lower the stacking fault energy 
(Table 3) but they increase the value of the 10-6 
yield stress in comparison with high purity copper. 
These effects may result from the presence of the 
impurities in solution. On the other hand, the 
impurities in aluminum do not appear to affect either 
the stacking fault energy or the 10-® vield and the 
metallographic evidence suggests that the impurities 
may be present principally in the form of precipitates. 

Body-centered cubic metals offer an interesting 
situation since it is well known that the 10~® yield of 
these metals increases by a factor of 5 or 6 between 25 
and —196°C. Fig. 7 shows values of the 10~® yield of 
low carbon ferrite."*) The data at high temperature, 
where the initial vield is due to slip, do not fall on a 
straight line as required by this model. On this basis it 
does not appear likely that the glide dislocations 
dissociate. However, at low temperatures, where the 
vield initiation is caused by twinning the data do 
seem to satisfy the model. It is probable that mechani- 
‘al twinning requires a dissociation of dislocations 
and a stacking fault energy would thus be involved. 

Assuming the twinning plane to be (112), a stacking 
of six planes on each side of the dissociation plane 
would be required to restore the original sequence and 
thus n = 12. Taking b, as a/2\/3 and the spacing of 
planes in the [110] as a/(y/ 2) the value of the stacking 
fault energy y is determined to be 112 ergs/em?. 

The situation in iron is anomalous in comparison 
to that in copper and aluminum. Copper has a low 
stacking fault energy and has been observed to 
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= 


YIELD (I0psi) 


o Average Grain Diameter 
=0!l4mm 

0 Average Grain Diameter 
=O.!l mm 


10-® yield of low-carbon ferrite according to 
Hahn et a/.?), 


deform by twinning at low temperatures. Aluminum 
has a stacking fault energy close to that of iron, 
but mechanical twinning has not been observed in 
aluminum whereas it occurs readily in iron. It is 
possible that the probability of initiating a twin in 
iron is greater since it is easier for glide dislocations to 


dissociate out of the plane of slip to form twins 
whereas glide dislocations in aluminum cannot do 
this without a much greater expenditure of energy. 
The large temperature dependence of the initial yield 
at high temperatures may result from carbon locking 
or from the necessity of initiating cross slip in order to 
accommodate the multiple slip systems which are 
active. 
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SELF-DIFFUSION OF ALPHA-IRON IN A LARGE TEMPERATURE GRADIENT* 
W. G. BRAMMER®* 


Experimental results of an attempt to measure the thermal gradient self-diffusion in iron are given. 
A temperature gradient of 2500°C/em was placed on each of three iron samples for 550 hr. Platinum 
wire markers were placed 0.01 in, apart, normal to the sample length; the marker spacings were mea- 
sured before and after the diffusion anneal. No marker shift greater than the 0.0001-in. probable error 
was observed: whereas marker shifts of the order of 0.001 in. were anticipated from theoretical calcu- 


lations. Each of several alternative possible conclusions which may be drawn from these results are 


discussed: (1) self-diffusion in x-iron is not via a vacancy mechanism, or (2) if the vacancy mechanism 


predominates in x-iron, then either (a) the activation energies for formation, £,, and migration of 
vacancies, E,,, are nearly equal, or (b) the role of the barrier atoms must be explicitly considered in the 
process of thermal activation for an atom jump in a temperature gradient, in which case the mass flow 


is not proportional to the difference in E, and E The model of thermal gradient self-diffusion is 


m* 


discussed and several experiments are suggested. In addition, a calculation is given for the dependence 
of thermal gradient self-diffusion on the separation of vacancy sources and sinks, using parallel grain 
boundaries normal to the temperature gradient as the only sources and sinks which are important. 


AUTODIFFUSION DU FER ALPHA DANS UN GRADIENT IMPORTANT DE TEMPERATURE 
L’auteur expose les résultats expérimentaux obtenus au cours d'un essai de mesure de gradient 
thermique d’autodiffusion dans le fer. Trois échantillons de fer ont été soumis pendant 550 heures a un 


gradient de température de 2500°C/em, Des repéres en platine ont été placés a des distances de 0,01 


inch normalement A la longueur de l’échantillon. Les écartements des repéres ont été mesurés avant 


et aprés le recuit de diffusion. L’auteur n’a pas observé des variations de l’écartement des repéres 


supérieures a lerreur probable de la mesure (0,0001 inch) bien qu'un calcul théorique ait permis de 


prévoir des variations de ordre de 0,001 inch. 
L’auteur discute ensuite les différentes conclusions qu’il est possible de tirer de ces résultats: 


(1) lautodiffusion dans le fer x n’est pas un mécanisme qui fait intervenir des lacunes. 
(2) si effet des lacunes prédomine dans le fer x alors les énergies d’activation pour la formation (£,) 


et la migration (F,,,) des lacunes sont quasi égales ou bien le rdle des atomes formant les barrieres inter- 


vient explicitement dans le mécanisme d’activation thermique permettant un saut atomique lorsqu il 


existe un gradient de températures; dans ce cas, la masse en mouvement n’est pas proportionnelle a 


la variation E, et E,,. L’auteur discute encore du modéle d’autodiffusion dans un gradient thermique 


et il suggére de nombreuses expériences, 
En outre, il expose un calcul permettant de déterminer leffet de lautodiffusion dans un gradient sur 


la séparation des sources de lacunes et des puits. 
Pour ce faire, il considére comme seules sources et puits importants, les frontiéres de grains paralléles 


qui sont normales au gradient de température. 


SELBSTDIFFUSION VON «-EISEN BEI GROBEM TEMPERATURGRADIENT 


Die experimentellen Ergebnisse eines Versuchs, die Selbstdiffusion von Eisen in einem Temperatur- 


gradienten zu messen, werden mitgeteilt. An drei Eisenproben wurde 550 Stunden lang ein Temperatur- 
gradient von 2500 C/em angelegt. Senkrecht zur Langsrichtung der Proben wurden Marken aus 
Platindraht in Abstanden von 0.01 in. angebracht; der Abstand der Marken wurde vor und nach dem 
Diffusions-Gliihen gemessen. Es wurde keine Verschiebung einer Marke beobachtet, die iiber den 
wahrscheinlichen Fehler von 0.0001 in. hinausging; auf Grund theoretischer Uberlegungen dagegen 


erwartet man Verschiebungen der GréBenordnung 0.001 in. Die Schliisse, die sich aus diesen Experi- 
menten als Alternativen ziehen lassen, werden diskutiert: (1) Die Selbstdiffusion in x-Eisen beruht 
nicht auf einem Leerstellenmechanismus, oder (2), wenn der Leerstellenmechanismus in «-Eisen 
vorherrscht, sind entweder (a) die Aktivierungsenergien fiir Bildung, #,, und fiir Wanderung von 
Leerstellen, E,,,, nahezu gleich, oder (b) die Rolle der Atome, die beim Sprung eines Atoms im Temperatur- 
gradienten die zu iiberwindende Schwelle bilden, mu beim ProzeB der thermischen Aktivierung 
explizit beriicksichtigt werden; in diesem Fall ist der Massenstrom nicht der Differenz von EF, und £,, 
proportional. Das Modell fiir die Selbstdiffusion im Temperaturgradienten wird diskutiert und mehrere 


Experimente werden vorgeschlagen. Zusatzlich werden Rechnungen dariiber angestellt, wie die 
Selbstdiffusion im Temperaturgradienten vom Abstand der Versetzungsquellen und -senken abhangt; 
dabei werden als einzige Quellen und Senken von Bedeutung parallele Korngrenzen senkrecht zum 
Temperaturgradienten angesehen. 


1. INTRODUCTION that the interdiffusion of atoms in these systems takes 

The Kirkendall effect, which has been observed ina place by a defect mechanism. Based on the calcula- 
large number of metal systems,“~*® strongly implies — tions of the energies of the formation of vacancies and 
interstitials,” diffusion by vacancy flow appears to be 


* Received December 8, 1959. This research was supported the predominating mechanism. The formation of 
by the U.S. Atomic Energy Commission. voids, apparently by precipitation of vacancies on the 
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iilitinn Ton. side of the faster diffusing species of the Kirkendall 
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diffusion couple, tends to confirm this viewpoint. 
Sintering experiments involving mass transport also 
frequently require a defect mechanism of diffusion in 
many pure metals systems. ® 

If the vacancy mechanism of diffusion is assumed to 
operate ,the elementary atomic jump frequency may be 
calculated by considering the product of the proba- 
bility, P,, that an atom site adjacent to the jumping 
atom is vacant and the probability, P;. that this atom 
has the required energy to jump over the potential 
barrier to exchange places with the adjacent vacancy. 
Since both probabilities are governed by Boltzmann 
statistics, the resulting diffusion coefficient is 

D = Do exp [—(E, + E,,)/kT}, 
in agreement with empirical observations. Here EF, 
and £,, are the activation energies for formation and 
migration of vacancies, respectively, k is Boltzmann's 
constant, and 7’ is the absolute temperature. 

A simple extension of this theory has been made by 
Shockley™, Brinkman‘®) and LeClaire’ for self- 
diffusion of the metal placed in a temperature gradient. 
A slightly expanded version will be given here. The 
expression for the rate of net mass transport in the 
temperature gradient case is similar to the expression 
governing ordinary Kirkendall diffusion"?! except 
that the concentration gradient is here replaced by 
the temperature gradient and the direction of marker 
flow is dependent upon the difference in activation 
energies for formation and migration of vacancies 
rather than the difference in the two atomic diffusion 
coefficients. A discussion will be given of the limi- 
tations of the diffusion model, the extent of the 
expected net mass transfer (and corresponding marker 
movement) and of the failure to observe an effect in 
iron outside the limits of experimental error. 


2. MODEL 


The following assumptions are made for our model 
of diffusion in a close-packed metal lattice placed in a 
temperature gradient: (1) the only defect important in 
the diffusion process is the vacancy, (2) the tempera- 
ture difference, AT’, between adjacent lattice planes 
normal to the temperature gradient, (d7')/(dx), is 
given by AT = (dT)/(dx)A, where / is the lattice 
spacing, and (3) the concentration of vacancies at any 
point in the lattice at a temperature, 7’, is the same as 
that which would exist in a lattice isothermally at this 
temperature (see Fig. 1). This last assumption is 
examined in detail in the Appendix. It is there shown 
that only a slight error is involved if the separation of 
sources and sinks is relatively large compared to atomic 
dimensions but small compared to the usual sample 


size. 
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Fic, 1. Lattice configuration in temperature gradient. 

Lattice sites (1) and (3) in two adjacent equivalent 

planes, which are normal to the temperature gradient, 
are separated by a barrier plane of atoms. 


The flux, J,,, of atoms in plane (1) at temperature, 
7, jumping to an equivalent site in plane (3) at tem- 
perature, 7’ — AT’, occupied by a vacancy is given, 
using Boltzmann statistics, by the product of the 
probability that an adjacent lattice site is vacant and 
the probability that the atom has the energy required 


to jump: 


Ji3 = P,(3) P,() 
| f | | 
A \ex B lex (1 
Lar AT) II | 
The probability of an atom jump in the opposite 


direction is similarly given by 


E 


Js, = P,()P,(3) 


| | E,, |} 
A =x B x 2) 
| LT | LMT T) ( 


The net flux of atoms flowing toward higher tempera- 


tures is given by the difference 


J —I 
Since AT’ is small, the exponentials can be expanded 
as 
AT 
E,, (1 —— 
7 
L kT 


The net current now becomes 


| 
J = AB exp | i 3) 
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Using the second assumption, the resulting net atom 


flow is 


J = AB 


1\/dT\ E, 

7 dx kT 

The constants 4 and Bare related to the usual diffusion 

theory frequency factor, Dy, ie. D,/2?? = AB. 

Furthermore, E, E,. is the activation energy 

for self diffusion. Thus. 


E,—E,1(1\(dT 


The net flow of atoms calculated above gives rise to 
a redistribution of atoms which results in the accumu- 
lation and loss of lattice sites in different parts of the 
crystal. Inert markers placed in the crystal provide a 
convenient means of measuring the number of lattice 
sites between fixed points since any accumulation or 
loss of lattice sites between such inert markers is 
reflected in a change in the marker spacings. Just as 
in the normal Kirkendall effect, the marker spacings 
are measured before and after a diffusion anneal, which 
in the present case occurs in a temperature gradient. 
Since all other quantities in the flow equation are 
known for the experimental conditions imposed, the 
change in marker spacing should provide a good 
measure of the relative values of E, and E,. 

The marker spacings increase at the high tempera- 
ture end if the net atom flow is up the temperature 
gradient, a case which arises if 2, is greater than E),. 
Conversely, a decrease in the high temperature marker 
spacings results if £, is less than E,,. No change in the 
marker spacings occur if £,, = E,. The change in 
spacing, AV,,, between any two markers i and j at 


any time ¢ is given by 
AM ,; — J;), (6) 


where / is the lattice spacing and J, and J, are the net 
atom flow rates past the ith and jth markers as deter- 
mined from equation (5). 

In f.c.c. metals, theory indicates that 2, should be 
divided nearly equally between E,, and £,.4") For 
instance, Buffington and Cohen“ have predicted that 
E,, should be approximately 0.6 of E,. A large number 
of experiments have been performed to determine 
these energies, but some uncertainty about the relative 
and £, still persists.”>) The 


measured values of range from 0.4E,, to 0.6E£ 


magnitudes of EF 


m 


Buffington and Cohen” also predict that vacancies 
are formed relatively easier in b.c.c. than in f.c.c. 


metals. A more asymmetric division of the self- 
diffusion energy has been predicted" in’ which 
E,, ~ 0.85E,. Sodium is the only b.c.c. metal in 
which a division of £, into two parts has been experi- 
mentally determined.“® The migration energy of 
vacancies in Na is believed to be about 0.152.706!” 
in direct contrast to these predictions. 

The possibility of a very asymmetric division of EF, 
makes any b.c.c. metal with a reasonably large 
diffusion coefficient a logical material for the tem- 
perature-gradient self-diffusion experiment. However, 
the possibility still exists that the self-diffusion process 
in b.e.c. metals is ring diffusion,“® in which case no 
marker movement is to be expected. Observations of 
the Kirkendall effect in the b.c.c. phase in two diffusion 
couples, a titanium—molybdenum couple@® and a 
couple consisting of two different /-phase brass 
alloys,@® indicate that a defect mechanism of inter- 
diffusion is involved in these systems. Thus, the model 
developed above is expected to apply to b.c.c. metals. 


3. EXPERIMENTAL PROCEDURE 
AND RESULTS 

Iron and copper were chosen as typical b.c.c. and 
f.c.c. metals in which the temperature-gradient 
influence on self-diffusion was to be studied. Only 
work on iron has been completed. Copper presents 
more imposing experimental difficulties due to its 
high thermal conductivity. 

The b.c.c. %-phase of iron extends to 910°C. In 
order that the diffusion coefficient be as large as 
possible, a top temperature of 900°C was desired. 
Platinum wires, 0.001 in.-0.0015 in. diameter, were 
chosen as the smallest practical wires to be used as 
markers. It was then necessary to select the cross- 
sectional area of the sample to be large relative to the 
marker in order that the marker should not interfere 
with the diffusion process. However, it was also 
necessary to restrict the cross-sectional area of the 
sample so as to obtain a large enough temperature 
gradient to allow measurable marker migration in 
reasonable times. With these considerations in mind, 
samples of 0.040-in. diameter and 0.125 in. long were 
fabricated. The platinum wires could be placed in the 
sample, in a manner described below, such that the 
probable error of forty measurements of the marker 
spacing change was 0.10 « 10-4 in. 

Platinum wires, 0.0015 in. diameter, were imbedded 
in a }-in. diameter, 3-in. long iron rod. The wires 
which passed through the center of the cylinder 
normal to the cylinder axis were 0.010 in. apart. 

The positioning of these wires was accomplished by 
placing them in 0.0015-in. square parallel grooves in 
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Fic, 2. Schematic of the experimental arrangement. 
Insert (b) is a lengthwise section of a typical sample, the 
dots corresponding to wire markers. 


the half cylinder, covering with a complementing 
half cylinder, and sintering the assembly in an argon 
atmosphere. To determine the wire spacing at the 
center of the cylinder, the cylinder was sectioned 
lengthwise at right angles to the sintered interface. 
The wire ends were exposed on this surface. The 
center of the cylinder was approached by carefully 
polishing 0.005 inch from the surface between each 


set of measurements of marker separation. These 
‘“‘before’” measurements were obtained using the 


vernier eyepiece of the microscope on a Tukon hardness 
tester with a total magnification of 230. Again a 
complementing half cylinder was sintered to the half 
cylinder containing the wires. The final sample shape 
was fabricated by making a single lathe cut to 0.040 in. 
for a distance of } in. along the sample. This reduced 
section housed the marker wires and was the section 
across which the temperature gradient was applied. 
A }-in. diameter, } in. long top section was preserved 
and used as the heat source for the gradient section of 
the sample. The sample and experimental arrangement 
are shown schematically in Fig. 2. Wires were placed at 
the hot end where there was no temperature gradient 
and inthe colder part of the temperature gradient where 
the diffusion coefficient was very small, to establish 
stable reference points for the expected marker shift in 
the high temperature part of the gradient. 

The thermocouple which provided the signal to the 
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magnetic amplifier continuous controller was placed 
deep within this top to a point about 0.050 in. from 
the top end of the gradient section of the sample. 
Heat was supplied to the top end of the sample by a 
tantalum ribbon-filament which was wrapped around 
the top in close proximity. The Joule-heated filament 
(30 to 40 A) radiated to the top section of the sample; 
the gradient section of the sample conducted heat from 
the top section to a water-cooled base, thereby estab- 
lishing a temperature gradient in the sample. A 
radiation shield and a Lavite insulation spacer were 
placed between the hot filament and sample top and 
the To 
tantalum radiation shield in the form of an open- 


water-cooled base. reduce heat losses a 
bottom box was placed over the sample top and fila- 
ment. The Pt—Pt,10°,, Rh thermocouple was encased 
in a molybdenum sheath, within the sample top and 
led out of the radiation shield through Morganite 
thermocouple tubing. The bottom of the sample was 
fitted friction-tight into the water-cooled base which 
remained around 80°C, as measured by a chromel— 
alumel thermocouple also imbedded in the base. The 
temperature gradient in the sample of 2500°C/cm was 


The 


vacuum pressure around the sample was maintained 


maintained for the 550-hr duration of the run. 


at less than 10-® mm of Hg. 
After a run each sample was cast in Lucite and 
Each 


sample was polished and etched before every set of 


sectioned perpendicular to the wire markers. 


measurements of the marker spacing. 0.005 in. was 
removed from the surface between each set of readings. 
The average of three sets of reading composed the 
after-run marker spacings, which were compared with 
the before-run measurements on the same sample. 
The comparisons between “before” and “‘after”’ 
measurements on each of the samples revealed no 
change in the marker spacings greater than the prob- 
able error of these measurements. The expected 
marker movement at 900°C relative to a marker in the 
cold end or in the isothermal part of the hot end was 
0.001 in. equation (6), 
the 
assuming that EF), 


evaluating 
coefficient 


by 
self-diffusion 
O.S5E,. 


obtained 


using known and 


4. DISCUSSION 
Shewmon”!) and Cahn‘??? have both found similar 
negative results in other systems. Shewmon failed to 
detect any surface 
indentations in a zine bar heated for 480 hr in a 310°C 


changes in spacing between 
cm temperature gradient. Cahn also failed to detect 
any marker shift in silver heated in a 1000°C/em 
temperature gradient. 

The negative results in each case may result from 
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the use of inappropriate markers, although there is 
much the and 
Lidiard*) have suggested that if each face of a surface 


evidence to contrary. Howard 
indentation marker can act as a source and sink for 
vacancies, then during a vacancy flow under a tem- 
perature gradient one face of the indentation absorbs 


The 


indentations would then move in such a manner as to 


vacancies while the other face emits vacancies. 


exactly compensate for the addition of lattice planes 
between each pair of indentations, i.e. the indentations 
would be carried with the atom flow and no relative 
changes in their spacing would occur. They also 
suggest that a hole, which contains a marker wire, and 
also the wire may be carried along in a similar manner, 
which requires that the surface of the hole be a source 
and sink for vacancies. 

There is experimental evidence which is in dis- 
agreement with the latter argument. Barnes ef al.‘*") 
have found in alpha-particle irradiated copper that 


inclusions do not act as sources for vacancies. Small 
pores were observed to act as vacancy sources, but 
they rapidly close and lose this capability. Grain 


boundaries and external surfaces appear to supply all 
of the vacancies that are required for the formation of 
helium gas bubbles which were formed. 

Additional confidence in the propriety of wires as 
markers in temperature gradient self-diffusion is 
gained from results of the extensive experimental 
study of a large variety of markers by da Silva and 
Mehl which has shown that the Kirkendall effect is not 
dependent upon the form or kind of marker material 
used. Any explanation of the negative results in b.c.c. 
iron appears more likely to be found in one of the 
following reasons: 

(1) Insufficient sources and sinks for vacancies exist 

in the iron sample. 

(2) The vacancy mechanism of diffusion is not 
important in z-iron. 

(3) The division of E, is E,,, = E, in z-iron. 

(4) FE, and £, are not the appropriate quantities to 
be used in the theory of thermal gradient self- 
diffusion, but instead two other closely related 
energies should be used. 

Each of these possibilities will now be considered in 
turn. 

(1) The possibility that a quasi-equilibrium situation 
might be established within single crystals (or large 
grains) such that the predicted flow of vacancies 
ceases must be considered before it is reasonable to 
consider the other LeClaire™ has 
pointed out that a low rate of production and annihil- 
ation of vacancies compared to the diffusion flux, as 


possibilities. 


might be expected in large crystals, would lead to 
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this condition. A calculation is included in the Ap- 
pendix which indicates that even if grain boundaries are 
the only sources and sinks of vacancies, the deviation 
from the predictions of equation (5) is very slight, 
even though the third assumption in the derivation of 
the expression is equivalent to the assumption of 
atomically dispersed sources and sinks. The contri- 
bution from isolated dislocations, which would further 
assist thermal gradient diffusion, is ignored in this 
calculation, although there is evidence that such 
isolated dislocations may provide all of the vacancies 
required in the normal Kirkendall effect, since the 
effect has been observed between two metals composed 
of large 

(2) The possibility exists that the vacancy mecha- 
nism is not the important mechanism of self-diffusion 
in b.c.c. iron. In this case the temperature-gradient 
Kirkendall theory does not apply and the marker 
movement would not be expected. There is no direct 
evidence to support the vacancy mechanism of self- 
diffusion in z-iron; thus the failure to observe marker 
movement could be evidence for another mechanism 
of self-diffusion in z-iron. It should be noted that the 
discontinuous drop by a factor of 300 in the diffusion 
coefficient?” at the phase change from b.c.c. iron to 
f.c.c. iron could be explained by a different diffusion 
mechanism in the two phases. 

(3) The uncertainties in the calculations of Buffing- 
ton and Cohen" leave the possibility open that the 
activation energies E, and EF, are nearly equal. 

(4) The activation energy which is supplied during 
the atom jump can logically be split into various 
parts.°8) For an atom jumping toward higher 
temperature, these parts are: 

(a) The extra kinetic energy £,,’, supplied to the 

jumping atom at a temperature, 7’. 

(b) The energy, F,, supplied to the barrier atoms at 

(AT)/2, 


between the initial and final position of the 


a temperature, 7 which are midway 
jumping atom, in order that the jumping atom 
may pass. 

(c) The energy E,, required to open up the relaxed 
vacancy, at a temperature, 7’ — TAT’, so that it 
‘an accommodate the jumping atom. 
The activation energy of vacancy migration under 
these considerations might be expressed as: 


+ 7 
E,, E E, E 


If the model is redeveloped using this division of £,,,, 
the term (£, — E,,) in equation (5) is replaced by 
(E,’ — E,,’), where E,’ = E, + E,, is the formation 
energy of an unrelaxed vacancy. It should be noted 


n 


that £, does not appear in this expression because it 
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enters symmetrically for atom jumps up or down the 


temperature gradient. Although £), may be some- 


what larger than E, for isothermal self-diffusion in 
x-iron, it is quite possible that 2,’ and E,,’ may be 
nearly equal, in agreement with the present experi- 
mental results. It is not known how large the terms 
are which may make up £,,,, but it appears that some 
corrections to the theory should be made along these 
lines. It should be noted that any arbitrary separa- 
tion of L,, into parts as done above cannot be observed 
in isothermal self-diffusion. 


5. CONCLUSIONS 

The results of this experiment permit one to draw 
at least one of the following conclusions: 

(1) The mechanism of self-diffusion in z-iron is not a 
vacancy mechanism. 

2) If this vacancy mechanism of self-diffusion pre- 
dominates in z-iron then either, 

(a) The activation energies for formation and 

migration of vacancies are equal to within 0.1 eV. 

(b) The quantities similar to £,, and EF, are nearly 

equal, 

If the interpretation of this experiment is to be 
made more definitive, additional information about 
the various energies, and the process of self-diffusion 
in z-iron is needed. Sintering type diffusion data 
would be useful for comparison with available tracer 
diffusion data in z- and y-iron to determine the 
diffusion process in each phase. If self-diffusion can be 
established to occur by a vacancy mechanism in 
x-iron, then attempts should be made to determine EF, 
and E,, in z-iron. Studies of recovery of property 
changes brought about by excess vacancies which 
have been introduced by irradiation, cold-work or 
quenching could help to determine E, and E,,. The 
latter two alternative conclusions may then be resolved 
on the basis of these determinations. 
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Meu., J. Metals, N.Y. 5, 


Grain boundaries as sources and sinks for VACANCES 

It is generally believed that external surfaces, grain 
boundaries and isolated dislocations act as sources and 
sinks for maintaining the thermal equilibrium concentra- 
tion of vacancies in crystals. Where a large flux of 
vacancies is expected, as in thermal gradient self- 
diffusion, LeClaire’) has pointed out that, if grain 
boundaries are too widely separated, a quasi-equilibrium 
condition may become established and the diffusional 
flux of vacancies would cease. LeClaire ignored the 
source-sink contributions of isolated dislocations in such 
large, well-annealed single crystals. In the model 
adopted here for the calculation of vacancy flow for a 
specific distribution of sources and sinks the additional 
contribution by isolated vacancies is disregarded; only 
the contribution from a very simple grain boundary 
configuration is considered. The grain boundaries are 
considered as a series of parallel internal surfaces normal! 
to the temperature gradient and separated by a distance, 
A. Grain boundary diffusion along the temperature 
gradient is also ignored. The essential difference between 
this model and the one used implicitly in Section 2 
is that, rather than every lattice plane acting as a source 
or sink, only those planes separated by a distance A have 
such capabilities. It is necessary to consider only the 
flux of vacancies between two of this series of parallel 
grain boundaries in our calculation. This boundary-value 
problem is one-dimensional under these assumptions. 
The grain size, A, is a parameter which may be varied in 
order that the effects of finite grains may be determined. 

The grain boundaries are located at x lL, and a L, 
which corresponds to the absolute temperatures, T, and 
T, respectively, such that the temperature gradient is 
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(T, T,)/A. A temperature 
It is assumed that 


(T, 
T = 0 is taken at the position « = 0. 
the thermal equilibrium concentrations of vacancies are 
maintained at the grain boundaries. The concentration, 
which is a function of «, remains constant for all time. 
The boundary conditions are 


E, I 
A exp | A exp | } (A 1) 
C(lo) A exp er, A exp I, ) (A 2) 
0 (A 3) 
ot 
where 
kx 


The equation for the vacancy flux at an arbitrary point, 
xv, located between the grain boundaries, is 
E 


E m | 
B exp [ 
( 


The interplanar distance is 2 and E,,/(kx) = Q, since 
V-gZ, (dC)/( et) 0, J, constant. This is obviously 
required since the current must be the same throughout 


C(x (A 4) 


Bi exp | (A 5) 


the grain due to the absence of sources and sinks in the 


grain interior. 
We can integrate equation (A 5) by writing it as 


d ( 
exp | exp 4 (A 6) 
x dx x 
where Ky Bi 
Integrating expression (A 6), 
( Ps 2¢ 
C exp é Ko exp A exp —.(A 7) 
a l, 


The constant of integration has been evaluated using 
boundary condition, equation (A 2). Using the boundary 
conditions (A 1), equation (A 7) becomes 

[ (Q (Q P) 
A | exp exp — 
] 1, 
2¢ 


dx’ exp | 


K (A8) 


The integral in equation (A 8) may be integrated in the 


following manner: 


Put 1, A, and 
(2¢ 
F(A) | exp (A 9) 
Jt,-—A 
Let x L, AZ, then 
20) 
F(A) =A | dZexp [ (1 ] (A 10) 
J0 


or, by algebraic manipulations, 
F(A) A exp exp | Za(1 


(A 11) 
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ZA" 
Now, put y z(1 or Z ] 
so that dZ E 1 ] dy - 
1 


Therefore, 


2¢ 
A exp — | 


In the present experiment A//, is small, so that terms 
in the denominator in equation (A 12) may be set equal 
to one and the approximate form of expression (A 12) 
can be immediately integrated, 


fi 2¢ 
F(A) A exp exp 


2¢ 
20 exp | | A) 1] . (A 13) 


dy. (A 12) 


F(A) 


The numerator of equation (A 8) can be expressed 
similarly in 
( 
exp (“—~) — exp 
lo 


( 
exp i exp | 4)| . (A 14) 


The vacancy current is then given by 


(P Le | i2 4) 
2) 
[exp (724) 7 (A 15) 


> 0, the part in brackets becomes 


24BQ 
x] 


exp 


In the limit as A 


Q—P 
20 , and equation (A 15) reduces to the negative of 
the expression for the current for atomically dispersed 


sources and sinks as given by equation (5) of Section 2. 


That is, -/,, J. 

By expanding the exponentials in the brackets, the 
equation (A 14) can be put into the form of equation (5) 
except multiplied by a correction factor, C.F., which is a 
function of A: 


aX 
C.F. A 16 
bA 
2! 3! var 
where a ——-; b 
12 kT? kT? 


Values of the C.F. are given in the following table for 
grain sizes which bracket the average grain sizes of 
0.005 em found in an z-iron in the present experiment. 
The activation energies used were = 2.15 eV and 


E, 0.45 eV. 


A 
0.01 em 0.75 
0.005 em O.87 
0.002 em 0.94 


? 
Wh 
} 
VC 
8 
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PHASE TRANSFORMATIONS IN CERIUM* 


C. J. MCHARGUE and H. L. YAKEL, Jr.+ 


The room temperature crystal structure of cerium which has not been cooled to lower temperatures is 
face-centered cubic. The face-centered cubic structure transforms upon cooling to a hexagonal close- 
packed structure (c/a 3.239) with a ABAC stacking sequence of close-packed planes. This trans- 
formation has many of the typical martensitic characteristics. The transformation starts at 263 

10°K. At 100°K, that portion of the face-centered cubic phase which has not transformed to hexagonal 
close-packed begins to transform to a second face-centered cubic phase with a volume decrease of 16.5 
per cent. The kinetics of this transformation also resemble that of the martensite reaction. Below a 
temperature between 77° and 43°K the hexagonal structure appears to also transform to the collapsed 
Plastic deformation at any temperature suppresses the transformation to the hexagonal 
Deformation below 100°K favors the 


cubic form. 
form and may even cause it to revert to the normal cubic form. 
collapsed cubic form. Thermal cycling produces more of the hexagonal phase than can be obtained on 
one cooling. After a large number of cycles, neither the hexagonal nor normal cubic phase will transform 
to the collapsed cubic phase upon cooling. Plastic deformation at 4.2°K removes the thermal cycling 


effects. 


DE PHASES DANS LE CERIUM 


TRANSFORMATION 
La structure cristalline a température ambiante du cérium qui n'a pas été refroidi a des températures 
En refroidissant, la structure cubique a faces centrées se 
3,239) avec une séquence d’empilement A BAC 


inférieures est cubique a faces centrées. 
transforme en une structure hexagonale compacte (¢/a 
Cette transformation a plusieurs caractéristiques de la transformation 
10°K. A 100°K, la portion de la phase 


des plans les plus habités, 
martensitique typique. La transformation commence a 263 
cubique & faces centrées qui n’a pas été transformée en phase hexagonale compacte commence a se 
transformer en une seconde phase cubique a faces centrées avec une diminution de volume de 16,5. 
En 


La cinétique de cette transformation ressemble également a celle de la réaction martensitique. 

et 43°K il apparait que la structure hexagonale se transforme 
La déformation plastique 4 haute température supprime la trans- 
La déformation en dessous de L00°K favorise la forme cubique 


dessous d’une température entre 77 


également en phase cubique dense. 


formation qui donne la forme normale. 
Le cyclage thermique produit une quantité de phase hexagonale supérieure a celle qui se forme 
Aprés un grand nombre de cycles ni la phase hexagonale, ni la phase cubique normale 
Une déformation plastique a 4,2°K 


dense. 


en un cycle. 
ne se transforment en refroidissant en la phase cubique dense. 


supprime les effets du cyclage thermique. 


BEL ZERIUM 


PHASEN-UMWANDLUNGEN 
Bei Raumtemperatur ist die Kristallstruktur von Zerium, das nicht auf tiefere Temperaturen abge 
Bei Abkiihlung verwandelt sich die kubisch-flachenzentrierte 
3.239) mit einer ABAC-Folge von dichtgepackten 


kiihlt wurde, kubisch-flachenzentriert. 
Struktur in eine hexagonal-dichtgepackte (¢/a 
Diese Umwandlung hat viele typisch martensitische Eigenschaften, sie beginnt bei 263 

sich der Teil der kubisch-flachenzentrierten Phase, der sich nicht in die 


Ebenen. 
K. Bei 100°K wandelt 
hexagonale struktur verwandelt hat, in eine zweite kubisch-flachenzentrierte Phase um, wobei dic 
Auch bei dieser Reaktion ahnelt die Kinetik der der Martensitreaktion. 
und 43°K liegt, scheint sich auch die hexagonale Form 


Volumabnahme 16.5%, betragt. 
Unterhalb einer Temperatur, die zwischen 77 
in die kollabierte kubische umzuwandeln. Plastische Deformation bei beliebiger Temperatur unter 
driickt die Umwandlung zur hexagonalen Form und kann sogar eine Riickbildung der kubischen 
bewirken. Deformation unterhalb 100°K begiinstigt die kollabierte kubische Form. Bei zyklischem 
Erwarmen und Abkiihlen erhalt man eine gréBere Menge an hexagonaler Phase als beim einfachen 
Abkiihlen. Nach einer gréBeren Anzahl von Zyklen wandelt sich weder die hexagonale noch die normale 
kubische Phase bei Abkiihlung in die kollabierte kubische um. Plastische Verformung bei 4.2 K 
beseitigt die Wirkungen der zyklischen Temperaturbehandlung. 


INTRODUCTION properties of metals and their electronic structures. 
is a great deal of interest in systematic In general, the metals of this group have three 
electrons and differ in the 


There 
investigations of the rare earth elements in order to valence or conduction 
study relationships between the physical and chemical degree to which the incomplete 4/ level is filled. 
There has always been some question as to the 


* Received October 21, 1959; revised version December 18, . ‘ ; 
crystal structure of cerium present under various 


1959. 
t Metallurgy Division, Oak Ridge National Laboratory, ¢onditions of temperature, pressure, 


operated for the U.S. Atomic Energy Commission by Union Bs : : 
Hull™ in 1921 reported cerium powder to contain 
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both a face-centered cubic* and a hexagonal close- 


packed (ca = 1.62) phase at room temperature. 


Klemm and Bommer®) noted that the intensities of 


the lines indexed on the basis of a simple hexagonal 
close-packed structure were not in agreement with 
calculated intensities but apparently did not consider 
their evidence to be sufficiently conclusive to justify 
reporting a different structure. Later workers have 
often reported both the face-centered cubic and 
hexagonal close-packed phases to be present at room 
temperature.“ The work 
appears to be that of Spedding et al. who give the 


best crystallographic 
room temperature form of 99.9 per cent pure cerium as 
face-centered cubic with a, = 5.1612 A. 

Studies of physical properties by Trombe and 
Foex-®® established that three phases appear in the 
temperature range between 77K tem- 
In 1949, Lawson and Tang”® showed by 


and room 
perature. 
means of a high-pressure X-ray camera that two 
face-centered cubic phases were present in cerium at 
room temperature at a 15,000) atm. 
They noted a volume difference of 16.5 per cent in the 
two phases, confirming earlier estimates of Bridgman 


pressure of 


who deduced a transformation from compressibility 
Sturdivant“ 
showed two face-centered cubic phases to exist at 
77°K and 1 atm in a limited X-ray study. Recently, 
pressure-temperature diagrams have shown the low 


measurements. Schuch and 


temperature—low pressure “collapsed” cubic phase to 
be the same as the room temperature—high pressure 
denser cubic phase." The explanation given for 
the existence of a second face-centered cubic structure 
with a smaller volume has been in terms of the 
movement of the one 4f electron to the conduction 
1.48.19 Such a view has also been used to explain 


(20—22) 


banc 
anomalies in specific heat, magnetic suscepti- 
bilities,°?-*® and resistivity measurements. 

In none of the studies has the nature of the trans- 
formations been examined and in many cases inter- 
pretation of the results has been hindered by the lack 
of knowledge concerning the crystal structure of the 
phase or phases present. The object of the present 
study was to establish the conditions under which the 
various phases appear, and to study the nature and 
kinetics of the transformations. 


PROCEDURE 
The cerium used was of the highest purity available 
and was loaned by the Institute for Atomic Research, 
Iowa State College. The as-received metal was melted 
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in a dynamic vacuum of 10-*mm Hg to reduce 
further volatile impurities and to outgas. Tantalum 
crucibles were used, and specimens subsequently heat 
treated were wrapped in tantalum foil. A typical 
analysist of a specimen after being melted and 
annealed gave 0.006 Mg, 0.012 Si, <0.006 Ca, <0.025 
Fe, 0.018 O, 0.001 N, and 0.005 H (per cent). All 
other elements were below limits of detection. 

X-ray observations were made on polycrystalline 
sheet specimens in the temperature range 4.2-475°K 
using copper A-alpha radiation. The cryostat used 
in the temperature range 77-475° allowed observa- 
tions to be made on both heating and cooling.?” A 
modified version of Barrett’s cryostat'*®) was used for 
temperatures below 77°K. The surface of the speci- 
men in each cryostat could be plastically deformed by 
scratching at any temperature. 


RESULTS 

Transformations in an annealed specimen. Since the 
behavior of a given specimen was found to be influ- 
enced by its thermal and mechanical history, the 
results for an annealed sample will be discussed first. 
Most of the results were obtained on specimens 
annealed for one hour at 625°K in a vacuum of 10~-® 
mm Hg or better. 

The room temperature crystal structure of all 
annealed specimens which had never been cooled to a 
cubic with 


was face-centered 


5.15 A. As the specimen was 


lower 
lattice parameter a) = 
cooled a second phase was found to appear at 263 
+ 10°RK. 

The pattern of the second phase was found to 
index to a hexagonal unit cell with dimensions of 
a) = 3.68 A, cy = 11.92 A and c/a = 3.239 at 298°K. 
The diffraction data for the first 19 lines are listed in 
Table 1. 
packed unit cell, with four atoms in the positions 
(0,0,0), (0,0,1/2), (1/3,2/3,1/4) and (2/3,1/3,3/4) of 
space group P6,/mme. The relative intensities of the 
reflections the 
vi a| F|?m Lp where F is the structure factor, m is the 
multiplicity factor, Z is the Lorentz factor and p is the 
polarization factor. Typical X-ray diffractometer 
traces for copper A, radiation showing the lines for the 
face-centered cubic and the hexagonal phase at 195°K 


temperature 


The structure is a double hexagonal-close- 


were calculated from expression 


are given in Fig. 1. 

Thus the observations of Klemm and Bommer 
that perhaps the c-axis ought to be doubled are 
confirmed and the hexagonal phase in cerium is 


(2a) 


* The adjective ‘‘face-centered cubic” (f.c.c.) will be used 
throughout this paper to denote a cubic close-packed (A-1) 
crystal structure. 


+ Mg, Si, Ca and Fe were determined by spectrographic 
analysis, O, N and H were determined by the vacuum fusion 
method, 


ara 
‘ 
VO 
19 
= 
& 
ay 
~ 
: 


TABLE |, X-ray diffraction data for cerium 
hexagonal phase 


Observed 
Calculated 


d(A) Rel. intensity 
intensity 

0002 . 0 0 
1010 3.186 6 7.8 
1011 3.078 40 43.3 
0004 2.980 35 34.7 
1012 2.810 100 100.0 
1013 2.486 26 23.7 
1014 2.177 4 5.3 
0006 0 0 
1.910 10.7 
1120 1.840 24 25.0 
1122 — 0 0 
1016 1.686 18 21.1 
2020 _ 0 1.0 
2021 1.579 10 5.7 
1124 1.566 30 29.4 
2022 1.539 7 15.6 
1017 1.502 3 4.8 
0008 1.490 3 4.1 
2023 1.479 3 4.5 


Copper K-alpha radiation 
A= 1.5418 A 
isomorphous to the hexagonal forms of lanthanum, 
praseodymium, and 
The amount of f.c.c. cerium which transformed to 


McHARGUE anp YAKEL: PHASE TRANSFORMATIONS IN Ce 634 


the h.c.p. form is shown as a function of temperature 
by the cooling portion of the curve of Fig. 2. The 
amount of each phase was calculated from integrated 
X-ray intensities with an estimated accuracy of about 
5 per cent. No isothermal transformation was ever 
observed for periods of time greater than 10 min and 
less than 24 hrs. (Ten minutes represents the time 
required to change the temperature and obtain the 
X-ray data.) In all cases, the amount of h.c.p. 
appeared to depend only on the degree of cooling 
below (263 — 10°K). 

There is a pronounced and reproducible break in the 
f.c.c. > h.c.p. curve in the vicinity of 240°K. The 
rate of transformation for a given temperature 
interval changes markedly at this point. For example, 
Fig. 2 shows that in the 25° interval between 7’, and 
this “knee,” 65 per cent of the f.c.c. phase in the 
625°K annealed specimen transformed to h.c.p. but 
only an additional 15 per cent transformed in a 145° 
interval below 235°K. 

The effect of annealing temperature on the f.c.c. — 


* T, will be used to denote the temperature at which the 
first amount of transformed product was observed. 


| re) 
foc’ 
= 
fc.c = 
| - A is 
68 
| 4 


| Ss | a | 
+ 
| 
| 
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Fic. 1. Typical X-ray diffractometer traces of cerium. Copper Ky radiation. 
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ANNEALED AT 625°K 
ANNEALED AT 925°K 
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Fic. 2. Amount of face-centered cubic phase versus temperature in an annealed specimen. 


The 


specimen 


h.c.p. transformation is also shown in Fig. 2. 
dotted 
annealed at 925°K and the solid line for a specimen 


curve represents results for a 
annealed at 625°K. The higher annealing temperature 
resulted in the initial portion of the curve being 
shifted to higher temperatures. This is probably a 
grain size effect, the larger grain size favoring a higher 
7... as in the case of cobalt.2 

The phenomenon of stabilization due to holding for 
some period within the transformation range was not 
observed. On the contrary it was found that inter- 
rupted cooling between 7, and 77°K resulted in more 
f.c.c. being converted to h.c.p. than was observed 
after direct quenches to 77°K. 

At 95° + 5°K, the f.c.c. 
transformed to h.c.p., began to transform to a second 


cerium which had not 
face-centered cubic phase (f.c.c.’) with a 16.5 per cent 


volume decrease. The positions of the diffraction 
lines for this phase are shown in Fig. 1 on the 77°K 
trace. The measured lattice parameter of this phase 
was 4.85 A at 77°K. 


transformation and the amount of f.c.c.’ appeared to 


Again there was no isothermal 


be a function of the degree of cooling below the 7’, for 
this reaction. It was established that only the f.c.c. 
phase transformed to f.c.c.’ in the range 95-77°K. 


However, at lower temperatures both the f.c.c. and 
h.c.p. phases appeared to transform to the more 
dense cubic form. In annealed specimens, the h.c.p. — 
and 43°K. 


Fig. 3 shows that a specimen which contained 60 per 


f.c.c.’ transformation began between 77° 


cent f.c.c.’, 32 per cent h.c.p. and 8 per cent f.c.c. 
after being quenched to 77°K, entirely transformed to 
f.c.c.’ after being further cooled to 4.2°K. 

The heating curve of Fig. 3 shows that the f.c.c.’ 
phase reverts to both the normal cubic and hexagonal 
phases. In many of the experiments, the collapsed 
cubic form transformed into about the same relative 
amounts of the two phases that had existed at 77°K 
just prior to cooling to 4.2°K. This 
might be interpreted as showing a memory effect 


observation 


whereby each f.c.c.’ grain reverts to its original 
structure. However, as will be discussed later there 
are other reasons to believe that this may not be so. 

Figure 2 shows the reversion of the low temperature 
phases h.e.p. and f.c.c.’ to f.c.c. For both phases, 
there is a large hysteresis, and the h.c.p. to f.c.c. 
transformation occurs only above room temperature. 
There is no break in the h.c.p. — f.c.c. transformation 
curve corresponding to that noted for the reverse 
process upon cooling. These data were obtained by 


100 
| 
80 | = 
| 
| 
bs} } @ f.c.c. 
« 40 f.c.c! 
a | = 4 h.c.p. 
ie) 20 40 60 80 100 120 140 160 180 200 220 240 260 280 300 


TEMPERATURE (°K) 


Fic. 3. 


Phase composition of annealed specimen as function of temperature upon heating. The points with 


arrows pointing to the left show the amount of each phase present at 77°K during the 


cooling portion of the experiment. 


4 
; 
U 
8 
19) 
i, 


McHARGUE YAKEL: 


AND 


TABLE 2. Transformation temperatures 
in cerium 
Transformation Start 


Finish 


f.c.c. — h.c.p.* 263 + 10 + 

h.c.p. — f.c.c. 37% 420 + 5 

f.c.c. — f.c.c.’ 96 + 5 near 4,2 

f.c.c.’ — f.c.c. 160 + 10 195 + 15 

h.e.p. — f.e.e.’ between 40 
and 77 

f.c.c.’ — h.e.p. 125 5 200 10 


* Specimens annealed at 625°K, 
+ Reaction never observed to go to completion. 


changing the temperature in 5—10° steps and the time 
at each temperature was 10-15 min. 

The temperatures for the start and finish of trans- 
formation for the various phase changes are sum- 
marized in Table 2. 

It was found that although the transformation 
from f.c.c. to h.e.p. had no isothermal component, 
reversion to the cubic phase did have a small iso- 
thermal component. This was shown in a specimen 
which contained only the f.c.c. phase at room 
temperature after a 625°K anneal. The specimen was 
cooled to 77°K where it contained 12 per cent f.c.c., 
30 per cent h.c.p. and 58 per cent f.c.c.’.. At 388°K the 
specimen was held for a total of 360 min while the 


{10.2} h.e.p. and {200} f.c.c. X-ray reflections were 
recorded. At a two-theta scanning speed of 2° per min 


it took 2 min to record these two lines. As is illus- 
trated in 


and 50 per cent h.c.p. during the time interval 


Fig. 4, the specimen contained 50 per cent 
f.c.c. 
2-4 min. The amount of cubic phase increased to 60 
per cent at the end of 28-30 
constant during the next 330 min. The temperature 


min and remained 


was then raised by 6°, and it was found that an 


100 
80 
a 
28-360 min 
2 60 
2 min 
© SA 
z 40 
“ 20 
a 
= 
S 

300 320 340 360 380 400 420 
TEMPERATURE (°K) 
Fic, 4. Transformation of h.c.p. to f.c.c. as function 


of temperature and time. 
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additional 8 per cent had transformed during the 
first 5 min. 

The fact that the 
ceased after a relatively short time indicates that it is 


isothermal transformation 
due to relief of the transformation stresses produced 
by the first grains to transform. One of the possible 
self-stopping mechanisms for the growth of trans- 
formation products is the distortion of the matrix 
the of the 
recovery of the matrix would be expected to allow 


near interface. Relaxation stresses or 
further growth of the plates of the new phase. Ap- 
parently such recovery cannot occur at temperatures 
below about 250°K and no isothermal transformation 
occurs upon cooling. 

Effects of plastic deformation. 


was found to have a 


Plastic deformation 
marked effect on the trans- 
both 


Deformation of the f.c.c. phase always inhibited the 


formation from f.c.c. to h.e.p. and f.c.c.’. 
transformation to h.c.p. Fig. 5 shows the course of 
transformation to f.c.c.’ in a specimen where the h.c.p. 
phase has been completely suppressed by deformation 
above 7. The specimen was annealed and then 
given a reduction in thickness of 50 per cent by 
rolling at room temperature. Comparison of this 
figure with Fig. 2 shows that this deformation had 
little effect on of f.c.e.’ 


subsequently transformation 


either the amount phase 


formed or on the 
temperatures. 

Plastic deformation of the hexagonal phase appears 
to cause it to revert to the high-temperature cubic 
form. Annealed specimens were (a) deformed at 
199°K, (b) deformed at 


room-temperature after being cooled to 


and (c) deformed at 
The 
deformation in these experiments was performed by 
the 
vibrating tool. The results are summarized in Table 3 
the 


amount of hexagonal phase present. The appearance 


‘ye 
surfaces with an _ electric 


peening specimen 


and in each case show a marked decrease in 
of the lines in the X-ray pattern is shown in Fig. 6. 
Note that marked decrease in the intensities of (10.2), 
(10.3), (10.5) and (10.6) and the obvious increase in 
(111) and (222). Deformation at 77°K decreased the 
TABLE 3. Effect of deformation on cerium phases 


Deformation temperature 


Phase T7°K 298°K* 
Before After Before After Before After 
f.c.c. (%) 16 s 52 71 22 46 
h.c.p. (%) 74 4 48 23 78 54 
f.c.c.” (%) 10 49 


* Specimen cooled to 77°K then brought to 298°K before 
being deformed. 
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TEMPERATURE (°K) 
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Fic. 5. Amount of f.c.c. phase versus temperature in deformed specimen. 
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Fic. 6. Effect of deformation at 199°K on the X-ray pattern of cerium. (a) Before and (b) after deformation. 
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Effect of deformation at 77°K on amount of 


f.c.c, present. 


Fic. 7. 


amount of each of the h.e.p. and f.c.c. phase and 


increased the amount of f.c.c.’. 

It was possible to convert the entire specimen to the 
low temperature cubic form, f.c.c.’, by plastic de- 
formation at 77°K or lower. Fig. 7 shows that this 
required relatively large amounts 77K, 
e.g. a total of 5 min of peening. On the other hand, a 
few scratches with a tool built into the helium 
cryostat was sufficient to cause complete conversion 
at 4.2°K. Fig. 8 shows the behavior of a specimen 
initially containing only f.c.c. which was stabilized 


of work at 


against h.c.p. formation on cooling by room tem- 
perature deformation. Upon being cooled to 77°K, 
20 per cent of the volume transformed to f.c.c.’, and 
further cooling to 4.2°K caused a total of 80 per cent to 
transform to f.c.c.’. Deformation at 4.2°K caused the 
remaining 20 per cent of f.c.c. to transform to f.c.c.’. 
The heating curve shows complete reversion to f.c.c. 

Effect of thermal cycling. In a study of the magnetic 
susceptibility of cerium at low temperatures, Lock 
noted that the large thermal hysteresis loop in the 
temperature range 50-200°K gradually disappeared in 
(23) 


the course of experiments. The next cooling of a 


specimen which had been previously cycled 100 times 
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between a liquid hydrogen bath and room temperat ur 
resulted in very little hysteresis. At the same time the 

height of a maximum in the magnetic susceptibilit, 
curve at 12.5°K varied with the thermal history 

being the largest for the specimen thermally cycled 

These data were interpreted as showing less trans- 
formation to the f.c.c.’ upon each cooling cycle and the 
magnetic effects were ascribed to antiferromagnetism 
in the normal face-centered cubic phase. 

Similar cycling experiments were conducted during 
this study. Specimens were cycled 100 times between 
77K and room temperature and between 4.2°K and 
the 
contained more (75-90 per cent) of the hexagonal 


room temperature. In each Case specimen 
close-packed phase at room temperature than had 
been produced by any other treatment. No changes 
were noted upon cooling again to the lowest temper- 
ature reached during cycling. As is shown by the data 
f.c.c." phase appeared at 77°K in 
106th 
appeared in specimen 3 during the LOIst cooling to 
4.2°K. 


stabilize the h.c.p. phase in the temperature range 


in Table 4, no 


specimen | during the cooling and none 


Thus the effect of thermal cycling was to 


where the cycling occurred and to suppress the f.c.c. — 
f.c.c.’ transformation. However, cooling below the 
cycling range again resulted in a decrease in the 
amount of h.c.p. and f.c.c. phases. Specimen 2 which 
contained only the h.c.p. and f.c.c. phases at room 
temperature and 77°K after LOO cycles to 77°K 
transformed to 64 per cent f.c.c.’ wpon being cooled to 
4.2°K. 

Since the present thermal cycling experiments to 
4.2°K resulted in most of the specimen being con- 
verted into the hexagonal form which did not trans- 
form upon subsequent cooling, it was thought that the 
magnetic effects noted by Lock at 12.5°K oceurred in 
the hexagonal phase. A neutron diffraction study 
carried out in cooperation with members of the ORNL 
Physics Division showed this to be the case.2!) These 
results will be published in detail elsewhere. 

In each of these experiments, plastic deformation at 
4.2 or 77°K caused a large amount of both the f.c.c. 


and h.c.p. phases to transform to f.c.c.’, Furthermore, 
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Effect of deformation at 4.2°K on transformation of a specimen previously deformed at 298°K. 
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TABLE 4. Results of thermal cycling experiments 


Specimen | 


Per cent 
Observation 
Condition 


temp. f.c.e. | h.c.p, | f.c.c.’ 

298 Annealed 100 
298 l evcle to 77 80 20 

77 2nd cooling 10 40 50 
298 106 eyeles to 77 15 85 

77 107th cooling 15 85 

77 Above deformed at 77 10 50 40 
298 Heated 50 50 

77 Cooled 9 D5 36 


Specimen 2 


298 Annealed 100 
298 100 cycles to 77 36 64 
77 101st cooling 27 
4.2 Above cooled 10 26 64 
60 40 
77 102nd cooling 50 50 
4.2 15 80 
4,2 Above deformed 5 95 


Specimen 3 


298 Annealed 100 
298 100 eyeles to 4.2 10 90 

ae cooling 10 90 

4.2 1Olst cooling 10 90 

4.2 Above deformed 5 15 80 
298 Above heated 85 15 


after having been deformed, specimen 1 behaved on 
subsequent heating and cooling as if it had never been 
cycled. When specimen 3 was heated from 4.2°K, the 
f.c.c. phase produced by plastic deformation trans- 
formed only to f.c.c., contrary to the usual case where 
it transformed to both h.c.p. and f.c.c. phases (Fig. 3). 
DISCUSSION OF RESULTS 

The transformation from the face-centered structure 
to the four-layer repeat hexagonal form in cerium has 
the 
transformation in 


face-centered cubic— 
It therefore 
seems reasonable to examine the mechanisms proposed 


many similarities to 


hexagonal cobalt. 


for the latter transformation for clues to the behavior 
of cerium. 


CUBIC STACKING: 


ABCABCABC 


1960 


It is convenient to use the notation of stacking 
operators introduced by Frank for the description of 
lattices made up of close-packed planes. The symbol 

’ is used to represent the transition between two 


adjacent planes in the A BC direction and /\ is used to 


represent the opposite sequence, e.g. CBA. Thus a 
face-centered cubic lattice is 7VVV..., the 
hexagonal close-packed structure is... \Y A 


and the four laver he xagonal close- packed structure 
The transi- 


of cerium is ... \/‘ 
tion from one lattice to peeeree can occur by glide on 
parallel planes in the (1010 211 

If the glide displacement is repre- 


hexagonal or 
cubic directions. 
sented by the vector v, then \/ — v—> /\ 

A model for the transformation is shown in Fig. 9. 
As illustrated by Sebilleau and Bibring®®, the cobalt 
transformation consists of a succession of identical 
glide motions on every other plane while the cerium 
transformation requires successive glide on two 
adjacent planes and no glide on the next two planes in 
the stacking sequence. 

Since the above formal description of the structures 
involves glide movements, Christian“) proposed 
based on the 
In order for the layer of 


mechanism for cobalt movement of 
Shockley partial dislocations 
transformed material to grow into the 


moving 


face-centered 
matrix, he suggested that half-dis- 
be reflected into the second next 
It seems unlikely that such 
and Basinski and Christian 


cubic 
locations would 
plane at boundaries 
reflections can occur, 
have proposed a dislocation mechanism similar to 
that of Cottrell and Bilby®® for mechanical twinning. 
This dislocation node theory, which has been further 
developed by Seeger®3® , suggests the transformation 
begins from individual extended dislocations (Shockley 
partials) which are anchored at a screw dislocation 
extending into the hexagonal region along the c-axis. 
fotation of the half dislocation about the point of 
emergence of the screw advances the hexagonal region 
by two planes for each turn Although this theory 
explains many features of the cobalt transformation, 
there are reservations about its completeness.(°37) 
Sebilleau and Bibring prefer the concept of the 


ABCABCABC 


OPERATORS: VVVVVVVYV 

“Sk ++ ++ 

GLIDE MOVEMENTS: Vv Vv Vv Vv Vv Vv 

OPERATORS: VAVAVATVA VAAVVAAYV 


HEXAGONAL STACKING: 


COBALT 


Model showing glide 


Fic. 9. 


ABABABABA 


ABACABACA 


CERIUM 


movements for transforming face-centered cubic lattice to hexagonal close-packed. 


Wh, 
Pat 
Vo) 
VC 4 
1 OF¢ 
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displacement of Shockley half-dislocations sponta- 
neously created at the interphase boundary during the 
transformation. 

It can be seen from Fig. 9 that the conversion of the 
face-centered cubic stacking sequence ABC into the 
double-hexagonal A BAC sequence is equivalent to the 
introduction of a positive Frank partial dislocation. 
According to Read®? such a dislocation possibly 
could be formed by the combination of a Shockley 
partial with a total dislocation on an intersecting slip 
plane. If the resulting 1/6 (411) partial splits and the 
Shockley partial glides away from the sessile positive 
Frank partial, it leaves behind a two-layer fault 
connecting it with the Frank partial in which the 
On the other side of the 
Shockley partial is a one-layer fault. 


stacking sequence is A BAC, 


The above picture provides a means for nucleating 
and growing a thin layer of the hexagonal phase but 
does not explain the growth normal to this layer. It 
appears that this normal growth might occur by the 
continuous formation of layers by dislocation inter- 


actions—a procedure somewhat similar to the view of 


Sebilleau and Bibring cited above. 

The dislocation node theory is also geometrically 
possible for the growth of the hexagonal phase. The 
transformation dislocation in this case is equivalent to 
a Shockley partial on each of two neighboring planes. 
Each revolution of this dislocation about a screw 
existing in the hexagonal phase converts the face- 
centered cubic A BC stacking into one unit of A BAC. 

The effect of deformation on the stability of the 
h.c.p. phase is unusual. Plastic deformation which is 
varried out at temperatures as much as 200°K below 
T’, (f.c.c. 
revert to 


> h.c.p.) appear to cause the h.c.p. phase to 

the Further 
studies of this phenomenon are planned. 

The cubic-cubic’ transformation is unique in that 


high temperature form. 


there is a large (16.5 per cent) volume change but no 
change in crystal structure. When it first became 
known that two such phases existed, Zachariasen®? 
and Pauling” suggested that the transformation was 
a consequence of a transition of the one 4f electron to 
the conduction band. Varley *) concluded from a 
study of the factors controlling coefficients of volume 
expansion in pure metals that there are two iso- 
morphous states possible differing only in volume. 
From an analysis of the paramagnetic scattering in 
the neutron diffraction study cited earlier, it was 
concluded that there is one magnetic electron in the 
4f) (?F;,2) electronic state in both the room tempera- 
ture cubic and hexagonal close-packed phases and no 
electrons in this state in the collapsed cubic phase. 
Thus both the f.c.c. — f.c.c.’ and h.c.p. — f.c.c.’ trans- 
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formations are directly related to an electron transition 
from the bound state to the conduction band. Since the 
transformation from f.c.c. to f.c.c.’ involves a change 
in the effective ion size, a simple mechanism might be 
envisioned which requires only a hydrostatic shrinkage 
of the lattice. 
study is planned for determining what 


A low temperature metallographic 
type of 
interface exists between the two cubic structures. 
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EVAPORATION AND THERMAL ETCHING* 
E. D. HONDROS and A. J. W. MOORE+ 


Measurements of the loss of weight during thermal etching of silver have been compared with estimates 
of the mass of silver which would have to be removed to produce the etched structure (valley capacity). 
Up to about 5 hr etching time at 900°C the two figures correspond. After this there is little change in the 
valley capacity of the surface, although silver continues to be removed at a constant rate. 

If net evaporation is prevented by heating the silver in air in a silver container, a polished surface will 
not become etched and an etched surface will become smooth. Thus, it is concluded that net evaporation 
is necessary to produce and to maintain the thermally etched structure and that the tendency to establish 
a minimum of surface energy is not the driving force of the process, 


EVAPORATION ET ATTAQUE THERMIQUE 


Des mesures de pertes en poids lors d’une attaque thermique de l’argent ont été comparées avec les 
pertes estimées en argent qui a dui étre enlevé pour produire la structure attaquée (volume des vallées). 
Pour un temps d’attaque jusqu’a 5 heures 4 900°C, les deux valeurs correspondent. Aprés ce temps, 
il y a un petit changement de volume des vallées de la surface, quoique la vitesse de l’enlévement de 
largent reste constante. 

Si Pon évite ’évaporation en chauffant largent 4 lair dans un récipient en argent, une surface polie 
ne sera pas attaquée et une surface attaquée sera lisse. Ainsi on a conclu qu'une évaporation est 
nécessaire pour produire et maintenir la structure attaquée a chaud et que la tendance pour établir un 


minimum d’énergie de surface, n'est pas la cause du processus, 


VERDAMPFUNG UND THERMISCHES ATZEN 
Messungen des Gewichtsverlustes waihrend thermischen Atzens von Silber wurden verglichen mit 
Abschatzungen der Menge an Silber, die man zur Erzeugung der Atzstruktur entfernen miiBte (Volumin- 
halt der Taler). Bei bis zu fiinfstiindigem Atzen bei 900°C entsprechen beide Zahlen einander. Danach 
andert sich das Volumen der Taler wenig, obwohl weiter Silber mit konstanter Geschwindigkeit entfernt 
wird. 
Verhindert man Verluste durch Verdampfen, indem man das Silber in einem Silberbehalter in Luft 
erhitzt, so wird eine polierte Oberflache nicht geatzt und eine geatzte wird glatt. Es wird daher gesch 
lossen, daB ein Masseverlust durch Verdampfen nétig ist, um die thermische Atzstruktur zu erzeugen 
und aufrecht zu erhalten, und daB die Tendenz, ein Minimum der Oberflachenenergie zu erreichen, nicht 


die treibende Kraft des Prozesses ist. 


1. INTRODUCTION 

When a metal is heated in oxygen at a partial 
pressure below that at which an oxide film visible in 
the microscope is formed, then the surface may show 
a characteristic striated structure. Thermal etching 
has been studied most extensively on silver, although 
it has also been observed with many other metals such 
as copper, platinum, cadmium, a nickel-chromium 
alloy ete.”) It occurs when silver is heated in air for 
some hours at temperatures near its melting point. 
Moore’) has shown that the system of striations 
consists of parallel ridges with a “‘saw-tooth” section. 
In the case of silver the plane exposed on one side of 
the ridges is either {111} or {100} depending on the 
orientation of the original surface, while the plane 
exposed on the other side of the ridges is, in general, 
one of high indices (complex plane). Further, the 


angle between the complex plane and {111} or {100} 


* Received September 17, 1959; revised version November 
30, 1959. 

+ C.S.1.R.O. Division of 
Melbourne, Carlton, Victoria, Australia. 
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respectively was found to be independent of the 
orientation. 

Leroux and Raub in 1930) observed that a loss in 
weight accompanied the formation of striations when 
silver was heated in a stream of oxygen. However, in 
hydrogen no surface change occurred and no weight 
loss was recorded. It was concluded that oxygen 
attacked certain crystallographic planes preferentially 
and that the oxide immediately volatilized, thereby 
exposing the more heavily attacked planes. Similarly, 
Elam in 1936 showed that copper, thermally etched 
by heating in air at a pressure of 0.5 mm Hg, revealed 
facets of {100} and {110} planes. Other experiments 
showed that the oxide was 
necessary, either in the body of the metal or as a 


presence of cuprous 
surface layer, before etching would occur. Here also a 
mechanism of preferential oxidation of certain planes 
followed by evaporation of the oxide was proposed. 
However, if certain planes of low indices are pre- 
ferentially oxidized, all equivalent planes should be 
exposed on etching, thus giving a pitted structure, as 
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in solution etching, rather than a system of parallel 
ridges. 

In 1948 Chalmers et al. in a systematic study of the 
part played by oxygen in the thermal etching of 
facets in silver, proposed that the amount of silver lost 
by evaporation is so small that the etched structure 
remains in equilibrium with the gaseous phase. Thus, 
the etched surface is one of minimum total surface 
free energy. The idea was further developed by 
Moore"), who deduced the energy relationships which 
would therefore exist between the exposed planes and 
also between the etched surface and the original 
surface. The observed angles between the exposed 
planes were found to be consistent with these relation- 
ships. 

If equilibrium conditions prevail, the substantial 
weight losses reported by Leroux and Raub are 
surprising. To check this fact the losses of weight of 
single crystals of silver during thermal etching have 
been measured and it is shown in this paper that the 
weight losses are closely related to the form of the 
etched contour. It is also shown that the tendency to 
establish a minimum of surface energy is not the 
driving force of the process. 


2. EVAPORATION LOSS AND THERMAL 
ETCHING 
(a) Experimental procedure 

The measurements of the loss of weight were carried 
out on single crystals in order to avoid anomalies 
occurring at grain boundaries. The flat crystals of 
total surface area of about 20cm? were grown in 
graphite moulds from silver of 99.995 per cent purity 
hy the method described by Sosnovsky'®. They were 
electropolished in a complex silver cyanide solution’? 
before being heated in an atmosphere containing 
OX\ gen. 

The crystal used in these experiments has an 
orientation such as to reveal {111} facets on etching. 
Since the angle between the {111} and the complex 
plane was found to be 33°, the pole of the complex 
plane lies on the are shown in the stereographic 
projection of Fig. 1. The particular crystal whose 
orientation is marked in this figure has the advantage 
that the angles of tilt which the two planes make to 
the surface are approximately equal and _ hence 
greater accuracy is achieved in the estimate of the 
volume contained in the valleys between the ridges. 

The crystal was heated for a given time in a closed 
horizontal tube furnace in a slow current of air which 
was passed through a saturated solution of potassium 
permanganate in sulphuric acid, then over soda 
asbestos and then through a liquid air trap. Before 
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reve) 
Fic. 1. Stereographic plot of the orientation of 
specimen selected for evaporation studies. 
and after heating, the specimen was weighed to 
-0.05 mg and the formation of facets was observed 
microscopically. After representative fields had been 
selected and photographed it was replaced in the 
furnace for further etching. 
(b) Valley capacity 
The mass of silver originally contained in the valleys 
of the etched surface (this will be termed the “‘valley 
capacity” of the etched surface) can be estimated from 
a micro-examination and a knowledge of the angles 
of tilt of the exposed planes. Fig. 2 shows a typical 
area of the crystal whose surface is oriented 14° to the 
{111} plane. It was etched at 900°C for 287 hr. The 
curving of the striations indicates those parts of the 
surface containing local depressions or elevations, but 
these introduce only a small error in determining the 
average distance between the ridges. On an enlarged 
print of this field a line was drawn perpendicular to 


Fie. 2. 


A typical area on the single crystal after thermal 
etching for 287 hr at 900°C in air. The black bands are 
800 


the {111} facets. 
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HONDROS MOORE: 


Fic. 3. The profile of an etched surface. 


the striations and the intercepts of the boundaries 
between the two types of exposed planes were 
measured with a travelling microscope. The valley 
capacity was then estimated by two methods as 
follows: 

(i) From the measurements of the distances between 
valleys and ridges taken from the photomicrograph 
of the field shown in Fig. 2 and from a knowledge of 
the angles of the two sides of the ridges, a scale profile 
of a sample field was drawn on graph paper. This 
chart of approximately 30 ft length was laid out and 
the peaks were joined as for the line A to H of Fig. 3 
so as to preserve the major undulations of the surface. 
The area between this line and the profile of the 
surface was measured by “counting squares”. From 
this measure, the valley capacity of such a surface for 
the whole area of the crystal of 21.5 cm? was estimated 
to be 5.6 g. 

(ii) An approximation to the above surface can be 
made by joining the points A B, BD, DE, etc. of Fig. 3 
by straight lines as shown in detail in Fig. 4. The 
area of the triangle A BC is 


(xy/2)(tan + tan 


where x and y are the projected widths of the {111}! 

plane and complex plane facets respectively and x and 

p are the angles between the crystal surface and the 

{111} plane and the complex plane respectively. For 
i=n 

a representative part of length ¥ (x; + y,) of a typical 
i=1 

cross-section the total area A of m such triangles is 


A = (tan « 


Fic. 4. Geometrical approximation to a profile of an 
etched surface, 
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and hence the valley capacity (W) of a specimen of 
area A 


A 
W 


where p density of silver. 

For the example shown in Fig. 2, W = 5.3 « 10-*g. 

This the tedious graphical 
gray 


measurement and the method was used for subsequent 


compares well with 


measurements of valley capacities. 


(c) Results 
The valley capacities so determined after various 
periods of heating and the observed weight losses are 


plotted in Fig. 5 (a and b). The two curves are very 
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Fic, 5, Comparison between observed losses of weight 


and the calculated valley capacity of the etehed 
structures, after various periods of heating at 900°C 
in air, Specimen orientations as in Fig. 1. 
similar up to about 5 hr etching time. After this there 
is little further change in the valley capacity of the 
surface, although silver continues to be evaporated at 
a constant rate. 

Measurements of loss of weight and microscopical 
examinations of crystals of other orientations which 
had undergone prolonged etching, qualitatively 
confirmed the conclusion that the loss in weight was 


much greater than that required to form the valleys. 
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It was also found that crystals heated in a vacuum 
showed a loss in weight about 100 times greater than 
those heated in air at the same temperature and that 
the surface became covered with rounded pits. In 
nitrogen the evaporation rate was approximately 
double that in air and the surface remained smooth. 

In view of the extensive evaporation accompanying 
the 
designed to show how silver behaves when heated in 


thermal etching, further experiments were 
air under conditions in which no net evaporation from 


the surface occurs. 


3. EQUILIBRIUM CONDITIONS AND 
THERMAL ETCHING 


If silver is heated in air, in a sealed isothermal 
enclosure at atmospheric pressure, the weight loss 
should be only that necessary to establish the 
equilibrium vapour pressure for silver. The first 
attempts to obtain this condition were carried out on 
electropolished single crystals heated in silica tubes 
sealed at an air pressure which would correspond to 
760 mm Hg at 900°C. The silver became etched and 
showed a considerable loss of weight and the silica 
became yellow indicating that chemical reaction 
between silica and silver in the presence of oxygen 
took place and prevented the equilibrium vapour 
pressure being established. 

A suitable enclosure was therefore made of silver. 
A silver block which was cast in vacuo was bored to 
give a cavity about 15 mm dia. The crystal was hung 
freely from a hook set on the inside of a silver lid. As 
the enclosure was heated, air was expelled at the 
junction between the lid and block and when the 
working temperature was reached, the lid and block 
together, thus tight 
containing air at atmospheric pressure at the working 


welded giving a enclosure 
temperature. 

Experiments on crystals of various orientations 
showed that no losses of weight could be detected and 
in most cases thermal etching could not be detected 
even at high magnifications. The of the 
measurements on a crystal with a surface oriented 18° 
from the [111] pole and heated in air in the enclosure 
for 308 hr are given in Table 1 as an example. After 


results 


TABLE 1. Weight losses with and without an enclosure (surface 
area 5 cm?*), temperature 900°C, time 308 hr 


Experiment in 


Experiment in 
open air 


silver enclosure 
Weight before 


0.0001 
heating (g) 


0.0001 0.1787 


Weight after 
heating for 
308 hr (g) 


0.0001 0.1597 0.0001 
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Fic. 6. Most advanced etching observed on specimen 
heated in the isothermal silver enclosure. This was 
observed only on small area of surface. » 800 


being heated, most of the specimen appeared bright 
and smooth under the microscope. One small arez 
showed slight etching and Fig. 6 is a photomicrograph 
showing the heaviest etching on this small area. For 
comparison, the specimen was electropolished and 
suspended in open air in the same position in the 
furnace. After 308 hr the specimen was _ heavily 
etched (Fig. 7) and had lost 19 mg in weight. 

Experiments were also conducted on specimens 
which had been previously thermally etched in air. 
Fig. 8 shows a field on a polycrystalline specimen 
which was etched for 100 hr in air, and Fig. 9 shows 
the same field after the etched specimen was heated in 
a silver enclosure at 900°C for 100 hr. The ridged 
surface became smooth when net evaporation from 
the surface was prevented; however, the grain 
boundary grooves were retained. 


Fic. 7. 


Typical field on the same specimen as for Fig. 
6 after heating in open air. < 800 
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Fig. 8. 


Field on polycrystalline specimen after heating 
for 100 hr at 900°C in open air. 250 


In order to be sure that the oxygen in the cavity 
in the enclosure was not dissolved in the silver of the 
enclosure so that the concentration was reduced below 
that 
experiments were repeated with silver enclosures 


necessary to cause thermal etching, these 
which had been heated in air to 900°C for some hours 
so that the silver was saturated with oxygen. Again 
it was found that no etching would occur within the 


enclosure and an etched surface became smooth. 


4. DISCUSSION 


It is clear from Fig. 5 that in the initial stages of 


etching, the loss of silver is approximately equal to 
the silver which would have to be removed to produce 
the etched structure. In addition, when this loss is 
prevented, etching does not occur. Thus, net 
evaporation (either of silver or of oxide) appears to be 
the dominating mechanism for the formation of the 
etched structure. 

In Fig. 10 the original polished surface and the 
positions of the etched ridges below that surface after 
etching for various times are drawn to scale at depths 
deduced from the weight loss. After 287 hr of etching, 
the depth of the new etched profile below the original 
surface is approximately ten times the height of the 
etched ridges. Thus, during the later stages of etching, 
a new metal-vapour interface is continuously formed 


but the general shape of the etched surface remains 


unchanged. Moreover, when an etched surface is 
heated under conditions where there is no net 


evaporation, the surface becomes smooth. Thus, net 
evaporation from the surface is also apparently 
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Fic. 9. The same field as for Fig. 8 after the etched 
specimen had been heated 100 hr in air at 900°C in 
the isothermal silver enclosure, < 250 


the etched The 
results indicate that in any thermal etching operation 


necessary to maintain structure. 
there is a transport of metal through the vapour phase 
to a point where it is removed from the system. The 
sink for the vapour can be a part of the furnace ata 
lower temperature or can be a substance which will 
combine with the metal in the vapour, e.g. silica. 
The view was taken in an earlier paper’ that the 
shape of a thermally etched surface is determined by 
the relative surface energy of different crystal planes. 
However, in this case an etched surface should remain 
etched when heated in air in an isothermal enclosure. 
Thus this theory does not now appear to be justified in 


~ 
145 hr 
Plane~ 
— | = 
Complex. 
plune 287 hr 


Fic. 10. Relation between the depth of material 
removed and the relative widths of the facets exposed 
during each stage of thermal etching. 
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spite of the fact that it provided an explanation for the 
constancy of angle between the sides of the ridges. 
The grain boundary grooves which are formed when 
the silver is heated in air under conditions of no net 
loss by evaporation appear very similar to those 
produced after heating in an inert atmosphere under 
the 


present experiments true thermal equilibrium was set 


conditions where evaporation can occur. In 


up and the assumption which has been made by 
many previous workers, e.g. Bailey and Watkins‘). 
Greenough and King), that the groove shapes are 
determined by surface forces, appears justified. 
However, the groove angles produced under these 
conditions of true equilibrium have not been compared 
with the angles produced when evaporation can occur. 

It has been confirmed by the present authors that 
oxygen must be present before thermal etching to 
produce facets will take place. In vacuum, pits are 
formed in the surface and in an inert atmosphere 
(nitrogen) the surface becomes smooth. It would 
appear, therefore, that oxygen modifies the kinetics 
of the evaporation from different planes. Although 
bulk silver oxide decomposes at about 200°C in air, 
evidence for the interaction between oxygen and silver 
at much higher temperatures is available. Buttner 
et al." showed the effects of an oxygen atmosphere 
on the surface tension of silver at 900-960°C: and 
deduced that a {111} plane adsorbs 1.4 atoms of 
oxygen silver atom. Davies"! deduced from 
electrometric experiments and from the wetting 


characteristics of silver by mercury that silver heated 


per 


to high temperatures is covered by an oxide film 5 A 
thick. An intermediate view is given by Watanabe?), 
who concluded from electron diffraction evidence that 
had an film 
structure and not that of an oxide or of a close-packed 


silver oriented oxygen of complex 
monolayer. 

For those surface orientations of silver which have 
been shown to thermally etch? the ideal crystal 
surface will consist of relatively widely spaced 
monatomic steps. A large proportion of the surface 
will already consist of the plane of low indices which 
will be revealed when thermal etching takes place. 

The following mechanism can explain many of the 
experimental facts. On evaporation atoms will be 
removed from the step edges, thus causing a continual 
drift of the monatomic steps across the surface. With 
statistical fluctuations of the distance between steps, 
certain adjacent steps would group together but in the 
presence of an inert gas they separate again, whereas 
in oxygen it appears that these groups continue to 
grow. For this growth it is therefore necessary that 


their rate of drift should be either increased so that 
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they could overtake and adsorb the smaller steps or the 
rate should be decreased so that the smaller steps 
overtake them. The latter 
diagrammatically in Fig. 11. A possible role of the 
adsorbed oxygen would be in modifying the rate of 


should case is shown 


evaporation from any group of steps which have come 
together so that one of the above alternatives could 
occur. A further requirement for the grouping of the 
steps is that they should be continually moving in the 
same direction. When evaporation and reconden- 
sation are equal, as when an etched silver surface is in 
equilibrium with its vapour, the steps move randomly, 
the groups break up, and the surface becomes smooth. 
This general idea has been developed by Cabrera and 
Vermilyea™® and Frank” for solution etching where 
the time-dependent adsorption of impurities on the 
step faces (plane of low indices) can cause the grouping 
of monatomic steps as they move in the same 
direction. The sharp angles found at both the bottom 
of the valley and the top of the ridge in thermal 
etching are not, however, entirely consistent with 
their theory. 

The progression of steps has been observed by 
Newkirk®® in a study of the growth of mercuric iodide 
crystals. He observed curved growth lamellae of 
variable thickness (the order of thousands of Angstrém 
units) moving across the surface and proposed that the 
visible lamellae were the accumulation of many much 
thinner layers. We have observed similar lamellae 
produced by evaporation from thermally etched 
silver. Fig. 12 shows portion of {111} facet of a crystal 
with surface orientation only 2° from the [111] pole. 


(a) 
(b) 
= 
(c) 
= 
(d) 


Fie. 11. 


Growth of a complex plane by absorption of 
rapidly moving monatomic steps. 
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Fic. 12. Field on a ‘“‘decorated” {lll} plane of a 

thermally etched single crystal showing the presence 

of steps. The black band on the right represents the 

complex plane for a thermally etched crystal of this 
orientation. 2000 


After etching for 80 hr, the specimen was left near a 
piece of plasticine and “decoration” has apparently 
improved the contrast."“® Many fine lamellae are 
shown and they are kinked at points where it appears 
that their movement towards the black complex plane 
has been arrested by crystal imperfections. Further 
supporting evidence for the coalescence of steps is our 
observation that at the initial stages of thermal 


etching the facets are seen to grow by a coarsening of 
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facets. 

The “treads” of the monatomic steps which 
constitute an ideal crystal surface consist of thy 
particular plane of low indices which makes th 
smallest angle with the surface. As the steps coalesce: 
the “treads” widen out and this plane becomes the 
only one of its family which is revealed by the etching 
Thus the coalescence of steps explains how thermal 
etching takes the form of parallel ridges and how, in 
general, only one plane of simple indices is revealed 
However, as was shown by Moore), the angle 
between the plane of simple indices and the complex 
plane remains constant over a wide range of initial 
surface orientation and the problem still remains to 
explain this in terms of an evaporation mechanism. 


This work is being continued. 
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DISLOCATIONS AND BRITTLE FRACTURE IN ELEMENTAL AND 
COMPOUND SEMICONDUCTORS* 


M. S. ABRAHAMS and L. EKSTROM?* 


The predominant {110} cleavage plane of the I1Ib-Vb compounds has been explained by employing a 
dislocation model. This model postulates the formation and coalescence of Lomer dislocations to form 
(nucleate) a microcrack; cleavage results from the propagation of the microcrack. Unlike previous 
models, the one herein proposed is able to account for the unique three-fold symmetry of the crack 
pattern which results from indenting a (111) surface with a pointed, conical diamond. The fact that Ge 
only exhibits {110} cleavage under special conditions is attributed to a difference in structure of the 
Lomer dislocation between the [Vb elements and IIIb-Vb compounds. The occurrence of octahedral 
cleavage in the IVb elements is thought to be due to the growth of a microcrack resulting from the 
piling-up and coalescence of glissile dislocations on {111} planes. A combination of this mechanism with 
the one vielding dodecahedral cleavage accounts for cleavage on planes other than those of the {110} 
type in the IIIb-Vb compounds. 


DISLOCATIONS ET RUPTURE FRAGILE 


ELEMENTATRES 


DANS LES 
ET COMPOSES 


SEMI-CONDUCTEURS 


Le plan prédominant de clivage {110} de composés des groupes IIIb-Vb est expliqué au moyen d'un 
modéle de dislocations. Ce modéle postule la formation et la coalescence de dislocations de Lomer pour 
former (initier) une microfissure; le clivage est la conséquence de la propagation de la microfissure. 
Contrairement aux modéles antérieurs, celui proposé ici est en mesure de tenir compte de la symétrie 
ternaire unique du réseau de fissures, obtenues en pénétrant une surface (111) avec un diamant cénique 
pointu. Le fait que le Ge seul présente le clivage {110} dans des conditions particuliéres est attribué a 
la différence de structure de la dislocation Lomer entre les éléments du groupe IVb et les composés 
IIIb-Vb. On pense que la présence d'un clivage octaédrique dans les éléments [Vb est due a la croissance 
dune microfissure provenant de lempilement et la croissance de dislocations glissantes sur les plans 
(L11}. Une combinaison de ce mécanisme avec celui produisant un clivage dodécaédrique tient compte 
du clivage sur les plans autres que {110} dans les composés IIITb—Vb. 


VERSETZUNGEN UND SPRODBRUCH BEI HALBLEITERN AUS ELEMENTEN 
UND VERBINDUNGEN 

Das Vorherrschen der Spaltebene{110}bei IIIb-Vb-Verbindungen ist mit Hilfe eines Versetzungsmodells 
erklart worden. Dies Modell postuliert, daB Lomer-Versetzungen gebildet werden, sich vereinigen und 
so einen Mikrobruch bilden (Keimbildung); die Weiterentwicklung des Mikrobruchs fiihrt zur Spaltung. 
Im Gegensatz zu friiheren Modellen tragt das hier vorgeschlagene der einzigartigen dreizahligen Sym- 
metrie Rechnung, die das Spaltmuster beim Eindriicken eines spitzen konischen Diamanten in eine 
(111)-Flache zeigt. Die Tatsache, daB Ge {110}-Spaltung nur unter speziellen Bedingungen zeigt, wird 
auf eine unterschiedliche Struktur der Lomer-Versetzungen in IVb-Elementen und II Ib-Vb-Verbindungen 
zuriickgefiihrt. Das Auftreten von Oktaeder-Spaltung bei den IVb-Elementen beruht vermutlich auf 
dem Wachstum eines Mikrobruchs, der durch das Aufstauen und die Vereinigung von gleitfahigen 
Versetzungen in {l11}-Ebenen entsteht. Kombiniert man diesen Mechanismus mit dem, der zur 
Dodekaeder-Spaltung fiihrt, so hat man die Begriindung fiir das Auftreten von anderen Spaltebenen 
als {110! bei IIIb-Vb-Verbindungen. 


I, INTRODUCTION the zinc blende structure is such that a displacement 


The occurrence of dodecahedral cleavage in zine of the planes will cause atoms with like charges on 
blende has been known for many years.’ More adjacent planes to approach. 


A coulomb repulsion 
recently, the same cleavage planes were observed in _ results which is believed to initiate fracture by cleavage 
the Group I1Ib-Group Vb compounds, which crys- parallel to {110} planes. Since the atoms in the ele- 
tallize with the zine blende structure.?-*) In contrast mental structures are uncharged, this 
to these findings, diamond, Ge, and Si usually exhibit 


same dis- 
placement does not develop a repulsive force and 
cleavage parallel to octahedral planes. It has been 
postulated“:?.) that the difference in the choice of 
cleavage plane between the diamond-type lattice and 


hence, this mechanism of cleavage is inoperative. 

In the course of the present investigation into the 
cleavage habits of II[b-Vb compounds in general. 
the zine blende-type is due to the partial ionic character certain results were obtained 
of the bonding in the zine blende structure. The 


which could not be 
explained by the above repulsion mechanism. In 
nature of the atomic structure on {110} planes in 


; order to account for these observations as well as the 


cleavage plane in both the IIIb-Vb compounds 


wae ived June 24, 1959; revised version October 7, and IVb elements, a dislocation mechanism is 
+ RCA Laboratories, Princeton, N.J. employed. 
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AND 


2. EXPERIMENTAL PROCEDURE AND 
RESULTS 

In the present experiments, the cleavage habit of 

seven Group Vb compounds was in- 

vestigated. Cleavage of the various specimens was 

initiated by several different The com- 

pounds studied and the methods of obtaining the 


methods. 


cleavage faces are shown in Table 1. 
TABLE | 


Material Method of cleavage 


GaAs Compression; bending; impact 

InAs Compression; thermal quenching; impact 
GaSb Impact 

InSb Tension; bending; impact 

AISb Impact 

GaP Impact 

InP Bending; impact 


The experiments were all performed at room tempera- 
ture except in the case of thermal quenching. In 
this instance fracture was obtained by cooling the 
specimen rapidly from just below the melting point to 
room temperature in vacuum. 

In every case cleavage occurred on a {110} plane, 
which was identified by the Laue back reflection 
X-ray technique. It is noteworthy that the Laue 
spots in every case were sharp and free from asterism, 
indicating that the fracture is brittle and involves 
little or no plastic deformation. This was corroborated 
by failure to observe slip lines on metallographic 
examination. 

Figure | shows a cleaved surface of InAs obtained by 
thermal quenching. The mirror-like quality of the 
surface is apparent from the reflection of the grid 


paper upon which the specimen rests. Macroscopically, 


A {110} cleavage plane in InAs obtained by 
thermal quenching. 
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AND FRACTURES IN SEMICONDUCTORS 


(O17) 


0 10 20 40 50 


Fic, 2, Cleavage steps on the (O11) cleavage plane in 


InSb. 


all the cleavages tended to occur on one plane of the 
form {110} rather than on many such planes. This 
was true regardless of the specimen orientation. 
Microscopically, however, the perfection of all the 
cleaved surfaces was marred by numerous cleavage 
steps. A typical example of these steps is shown in 
Fig. 2, occurring here on a specimen of InSb cleaved in 
tension. The tensile axis of the rectangular specimen 
was | 145] and the bounding faces were (111) and (321). 
The cleavage occurred on the (O11) plane, that 
member of the {110} family on which the maximum 
normal stress is developed for the given orientation. 

Crystallographic analysis showed that the edges of 
the longest cleavage steps lay in (111) directions. 
These directions can correspond to the line of inter- 
section of the (O11) cleavage plane with another {110} 
In addition to the 
110 


The appearance 


plane associated with the step. 

111 directions, edges were also found lying in 
and (211 directions (e.g. as in Fig. 2). 
110) directions on cleaved surfaces of 


InSb has also been reported by Pfister’), 


of edges lying in 
It can be 
shown by geometrical considerations that two {110} 


planes can only intersect along (100) or L111) diree- 


tions. Therefore, both of the planes comprising a 
step cannot be of the type {110}, if their line of 
intersection is other than cubic or octahedral. On 
this basis, the planes forming cleavage steps with the 
(O11) gross cleavage plane and having lines of inter- 
section parallel to (110 211 }110} 


planes. Thus, it is believed that a limited amount of 


and are not 
cleavage can occur on non-dodecahedral planes in 
zine blende-type structures. 

In addition to the results presented above, it was 
also ascertained that a limited amount of plastic flow 
can occur in GaAs deformed at room temperature. 
This conclusion was reached through the following 


experiments. A polished (111) face of GaAs was 
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CRACK PRO PAGATION \ 


DIRECTION OF 


(d) 


Indentation of a (111) face of GaAs at room temperature by a pointed conical diamond: (a) the effect of 


indenting the etched surface showing the typical three-fold symmetry; (b) the surface re-etched without prior polishing 


with new etch pits visible near the arrows; 
lines, 1600; 


(c) the central area of (b) showing parallel rows of etch pits suggestive of slip 
(d) the central area of (b) showing non-parallel rows of etch pits suggestive of {111} slip traces and 


their relation to the crack direction. 500 


etched using a solution of 1 part HNO, (70°,)-2 
parts H,O described by Schell. He found the pits 
produced by this etch to be reproducible, and on this 
basis concluded that the etch pits represented the 
intersection of dislocation lines with the specimen 
surface.* Following the etching, the specimen was 
indented with a conical diamond to a depth of about 
10°? in. at room temperature. The specimen surface 
then appeared as in Fig. 3a. The indentation is at the 
center of the field of view and emanating from it are 


* The present authors have demonstrated more fully that 
these etch pits do correspond to dislocation sites. See M. 8. 
ABRAHAMS and L. Exkstrrom, Properties of Elemental and 
Compound Semi-conductors, p. 225, Interscience, New York 
(1960). In addition, the orientation of the pits is unique. 
The projection on the (111) plane of the three vectors drawn 
from the pit center to the three vertices lie in the | 121]. [211] 
and |112| directions. 


three major cracks which are traces of {110} planes 
and which lie in the [121], [211] and [112] directions. 
The specimen was then re-etched without prior 
polishing so as to preserve the original markings. 
The same area of the specimen then appeared as in 
Fig. 3b. It is apparent that the etchant has attacked 
both the cracks and the original etch pits and enlarged 
them. In addition, new and smaller etch pits can be 
seen in the area surrounding the indentation. Besides 
the new pits visible in Fig. 3b, examination at high 
(x 2000) of the 
central area also contained new dislocations. Such an 
area is shown in Fig. 3c. The limited depth of field at 


magnification showed that most 


this magnification permits only a small number of 
these pits which are located on an irregular surface to 
be in focus at one time. It is noted that the pits are 
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arranged in rows suggestive of slip lines. In Fig. 3d, 
rows of etch pits can be seen aligned along two 
This is the 


angle formed by the traces of two {111} slip planes on 


directions which intersect at about 60°. 
the (111) observation face. It was further observed 
that the extension of the bisector of this angle beyond 
the apex points in the direction of one of the three 
cracks. These observations were a consistent feature 
of twenty-one specimens. On this basis, it is believed 
that limited dislocation motion or plastic flow can 
occur in GaAs at room temperature. The phenomenon 
of room temperature dislocation motion has also been 
reported in InSb subjected to impact.‘ 

It is further noteworthy that while the crack 
patterns in Fig. 3a might be expected to exhibit 
six-fold svmmetry, the observed pattern in a total of 
only three-fold 
indentation 


observations showed 
symmetry. Also, if the 
were translated without rotation to the center of one 
of the surrounding triangular etch pits, whose sides 
are parallel to (110 would 
always appear to emanate from the mid-points of the 
sides of the etch pit rather than from the vertices. 


twenty-one 
center of the 


directions, the cracks 


3. DISCUSSION 
(a) Cleavage mechanism 


It is thought that cleavage in the IIIb-Vb com- 
pounds occurs by a mechanism proposed by Cottrell. 
The basic requirement of this model is that slip occurs 
on each of two intersecting slip planes. Cottrell has 
shown lattice, two dislocations 
having Burgers vectors of the form (a/2) (111 
gliding in {110} planes may react to form a new 
dislocation lying in a (100) cleavage plane and having 
a Burgers vector of the form a| 100]. That the resulting 
dislocation is stable is apparent from a consideration 
of the change in the elastic energy of the reaction. 


how. in a_b.c.e. 


and 


The missing half plane is visualized as a “cleavage 
knife’’ lving in the cleavage plane; this cleavage 
knife can grow by the repeated occurrence of such a 
reaction under the action of a sufficient shear stress 
and by the coalescence of the resultant dislocations; 
with further coalescence, the cleavage knife becomes 
a microcrack in the cleavage plane and increases in 
length. As the microcrack becomes comparable in 
length to the slip bands from which it originated, the 
normal stress acting directly on the microcrack 
becomes the predominant factor in determining 
further growth of the crack. Cottrell has given the 
conditions for which the crack either reaches a stable 
length or grows indefinitely. The implication is that a 
crack once nucleated on any plane would continue to 
propagate on that plane provided that the energetics 
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of the growth process are satisfied. In what follows, 
we will be concerned primarily with the nucleation of 
microcracks, since certain of the observations can be 
explained on the basis of selective nucleation, but not 
on the basis of growth criteria. 

On the basis of the experimental evidence for 
limited slip in InSb and GaAs, it is reasonable to 
assume that dislocation motion can occur in all the 
IIIb-Vb compounds at room temperature. Since 
InSb has the smallest band gap and largest Burgers 
vector of the compounds under consideration and 
GaAs has one of the largest band gaps and one of the 
smallest Burgers vectors, these compounds effectively 
cover the of 
vectors. Thus, it is expected that the other members 


range bond strengths and Burgers 
of this series will exhibit a similar mechanical behavior. 
The cleavage of II1[b-Vb compounds is thought to 
be controlled by the interaction of dislocations on 
intersecting {111} glide planes to form Lomer disloca- 
tions by a reaction of the type 
a a a 
5 L110] + = [O11] + = [101]. (1) 
In this example, the first of the reactant dislocations 
glides in (111), while the second glides in (111); the 
glide plane of the product Lomer dislocation is (O1Q). 
The missing half-plane of the Lomer will act as a 
lead to dodecahedral 


“cleavage knife’ which can 


cleavage. It is thus possible to think of cleavage asa 
nucleation and growth process. Nucleation is associ- 
Lomer 


the 


ated with the formation and coalescence of 


dislocations under a shear stress: growth of 


resulting microcrack is due to a normal stress on 
the plane of the microcrack. 
Since experimental evidence has been found for the 


(9) and 


existence of Lomer dislocations in_ silicon 
dislocation motion at room temperature in german- 
ium,“9!) jt is reasonable to ask why Si and Ge do not 
cleave by this mechanism. The authors propose that 
the difference in the cleavage habits of, for example, 
Ge and GaAs is due to the nature of the bonding 
Lomer dislocations in these materials. A 
consideration of both reactant 


tions in both the IVb elements and the II Ib—Vb com- 


around 


and Lomer disloca- 


pounds follows. 


(b) Structure of dislocations* 


Both the diamond and the zine blende structures 
consist of two interpenetrating f.c.c. lattices, and for 


* In the following discussion, the dislocations are considered 
This taken because X-ray 
elemental compound semicon- 


view is 
and 


to be undissociated. 


analysis of deformed 


ductors has indicated the probable absence of stacking faults. 
See C. E. g. Warekots and 8, A. Trans. Amer. 
Inst. Min. (Metall.) Engrs. 212, 827 (1958). 
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convenience we shall refer to the atoms on one lattice 
as z-atoms and to those on the other as fp-atoms. In 
the diamond structure both the z- and /- atoms are 
chemically identical while in the zinc blende structure, 
one element supplies all the z-atoms and the other all 
the p-atoms. 

(i) Reactant dislocations. The dislocations which 
can react to form a Lomer dislocation in both the 
IVb elements and the II[b-Vb compounds are 
similar. In particular, they are the mixed dislocations 
first discussed by Shockley") and Read“. The axis 
of the dislocation, which lies along a (110) direction, 


and the Burgers vector, (a/2) (110), form an angle of 


60°: the plane determined by the dislocation line and 
its Burgers vector is a{111}. The extra half-plane is 
visualized as a {111}! double laver of atoms oblique to 
the slip plane and is believed to terminate between 
the wide spaced {111} layers parallel to the slip 


plane. Since the half-plane terminates with a row of 


incompletely bonded atoms lying parallel to (110), 
the atoms in this row are either all x- or all /-type. 
Further, the reactant dislocations in equation (1) are 
so oriented that their half-planes both terminate with 
the same type of atom. Each terminating atom lacks 
one nearest neighbor, and so it is left with a “dang- 
ling” bond. 

(ii) Lomer dislocations.* The Lomer dislocation 
formed by the reaction in equation (1) is a pure edge 
dislocation whose Burgers vector is (a4 2){101] and 
whose axis is [101]. The glide plane of this Lomer 
dislocation is (O10) and, as glide on this plane is rare 
in f.c.c. materials, it is reasonable to suppose that the 
dislocation will be ‘sessile’. The “extra half-plane” 
is a pair of two (101) half-planes which are separated 
by (a 4) [101]. We shall refer to one half-plane as the 
a-plane and to the other as the b-plane. Viewed 
along the [101] direction, the projection of the 
}-plane on the a-plane has x-atoms displaced 4) [121] 
from z-atoms in the a-plane. This difference exists 
for all adjacent pairs of {101} planes in f.c.c. struc- 
tures. The a-half-plane of the Lomer will terminate 
with either all x- or all #-atoms as the terminating 
row lies along the [101] direction. The 6-half-plane 
will also terminate with the same type of atoms as is in 
the terminating row of the a-half-plane. Fig. 4 is a 
schematic representation of the Lomer dislocation 
formed in reaction (1) and viewed along its axis. 


* Although an alternative configuration for the Lomer 
dislocation is possible, the configuration described is the one 
formed by the Lomer reaction in equation (1). Conversion 
to the other configuration requires mass transport which is 
unlikely to occur under the experimental conditions. See 
Figs. 5a and 5b in J. Hornstra, J. Phys. Chem. Solids, 5, 129 
(1958), for both the alternative configurations and also for 
another way of picturing these dislocations. 


The incompletely bonded atoms are shown as open 
circles with short lines drawn from them in the 
direction of their missing nearest neighbors or 
“dangling” bonds. As indicated, the atoms at the 
edge of the b-half-plane have the correct number and 
type of nearest neighbors. The incompletely bonded 
atoms, which are either all x- or all /-type atoms, are 
situated on the a-planes enclosing the b-half-plane. 
We are now able to discuss the possibilities for 
bonding at a Lomer dislocation and its effect on the 
choice of the cleavage plane. The “dangling” bonds 
shown in Fig. 4 lie in the same plane, so that the 
distortion of the (101) planes around the dislocation 
will tend to make these dangling bonds colinear. In 
Ge or Si, where the x- and /-atoms are not chemically 
different. it is reasonable to expect that a distorted 
covalent bond can form between each pair of other- 
wise incompletely bonded atoms. The attractive 
force of this bond will be directly opposed to any 
normal force tending to cause cleavage on (101) 
planes. The addition of this force to those in the 
surrounding crystal which resist cleavage is sufficient 
to make cleavage on {110} planes more difficult than 
that on {111} planes. However, this bond will be 
weaker than a normal covalent bond of the element, 
so that it can be disrupted by properly oriented 


applied forces at room temperature or by thermal 


vibrations. Thus, one can expect cleavage in Ge and 
Si to be both temperature and orientation dependent. 
In the compounds, such bond formation between 


| 


Fic. 4. The postulated structure of a Lomer dis- 
location in IVb elements and IIIb-Vb compounds. 
The [101] axis is normal to the plane of the figure and 
the alternating a- and b- (101) planes are viewed on 
edge. The positions of the incompletely bonded atoms 
are shown as open circles. It should be noted that 
because of symmetry either of the two incompletely 
bonded a-planes can be considered to be non-termi- 
nating. 
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pairs of incompletely bonded atoms will not be 
favored because bonding would have to occur between 
two IIIb atoms or between two Vb atoms. Without 
this bond, the force which opposes {110} cleavage in 
the elements does not exist in the compounds; and 
the Cottrell mechanism can operate more easily here. 


(c) Model for cleavage of elemental semiconductors 

In view of the preceding discussion, it can be 
expected that elemental semiconductors with the 
diamond structure will exhibit dodecahedral cleavage 
under certain conditions of stress orientation and 
temperature. This type of cleavage would proceed as 
already described by the formation and coalescence of 
the the 
Several experimental results 


Lomer dislocations and propagation of 
resulting microcrack. 
support this belief. The occurrence of dodecahedral 
microcleavage in diamond, Si, and Ge is known.) 
In addition, Kolm has shown that samples of Ge 
subjected to a uniform shear stress in bending about a 
211) axis always cleave on a {110} plane. The tensile 
and compressive faces were parallel to {111} and the 
normal to the cleavage plane was normal to both a 
111) and the bend axis. Near the tensile face, the 
observed cleavage plane is that plane across which the 
maximum tensile stress is developed. In the present 
work two instances of {110} cleavage were observed in 
Ge. First, Ge was subjected to bending under four- 
point loading about the [111] axis, with the tensile 
While at 
room temperature the cleavage plane was invariably 
of the {111} type, at elevated temperatures (~600°C) 
cleavage occurred parallel to the (O11) plane. The 
(O11) plane is that {110} plane on which the maximum 
near the tensile faces. It is 


and compressive faces parallel to (321). 


normal stress exists, 
noteworthy that the normal stress to a latent cleavage 
plane acts in that direction in which the proposed 
bond at the edge of a Lomer dislocation is already 
distorted, and would be the stress most effective in 
breaking it. In the second instance, when the indenta- 
tion procedure employed on GaAs was applied to{ 111} 
faces of Ge, the resulting crack pattern exhibited 
the same three-fold symmetry and orientation asGaAs. 

Until recently Ge was believed to exhibit only 
octahedral cleavage. The exceptions discussed above 
are the only reported instances of {110} cleavage. 
A possible model which predicts the predominant 
{111} cleavage in Ge as well as in diamond and Si is 
presented here. It is believed that cleavage will 
occur by this mechanism at room temperature where 
the applied stress does not favor the Lomer mechan- 
ism. In this model a Lomer dislocation is formed by 
the interaction of dislocations moving in intersecting 
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;L11} planes just as in the model for dodecahedral 


cleavage. The formation of additional Lomer disloca- 


tions and their coalescence is not required, but 
many occur.* Instead, the Lomer acts as a barrier 
to the motion of dislocations in one of the glide 
planes, which leads to a dislocation pile-up. The 


missing half-planes of these 60° dislocations are {111} 
double layers oblique to the slip plane, so upon coales- 
cence a microcrack having the same orientation as 
the half-planes is formed. Stroh") has shown that the 
maximum normal stress resulting from the stress 
field of the pile-up occurs on a plane passing through 
the head of the pile-up, and making an angle of 
70.5 the 


question has precisely this orientation, cleavage is 


with the slip plane. As microcrack in 
thus favored on the {111} plane occupied by the 
microcrack. 

Although it may be thought that a Lomer disloca- 
tion will not be able to withstand the stress field of the 
piled-up group, an estimate shows that the size of the 
pile-up required for crack formation is not excessive. 
Stroh"® has shown that crack initiation is possible if, 


nod (2) 


where » is the number of dislocations in the pile-up, 
o is the resolved shear stress acting on the pile-up, 
b is the Burgers vector, and y is the energy per unit 
For b 4 10-5 em, 


10° dyn/em?, which is 


area of the crack surface. 
y = 10° ergs/em? and o 

reasonable for a well prepared sample, a value of 
n 100 By analogy with Stroh’s"”? 
calculation of Lomer-—Cottrell 
Lomer 


is obtained. 
the 
metals, it is 


strength of a 
dislocation in believed that a 
dislocation in diamond-type structures can support a 


pile-up of this size. 


(d) Cleavage step formation in II1Tb-Vb compounds 

It was seen earlier that cleavage steps involving 
planes not of the {110} type can occur in InSb. A 
model which can explain their occurrence will now be 
proposed. Cleavage is initiated on a {110} plane by 
the formation of Lomer dislocations, their coalescence, 
and the growth of the resulting microcrack. Following 
Cottrell, these processes are shown in Figs. 5a, 
b and c. It is believed that the resulting crack will 
propagate completely across the crystal if there are no 
obstacles to its growth. However, a cleavage step 
may form if an obstacle exists in the path of the 


propagating crack. In Fig. 5d the advancing crack 


* Coalescence is expected to be more difficult in the elements 
than in the compounds because of the bonding at the Lomer 
dislocation discussed above. 
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e 
Fie. 5. The creation of a cleavage step in IIIb—-Vb 
compounds: (a) glissile dislocations on intersecting 
{111} planes; (b) the formation of a Lomer dislocation 
and cleavage knife due to the interaction of the 
dislocations in (a) near the line of intersection of the 
{111} planes; (c) the formation of additional Lomer 
dislocations and their coalescence to produce a micro- 
crack leading to cleavage on the (101) plane; (d) the 
advancing crack in (c) approaching a {111} slip plane 
containing 60° dislocations; (e) the initiation of a 
cleavage step by the motion and coalescence of the 
dislocations in (d); (f) the termination of the step when 
the crack in (e) reaches the vicinity of dislocations 
lving on intersecting {111} planes, followed by the 

reoccurrence of the processes in (a), (b) and (ce). 


from Fig. 5c is shown intersecting the trace of a {111} 
slip plane containing 60 Under the 
influence of the stress field of the advancing crack. 


dislocations. 


motion and coalescence of some of these dislocations 
may occur, forming a microcrack on a {111} plane 
(i.e. the half-plane structure of a 60° dislocation lies 
parallel to {111}). 
plane until it reaches the vicinity of dislocations 


The crack follows this octahedral 


lying on intersecting {111} slip planes. Under the 
combined action of the applied stress and the stress 
field of the crack, the situation shown in Fig. 5a, b 
and ¢ reoccurs, and the cleavage reverts to the dodeca- 
hedral pattern. 

In Fig. 2, cleavage step edges were observed lying 
in (110) and 211 
identification of the planes associated with the steps is 


directions. Although positive 
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not possible, these directions can correspond to the 
intersection of {111} planes with {110} planes. By 
properly {111} of the 
half-planes associated with the dislocations lying on 


choosing the orientation 
the intersected slip plane of Fig. 5d, the above model 
accounts for the appearance of these directions, if it is 
assumed that the planes associated with both types of 
steps are {111}. Cleavage on this plane has been 
observed in InSb, InAs, InP and GaSb. 

The model can also account for the appearance of 
the observed 111] the line of 
intersection of two {110} planes can lie in this diree- 


directions. Since 
tion, it is assumed that the plane associated with the 
step is of this type. In this case the obstacle is not a 
plane, but {111} planes 
containing slip dislocations, and the cleavage step 


single two intersecting 
results from a Lomer reaction, just as in the initiation 


of the principal crack. 


(e) On the cracks produced by indentation 


It will be shown now that the ideas presented so far 
are able to explain both the orientation and symmetry 
of the crack pattern recorded in Fig. 3a. 

In the first place, the idea that dodecahedral 
cleavage results from the growth of a microcrack 


produced by the formation and coalescence of Lomer 


dislocations is consistent with the observation that 
the cracks lie parallel to {110} planes. In the second 
place, the idea that the microcracks grow first, if at 
all, on those {110} planes on which the normal 
stress is greatest explains the fact that the cracks are 
parallel to (110), (O11) and (101). This follows from a 
consideration of the triaxial stress system produced by 
the conical indenter. The compressive and tangential 
components are most effective at opening a crack 
when they act on planes normal to the plane of 
indentation, while the radial component is indifferent 
to orientation in this case. The {110} planes normal to 
the (111) plane of indentation are the observed (110), 
(O11) and (101) planes. 

Finally, we must consider why the crack pattern 
exhibits only three-fold symmetry when the inter- 
section of the three aforementioned planes at a point 
(111) 


Presumably, Lomer formation is not confined to any 


on the surface exhibits six-fold symmetry. 
particular set of intersecting {111} planes provided 
that the operative shear stress on these planes is 
sufficient to cause dislocation motion: however, it is 
believed that the resulting microcracks will grow 
only on those planes where the normal stress is of 
sufficient the 


consideration, the Lomer axes have the form 


under 
110), 
where the indices are all of the same sign and lie in 


magnitude. For orientation 
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those planes on which the maximum normal stresses 
are developed. 

If we consider, for example, the (111) plane con- 
taining a reactant dislocation parallel to [101], this 60 
dislocation can have either [110], [110], [O11] or [O11] 
as its Burgers vector direction. Reference to Fig. 6 
will show that each of these dislocations can combine 
with a specific dislocation lying in (111) to form a 
Lomer dislocation having a |101]| or [101] axis. There 
are thus four reactions possible between dislocations 
lying in this pair of reactant planes. These reactions 
are, 


a a a 
+ 5 [110] 5 


a _ a a 
a a a 
5 (011) 5 — [101] 


a 
5 L110) 


a 


teactions (3) and (4) produce the same Lomer 
dislocation while reactions (5) and (6) produce the 
Lomer of opposite sign. It will now be indicated why 
either of the first two reactions proceeds more readily 


than the last two. Choosing |101]| as the direction of 


positive advance* along the axes of all the dislocations 
in equations (3)—(6), we can determine the directions 
of their extra half-planes. Under this convention, the 
extra half-planes of all the dislocations in either 
equation (3) or (4) will be directed toward the interior 
of the tetrahedron shown in Fig. 6. The dislocations 
in equations (5) and (6) are the negatives of those on 
the corresponding glide planes in equations (3) and (4). 
Since the stress field decreases rapidly with distance 
away from the indenter, and because glide is difficult 
at room temperature in these materials, dislocation 
motion on the plane segments making up the tetra- 
hedron will predominate over dislocation motion 
on the extension of these planes beyond their line of 
Also, the component 
moves dislocations toward the 


intersection. shear stress 


which Lomer axes 
under consideration will be greater on the planes 
drawn, than on the parallel planes lying on the 
opposite side of the indenter. Therefore, we can 
confine our attention to dislocations gliding on the 
plane segments bounding the tetrahedron. It will be 
noted that the reactant dislocations appearing in 


equations (3) and (4), and lying close to the [101] 


* The definition of this sign convention will be found in W. T- 
Reap, Dislocations in Crystals, p. 33 McGraw-Hill, New York, 
(1953). 
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Fic. 6, Indentation of a (111) plane. The operative 
glide planes are shown along with their intersections 
which represent the three favorable Lomer dislocation 


axes. The crack along (101) is indicated, 


the 


Lomer reaction can take place. On the other hand, the 


Lomer axis will move toward this line where 
reactants in equations (5) and (6) will move away 
from the position at which they could combine. In 
addition, it is apparent that any reactant dislocations 
produced by the operative stress system will be of the 
type in equations (3) and (4), rather than in equations 
(5) and (6). Thus, since a majority of the Lomer reac 
tions are of the type given in equations (3) and (4), the 
“cleavage knives” of the resulting Lomer dislocations 
will point in a preferred direction. The microcrack 
resulting from coalescence of the Lomers also will 
this 
under the action of a 


point in direction of preferred orientation. 


Therefore, sufficient normal 
stress, the development of a crack from this micro- 
crack will apparently proceed in only one direction 
from the origin. 

Due to the three-fold symmetry of the [111] axis, 
two additional cracks must form, resulting in an 
overall pattern consisting of three cracks oriented 
120 Viewed normal to the (111) 
surface of the the 
cracks with this surface lie in the {121}, {211} and {112} 
directions. If these 
originate at a point centered on an etch pit, they will 


from one another. 
indentation, intersections of 


directions are considered to 


appear to emanate from the midpoints of the sides of 
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the etch pits, in agreement with the cleavage geometry 
in Fig. 3a. 

It is apparent that any theory attempting to 
establish the (Ak/) plane as the cleavage plane of a 
crystal, which is based solely on the properties (e.g. 
interplanar spacing, atom density, surface energy, 
ete.) of the (Akl) plane relative to those of other 
planes, cannot explain the occurrence of the three- 
fold symmetry of the crack pattern. 
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LETTERS TO THE EDITOR 


Knight shifts in potassium, indium and 
yttrium metals* 


Information about the conduction electron wave- 
function in a metal or alloy may be obtained from 
measurements of the Knight shifts of the nuclear 
magnetic resonance of the constituent nuclei  Al- 
though the Knight shifts of many metals have been 
measured, several shifts have not been reported 
because of inconveniently low resonance frequencies 
or nuclear quadrupole effects. We report here the 
shifts in potassium, indium, yttrium metals. These 
Knight shifts were measured with a Varian Associates 
Model V-4200B wide-line nuclear magnetic resonance 


spectrometer. The interval between the centers of 


the nuclear resonances in the metal and in a dia- 
magnetic reference sample were measured using the 
dispersion mode of the nuclear magnetic resonance 
signal. In the dispersion mode, the location of the 
resonance center is insensitive to the position of the 
noise baseline of the recorded trace. 

The potassium sample of reagent grade was 
dispersed in sodium-dried xylene. Particle size 
averaged less than 40 yw, significantly smaller than the 
skin depth of 90 uw. The reference used for the Knight 
shift was a saturated aqueous solution of potassium 
formate (HCOOK). The results of the measurement 
are summarized in Table 1. Sufficient data on 
potassium are present in the literature to permit 
calculating the probability density at the nucleus in 
the atom, |y_,(0)|*, and in the metal, (|y,(0)|*),,. and 
their ratio from the following equations.”? 


= = (3/167) (a(s)/ 
= Pp = (3/82) (AH/z,OH) 
E&= P,/P ,. 
Calculation gives P 4 1.1086 Bohr units, 
Py 1.035 Bohr units, 
= 0.934. 


* Contribution No, 837. This work was performed in the 
Ames Laboratory of the U.S. Atomic Energy Commission. 
Received January 11, 1960. 


The values 7, = 0.6 10°6 ¢.g.s. volume units” and 
a(s) 7.7011 were used. The above 
value of € agrees well with the corresponding values 
of this quantity given for the other alkali metals by 
Benedek and Kushida". 

Indium in the solid state does not yield a nuclear 
magnetic resonance because of the large nuclear 
quadrupole interaction.” Thus, indium of high 
purity, supplied by the Consolidated Mining and 
Smelting Co. of Canada, was dispersed in silicone oil 
(particle size less than 20 uw, skin depth 46 jw) and the 
nuclear magnetic resonance recorded in the molten 
state. It was possible, after melting the sample at 
155°C, to observe the resonance at temperatures as 
low as 130°C because of supercooling. The resonance 
shift measured with respect to a saturated aqueous 
solution of indium tribromide (InBrs) was found to be 
independent of temperature within experimental 
error. The results are summarized in Table 1. 

Yttrium of better than 99.9 per cent purity was 
filed to give an average particle size much less than the 
skin depth of 280 uw. The shift relative to a saturated 
hydrochloric acid solution of yttrium trichloride 
(YCI,) is reported in Table 1. For some of the measure- 
ments, a small amount of ferric chloride was added 
to the yttrium trichloride reference solution to 
decrease its value of 7, and hence permit the use of 
higher r.f. power levels. The addition of the para- 
magnetic ion caused no apparent shift in the resonance 
frequency of the standard. Because of its hexagonal 
crystal structure, yttrium would be expected to give 
an anisotropic Knight shift.) However, the signal- 
to-noise ratio of the absorption mode was too small to 
determine the magnitude of the anisotropy. 

The authors wish to thank Dr. A. H. Daane of this 
laboratory for supplying the yttrium sample. They 
also thank Mr. R. A. Hultsch for some of the pre- 
liminary work on indium. 
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TABLE |. Summary of relevant Knight shift data for potassium, indium and yttrium 


Nucleus Reference 


a HCOOK (aq) 25 
) 


InBr, (aq) 13K 
YCI, (in HCl) 25 
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Te -rature Magnetic 
lagnetic 


field (oe) 


12.400 0.265 0.002 
10.300 0.794 0.002 
10,200 0.337 0.005 
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Residual resistance of copper annealed in an 
O, atmosphere* 


Measurements have been made of the residual 
resistivity at 4.2°K (p,o-,) of high purity copper 
polverystalline specimens. Upon annealing in vacuum 
(~10-> mm Hg) at different temperatures > 400°C, 
which should be sufficient to anneal out most 
physical defects,” p,.-,% was found to vary with 
the annealing temperature. Recently it has been 
shown”? that the presence of oxygen or chlorine in the 
annealing atmosphere will enhance the electrical 
annealing of copper and improve the resistance ratio 
273°K Pyo°K- Since a trace of oxygen may be present in 
most vacuum annealing, a determination was made 
of the optimum conditions for the annealing of copper 
in an oxygen atmosphere. 

Presumably the oxygen diffuses into the copper 
during annealing and in some manner neutralizes the 
effectiveness of certain existing impurities which act as 
scattering centers.) Thus the increase in number of 
neutralized scattering centers caused by the oxygen 
could be expected to depend upon the time and 
temperature of the anneal, as well as the concentration 
of the oxygen in the ambient atmosphere. Using a 
constant time of 4 hr, 
made of the influence of annealing temperature and 


oxygen concentration on the residual low temperature 


anneal measurements were 


resistivity of specimens prepared from successive 
lengths of the same high purity wire.+ Typical 
results are given in Fig. 1. 

Optimum annealing for these specimens is seen to 
vield a maximum resistance ratio of about 1000. 
The data suggest that oxygen absorbed into the 
copper is not only effective in neutralizing certain 
scattering centers, but when present in excess con- 
tributes new scattering centers. For a given oxygen 
concentration an increase of the annealing tempera- 
ture permits more rapid diffusion of the oxygen into 


+ 99.999 per cent pure copper (American Smelting and 
Refining) drawn into 0.039 cm diameter wires and furnished 
to us through the courtesy of Dr. H. Sherman of the Los 


Alamos Scientific Laboratory. 
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Fic. 1. Influence of temperature and oxygen con- 
centration during annealing on the residual low 
temperature resistivity of copper. The resistance 


ratio pozs°K/py.9°K 18 plotted as ordinate and the tem- 

perature of annealing as abscissae. Curve I (circles) is 

for high vacuum annealing (< 10-° mm Hg), Curve II 

(crosses) for an ambient atmosphere (air) of 20 4 and 
Curve III (squares) for 50 ju. 


the copper with consequent improvement (increase) 
in resistance ratio up to a maximum value repre- 
senting optimum balance of neutralization of existing 
the scattering 


introduced 


centers and contribution of new 


centers by excess absorbed oxygen. 


Further diffusion of oxygen into the metal results in a 
with resulting 
The peak is 


net increase in scattering centers 

degradation of the resistance ratio. 
broadened and the degradation seems to be less 
pronounced (if present) at very low oxygen concen- 
trations. 

The relatively high peak resistance ratio obtained 
would have been thought to indicate a well-annealed, 
high purity copper specimen. The even higher ratios 
reported by others and for natural copper crystals 
may be due to higher over-all purity, to the presence 
of less effective impurities or a combination of both. 
However, since enhancement of the resistance ratio 
can apparently result from the neutralization of 
impurities, larger resistance ratios do not necessarily 
mean chemically purer samples as it could be the 
result of more, other or different types of compensa- 
tions. Also, the nature of the neutralized centers is 
unknown and their properties may differ considerably 
from the normal scattering centers of pure copper. 
The existence of neutralization of electron scattering 
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centers lends direct support to the conclusion of van 
den Berg’® that “an absolute purity scale of metals 
cannot be based on the measurements of residual 
resistance of single crystals or polycrystalline wires”’. 


R. L. DoLECEK 
D. J. 


UWS. Naval Research Laboratory 
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Effect of grain size on crack propagation* 


Currently there is much interest in increasing the 
fracture resistance of materials by decreasing their 
grain sizes. This interest is based upon the fact that 
the fracture stresses of some materials (notably steels) 
vary as S-'? where S is the average grain diameter. 
Although this behavior is observed for a fairly wide 
range of grain sizes, it is obvious that it cannot hold 
for very small grain sizes. If it did, very small grain 
size would give infinite fracture strength. The factors 
that determine the fracture resistance as the grain 
size approaches zero will be discussed. 

By resistance to fracture we mean the resistance 
that the material offers to the motion of a crack that 
is large compared to the grain size of the material. 
A measure of this resistance is the fracture-surface 
energy, yp» (ergs/em*). This is an effective surface 
energy which includes the energy dissipated at 
cleavage steps, by plastic flow, ete. 

We assume that the grain boundaries of the material 
are clean so that premature fracture does not occur at 
them. Three cases must be considered: ductile, 
brittle, and ductile—brittle materials. 

Case I (ductile). High fracture resistance, no grain 
size effect because once the material begins to deform 
the grain boundaries are obliterated. 

Case IT (brittle). The grains cleave and many steps 
are formed at the boundaries where the cleavage 
planes are misaligned. However, since the steps are 
not localized to the grain boundaries but tend to run 
straight across the grains, the concentration of steps 
will not vary much with grain size although it will 
depend on the relative orientations of the grains. 
Also, the effect of the steps on the fracture resistance 
small. Since the fracture is 


will be relatively 
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completely brittle, the total specific surface area of the 
steps, and their risers, times the true surface energy 
(y) of the material will give the fracture surface energy 
Yr. y is typically about 10° ergs cm* and the total 
surface area will seldom exceed 5 times the projected 
surface area. Therefore y,. will not exceed about 
10° ergs cm?. Thus grain size is not expected 


this 


by 5 
‘ 


to have large effects in case, provided our 
assumption of clean boundaries is fulfilled. 
ITI (ductile—brittle). In this 


propagation will tend to be discontinuous; that is, 


Case case the crack 
grains ahead of an advancing crack will tend to cleave 
before the main crack reaches them. Then, since the 
plane of the main crack and the planes of the pre- 
mature cracks will not be co-planar, ductile tearing 
will occur at the grain boundaries when the cracks 
joinup. The ductile tearing will be localized to regions 
along the grain boundaries that have a thickness, d. 
The disturbed regions will extend beneath the surface 
toa depth ~d,so the volumes of these regions per unit 
length will be ~d*. The number of boundary regions 
per cm? of surface area will be ~2/S; so the volume of 
material that is involved in ductile tearing is ~2d*/S 
per cm? of surface. 

It seems reasonable that d will tend to be a constant, 
d,. for large grain sizes where the properties of the 
grain boundaries will determine its value. However. 
when the grain size becomes equal to d,, then d must 
become equal to the grain size. This results because 
the concentrated stresses due to a given cracked grain 
do not extend more than a distance ~S from the 
cracked grain. 

The energy that is absorbed during plastic flow is 
o,€p Where o, is the flow stress, and ¢, is the plastic 
strain. Most materials fail by ductile fracture when 
the plastic work is less than ~ 5 ergs 
Therefore, it is proposed that the fracture surfac 
energy for ductile—brittle fracture is: 

2d? d* 
Yp= =z (O,€p) = 10° (ergs cm*) 


where 


d=d, for S>d, and d=S for Sad 


Thus fracture-surface increases with 


decreasing grain size up to a maximum value (Fig. 1) 


energy 


and then decreases to y with further decrease in the 


d,): 


grain size. At the maximum (when S 


if dy 


(Y #)max ~ 10°S 104 ergs 


10° ergs/em? 10 


10° ergs‘em? 100 wu. 
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Fic. 1. Variation of fracture-surface energy with 
grain size for ductile—brittle fractures. 


These values have approximately the right order of 
magnitude for the particular case of iron. 

This analysis indicates that one cannot improve the 
fracture resistance of materials indefinitely by simply 
decreasing their grain sizes. A point of diminishing 
returns exists; probably at a grain size of about 1 yu 
for typical materials. In completely brittle substances, 
should little effect on fracture 


In the cases where such effects have been 


grain size have 
resistance. 
reported, the effects have probably been caused by 
impurities that have been segregated at the grain 
boundaries. 

J. J. GILMAN 
General Electric Research Laboratory 
Schenectady, New York 
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Athermal stabilization of austenite* 


In a recent note” on the stability of retained 
austenite on ageing. the authors have examined the 
role of martensite in setting up an adequate concentra- 
tion gradient for carbon, to permit its interstitial 
of the strain 
rendering it 


towards and neutralization 
embryos in the retained 
correspondingly stable. It has been indicated that for 


diffusion to take place, a concentration gradient must 


diffusion 
austenite. 


be set up, but as the probability of such a gradient 
being set up by microsegregation of the carbon atoms 
in austenite is vanishingly small, it could arise only 
from the regions formed the 
associated martensite phase. From rather different 
considerations, Cohen and others? have recently 


carbon-rich near 


arrived at a similar conclusion, that the stabilization 
of austenite should be understood with particular 
reference to the associated martensite phase. 

In this note, the above concepts regarding the 
stabilization of retained austenite have been extended 
to its athermal stabilization, when directly cooled. 
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Although microscopically detectable martensite will 
not be found in austenite unless cooled to the /, 
temperature or lower, the possibility of martensite 
nuclei or of sub-microscopic martensite existing above 
the 7, temperature cannot be ruled out. The concept 
of martensitic embryos put forward by Fisher, 
Hollomon and Turnbull® may be mentioned in this 
connexion. the cubic austenitic 


lattice could be visualized small groups of iron atoms, 


face-centred 


taking up configurations corresponding to a body- 
centred structure and initially possessing a_ size, 
insufficient to enable them to be microscopically 
recognized as martensite but capable of subsequent 
growth to recognizable martensitic regions. These 
be considered to constitute 
“pre-martensite zones” the G—P 
arising in Al-Cu and other age-hardening systems and 
to retain carbon atoms interstitially in a state of 


tegions 


groups of atoms may 


similar to zones 


considerable supersaturation and activity. 
near these zones could conceivably become carbon- 
rich, setting up a concentration gradient for carbon, 
resulting in its diffusion towards strain embryos of the 
austenite, as with retained austenite and its associated 
martensite phase. 

The diffusion would be at speeds determined by 
temperature and concentration gradients and the 
stabilization of austenite would take place at times 
determined by these speeds, as the distances which 
carbon atoms are to migrate to reach strain embryos 
can be calculated. Comparison of these diffusion 
times with the times taken by austenite to cool through 
any range of temperature when quenched in various 
media, will determine whether athermal stabilization 
can take place and can also be observed to take place. 

Migration speeds for interstitial diffusion of carbon 
atoms in austenite, for a concentration gradient of 
about | per cent calculated from the data of Harris”, 
over the ranges of temperature, 350—500°C, 200-350°C 
and 100-200°C are approximately 10-4 em 
em/hr and 10-7 to 10-8 em/hr respectively, giving 
times required for stabilization to take place, over 
these ranges of temperature, of the order of 1 sec, 
100 sec and a few hours respectively. (The average 
distance separating two carbon atoms in a | per cent 
carbon, homogenized austenite is approximately 
6 » 10-8 em and the distance which a carbon atom, 
has, on the average, to diffuse to reach a strain embryo 
is hence approximately 3 « 10-S em.) When actual 
cooling times of austenite over these ranges of 
temperature when quenched in different media are 
either too small or too large compared to the times 
required for stabilization, differences in austenite 
stability and final austenite content, when quenched 


at 
1 
1 
Wo! 
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in these media, will not be detected. Differences in 
austenite content and stability, when quenched in 
different the 
migration times (times required for stabilization) are 
intermediate in value to the times taken by austenite 
to 
quenching. 


media, will be detectable only if 


cool over these temperature ranges during 

Thus, when quenched in a salt bath and in an air 
furnace, austenite requires times much longer than 
about 1 see to cool from 500 to 350°C and hence, 
would be stabilized to practically the same extent in 
both the quenches and no difference in the final 
austenite content can therefore be observed. Over the 
range 200-350°C, however, austenite cools in most 
salt or oil baths in a few seconds, but over considerably 
longer times (several hundred seconds) when cooled 
in an air furnace. As the time required for stabilization 
is of the order of 100 sec, austenite, when cooled in an 
air furnace would be stabilized but not when quenched 
ina salt bath. Differences in austenite content would, 
therefore, be observed between the two quenches. 
Again, over the range 100-200°C, both liquid and air 
quenching will cool austenite, in times very much 
shorter than the time required for carbon atoms to 
migrate 3 10-8 em and stabilize the austenite and 
hence, once again no difference in stability and the 
final austenite content would be observed. 

Athermal stabilization of austenite would, therefore, 
be normally observed to take place over a particular 
range of temperature, depending upon the quenching 
media used. With generally used quenching media, 
like salt and oil baths and air, this range will normally 
be about 200-350°C. With special quenching media, 
other ranges will become operative. It will be 
appreciated that these temperature ranges and the 
demarcation temperatures between them are approxi- 
mate, but it would appear that the range of tempera- 
ture over which athermal stabilization of austenite is 
most clearly observed, is not particularly related to 
the .V7, temperature of the steel. 
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Experimental proof of the above conclusions is 
available from the authors’ investigation®) on the 
athermal stabilization behaviour when quenched at 
different rates, in aqueous, salt, oil and air baths over 
a temperature range of approximately 18—600°C, of 
the austenite of both a high-carbon, high-chromium 
die steel and a low-carbon, low-chromium tool steel 
as well as from the experimental observations of 
Morgan and Ko‘® on a nickel steel. The athermal 
stabilization range in the two chromium steels has 
For the 
nickel steel, investigated by Morgan and Ko, the 


been found to be approximately 180—350°C. 


range is somewhat higher, approximately 300—400°C, 
even though the ./, temperature is actually lower. 
The lower range in the chromium steels can well be 
attributed to the 


chromium as compared to nickel and the greater 


higher affinity for carbon of 
tendency for the pre-martensite zones to be formed in 


austenite containing chromium as compared to 
austenite containing nickel, because of the less perfect 
lattice registry between austenite and chromium as 
compared to austenite and nickel. 

We thank Dr. B. R. Nijhawan, Director, National 
Metallurgical Laboratory for discussion and permission 
to publish this note. 

E.G. 


C. DASARATHY 


,AMACHANDRAN 


Physical Metallurgy Division 
National Metallurgicat Laboratory 
Jamshed pur—7, India 
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DISCONTINUOUS MODE OF DISSOLUTION OF A 8 PHASE PRECIPITATE 
INTO a Cu-Cd SOLID SOLUTIONS* 


M. S. SULONENt 


A discontinuous mode of process apparently occurs, under certain circumstances, at dissolution of a 
solid phase into another. It has been found at dissolution of / precipitate into « Cu—Cd solid solutions 
and studied by metallographic and X-ray methods. 

The process occurs by formation of dissolved regions, nearly simultaneously, at all the matrix grain 
boundaries and growth of regions, at time-independent rate, into the grain interiors. The dependence 
of isothermally dissolved volume fraction x on solution time ¢ agrees with a kinetic law of form x 
I exp (— Bt'-!), B being a parameter. 

The activation energy, Q, for growth resulting in complete dissolution is 21 keal/g at., which, together 
with some other data, suggests that the process is controlled by grain boundary diffusion along the 
transformation front. For growth in the x 4 B range Q is as high as 100-160 keal/g at. which is ex- 
plicable on the basis of the retarding effect of undissolved # on growth. The free energy reiations and 


the origin of the driving force are also discussed. 


PHASE 


DISSOLUTION DISCONTINUE D’UN PRECIPITE DE 
DANS UNE SOLUTION SOLIDE DE CuCd-x 


Sous certaines conditions, la dissolution de deux phases lune dans l'autre peut s’opérer de fagon 


discontinue. 
L’auteur a observé ce phénomeéne lors de la dissolution d’un précipité de phase / dans une solution 


solide d’xCuCd. 


Ila étudié ce phénomeéne au moyen de diverses techniques: observation métallographique et rayons X. 


Le processus a lieu par formation de régions de dissolution simultanément aux frontiéres des grains et 


ar Croissance de ces régions a une vitesse indépendante du temps vers ‘l’intérieur des grains. La fraction 


x du volume en dissolution isotherme dépend du temps de mise en solution ¢ suivant une loi cinétique de 


la forme: 


x exp (— Bt'.') B étant une constante. 


L’auteur a montré que énergie d’activation Q, pour une dissolution totale est de 21 keal/g. at. De 
ceci, il formule Vhypothése que la dissolution a lieu sous l'action du phénomeéne de diffusion entre les 
p énergie d’activation Q est de lordre de 100 a 160 keal/g. 


grains. Pour la solubilisation d’une phase x 
at. ce qui s’explique par le fait que la phase # non dissoute retarde la propagation de la dissolution a 


Vintérieur des grains. L’auteur examine aussi la relation entre énergie libre et la force occasionnant 


le déplacement des régions dissoutes. 


UNSTETIGER VERLAUF DER AUFLOSUNG VON AUSGESCHIEDENER f-PHASE ZUR 
FESTEN LOSUNG x-CuCd 


Offenbar tritt unter gewissen Umstanden bei der Auflésung einer festen Phase in einer anderen eine 
Ein solcher wurde gefunden bei der Auflésung von /-Ausscheidung in 


unstetige Art von Prozess auf. 
die feste Lésung-x-CuCd und mittels metallographischer und réntgenographischer Methoden studiert 

Der ProzeB verlauft so, daB sich nahezu gleizeitig an allen Korngrenzen der Matrix Lésung enthal 
tende Bezirke bilden und mit zeitunabhangiger Geschwindigkeit in das Innere der Kérner hineinwachsen, 
Die Zeitabhangigkeit des Volumbruchteils ., der von der Lésung eingenommen wird, stimmt bei kon 
stanter Temperatur mit einem kinetischen Gesetz der Form x | exp (— Bt'-!) iiberein, wo B ein 


Parameter ist. 

Fiir soleches Wachstum, das zur vollstandigen Auflésung fiihrt, betragt die Aktivierungsenergie @ 21 
keal/g-At.; zusammen mit anderen Griinden spricht das dafiir, daB die Geschwindigkeit durch Korn 
Wachstum im Bereich « p 


grenzendiffusion entlang der Umwandlungsfront bestimmt wird. Fi 
hat Q den hohen Wert 100 bis 160 keal/g-At.; das laBt sich erklaren, wenn man einen verzOgernden 
EinfluB von noch nicht aufgeléster /-Phase auf das Wachstum annimmt. Die Beziehungen zwischen 


den Freien Energien und der Ursprung der treibenden Kraft werden diskutiert, 


INTRODUCTION and their nearest neighborhood. The role played by 


Dissolution of a solid phase into another has been — grain boundary diffusion in dissolution may, however, 


generally considered to be a _ process essentially become even a predominating one. This may happen 
when the rate of grain boundary diffusion consider- 


occurring by volume diffusion, whereas grain boundary 
diffusion would take part only in the very small ably exceeds that of volume diffusion, and when 
through the 


volume fraction consisting of the grain boundaries jin addition, grain boundaries move 
heterogeneous structure dissolution taking place 


simultaneously. Since the boundaries in such a case 
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would be accomplished more rapidly than by action 
of volume diffusion. 

Grain boundary motion is expected to originate, at 
least under certain circumstances, in the boundary 
dissolution process itself. This can provide a driving 
force for boundary motion analogically with dis- 
continuous precipitation. Hence, in that case, the 
process could be assumed to have characteristics in 
some respects related to that of the discontinuous 
mode of precipitation. In fact, some single obser- 
vations reported by Ageew et al.“ and Margolin and 
Hibbard seem to be in accordance with this assump- 
tion. 

The present work was done to obtain more infor- 
mation about the discontinuous mode of dissolution. 
After some preliminary investigations had indicated 
the existence of the process in Cu-Cd alloys, these 
were the 
with Cu—Ag,") Ag—Cu and Pb-Sn alloys have ascer- 


chosen for purpose. Later experiments 


tained the process in these alloys, too. 


The copper-cadmium system 


The maximum limit of solid solubility of Cd in « 
Cu—Cd solid solutions, 4.5 wt.°, Cd, is reached at 
650°C which is about 100°C above the peritectic 
temperature, 549°C, at which the next intermediate 
phase, f or Cu,Cd phase, forms on solidification. 
The solidus line is thus of the retrograde type. The @ 
phase has an extremely narrow range of solid solubi- 


lity. The position of the «x — £ solvus line can be 


1750 
-(+) 


where X, is the atomic fraction of Cd in « Cu-—Cd solid 
solution at the solubility limit at 7°K. 
Precipitation of # out of supersaturated «% occurs 
the mode.) 
mechanisms At high 
atomic fraction 


expressed 5) 


X, 0.40 


almost exclusively by discontinuous 
Here 
supersaturations, > 1.5 (Xo 
of Cd in supersaturated ~), the ‘‘ordinary”’’ mechanism 
appears. The result is a needle formed / precipitate 


two alternative exist. 


embedded with rigid orientation relationship in 
depleted « which in the immediate vicinity of the 
transformation front contains an excess amount of 
about 0.5 wt.°, Cd of solute. 
mechanism appears at lower supersaturations re- 


sulting in rounded, randomly oriented / in depleted 


An “extraordinary” 


with practically no supersaturation. 


Scope of the present work 


As a first approach to the new mode of dissolution, 
the following points seemed especially worth studying: 
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(i) Morphology. 
(ii) The critical temperature, 7',,, at which, in 

up-cycling, regions which have undergone dis- 
(these are called 


continuous — precipitation 


‘nodules’, “‘cells” or “‘colonies’’) at a lower 


temperature will have a tendency to grow by 
further advance of discontinuous precipitation 
equal to the tendency to dissolve by advance of 
colony boundary in the opposite direction. 

(iii) Time dependence in isothermal process: 

-the kinetic law of dissolution, « = f(t), cor- 
relating the dissolved volume fraction, x, with 
the time of solution anneal, ¢. 

-the growth rate of dissolved regions, @. 


EXPERIMENTAL METHODS AND 
PROCEDURES 
Materials 


Three Cu-Cd alloys were used. These were pro- 


cessed) into cold rolled sheet materials of 1 mm 
thickness, out of which the actual specimens were cut 
into a size of about 8 « 12 mm. Analysis, made in 
the Chemical laboratory of the Outokumpu Metal 
Works, (Pori, Finland), showed the following con- 


tents of Cd and impurities in the sheet materials: 


Alloy Cd Impurities (p.p.m.) 
no. (wt.%) Ag Bi Fe Mn Ni Pb Zn 
1.82 10 1.5 20 7 30 50 50 
2 2.75 10 30 2 30 50 50 
3 4.21 10 3.5) 42 | 45 15 


The reduction given in the last cold rolling was 
chosen for each alloy appropriately to permit achiev- 
ing of an equal grain size, about 0.1 mm, by reery- 


stallization during the homogenization anneal. 


Heat treatment 


The procedure used in heat treatment is schemati- 
cally shown in Fig. 1. 


(g) 

2 i (#) 1 

4 

(d) 

a 

| 

1] 


Time 


Fic. 1. Schematic representation of the heat treatment 
procedures (for alloy 1): (b) homogenization anneal; 
(d) precipitation anneal; (f,g) solution anneals (at two 
alternative temperature ranges); (a,c,e,h,i,j,.k) up- 
or down-quenches. 
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SULONEN: 


After the homogenization anneal, which always 
consisted of soaking for 1 hr at 650°C, the procedure 
was as follows: 
‘yr 
For the 
precipitation was allowed to proceed to xp, 


discontinuous 
0.2. 


determination of 


A number of precipitation temperatures 7',,, the ex- 
tremes being 250 and 470°C, were used. The actual 
determination of 7, was made by finding experi- 
mentally the value of up-cycling or dissolution 


temperature 7’, resulting in a_ situation  corre- 


sponding to the definition of 7',,. Customarily 5-7 

anneals, spaced with 2—-3°C intervals, were needed for 

a determination of 
1-2°C. 

the f(t) and G, the 

precipitation anneal was continued to transformation 


For determination of x 
of the whole volume by discontinuous precipitation, 
pr = 1, Ty, = 350°C being used most 
frequently. For T,, 20-30°C 
intervals from about 7, up to 560°C were selected. 
The upper limit is above the melting point, 549°C, 
of p. At of different 


durations was needed, of course. 


i.e. up to 


temperatures with 


each temperature a_ series 


Occasionally, a few series of specimens were 
quenched after the precipitation anneal to room- 
temperature, instead of being up-cycled for dis- 
solution, then cold-rolled LO per cent in thickness 
and finally up-cycled for dissolution, 

For the homogenization anneal a BaCl, — KC! 

NaCl bath was used, whereas for the precipitation 
NaNO, baths were 
The accuracy of temperature control of the 


and solution anneals KNQO, 
used. 
baths was respectively about +5, —2 and 
Microscopic and X-ray techniques 

The methods of specimen preparation for micro- 
scopic and X-ray examination, as well as the method 
for the determination of G, were the same as those 
previously described. 

The transformed volume fractions x or 
measured microscopically using the point counting 


were 
method. 

Powder X-ray photograms were made with 57.3 
and 114.6 mm dia. Debye-Scherrer cameras and 


using A radiation from a Co anode target. 


EXPERIMENTAL RESULTS 


Morphology 

Microscopical examination showed the appearance 
of the discontinuous mode of dissolution within a 
certain range of temperatures. The lower limit of 
this range apparently varies with X, and 7’), in about 


DISSOLUTION OF 


T., With a reproducibility of 
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the same way as 7’, (see below). The upper limit is 
placed at 600-650°C. The 
dissolution plays a predominant role from about 7',, 
up to about 600°C. 

The process begins at the matrix (x) grain boun- 


about discontinuous 


daries and spreads from there on, under motion of 
The 


start seems to happen nearly simultaneously and 


boundaries, into the grain interiors, Figs. 2—4. 


uniformly along the boundaries, except the small 
angle grain the 
evidently delayed. The resulting new « solid solution 


boundaries, at which 


process 1s 
has an identical orientation with the « grain adjacent 
to the original grain boundary position at which the 
process started. However, it has no orientation 
relationship with the grain to be consumed, i.e. 
Smith’s orientation law for discontinuous precipita- 
tion applies even to discontinuous dissolution. In 
addition, the cyclic precipitation—dissolution process 
results in considerable grain refinement of matrix, 
from the grain size of 0.1 mm to that of 0.03 mm, 


Fig. 4. 
Lattice parameter determinations showed that 


solute concentration in the new « at dissolution in the 


z+ PB range is equal to X, in alloys | and 2 (for 
Ty, = 350°C), whereas in alloy 3 it exceeds X, by an 
amount which increases with increasing 7',. These 


supersaturations, for alloy 3, in dissolution at 7’, 

520. 580 and 540°C were found to be 0.2, 0.4 and 
0.6 wt.°,, Cd, respectively. Hence, in these cases, a 
discontinuous retrogression or reversion phenomenon 
is involved. Complete retrogression would apparently 
be expected to occur at about 550°C. 

Whenever complete discontinuous dissolution oc- 
curred, microscopic examination revealed peculiar 
ghosts, which evidently show the former positions of 
the less frequently, 


those of particles, Fig. 6. 


dissolution front, Fig. 5, or, 
Prolonged anneal makes 


the phenomenon disappear. 


Critical temperature 

A micrograph showing a situation characteristic for 
7’. is seen in Fig. 7. 

The experimental values of 7',, are given in Table 1. 
For alloy 3 with 7, = 250°C, two values of 7'., were 
found, probably because of the circumstance that 
precipitation can occur by the ordinary as well as 
extraordinary this 
Apart from the lower value of 7',, for alloy 3 with 
T pr = 250°C, Ty, seems to correspond to the tem- 
perature for which X, is an average of Xy and solute 
concentration of depleted matrix formed at 7'p,. 

The lattice parameter determinations made in the 


mechanism at range of TJ... 


present work and earlier‘) allowed some calculations 
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Fic. 2. A slightly advanced stage of the discontinuous Fic. 5. Ghosted structure in the dissolved regions. 
dissolution process in the % + # range. The 2.75 The 1.82 wt. °% Cd alloy solution annealed 10 min at 
wt. % Cd alloy solution annealed 2 min at 500°C 40°C after complete discontinuous precipitation at 
350°C, 2500 


after complete discontinuous precipitation at 350°C. 
Or 


Fic. 6. A special case of ghosted structure showing the 
former positions of / particles. The same alloy as in 


Fic. 3. A slightly advanced stage of the process in Fig. 2 solution annealed, after partial discontinuous 
the ~ range. The same alloy as in Fig. 2 solution precipitation at 350°C, I min at 540°C. A phase 
annealed 0.6 min at 540°C, 300 contrast micrograph. 2000 


: > 
Fic. 7. Alternating regions of discontinuous _pre- 
Fic. 4. A rather advanced stage of the process in the cipitation and dissolution started at Te, = 520°C in 
a range. The same alloy as in the above figures solution front of a colony previously formed at Tp, = 350°C, 


annealed 2 min at 540°C. « 300 «1500 
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TABLE 1. Values of Tr, AX pr and AX, 


Alloy, T pr; T AX pr, AX,, 
(wt. % Cd) (°C) (°C) | (wt. % Cd) | (wt. % Cd) 

1.82 350 432 
2.75 280 459 

350 478 0.7 0.9 

400 488 0.55 0.6 

470 499 0.4 0.4 
{494 
4.21 250 
280 507 

350 520 1.5 1.7 

400 531 3 1.4 

450 544 1.0 1.1 


of the changes in solute concentration of x due to 
discontinuous precipitation and dissolution at 7’... 
AX,, and AX,, respectively. The results are also 
given in Table 1. 
nearly the same magnitude, at least when 7’), is 
comparatively high. 


Kinetic law 
According to Fig. 8, a linear relationship generally 
exists, for constant X, and 7’,, between log In(1/1 — 2) 
is near the 


and log ¢. Exceptions occur when 7’, 


temperature range of continuous process. Apart 
from these exceptions, the kinetic law of discon- 


tinuous dissolution is expressible in the form 
x= 1 — exp {—(t/r)"} 


where n equals the slope of the log In{1/(1 — x)} vs. 
log ¢ plot corresponding to a particular solution 
isotherm and 7 is the duration of the solution anneal 


required for x = (¢ 1)/e = 0.632. The average of the 


values of x for isotherms in Fig. 8 is 1.1, which is just 
one half of the value of n obtained for precipitation 
isotherms.) 


+05 


Log tn 1/(1=x) 
! 
Oo 
uo 


OF 


Apparently AX,, and AX, are of 
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Growth rate 


the 
starts almost simultaneously along all boundaries, the 


Since » obtains values near | and process 


dissolved regions evidently grow, in slab form, at a 
This is 


Moreover, 


into the grains. 
Fig. 9. 


time independent rate, G, 
shown also by the results in 
because extrapolation to d = 0 gives zero intercept at 
no incubation period for 

The 


times appearing in growth, with longer durations, is 


the time axis in Fig. 9, 


growth apparently exists. retardation some- 


evidently caused by a simultaneous continuous 
process, and is also manifested in deviations from the 
kinetic law. 

As can be seen from Table 2, G varies strongly not 
only with X, and 7’,, but also, for constant X, and 
with T, 

Comparisons between the rate of colony growth in 


yr’ 


discontinuous precipitation and the rate G of dissolu- 
tion, both at 7'.,, showed these to be nearly equal. 


Temperature dependence of growth rate 


The graph in Fig. 10 shows that a sharp change 
occurs at the solvus temperature 7’, (corresponding to 
the constitutional or metastable x equilibrium) in 
the temperature dependence of G with the change of 
T, from x region into the x + / region. 

Above 7'g, up to the peritectic temperature, log G 
varies linearly with the reciprocal of the absolute 
solution temperature, if X) and 7',, are held constant. 
On the basis of this relationship an activation energy 
Q of 21 keal/g at. is obtained. Below 7',, the linearity 
apparently is not valid and activation energies of 
100-160 keal/g at. can be derived. 

It is further notable that, below 7',, for constant 


+ ALLOY 1.82 % Cd 
2.75 10 
4.21 


Log t,(min) 
Fic. 8, Solution isotherms. T'pr = 350°C, 
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+ ALLOY 1.82% 
2.75 
4.21 


Cd 


(min) 


Fic. 9(a). 


/560°C 


ad,(mm) 


+ ALLOY 1.82 % Cd 
eaa 275 


6 
t , (min) 


Fic. 9(b). 


dissolved 
= 350°C. 


slab-formed 


T pr 


Fic. Ya-b. Thickness d_ of 


regions as a function of solution time ¢. 


TABLE 2. 


G, 

(wt. % Cd) (mm~?/min) 
02 
19 


1.82 


=— 
m 


wow 


Tp, and T,, G is the higher, the smaller X», whereas 
above 7’. the opposite holds. 


Effects of cold working 

Cold rolling of 10 per cent in thickness before the 
solution anneal caused, a.o. the following effects in 
dissolution process: 

(1) Discontinuous dissolution can start even within 
the grains. 

2) T., is lowered, though very inconsistently. 

(3) @ increases, and, relatively speaking, the more, 
the smaller AX,. E.g. for alloy 1 with 7, = 350°C, 
G at T, = 436, 480 and 540°C was 75, 3.3 and 3.0 
times higher, respectively, than in unstrained speci- 
mens. The corresponding numbers for alloy 2 at 
T, = 490, 510, 525 and 540°C were 3.5, 1.9, 1.9 and 
1.7 times, respectively. 

(4) The 
also accelerated. 


continuous dissolution process becomes 


DISCUSSION 
The transport of material in discontinuous dis- 
solution occurs, without doubt, by diffusion along the 
Values of G 


G, 
(mm~3/min) 


Alloy. 
(wt. % Cd) 


‘ 
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550 500 450 
+2 T 
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Log G 
oO 
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+ 
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+ ALLOY 182% Cd 
e 275 
° 421 
| 
+ | 
1.20 1.25 1.30 1.35 1.40 
1000/ 


the reciprocal of 


Fic. 10. Dependence of log G on 
T vr 350°C, 


absolute solution temperature, 1/7’, 


moving boundaries. Turnbull’s method® for esti- 
boun- 
daries gives, e.g. for alloy 2 at 540°C (G@ = 4 « 10>? em 
1 Ty, = 350°C, diffusion distance — precipitate 
spacing”? 0.6 10-4 em) a D, of the order 10-7 
1 This D, is only 3 orders of magnitude 
higher than the dD, 
calculable according to for 
diffusion in | at.°,, (1.78 wt.°,) Cd alloy: 


mating the diffusion coefficient D, in such 


sec 


9 
sec 


volume diffusion coefticient 


Kubaschewski’s data 


Dp. 3.5 29200/ RT’) em? see—!. 


10-3 exp | 

The comparatively small difference between )), and 
D,, and the fact that Q, (29.2 keal/g at.) is higher than 
( for dissolution in the x range (21 keal/g at.) are 
compatible with the observation that the continuous 
dissolution process predominates at temperatures 
above 600°C. 

There certain that the 
diffusion along the moving boundaries controls the 
growth rate at complete dissolution, i.e. in the « 
range. This assumption agrees well with the relatively 
Furthermore, 
for 


are reasons to suppose 


low value of Y in comparison with Q,.. 


this control mechanism would require that, 


constant 7’, (and X,), the growth rate would vary 
inversely with the square of the diffusion distance, /*. 
In fact, the ratio of the values of G (Table 2) for 
450, 400 


alloy 1, Ty, = 350°C, and for alloy 2, 7), 


OF 
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and 350°C, all with 7, = 525°C, is 0.8:1:2.1:4.2 
which is well compatible with 1:1:2.3:4.2, derivable, 
on the basis of the author’s previous experimental 
results, for the ratio of reciprocals of squares of the 
Fig. 30). 
cold working increases G by a small amount only at 


precipitate spacings (Ref. 5, In addition, 


complete dissolution. 
The occurrence of dissolution by grain boundary 


diffusion gives a reasonable explanation for the 
ghosted structures observed when complete dis- 
solution occurs. At that temperature range, the 


solute concentration of x in equilibrium with / is 
higher than X,. As a result, the solute concentration 
tends to be higher than X, in those parts of « which 
are easily accessible for diffusion from and to P. Such 
are regions swept over by boundary simultaneously 
in contact with a neighboring P. Consequently, the 
concentration must be smaller in other parts. Thus, 
concentration differences of certain configuration are 
created and appear as ghosts. Occasionally these can 
visualize the extent of grain boundary diffusion from 
a single / particle. 

The driving force of boundary motion in dis- 
continuous precipitation has generally been attributed 
to the net free energy decrease AF in the process. 
Obviously the same may apply to discontinuous 
dissolution. Due to complete or partial disappearence 
of the xf surfaces in dissolution, AF is higher than 
the chemical free energy decrease AF, Fig. 11, by an 
amount AF. corresponding to the energy of the 
disappearing surfaces. In this connection one must 
take into account, that the specific xP surface energy 
probably increases because undissolved loses its 
low energy orientation in matrix reorientation. 

The idea of a chemical driving force for boundary 


a 
ag 
1 
’ 
xX %, Xs 
Fig. 11. Chemical free energy relations in dissolution 
(schematically). The phase mixture % p. with 
compositions X, and X,, respectively, resulting from 


T pr is converted in dis 


precipitation in alloy X, at 
with 


solution to the mixture « p. 
X,’ and X3,, or to x, with composition X,’, depending 
on whether X, is greater or smaller than X,’. AF 
apparently reaches its maximum, for constant T pr and 
T;, for the alloy with or near the composition X,’, 


compositions 


8 
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motion, in discontinuous precipitation dis- 


solution, may, however, be suspected. It can namely 
be expected that a coherent matrix zone. of (nearly) 
equilibrium composition, would be developed at the 
boundary on the side of grain to be consumed. This 
zone would be created by rapid grain boundary 
diffusion, and thermal fluctuations of boundary 
position, and its development would also be enhanced 
Once developed, it would 


by volume diffusion. 


probably tend to grow and thus to check further 


action of the chemical driving force. 
Instead of that. that if the 
matrix lattice parameters vary with composition, 


one may suppose 
coherency strain energy is created, it concentrates in 
the zone, and causes the atoms in this zone to order on 
the other side of boundary. In fact, it thus provides 
the driving force for boundary motion. If the lattice 
parameters vary linearly the 
driving force would be some function of (AX)?, i.e. it 
would vary approximately as AF... This explanation 
applies equally well to discontinuous precipitation as 


with composition, 


to discontinuous dissolution. 
AX,, and 


forces for 


From the approximate equality of 
AX, at 7,, follows that the driving 
discontinuous precipitation and dissolution at this 
temperature can be considered approximately equal. 
The fact that also the growth rates of the transformed 
regions in these two processes are equal, at T7),, 
although the diffusion distances differ strongly, 
indicates that the growth rate in the temperature range 
of 
formation front, at least not for one of the processes. 
Moreover, in the same temperature range, G decreases 


fis not controlled by diffusion along the trans- 


strongly when X,y increases, for constant 7, and 7’,. 


This can only mean that the more the amount of 


undissolved increases with increasing Xp, the 


more strongly it retards the growth, just like inclu- 
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sions behave in recrystallization. On the other hand, 
its amount decreases, for constant and with 
increasing 7’,. This explains the alarming high 
values of @, 100-160 keal/g at., for the process in the 
% p range. 

The absence of an incubation period for growth is 
well in accordance with the fact that no nucleation is 
needed for the The of dis- 
continuous dissolution and precipitation differ funda- 


process. mechanisms 
mentally in this respect. 

It is immaterial, as far as the dissolution process is 
concerned, what the driving force is for grain boundary 
motions. When these are not created by the process 
itself, they can be caused, e.g. by normal recrystalli- 
zation. For such an effect speaks, partly at least. the 
metallurgical practice of speeding up dissolution and 
homogenization by inducing recrystallization through 
cold or hot working of the material. 
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THE LATTICE SPACING RELATIONSHIPS IN CLOSE-PACKED 
a AND ¢ PHASES BASED ON GOLD* 


T. B. MASSALSKI+ and H. W. KING* 


The lattice spacings of eight close-packed hexagonal € Au-Sn alloys and one Au—Hg alloy are reported 
and discussed as a function of composition and electron :atom ratio, using quenched alloys and X-ray 
powder methods. The results show that in the Au-Sn system the axial ratio and the a and c spacings 
change with increasing electron concentration in a similar manner to that observed earlier in Au—In 
alloys.”’ Previously reported lattice spacing values in the x and { phase ranges for the four gold-based 
systems Au-Hg, Au—Cd, Au-In and Au-Sn are compared with the present work and discussed in terms 
of systematic deviations Aa’, Ac’ and Aa observed in all these alloys. 


RELATIONS DU PARAMETRE DU RESEAU DES PHASES COMPACTES x ET ¢ DES ALLIAGES 
A BASE D'OR 


Les auteurs ont étudié influence de la composition et du rapport: nombre d‘électrons de valance 
nombre d’atomes sur les dimensions de la maille de huit alliages { Au-Sn cristallisant dans le sytéme hex 
agonal compact et d’un alliage Au-Hg. Pour ce faire, ils ont utilisé des alliages trempés et déterminé le 
rapport électrons-atomes au moyen de méthodes de poudres en rayons X. 


Les résultats montrent que pour les alliages Au-Sn le rapport des axes et les paramétres a et ¢ varient 
1 


lorsque le nombre d’électrons croit dune maniére semblable a celle observée dans les alliages Au—In, 


Les valeurs des paramétres déterminées précédemment pour les phases % et ¢ de quatre alliages a base 
dor : Au-Hg, Au-Cd, Au-—In, et Au-Sn. ont été comparées avec les résultats obtenus dans ce travail et 
ont été examinées en fonction des déviations systématiques Aa’, Ae’ et Aa observées dans ces alliages. 


GEPACKTER x UND ¢ 


BEZIEHUNGEN ZWISCHEN DEN GITTERKONSTANTEN DICHT 
PHASEN VON GOLDLEGIERUNGEN 


Die Gitterkonstanten von acht hexagonal dicht gepackten ¢ Au-Sn Legierungen und einer Au-Hg 


Legierung werden mitgeteilt und als Funktion der Zusammensetzung und der Elektronenkonzentration 


diskutiert. Zur Untersuchung wurden abgeschreckte Legicrungen und réntgenographische Pulver 
Die Ergebnisse zeigen, daB im Au-Sn System das Achsenverhaltnis und die a und 


methoden verwendet. 
c Abstande mit zunehmender Elektronenkonzentration sich in Ahnlicher Weise Aandern, wie es friiher bei 


Au-—In Legierungen beobachtet worden war." Friihere Ergebnisse von Gitterkonstantenmessungen an % 
und ¢ Phasen der vier Goldlegierungssysteme Au-Hg, Au-Cd, Au-In und Au-Sn werden mit der vorlie 
genden Arbeit verglichen und diskutiert mit Hilfe von systematischen Abweichungen Aq’, Ac’ und Aa, 


die in allen diesen Legierungen auftreten. 


1, INTRODUCTION ships in gold-based systems for the cases where the 

In recent publications"? the lattice spacings of a primary solid solution is followed by an intermediate 
number of binary close-packed hexagonal (c.p.hex.) phase which is close-packed hexagonal. 
intermediate phases based on noble metals have been In gold-based alloys, € phases are known to occur in 
reported and discussed. If the range of homogeneity four binary systems: Au-—Cd, Au-Hg, Au-In and Au 
of such phases occurs in the broad region of electron Sn. The lattice spacings for the first three systems 
concentration (e/a) values between 1.2 and 1.6, they have been reported earlier,”) and in the present inves- 
are usually described as ( phases, and if their range 
occurs in the vicinity of e/a = 1.75, they are described one Au—Hg alloy are presented and discussed. 
as e phases. In both cases they are frequently referred As a result of the present study it became clear that 
certain trends in the changes of lattice spacings with 


tigation the lattice spacings of eight Au-Sn alloys and 


to as electron compounds, ® and the term electron 
concentration (e/a) is used to denote the ratio of all e/a already established for c.p.hex. phases based on 
copper and silver also occur in gold-based alloys. 


valency electrons to the number of atoms. It has been 
shown*4® that e/a is an important factor which This suggested thatthe valuesof lattice spacing reported 
in the literature which fall outside these trends may be 


influences the systematic changes of lattice spacings 
and axial ratio of ¢.p.hex. based on noble metals. The 
lattice spacing relationships between the « (f.c.c.) and 
C(c.p.hex.) phases have been discussed recently for the — various values reported for Au-Cd and Au—Inalloysare 
systems Cu-Ga, Cu-Ge and Ag—Al.) Following this — discussed below. 

work it became of interest to examine similar relation- The interpretation of the present and previous data 
provides information about various possible types of 


inaccurate. A re-examination of one Au—Hg alloy 
confirmed this possibility. Other differences between 


interactions between the Fermi surface and the Bril- 


* Received December 23, 1959. 
+ Mellon Institute, Pittsburgh 13, Pennsylvania. louin zone of the c.p.hex. structure in alloys based upon 
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Composition, heat-treatment and lattice spacings at 30°C of ¢.p.hex. alloys in 


systems Au-Sn and Au-Hg 


Composition of alloy 


Alloy Homogenizing 
No. temperature 
(°C) 


SS. 
87. 
S6. 
84.7 
S4. 
83.83 
83.69 


71.45 


* Analysed chemically. 
e/a value estimated for { phase from the vol/atom curve 


copper, silver and gold. This is the subject of a 
separate paper.) 


2. MATERIALS AND EXPERIMENTAL METHODS 

Alloys were prepared from spectroscopically stan- 
dardized materials.* Weighed quantities of the pure 
metals were melted under reduced pressure of helium 
in small, sealed thin-walled tubes of fused quartz 
or “Vycor” with vigorous shaking: details of this 
technique have been published earlier.“:®) 

A few alloys were analysed chemically, the values 
obtained being in agreement with the intended com- 
positions within the errors of chemical analysis. 

Details of homogenization, heat-treatment, metallo- 
graphic examination and preparation of X-ray samples 
were the same as in earlier investigations." 

In order to obtain accurate values of the lattice 
spacings, the last ten high-angle X-ray lines, resolved 
into doublets, were plotted against the Nelson and 
the lattice 
then evaluated by extrapolation to 4 = 90 


Riley function,” and spacings were 
. To obtain 
a straight-line plot, the axial ratio was first adjusted 
by a trial and error method. The ¢ lattice spacings 


were then calculated from the evaluated a and c/a 


All values are reported in Angstrom units, 


values. 
based upon the following values assumed for the Cu 
radiation: 

1.5405006 A 

1.5443412 A. 


Cu K,, 

Cu K,, 

The which 
recorded was 30 — 1°C. The accuracy of the reported 
results is 0.0002 A for the a spacings, and +0.0004 A 
for the c spacings. These limits were determined by the 


temperature at measurements were 


* Supplied by Messrs. Johnson, Matthey and Co., Ltd. 


Homogenizing 
time 
(days) 


a, ¢.p.hex. c¢, ¢.p.hex. 


(A) (A) 


Structure 


2 6457 

l 

6406 1.390 
.6362 1.420 
.6298 1.458 
1.480 
.6248 1.485 
1.489 


2.9350 
2.9362 
2.9368 


{ + 2nd 


phase 2.9217 6480 1.263+ 


(see Fig. 3). 


best possible fit into a straight-line Nelson and Riley 
extrapolation. 


3. EXPERIMENTAL RESULTS 

The values of the a and ¢ lattice spacings and of 
axial ratio, together with composition and other 
pertinent data, for the eight Au-Sn alloys and one 
Au-Hg alloy are given in Table 1. The X-ray films for 
the Au-Sn alloys showed only the lines of the c.p.hex. 
diffraction pattern and no indication of distortion 
or ordering of the structure could be detected. For 
the Au—Hg alloy very weak diffraction lines of a second 
phase, in addition to the c.p.hex. pattern, were 
observed. 

In the Au-Sn system the axial ratio decreases 
throughout the entire range of the c.p.hex. phase in 
agreement with earlier work by Stenbeck and West- 
gren™®. This decrease in c/a is from 1.6457 at the 
gold-rich end of the phase to 1.6240 at the tin-rich 
houndary, passing through the ideal value of axial ratio 
(1.633) between 14.01 15.3 at.% Sn. Au-Sn 
is thus the only one of the gold-based alloy systems 


and 


in which the axial ratio becomes less than the ideal 
value at high solute contents. While theaspacing shows 
an increase with increasing tin content, the ¢ spacing 
first increases, passes through a maximum and then 
decreases. This maximum occurs in the region of 
12 at.°4 Sn. These results for the Au-Sn system are 
strikingly similar to those obtained earlier” for 
Au-In alloys. 

In the Au-Hg system only one alloy was cast to fall 
in the mercury-rich end of the somewhat uncertain 
composition range of the c.p.hex. phase. After homo- 
genizing at 395°C this alloy was found to contain a 
liquid phase, but after re-casting and annealing for 53 
days at 275°C it consisted almost entirely of a ¢.p.hex. 
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phase together with a trace of a second phase. The 
axial ratio obtained for this alloy, which may be taken 
to represent the mercury-rich end of the phase at 275°C 
is in good agreement with previous work.” Further, 
the present results confirm the earlier findings that 
there is only a very small change in axial ratio through- 
out this ¢.p.hex. phase.” The a and ¢ spacings 
of the alloy, however, are somewhat higher than those 
reported previously. * 


4. DISCUSSION 

The present results for the ¢.p.hex. Au-Sn alloys are 
shown in Fig. 1. The extent of the « and { phases in 
terms of atomic composition is shown in the upper 
portion of the figure. In the lower portion the a and ¢ 
spacings of the c.p.hex. phase, and the volume of the 
unit cell per atom, are plotted as functions of e/a. The 
results for the x phrase, based on the work by Owen and 
Roberts"*®), are included to complete the comparison. 

As in an earlier treatment by Massalski and Cock- 
ayne™) the a spacings of the cubic x phase have been 
divided by y 2 to provide a direct comparison between 
the lattice spacings of the x and { structures in their 
closest packed planes {111} and {0001}, respectively. 
These values are plotted as a’. In addition to the 
observed ¢ spacings in the { range, hypothetical ce’ 
spacings have been calculated and included in the « 
range as shown in Fig. 1. These values correspond to ¢ 
spacings of an ideally close-packed c.p.hex. structure 
extending throughout thex phase region and possessing 
a closest distance of approach of atoms in the {0001} 


planes, which is equal to the closest distance of 


approach of atoms in the {111} planes of the cubie 
alloys.t 

It can be seen that for Au-Sn alloys the a’ spacings 
of the « phase do not extend linearly, and smoothly, 
into the {range as was the case reported earlier"? 
for the Cu-Ge and Cu-Ga alloys. Instead a definite 


* In an earlier investigation!’ the lattice spacings of four 
c.p-hex. Au-Hg alloys were reported. These alloys were 
analysed chemically after a long homogenizing treatment at 
379°C. The X-ray films showed only the diffraction lines 
from the c¢.p.hex. structure. Re-measurement and _ re-cal- 
culation of the original films during the present work 
confirmed the earlier published data. However, the present 
results and a detailed comparison of the data for other 
gold-based systems (Figs. 2 and 3) indicate that the values 
obtained earlier for the two mercury-rich alloys are not 
consistent with their analysed compositions. Similar incon- 
sistencies between lattice spacings and expected chemical 
composition have been reported for the f.c.c. (x) Au-Hg 
alloys,"2) and the discrepancies may be attributed to 
volatilization of mercury from the X-ray powders during 
annealing. To avoid this in the present study the filings for 
X-ray study were annealed for 10 min at 150°C, instead of at 
the homogenizing temperature of 275°C. 

+ Hence, the a’ and c’ spacings are related to the cubic a 
spacings in the following 2 ‘ ‘> 


way: @a’=a/V/2; c’ =a 
(ideal axial ratio) = a/\/2 V/8/V/3 = 2a/y 3. 
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contraction, Aa’, is observed on passing from the « to 
the € alloys. Fig. 1 shows that subsequently the 
initial portion of the a spacing curve in the ¢ range for 
1.33 1.35 


parallel to the a’ spacing curve. Above e/a ~ 1.35 the 


e/a values between and appears to lie 
curve exhibits a gradual change of slope marked Aa in 
Fig. 1, the rise in the a spacing being accelerated with 
further increases in e/a. 

At the gold-rich end of the ¢ phase the ¢ spacings 
deviate to higher values, by the amount Ac’, from the 
values indicated by the extrapolation of the hypo- 
thetical c’ spacings from the x phase. This is consistent 
with the fact that these particular alloys have higher- 
than-ideal axial ratios, as may be seen from Fig. 3. 
The ¢ spacing curve shows a slight maximum near 
e/a ~ 1.36 and then falls to values below the extrapo- 
lation of c’ as e/a is further increased: it intersects 
the extrapolation of ¢’ at e/a ~ 1.44, which is the 
same value at which the a spacing curve cuts the 
extrapolation of a’ and the axial ratio passes through 
the ideal value (Fig. 3). 

The values of volume per atom shown in Fig. | fall 
almost exactly upon the curve extrapolated from the 
primary solid solution. This extrapolated curve was 
obtained by calculating the volume per atom at 
various points in the { phase region using the linear 
extrapolation of the a’ values. 

The only previous work on ¢ Au-Sn alloys is that of 
Stenbeck and Westgren"® whose results for two alloys 
are included in Figs. 1 and 3. These results are in 
general agreement with the present work, although the 
a spacing of the gold-rich alloy falls slightly lower than 
the present values and hence leads to a low value of 
volume per atom and a high axial ratio. The tin-rich 
alloy, on the other hand, agrees closely with the 
present data. 

Similar behavior to that discussed above of lattice 
spacings, volume per atom and axial ratio, when 
plotted against e/a, is evident in other systems based 
on gold as shown in Figs. 2 and 3.7 In the Au-In 
the results of Massalski™ 
together those of Wegst Schubert 


clearly demonstrate that the @ lattice spacing curve is 


system, for example, 


with and 
yvarallel to the a’ curve, after the initial contraction 

Above that 


latter value the a spacings deviate to higher values by 


Aa’, for e/a values between 1.23 and 1.36. 
an amount shown as Aa in Fig. 2. In the systems 
Au-Hg and Au-Cd, in which the 
1.36, after the initial shrinkage Aa’, the a 
spacing curves possess slopes similar to their respective 


¢ phases terminate 


before e/a 


+ The data for the « alloys (solid black symbols) is based 
on the work of Owen and Roberts‘! for Au—In and Au—Cd, 
and Rayson and Calvert?’ for Au-Hg alloys. 
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Fic. 1. Portion of the Au-Sn equilibrium diagram showing composition of the alloys and changes of the 
lattice spacings and volume per atom with electron concentration in both x and ¢ ranges. 


(Aa) is 


observed. The Aa’ displacement is demonstrated most 


a’ spacing plots, but no accelerated rise 
clearly in the system Au-—Cd since the a’ and a curves 
actually overlap over a wide range of electron concen- 
tration (Fig. 2). The ¢ lattice spacings for the Au-In 
system are higher initially, by an amount Ac’, than 
those values predicted by the extrapolation of the e¢’ 
curve from the x phase to the € phase range, but 
nevertheless they lie parallel to the c’ curve over the 
same values of e/a for which the a spacings curve is 
parallel to the a’ curve. The ¢ spacings tend to fall off 
at e/a about 1.36 (i.e. at the same electron concentration 
at which the a spacings rise more steeply) and pass 
The limit of 
the phase is reached before the decreasing ¢ spacing 


through a maximum at e/a about 1.38. 


curve intersects the extrapolation of c’, and the axial 
ratio never falls to the ideal value. The results of 
Massalski™) for Au—Cd, and for two gold-rich Au-Hg 
alloys combined with the present Au—Hg alloy, also 
show that for e/a values below about 1.36 the c 


spacing curves lie parallel to the respective c’ curves, 
being displaced from them by a positive increment 
Ac’. The similarity between the variation of lattice 
spacings with e/a in the systems Au-Sn and Au-In 
indicates that the ¢ curve for the Au-Sn alloys very 
probably also lies parallel to the c’ curve over a narrow 
range of e/a just above 1.33 (Fig. 1). 

The values of volume per atom calculated from the 
data for the Au-In system, and from lattice spacings 
quoted above for the Au-Cd and Au—Hg systems, all 
fall close to the extrapolated curves from the « alloys 
as was found for Au-Sn alloys. This is shown in Fig. 3. 
Also indicated in this figure are the results for the axial 
ratios for the above alloys. These results together with 
those for the Au-Sn system fit into a general pattern 
for the variation of axial ratio with electron concen- 
tration in which there is very little change in c/a up to 
a value of e/a about 1.36, and beyond this a steep fall 
towards, and below, the ideal value. This steep fall 
in c/a is caused by the combined effects of rising a 
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spacing and falling ¢ spacing, which occur in this 
region of electron concentration. * 

The above detailed results can now be compared 
with other data in the literature which show poor 
with the 
Particularly marked differences occur in the systems 
Au-Hg and Au-Cd. 

The lattice spacings of two alloys in the Au-Hg 
system studied in earlier work by Stenbeck”) are 


agreement present general conclusions. 


slightly lower than the other data for this system 
shown in Figs. 2 and 3 but exhibit the same general 
The 


results of two mercury-rich alloys reported by 
Massalski™, and not included in Figs. 2 and 3, do not 


trends as a function of electron concentration. 


conform to the established trends, but are considered 
to be unreliable for reasons discussed above (p. 679). 
Rayson and Calvert"*) report data for one Au-Hg 
alloy, of assumed composition 25 at.°, Hg, which 
does not show any Aa’ or Ac’ displacement with 
respect to the extrapolation of the a’ and c’ curves from 
the ~ phase region. Further, since the axial ratio of 
this alloy (reported to be almost ideal) is at variance 
with all other data for gold-based systems (Fig. 3), it 
must be considered that the lattice spacings reported 
by Rayson and Calvert are unreliable. 

Even though the a spacings of all the data for the 
Au-Cd system in Fig. 2 show a displacement Aa’ and 
lie parallel to a’, the data for the ¢ spacings, and hence 
also for the c/a and volume per atom, reported by Owen 
and Roberts"®) and by Bystrom and Almin"®, differ 
considerably from the trends in all other gold-based 
c.p.hex. alloys and in particular from the results of 
Massalski™ for this system. The rate of increase in c 
reported by these investigators indicates no tendency 
to fall off or pass through a maximum at electron 
concentration values in the region of 1.36, and the 
corresponding increase in c/a is directly opposite to 
that expected at these values of e/a (Fig. 3). This beha- 
vior is significant, especially as the discrepancies are 
only observed in the ¢ spacings. The answer is most 
likely in the temperature difference from which the 
alloys were quenched. Wegst and Schubert") have 
reported recently that a Au—Cd alloy of composition 
corresponding to e/a = 1.325, quenched from 350°C, 
contained a c.p.hex. phase which was ordered. The a 
lattice spacing of this alloy conforms to other data in 
Fig. 2, but the ¢ spacing and axial ratio agree very 


* Wegst and Schubert‘!!! state that the steep fall in the 
axial ratios of Au-In alloys quenched from 350°C, in the 
region of e/a values above 1.36, may be a result of ordering 
and orthorhombic distortion. However, no order X-Ray 
reflections were observed by Massalski'!’ in powders quenched 
from between 398 and 500°C. Present results for Au—Sn 
alloys show similarly that a steep fall in c/a also occurs in this 
system without the presence of order. 


ACTA METALLURGICA, VOL. 8, 


1960 


closely with those of Owen and Roberts"®) and Bys- 
trom and Almin"® for the same composition, and are 
No 
such tendency for ordering or distortion was observed 
by Massalski in the X-ray films of the alloys quenched 
from 439°C. 
Bystrom and Almin”® was the same as that of Wegst 


thus at variance with the data of Massalski™). 


The annealing temperature used by 


and Schubert (350°C), and Owen and Roberts) have 
not quoted their temperature. However, if it was 
below about 350°C, the results of Schubert indicate 
that these alloys would very likely be ordered or 
distorted, which might account for the abnormal 
behavior of the ¢ spacings as a function of e/a. 

In conclusion the following evaluation of the avail- 
able data is possible: 

(a) On passing from the « primary solid solutions to 
the { c.p.hex. phases a contraction, Aa’, occurs in the 
closest packed planes. 

(b) The a spacing curves in the { phases initially lie 
parallel to the a’ spacings extrapolated from the 
x phases: the a spacings deviate to higher values by 
an amount Aa in the systems Au-Sn and Au-In 
in the region of e/a above approximately 1.35-1.36. 

(c) The ¢ spacings of the { phases are initially 
higher, by an amount Ac’, than the hypothetical ce’ 
values extrapolated from the primary solid solutions. 

(d) With increasing e/a the ¢ spacings increase with 
slopes parallel to the c’ spacings extrapolated from 
this phase: in the systems Au-Sn and Au~—In the ¢ 
spacings pass through a maximum and begin to 
decrease when e/a exceeds values of about 1.36-1.38. 

(e) The initial value of axial ratio in the € phases is 
distorted from the ideal value to about 1.648 and 
remains fairly constant with increases of e/a until the 
value e/a = 1.36 is reached: at higher values of e/a 
the axial ratio decreases. 

(f) The values of volume per atom fall very nearly 
upon the same curve in both the « and € ranges. 

(g) Alloys for which the ¢ spacings, axial ratios and 
volumes per atom show a positive deviation from the 
trends summarized above appear to be ordered. 
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LATTICE SPACING RELATIONSHIPS AND THE ELECTRONIC BAND STRUCTURE 
OF CLOSE-PACKED a AND ¢ PHASES OF GOLD-BASED ALLOYS* 


T. B. MASSALSKI? and H. W. KING+ 


The lattice spacing relationships in the « and ¢ alloys based on gold are discussed in the light of 
previous similar studies. It is shown that the systematic deviations Aa’, Ac’, and Aa, observed in the 
lattice spacings of the ¢ alloys, can be interpreted in terms of the interactions of the Fermi surface with 
the faces of the Brillouin zone of the c.p.hex. structure. When the present results are viewed in the 
light of the band structure theory they indicate that, similarly to the interpretation of Cohen and 
Heine”), the Fermi surface must be considerably more distorted in the gold-based alloys than in alloys 


of copper or silver. 


RESEAU ET STRUCTURE ELECTRONIQUE DE PHASES COMPACTES 
a2 ET ¢ DANS LES ALLIAGES A BASE D’OR 


PARAMETRE DE 


Les auteurs examinent les paramétres du réseau des phases x et { des alliages a base dor, en fonction 
de résultats obtenus préalablement. 

Ils montrent que les déviations systématiques Aa’, Ac’ et Aa des paramétres de la maille de la phase ra 
peuvent étre interprétées comme une interaction entre les surfaces de Fermi et les faces de la zone de 
Brillouin de la structure a réseau hexagonal compact. Ils examinent ces résultats en fonction de la struc- 
ture électronique et montrent tout comme Cohen et Heine”) que les surfaces de Fermi sont plus 
déformées dans les alliages & base dor que dans les alliages de cuivre et d'argent. 


BEZIEHUNGEN ZWISCHEN DEN GITTERKONSTANTEN UND DER ELEKTRONISCHEN 
BANDSTRUKTUR DICHT GEPACKTER x UND € PHASEN VON GOLDLEGIERUNGEN 
Die Beziehungen zwischen den Gitterkonstanten der x und ¢ Phasen von Goldlegierungen werden 

angesichts der Ergebnisse vorhergehender ahnlicher Untersuchungen diskutiert. Es wird gezeigt, daB 

die systematischen Abweichungen Aa’, Ac’ und Aa, die bei den Gitterkonstanten der ¢ Legierungen beo- 
bachtet werden, als Folge der Wechselwirkung der Fermioberflache mit der Brillouinzone der hexagonal 

dicht gepackten Struktur gedeutet werden kénnen. Betrachtet man die vorliegenden Resultate im 

der Theorie der Bandstruktur, so zeigen sie, daB die Fermioberflache bei Goldlegierungen erheblich mehr 

verzerrt sein mub, als bei Kupfer—oder Silberlegierungen, wie es einer Interpretation von Cohen und 

Heine” entspricht. 


1. INTRODUCTION 


The relationship between changes in lattice spacings 


The significance of these general trends in the changes 
of lattice spacings in the close-packed hexagonal phases 
of close-packed hexagonal (c.p.hex.) intermediate 
phases in alloys of the noble metals with the B-sub- 


of gold alloys will be discussed in relation to known 
distortion mechanisms associated with the interactions 


group elements has been the subject of a number of | of the Fermi surface with the faces of the Brillouin 


experimental and theoretical papers.“~” In many of 
these the 
interpretation of particular experimental observations 
such as the stability of the €°.8) and «7 phases at 


papers attention has been focused on 


values of electron concentration (e/a)t near 3/2 and 
7/4, respectively, the higher-than-ideal axial ratios in 
certain gold alloys?) and variations in the rate of 
change of the a and ¢ spacings at particular values of 
e/a.” Recently a detailed comparison has been made 
by the present authors'®) between the lattice spacings 
of the x and € phases of the four gold systems in which 
the ¢ phase is known to occur. The lattice spacings, 
axial ratios and volumes of the unit cell per atom of 


these phases were found to follow distinctive trends 


when plotted as functions of electron concentration. 


* Received December 23, 1959. 
+ Mellon Institute, Pittsburgh 13, Pennsylvania. 
t It is assumed that the ratio e/a denotes the total number 


+ 
of valency electrons over the number of atoms in the alloy. 


zone. Special reference will be made to similar relation- 
ships reported earlier for the systems Cu—Ge and Cu 
Ga.” The data available at the present time? 
for ¢ phases in silver alloys is considered to be insuffi- 
cient for detailed comparison with the gold systems. 

Finally the present interpretation of the lattice 
spacings data for the x and € phases of gold-based 
alloys will be considered in the light of the new ap- 
proach to the theory of the band structure of noble 
metals and their x phase alloys recently proposed by 
Cohen and Heine’. 


2. PREVIOUS CORRELATIONS BETWEEN 
LATTICE SPACINGS AND ELECTRON CON- 
CENTRATION IN C.P.HEX. INTERMEDIATE 
PHASES 
The earlier interpretations of the significance of 
lattice spacing changes in c.p.hex. phases of the noble 
metals can be conveniently discussed in terms of the 
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C Phases 


Axial Ratio, c/a 


NANA Cau 
<x 


€ Phases 


1.00 1.25 
(Cu, Ag, Au) 


variation in axial ratio as a function of electron 


concentration. This is shown schematically in Fig. 
1° for copper and gold alloys: the probable 
variation of c/a in silver-based alloys appears to be 


similar to that of copper as indicated by the dotted 


line. The c.p.hex. phases are usually described as € if 
they are stable in the region of e/a near 1.5, and as ¢ if 


they are stable near e/a about 7/4. 

A vertical section through the Brillouin zone of the 
c.p.hex. structure proposed by Jones” is shown in 
Fig. 2. Theoretical indicate™.3,4) 
that interactions between the Fermi surface and the 
faces of the Brillouin zone can result in two possible 
general distortions of the c¢.p.hex. lattice: the zone 
overlap distortion suggested by Jones” and the zone- 
Goodenough). 


considerations 


approach distortion suggested by 
Both of these types of interaction tend to distort the 
Brillouin zone in such a way that the zone faces in- 
volved are brought closer to the origin of the k-space: 
hence, they produce an expansion of the corresponding 
lattice spacings in real space. Jones“) proposed that 
the lower-than-ideal values of axial ratio in the e¢ 


1.50 
Electron Concentration, e/a 


Fic. 1. Diagramatic representation of the changes of axial ratio with electron concentration 
in c.p.hex, and ¢ phases of the noble metals. 


2.00 


phases (Fig. 1) result from an overlap of Fermi electrons 
across the {1010! faces of the Brillouin zone, which 
would in turn cause an expansion of the @ spacings in 
the real lattice. This suggestion was later adopted by 
Raynor and Massalski® to account for the stability 
of the € phases in copper-based alloys. 

As illustrated in Fig. 1, within the range of e/a from 
about 1.23-1.36, the axial ratios of gold-based alloys 
remain approximately constant and are greater than 
the ideal value of 1.633. 
concentration the axial ratios fall steeply and eventu- 


At higher values of electron 
ally become less than ideal. The corresponding fall 
in axial ratios in copper alloys, on the other hand, is 
much less steep and appears at relatively higher values 
of e/a. The higher-than-ideal values of axial ratio at 
the onset of the ¢ phase in gold alloys were discussed 
by Massalski®.® and attributed to the Goodenough 
zone-approach distortion with respect to the {Q002! 
faces of the Brillouin zone, shown in Fig. 2. This 
mechanism was also thought to be responsible for the 
continued increase in the ¢ spacings which occurs in 


these alloys up to electron concentrations of about 


Au 
164 Cu 
Axiol Rotio 
162 
| =" | 
| 
158 
\ | 
\ | 
\\ 
VOL. 
8 | 
— 


686 ACTA METALLURGICA, VOL. 8, 1960 


(0002) 


7710 T 1) 


1.38. The steep fall in the axial ratio was attributed to 
an overlap of Fermi electrons across the {1010} faces 
of the Brillouin zone when the electron concentration 
exceeded about 1.36; which by the Jones mechanism 
would result in an expansion of the a spacings. This 
latter suggestion, however, was not substantiated by a 
detailed study of the gold-based alloys. 

Massalski and Cockayne later investigated the 
decrease in axial ratios of the € phases in the systems 
Cu-—Ge, Cu-Ga and Ag—Al by studying changes in the 
lattice spacings and comparing them with the lattice 
spacing of the primary solid solutions (x). 
A schematic representation of their results for Cu-Ge 
and Cu-Ga is shown in Fig. 3. It can be 
seen that for these systems the spacings a’ 
of the closest packed planes of the cubic x solid 
solutions* extended almost without a change 


* For the purpose of comparison the cubic @ spacings are 
divided by 


Fic. 2. Vertical section through the Brillouin zone 
of the c.p.hex. structure suggested by Jones"), 


™ 


into the c.p.hex. ¢€ phases up to a value of e/a near 
1.4, above which they show a deviation (Aa) towards 
higher values. This acceleration in the rate of change 
of the a spacings at e/a near 1.4 was again associated 
with the onset of overlap across the {1010} faces of 
the Brillouin zone. Massalski and Cockayne‘? 
proposed that a measure of the distortion due to 
overlap could be obtained from the rate of the expan- 
sion of the a spacings | Aa/(a — Aa)| when plotted as a 
function of e/a. It was found that the rates of distor- 
tion were very nearly the same for the copper-based 
and silver-based alloys which were examined. 


3. LATTICE SPACINGS OF a AND © PHASES IN 
GOLD-BASED ALLOYS 

The general pattern of lattice spacing changes when 

plotted as functions of e/a for x and ¢ phases of the 

systems Au-Sn, Au-In, Au-Cd and Au—Hg is sum- 

marized diagrammatically in Fig. 4. For a detailed 


Fic. 3. Typical variations of the a lattice spacings 
with electron concentration in x and ¢ phases in 
Cu—Ge and Cu-—Ga. 
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Volume per Atom 


A 

i. 

5 
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a Porameter 
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(Au) Electron Concentration, e/o 


Fic. 4. Typical variations of lattice spacings, axial ratio and volume per atom 


description reference should be made to the authors’ 
earlier paper.) The general behavior of the a spacings 
of the ( phases and the occurrence of the Aa deviations 
is similar to that reported for Cu-Ge and Cu-Ga:? 
however, the Aa deviations in the gold systems occur 
at a lower value of electron concentration, i.e. at e/a 
1.35-1.36. In addition, Fig. 4 also shows an initial 
deviation Aa’ which occurs in the a spacings at the 
onset of the c.p.hex. ¢ phases in all four gold-based 
systems. This deviation was not apparent * in the Cu 
Ge and Cu—Ga systems.) A complementary deviation 
Ac’ may also be observed in the ¢ spacings if a suitable 
comparison is made with hypothetical c’ spacingst 
calculated for the x primary solid solutions." 

In the systems Au-In and Au-Sn, for which the ¢ 
phases are stable at values of e/a exceeding 1.36—1.38, 
the ¢ spacings pass through a maximum and begin 


to decrease. However, in all four alloy systems, values 


with electron concentration in x and ¢ phases in gold-based alloys. 


of volume of the unit cell per atom in the ¢ phases fall 
almost exactly on the curve of volume per atom extrapo- 
lated from the primary solid solutions, as indicated 
in Fig. 4. The trend in the axial ratio changes with e/a 
is also shown. It is of interest to notice that for e/a 
values at which the axial ratios begin to decrease the 
a lattice spacings show the Aa deviation. 
4. INTERPRETATION OF THE LATTICE 
SPACING DATA FOR a AND ¢ PHASES 
OF GOLD-BASED ALLOYS 
In this section an attempt will be made to interpret 
the consistent trends in lattice spacings of the « and € 


* A close examination of the data of Massalski and 
Cockayne”), in the light of the results for gold-based ¢ alloys, 
reveals the possibility of a very small deviation Aa’ in the 
copper-based systems, as indicated in Fig. 3. 

+ ¢’ spacings correspond to ¢ spacings of a hypothetical 
c.p.hex. structure with an ideal axial ratio having a spacings 
equal to the spacings in the closest packed planes of the 
cubic (%) structure. Hence, c’ a’ ideal axial ratio 
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phases of gold-based alloys in terms of the known zone 
distortion mechanisms referred to above. The Ac’ 
deviation can be interpreted in the following way: If 
the Fermi surface possessed a perfectly spherical 
shape, then for an ideally close-packed hexagonal strue- 
ture the three principal faces of the Brillouinzone shown 
in Fig. 2, {1010}, {0002} and {1011}, would be touched 
at e/a values of 1.14, 1.362 and 1.68, respectively. 
Now the Goodenough type of interaction occurs be- 
tween the Fermi surface and the Brillouin zone before 
the zone faces are touched. Such an interaction with 
respect to the {0002} faces of the zone would cause an 
expansion of the ¢ spacings in real space, and hence 
could account for both the Ac’ deviation and the 
higher-than-ideal axial ratios found in C phases. 
However, as is illustrated in Fig. 4, the results for gold- 
based alloys show that the Ac’ deviation is actually 
observed at much lower values of e/a than 1.36, i.e. 
at the onset of the c.p.hex. phases. It must be 
concluded, therefore, that the Goodenough type of in- 
teraction with respect to the {0002} faces of the zone 
occurs in gold-based alloys at lower values of e/a than 
would be consistent with an approaching spherical 
Fermi surface. Hence, according to this interpretation, 
it follows that the Fermi surface must be considerably 
distorted from the spherical shape. 

Considering the origin of the Ad’ deviation it must 
be remembered that there seems to be no known zone 
distortion mechanism which can result in a decrease of 
the lattice spacings with increasing electron concen- 
tration. Hence, it seems reasonable to assume that 
the Aa’ deviation is a contraction in the a spacings 
which merely compensates for the expansion Ac’ in the 
¢ spacings in such a manner that the volume per atom 
This 


suggestion is in accordance with the observation that 


of the structure remains virtually unchanged. 


the volume of the unit cell per atom of the ¢ phases, 
when plotted as a function of e/a, falls almost exactly 
on the extrapolation of the volume per atom of the x 
primary solid solution (Fig. 4). 

Immediately after the onset of the ¢ phases the a 
and ¢ lattice spacing curves lie parallel to the a’ and c’ 
curves extrapolated from the x solid solutions and 
hence follow the normal course dictated by the size 
and valency relationships between solvent and solute 
atoms as discussed by Raynor for the primary solid 


* The value of e/a at which the {0002} faces of the 
Brillouin zone would just be touched by an expanding 
spherical Fermi surface should not be confused with similar 
values of e/a (1.35-1.36) at which it is proposed that the 
distorted Fermi surface in gold-based ( phases overlaps the 
{1010} faces of the zone. For a more nearly spherical Fermi 
surface this overlap would occur in the region of e/a nearer 
1.4 as was suggested for Cu-based and Ag-based alloys.‘7’ 
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solutions. Therefore, the axial ratios of the € phases 
change very little in the range of e/a from the onset of 
the ¢ phase up to about 1.35-1.36: remaining at c/a 
~ 1.648. 

At e/a near 1.35-1.36 the Aa deviation is observed. 
Following the earlier work on gold-based alloys'® and 
the more recent results in copper- and _ silver-based 
alloys™ it may be concluded that in the Au-Sn and 
Au-In systems, for which the € phases show the Aa 
deviation, an overlap of Fermi electrons takes place 
across the {1010} faces of the Brillouin zone. This 
overlap is responsible for the accelerated increase in 
the a spacings at electron concentration values greater 
than 1.35-1.36. The magnitude of the distortion due to 
overlap can be conveniently compared for different 
Aa) are plotted 
against e/a. Comparison of the data for the Au-Sn and 
Au-—In alloys with similar data obtained by Massalski 
and Cockayne for Cu-Ge, Cu-Ga and Ag—Al alloys is 
It can be seen that the rate of the a 


systems when the values of Aa/(a 


shown in Fig. 5. 
lattice spacings distortion at higher values of e/a is 
greater in the gold-based alloys than in these copper- 
based or silver-based allovs. It amounts to a change of 


4.2 « 10° per 0.1 change in e/a, compared with 
3.5 « 10°3 per 0.1 change in e/a for the copper and 


silver alloys, Fig. 5 also shows that the rate of the 
distortions, immediately following overlap, is at first 
very low and then accelerates smoothly to some steady 
value, indicating that the overlap of Fermi electrons 
across the zone face is a gradual and continuous pro- 


cess. The extrapolation of the Aa/(a — Aa) curves to 
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the values at which Aa/(a — Aa) = 0 suggests that over- 
lap across the {1010} faces in Au-Sn and Au—In occurs 
near the e/a values of 1.352 and 1.365, respectively. 
These results are much lower than the corresponding 
values of 1.415 and 1.43 in Cu-Ge and Cu-Ga, respec- 
tively. It is possible that the extrapolation for Ag—Al 
alloys should not be linear, as plotted by Massalski 
and Cockayne and as reproduced in Fig. 5, but in 
fact should turn to lower values of e/a, nearer to those 
for Cu-Ge and Cu-Ga. 

Simultaneously with the accelerated increase in the 
a lattice spacings at e/a values near 1.35-1.36, the c 
spacing curves for the Au-Sn and Au-In alloys show a 
deviation to lower values and thus no longer remain 
parallel to the respective c’ curves. Since once again 
there seems to be no known zone distortion mechanism 
which can cause a decrease in lattice spacings with 
increasing electron concentration, this deviation in the 
¢ spacings to lower values must be considered as a 
compensating effect for the increase, Aa, in a spacings 
due to overlap of Fermi electrons across the {1010} 
faces of the Brillouin zone. Both the occurrence 
and position of the maxima in the ¢ spacings are thus 
a result of the superposition of this compensating 
effect upon the increase in the ¢ spacings dictated by 
the normal size and valency relationships. Had the 
normal trends in the lattice spacings been to decrease 
with increasing e/a, as for example in Ag-—Al™ no 
maximum would have been observed in the ¢ spacing 
curve due to the compensating effect, but merely a 
change in slope to a more negative value. In accor- 
dance with the fact that the size of the indium atom is 
larger than that of the tin atom”? the lattice spacings 
of Au-In alloys increase more rapidly than those of 
Au-Sn alloys, when plotted as functions of e/a. The 
superposition of the compensating effect on these 
trends in lattice spacings should thus cause the maxi- 
mum in the ¢ spacings to occur at higher values of e/a 
in the Au-In system than in the case of Au-Sn, which 
is in agreement with the observed values of e/a ~ 1.38 
and 1.36 for the position of the maxima in these sys- 
tems, respectively. 

Following the lattice spacing work in Au-—In ¢ 
alloys, Massalski ef al."%) studied the magnetic 
susceptibility of three { alloys as a function of com- 
position and temperature. They observed a low 
diamagnetic susceptibility in the e/a region below 1.36 
and an increased susceptibility above that value. They 
interpreted their results by suggesting that low 
diamagnetic susceptibility reflects a decrease in the 
density of states N(#) immediately preceding the 
touching of the {0002} faces of the Brillouin zone. The 
lattice spacings trends discussed above now indicate 


MASSALSKI anp KING: LATTICE SPACING IN « AND €¢ GOLD-BASED ALLOYS RO 


that the low density of states at e/a values lower tha: 
1.36 must be associated with the shape of the Fermi 
surface in the Brillouin zone immediately preceding an 
overlap across the {1010} faces. 


5. THE DISTORTION OF THE FERMI SURFACE 
IN a AND ¢ PHASES OF GOLD-BASED ALLOYS 

Attention to the theory of the band structure of the 
noble metals and their x alloys has been given recently 
by Cohen and Heine“®). They suggest that for mono- 
valent metals the energy states at the center of Bril- 
louin zone faces are either pure s-like or pure p-like in 
character. According to their model the magnitude 
of the band gap at a zone face may be expressed as a 
difference between the energies of the s and p states, 
ie. E,—E,; this difference is then estimated in 
terms of the s—p excitation energy A,, of the free 
atom. Cohen and Heine"® conclude that for copper 
E,, < E,, and for gold E, > E,. 

Further it is suggested that the magnitude of 
the band gap, £, — E,, influences the shape of the 
Fermi surface and causes a distortion 

1/2(z E) 
d — (1) 

where £,, is the energy at the Fermi level. In contrast 
with the rigid-band theory put forward by Jones", they 
propose that the band gap £, FE, is changed upon 
alloying. Since for alloys based on the noble metals 
with additions of the B-subgroup elements, the solute 
always has a larger value of A. than the solvent, the 
energy of £, will be raised relative to 2, by alloying. 
Hence, the addition of solute atoms to copper, where 
E,, < E,, should lower the band gap and cause the 
Fermi surface to become more spherical. On the other 
hand, for gold where £,, E. the addition of solute 
atoms should cause the band gap to be increased still 
further, and the Fermi surface to become grossly 
distorted from the spherical shape. Thus in gold. 
based x alloys the Fermi surface should touch the zone 
faces at relatively low values of e/a. In agreement with 
this conclusion the x phases based on gold are known 
to terminate at lower values of e/a than in the case of 
copper and silver alloys. 

The present interpretation of the lattice spacings 
data for ¢ alloys based on gold agrees well with the 
model of Cohen and Heine. Both the magnitude of 
the Aa’ and Ac’ deviations, and the low e/a values at 
which the ¢ phases occur, point to a considerably 
distorted Fermi surface. Conversely, for the Cu-Geand 
Cu-—Ga systems, the seeming lack of the Aa’ and Ac’ 


distortion and the onset of the € phases at higher values 
of e/a are consistent with low energy gaps in the 
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Brillouin zone and a more nearly spherical Fermi 
surface in the c.p.hex. ¢ alloys. 

Now the larger the band gap the greater will be the 
difference between the value of e/a at which the Fermi 
surface first touches a zone face and the value at which 
overlap eventually takes place across it. Presuming 
that the band gaps in gold-based ¢ phases are large, 
and that overlap across the {1010} faces occurs at 
e/a= 1.35-1.36 (from the extrapolation of Aa/(a — Aa) 
to zero, as shown in Fig. 5), there must be considerable 
contact between the Fermi surface and these faces even 
at the onset of ¢ phases near e/a = 1.23. 

The relative distorting effect of a particular solute 
on the band gap of a solvent may be assessed, to a 
first approximation, by using the parameter 7 defined 
by Cohen and Heine” as follows: 


where A. again refers to the s—p excitation energy of 


sp 
the free atom, and the inclusion of the solute valency, 


z, scales the parameter in terms of electron concen- 
tration. For alloys of gold with In, Hg, Sn and Cd 
the values of 7) are approximately 4.2, 4.0, 1.2 and 1.0, 
respectively.“%) Thus at any given electron concen- 
tration the magnitude of the band gaps should be 
greater, and hence the Fermi surface more distorted 
(equation 1), in alloys with In or Hg as solutes com- 
pared to alloys containing Sn or Cd. According to the 
present argument, therefore, this should result in more 
pronounced deviations towards higher initial axial 
ratios in the former alloys (Au-In and Au—Hg) than in 
the latter (Au-Sn and Au—Cd). This prediction is con- 
firmed by the lattice spacings data." At the onset of 
the € phases in Au-Hg and Au~—In, at e/a ~ 1.22 and 
1.26, respectively, the axial ratios of the alloys are 
both of the order of 1.6485 and remain at this value 
till e/a ~ 1.33. In Au-Cd and Au-Sn, however, not 
only do ¢ phases occur at higher values of e/a, but 
the axial ratios are relatively lower, being equal to 
1.6464 and 1.6457 at the onset of the ¢ phases at 
e/a ~ 1.32 and 1.33, respectively. 

Knowledge of both lattice spacing relationships and 
the nature of the band gap in silver-based alloys is less 
detailed. The distortion due to overlap across the 1010 
faces of the Brillouin zone for Ag—Al (Fig. 5) is very 
similar to that for the Cu-Ga and Cu—Ge systems.) 
It therefore points to small band gaps and a nearly 


spherical Fermi surface. The ¢ phase alloys based on 
silver are more numerous than those based on copper 
and gold, and many of them extend over a wide range 
of e/a as indicated schematically in Fig. 1. It is 
probable, therefore, that the conditions for stability of 
these phases are even more favorable in the silver- 
based systems than in those based on copper and gold. 
In order to clarify this possibility, the lattice spacings 
relationships of several such phases are being investi- 
gated at the authors’ laboratory 

It is very likely that the situation at the onset of the 
c.p-hex. { phase is indicative of the shape of the Fermi 
surface at the termination of the preceding x phases. 
Hence, the present conclusions regarding the large 
distortion of the Fermi surface in ¢ phases based on 
gold add support to the interpretation by Cohen and 
Heine as to why the x phases based on gold terminate 
at relatively low values of e/a. Further, it may be 
noted that the previous interpretations of this latter 
fact were in terms of a greater-than unity valency for 
gold,"*.1) relative sizes of the atoms and ions of copper, 
silver and gold" or the differences in electrochemical 
factors."*) All such effects cannot account for the 
strong Aa’ deviation in the a spacings on passing from 
the x to the € phases. Hence, it seems very probable 
that the major difference between the x and € alloys of 
gold and those of copper and silver can be attributed to 
the difference in the distortion of the Fermi surface. 
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IRRADIATION HARDENING IN COPPER AND NICKEL* 


M. J. MAKIN? and F. J. MINTER? 


The lattice and dislocation components of irradiation hardening have been measured in polycrys 
talline copper and nickel as a function of (a) testing temperature and (b) neutron dose. The results 
are compared with Seeger’s theory of lattice hardening, which is based on dislocations cutting through a 
forest of obstacles under the action of both stress and thermal activation. The observed temperature 
dependence of the lattice hardening in both metals is in excellent agreement with the theory in the 
as-irradiated condition. Mild annealing treatments greatly reduce the temperature sensitivity however 
and the theory is no longer obeyed. From the results it is concluded that the obstacles do not have a 


constant activation energy as assumed by Seeger and theories of the temperature dependence should 
include this factor. It is shown that the dose dependence of lattice hardening may be described by the 


new formula 


e~ 


which is derived by combining the theoretically predicted dependence on ¢!/2 with a saturation effect. 


The existence of obstacles of various sizes is also indicated from measurements of the temperature depen- 


dence of the constants in this equation. No definite conclusions as to the mechanism of formation of the 
obstacles can be made at present. The dislocation hardening component is shown to be independent 


of testing temperature in copper but not in nickel, 


DU NICKEL 


DURCISSEMENT PAR IRRADIATION DU CUIVRE ET 


Les auteurs mesurent pour différentes températures et divers flux de neutrons, les deux composantes 


de durcissement de polycristaux de cuivre et de nickel. Ils comparent les résultats obtenus avec la 


théorie de Seeger. Selon celui-ci, le durcissement du réseau (premi¢re composante de durcissement) est 


causé par la présence d’obstacles entravant la propagation des dislocations sous l’action des contraintes 


et de activation thermique. Si, pour les deux métaux irradiés, on observe un accord parfait avec la 
théorie de la variation du durcissement en fonction de la température, un léger recuit diminue cependant 


la sensibilité a la température, Les auteurs en concluent que les obstacles ne présentent pas une énergie 


d‘activation constante comme le suppose Seeger. D’autre part, afin de tenir compte de la saturation, ils 


proposent une nouvelle formule de la variation du durcissement du réseau en fonction du flux de neutrons: 


A(l 


Enfin, puisque les constantes de cette équation dépendent de la température, il existe donc des obstacles 


de dimensions variées. 
On ne peut formuler de conclusions définitives, par exemple, quant au mécanisme de formation des 


obstacles. 
Les auteurs terminent en montrant que la secondescomposate de durcissement (Accroissement de la 
résistance a la formation de dislocations) est indépendante de la température pour le cuivre, mais pas 


pour le nickel. 


NICKEL 


BESTRAHLUNGSVERFESTIGUNG VON KUPFER UND 

Die Bestrahlungsverfestigung laBt sich in eine vom Kristallgitter und in eine von den Versetzungen 
herriihrende Komponente aufteilen; beide wurden an polykristallinem Kupfer und Nickel als Funktion 
(a) der Versuchstemperatur und (b) der Neutronendosis gemessen, Die Ergebnisse werden mit Seegers 


Theorie der Gitterverfestigung verglichen. Dieser liegt ein Modell zugrunde, bei dem die Versetzungen 
unter der Wirkung von Spannung und thermischer Aktivierung einen Wald von Hindernissen durch 
schneiden. Die beobachtete Temperaturabhangigkeit stimmt bei beiden Metallen im Zustand nach det 
Die Temperaturempfindlichkeit wird jedoch durch 


° Bestrahlung ausgezeichnet mit der Theorie iiberein. 
leichtes Erwarmen zum groBen Teil abgebaut und stimmt dann nicht mehr mit der Theorie tiberein., Aus 
den Resultaten ergibt sich die Folgerung. daB den Hindernissen keine konstante Aktivierungsenergie 


zuzuschreiben ist, wie Seeger angenommen hatte, und die Theorien der Temperaturabhangigkeit sollten 
Es wird gezeigt, daB die Dosisabhangigkeit der Gitterverfestigung durch 


diesen Faktor beriicksichtigen. 


die neue Forme!l 


0; e— 


beschrieben werden kann, die sich aus der theoretisch vorhergesagten Abhangigkeit von ¢! * zusammen 


Die Messungen der Temperaturabhangigkeit der Konstanten 


mit einem Sattigungseffekt ableiten laBt. 
in dieser Gleichung zeigen ebenfalls, daB Hindernisse verschiedener GréBe existieren. Uber den Bildungs 
mechanismus der Hindernisse kénnen zur Zeit keine bestimmten Aussagen gemacht werden. Es wird 


gezeigt, daB die von den Versetzungen herriihrende Verfestigungskomponente bei Kupfer von der Verfor 


mungstemperatur unabhangig ist. jedoch bei Nickel von der Temperaut abhangt. 


INTRODUCTION making the nucleation of slip difficult (source harden- 

It is theoretically possible for radiation to harden a _— ing) or (b) by making the propagation of slip difficult 
metal in two basically different ways: either (a) by (lattice hardening), and there is now considerable 
evidence that in well annealed metals such as copper 


* Received October 16, 1959. 
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and nickel both types of hardening occur on 
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Fic. 1. 
showing the analysis into lattice o, 
hardening 

irradiation. This conclusion is based upon the shape 
of the stress-strain curve of the polycrystalline metal 
after irradiation, Fig. 1, which shows a sharp vield 
point followed by a region of Luders strain. This type 
of yield occurs in mild steel and it has been shown both 
theoretically": and experimentally"? that in such 
cases there is a relationship between the lower vield 
stress and the grain size: 
(1) 


is the lower vield stress, o, is the lattice 


oO 0; 


where a, 
friction stress, 2d is the grain diameter and k, is a 
measure of the stress required to operate dislocation 
sources. This relationship has also been shown to 
hold for irradiated copper.) The values of o, and 
k, can therefore be determined from equation (1) 
when the vield stress is known as a function of the 
can be 


determined from the Luders strain by projecting back 


grain size. Alternatively o, and a, ( 


the stress-strain curve after the vield point as shown 
in Fig. 1. This is so because the Luders strain occurs 
while the metal is recovering by strain hardening the 
reduction in vield strength o, which occurs when it 
vields. 

Seeger'® has proposed a theory for lattice hardening 
based upon the cutting of dislocations through a 
forest of obstacles under the action of both stress and 
thermal activation. The theory is similar to that of the 
temperatue dependent part of the critical shear stress 
of unirradiated single crystals and is general in 
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that the exact nature of the obstacles need not be 

specified. The theory states that the strain rate is 

given by the equation 
Nb 
N 


é 
Vo*é (2) 


where é = strain rate, V is the number of dislocations 
per unit volume held up against obstacles, NV, is the 
number of obstacles per unit area of glide plane, > is 
the Burgers vector, v, is the frequency of oscillation 
of a dislocation ~10!°/sec, U(a)is the activation energy 
for cutting through the obstacles at a stress o and 
T is the absolute temperature. Assuming an energy 
profile for U(a)and taking into account the probability 
that the larger the stress the smaller the average 
spacing between obstacies due to dislocations bowing 
out and so meeting another obstacle, an equation is 
derived for o of the form 
A — BT?8 
N, Uo 
Gb 
Thy, 
and B= A A In — 


The predicted temperature dependence has been 


where A 


shown by Seeger to be in excellent agreement with 
experimental results obtained by Blewitt’ on irradi- 
ated copper single crystals. 

In the present experiments the lattice and source 
hardening components, ¢, and ¢, have been measured 
by the Luders strain method on polycrystalline copper 
and nickel as a function of neutron dose and tem- 
perature of testing. The experimental results are 
compared with Seeger’s theory of lattice hardening 
outlined above. 

EXPERIMENTAL DETAILS 
The spectrographic analyses on the 


materials used are given in Table 1. 


results of 


TABLE | 


Nickel 
lmpurity 


Copper 


Impurity 
I impurity 


0.0003 0.05 
0.01 

Not detected 
0.005 

Not detected 


Iron 
Copper 
Silver 
Lead 

Tin 

Nickel 
Cobalt 
Aluminium 
Calcium 
Magnesium 
Bismuth 
Zine 
Cadmium 
Silicon 
Manganese 
Chromium 


0.005 
0.002 
0.0002 
0.005 
Not detected 
Not detected 
0.0005 
0.0001 
0.0005 
0.001 
0.0001 
0.0001 
Not detected 
Not detected 


0.05 
0.0002 
0.0001 
~.1 

Not detected 
0.002 

Not detected 
0.04 
0.0008 
0.001 
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The copper was an ‘oxygen free high conductivity” 
grade and the nickel was designated ‘‘pure’’. Both 
materials were initially in the form of annealed wire, 
the copper 0.080 in. dia. and the nickel 0.048 in. dia. 
Wire specimens (3 in. long » 0.048 in. dia.) were used 
throughout to minimize the induced radioactivity and 
to enable a large number of specimens to be irradiated 
at one time under similar conditions. The copper 
specimens were prepared by drawing the 0.080 in. dia. 
wire down to 0.048 in. dia. and then annealing at 450° 
for 60 min. The nickel wire as supplied was straight- 
ened by applying slight tension and then annealing at 
615°C for 60 min. Metallographic examination was 
carried out before irradiation, the average grain 
diameter of the copper specimens was 0.010—0.015 mm 
and of the nickel 0.015-0.020 mm. The specimens 
were mounted in robust aluminium jigs and sealed in 
a helium atmosphere to prevent contamination. The 
irradiations were carried out for various times in three 
different BEPO, Windscale and NRX in 
Canada. Cobalt monitors were included in each speci- 
men batch to measure the total thermal neutron flux. 
The quoted figures are epithermal flux which has been 


reactors, 


calculated from the slow neutron dose (as measured by 
the cobalt monitors) by using either the experimentally 
determined ratio of epithermal/slow flux where avail- 
able, or the caculated value of this ratio. The irradi- 
ation temperature did not exceed LOO'C. 

Tensile tests were carried out at a variety of tem- 
peratures in a conventional hard beam tensile testing 
machine fitted with motor drive. The copper speci- 
mens were gripped in pin vices which were attached 
in a special jig to ensure good alignment of the speci- 
men during mounting. The nickel specimens were 
gripped in clamp type grips. All tests were carried out 
at a strain rate of 7.0 « 10-% see-!. The stress was 
measured to 0.25 per cent of the maximum value and 
the strain to 0.01 per cent. Tests at various tempera- 
tures were made by enclosing the specimen in liquid 
baths; details of the baths used are given in Table 2. 

EXPERIMENTAL RESULTS 

A typical curve for unirradiated and irradiated 
copper is shown in Fig. | and the method whereby the 
total hardening is analysed into lattice and dislocation 
components by projecting back the stress-strain curve 
after the yield is illustrated in this figure. The 
accuracy of this method of determining the lattice 
hardening is good in the present experiments because 
the early part of the stress-strain curve after the vield 
is almost linear for a considerable extension beyond 
the Luders strain, for example in irradiated copper the 
curve is practically linear up to about 4 per cent 
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TABLE 2 
Bath Fixed point 
195 Liquid N, Boiling point 
183 Liquid O, Boiling point 
158.5 Iso-pentane Melting point 
115 Ethyl alcohol Melting point 
78 Solid CO, and 
acetone Sublimation point 
50 5 Aqueous CaCl, Freezing point 
0 Ice Melting point 
20 Water Room temperature 
50-200 Silicone oil Controlled to 


extension of which only the first 0.9 per cent is 
occupied by the Luders strain. 

Careful measurements in this linear region therefore 
enable the slope of the line to be accurately deter- 
the 
found to amount to only a few per cent of the lattice 


mined. In addition dislocation hardening is 
hardening in the specimens used so that errors in the 
dislocation hardening have very little effect on the 


Whilst this 


enables the lattice hardening to be accurately measured 


determination of the lattice hardening. 


(+1,000 Ib/in?) it has, of course. the converse effect of 
making the dislocation hardening difficult to deter- 
mine and the scatter of results is 15 per cent of 
the mean value. 

To determine the detailed temperature dependence 
of irradiation hardening, a large batch of copper 
1019 neutrons 


specimens was irradiated with 7.9 
em~* and a batch of nickel specimens with 7.0 
neutrons 

The effect of testing temperature on the shape of the 
stress-strain curve is shown in Fig. 2 where results are 
given on nickel. The curves are very nearly parallel 
and the extent of the Luders strain is constant at 
about 2.5 per cent. The slope of the linear hardening 
part of the curve following the Luders strain is almost 
160°C and 239°C and 


The results on copper are 


between increases 


195°C. 


constant 
only at very 
similar. 

The variation in lower yield stress with tempera- 
ture for irradiated copper and nickel is given in Fig. 3. 
The lower vield stress of copper is almost linear with 
testing temperature between — 195°C and —s0°C but 
this is not significant since the division into lattice and 
has not been made. 


dislocation vet 


Analysing the results into these two components by 
the 
the temperature dependence of the lattice and disloca- 


components 


method described in the introduction enables 
tion hardening to be determined, Figs. 3 and 4. The 
lattice hardening term a, is very temperature depen- 
dent in both irradiated copper and nickel and is not 


a linear function with temperature in either metal 
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TENSILE STRESS, P 


EXTENSION 


Fic. 2. The effect of testing temperature on the stress 


strain curve of irradiated (7.0 10)* neutrons cm *) 


nickel, 


The dislocation hardening term a, is almost indepen- 
dent of testing temperature in copper but in nickel 
a, decreases from 4500 |b/in? at —195°C to ~3000 
Ib/in? at 200°C. In copper, however, although o, 
was substantially constant at about 1300  |b/in? 
between —160°C and +200°C persistently low values 


NICKEL 
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HARDENING 


~ 


x 


YIELD STRESS % 10° PS.1. 


“Sa. COPPER 
LOWER YIELD 
LATTICE ~~. STRESS. 
HARDENING % 


20__ 
-200 -i0O 300 
TEMPERATURE 
Fic. 3. The temperature dependence of o, and o, in 
irradiated copper (¢ = 7.9 neutrons cm~?) and 
nickel (¢ 7.0 10!* neutrons em~?), 
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Fic. 4. Temperature dependence of dislocation 
hardening o, in irradiated copper and nickel. 


50 6070 
Ti °K) 
Fic. 5. as a function of for copper. The 


equation of the line is a; 1426 — 11-072/3, 


2100; 


as a function of 7? for nickel. 
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ULTIMATE TENSILE STRENGTH io%es. 


-200 100 200 300 
TEMPERATURE °C 
Fic. 7. Temperature dependence of the ultimate tensile 


strength of irradiated copper and nickel. (copper ¢ 
7.9 neutrons em") (nickel 7.0 
neutrons cm ~?). 


were obtained at —195°C. In nickel this was not 
observed. 

Seeger’s'® theory of lattice hardening, described in 
the introduction, predicts a linear relationship between 
o-* and 7? and the results are plotted in this way for 
copper and nickel in Figs. 5and 6. A very good straight 
line relationship is obtained for copper and in nickel 
the results fall on two straight lines intersecting at 
= 

The variation in ultimate tensile strength with 
temperature is shown in Fig. 7 for both irradiated 
metals. In each case the curve follows the general 
shape of the vield stress-temperature curve except for 


the high results obtained at —195°C. Although the 
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Elongation to fracture of irradiated copper and 
nickel. 
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Fic. 9. The dose dependence of ¢, in copper. The rates 
of increase of o, with $'° are: 
195°C, 10,020 |lb/in?/10® (neutrons em~*)!/4 


20°C, 6850 Ib/in?/10® (neutrons em~*)'/8 
200°C, 5020 Ib/in?/10® (neutrons em~*)", 


elongation before fracture values for the two irra- 
diated metals are very scattered, Fig. 8, there does not 
appear to be any systematic variation in this quantity 
with testing temperature for either metal. 

The dose dependence of the mechanical properties 
of both metals has been measured at three testing 

195°, 20 +200°C) for doses 
neutrons and 1.07 10% 
The variation in yield stress plotted 


temperatures and 
between 9.5 

neutrons 
against ¢'* at three testing temperatures is given in 
Figs. 9 and 10 for copper and nickel, respectively. At 
each testing temperature the results fall on a straight 


LOWER YIELD STRESS 10° 


. 10. The dose dependence of a, in nickel. The 
rates of increase of a, with "8 are: 
195°C, 18,710 lb/in?/10® (neutrons em~?)! 4 
20°C, 11,380 lb/in?/10® (neutrons 


200°C, 8940 Ib/in?/10® (neutrons 
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Fie. 11. The lattice hardening stress c, as a function of 
¢' * for copper and nickel at various temperatures. The 
rates of increase of ao, with ¢'? in |b/in?/10® (neutrons 
*)1/3 are: 
Temp. Nickel 
195°C 17.000 
20 10.060 
200 S400 


em 

Copper 
YSS0 
6580 
4800, 


line, indicating that over the range of doses inves- 
tigated there is a linear dependence of ¢, with 6!'3 and 
the lines obtained at various testing temperatures 
intersect at a point when ¢!'% = 0. The stress at this 
intersection is less than the vield stress of the unirradi- 
ated material at any of the three testing temperatures 
and an “incubation” period at the start of the irradi- 
ation is observed. Similar behaviour has been observed 
in copper single crystals'®) where a series of tests at 


n “95°C 
NICKEL x 209°C. 
200°C 


@ 


b 


DISLOCATION HARDENING 9% 107 P 5.1 


2 
i 
10 (n cm 5 
. 12. The dislocation hardening stress o, of nickel 
as a function of ¢'*, 


1960 


very low doses has shown that the critical shear stress 


rises very slowly with ¢'? until the line appropriate to 


the testing temperature is reached. 

Analysis of the stress-strain curves into the lattice 
and dislocation hardening components ¢, and a, has 
been carried out and are shown in Figs. 11 and 12. 
It is found that, is proportional tod"? for both metals 
at all testing temperatures. The linearity of o, with 
¢''3 agrees with the experimental observations on 
copper single crystals, where the critical shear stress 
(which is effectively o,, since the grain size 2d is 
theoretically infinite) is approximately proportional 
to pl/3,(9,10) 
between o, and $'3 at different testing temperatures 


The straight line relationships observed 


intersect at the same point on the stress axis when 


40. 50 60 
T30K)§ 


. o, asa function of 7*% in copper 
at various dose levels. 


¢'3 — 0 as the yield stress ¢,/¢'* relationships. The 
results enable the temperature dependence of a, to be 
investigated at various neutron doses. In Fig. 13, 07° 
is plotted as a function of 7%? for copper at various 
to 1.25 


Linear relationships are obtained for all the 


neutron doses from 1 10?9 neutrons/ 
em?. 
neutron doses in excellent agreement with Seeger’s 


theory. The values of the constants in the equation 
= A — BT™ 

are given as a function of neutron dose for copper in 

Fig. 14. 

were not available to determine accurately at each 

dose the slope of both of the linear relationships 


In the case of nickel sufficient specimens 


| 
~195°C 
NICKEL 
20°C 
AS 
20°C _ = 
3 10% (a. em~2)3 
“5 
4 
a @> 2 0] 
6 
“6. 
2807 
& 
Fic 


MAKIN ano MINTER: IRRADIATION HARDENING 697 


1600 ore B ————— similar manner to the yield strength. This behaviour 


A : is observed at —195°C, 20° and 200°C in both metals 

10.0075 The UTS/¢"3 relationships obtained at various testing 

1400: | vA temperatures do not intersect at = 0 as the 

(0.007) relationships do. The rate of increase of the UTS 

Ay 12 with $!'3 is much less rapid than that of the yield stress 

we o,; in copper the UTS increases at about 50 per cent 

1200) iO of the rate of increase of with and in nickel the 
je corresponding figure is ~70 per cent. 

< L 3 ° The elongation to fracture is reduced at all testing 

1000: temperatures (below the annealing temperature) by 

irradiation, and in Fig. 17 the results are plotted as a 

6 function of ¢'/3. There is considerable scatter but the 


800. general reduction with increasing dose can be clearly 


seen. 


8 


NICEL “195°C. . 


Fic. 14. The variation of the constants in the equation 
Gj A as a function of 


@ 


between o7/° and 7?3. In copper both A and B increase 
with dose but are not linear with 6? and the ratio B/A 
increases with dose. 


The variation in ultimate tensile strength with 


b 
O 


neutron dose at various testing temperatures is shown 


ULTIMATE TENSILE STRENGTH io PS 
Nin 
8 e) 
4 


in Figs. 15 and 16 for copper and nickel, respectively. 


There is a long incubation period at low doses during 20) 
which the UTS is very little affected by the irradiation. 
Following this region it increases linearly with 63 in a 
% | 2 3 2 


Fic. 16. The increase in the UTS of nickel with 6%, 


70 The rates of increase are: 
195°C, 15.240 |lb/in?/10°® (neutrons em~*)! 4 
20°C, 8200 lb/in?/10® (neutrons em~?)'4 
60 “195°C 200°C, 6600 Ib/in?/10® (neutrons 3, 
| Oo 
5 DISCUSSION 


The division of irradiation hardening into two com- 
«— ponents, lattice and dislocation hardening, is now 
— well established and the results will be discussed in 


terms of these two components. 


* 


w 
9 


ULTIMATE TENSILE STRENGTH 1° PS.1. 


Lattice hardening must be caused by “obstacles” of 


some kind distributed throughout the crystal structure 


which oppose the motion of dislocations across the 


./3 m, 4 5 glide plane. In Seeger’s theory of this hardening it is 
10° (n.cm-2)§ ] 
Fic. 15. The increase in the UTS of copper with ¢'*. 
The rates of increase are: 
195°C, 5860 Ib/in?/10° (neutrons em”*)"® and (b) that V., the number of obstacles per unit area 
20°C, 3480 Ib/in?/10® (neutrons em~*)!4 
200°C, 2260 Ib/in?/10® (neutrons em~*)"%, 


assumed that (a) the activation energy LU’, required by 


a dislocation to cut through an obstacle is a constant 


of glide plane, is directly proportional to the dose ¢. 


600: / 
2 3 4 5 
$3 10° (n.cm 
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1960 
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10; 


| 


The irradiated 
nickel, 
~5.3 per cent/10° (neutrons em 


elongation to fracture of 
The rate of decrease is 
2)1 3 


Fic. 17. 


The observed temperature dependence of lattice 
hardening in copper and nickel is in excellent agree- 
ment with Seeger’s theory, Figs. 5 and 6, there being a 
linear relationship between and as predicted 
by equation (3). 

In nickel two linear relationships are observed 
indicating that in this metal there are two types of 
defect contributing to the temperature dependence. 
The results obtained after various neutron doses can 
be used to throw further light on the theory, which 
predicts that 

B k Nb», 


In 


In this relationship Vb, v9, k and é are independent of 
neutron dose, which can affect only U, and N,,. 
Experimentally it is observed that the ratio B/A 
increases with increasing dose, Fig. 14. This can occur 
only by a decrease in U, with increasing dose 


In —.— will decrease with increasing NV, 


This is 


contrary to Seeger’s assumption that U’, is a constant. 

Further insight into the validity of the theory is 
given by the observation that the excellent agreement 
between theory and experiment holds only in the 
“as-irradiated” condition, and after mild annealing 
treatments the lattice hardening does not obey equa- 
tion (3). The effect of mild annealing (306°C for 10 
min) on irradiated copper is to reduce the tempera- 
ture sensitivity of the lattice hardening by reducing 
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Fic. 18. The effect of annealing treatments on the 
temperature dependence of copper irradiated with 
20 10?° neutrons em 


o, at low testing temperatures while having little 
effect on the hardening at higher testing tempera- 
tures, Fig. 18. Mild 
removes the work softening phenomena") in irradi- 


annealing also completely 


ated copper. These results strongly suggest that 
obstacles with a range of activation energies are 
present in Obstacles 


small activation energies offer resistance to dislocation 


irradiated copper. with 
motion at low temperatures but are transparent at 
high temperatures. On annealing, the obstacles with a 
low activation energy and also consequently a small 
size, will disappear first resulting in a rapid reduction 
in the temperature sensitivity of the lattice hardening, 
as is observed. 

These observations indicate that Seeger’s assump- 
tion of a constant l’, is an over-simplication, and that 
the expression he uses for the energy for a dislocation 
to cut an obstacle “’(a) in equation (2), is unneces- 
sarily complicated. Probably a better model at this 
stage is to adopt a simple expression for U’(a), namely 
that 
a 


U (oa) 


Ty 


Inserting in equation (2) this gives a temperature 


dependence of the form 


BT. (4) 


A 


Both A and B will depend upon the characteristics of 
the obstacle and will be larger for small obstacles. 
With a range of obstacle sizes a family of straight 
lines of the form of equation (4) will be formed and the 
upper curved surface of their intersections represents 
the variation of o, with temperature. 

The linear relationship between the lattice harden- 
ing stress o, and the cube root of the neutron dose, 
¢' 3, is purely anempirical one which hasno firm basis in 
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theory. The theory of the cutting of an obstacle by a 
dislocation line") suggests that ¢, should be propor- 
tional to N!”. 
tional to the neutron dose ¢, but as the dose increases 
a saturation effect may occur which limits the number 


Initially V, is expected to be propor- 


of new obstacles which can be formed. In general it is 
possible to associate a volume v with each obstacle 
within which a new obstacle cannot form. The number 
of new obstacles dN, can then be written 


dN. ad vN ad 
where ad = rate of production of obstacles per neutron. 
Integrating 
l 
N, {1 ave) 


and hence if 


then Boyle (5) 


where , and B =ar. 

This equation has been fitted to the experimental 
results at each temperatue by selecting the initial 
slope and the value of at 10! neutron 
The results for nickel are shown in Fig. 19, where the 
curve is the theory and the points experimental 
values. The fit is as good as that of a, oc 4" and the 
relation avoids the awkward incubation period at the 
start of the 
between the two relations is not possible with the 


irradiation. An unequivocal decision 
present data which does not extend to sufficiently high 
doses, where the divergence between the two relations 
becomes large, and further work is in progress to 
determine the point. Experiments on the critical 
shear stress of electron irradiated lithium fluoride,“ 
however, indicate that in this material equation (5) is 
obeyed very accurately and saturation is actually ob- 
served. The relationship ¢ < 4"3 is capable of describ- 
ing the results only up to electron doses of ~3 « 10% 
electrons/em? beyond which it predicts a greater 
hardening than is measured. 

The saturation theory predicts that after a consider- 
able irradiation obstacles with a range of sizes will be 
present which is the conclusion derived from the 
effect of mild annealing treatments on the tempera- 
ture dependence of o, and the work softening pheno- 
Further evidence of the variation in the size of 


menon. 
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Fic. 19. o, asa function of 
mental and the curves theoretical relationships of the 


The points are experi 


the obstacles is given by the variation in the quantity 
( 
195°C is 


temperatures it is approximately 1.3 


av) with testing temperature. In Fig. 19 (av) at 
0.669 10-79 whereas at higher 
1Q- 20 em 3 
This decrease in v (a, the initial production rate of 
obstacles, is a constant) implies that more obstacles are 
effective at 195°C than at 20°C. Since the distri- 
bution of obstacles is obviously the same in specimens 
tested at 20 
together) there must be a large number of obstacles 


and 195°C (all have been irradiated 


which are effective in resisting dislocation motion at 


195°C but are completely transparent at 20°C. 
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DIFFUSION DANS LE SYSTEME URANIUM-TITANE* 


Y. ADDA* et J. PHILIBERT? 


Les auteurs ont étudié la diffusion intermétallique dans le systeme uranium-—titane entre 650 et 1050°C 
au moyen de diverses techniques: micrographie, microdureté et microsonde de Castaing. Les coefficients 


de diffusion. les facteurs de fréquence et les énergies d’activation ont été déterminées, pour des concentra- 


tions atomiques en uranium comprises entre 0,05 et 0.9, dans la phase y (cubique centrée). 

Apres avoir mis en évidence un effet Kirkendall trés important dans ce systéme, les auteurs ont calculé 
d’aprés les relations de Darken, les coefficients de diffusion intrinsé¢ques de uranium et du titane. Ces 
résultats. comparés a ceux qui avaient été obtenus lors d’une étude antérieure sur le systeme uranium— 
zirconium, montrent que la mobilité des atomes de titane est plus élevée que celle des atomes de zir- 
conium. De plus, dans le but d’interpréter les différences de porosité observées dans les couples U-Zr 
et U-Ti. les auteurs ont évalué les sursaturations en lacunes dues a l’effet Kirkendall, et trouvé des valeurs 
On est done conduit & supposer que les différences de 


trés voisines (~10~-%) pour ces deux couples. 
porosité sont dues a des conditions de germination différentes, 


DIFFUSION IN THE SYSTEM URANIUM-TITANIUM 


The intermetallic diffusion in the system U-Ti is studied between 650 and 1050 C with various 
techniques: metallography. microhardness and the Castaing microanalyser. The diffusion coefficient 
the frequency factors and the activation energies were determined in the y phase (centered cubic) for 


uranium concentrations between 0.05 and 0.9. 

An important Kirkendall effect was in evidence and the intrinsic diffusion coefficients of U and Ti 
were calculated on the basis of Darken’s relations. These results compared to those previously obtained 
on the system U-Zr, show that the mobility of Ti atoms is higher than that of Zr atoms. Furthermore, 
the vacancies supersaturation due to the Kirkendall effect was evaluated in order to explain the differ- 
ence in porosity observed in the couples U-Zr and U-Ti. Values very near 10 3 were found for these two 
the difference in porosity is due to different conditions of nucleation, 


couples. It is concluded that 


DIE DIFFUSION IM SYSTEM URAN-TITAN 

Die intermetallische Diffusion im System Uran—Titan wurde zwischen 650° und 1050°C mit verschie- 
denen Methoden untersucht: metallographisch, durch Messung der Mikroharte und durch Messungen 
mit der Mikrosonde nach Castaing. Die Diffusionskoeffizienten, die Frequenzfaktoren und die Aktivier- 
ungsenergien wurden im Bereich der Atomkonzentrationen des Urans von 0,05 bis 0.9 in der kubisch 


raumzentrierten y-Phase untersucht. 

Nachdem in diesem System ein betrachtlicher Kirkendall-Effekt aufgezeigt worden war, wurden 
nach den Beziehungen von Darken die inneren Diffusionskoeffizienten zwischen Uran und Titan berech- 
Die Ergebnisse werden verglichen mit denjenigen einer vorhergehenden Arbeit iiber das System 


net. 
Uran—Zirkon. Sie zeigen. daB die Bewaglichkeit der Titanatome gr6éBer ist, als die der Zirkon Atome. 


Weiterhin wurde die Leerstelleniibersattigung. die vom Kirkendall—Effekt herriihrt, abgeschatzt um 
die bei den U-Zr- und U—Ti-Paaren beobachteten Unterschiede der Porositat zu erklaren; dabei wurden 
fiir beide Paare sehr ahnliche Werte (~10-3) gefunden. Es ist also anzunehmen, da die Unterschiede 
in der Porositat von verschiedenen Bedingungen bei der Keimbildung herriihren. 


a toutes concentrations, une solution solide homogéne 


Au cours de recherches sur la diffusion chimique de 
uranium avec les métaux de transition, nous avons cubique centrée. Ainsi, en raison de ces analogies, 


entrepris l'étude du systeme uranium-—titane. Celui-ci étude des processus de diffusion dans les systémes 
présente beaucoup de points communs avec le systeme U-—Ti et U-Zr peut faire apparaitre une corrélation entre 
uranium-—zirconium qui avait fait l'objet d'une étude — la mobilité atomique et certaines propriétés physiques. 
antérieure.”) En effet, si le titane différe quelque peu Dans le présent travail, nous exposons nos résultats 


du zirconium par son rayon atomique, il en est par expérimentaux relatifs a la diffusion dans le couple 


contre trés voisin par sa structure électronique et son U~—Ti, et, dans les cas qui nous ont paru les plus 


point de fusion. De plus, comme le zirconium, le  intéressants, nous les comparons a ceux que nous 
avions obtenus précédemment avec le couple U-—Zr. 


titane forme avec l’uranium, a haute température et 


TECHNIQUE OPERATOIRE 
* Recu le 10 Aontt, 1959 I 

sir hye ues couples de diffusion so ‘éparés par s age 
+ Centre d’ Etudes Nucléaires de Saclay. paw sion sont pl pares pal soudage 
* I.R.S.1.D., St. Germain en Laye. 
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Fic. 1. 96h a 650°C (trempe a lair) Lumiére polarisée. 187-5. 


plaquettes d’uranium et de titane polies électrolyti- 
quement (il s'agit duranium du Commissariat a 
I’Energie Atomique et de titane obtenu par le procédé 
Kroll). 

Ces échantillons sont traités sous un vide inférieur 
a 5-10-&mm de Hg, a des températures comprises 
entre 600 et 1075°C, pendant des durées variant de 
5-300 h. Ils sont refroidis lentement ou bien trempés 
suivant la technique d’étude envisagée, comme on le 
verra plus loin. Les couples de diffusion sont ensuite 
sectionnés perpendiculairement a linterface de sou- 
dure et polis métallographiquement. 


ETUDE MICROGRAPHIQUE 


Apres polissage mécanique a la poudre de diamant 


(1-5 yw) les échantillons sont polis 10 see sous 50 V, a 


une température inférieure a 5°C (agitation énergique) 
dans le bain suivant: 
acide perchlorique 60 
butyl-cellosolve 350 em? 
alcool méthylique 590 cm?. 


L’aspect micrographique des couples U—Ti présente 
une grande analogie avec celui des couples U-Zr: en 
effet, on observe au-dessous de 650°C une diffusion du 
titane suivant les joints de grains de luranium 
superposée a une diffusion en volume (Fig. 1). Au- 
dessus de cette température, la diffusion se produit 
exclusivement en volume et les limites de phases 
révélées par attaque au cours du polissage délimitent 
une zone de diffusion trés réguliére, d’une épaisseur 
rigoureusement constante dans tout l’échantillon. 
Les Figs. 2-10 montrent l’aspect de la zone de 
diffusion aprés un traitement thermique de 24 h a des 
températures variant de 650 a 1050°C et trempe a 
lair. 

On observe sur les micrographies une zone nette- 
ment différenciée de uranium et du titane. Pour une 
température de diffusion donnée, la largeur x de cette 
zone varie linéairement avec la racine carrée de la 
durée de diffusion ¢. Les micrographies des Figs. 
11-14 montrent lévolution de la zone de diffusion a 
750°C: pour des durées variant de 16-64h. Les 
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24h a 750°C (trempe a lair). Fic. 5. 24h a 800 C (trempe a lair). 


24h a 859°C (trempe a lair). < 37-5 Fic. 7. 24h a 900°C (trempe a lair). 


Fic. 8. 24h a 950°C (trempe a lair). Fic. 9. 24h A 1000°C (trempe a lair), 
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Fie. 11. 16h & 750°C (trempe a lair). 


courbes donnant x en fonction de \ ¢ sont portées sur 


la Fig. 15 pour des températures comprises entre 650 
et 950°C. On peut alors définir A chaque température 
un “coefficient de pénétration” P tel que: 


PV 1. 


Portant log P en fonction de Vinverse 1/7 de la 
température absolue, on obtient une série de segments 
de droite (Fig. 16). Chaque segment devrait corre- 
spondre a un domaine de températures du diagramme 
d’équilibre caractérisé par le nombre et al nature des 
phases qui peuvent se former. 


Fig. 12. 24h a 750°C (trempe a lair). 


DETERMINATION DES COEFFICIENTS 
DE DIFFUSION 

Les courbes concentration-pénétration, corre- 
spondant a la diffusion en phase homogéne a des 
températures supérieures au point de transformation 
du titane, ont été établies par analyse ponctuelle au 
moyen du microanalyseur 4 sonde électronique®:*) en 
utilisant les raies Kx, du titane et La, de uranium 
(Fig. 17). 

Ces courbes nous ont permis de caleuler le co- 
efficient de diffusion chimique D au moyen de la 
méthode de Matano™. Les valeurs du coefficient D 
pour les températures de 950°, LO00°, 1050° et L075°C, 
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Variation de la pénetration en fonction du VT 
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Fic. 17. Diffusion uranium-—titane a 1050°C pendant 24h. 
@ Concentration determinée au moyen de la raie Le- de uranium 
Concentration déduite des mesures effectuées avec la raie Ke du titane 


704 
U U 
oe Fic. 13. 48h a 750°C (trempe a lair). Fic. 14. 64h a 750°C (trempe a lair). 
1000 
2,0 
| VO) 
; | VO) 
800 | + ™ | 8 
| | 
| 
| 
| | | 
| | | 
| 
Fic. 15. 
K. 
| + | 
| ~ 
*\ | 
| | | | | | 
4 | | 
| | 
200 400 #600 800 1000 


ADDA er PHILIBERT: DIFFUSION DANS LE SYSTEME 


D em? sec.~! 


Cone. 
at. Ne 


950 1000 


0.05 1,7- 10° 24-10°° 4.5 
0.1 10-10% 16-10-° 3.1 
0,2 4,6 - 10-19 7,1 -10-** 1.3 
0;3 2,3 - 5,7 8.9 
0.4 2,7 - 4,2 -10-'° 8.6 
2.9 -10-1° 4,6 - 1.1 
0.6 6,2 - 10-19 8,6 - 10-1° 1.7 
0.7 1.1 -10-° 3.1 
O.8 1.9-10-9 2.8 -10-° 5.5 
0.9 3.4-10-9 5,4 -10-° 1,2 


sont portées dans le Tableau | ainsi que sur la Fig. 18, 
pour des concentrations atomiques en uranium 
comprises entre 0,05 et 0.9. 

On constate que, a toutes les températures, D 
passe par un minimum en fonction de la concentration 
N,.. La forme des courbes DN) est entiérement 
analogue a celles que nous avions déterminées dans 
le couple U-Zr;™ mais généralement, pour une meme 
température et une méme concentration, le coefficient 
D est plus faible dans le cas du couple U—Zr. 

De plus, nous avons déterminé l’énergie d’activation 
Q pour la diffusion chimique. Le Tableau | et la Fig. 
19 montrent qu’en fonction de la concentration @ 


14 


Concentration atomique en uranium 


Fic. 18. Variation du coefficient de diffusion chimique 
en fonction de la concentration. 
@ 950 C C 
A 1050°C 1075 C 


TABLEAU 


1050 1075 


URANIUM-TITANE 


Q keal/ dD, 


at. g sec 


-10°9 5.7. 30,2 4.6-10-4 
-10°9 3 10-9 33.8 
-10°° 1,9 - 10-° 37.5 2,2 
1,1-10-° 39.4 2.6- 10-3 
- 1,.2-10-* 39.4 2.6 - 10-4 
-10-° 42 9,5 - 10-4 
-10°° 2.6-10-° 38.4 4-10-3 
-10-° 4,1-10-% 34.8 16-104 
- 10-9 65-10% 33 14-1073 
- 10-8 1.25 -10-8 36.6 1,1 -10-* 


2 40 = 
~ 

30 

| 
20 
O 0,2 0,4 0,6 0.8 1,0 


Concentration atomique en uranium 


Fic. 19. Variation de énergie d’activation pour la 
diffusion chimique en fonction de la concentration, 


varie en passant par un maximum voisin de 40 keal 


at. g pour V, OD. 


VARIATION DE L’ASPECT MICROGRAPHIQUE 
AVEC LA CONCENTRATION: ESSAI 
D’ETALONNAGE 
On peut se demander si les limites entre les zones 
qui présentent un aspect micrographique détermine, 
apres des traitements de diffusion effectués a des 
températures différentes, correspondent a des valeurs 
bien définies de la concentration. C'est ce que nous 
avons vérifié en comparant les courbes concentration 
pénétration obtenues au moyen du microanalyseur 
avec les abscisses des limites mesurées sur les micro- 
graphies. Une telle comparaison est faite sur la Fig. 
20, ot courbe et micrographie sont a la méme échelle, 
lorigine a été choisie dans les deux cas a lancien 
interface de soudure. Les résultats de ces comparai- 
sons effectuées sur des échantillons refroidis lentement 

apres diffusion sont groupés dans le Tableau 2. 

On vérifie bien sur ce tableau qu’A un aspect 
micrographique donné correspond une concentration 
constante, quelle que soit la température de diffusion 
entre 950° et 1050°C. De plus, il apparait que le 
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Fic. 


T. 
Température (°C) 


Limite des précipités 
fins, Ti 
Premiére limite 
Deuxiéme limite + 
Premiére limite U, 
Deuxiéme limite U, 
Ancien interface de 
soudure 
Premiére limite du 
précipité aciculaire 
Deuxiéme limite du 
précipité aciculaire, 
cété U 


Ti 
Ti 


20, 


ABLEAU 


950 


0.025 
0.10 
0.275 
O57 
0.69 


0.82 
0,92 


0.97 


Diffusion uranium—titane a 950°C pendant 24h. Courbe établie au moyen 


du microanalyseur a sonde électronique. 


» 


1000 


0,01 
0,06 
0,275 
0,58 
0,69 


0.82 
O.94 


1050 


0.005 
0,06 
0,275 
0.60 
0,70 


0.82 
0.94 


O.975 


domaine de stabilité de la phase U,Ti est d’environ 
10°, at. Ce resultat, en accord avec les diagrammes 
de Buzzard et al. et de Udy et Boulger’® est en 
contradiction déterminations récentes de 
Knapton™. Des études ultérieures au microanalyseur 
Castaing nous permettront probablement de préciser 
les limites du domaine de stabilité de U,Ti.* 

Enfin, & aide de cet étalonnage, et d’aprés la 
micrographie d’un couple de diffusion traité entre 
950 et 1050°C, il est possible d’établir en quelques 


avec les 


minutes la courbe concentration-pénétration corre- 
spondante, avec une erreur moyenne de 3-4 pour-cent 


(Fig. 21). 


* Des résultats récents confirment les déterminations de 
Knapton. 
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Concentration atomique en uranium 


inter foce oprés diffusion 


400 2 


Pénétration, 


Fic. 21. 


Courbe établie par micrograpl 


ETUDE MICROSCLEROMETRIQUE 


On a mesuré la microdureté Vickers suivant des 


directions perpendiculaires au front de diffusion. 


Celle-ci présente des variations trés importantes, et 
la courbe microdureté-pénétration est encore plus 
complexe que celle qui avait été obtenue sur les 
couples U-Zr.“) On note en particulier une chute 
appréciable de la dureté au voisinage de [ancien 
interface de soudure (Fig. 22). 

De la méme facon que dans des études précé- 
(1,8,9) 


dentes, on peut établir un étalonnage micro- 


dureté—pénétration, et ainsi déduire des courbes de 


microdureté, les courbes concentration-pénétration, 


avec une bonne approximation (Tableau 3 et Fig. 25). 


ETUDE DE L’EFFET KIRKENDALL 


L’observation micrographique de la zone de diffusion 


ne montre que trés rarement la présence dune 


porosité. Ayant noté une chute de la microdureté au 


du microanalyseur a sonde électronique 


0O 


microns 


Diffusion uranium-—titane a 950°C pendant 24h. 


@ Courbe déterminée au moyen 


(zone 


soudure 


voisinage de lancien interface de 
correspondant approximativement au maximum de 
sursaturation en lacunes), nous avions pensé qu'une 
microporosité, trop faible pour étre visible au micro- 
scope optique, en était responsable. Des micro- 
graphies électroniques de la zone de diffusion ne nous 
ont pas permis jusqu’é présent de vérifier cette 
hypotheése. 

En dépit de absence de porosité dans la zone de 
diffusion, nous avons observé un effet Kirkendall” 
tres net. II est cependant légerement plus faible que 
dans le couple U-Zr, comme le montrent les valeurs 
des déplacements x, de linterface repéré au moyen 
de fils de tungsténe;"" ainsi, par exemple, apres 
48 h de diffusion A 1000°C, on note des déplacements 
x, de 200 u dans le couple U—Zr et de 180 ~ dans le 
couple U—Ti. 

Ces déplacements x, varient comme la racine carrée 
diffusion ¢ 24): ils 


durée de (Fig 


peuvent 


de la 
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Fic. 22. Diffusion uranium-titane a 950°C pendant 24h. 
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TABLEAU 3 
Conc. Dureté Conc. Dureté Cone. Dureté Conc. Dureté 
at. U% Vickers at. U% Vickers at. U% Vickers at. U% Vickers 
0 300 22 240 50 699 78 505 
1 342 24 280 52 685 80 430 
2 382 26 350 54 675 82 397 
3 388 28 459 56 657 s4 416 
4 355 30 526 58 622 86 422 
5) 318 32 83 60 588 8S 398 
6 304 34 653 62 570 90 417 
8 265 36 713 64 559 92 ~417 
10 38 719 66 94 389 
12 223 40) 722 68 547 96 360 
14 212 42 722 70 554 98 295 
16 203 44 719 72 66 100 283 
Is 203 46 715 74 STS 
20 216 458 76 
‘ 
— Interface aprés diffusion 
2 | | } 
5 
| 
+e 
| | 
Seo | 
hy | 
: 
§ 
ro) 
1000 80C 600 400 200 Oo 200 400 600 800 1000 
Pénétration, microns 
Fic. 23. Diffusion uranium-titane a 1050°C pendant 24h. 
Courbe déterminée au moyen du microanalyseur a sonde électronique 
7 @ Mesures effectuées par microdureté 
sexprimer en fonction de ¢ et de la température 1,0 
absolue 7’ par la relation (Fig. 25) 
; = 0,8 4 + 
R1 
400 
70 72 74 + BO 62 
x10, °K 
Fic. 25. Courbe log (X,/t) = f(l/T). T en °K. 
0,9 exp (14 600/RT) t en h. 


Enfin, nous avons pu calculer les coefficients de 
diffusion intrinseques D,. et D,; au moyen des deux 
équations de 


dN 
v - Dx) (2) 
} dx 
Temps, hr ri rit 
Fic. 24. Déplacement de linterface en fonction du ou v est la vitesse de déplacement de interface 


(temps)! 
1075 C A 1050°C 
C @ 950 C 


repéré, déterminée d’aprés la relation (1) et dN /dx le 


gradient de concentration a linterface repéré. Les 


: 
’ 
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ay 


TABLEAU 4 


<i Cc) 950 1000 1050 1075 
Nv 0,82 0,82 0,82 0.835 
O18 O18 O18 0,165 
Dy 4,.7-10-* | 9,5-10-* | 1.6-10-* | 2,2-10-* 
Dyj 1,2-10-* | 2,9-10-* | 4,1-10-* | 5,8-10-° 
Dy| Dy; 3.9 3,3 3.9 3.8 


résultats de ce calcul sont présentés dans le Tableau 4. 
On constate d’aprés ce tableau que la concentration 
a linterface parait indépendante de la température; 
on peut done calculer les énergies d’activation Q,. et 
@,, pour les coefficients intrinséques D,. et 
comme le montre la Fig. 26; on trouve alors: 


Qy = 385 keal/at.g et 40 keal/at. g. 


On voit, de plus, d’apres le Tableau 4, que le rapport 
D,./ Dy»; ne varie pratiquement pas avec la tempéra- 
ture; sa valeur moyenne est de 3,7 environ. 


DISCUSSION ET CONCLUSION 

I] nous semble intéressant de comparer ces résultats 
& ceux que nous avions obtenus dans une étude 
antérieure sur le couple U-Zr.4:!) Nous avions 
déterminé pour le déplacement des repéres une 
relation analogue a |’équation (1): 


x, = 1,78#'/? exp (—16 000/ RT). (1 bis) 


Nous avions également calculé les coefficients de 
diffusion intrinseques au moyen des relations (2). 
Les résultats de ce calcul sont portés dans le Tableau 5. 

TABLEAU 5 


Tempéra- 950 1000 1040 1075 
ture 


0.875 0.885 0,905 
Nex 0,125 0.115 0.11 0.095 
Dy 7,7 -10-* | | 
Dir 6.5-10-% 1.0-10-% 2.3-10-% 2.9-10-9 
Dy/ Dar 11.8 16 9,2 12,8 


En outre, les énergies d’activation que nous avions 
trouvées pour les coefficients intrinséques D, et Dz, 


étaient respectivement égales a 


Q,, = 36 keal/at.g et Q,, = 40 keal/at. g. 


Ces valeurs sont trés voisines de celles que nous avons 
caleulées plus haut dans le cas du couple U-Ti. 

Les rapports D,/D,, et Dy/ Dy, ne semblent pas 
varier d’une fagon significative avec la température. 
Comme ils sont de plus trés différents, la mobilité des 
atomes de titane est done plus élevée que celle des 
atomes de zirconium. Ces résultats s’expliqueraient 
peut-étre par la différence entre les rayons atomiques 
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| 
3 | 38,4 kcal/at.g 

Q,,240 kcal/otg | 

x 

} 

Q 2 | 

2 

75 80 isha 


/Tx 10°, 
Fic. 26. Coefficient de diffusion intrinséque, 
@ Uranium Titane 
ry; et rz, du titane et du zirconium: En effet, d’aprés 
les mesures du paramétre réticulaire A 900°C de 
Kaufmann et Magel”*, on caleule pour rayon r de la 


sphére atomique: 


ry, =1,66A et = 1,81 A. 


On peut se demander si cette différence des mobil- 
ités du titane et du zirconium dans l’uranium conduit 
a des valeurs différentes de la sursaturation en lacunes 
dans les couples U-Ti et U-—Zr. Cette sursaturation 
p peut étre évaluée, dans la zone de diffusion voisine 
des reperes, au moyen d’une méthode de calcul due 
a Baluffi"”: 


Nr Nx+KN,J\ 322 


(3) 
SN, | Nx +KN, dx | 


la sursaturation p étant mesurée par le rapport: 


N,, et NV, désignant les concentrations de lacunes pat 


i 


unité de volume dans les conditions de l’expérience et 
a l’équilibre, V le nombre total d’atomes par unité de 
volume, 7 la durée de vie d'une lacune, A le rapport 
Dy/D,, X Vélément Zr ou Ti, D le coefficient de 
diffusion chimique et x la distance mesurée perpendicu- 
lairement au front de diffusion. 

Le second membre de |’équation (3) peut se calculer 
& partir des résultats expérimentaux. Un calcul 
simple (1) permet d’évaluer V./N (de Vordre de 10~4 
a 10-%) et + (compris entre 0,1 et 1s). On trouve 
ainsi pour la sursaturation p des valeurs de l’ordre de 
10-3 dans le couple U-Zr et de 0,5+10-% dans le 
couple U-Ti. Ces valeurs ne semblent pas tres 


différentes, bien que l’observation micrographique 


montre l’existence d’une forte porosité dans le systeme 
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U-Zr, tandis que la présence de pores demeure 
exceptionnelle dans le systeme U—Ti. 

Or, on sait que lorsqu’elles sont en sursaturation, 
les Jacunes peuvent s‘éliminer suivant plusieurs 
processus dont les plus probables sont: la précipita- 
tion sous forme de pores ou |’élimination sur les crans 
de dislocations. Comme il n’y a pas de raison théori- 
que pour que les lacunes s‘éliminent exclusivement 
suivant le second processus, dans le couple U-—Ti., 
on est done conduit A penser que les différences de 
porosité observées doivent s’expliquer par des différ- 
ences dans la germination des pores. 

La nature de ces germes est encore sujette a 
discussion." Ils peuvent étre constitués soit par 
certaines configurations de dislocations, soit par des 
microfissures ou de petites inclusions (Seitz"®, Barnes 
et Mazey"”, Resnick et Seigle™®.) 


les conditions d’équilibre d'un pore sphérique, on a 


En considérant 


montré que le rayon critique du germe R est inverse- 
ment proportionnel a la sursaturation en lacunes 


Day 


kTN log 
R 


—"~kTNp (4) 


puisque log = log (1 + p), ~p. y désigne 
la tension superficielle a4 la température absolue 7’. 
Dans le cas dune germination hétérogéne, par 
exemple pour une inclusion sphérique de rayon R’, 
on peut écrire une relation analogue a (4), en sup- 
posant que, en premiere approximation, l’énergie 
interfaciale est la méme que dans le cas précédent: 
,~kTN p’. (4’) 
Pour une sursaturation en lacunes p’, les pores ne 
pourront se développer que si les inclusions ont un 
diamétre supérieur a R’. 
Nous avons montré plus haut que la sursaturation 
était sensiblement la méme dans les deux couples 
U-Zr et U-Ti. 


porosité constatées 


Les différences importantes de 
expérimentalement 
différentes du 


rayon des inclusions qui jouent le réle de germes. 


pourraient 
done étre attribuées a des valeurs 
Ces inclusions peuvent étre préexistantes dans un des 
métaux de départ, ou au contraire se former au cours 
de la diffusion par suite d°un processus faisant appel 
a la diffusion des impuretés elles-mémes. 

Etant donné que la pureté de uranium utilisé est 
toujours la méme dans les couples U-Zr et U-Ti, 
et que d’autre part la porosité apparait toujours dans 
une zone du couple riche en uranium (NV. ~ 0,85), 
on peut supposer que les impuretés présentes dans le 
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Concentration en impuretés 
Sursaturation en lacunes 


! 
Interface Pénétration x 


avant diffusion Interface 


aprés diffusion 


zirconium et dans le titane diffusent dans uranium a 


des vitesses différentes. Sur la Fig. 27 nous avons 


porté la courbe de sursaturation en lacunes et quel- 
ques courbes schématisant la diffusion de diverses 
impuretés. Si une impureté donnée diffuse assez vite 
(courbe 4, par exemple), sa concentration dans la zone 
de sursaturation en lacunes peut étre suffisamment 
élevée pour dépasser la limite de solubilité dans 
luranium et précipiter. 

D’autre part, si le réle des impuretés dans la 
formation des germes semble important, ces impuretés 
pourraient encore agir en augmentant la concentration 
moyenne en lacunes, par suite d'un accroissement de 


la vitesse de diffusion de celles-ci. Cet accroissement 


peut étre da. soit 4 un mécanisme analogue a celui 
proposé Accary"® pour expliquer l’action des 
impuretés sur la diffusion dans les laitons, soit 4 un 
effet de couplage entre les lacunes et les atomes 
d‘impuretés. 
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PRECIPITATION IN GOLD-PLATINUM ALLOYS—I 


THERMODYNAMICS* 
L. J. VAN DER TOORN?# and T. J. TIEDEMAt 


An expression is derived for the increase in the Gibbs’ free energy which arises from the mixing of a 


total amount of 1 mole of the components of a binary system. The six constants of this expression are 


calculated for the gold—platinum system from experimental data. 


PRECIPITATION 


A comparison of this expression with those of other investigators is made. 


DANS LES ALLIAGES OR-PLATINE—I. THERMODYNAMIQUE 


Les auteurs présentent une expression de laccroissement d’énergie libre des constituants d'un systéme 


binaire lors du mélange d’une quantité globale égale 4 une mole. A partir de données expérimentales, 


ils caleulent les six constantes de cette expression dans le cas du systeme Or—Platine. Enfin, ils la 


comparent avec celles d'autres chercheurs. 


UBER AUSSCHEIDUNGEN IN GOLD-PLATINLEGIERUNGEN—I. THERMODYNAMIK 


Fiir die Zunahme der Gibbsschen freien Energie, die durch die Mischung des Gesamtbetrags | Mol 
von Komponenten eines binaéren Systems entsteht, wird ein Ausdruck abgeleitet. Die sechs Konstanten 
dieses Ausdrucks werden fiir das Gold-Platinsystem aus experimentellen Daten berechnet. 


Dieser Ausdruck wird verglichen mit denjenigen anderer Forscher. 


1. INTRODUCTION 

A few years ago Tichelaar™ suggested that the 
mechanism of precipitation in supersaturated solid 
solutions might be different if decomposition takes 
place above or beneath the spinodal curve. As for 
the gold—platinum system this curve has been deter- 
mined already by Wictorin™), it seemed worth while 
to test Tichelaars suggestion upon this system. 
Moreover experiments in this direction would give 
the possibility to study the influence of the spinodal 
curve on the rate of precipitation (cf. part II) and 
also Wictorin™?. 

Unfortunately we have found that the expression 
for the free energy, as given in Wictorins paper, does 
not hold for temperatures below 900°C. Consequently 
for these temperatures the spinodal curve is also 
uncertain. For this reason we have calculated another 
formula for the free energy, which enables a more 
precise determination of the spinodal curve, especially 
for the temperature range where the experiments were 
carried out (500—-750°C). The way in which this 
formula has been obtained from the experimental 
data and the calculation of the spinodal curve will be 
given in the following paragraphs. 


* Received May 21, 1959. 

+ Dutch Foundation for Fundamental Research (F.O.M.). 

+ The spinodal curve is the locus of the inflexion points of 
the free energy/compositional curves by changing tempera- 
ture. 


ACTA METALLURGICA, VOL. 8, OCTOBER 1960 


2. DERIVATION OF AN EXPRESSION FOR AG 
The general condition for equilibrium of an iso- 
thermal system at constant pressure is given by a 
minimum value for 

G=H—TS (1) 
G being the Gibbs’ free energy, H the enthalpy and 
S the entropy. If a total amount of | mole of com- 
ponents A and B is mixed, the increase in free energy 


of the system is given by 
AG = AH — TAS (2) 


where AH is the molar enthalpy of mixing and AS is 
the molar entropy of mixing. For the case of ideal 
mixing AH = 0 and AN is given by the term of Gibbs 
so that 


AG" — RT{(1 — x) In (1 — x) + (3) 


x being the atomic fraction of component B. In 
practically all cases there is, however, a non zero heat 
of mixing and an entropy of mixing not equalling the 
Gibbs term. This can be taken into account by putting 
AG = AG" + AG™ and AS = AS" + AS™. With 


(2) and (3) it is easily seen that 
AG™* = AH — TAS™. (4) 
This expression has to be zero for x = 0 and x = 1, 


whereas on the base of thermodynamics for these same 
values the first derivative of AG‘ with respect to 
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composition must have a finite value. These condi- 
tions are fulfilled if AG‘ is taken as a power series 


of x which is divisible by x(1 — x), thus 


— x) f(x). (5) 


From calculations concerning binary mixtures of 


liquids it turns out that generally experimental values 
for AG can be represented with reasonable precision 
if three terms of the power series are taken into account. 
Supposing that this might also be the case for the 
gold—platinum system, f(2) must be written as 


f(x) =fo + + fox”. (6) 


Moreover, as we are considering a certain temperature 

range it is advisable to take a temperature influence 

into account. Therefore (cf. equation 4) in supposing 
0*) 

(7) 


h, and s, to be constants (Ac, = 
J, = Bh, - 


With the aid of the above equations the following 
expression for AG can be derived 


AG 
= 2x(] 


Te 
x)thy — Tso 


+ (h, — Ts,)x + (hy — 


+ x}. (8) 
In order to determine the constants of equation (8) 
six independent equations are necessary. Using the 
properties of the top of the solid solubility-gap, 
namely that the second and the third derivative of 
the free energy with respect to composition must be 
zero for this point, two equations result, namely: 
6?(AG/R) 
-2(hg — 
Ox? 
2 — 6x)(h,— Ts,) 


— (9 
x(1—~2x) 


(6x — 12%?)(h, — T's.) 4 


and 
AG/R) 
Ox? 


0 —6(h, 


- 


(6 — 242) 


(hs 


Furthermore, keeping in mind that 
Au; = — (11) 


(where js, = partial molar Gibbs’ free energy of 


* If Ac, is not zero, AG(7’) may be expanded in a series to 
T being a mean value in the range considered. The 
first order terms with Ac, then cancel out, so that even with a 
finite Ac, equation (7) is often a fair approximation. 
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component 7 in the mixture and yw,° = molar Gibbs’ 
free energy of the pure component 7) and that 
Ox 


G4 


The equilibrium conditions for the two equilibrium 


Atay = AG—x 


(12a) 


Aupt (12b) 


phases viz. = and Apupty, 


provide two other equations, namely: 


T In (1 — 2,) + {ho — Ts 
(2a, — 1)(h, — T,) 
+ — — T'8,)} 
= T In (1 — z,)+ — Ts, 
1)(h, — 
2)(hg — Tsy)} (13) 
and 
T In x, + (1 — x,)? {hg — 


+ 2x,(h, — Ts,) + — Ts,)} 


= T + (1 — {hy — T's, 


+ 2a — Ts,) + 3x,2(h, — T's,)}. (14) 


By introducing the values of 7’ and x for the top of 
the solubility gap—namely 7 = 1531°K and x 
0.592 (cf. Darling et al.“ and Raub and W6rwag*® )— 
into equations (9) and (10) and moreover two sets of 
values obtained from the two phase-boundary— 
namely = 892°K, x, = 0.214, x, = 0.973 and 
T = 1156°K, x, = 0.286, x, = 0.931 as given by 
Tiedema et a/.‘®) —into equations (13) and (14), the 
following six values for the constants are derived: 


hy = —1997.6 
h, = +11822.9 


hy = —4726.5 


~ 1.8322 
| 4.5256 
— 1.1346. 


This gives for equation (8): 


AG 


= x(1 — x){—1997.6 + 1.53227 


+ a(11822.9 — 4.52567) + a?(—4726.5 
+ 1.13467)}+ T{(1 — x) In (1 — x) + a ing}. 
AH/R 


From this equation follows the variation of 
— 


AS"/R 


in Fig. 1 (7 = 1000°K) together with 


and with composition. They are represented 


AG= 
— . Fig.2 
a(l — x) 
shows AG/R as a function of composition for a number 
of temperatures. 
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AH/R ASex/R AGex/R 
and 


r(1 xy x) rv) 
with composition (7 


Fic. 1. Variation of 


3. DETERMINATION OF THE 
SPINODAL CURVE 


The locus of the inflexion points of the free energy/ 
compositional curve as a function of temperature has 


4 G/p 


+100 


° 20 40 60 80 100 
— at % Pt 
Fic. 2. AG/R as a function of composition at 773, 923, 
1000, 1200 and 1400°K. The common tangents to the 
curves determine the equilibrium phases. 
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|OOO 
--2000 heen determined by finding the roots of equation (9) 


-3000 


ALLOYS—I 713 


TABLE | 


TK Le, 
1500 1227 0.537 0.655 
1400 1127 0.488 0.726 
1300 1027 0.461 0.774 
1200 927 0.441 O.81L1 
1100 827 0.426 0.842 
1023 750 0.416 0.862 
973 700 0.411 O.S874 
923 650 0.405 O.885 
873 600 0.400 O.896 
823 550 0.396 0.905 


773 500 0.915° 


0.392 


between x = 0 and x» = 1 after the approximation 
method of Newton. The values so obtained for the 
inflexion points a. and x, are listed in Table 1, 
whereas the complete spinodal curve is plotted in 
Fig. 3. 


| 
tod 
——This investigation 
Wictorin 

| ——Hardy 


800- I 


100 
—e at Yo Pt 


3. Spinodal curve as calculated by Wictorin, 
Hardy and the authors of this paper, 


4. DISCUSSION 


If the common tangents to the free energy/composi- 
tional curves of Fig. 2 are drawn, it turns out that 
the contact points, giving the equilibrium phases at a 
certain temperature, are in very good agreement with 
the experimentally determined points (cf. Ref. 6) 
However if we do the same with Wictorins AG- 
equation at temperatures between 500°C and 750°C, 
the agreement with the experimental points is very 
poor. Wictorin started also with the equation (2) 


AG = AH TAS, 


assuming, however, AS = AS“ and the heat of 
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mixing to be represented by a four constant exponen- 
tial function of x, namely 
AH 


R ry 


1 xr)? 


x) + a,x}. 

(If we compare this equation with equations (5) and 
fo: —3a, + 
3a, — 2a, + ay + Ay = fy.) 
The four constants of this relation were determined 


(6) of this paper we couldtake a, 
fo and —a, + a, — ay 


by the method of the least squares from ten equations, 
obtained by introducing the experimentally deter- 
mined equilibrium compositions at 971, L082, 1136, 
1184 and 1215°C. In plotting the obtained G-values, 
the points of contact of the common tangents differed 
appreciably from the experimental points. By a 
slight modification of the constants Wictorin obtained 
a fairly good agreement for temperatures above 900°C. 

Hardy'’;*) introduced Wictorins experimental data 


into his expression for sub-regular solutions 


R x(1 — x)(Ay 


A,r) 

with the constants 4, and A, temperature dependent. 
The spinodal curve calculated with the aid of this 
formula lies in between that calculated after Wictorin 
and that calculated after the method described in 
Fig. 3). Obviously it is doubtful if 
the simple equation of Hardy may be supposed to 


this paper (cf. 


represent the case of the gold—platinum system, this 
again with a view to mixtures of fluids. 

Finally we mention a calculation of Weiss and 
Tauer™, Although their theoretical approach to the 
problem seems in principal a good one, they did not 
take into account that the third derivative of free 
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energy with respect to composition must be zero, for 
the upper critical demixing point. If we apply this 
criterium to their formula it turns out that the top 
of the solubility-gap is found at a composition of 
about 50 at.°, Pt. This is far apart from the experi- 
mental value, so that their basic assumptions have 
to be modified. It seems that as long as sufficiently 
precise experimental values for the constants used 
in their paper are lacking, calculations of this type do 
not provide more reliable data than those obtained 
with the classical thermodynamical approach. 
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PRECIPITATION IN GOLD-PLATINUM ALLOYS—II 


INFLUENCE OF THE SPINODAL CURVE ON THE RATE AND THE MECHANISM 
OF THE PRECIPITATION PROCESS* 


L. J. VAN DER TOORN+ 


The influence of the spinodal curve on the rate and the mechanism of the precipitation process in gold 
platinum alloys has been studied by means of X-rays. An exposition is given of the theories of Borelius 


and Tichelaar and of the considerations put forward by Dehlinger et a/. and Cohen. The experimental 


conditions of the present investigation are outlined, after which a description of the results is given with 


the aid of a large number of X-ray photographs. In the last part of the paper it is shown that although 


the theories of Borelius and Tichelaar roughly predict the observed phenomena, they probably require a 


modification because it may be expected that lattice imperfections play an important role in the 


precipitation process. 


PRECIPITATION DANS LES ALLIAGES OR-PLATINE 
INFLUENCE DE LA COURBE SPINODALE SUR LA VITESSE 
MECANISME DU PROCESSUS DE PRECIPITATION 


r LE 


Les auteurs étudient a l'aide de rayons X linfluence de la courbe spinodale sur la vitesse et le méca- 
nisme du processus de précipitation dans les alliages Au-Pt. Ils exposent les théories de Borelius et 


Tichelaar ainsi que les suggestions de Dehlinger et Cohen. Aprés avoir décrit les conditions expéri- 


mentales, ils rapportent les résultats obtenus. Enfin, ils montrent que les phénoménes observés, quoique 


grossi¢rement prévus par les théories de Bohr et et Tichelaar demandent qu’elles soient modifiées, étant 


donné le réle important joué par les imperfections du réseau. 


AUSSCHEIDUNGEN IN GOLD-PLATINLEGIERUNGEN—II 
DER SPINODALEN AUF DIE GESCHWINDIGKEIT UND 
MECHANISMUS DES AUSSCHETDUNGSVORGANGS 
Der EinfluB der Spinodalen auf die Geschwindigkeit und den Mechanismus des Ausscheidungsvor- 
gangs in Gold—Platinlegierungen ist rontgenographisch untersucht worden. Die Theorie von Borelius und 
Tichelaar und die von Dehlinger et a/. und von Cohen eingefiihrten Betrachtungen werden dargestellt. 


UBER 
EINFLUB 


DEN 


Die experimentellen Bedingungen der vorliegenden Untersuchung werden umrissen; danach folgt eine 
Beschreibung der Ergebnisse mit Hilfe einer groBen Anzahl von Réntgenaufnahmen. Im letzten Teil 
der Arbeit wird gezeigt, daB die Theorien von Borelius und Tichelaar zwar die Beobachtungen ungefahr 


vorhersagen, aber wahrscheinlich doch einer Anderung bediirfen, weil man erwarten kann, da Gitter 


fehler beim Ausscheidungsvorgang eine wichtige Rolle spielen. 


1, INTRODUCTION where x is the atomic fraction of component B. For 
From the fact that a solubility-gap exists in the the system under consideration (A being gold and B 


solid state of the gold—platinum system (cf. Fig. being platinum) the following values for the constants 


la),") it follows that precipitation occurs from were found: 


homogeneous alloys if annealed at temperatures 


within this region. In part I of this paper™ an hy 1997.6 So 1.5822 
g | pay 
expression was derived for the free energy of mixing ee 
h, = +11822.9 4.5256 
of a binary system AB, namely: 
h, 4726.5 1.1246. 


AG = Ra(1 — 2) {hy — Ts, + (hy T's,) 
x +(h, Ts,)a?} + x) Fig. 1(b) shows the free energy/compositional curve 
AG(x), at a temperature of 650°C, obtained with the 


In (1 x)+aIn 


above equation. The curve can be divided into three 


regions, namely a central region for alloys with a free 


* Received May 21, 1959. 
A preliminary communication of the results described in 
this paper was made in Paris at the Journées d’ Automne 1958 free energy/compositional] curve. corresponding to a 


of the Société Francaise de Métallurgie. : 
+ Dutch Foundation for Fundamental Research (F.O.M.). negative value of the second differential (0? AG'/ Ax?) 
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energy given by the concave-downwards part of the 
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Temperature °C 


at. % Pt 


Fic. la. The solid solubility-gap and the calculated 

spinodal curve of the gold-platinum system. (After 

Tiedema, Bouman and Burgers’) and van der Toorn 
and Tiedema®),) 

The free energy/compositional curve at 650°C. 


Fic. lb. 


and two side regions for alloys given by the concave- 


upwards parts of the curve, where the supersaturation 
is such that (d?A G/dx?) is positive. A dashed curve 
has been inserted in Fig. I(a), corresponding to 
(0? AG/0x?) equal to zero for all temperatures, this 
curve being the spinodal curve. 


2. THEORY OF PRECIPITATION 

According to a theory of Borelius™ the rate of 
precipitation in a supersaturated solid solution is 
influenced by the sign of the second differential of 
the free energy with respect to composition. Borelius 
assumes precipitation to be preceded by a_ local 
accumulation of one of the atomic components. This 
accumulation arises from accidental fluctuations in 
the matrix, the decrease in free energy of the system 
being the final driving force for the precipitation 
process. As a measure for this force, the difference 
in the free energy of mixing AG, given by the distance 
between the free energy/compositional curve and 
the common tangent to this curve (cf. Fig. 1b) may 
be used. A qualitative explanation of this theory 
can be given with the aid of Fig. 2. In an alloy with 
composition AG/dx* < 0) even small fluctuations 
of composition cause a decrease of free energy 


(M, — A, + B,) and so tend to be increased, which 
can lead to the formation of stable nuclei. On the 
contrary small fluctuations in an alloy with com- 
position x,(0? AG/dx? > 0) will cause an increase in 
free energy (M, — A, + B,) and thus have a greater 
tendency to redissolve than to grow. In this case only 
fluctuations resulting in a large difference in com- 
position (B,) can increase with a reduction in free 
energy of the system. As the probability for small 
fluctuations is higher than that for large fluctuations, 
it is reasonable to expect that at a given annealing 
temperature alloys for which 0? AG/dx? < 0 will have 
a higher rate of nucleation and consequently of 
precipitation than alloys for which @? AG/dz? > 0. 

Electrical resistance measurements in the Pb—Sn-© 
and the Au—Pt- system and for the first one also 
the X-ray investigations'”) appear to be in accordance 
with this theory.* 


40 80 
at % Pt 


Fic. 2. Free energy/compositional curve at 650°C. 
Fluctuations below (x,) and above the spinodal curve 
1 
(po). 


* Unpublished investigations in this laboratory by J. W. 
Geus and P. H. van Lent have made it highly probable that 
similar conclusions hold for the decomposition of metastable 
supersaturated mixed crystals of NaCl and KCl of suitable 
composition. For this system the position of the spinodal curve 
with regard to the curve of complete solubility is known in 
particular from calculations by Tichelaar™, 

Geus investigated mixed crystals with 35 and 40 at.° NaCl, 
respectively, for which the difference between the critical 
temperature of complete miscibility and the spinodal tempera- 
ture amounts to about 50°C. It was found that crystals 
quenched from temperatures above the solubility curve to 
temperatures just below the spinodal curve decomposed 
within a certain time, whereas crystals of the same composition 
remained completely homogeneous when held for equal or even 
much longer times at temperatures just above the spinodal 
curve. 

Van Lent investigated crystals containing 90 at.% NaCl; 
here the difference in critical and spinodal temperature is 
about 100°C. Again it was found that the decomposition was 
much slower at temperatures above than at temperatures 
below the spinodal curve. 

The X-ray photographs also made it probable that the 
mechanism of decomposition in these two temperature/com- 
position regions was different. In particular above the spinodal 
curve the matrix changed gradually in composition during the 
precipitation process (cf. later in this paper). 
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The attention is drawn to the fact, however, that 
in this theory the strain and interfacial energies of 
the nuclei are neglected. Moreover, the free energy/ 
compositional curve as considered by Borelius and 
also in this paper is based on experimental data (such 
as composition of equilibrium phases and heats of 
mixing) relating to macroscopic quantities of matter, 
containing a large number of atoms and supposed to 
be in equilibrium. The influence of regions of locally 
increased free energy (e.g. due to the presence of 
grain-boundaries or dislocations) is not explicitly 
taken into consideration. But, as was already 
pointed out—in particular in papers by Dehlinger 
and Knapp‘ and Dehlinger and Franz‘*)—it must 
be kept in mind that these factors will influence the 
precipitation process (cf. also Hardy and Heal®?), 
The thermodynamic mentioned 
above were elaborated by Tichelaar“! into different 


considerations 


precipitation mechanisms for both groups of alloys, 
as can be elucidated with the aid of Fig. 3. If in an 
alloy with composition x,(0? AG/dx? < 0) the precipi- 
tation process starts, leading to the formation of an 
A-rich and a B-rich area (cf. Fig. 3a) the concentration 
differences will be accentuated by uphill-diffusion 
from the surrounding matrix, accompanied by a 
decrease in free energy of the system. As a result 
this nucleation process causes a sequence of alternative 
A-rich and B-rich segregates, which finally results in 
the formation of both equilibrium phases directly 
from the homogeneous solid solution. By considering 
Fig. 3(b), for an alloy with 0? AG/dx? 
that once there has been formed a stable B-rich area 
(B,), this area can likewise become richer in B-atoms 
by uphill-diffusion, again accompanied by a reduction 
in free energy. On the contrary the concentration 
difference between the A-rich area (A,) and the 
matrix can disappear by downhill-diffusion as only 
this process decreases the free energy of the system. 


> 0, one sees 


4 G/R 


40 100 
at. % Pt 


ie} 20 


Fic. 3a. Free energy/compositional curve at 650°C. 
Mechanism of precipitation in an alloy with 0? AG/dx* 
< 0 (below the spinodal curve). 
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| Downhill 


1@) 20 40 60 80 100 
at. % Pt 
Fic. 3b. Free energy/compositional curve at 650°C. 
Mechanism of precipitation in an alloy with 0? AG/dx* 
- 0 (above the spinodal curve). 


So for these alloys it is obvious to expect the segrega- 
tion of one phase—namely in the composition of the 
most deviating equilibrium phase—in a continuously 
depleting matrix. This latter passes by normal 
downhill-diffusion into the other equilibrium phase. 
Dehlinger et al. propose a slightly different model for 
the precipitation at temperatures and compositions 
above the spinodal curve. A metastable equilibrium 
of local order type regions (*‘Komplexe’’) might be 
formed by uphill-diffusion above the spinodal curve, 
because the random distribution of these regions 
provides an extra entropy term, which will lead to an 
overall decrease of the free energy if their size does 
With a view to the 
limited size of the “‘Komplexe’’ however, only pre- 


not surpass a critical value. 


precipitation phenomena are in the scope of this 
model and, as already pointed out by Dehlinger and 
co-workers a completion of the precipitation is only 
conceivable with the aid of pre-existing lattice faults 
(e.g. dislocations). 

Moreover, Cohen?) has recently drawn atten- 
tion to the discrepancy between calculated and 
This 


discrepancy is an indication that nucleation requires 


measured activation energies of precipitation. 


the co-operation of pre-existing dislocations for the 
precipitation above as well as below the spinodal 
curve. 
would occur in lattice regions with a suitable arrange- 


If this point of view is correct, nucleation 


ment of dislocations and consequently these regions 
would have a higher free energy than indicated in 
Fig. l(b). Due to the fact that this condition should 
be required for nucleation above as well as below the 
spinodal curve, the calculated spinodal curve is not 
necessarily the exact boundary between the two 
temperature-composition areas, with different pre- 
cipitation processes. 

In order to promote the evolution of these theories, 
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precipitation experiments were performed on gold— 
platinum alloys, below and above the spinodal curve 
at both sides of the phase diagram. The results of 
the experiments will be described in this paper. 


3. EXPERIMENTAL PART 


We first performed experiments with single crystals, 


prepared after a method analogous to that described 


by Tiedema ef al... A piece of polyerystalline 
platinum wire with a length of about 100 mm and a 
diameter of 0.5mm was annealed for 2 min by elec- 
trical heating at 780-800°C. Then the 
stressed 3 per cent and recrystallized by pulling it 


wire was 
through a small furnace, centre temperature 1050°C, 
with a velocity of 48 mm/hr. The so obtained single 
crystal was cut into pieces of about 20mm, which 
were electrolytically coated with a thin layer of gold 
(thickness 50 ~) in an electrolytic cell containing a 
solution of AuCl, with excess KCN, using a current 
density of 1/3 amp/cm?. By means of heating at a 
well-defined temperature the gold 
diffuse into the crystal under formation of the equilib- 
rium composition of the platinum-rich phase corre- 


was made to 


sponding to that temperature. The simultaneously 
formed gold-rich layer was removed by etching in 
boiling aqua regia. It is not to be expected that the 
composition of the single crystal is the same through- 
out the whole specimen. However, as the copper- 
radiation, used in the X-ray investigation, penetrates 
only for a distance of about 10 u into the specimen, 
this does not matter as long as a surface layer of this 
thickness is homogeneous. This turned out to be 
actually the case. 

In order to get information about the precipitation 
process, a so obtained specimen was annealed for 
several periods at a well-defined temperature, natur- 
ally below the temperature used in the preparation 
of the mix-crystal. The treatment was as follows: 
After annealing for a short time the specimen was 
quenched in water, after which a rotation photograph 
was made with filtered CuK,-radiation. Then the 
same test-piece was again annealed for some time, 
quenched in water etc. In this way single crystals, 
containing 87-91 at.°, Pt, obtained by diffusion at 
1000-1100°C, were annealed at temperatures between 
500 and 750°C: they were chosen so that for some 
specimens the second differential AG/@x?) was 
positive, whereas for others it was negative. 

In addition experiments were carried out with 
polycrystalline alloys, prepared by Firma Drijfhout, 
Amsterdam, in the shape of wires with a diameter of 
0.5mm. These alloys contained 31.7; 37.9: 41.8; 
62.3; 81.2 and 89.6 at.°,, Pt, as determined by means 
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of X-rays after they were homogenized by heating 14 
hr at a temperature of 1200°C (except for the wires 
containing 62.3 at.°, Pt which were homogenized at 
1300°C). Test-pieces with a length of about 20 mm 
were brought to a well-defined temperature directly 
after homogenizing. The treatment the 
same as described for the single crystals, with the only 


was then 


difference that this time a new test-piece was used for 
every annealing. In this way a large number of 
specimens was annealed at temperatures between 
500 and 650°C. 

Finally with the aid of a Leitz Durimet the Vickers’ 
micro-hardness of the polycrystalline test-pieces was 


determined. 


4. DESCRIPTION OF THE RESULTS 

(a) X-ray photographs 

Figures 4 and 5 show two series of rotation photo- 
graphs, taken after annealing two different single 
crystals at 700°C for various annealing times, one 
(Fig. 4) containing 86.6 at.°, Pt (0? AG/dx? < 0) 
(no. | in Fig. la) and the other (Fig. 5) containing 
90.1 at.°, Pt (0? AG/dx? > 0) (no. 2 in Fig. la). 
From these photographs it follows, first of all, that 
the rate of decomposition of the single crystal no. | 
is at least 10 times as large as that with which crystal 
no. 2 decomposes (cf. Fig. 5f with Fig. 4d, e). Secondly, 
the series of Fig. 4 shows clearly for the shorter 
annealing times (photographs a and b) the occurrence 
of “sidebands” (‘ghosts’) accompanying the main 
reflections (see also Fig. lla). Similar side-bands have 
been often observed during pre-precipitation in alloys: 
see particularly Daniel and Lipson“, Hargreaves“ 
and Guinier") for iron—nickel-copper alloys and 
Manene for nickel-base alloys “® and nickel-chrom- 
The side-bands are absent in 
in this 
latter series, the mechanism of precipitation, consisting 
of the formation of the gold-rich equilibrium phase in a 
continuously depleting matrix can be derived from 
the continuous decrease in diameter of the high-order 
reflections. The 
directly segregated (cf. Table 1). 
also show that for both crystals the finally gold- and 
platinum-rich phases have the same orientation as 
Uphill-diffusion is 
the governing process for crystal 1, 
(according to Fig. 2) to a sequence of 
alternating gold- and platinum-rich layers. As the 
difference in atom sizes of the two components is 
small, it is to be expected that especially in the 
beginning of the process the arising strains are so 
small that a coherency of the alternating gold- and 


ium-base alloys.“? 
the series of photographs shown in Fig. 5; 


gold-rich equilibrium phase is 


The photographs 


the original homogeneous alloy. 
apparently 
giving rise 


| 
va 


Fic. 4. 
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Rotation photographs of single crystal no. 1 containing 86.6 at.%, Pt (é2 AG/ar2 0). annealed at 
700°C for 2, 4, 15, 30 min and 2, 10, 84 hr respectively. Taken with filtered CuK ,- radiation. 


Fic. 5. Rotation photographs of single crystal no. 2, containing 90.1 at.°, Pt (d% AG/dx* 0), annealed 
700°C for 4, 20, 30 min and 1 $, 4, 12, 48 hr, respectively. Taken with filtered CuK ,- radiation. 
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annealing time 


Pt-rich phase 


SB* 


2 min Fig. 4(a) 67.9 mm 
4 min Fig. 4(b) 67.9 mm SB 
7 min 67.9 mm + SB 
15 min Fig. 4(c) DS Strt 
30 min Fig. 4(d) DS Str 
1 hr DS Str 
2 hr Fig. 4(e) 64.8 mm 
43 hr 64.8 mm 
10 hr Fig. 4(f) 64.9 mm 
33 hr 64.8 mm 
84 hr Fig. 4(g) 64.8 mm 


annealing time 


Pt-rich phase 


2 min 66.1 mm 
4 min Fig. 5(a) 66.1 mm 
7 min 66.2 mm 
10 min 66.2 mm 
15 min 66.1 mm 
20 min Fig. 5(b) 66.2 mm 
30 min Fig. 5(c) 66.1 mm 
lhr 66.0 mm 
14 hr Fig. 5(d) 66.0 mm 
24 hr 65.9 mm 
4 hr Fig. 5(e) 65.8 mm 
7 hr 65.6 mm 
12 hr Fig. 5(f) 65.4 mm 
30 hr 65.0 mm 
48 hr Fig. 5(g) 64.9 mm 


* SB 
+ DS 4 


side-bands 


Str = diffuse spots streaks 


platinum-rich segregates with the surrounding matrix 
is possible, thus giving rise to the appearance of 
side-bands at both sides of the original reflections of 
the homogeneous alloy. A remarkable point is that 
the side-bands differ in intensity: in Fig. 4 they have 
the greatest intensity on the higher 4 side. An 
explanation of this fact with regard to this system is 
given by Tiedema et al.). In a somewhat later stage 
of the precipitation process the side-bands approach 
the reflections of the homogeneous alloy, which them- 
selves still lie at the same value of 4 as for the quenched 
alloy. This fact shows that the alternating periods 
grow in period lengths as function of annealing time, 
a point that is in agreement with the pre-precipitation 
phenomena as described by Manenc”®, Finally 
the reflections of the gold- and platinum-rich equilib- 
rium phases existing at 700°C appear on the photo- 
graphs, with the same orientation as the parent 
crystal (see also Table 1).* 

To get data about the precipitation in polycrystal- 
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TABLE 1 


Crystal 1, containing 86.6 at.% Pt, 
diameter of 422 reflection 


Au-rich phase 


diameter of 422 reflection 


* For the streaks visible on Fig. 4(d) and (e) see later, p. 724. 


1960 


annealed at 700°C. 62% AG/éx? < 0 


diameter of 331 reflection 


Pt-rich phase Au-rich phase 


126.6 mm SB* 

126.6 mm SB 

126.6 mm SB 

DS Strt 

DS Str 
82.5 mm DS Str 134.5 mm 
82.5 mm 124.9 mm 134.4 mm 
82.6 mm 124.9 mm 134.4 mm 
82.5 mm 124.9 mm 134.4 mm 
82.5 mm 125.0 mm 134.5 mm 


82.6 mm 124.9 mm 134.4 mm 


Crystal 2, containing 90.1 at.°, Pt, annealed at 700°C. 02 AG/dx? > 0 
o 


diameter of 420 reflection 


Au-rich phase Pt-rich phase Au-rich phase 
mm 
mm 
mm 
mm 
mm 
mm 
}mm 
mm 
mm 
mm 
mm 
mm 
114.9 mm 
114.9 mm 


124.9 mm 
125.0 mm 
124.9 mm 
25.0 mm 
125.0 mm 


or 
w 


82.4 mm 
82.4 mm 
82.4 mm 
82.3 mm 
82.4 mm 


_ 
or 


line alloys a number of Straumanis photographs 
were made after annealing at some _ well-defined 
temperatures. Figs. 6-9 show four series of photo- 
graphs, taken after annealing a number of different 
polycrystalline alloys for different times at 600°C. 


Fig. 6: Pt-rich alloy, containing 81.2 at.°, Pt. 


0? AG/dx? < 0 


: Pt-rich alloy, containing 89.6 at.°,, Pt. 


0? AG/dx? > 0 


Fig. 8: Au-rich alloy, containing 41.8 at.°, Pt. 
0? AG/dx? < 0 


Fig. 7 


Fig. 9: Au-rich alloy, containing 31.7 at.°,, Pt. 


0? AG/dx? > 0 


(see phase-diagram Fig. la, nos. 3,4, 5 and 6, respec- 
tively). The photographs show that the “‘overall’’ pre- 
cipitation takes place in the same way as described for 
the corresponding single crystals. A difference in 
precipitation mechanism is unquestionably visible on 
the photographs, due to the appearance of side-bands 
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Fic, 6. Straumanis photographs of polycrystalline alloy no. 3, containing 81.2 at.% Pt (0% AG/dx* < 0), annealed 
at 600°C for 0, 1, 3, 10, 23 min and | and6 hr, respectively. Taken with filtered CuK ,- radiation. 


I min 7b 


lOmin 7d 


23min 7e 


Fic. 7. Straumanis photographs of polycrystalline alloy no, 4, containing 89.6 at.% Pt (3? AG/dx? > 0), annealed 
at 600°C for 0, 1, 3, 10, 23 min and 1 and 6hr, respectively. Taken with filtered CuK ,- radiation. 
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Fic. 8. Straumanis photographs of polycrystalline alloy no. 5, containing 41.8 at.®% Pt (é2 AG/éx* < 0), 
annealed at 600°C for 0, 1, 3, 10,23 min and | and 6 hr, respectively. Taken with filtered CuK,- radiation. 


Fic. 9. Straumanis photographs of polycrystalline alloy no. 6, containing 31.7 at.°, Pt (@? AG/dx? > 0), annealed 
at 600°C for 0, 1, 3, 10, 23 min and | and 6 hr, respectively. Taken with filtered CuK,- radiation. 
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TABLE 2 


Alloy 3, containing 81.2 at.% Pt, annealed at 600° C. 02 AG/dx? 0 


diameter of 422 reflection diameter of 420 reflection 


annealing time 


Pt-rich phase Au-rich phase Pt-rich phase Au-rich phase 


0 min Fig. 6(a) 69.0 mm 117.3 mm 

1 min Fig. 6(b) 69.0 mm — SB* 117.2 mm SB 
3 min Fig. 6(c) 68.9 mm + SB 117.3 mm SB 
10 min Fig. 6(d) 69.0 mm SB 117.3 mm SB 
23 min Fig. 6(e) 69.0 mm DS*+ 117.3 mm DS 

1 hr Fig. 6(f) DS DS 

6 hr Fig. 6(g) DS 84.2 mm DS 


Alloy 4, containing 89.6 at.°,, Pt, annealed at 600°C. é2 AG/dx? 0 


diameter of 422 reflection diameter of 420 reflection 


annealing time 


Pt-rich phase Au-rich phase Pt-rich phase Au-rich phase 


0 min Fig. 7(a) 66.7 mm 116.0 mm 
1 min Fig. 7(b) 66.6 mm 116.0 mm 


3 min Fig. 7(c) 66.6 mm 116.1 mm 
10 min Fig. 7(d) 66.6 mm 116.0 mm 
23 min Fig. 7(e) 66.6 mm 116.1 mm 

1 hr Fig. 7(f) 66.7 mm 116.0 mm 

6 hr Fig. 7(g) not measurable not measurable 


0? AG/ dx? 0 


diameter of 420 reflection 


Alloy 5, containing 41.8 at.°, Pt, annealed at 600°C. 


diameter of 422 reflection 


annealing time 


Pt-rich phase Au-rich phase Pt-rich phase Au-rich phase 


VOL. 0 min Fig. 8(a) 79.3 mm 123.4 mm 
8 1 min Fig. 8(b) 79.3 mm SB 123.4 mm SB 
3 min Fig. 8(c) 79.3 mm SB 123.4 mm SB 
10 min Fig. S(d) 79.3 mm SB 123.4 mm SB 
23 min Fig. 8(e) DS DS 
1 hr Fig. 8(f) DS DS 
6 hr Fig. 8(g) 64.4 mm 84.2 mm 114.7 mm 126.2 mm 


64.3 mm 84.2 mm 114.6 mm 126.2 mm 


675 hr 


0? AG/ dx? 0 


diameter of 422 reflection diameter of 420 reflection 


Alloy 6, containing 31.7 at.®%, Pt, annealed at 600 C. 


annealing time 


Pt-rich phase Au-rich phase Pt-rich phase Au-rich phase 


0 min Fig. 9(a) 81.6 mm 124.6 mm 
1 min Fig. 9(b) 81.6 mm 124.6 mm 
3 min Fig. 9(c) 81.4 mm 124.5 mm 
10 min Fig. 9(d) 81.5 mm 124.5 mm 
23 min Fig. 9(e) 81.7 mm 124.7 mm 
1 hr Fig. 9(f) $2.0 mm 124.9 mm 
6 hr Fig. 9(g) 82.1 mm 125.1 mm 


*SB side-bands 
+ DS diffuse spots 


in Figs. 6 and 8, whereas they are not visible in Figs. be measured with more accuracy (cf. also Fig. 7f, g 
7 and 9 (ef. also Table 2). As the test-pieces were and Fig. 9f, g). It follows from the photographs of 
annealed not longer than 6 hr at the temperature of the specimens annealed at 600°C that the rate of 
600°C, the continuously depleting matrix-concentra- decomposition of the alloys, annealed below the 


tion by annealing above the spinodal curve can not spinodal curve, is at least 10 times as large as that of 
be derived from the values of Table 2. Therefore the crystals annealed above the spinodal curve. This 
Table 3 shows the diameter of some reflections by turned out to be also the case for annealing at 650°C. 
annealing the gold- and platinum-rich alloys 4 and 6 Due to lack of grain-boundaries in single crystals, 
at 650°C. In this table low-order reflections are given precipitation in this case is much slower than in 
polycrystalline material. For the latter case, even 


instead of high-order reflections because they could 
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TABLE 3 


Alloy 4, containing 89.6 at.% Pt, 


diameter of 220 reflection 
annealing time 
Pt-rich phase 


.7 mm 
5.0 mm 
1 mm 
5.2 mm 
5.4 mm 
5 
7 


0 min 
3 min 
6 min 
20 min 
1 hr 
131. 
131. 
131. 
131.4 
131.3 


0.0 Tam 
mm 


mm 
5.6 mm 


120 hr 


Alloy 6, containing 31.7 at.°%, Pt, 


diameter of 220 reflection 
annealing time 

Pt-rich phase Au-rich 

132.0 
131.8 
131.8 
131.9 
131.8 
131.7 
131.6 
131.5 
131.3 
131.3 
131.3 


0 min 
3 min 
6 min 
10 min 
20 min 
1 hr 
3 hr 
6 hr 
18 hr 
42 hr 
72 hr 


5.4 mm 
4mm 
5.5 mm 


mm 


at 650°C, the side-bands have disappeared already 
after an annealing period of 1 min whereas they are 
still visible after annealing the corresponding single 
crystal for 4 min at 700°C (Fig. 4b). 

In order to find a correction for the influence on 
the rate of precipitation caused by the difference in 
composition, the two platinum-rich alloys (3 and 4) 
were also annealed at 510°C, thus both below the 
spinodal curve. The mechanism of the precipitation 
process was exactly the same for both test pieces, 
showing the appearance of side-bands in the beginning 
of the process, whereas alloy 3 decomposed with a rate 
about 2 times as large as that with which alloy 4 
decomposed, which is in accordance with the higher 
solute concentration of crystal 3. 

In addition a polycrystalline specimen, containing 
37.9 at.°,, Pt. was annealed at 600 and 650°C in order 
to get information about the behaviour in the region 
between the spinodal curve calculated by Wictorin 


Au-rich phase 


3mm 
3mm 
5mm 


4mm 


annealed at 650°C. 02 AG/dx? > 0 


diameter of 222 reflection 


Pt-rich phase 


Au-rich phase 
mm 
mm 
mm 
2mm 
mm 
mm 
mm 
mm 
mm 
mm 


.2mm 
mm 
mm 
3.2 mm 


mm 
mm 


annealed at 650°C. 02 AG/éx? > 0 


diameter of 222 reflection 


phase Pt-rich phase Au-rich phase 


166.9 
166.7 
166.8 
166.7 mm 
166.7 mm 
166.6 mm 
166.5 mm 
166.3 mm 
166.1 mm 
166.0 mm 
166.0 mm 


mm 
mm 
mm 


mm 
mm 
mm 
mm 
mm 
mm 
mm 
mm 
mm 
mm 
mm 


171.8 mm 
172.0 mm 
171.9 mm 
171.9 mm 
171.9 mm 


and the curve calculated in part I of this paper 
(cf. Fig. 3 in part I). These experiments were not 
very conclusive because the observed phenomena 
were not unambiguously in accordance with pre- 
cipitation either below or above the spinodal curve. 
Another important phenomenon in the final stage 
of side-bands is the appearance of non-Laue streaks 
on the photographs. This is most clearly visible on 
photographs taken with monochromatized Cuk,- 
radiation. Fig. 10 is due to a single crystal containing 
86.8 at.°,, Pt annealed at 550°C during 8 hr, Fig. 11(b) 
to a polycrystalline specimen with 62.3 at.°, Pt 
annealed 4hr at 510°C. (Fig. lla shows the side- 
bands after annealing this specimen 2 hr at 510°C.) 
In order to get more information about this phenom- 
enon, a partly decomposed single crystal was made 
to rotate around an (100) axis with the X-ray beam 
perpendicular to this axis. From the photographs so 
obtained (Fig. 12a) it can be deduced that the streaks 


Fic. 10. Rotation photograph of a single crystal, containing 86.8 at.°% Pt, annealed at 
550°C for 8 hr, showing non-Laue streaks. Taken with monochromatized CuK,- radiation. 
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Fig. 12a. 
550°C 


for 6 hr, showing non-Laue streaks. 
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Fic, 11. Straumanis photographs of a polycrystalline alloy, containing 62.3 at. Pt, annealed 
Taken with monochromatized CuK ,-radiation. 
(b) annealed for 4 hr; 


Rotation photograph of a single crystal, 
Taken with monochromatized CuK ,- radiation. 
The crystal was made to rotate around a 


ALLOY S—II 


(a) annealed for 2 hr; showing side- 


showing non-Laue streaks. 


» 


containing 87.2 at.®% Pt, annealed at 


LOO) axis. 


12b. 


occur from plate-like precipitates parallel to the {100} 
planes of the original crystal. 
by treating this problem with the method of the 
reciprocal lattice. Fig. 12(b) shows part of a Bernal 
chart") adapted to the experimental conditions. 
The non-Laue streaks of Fig. 12(a) are also drawn on 
this chart and they follow exactly the same directions 
as the layer and row As the single crystal 
was made to rotate around an (100) axis, it is obvious 
that the streaks can only arise from thin plates parallel 
to the {100} planes of the real lattice, represented by 
100) directions of the reciprocal lattice. 


lines. 


rods in the 


(b) Hardness measurements 

The course of the Vickers’ 
measured for the polycrystalline alloys 3, 4, 5 and 6. 
The measurements did not show an important dif- 
annealed below and above the 


micro-hardness was 


for alloys 


ference 


Part of Bernal chart with the non-Laue streaks of Fig. 12(a). 


This can be made clear 


geneous alloy after quenching (cf. Figs. 


spinodal temperature. All specimens show about the 
same course of this quantity as a function of annealing 
time, being a rapid increase in the beginning of the 
precipitation process followed by an at first rapid and 
then the 
value which is about the same as that of the homo- 
13 and 14). 


gradual decrease till hardness reaches a 


5. DISCUSSION 
It is obvious from the experiments with single 
crystals as well as with polycrystalline specimens of 
the platinum-rich alloys that in this region of the 
phase diagram the spinodal curve coincides with the 
transition of one precipitation process into another. 
The type of precipitation mechanism as well as the 
rate of decomposition on either side of the spinodal 
curve is in agreement with the theories of Tichelaar 


and Borelius. Below the spinodal curve precipitation 
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Vickers’ micro-hardness as 


Fie. 13. 
function of annealing time at 650°C. 


Time, hr 


follows qualitatively the path indicated in Fig. 3a, 
as can be derived from Figs. 4 and 6 and Tables 1 and 
2, whereas above the spinodal curve precipitation 
follows the path indicated in Fig. 3b, ef. Figs. 5 and 7 
and Tables 1, 2 and 3. Moreover the rate of precipita- 
tion below the spinodal curve is markedly higher than 
that above the spinodal curve. 

At the gold-rich-side of the diagram roughly the 
same phenomena were observed, cf. Figs. 8 and 9 


and Tables 2 and 3. However, as indicated by the 


behaviour of the 37.9 at.°, Pt alloy, at this side of 


the diagram the calculated spinodal curve does not 
constitute a sharp boundary between two regions 
with different precipitation processes. Attention is 
also drawn to the fact that resistance measurements 
of Wictorin showed already a marked difference in 
the course of the resistance as a function of annealing 
l 
A 
the 36 at.°, Pt alloy in comparison with the other 
curves. Besides his experimentally determined points 


temperature (plotted as log ( 


AR 
versus 1/7’) for 


of the spinodal curve at the platinum-rich side are in 
much better agreement with the calculated line than 
those at the gold-rich side of the diagram, although it 


© 41 8%Pt 
#89.6 % Pt 
031.7% Pt 


2 4 
Time, hr 


Vickers’ micro-hardness as function of 
annealing time at 600°C. 


is perhaps more exact to say that the points are in 
better agreement at lower concentrations of the solute 
component. 

A tentative explanation of the different behaviour 
between alloys at the platinum-rich-side and at the 
gold-rich-side of the diagram may be formulated as 
follows. The gold-rich alloys being higher in solute 
concentration are probably more strained than the 
platinum-rich alloys. These strains were not taken 
into consideration in the theories of Borelius and 
Tichelaar. Although these theories roughly predict 
the observed precipitation phenomena in the gold— 
platinum system, the above mentioned quantitative 
deviations require probably a modification according 
to the suggestions of Dehlinger et al. and Cohen. The 
original B,-rich area (cf. Fig. 3b) may be initiated by 
the formation of the “‘Komplexe” as proposed by 
Dehlinger and co-workers. 

The anomalous behaviour at the gold-rich side of 
the diagram may be attributed to a higher concentra- 
tion of lattice imperfections (e.g. dislocations) due 
to the strains arising from the high concentration of the 
solute component as already mentioned in section 2. 
These lattice imperfections may play an important 
role during the nucleation as predicted in particular 
by Cohen. 

There are as yet no experiments available for alloys 
in the composition range 50:50, annealed at high 
temperatures. Together with the experiments of 
Wictorin they could perhaps enable a choice between 
Borelius’ and Becker’s conceptions on the origin of a 
maximum rate of the precipitation process as a 
function of the temperature of annealing, as put 
forward recently by Stadelmaier and Hiitter™® 
for the NaCl-KCl system. Unfortunately also in this 
latter paper a fundamental difficulty remains, namely 
the fact that an observed nucleation frequency need 
not be equal to the rate at which the nuclei are 
formed. It is only a measure of the rate at which these 
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centers become visible and thus it can not be separated 
from the growth kinetics. 
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Note on the interaction of interstitially dissolved 
carbon atoms in a-iron* 


Previously." measuring the time decrease of initial 
perme ability caused by interstitially dissolved nitrogen 
in a-iron, we observed a relaxation phenomenon at 
times very long compared with the relaxation time 
due to single jumps of the interstitial atoms. Such an 
effect might be explained in several ways; the mean 
time of stay of an interstitial situated near an impurity 
atom (e.g. silicon) may differ widely from that of an 
interstitial atom situated in the pure iron lattice: 
diffusion over large distances may occur, due to 
migration of the interstitials into a Bloch-wall,") or to 
the fact that the interstitial atoms follow dislocations 
moving under the influence of magnetostrictive stress- 
fields; finally, interaction between the interstitial 
atoms may cause long relaxation times as shown by 
Powers and Doyle in the case of oxygen in tantalum. 
It will be shown that in the case of interstitially 
dissolved carbon in %-iron the relaxation phenomenon 
at long times is mainly due to interaction of the 
interstitials. 

Using a method described previously" we measured 
the time decrease of permeability due to the redis- 
tribution of carbon atoms in «-iron at 273°K. In Fig. 
1 we have plotted as approximation to [r,, — r(é)| 


the ratio 


x 


[r 


r(180 min) — r(t) Ar ,(t) 


r(180 min) — r(0) Ar 


versus Ar, for ¢ = 2 min, ¢ = 3 min and t = 4 min, 
where r(t) is the reluctivity at time ¢ after demagnetiz- 
ation. The total effect, Ar, is mainly due to a redis- 
tribution of isolated carbon atoms and is proportional 
to the carbon concentration. Ar,(t) represents the 
relaxation phenomenon at long times. Ar,(t)/Ar is 
seen to be proportional to Ar, which means that 
Ar,(t) is proportional to the square of the carbon 
concentration. 

Our conclusion is that Ar,(t) is mainly due to a 
redistribution of pairs of carbon atoms, even though 
we do not know exactly the diffusion mechanisms 
leading to this redistribution. 

By roughly extrapolating the values for Ar,(t) at a 
concentration of 0.024 at.°, (i.e. 0.005 wt.°,, Ar 
=4»x 10°%Oe/G) up to t=O assuming an ex- 


* This work has been supported by the General Electric 
Research Laboratory, Schenectady, N.Y. 


2 3 
10 ~Oe/G 


Fic. 1. The ratio Ar,(t)/Ar as a function of Ar. t = 3 
min for the solid line and the measuring points as 
indicated. The broken lines represent the experimental 


results for 2min and = 4min, respectively. 

ponential decay (relaxation time about 4 min), we 
estimate that the effect due to the redistribution of 
pairs is about 7 per cent of the total effect. At times 
longer than 2 min after demagnetization the main 
relaxation effect—with a relaxation time at this 
is almost terminated; 


temperature of about 15 sec 
its contribution, less than 1 per mille of the total 
effect, is neglected. 

From the binding energies for the carbon pairs, as 
caleulated by Fisher"), it may be estimated that at 
the concentration and temperature mentioned above 
about 15 per cent of the carbon atoms is bound in 
pairs. If it is assumed that the interaction between 
interstitial and direction of the magnetization vector 
is the same irrespective of whether the interstitial is 
isolated or one partner of a pair, the relaxation effect 
due to the redistribution of pairs is expected to be 
% per cent of the total effect. The measured effect 
therefore agrees in order of magnitude with the 
ralculated value. 

A. J. BosMAN 
Natuurkundig Laboratorium P. E. BROoMMER 


der Universiteit van L. C. H. EyKELENBOOM 
Amsterdam, Amsterdam C. J. SCHINKEL 
Holland G. W. RATHENAU 
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Hydrogen and austenite stabilization* 


Cohen et al.” first suggested in 1949 that the 
extent to which the “strain embryos” of austenite 
were neutralized or deactivated, determined its 
stability and the extent to which it was retained 
during heat treatment. The strain embryos were 
considered to be centred round dislocations and/or 
other defects in the lattice and the deactivation to take 
place when carbon atoms, present interstitially in the 
austenite, migrated towards and were captured by 
the strain embryos. In an attempt to explain on the 
basis of this concept, the thermal stabilization of 
austenite, when held at constant temperature as well 
as when directly cooled, the authors have been led to 
propose®.®) that migration of carbon atoms towards 
the strain embryos requires the setting up of an 
adequate concentration gradient for carbon, which 
may be due either to the martensitic regions, con- 
tiguous to the retained austenite at temperatures 
below the .V, or to “‘premartensite zones’’, supposed 
to be formed spontaneously in the austenite, above 
the value. 

As, a priori, the strain embryos of austenite may be 
deactivated by the capture of any interstitial solute 
atom, hydrogen—present in interstitial solid solution 


in steel—may also be expected to stabilize austenite. 
The possible role of hydrogen in stabilizing austenite 
is briefly examined in this note. 

As with 
hydrogen to permit its diffusion towards the austenitic 
strain embryos. However, unlike carbon, there is, 
with hydrogen, no particularly strong tendency for the 
atoms to come out of the lattice of iron, when it 
changes from the face-centred to the body-centred 
configuration. The solid solubilities of hydrogen 
in the « and y phases of iron do not differ as much as 
in the case of carbon. A build-up of hydrogen, at the 
interface between the austenite and the associated 
martensite (or even the premartensite zone) with 
solid solubilities differing by no more than a factor of 
two or three, to set up an adequate concentration 
gradient is thus much less probable than with carbon, 
where the factor is very much greater. Any tendency 
for the hydrogen to come out of martensite would 
further be matched by the nearly equal tendency for 
it to come out of austenite and hence migration 


TO THE 


varbon, there must be a build-up of 
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towards the austenitic strain embryos becomes more 
unlikely. Furthermore, the extent to which the steel, 
after normal austenitizing, is supersaturated with 
respect to hydrogen, is considerably smaller than with 


respect to carbon (about 3 or 4:1 as compared to 
40 or 50: 1) and hence the tendency for the hydrogen 
to come out of the body-centred iron lattice is itself 
quite small. 

Because of the improbability, therefore, of the 
required build-up of hydrogen, the possibility of any 
stabilization of austenite being caused by hydrogen 
atoms may perhaps be discounted. 

A comparison can also be made of the times 
required for stabilization of austenite to take place 
at any specified temperature, if hydrogen is indeed 
the responsible factor and observed experimentally 
for such stabilization to take place. Edmondson", 
Glover and Smith'®, Imai and Izumiyama‘” and 
Otte and Ko‘), amongst others, have observed that 
at temperatures of the order of 20°C and 100°C, a few 
hundred hours and a few minutes respectively are 
required for stabilization (maximum) to take place. 
An approximate idea of the times required for such 
stabilization to take place can be obtained from the 
average speeds of migration of hydrogen atoms in 
austenite at these temperatures and the average 
separation between a hydrogen atom in austenite and 
an austenitic strain embryo. With 5 em? of hydrogen 
per 100g of austenite—an amount which is well 
on the high side—the required times are calculated 
to be of the order of 1 see and 10-3 sec, respectively, 
for the above mentioned temperatures. The calculated 
and experimentally observed times differ so greatly, 
that the deactivation of the embryos by hydrogen can 
be taken as quite unlikely. 

There is, unfortunately, not 
available on the stabilization of austenite containing 


hydrogen. In a high carbon high chromium die steel, 


much information 


containing quite small amounts of hydrogen (of the 
order of only 0.2 em? per 100 g) considerable atherma! 


stabilization over the temperature range 200°—-350°C 
has been observed and adequately accounted for® on 


the basis of the formation of premartensite zones and 
carbon diffusion. On the other hand, Ko and Ed- 
mondson'® could not detect any stabilization effects 
above M, in a steel cathodically impregnated with 
hydrogen, although a year earlier, Morgan and Ko 
had reported considerable stabilization in the same 
steel. As, however, the hydrogen introduced in steel 
by cathodic impregnation at room temperature and 
at pressures estimated to reach fantastically high 
values) (of the order of 10'° atmospheres or even 
higher) will virtually completely come out of the steel 
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when it is austenitized at high temperatures in vacuum 
(or even at atmospheric pressure) it is not quite 
certain that after the high temperature soaking 
carried out by Ko and Edmondson, hydrogen was 
indeed retained by the austenite to an extent appreci- 
ably greater than before cathodic impregnation, to 
enable its effect on austenite stability to be determined. 

While, therefore, more experimental data on the 
effect of hydrogen on the stabilization of austenite 
would be undoubtedly interesting, it would appear 
that the deactivation of the strain embryos in austen- 
ite, resulting in its stabilization, is unlikely by 
hydrogen, at least in the amounts present in normally 
heat-treated steels. 

Grateful thanks are due to Dr. B. R. Nijhawan, 
Director, National Metallurgical Laboratory, for 
discussion and permission to publish this note and to 
Mr. N. G. Banerjee, Junior Scientific Officer, for the 
hydrogen analyses. 

E. G. RAMACHANDRAN 
Physical Metallurgy C. DASARATHY 
Division, National 
Metallurgical Laboratory 
Jamshedpur, India 
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On the temperature dependence of flow stress in 
quenched aluminum crystals* 


The temperature dependence of flow stress for 
single and polycrystalline aluminum has been 
investigated by Cottrell and Stokes” and, more 
recently, by Basinski®’. These investigators found a 
difference in flow stress when specimens, in the well 
annealed state, were deformed to the same strain at 


different temperatures. They suggested that the 


* Based on work carried out at Armour Research Foundation, 
Chicago, Ill., sponsored by the ARF Research and Invention 
Committee. 
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difference arose from two contributions: (a) one 
which is reversible and due to the thermal assistance 
given dislocations to overcome obstacles and (b) an 
irreversible effect resulting from variations of dis- 
location configurations with temperature. In the case 
of the former, the ratio of flow stresses at the end of 
pre-straining at a high temperature and subsequent 
reloading at a lower one was found to be a constant 
with increasing strain and a unique value for given 
combinations of This 
adjusted for the temperature variation of elastic 
modulus and plotted against The 
resulting curve indicated the ratio remained relatively 
unchanged down to about 200°K, followed by a 
distinct increase with further decrease in temperature. 
The temperature independent portion was interpreted 
as evidence that glide dislocations can easily cut 
through ‘‘forest”’ dislocations with the aid of thermal 
Below 200°K, such assistance becomes 


temperatures. ratio was 


temperature. 


fluctuations. 
less available and the deformation process becomes 
increasingly difficult. The irreversible difference was 
manifested by a drop in flow stress after yielding at a 
high temperature following pre-straining at a lower 
This ‘“‘work softening” 
dislocation 


one. was said to be stress 


initiated instability of configurations 
formed at the low temperature. 
With the above in mind, it 


interest to look into the possible effects of quenching 


was considered of 


on the temperature dependence of flow stress of 
aluminum crystals. The effect of quenching on 
mechanical behavior at room temperature has been 
documented..4) Also, the recent direct observations 
of small dislocation loops in quenched foils of aluminum 
by Hirsch and his co-workers'®~7 has led to specula- 
tions concerning the mechanism of hardening. These 
results were in good agreement with the predictions 
on the origin of dislocations by KuhImann-Wilsdorf, 
who proposed that quenched-in vacancies agglomer- 
ate in discs that subsequently collapse to form 
dislocation loops. The loops (of average size 200 A) 


Orientations of stress axes of single crystals of 
aluminum. 
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TABLE 
Temperature (°K) 273 


Specimen No. 3b 
da 
7b 
7e 
l4e 
l6e 


TABLE 2 


Temperature (°K) 293 
Specimen No. 3b 0.746 
da 0.750 
0.744 
14b 
l4c 0.747 
1l6b 


appear too small to be activated in the manner of 
a Frank-—Read source at the flow stresses observed in 
quenched crystals. However, as dislocations, they 
would be expected to contribute additional stress 
fields, as well as increase the population of *‘trees”’ on 
the ‘forest’ planes. Thus, the number of obstacles to 
glide would be increased, which in turn, could account 
for quench hardening.'® 

In the present investigation a series of experiments, 
patterned after those of Cottrell and Stokes”), were 
varried out with quenched crystals. The techniques 
for preparation and testing of high purity crystals 
(99.999 °,,)* were similar to those reported in an 
earlier publication.“ Crystal orientations are shown 
in Fig. 1. The samples were strained in an Instron 
machine, utilizing a specially designed tensile fixture 
and cryostat, at combinations of the following 


T T T T 
© Dato For Quenched Crystals 
@ Dato For Well Annealed Crystal 


x Dota For Well Annealed Crystals 
From Cottreliand Stokes 
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x /H 
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Temperature, °K 


Fic. 2. Reversible changes of flow stress with tem- 


perature before and after correction for the variation 
of shear modulus with temperature. 


* Supplied by ALCOA Research Laboratories. 
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Flow stress at 7’ relative to that at 293°K 


Flow stress at 7’ relative to that at 78°K 
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200 78 Condition 
1.340 quenched 
1.333 furnace cooled 

1.069 quenched 
1.334 quenched 
1.339 quenched 


quenched 


273 200 Condition 
quenched 
furnace cooled 
quenched 
0.767 quenched 
quenched 
0.795 quenched 


temperatures: 78, 200, 273 and 293°K. Temperatures 


were maintained to +1°K. In addition to the cycling 
tests, uninterrupted tensile tests on crystals with 
widely different orientations were performed at both 
78 and 293°K. 

The results of cycling tests indicated that quenched 
crystals not only behave in a manner similar to fully 
annealed ones (i.e. the flow stress ratio for any two 
temperatures being a constant, independent of strain) 
but also, the numerical values for this relationship are 
quite nearly identical. This is seen clearly when the 
ratios: and 

O78°K M78°K 
Tables 1 and 2, are plotted against temperature in 
conjunction with the data of Cottrell and Stokes” 
normalized to 78°K (see Fig. 2). The above is not too 


+. taken from the data in 


surprising if, indeed, the ‘forest’ effect is operative. 
It was seen that the flow stress ratio is independent of 
the increase of dislocation density produced by plastic 
deformation. Therefore, it is unlikely that it would be 
affected by an increase in density resulting from 
quenching. 

Additional identical behavior was seen in the 
presence of “‘work softening” in the load—extension 
curves (see example in Fig. 3). The stress-strain 
curves of uninterrupted tensile tests at 78 and 293°K 
are presented in Fig. 4. When comparing these with 
curves for well annealed crystals of comparable 
orientations,? it is seen that orientation dependence 
is also quite similar while yield stresses are higher and 
work hardening rates are lower for the quenched 


crystals at both temperatures. 


+ The term yw is the shear modulus determined by the 


method suggested by Basinski'*’. 
* From the work of Stawbwasser'®?, 
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Load, Lbs 


273°K__ 


19.20 .21 .22 .23 .24.34.35 .36 .37 .38 48.50 .5! 
Extension, inch 


Fic. 3. Work softening seen at 273°K after deformation 
at 78°K in crystal No. 14b. 


" The evidence presented seems to indicate that, 
despite the apparent extreme changes in the deforma- 
tion process due to quenching, there are certain areas 
that remain unaffected. This leads to the suggestion 
that the ‘‘forest’’ effect is important in explaining 
the of aluminum crystals 
independent of prior thermal history. 


mechanical behavior 


L. E. TANNER 
Research Division 
Manufacturing Laboratories, Inc. 
Cambridge, Mass. 
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Method for measuring the free energy 
of a solid surface* 


In recent years, several novel methods have been 
devised to measure free energies of solid surfaces.4—*) 
The present note proposes a method which is applicable 
to solids that evaporate by a lamellar mechanism.‘4~! 

During lamellar evaporation, a crystal loses atoms 
from the edge surfaces of lamellae whose flat surfaces 
are low-index, crystallographic planes. The lamellae 
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Resolved shear stress vs. resolved shear strain 

and 293°K for single crystals of various 
orientations. 


Fic. 4. 
at 78° 


originate from sources such as crystal edges and screw 
dislocations. Fig. l(a) shows a lamella defined by an 
edge surface at A (hereafter called a “‘riser’’) and plane 
surfaces at B and C (hereafter called ‘‘lamellar 
planes’). If a lamellar plane is nearly coincident 
with the crystal surface, the lamellae may traverse 
the entire surface during evaporation. The individua- 
lity of a lamella from a given source depends on 
interactions with other lamellae and with obstacles 
such as inclusions. 

Fraser et al.2 noted that refractory inclusions 
(Al,0, and MgO), lying in the lamellar planes of 
chromium ({001} and {011})" are able to impede the 
recession of the lamellae during evaporation. It is 
easy to demonstrate that this will occur when 


Vilr < Yriv Vile 


where r, 7 and v represent riser, inclusion and vapor, 


respectively. The above inequality is probably 
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satisfied for oxide inclusions in a metal.) In addition 
to simple point retardation, two inclusions, coplanar 
with the lamellar plane, can cooperate to prevent 
migration of the portion of the riser which lies between 
them (Fig. 1(b)). This cooperative locking will occur 
when the distance between the inclusions, d, is less 
than the critical diameter for the nucleation of a two 
dimensional hole in the close-packed lamellar plane. 
The portion of the riser locked between the two 
inclusions will form an equilibrium shape which is a 
function of the surface free energy of the riser, the 
temperature and the partial pressure of the vapor 
above the surface. At equilibrium the riser will 
neither advance or retreat, and it is under these 
conditions only that the following analysis can be 
applied. If the equilibrium shape and the partial 
pressure or undersaturation of vapor are known, it is 
possible to determine the surface energy of the riser 
assuming 
(1) the anisotropy of surface free energy in the 
lamellar plane is negligible, 
(2) the surface free energy of the riser is independent 
of curvature and 
(3) the riser has only one principal radius of 
curvature. 
The chemical potential of an atom in the curved 
riser surface and in the vapor (referred to a plane 
riser surface) are y,Q/, and kT In P,/Po, respectively, 


where 
y, = surface free energy of the riser 
Q = molecular volume 
r = radius of curvature of the riser 
P, = partial pressure of the crystal vapor in 
equilibrium with the riser 
P, = partial pressure of the crystal vapor in 


equilibrium with a flat riser surface = vapor 
pressure. 
At equilibrium the chemical potentials of atoms in the 
vapor and riser surface must be equal. Thus, 
—rkT 
P,/Po.- 

It is apparent that the model chosen is somewhat 
restrictive. It requires that the solid undergo lamellar 
evaporation, which implies an anisotropy of surface 
free energy. Further, the anisotropy must be limited 
to the extent that it is negligible in the lamellar plane. 
These constraints imply an equilibrium shape which 
is composed of plane sections, corresponding to 
principal Jow-index orientations, connected by 
smoothly curved surfaces, i.e. not a polyhedron. In 
the absence of anisotropy, a lamella higher than some 
few unit spacings would be unstable due to the 
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curvatures necessarily developed at the top and 
On the other hand, 
anisotropy in the lamellar plane would destroy the 


bottom of its riser. strong 
circular symmetry required by this method. Recent 
experiments by Moore'.!°) indicate that silver may 
exhibit the necessary type of equilibrium shape in air 
at about 900°C. 

The expression for y, 
of the lamella, which, while influencing the rate of 
riser motion, does not enter into the equilibrium 
Physically, this illustrates the fact 
that a unit riser and a riser of arbitrary height are 


is independent of the height 


considerations. 


retained equally well by the inclusion pair. 

It is a common observation that the riser of a given 
lamella is not smooth but composed of a series of 
small steps.4?1 Although the occurrence of such 
small steps (presumably the scale extends to unit 
steps) does alter the surface free energy of the riser, 
the effect is not expected to be large. However, with 
suitably-refined observations, it may be possible to 
define the specific edge energy of a unit lamella. 

Since cooperative locking of a riser requires that the 
precipitate spacing be less than the critical diameter 
for two of a the 
lamellar plane, it is evident that the proposed method 


dimensional nucleation hole in 


generally will require refined techniques. Electron 
microscopy will be needed to measure curvatures and 
the production of controlled under-saturations neces- 
sitate good thermal control coupled with hot-finger or 
possible Knudsen-cell techniques. The possibility of 
relaxation of the riser curvature during cooling of the 
specimen implies the need for a rapid quench from the 
evaporation temperature. The specimen geometry is 
particularly simple. All that is required is that the 
crystal evaporate by a lamellar mechanism, according 
to the limitations noted above, and that a suitable 
inclusion dispersion can be produced. The surface to 
be evaporated should be nearly coincident with a 
lamellar plane. With respect to the inclusions, it 
should be noted that their presence generally implies 
a two or more component matrix, and therefore the 
method is not applicable to strictly pure materials. 
Westinghouse Research Laboratories M. J. FRASER 
Pittsburgh, Pennsylvania 
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Mechanical twinning in thin evaporated 

gold films* 

In a recent series of investigations, thin single- 
crystal gold films have been grown and subjected to 
mechanical These 
indicate that mechanical twinning can occur in thin 
evaporated gold films between 1000 and 5000 Ain 
thickness, at temperatures up to 200°C. Such twinning 


experiments seem to 


stress. 


has been reported by other investigators for copper 
at low temperatures,” and for silver—gold alloys at 
temperatures up to 0°C.) 

The thin gold films with a (O01) orientation were 
prepared by vacuum deposition on a substrate of 
sodium chloride. The substrate blanks were cleaved 
along the (100) plane and then heated in an induction 
furnace in the vacuum system. When the pressure 
had been reduced below 0.005 mm and the sodium 
chloride blanks raised to a temperature of 375°C a 
thin film of gold was evaporated on the blanks from a 
molybdenum filament. Single-crystal films of gold 
were obtained in this manner which were continuous 
(free of holes) and varied in thickness from 1000 to 
5000 A. 
chloride substrate and examined with an RCA EMU- 


The films were separated from the sodium 
3B electron microscope operated at lOO kV. Trans- 
mission photographs and diffraction patterns indicated 
that the films were single crystals, with a high density 
of stacking faults An 
micrograph of a typical film is shown in Fig. 1. 

The gold films were tested in two different ways. 
One method involved the drilling of a small hole 
through the sodium chloride substrate with a water 


and dislocations. electron 


jet, perpendicular to the plane of the film. This gave 
a circular area of the gold film, approximately 0.5 mm 
in diameter, that was no longer supported by the 
substrate. The film in this area was then tested by 


slowly reducing the pressure on the bottom of the 
gold film, bulging the film down through the hole in 
the substrate. In this method, the pressure differential 
between the two sides of the film, and thus the stress 


1960 


Fic. 1. Electron micrograph showing stacking faults 
and dislocations in a typical evaporated [001] gold film. 
60,000 


applied to the film, was controlled. The films were 
observed continuously during the stress application 
by means of an optical microscope. 

The other method of testing consisted of mechani- 
cally stretching a narrow sample of the film about 
0.5 mm wide and 5 mm long which had been removed 
from the substrate. The stress was applied in the 
direction of the long dimension of the film sample, 
which was the [110] crystallographic direction. A 
linear stretching device was used in which the strain 
applied to the film was controlled. 

In both cases, apparent mechanical twinning was 
observed at resolved shear stresses of approximately 
5 « 108 dyn/cm? (resolved shear strain of 0.3 per cent). 
As the stress was increased, the appearance was noted 
of many small bands oriented with their long dimension 
in a (110 
suddenly and usually grow slightly in length and 


direction. These bands would appear 


width with increasing stress. Upon application of 
further stress, these small or minor bands would group 
together into one or more large or major bands, these 
latter appearing to have a laminated fine structure and 
consisting of bundles of the minor bands. The minor 
bands had a length of 25 to 504, while the major bands 
had lengths of up to 1000 uw. In the bulged samples, 
two major bands would usually appear at right angles 
to each other, extending almost all the way across 
the bulged area. The optical micrograph in Fig. 2 
shows such an example. 

These observations were normally made at room 
temperature of 20°C, but a series of experiments was 
performed using the bulge technique at a temperature 
of 200°C. 
observed, but they first appeared at a higher value of 
stress than in the samples tested at room temperature. 
The major bands were not observed in any of these 
heated films. 


In these samples the minor bands were 


i 
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Fic. 2. Optical micrograph of bulged area of gold film 


showing twin bands. 54 


X-ray diffraction studies were made to determine 
the 
Transmission Laue photographs were taken using a 
highly collimated X-ray beam. The gold films were 
oriented so that the beam was along the [111] direction 
of the film, with the beam incident on the deformed 
The diffraction patterns were plotted on a 
stereographic projection and showed octahedral poles, 


crystallographic orientation in these bands. 


area. 


apparently due to the bands, rotated 180° about the 
[111] pole from their position in the original orienta- 
tion. These X-ray studies thus indicated that the 
bands were twin bands and that the twinning had 
occurred on the | 111] planes. 

Electron microscope studies were made of the 
stressed gold films after removal from the sodium 
chloride substrate. The contrast of the bands and the 
appearance of the extinction contours indicated a 
distinct change in orientation within both the minor 
Fig. 3 is a low magnification 


and major bands. 


i* 


Fic. 3. Electron micrograph showing small twin bands 
The small dark spots are stacking 
faults. 


in gold films. 
< 3150 
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Fic. 4. 
dislocations and the 
band. 


Electron micrograph of twin band showing 
laminar structure of the 
14.000 


many 


electron micrograph which shows the typical appear- 
ance of some of the smaller bands. The characteristic 
laminated appearance of the bands and the manner 
in which the width of a band decreases at its end to 
approximately the projected width of a stacking fault 
can be seen. The small black points in the area between 
the bands are stacking faults such as those in Fig. 1. 

The general appearance of the bands at higher 
magnification is shown in Fig. 4. Many dislocations, 
but few stacking faults, were visible within the bands. 
Dislocation movement within the bands was frequently 
observed during electron microscope examination, but 
The 


hands in general showed a lenticular shape, similar to 


this was not observed in other areas of the film. 


mechanical twins observed optically in other metals. 
The of these 
stressing, and the X-ray diffraction results, both 


appearance bands formed during 
indicate that mechanical twinning has taken place in 
thin single-crystal gold films. 

Grateful acknowledgment is due to Dr. J. W. Beams, 


Dr. N. Dr. J. W. Mitchell for their 


assistance and guidance in interpreting the results of 


Cabrera and 


these investigations. 


Departments of Engineering and A. CATLIN 


W. P. WALKER 


Physics, University of Virginia 


Department of Chemistry K. R. LAw Less 


University of Virginia 
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Discussion of Williams’ comments on “The 
influence of grain size on the stored energy and 
mechanical properties of copper’’* 


—Part I 


In a recent communication, Williams”) commented 
on the results we obtained for the influence of grain 
size on the energy stored in plastically deformed 
copper.’?) He replotted our results and to explain the 
deviation of the points from a straight line favoured 
the conclusion that the results are less accurate than 
claimed by us, and that there is no dependence of 
stored energy on grain size, rather than the conclusion 
that the stored energy, at low strains, is a complex 
function of strain and is also a sensitive function of 
grain size. 

We would like to make two important points in 
connexion with Williams’ comments. 

(1) He has incorrectly plotted our results apparently 
using the formula involving tensile elongation in 
calculating the true strain, whereas our specimens 
were deformed in compression. The abscissa of his 
Fig. 1 is, The 
correct plot of our results, together with those obtained 


however, labelled for compression. 
by Gordon), is shown in Fig. 1. It can be seen that 
neither our results nor Gordon’s can be fitted by a 
straight line. In fact, a curve rather than a straight 
line is generally observed when stored energy is 
plotted as a function of true strain. 

(2) Since Williams questions the accuracy of the 
results, for low strains, quoted in our original paper, 
the actual values of stored energy for the lowest strain, 
10 per cent compression, are listed in Table 1. It can 
be seen that, for each grain size, the reproducibility is 

+5 per cent as claimed, even for this low strain, 
whereas the energy stored for the fine-grained materia] 
is nearly twice that for the coarse-grained material. 
The reproducibility is at least as good for the other 
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TABLE 1. Influence of grain size 
on the energy stored in copper 
after 10 per cent compression 


Energy stored (cal/g) 


Grain size 
0.150 mm 


Grain size 
0.030 mm 


0.041 


0.022 


0.040 0.021 
0.037 0.022 


strains. Thus we consider that the influence of grain 
size on the energy stored in plastically deformed 
copper is amply substantiated. 

Since the main object of the initial investigation 
was to examine the influence of grain size, the speci- 
mens of different grain size for each particular 
deformation taken from adjacent 
positions in the bar of commercial copper used. It is 


were always 
well known that the total stored energy is influenced 
by the purity of the material and it is very likely 
that in a 12 ft bar of commercial copper 2 in. square 
there would be sufficient variation in composition 
along the length to effect the results. Of necessity, the 
specimens for the different deformations came from 
different positions along the bar so that no particular 
significance was, or should be, attached to the exact 
In 


order to determine exactly the relation between stored 


relationship between stored energy and strain. 


energy and strain, it would be essential to use speci- 
mens known to be of identical composition for the 
different strains. 

L. M. CLAREBROUGH 
M. E. HARGREAVES 
M. H. Loretto 
Industrial Research Organization 


Division of Tribophysics 
Commonwealth Scientific and 


University of Melbourne 
Australia 
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® 0.030 mm 
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—Part II 


It should also be noted that the equation quoted by 
Williams™) can be applied only to isothermal work 
since the introduction of an activation energy implies 
that the equation has been derived by integrating a 
rate equation and this integration must have been 
carried out on the assumption that 7’ is constant. 
Various workers (e.g. Johnson and Mehl‘®, Avrami'”), 
Cook and Richards‘*’) have developed different rate 
equations for recrystallization. However, provided 
the activation energies of all processes involved are 
assumed to be equal, each equation integrates under 
isothermal conditions to give the relation quoted by 
Williams, with k somewhere in the range 1-4. 

If any of these rate equations is now integrated on 
the assumption that 


T=T,+ wt 
and T' is sufficiently greater than 7’), we find 


X = 1 (1) 


where Ei,(x) = (e*/&%) dé 
2! 3! 


and the symbols are defined in Williams. For 
reasonably large x, Hi,(x) ~ e~*/x, so that forQ > RT, 
we can rewrite equation (1) as 

X ~ 1 — exp[—Y,(7'/v)* exp (—kQ/RT)] (2) 
where Y, = Y(vR/Q)* = constant. 

In order to plot curves comparable to the AP 
curves of Clarebrough ef al.'?), we need to differentiate 
equation (1) to give 

AP dX/dT = (kY/v)(T/v)* 4 Ei,(Q/ RT) 

exp[—Q/RT — 
~(kY exp [—k Q/RT 
— Y,(7/v)* exp(—kQ/RT)] (3) 
and this should be compared with the result of 
differentiating Williams’ equation, viz. 


dX /dT = (kYQ/RT?)(T/v)* exp [—k Q/ RT 
— Y(T/v) exp (—kQ/RT)] (4) 


where again it has been assumed that Q > RT. A 
detailed consideration of equation (3) shows that it 
yields AP curves similar to those found experiment- 
ally.) In fact, equations (3) and (4) yield very 
similar curves since dX/d7 is only significantly 
different from zero over a small range of 7’ for reason- 
able values of k, Y, Q. 

From equation (3) it can be shown that, very 
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approximately, the width at half-height is 2RT ,?/kQ 
where 7’, is the temperature of the peak of the AP 
curve. We might, therefore, ascribe some of the 
variation in width of the experimental curves to a 
variation in k. However, a far more probable ex- 
planation is that in all specimens there is a range of 
activation energies operating during recrystallization. 
Even a small range of Q-values can increase the width 
of a AP curve significantly. Furthermore, the 
isothermal results from a specimen in which recrystal- 
lization involves a narrow spectrum of activation 
energies, all processes having a given value of k, will 
be almost indistinguishable from those of a specimen 
in which recrystallization occurs with a unique 
activation energy and a rather lower value of k. On 
this basis, the variation in k,,),; found by Gordon) 
may in reality be due to a variation in the distribution 
of activation energies. 

J. F. 
Division of Tribophysics 
Commonwealth Scientific and 
Industrial Research Organization 
University of Melbourne 
Australia 

References 


1. R. O. WitiraMs, Acta Met. 7, 676 (1959). 

2. L. M. CLArReEBRovuGH, M. E. HaArGREAVES and M. H. 
Loretro, Acta Met. 6, 725 (1958). 

3. P. Gorpon, Trans. Amer. Inst. Min. (Metall.) Engrs. 208, 
1043 (1955). 

4. A. L. TircHENER and M. B. Brever, Progress in Metal 
Physics Vol. 7. Pergamon Press, London (1958). 

5. L. M. CLarEBRouGH, M. E. HARGREAVES and G. W. West, 
Proc. Roy. Soc. A282, 252 (1955). 

6. W. A. JoHNSON and R. F. Meu, Trans. Amer. Inst. Min. 
(Metall.) Engrs. 185, 416 (1939). 

7. M. Avrami, J. Chem. Phys. 7, 1103 (1939); 8, 212 (1940) 
9, 177 (1941). 

8. M. Cook and T. L. Ricuarps, J. Inst. Met. 78, 1 (1946). 


bo 


* Received January 28, 1960. 


The low temperature tensile properties 
of niobium* 


The tensile yield stress, o,, of body-centred cubic 
metals has been shown to vary with grain diameter, 
2d, according to the relation.?,®) 


o,=6,+ (1) 
Both the lattice friction stress, o;, and k,, which is a 
measure of the dislocation unlocking stress, increase 
with decreasing temperature and are important 
factors in determining the temperature of the ductile— 
brittle transition. According to one recent theory) 
the transition occurs when the condition 


+ k,)k, > Buy 
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is satisfied, where f is a constant which is nearly 
unity, uw the rigidity modulus, and y the effective 


surface energy for fracture. 

In the experiments described in this letter the 
grain size dependence of the tensile properties of 
niobium was studied at a series of low temperatures, 
with the intention of obtaining the temperature 
dependence of o; and k,. The results show that, 
within the limits of experimental error, k, was zero 
at all the temperatures studied, but that o; increased 
with decreasing temperature, as expected. Complete 
brittleness was not observed even at the lowest 
temperature used, which was 20°K. 

A 0.25 in. diameter swaged rod was prepared from a 
block of Murex sintered niobium of commercial 
purity. The rod was divided into six parts, each of 
which was annealed in a vacuum furnace at a different 
temperature in the range 1100-2300°C. Metallo- 
graphic examination showed that these annealing 
treatments had produced grain sizes, as measured by 
the linear intercept method, ranging from 0.037 to 
0.138 mm. Each of the rods was machined into 
Hounsfield type tensile specimens of 0.75 in. gauge 
length and 0.10 or 0.05 in. gauge diameter. The 
0.10 in. diameter specimens were tested at 76, 195 or 
293°K in a modified Hounsfield tensometer at a 
strain rate of 0.88 « 10-4 see—!. Liquid nitrogen, and 
a mixture of solid CO, and acetone were used as 
76° and 195°K 
respectively. The specimens of 0.05 gauge diameter 


coolants to obtain the temperature 


were tested at 20°K in a hard beam tensometer, at a 
strain rate of 2.82 « 10-4 sec~}, using liquid hydrogen 
as a coolant. 

The nominal non-gaseous inpurity content of the 
rod, as 


Table 1. 


stated by the manufacturers, is given in 
Analyses for nitrogen, oxygen, and hydrogen, 


TABLE 1. Non-gaseous impurity 
content of niobium rod 


I Amount present 
mpurity 
(wt. %) 
Tantalum <0.3 
Titanium 0.05 
Iron 0.03 
Carbon 0.01 
Silicon 0.01 
Tin 0.005 
Lead 0.005 
Potassium 0.002 
Sodium 0.002 


were carried out on one specimen of each grain size 
after it had been tested to fracture. The oxygen and 
hydrogen were determined by vacuum fusion and the 
method. All of the results 
50 p.p.m., 


nitrogen by a chemical 


were within the limits: oxygen 340 + 
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(b) 1I95°K 


(c) 293°K 


Load in kg/mm ® of original cross-section 


10 15 20 
% Elongation 


Fic. 1. Typical load—elongation curves for niobium 


tested at 76°, 195° and 293°K. 


nitrogen 140 + 30 p.p.m., and hydrogen 14 + 9 p.p.m. 

Specimens covering the complete range of grain 
sizes were tested at 76, 195 and 293°K and load— 
elongation curves typical of those obtained at each of 
these temperatures are shown in Fig. 1. 

Yield points were not observed at any temperature, 
but the yield stress increased rapidly with decreasing 
temperature. The strain to fracture increased with 
increasing temperature, and pronounced necking was 
observed at 293°K. All the fracture surfaces were 
fibrous except for two specimens tested at 76°K 
which showed a few cleavage facets. At 76°K large 
This effect 


when a molybdenum specimen was 


pre-yield plastic strains were observed. 
did 


tested under the same conditions and is therefore not 


not occur 
a property of the testing machine. 

At 195° and 293°K the shape of the load—elongation 
curves was completely independent of grain size. 
but the 
results suggest an increase in pre-yield plastic strain 
with increasing grain size (Fig. 2). Further experi- 
ments will be required to confirm this point. It 
should be particularly noted that the yield stress was 


This was also practically true at 76°K, 


independent of grain size at all three temperatures 
(Fig. 3). 

The results obtained at 20°K are shown in Fig. 4. 
The discontinuities in the Hooke’s law part of the 
load—elongation curves were accompanied by audible 
clicks and were assumed to be due to mechanical 
twinning, adiabatic slip, or a combination of the two. 
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(a) (b) (c) 
2d=0.161 mm 2d=0.138 mm 


Load in kg/mm~? of original cross-section 
8 


2d =0.08O0 mm 


(d) (e) (f 
2d=0.059mm 20=0.044mm 2d=0.037 


5 ie) 5 


% Elongation 


A metallographic examination of longitudinal polished 
and etched sections through two of the fracture 
surfaces showed that fracture had occurred by 
transcrystalline cleavage. The yield and fracture 
stress results showed more scatter than those at 
higher temperatures but there was no evidence for 
systematic grain size effects. 

Similar experiments to these have recently been 
reported by Adams ef al. In their work niobium 
behaved more like other body-centred cubic metals 
in so far as it showed a yield point and a finite value 
of k,. The value of k, was smaller than for either 
molybdenum or iron but was reflected in a strong 
dependence of the strain to fracture on grain size. 
It is in this last respect that the results of Adams et al. 
differ most strikingly from those reported here. 


The value of &, is usually regarded as a measure of 


the stress, ¢,, required to free a dislocation from its 


100 
) 76°K ° 
x 
60}- | 
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2 
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2 


(Grain diameter) mm” 


Fic. 3. The effect of grain size on the yield stress of 
niobium at 76°, 195° and 293°K. 


Fic. 2. The initial parts of the load—elongation curves of six specimens of different grain sizes tested at 76°K. 


Cottrell atmosphere of impurity atoms and, according 
to one theory,” is equal to a,/!/2, where | is the average 
distance from a grain boundary to the nearest dis- 
location source. It therefore depends on the type and 
concentration of impurity atoms present in the metal. 
The material used by Adams et al. was also of commer- 
cial quality but was considerably less pure than that 
used in the present investigation, particularly in 
respect of the iron (0.3 per cent), silicon (0.15 per 
cent), carbon (0.07 per cent), nitrogen (0.05 per cent), 
and hydrogen (0.02 per cent), contents. It therefore 
seems reasonable to conclude that in the experiments 
reported here the dislocations were not appreciably 
locked by impurity atoms whereas in those of Adams 
et al. locking was provided by some of the additional 
impurity atoms present in their material. 

Pre-vield plastic strains rather smaller than those 
shown in Fig. 2 have been observed by Wessel) in 
both niobium and molybdenum specimens tested at 
low temperatures. Wessel attributed the effect to the 
formation of large groups of dislocations piled-up 
against grain boundaries but, since large pile-wps can 
only be sustained in a material with strongly locked 
dislocations, i.e. with a high k,, this cannot be the 
correct explanation, at least for the niobium used in 


this investigation. 

The author is indebted to Drs. G. L. Miller and F. J. 
Cox of Murex Ltd., for supplying the niobium rod and 
for carrying out the heat treatments on it, to Mr. A. 
Parker of the U.K.A.E.A. Outstation, Woolwich, for 
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40 
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Fic. 4. The load—elongation curves of five specimens of different grain sizes tested at 20°K. 


performing the gas analyses, and to Dr. H. M. 
Rosenberg for the use of the low-temperature hard- 
beam tensometer. The work was carried out during 
the tenure of an I.C.I. Research Fellowship awarded 
by the University of London, and was financially 
supported by the U.K. Atomic Energy Authority and 

Central Electricity Generating Board. 

A. A. JOHNSON 
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Observations on the work-hardening of zinc 
cryStals in alternating tension and compression* 


The hardening behaviour of single crystals of zine 
in which only one set of slip planes is usually operative, 
has been briefly investigated at two amplitudes of 
alternating straining and in tension, in order to 
provide a comparison with similar work on copper 
single crystals.".2) The specimen material was zine 


of 99.998 per cent purity, from which single crystals 
about 1.5 mm diameter and 8 em long were grown by 
the Bridgman method at a rate of 1.5 em/hr, in 
spectrographically pure graphite moulds. 

The four orientations studied were determined by 
the back-reflection Laue X-ray method to within 
about +1°, and did not vary by more than this 
amount along a crystal. There was no metallographic 
evidence for mosaic structure. Each crystal provided 
five specimens which were electropolished in a 
solution containing 200 g chromium trioxide and 15 g 
sodium sulphate per litre. The same testing machine 
and technique were used as in the previous work on 
copper,"—® except that the lower end of each crystal 
was set in a bath of lead—tin eutectic (melting point 
183°C). 

Tests were carried out at room temperature both in 
reversed straining at amplitudes of 0.02 and 0.0001 
glide per half-cycle (equal to the maximum and 
minimum values used for copper”), and in tension. 
Two series of tests were performed at the larger 
amplitude, at 0.06 and at 0.003 glide per min respec- 
tively. The tensile tests were done at the larger of 
these strain rates, and the reversed strain tests at 
amplitude 0.0001 at the smaller rate. 

The work-hardening curves obtained in tension are 
presented in Fig. 1. The only unusual feature noted 
was that the hardening rate for orientation 2 was 
greater than that for orientation 1; no new metallo- 
graphic features were observed. 

In all tests under reversed strain, the curves obtained 
from duplicate tests agreed to within about 10 per 
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Fic. 1. Tensile straining. 7’ = occurrence of twinning. 
Work-hardening curves. The numbers on the curves 
refer to the orientations. 


cent and only the lower curve is plotted in the 
figures. 

The hardening behaviour at amplitude 0.0001 is 
shown in Fig. 2: there is some variation in stress 
level, but the rate of hardening is very low and is 
similar for each orientation. The curves from tests at 
amplitude 0.02 at the same rate of straining as at 
amplitude 0.0001 are given in Fig. 3; they show a 
linear hardening rate similar to that obtained at the 
low amplitude, but preceded by greater initial 
hardening. The curves from further tests at amplitude 
0.02 but at the rate of straining employed in the 
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Fic. 2. Reversed straining, amplitude 0.0001. Work- 


hardening curves. The numbers on the curves refer 
to the orientations. 
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Fic. 3. Reversed straining, amplitude 0.02; rate of 
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tensile tests are given in Fig. 4. Comparison of Figs. 
3 and 4 indicates that recovery has a strong in- 
fluence on the form of the curves, since the hardening 
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Fic. 4. Reversed straining, amplitude 0.02; rate of 
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twinning. Work-hardening curves. The numbers on 
the curves refer to the orientations. 
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rate is greater when the test is carried out at a 
higher strain rate. 

The average value of critical resolved shear stress, 
measured as the first departure from elastic strain, 
Was approximately 9 g mm?. No vield phenomenon 
was observed in any test. 

In reversed deformation, there was no apparent 
difference in the slip patterns of specimens of orienta- 
tions | and 2 tested at the two rates of straining at 
amplitude 0.02. The slip patterns were similar to 
those produced by tension, except that no kink 
bands were apparent. Specimens of orientations 3 
and 4 tested under fast conditions at amplitude 0.02 
twinned after a few cycles in a tensile half-cycle; no 
slip lines were observed prior to twinning. Attempts 
to produce “untwinning™” by stress reversal were not 
successful. In specimens of orientations 3 and 4 


strained slowly at amplitude 0.02, no twinning 
occurred, but slip lines were observed on two systems 
(Fig. 5.); neither of the operative slip planes could 
have been (Q001) planes, since these were almost 
parallel to the specimen axis. At amplitude 0.0001, a 
single set of faint evenly distributed lines was observed 
for all orientations: however, the lines on specimens 
of orientations 3 and 4 were again obviously not 
traces of (QOO1) planes. stereographic analysis 
was made of the operative slip systems in each 


specimen after reversed deformation, and showed 


that the slip plane for orientations 1 and 2 at both 
amplitudes the the 
operative planes at both amplitudes in orientations 
3 and 4 were found to be all of {L011} type and the 


was basal plane: however, 


operative directions (2113 


Although the recovery which occurs during de- 
formation of zinc at room temperature is a com- 
plicating factor, both hardening and slip appear to be 
more reversible at lower amplitude, and at this 
amplitude, presumably involve the movement of 
dislocations in only one of the possible directions in 
the operative slip plane (ef. the “basic hardening 
process” in the reversed deformation of copper).“) 
At amplitude 0.02 the hardening increases and slip 
lines become more prominent, i.e. the reversibility of 
hardening and of slip decreases. This may be due to 
dislocation interaction between the primary slip 
direction and a secondary direction in the slip plane, 
or to the participation of a second plane of non-basal 
type. 

Neither the plane nor the direction of the non- 
basal slip in orientations 3 and 4 is close-packed. 
In a hexagonal crystal, there are six {1011} planes, 
each containing two (2113) directions, one of which 


will be common to two planes. Comparison of the 
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Fic, 5. Photomicrograph of the surface of a specimen 

of orientation 3 after reversed straining at amplitude 

0.02 and 0.003 glide per min, illustrating non-basal 
slip on two sets of planes. 160 


values of the factor cos 7 cos 4 for each of these 
twelve slip systems with that for basal slip shows 
that non-basal slip of this type would be geometrically 
favoured for each orientation except 2. However, 
microscopically visible non-basal slip was not present 
in orientation 1, which may indicate that the critical 
resolved shear stress for this slip is greater than for 
basal slip (ef. Ref. 4). 

Slip on the {LOLL} planes was only observed after 
reversed deformation, which at least at amplitude 
0.0001 involved stresses considerably lower than 
those in tension. A possible explanation of this is 
that the critical resolved shear stress for {1011} slip is 
lower in compression than in tension (ef. Gilman’). 
Slip in a {2113> direction on planes other than {L011} 
has been observed by Bell and Cahn™ and Gilman"). 

The occurrence of non-basal slip after reversed 
straining may be related to the suggestion made by 
Feltham’ that some form of non-basal slip probably 
occurs in hexagonal metals during fatigue. 

The author is grateful to the Department of Supply 
and the Aeronautical Mel- 
bourne, and to Professor J. C. Jaeger and Dr. M. 8. 
Paterson of the Australian National University, for 
making this work possible. He also thanks the Chief 
Scientist, Department of Supply, for permission to 


publish this letter. 
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D. S. KeMsLey 
The Queen's College, Oxford 
(Formerly Department of Geophysics 
The Australian National University 
Canberra, Australia) 
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Identification of the diffusion of iron ions 
in magnetite employing markers* 
Recently, several publications have appeared“~? 
describing the use of markers to identify whether the 
controlling process, during oxidation of iron at high 
temperatures, is the diffusion of iron ions or oxygen 

ions, or whether both diffuse simultaneously. 

When impure iron, such as the ARMCO used in this 
case, is oxidized, the impurities tend to concentrate 
around the metal—oxide interface.) These impurities 
probably Ni, Cu and Co oxides, seem to be insoluble 
in iron and its oxides. If we separate the oxide from 
the metal, part of these impurities remain held to the 
inner part of the layer of oxides. On reoxidation of 
the layer of oxides in any atmosphere, a clear recti- 
linear line appears at a definite distance from the 
oxide—atmosphere interface. This line must indicate 
the original oxide—atmosphere interface.‘ 

After observing quite a large number of specimens 
(layers of FeO oxidized in pure steam between 600 
and 1200°C) we have been able to establish that the 
line is found in the layer of Fe,0, formed through the 
oxidation of FeO, and that after a sufficient length of 
time the ratio between the thickness of magnetite (¢) 
and the distance (7) from the line to the external 
surface tends to the value 4. This fact can be appreci- 
ated in the micrograph of Fig. 1, which shows a layer 
of FeO oxidized in steam at 800°C for 12 hr. The line 
can be seen only on one side, where it corresponds to 
the original metal—oxide interface. Fig. 2 shows the 
same phenomenon, at a greater magnification, in the 


laver of magnetite. 
This phenomenon is not only seen in the oxidation 


Fie. 1. 


Sectional view of a FeO specimen oxidized in 
steam at 800°C for 12 hr. 50 


TO 


EDITOR 


fa FeO specimen oxidized in 
12 hr. 200) 


Fic. 2. Sectional view 
steam at SOO-C for 


of FeO in steam. Figs. 3 and 4 indicate that it is also 
present when FeO is oxidized in air, the first corre- 


sponding to oxidation at 700°C for 6 hr and the second 


mor ker: 


Sectional view of a FeO specimen oxidized in 
air at 700°C for 6 hr. 625 


Fig. 3. 


at 750°C for 1 hr. In this case also the ratio e/.W is 
approximately 4. 

The fact that e/./ should tend to 4 has led us to the 
following interpretation. 

After the layer of FeO is saturated with oxygen at 
the temperature of the experiment, there comes a 
decomposition of FeO at the magnetite—protoxide 
interface, according to the following equation: 

4FeO Fe,0,. (1) 


> Fe 


Fig. 4. Sectional view of a FeO specimen oxidized in 
air at 750°C for lL hr. « 625 
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The Fe,0, formed becomes a film of magnetite 
below the line of impurities which we have mentioned 
above. The iron ion formed by reaction (1) diffuses 
through the layer of Fe,0, and reacts with oxygen on 
reaching the surface: 

Fe + 30, — }Fe,0,. (2) 

This magnetite formed by reaction (2) becomes the 
layer of Fe,0, between the line of markers and the 
oxidizing atmosphere. 

As both magnetites are formed at the same tempera- 
ture and under the same controlling conditions, their 
molecular volumes are equal. Therefore, according to 
our hypothesis the ratio between the magnetite formed 
by precipitation (1) and that formed by oxidation (2) 
is 1 : 1/3, and e/.M would be 4. 

This would be the ideal condition in the case where 
only iron diffuses. Reasoning in a similar way, if one 
supposed that only oxygen diffuses, the ratio e/.M 
would be ©: in other words the line would remain in 
the magnetite—-atmosphere interface. 

Summing up what we have said: 

e/M = 4 means diffusion only of iron 
e/M = & means diffusion only of oxygen. 

In Fig. 5 we have indicated the ratio e/M for 
specimens oxidized at 1000°C during increasing 
periods of time. It can be seen that for short periods 
of oxidation the ratio e/.M increases with time of 
oxidation, and tends towards the value 4.27 for long 
periods of time. 

Figure 5 shows that for short periods of oxidation, 
ratio e/M increases with time of oxidation. This is 
due to the fact that the layer of FeO which was in 
contact with the metal is not initially saturated with 
oxygen; on the contrary it is saturated with iron, and 
this iron must be oxidized first until it is saturated 
with oxygen. From this moment on, the ratio e/M 
should be 4. 

This first phase of the phenomenon can be appreci- 
ated in the micrograph of Fig. 6, corresponding to a 
specimen oxidized at 800°C for 30 min. 


Time, hr 


Fic. 5. Variation of the e/M value with time of oxida- 
tion at 1000°C. 
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Fic. 6. Sectional view of a FeO specimen oxidized in 
steam at 800°C for 30 min. 425 


We have reproduced, in Fig. 5, the graph for all 
the temperatures studied and have determined the 
maximum values corresponding to each temperature. 
These results can be found in Fig. 7. 

From Fig. 7 it can be appreciated that the ratio 
e/M is practically 4; the points with large deviations 
can be considered as experimental errors. In any case 
these points are nowhere near 0. The value found 
for the ratio e/M clearly demonstrated that, in the 
range of temperature studied, the oxidation of FeO 
to Fe,O, in steam is controlled by the diffusion of 
iron ions from the FeO—Fe,0, interface to the oxide— 
atmosphere interface. 

The kinetics of oxidation of FeO to Fe,0, would 
correspond, according to our results, to the kinetics 
of diffusion of iron ions through the layer of magnetite. 


Laboratory of Metallurgy D. FULLER 


University of Concepcion, Chile 
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ERRATUM 


G. Saapa, Acta Met. 8, 200-208 (1960) 


Une erreur s'est glissée dans notre article 4 la page 202, paragraphe 2.3.1 


Au lieu de: 


“Si p est le rayon de courbure de L,’ . . . . jusqu’a la fin du paragraphe 


Lire: 
“Tl est nécessaire d’effectuer une correction d’antiprojection. L’équation (la) devient alors: 
AG 1 
(1b) 
rT p 
Ici #’ et r’ sont les coordonnées polaires de M’ dans le plan 2,Oy. Le calcul de —,— en 


fonction de —— est un simple calcul géométrique. 
r 


On montre aisément que: 


1 1 . , 9 
= — sane — 2») cos* « sin® 6’ — e cos* « 
r r’ (1 — sin? « cos? 6’)? 
VOL 
sin? 9’ cos 6’ — (1 — 2) cos « sin cos® + e cos® 
1960 L’équation (1b) donne alors la forme d’équilibre de la boucle L’. 
Dans cet article la valeur de cos x est voisine de l’unité et cos x est tres peu différent 
de — Les conclusions énoncées ici restent done valables. 


Nous avons de plus effectué les calculs dans le cas le plus général; ce travail est exposé 
dans notre thése et permet de compléter les résultats obtenus ici. 
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KINETICS OF LATER STAGES OF CLUSTERING IN Al-Cu ALLOY* 
D. TURNBULL and R. L. CORMIA+ 


Clustering in Al-Ag and Al-Cu alloys may occur in two stages. The first stage proceeds rapidly at 
temperatures as low as —30 to — 60°C and is governed by an activation energy of 0.5 eV. It is sometimes 


followed by a slow reaction which requires several weeks at room temperature or a few hours at 80°C for 


its virtual completion. We have investigated this second stage in Al-Cu alloy resistometrically. The 


apparent activation energy was found to be 1.02 — 0.03 eV which is near the value found for the corre 


sponding process in Al-Ag alloy. The extent of the reaction in Al-Cu is diminished greatly if the quench 


from the homogenization temperature is interrupted by a few seconds hold at 200°C. It appears that 


the reaction may be effected by vacancies which were trapped during the first stage of clustering by 


highly curved dislocation loops or as Hart has suggested, by solute clusters. 


CINETIQUE DES DERNIERS STADES DE SEGREGATION DANS LES 
ALLIAGES Al-Cu 
» 


La ségrégation dans des alliages Al-Cu et Al-Ag peut se produire en 2 étapes. 


La premiére s’effectue rapidement & une température comprise entre —30 et —60°C. Elle est régic par 


une énergie d’activation de 0,45eV. Parfois, elles est suivie d'une réaction lente dont lachévement virtuel 


nécessite plusieurs semaines & température ambiante ou quelques heures a 80°C, 


C'est a l'étude, par des mesures de résistance de cette seconde étape dans un alliage Al-Cu que les 


auteurs se sont attachés. 
Ils ont trouvé que lénergie apparente d’activation était de 1,02 0,03 eV, valeur proche de celles 


trouvées pour le processus analogue dans les alliages Al-Ag. 


La progression de la réaction dans un alliage Al-Cu, diminue lors de interruption, pendant quelques 


secondes a 200°C, de la trempe effectuée a partir de la température d’-homogénéisation. 


I] semble que la réaction puisse s’effectuer par lintermédiaire de lacunes bloquées lors de la premiére 


étape, par des boucles de dislocation a forte courbure ou, comme Hart l’a suggéré., par les zones enrichies 


en soluté. 
KINETIK DER SPATEREN ENTMISCHUNGSSTADIEN DER LEGIERUNG AlL-Cu 
Die Entmischung kann bei den Legierungen Al-Ag und Al—Cu in zwei Stufen erfolgen. Die erste Stufe 
verlauft schnell bei so niedrigen Temperaturen wie —30° bis —60°C und wird durch eine Aktivierungs- 
energie von 0,5 eV bestimmt. Manchmal folgt darauf eine langsame Reaktion, die bei Raumtemperatur 
einige Wochen, bei 80°C einige Stunden braucht, um praktisch abgelaufen zu sein. Wir haben diese 


zweite Stufe bei der Legierung Al—Cu durch Widerstandsmessungen verfolgt. Dabei tritt eine Aktivie 
rungsenergie von 1.02 + 0.03 eV auf, nahezu der Wert fiir den entsprechenden ProzeB bei Al-Ag. Das 
AusmaB}S der Reaktion wird bei Al—Cu erheblich vermindert, wenn man das Abschrecken von det 
Homogenisierungs-Temperatur einige Sekunden bei 200°C unterbricht. Es sieht so aus, als wiirde die 
Reaktion durch Leerstellen bewirkt. die im ersten Entmischungsstadium durch stark gekriimmte 
Versetzungslinien oder, wie Hart vorschlug, durch Zusammenlagerungen der Zusatzatome festgehalten 


wurden. 


In some supersaturated aluminum rich alloys, Federighi™ and DeSorbo et al. have shown 


which have been quenched from high temperatures, a independently that the kinetics of the early stage of 


large number of solute rich regions known as “‘clus- clustering are explained most simply and adequately 


ters” or “zones” form quite rapidly at room tem- on the hypothesis that the solute transport is effected 
perature and below. The kinetics of the early stages by point defects which are retained in the specimen 
of this process in Al-Ag,"4.5) Al-Cu®.®) and Al- during the quench from high temperature. Thus the 
Zn,5.6 alloys now have been investigated quite concentration of point defects initially present at the 


extensively."-® The process proceeds at rates many low temperature will greatly exceed the equilibrium 
orders of magnitude greater than it should if it value and the solute diffusion coefticient will be 
were governed by the diffusion constants obtained by correspondingly larger than that characteristic of 
extrapolation of the high temperature diffusion data. defect equilibrium. The point defect supersaturation 
This disparity is reflected in the activation energies — will, of course, decay with time and in pure aluminum 
for clustering, Q,, and solute diffusion, Q,, which are: this decay process should be virtually complete after 
several hours to | day at room temperature."°) 
@, (eV) Qn (eV) If point defect decay in the alloys occurred at the 


AlL-Zn'3+5-6) 0.4 1.2 same rate as in pure aluminum, the clustering reaction 

Al-Cu'?®? 0.5 l.4 should virtually stop after a few hours at room tem- 
Al-Ag")5) 0.5 1.5 


perature. Actually the mechanical and electrical 


properties of Al-Cu alloys often continue to change 


* Received March 10, 1960. 
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Fic. 1. Change of resistivity (Ap) of Al-Cu alloy with time at 27° following 
the indicated thermal treatments. pp is the resistivity at 0°C, 


temperature. It seems likely that these changes are 
due to the continued growth of clusters. An apparently 
analogous reaction in Al-Ag alloys was reported by 
Turnbull et a/.). They inferred from a kinetic analysis 
that this reaction is governed by a diffusive process 
requiring an energy (assuming normal values for the 
pre-exponential term) of 1.0-1.2eV for activation which 
is still well below that (1.5 eV) for the high tempera- 
ture diffusion of silver in aluminum. 

In this paper a resistometric investigation of the 


slow reaction in Al—Cu is described. 


EXPERIMENTAL 
The reaction was studied by the resistometric 
procedures described in earlier papers.:>) Also the 
alloy Al-1.75 at.°,, Cu was prepared as before and 
fabricated into strip specimens 0.01 em in thickness, 
0.25 em in width and 3.5 em in length. 


RESULTS 

We first investigated the course of the reaction at 
room temperature. In these experiments the speci- 
mens were homogenized at 540°C and then quenched 
either directly into an ice bath at 0° or into the ice 
bath after an intermediate quench and a few seconds 
hold in an oil bath at 200°C. After a period of }—2 hr 
the specimens were taken out of the ice bath and 
kept in the room, whose temperature averaged 27°C. 
The specimen resistance was measured from time to 
time over a period of 2 months. Some typical results 
of these measurements are displayed in Fig. 1. It is 
seen that the rate and direction of resistance change 
are strongly dependent upon the thermal history of the 


specimen. The resistance of specimens quenched 


97° 


directly to 0° decreased with time at 27°C at rates 


which remained significantly different from zero for a 
period of at least 30 days. The resistance of speci- 
mens, whose quench from 540° had been interrupted 
at 200°, increased slightly during the first 10 days at 
27° and then remained constant, within the scatter of 
the measurements, thereafter. It is likely that the 
resistance changes in the directly quenched specimens 
are associated with the movement of solute atoms 
through distances of at least several atom diameters. 
Thus the results provide further confirmation that the 
room-temperature clustering reaction may continue 
for an extraordinarily long period. 

This slow reaction also was manifested in con- 
tinuous heating experiments. In these experiments a 
specimen was quenched directly into an ice bath at 0°, 
held there for 2 hr and heated to 150° at an approxi- 
mate rate of 0.8°/min. The specimen resistance was 
measured at close intervals throughout this process. 
Some results typical of these experiments are shown 
in Fig. 2. The total isothermal increase in resistivity, 
indicated by the vertical arrow in the figure, at 0 
after the quench was about 0.10 ~-Q-em. The 
resistivity temperature relation obtained on heating 
from 0° is linear to about 70-80°. Then it falls away 
from the line and above 120° merges into a second 
straight line which lies about 0.10 »-Q-em below 
the first. After the continuous heating experiment the 
resistivity of the specimen at O°C was constant and 
just below that after the quench from 540°. It is 
likely that the reaction responsible for the 0.1 4-Q-em 
loss in resistivity in the continuous heating experi- 
ments is the same as the long time reaction at room 
temperature. 

In the temperature range 75-100° about 3-4 hr are 
required for the virtual completion of the reaction. 


4 
748 
0020 Ai A 0.075 
0015 
= 
a 
° 
0.010 
0.025 
YQ 
0.005 
190; 


TURNBULL anp CORMIA: 


5.0F 


P (#-OHM-CM) 
T 


1 


100 125 150 


75 
TEMP (°C) 
Fic. 2. The vertical arrow indicates the change of the 
resistivity of an Al-Cu specimen in 2 hr at 0° after a 
quench from 540°. The curve represents the resistivity 
of the specimen during continuous heating at a rate 
of 0.8°/min from 0°, After reaching 150°C the specimen 
was quenched again to 0°C following which its resistivity 
had the value corresponding to the lowest point at 0°. 


This period is about 100 times smaller than the 20-30 
day period required at room temperature. The 
activation energy, Q,, was determined (see Kauffman 


and Koehler®)) from the ratio, f, between the rates of 


resistivity change just before and after an abrupt 
change in temperature from a value 7’, to a value 7’,. 


Then: 


Bis. (1) 


Fig. 3 shows the data used for three such deter- 
minations of activation energy. In this figure the 
resistivity scale is in all cases that appropriate for the 
lower temperature. The plotted resistivities for the 
higher temperature were shifted by a constant amount 
so that the resistivity-time curves for the two 
temperatures intersect at the upquench point. It is 
seen that with this displacement the resistivities just 
before and after the last temperature shift also 
coincide within the experimental error. 

The activation energies were evaluated from the 
slopes taken from the derivative curves (i.e. p vs. 1). 
The average activation energy is Q, = 1.02 eV which 
is in close agreement with that, 1.0-1.2 eV, for the 
corresponding reaction in Al-Ag alloys.‘® 

We found that an interruption of the quench from 
540° to 0° by a 2-min intermediate hold at 200° had 
the effect of reducing the rate of resistivity change at 
75° to zero within the experimental uncertainty. 


KINETICS OF CLUSTERING 749 


_ 476 
= 
3 4% 
a 
472} 
4478 
44.76 3 
= 
=x 
44.74% 
a 
4472 
60 120 180 240 


TIME (MIN) 


Fic. 3. Resistivity-time relation for Al-Cu_ alloy 
during the “‘slow” reaction, At the time indicated by 
the first vertical arrow the specimen was quenched to 
the higher temperature. At the time indicated by the 
second vertical arrow it was quenched back to the 
lower temperature. In plotting the curves the resistivi- 
ties at the higher temperature were shifted by a cons 
tant amount so as to bring the resistivity—time relations 
for the upper and lower temperatures into coincidence 
at the time of the upquench. The horizontal arrows 
indicate the appropriate resistivity scale. 


The outline of the thermal treatment in this case is as 


follows: 
540° — 200° (2 min) — 0° (2-3 hr) — 75 


Also if, after the reaction at 100° was virtually 
completed in a directly quenched specimen, the 
specimen was heated to 200° in order to redissolve the 
zones there was no measurable resistivity change with 
time when it was returned to the 100° bath. 


INTERPRETATION OF RESULTS 

Several possible mechanisms for the second reaction 
were considered in the earlier paper. In view of the 
present results we believe that a mechanism based on 
the hypothesis of some type of vacancy trapping is 
likely to be the operative one. If we suppose that the 
activation energy for the first reaction (0.5 eV for 
Al-Cu) is just that for moving vacancies it follows 
that the vacancies which effect the second reaction 
are bound with an energy of about 0.5 eV. This 
energy level would be about 0.3 eV above the vacuum 
if we took 0.8 eV for the total energy of creating a 
vacancy in the alloy. 

There are two hypotheses about the nature of the 


vacancy traps. One, due to Hart", is that the 
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solute clusters themselves are the traps.* In this case 
the binding energy of the trapped vacancy would be 
the energy of interaction between the vacancy and the 
cluster atoms. The other hypothesis, proposed in our 
earlier paper, is that dislocation loops formed by 
vacancy condensation at high vacancy supersaturation 
levels are the traps. Such loops have been observed in 
et al,“2) dilute 


aluminum alloys by Thomas and Whelan“® and by 
(14) 


pure aluminum by Hirsch and in 


Thomas The density of resolvable loops in the 
allovs decreased with increasing solute concentration. 
The binding energy EF, of vacancies to dislocation 


loops should be given by 


(2) 


where £, is the total energy for creating a vacancy, 
a is the line tension of the dislocation loop and § is 
We estimated 
7 em could 


the mean radius of the loops. before 
that a loop radius of the order of 2 « 10 
account for the observed binding energy. Panseri and 


Federighi"® have vacancy- 
the 


sometimes observed in the annealing 


already proposed a 


cluster trapping mechanism to account for 
“second stage” 
of vacancies out of pure aluminum. They attribute 


this process, which occurs only if the initial vacancy 


supersaturation is very great. to the annihilation of 


vacancies freed by vacancy clusters possibly having 
the form of dislocation loops. 
A critical test of the dislocation loop mechanism is 


whether or not the occurrence of the second reaction 


correlates with the presence of small loops. Some of 


* Hart suggests further that the clusters move and join 
upon mutual encounter asa result of the motion of the trapped 


vacancy when in their surface. 
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our experimental evidence suggests, though it does 
not prove, that the second reaction occurs only if 
small loops are present. Thus in the earlier investiga- 


tion there was indirect evidence that the short quench 
interruption at 200°C had the effect of preventing 
copious loop formation at lower temperature. As we 


have seen this treatment also has the effect of virtually 
eliminating the manifestation of the second reaction 
by resistivity change. However this result does not 
rule out the Hart 
interruption also would have the effect of lowering 
the the 
extent of temperatures. 


mechanism. Thus the quench 


subsequent 
The 


binding energy of vacancies to clusters might well be 


vacancy concentration and 


clustering at low 


smaller the smaller are the clusters. 
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THE INFLUENCE OF AN ELECTRIC POTENTIAL GRADIENT ON THE 
THERMAL ETCHING OF SILVER* 


E. D. HONDROS} and A. J. W. MOORE + 


The size of the etched facets produced on a single crystal of silver when heated to 720°C for 150 hr in 
air while a direct current is passing through it, is shown to vary by a factor of about 10 depending on the 


polarity of the field relative to the crystal orientation. The effect does not occur in nitrogen or (nm vacuo 


with a direct current or in air with an alternating current. 


It is suggested that, due to the electric field, silver ions on the surface migrate away from the edges of 


steps and therefore are more likely to evaporate. This promotes a drift of the steps across the surface in 


the opposite direction to the migrating ions. The presence of oxygen is assumed to cause the monatomic 


steps on the surface to aggregate and leads to the development of facets. 


INFLUENCE D’'UN CHAMP ELECTRIQUE SUR 


LARGENT 


Les dimensions des facettes produites par lattaque a lair d’un cristal d'argent a une température de 


L;,ATTAQUE A CHAUD DE 


720°C pendant 150 heures et sous action d'un courant continu qui le traverse, varient d'un facteur LO 


qui dépend de la polarité du champ par rapport a orientation cristalline. 


Cet effet n°apparait pas sous atmosphere d’azote ou sous vide avee action d'un courant continu, ni a 


lair avee action d’un courant alternatif. 


Les auteurs supposent que sous laction du champ électrique, les ions argent migrent a partir des bords 


de la structure étagée et ont de ce fait, plus facilement tendance a s’*évaporer. 


Ceci oceasionne un déplacement de la structure étagée sur la surface du cristal dans une direction 


opposée a la migration des ions. Les auteurs supposent que la présence d oxygene provoque Lagrégation 


des structures étagées monoatomiques et conduit a la formation des facettes. 


ELEKTRISCHEN POTENTIALGRADIENTEN AUF DAS THERMISCHE 


ATZEN VON SILBER 


Die GréBe der Atzfacetten auf einem Silbereinkristall, der 150 Stunden lang auf 720°C in Luft erhitzt 


EINES 


wurde und dabei von Gleichstrom durchflossen war, Andert sich etwa um den Faktor LO, je nach det 
J 


Richtung des Feldes relativ zur Kristallorientierung. In Stickstoff oder Vakuum bei Gleichstrom ode1 
in Luft bei Wechselstrom tritt der Effekt nicht auf. 


Es wird vorgeschlagen, da®B infolge des elektrischen Feldes Silberionen auf der Oberflache von den 
Stufenkanten wegwandern und daher eine héhere Verdampfungswahrscheinlichkeit haben. Daher 
wandern die Stufen iiber die Oberflache in umgekehrter Richtung wie die wandernden lonen. Es wird 
angenommen, da die Anwesenheit von Sauerstoff zur Zusammenlagerung der monoatomaren Stufen 


und damit zur Entstehung von Facetten fiihrt. 


INTRODUCTION Large temperature gradients produced a_ similat 


It has been shown” that when silver is thermally effect. Mrowea®) and later Langmuir™ showed that 


etched in an atmosphere containing oxygen, a stepped — for tantalum ribbons with surfaces nearly parallel to 
surface develops consisting partly of facets of {100} {211} planes, two distinct types of surface contour 
or {111! planes, and partly of planes of high indices | were developed on opposite faces after the passage of 
(“complex” planes). This paper describes the direct current in vacuo. These were explained by 
effects of electric and thermal gradients on the considering a perferred migration of positive metal 
etching behaviour. ions in conjunction with a high rate of diffusion on 


The influence of an electric field in developing {211} planes. 
surface facets was apparently first reported by In the present work with silver no effects of thermal 
Johnson®) in 1938 for tungsten lamp filaments, gradients could be detected, but a small electrical 
which when heated by direct current in vacuo showed field had a marked effect on the etching in the 


a step-like surface. This was attributed to a pre- presence of oxygen. 


ferential migration of positive metal ions on the 


surface as a result of the longitudinal electric field. 2. EXPERIMENTAL PROCEDURE 


The apparatus shown in Fig. 1 was used for heating 


* Received February 19, 1960. 
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Pierre Curie, Paris 5e. aa silver rods (/#), each 0.5 em diameter, which act as 
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the specimens in air. The silica base supports two 


electrical conductors to the ribbon-shaped specimen 
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Fic. 1. Device for passing an electric current through a single crystal ribbon while it is being heated in a tube furnace. 


((') clamped between them, the broad faces of the 
specimen being vertical. The temperature along one 
face of the specimen was measured with a sliding 
thermocouple (4). which was in contact with the 
specimen surface only during temperature measure- 
ment. Another thermocouple (8) above the centre of 
the specimen controlled the temperature of the tube 
furnace into which the whole assembly was fitted. 
The potential drop across the specimen was measured 
by means of the leads (D). The weak springs at each 
end of the apparatus ensure that the specimen does 
not buckle due to the thermal expansion of the metal 
parts. The mean temperature and the temperature 
gradient in the specimen can be controlled by 
adjusting the furnace temperature and the current in 
the specimen. The most convenient conditions 
which gave a central region of approximately con- 
stant temperature were those in which the furnace was 
maintained at about 700°C and the current through 
the specimen was adjusted to maintain the central 
region at about 720°C. This current varied between 
14 and 31 A depending on the cross sectional area of 
the specimen. The central region about | em long had 
a temperature gradient less than 6°C cm. Towards 
the ends where the heat was conducted away by the 
heavy silver rods the temperature was 640°C and the 
gradient was about 25°C em. 

The modification to the apparatus when specimens 
were heated in nitrogen or in vacuo are described in 
the relevant sections. 

The specimens were single crystals (99.995 per 
cent Ag) measuring approximately 5 « 0.4 « 0.05 em 
cut from larger single crystals by a chemical dis- 
solutiontechnique which kept distortion toa minimum. 
Each specimen was electropolished, mounted in the 
apparatus and heated for up to 150 hr. A single 
specimen used in the experiments described in 
Section 3(a)(i-iv), had a surface whose normal was 20 
from (111) and it was cut in such a way that the 
facets of the (111) planes and complex planes pro- 
duced by thermal etching would intersect on lines 
perpendicular to the direction of the applied electric 
field. A second specimen was used for experiments 


described in Section 3(a)(v), (b) and (c), and had a 
surface whose normal was 15° from (l00) and was cut 
in such a way that the boundaries of the facets of the 
(100) planes developed at an angle of about 40° to the 
direction of the applied field. Confirmatory experi- 
ments were carried out with additional specimens cut 


from the same parent crystals. 


3. RESULTS 
(a) Etching in air 

(i) orientation—d.c. potential applied. The 
centre of the specimen was maintained at 730°C, 
the current being 31 A, the applied voltage 0.19 V 
and the potential gradient 0.04 V cm -!. After 
heating for 150 hr, the specimen was examined 
under the microscope. 

Where the facets of the developed (111) plane 
sloped into the specimen towards the positive end 
(i.e. as in face A of Fig. 10) the etching was as shown 
in Fig. 2(a), where the black areas represent the well 
developed facets of {111} planes. 
less pronounced the greater the distance from the 
centre of length of the specimen, and it was barely 
noticeable close to the specimen supports. The 
effect was svmmetrical about the centre of length. 

On the other face of the specimen, the facets of the 
same plane sloped into the specimen towards the 
negative end (face B, Fig. 10). 
facets were up to 10 times smaller (Fig. 2b) than 
those of the opposite face (Fig. 2a). As before, the 
extent of this etching decreased symmetrically as the 
distance from the centre of length increased. 


This etching was 


Here, the exposed 


(ii) {111} ortentation—polarity reversed. The specimen 
was electropolished and remounted in the apparatus 
in an identical manner, special precautions being 
taken to ensure correct positioning. 
the d.c. with respect to that of paragraph (i) was 
reversed and the experiment repeated for the same 
temperature and potential gradient. 

The results are shown in Fig. 3. The nature of the 
etching on the faces is completely reversed. The face 
which gave the coarse etching, Fig. 2(a), is now finely 
etched, Fig. 3(a), while the face shown Fig. 2(b) 


The polarity of 


< 


752 
= 
i 
D 
E 
| 
: 
i 
ge 
4 


HONDROS anv MOORE: ELECTRICAL POTENTIAL AND THERMAL ETCHING 


> 


I 


Fie. 2. ee ‘ns produced on opposite faces of a 
single crystal oriente d at 20° to a 
sating air fo at 

gri die nt 0.04 V 


) 


Wy Np ili 


E tch pattern ed on the 
the ola of the » fie 
temp atur and_potentia dient. "The pa 
‘igs. 3(a) and 2(b)—3(b) she the same 


AN) 


Fic. 4. Etch patterns on opposite faces o 
crystal after heating in air for 150 hr at 720°C. 
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Etch patterns on opposite faces of the single 


crystal after heating in air for 150 hr at 720°C in an 
alternating potential gradient of 0.084 Vem-!. « 700 


Fic. 6. The etch patterns produced on opposite faces 

of a single crystal oriented at 15° to a (100) plane after 

heating in air for 50 hr at 750°C in a potential gradient 
of 0.04 V em-}. 262 


is now etched as in Fig. 3(b) and shows facets more 
than 10 times larger than those shown in Fig. 3(a). The 
etching again became less pronounced as the distance 
from the centre of length of the specimen increased. 

(iii) {111! ortentation—no applied potential. In a 
control experiment the specimen was electropolished 
and heated in the apparatus by means of the tube 
furnace only. The temperature of the specimen 
ranged from 720°C in the centre to 710°C at the ends, 
and in a central region about 3 cm long, the tem- 
perature gradient was less than 10°C em. 

After 150 hr of heating. a fine etching was observed 
(Fig. 4). 
those observed after etching with a potential gradient 


The facets developed were the same as 


There were no. discernible differences 


applied. 
between the etching on the two faces of the specimen. 
the of the etching diminished 


As usual. extent 


symmetrically as the distance from the centre of 


length increased. 


(iv) {111} ortentation—alternating potential applied. 


After being electropolished the specimen was mounted 
in the apparatus and heated in the furnace and an 
alternating current of 19.5 A was passed through it. 
The central region of the specimen was at 720°C and 
the potential gradient was 0.034 V/cm. 

Figure 5 illustrates the type of etching observed 
after 150 hr of heating. The facets of {111} and the 
complex planes are well developed and the two 
faces show no essential differences in etching behav- 
iour. Again, the etching was less well pronounced as 
the distance from the centre of length increased. 

(v) {100} orientation—d.c. potential applied. A 
specimen in which a {100} plane lies within 26° of the 
surface will normally etch in air to expose {100! 
facets and complex planes.“) In order to study the 
effects of an applied field for such a crystal, a specimen 
with faces oriented 15° to {100} was heated for 50 hr. 
The central part of the specimen was at 730°C and 
the potential gradient was 0.032 Vjcem. Fig. 6 shows 
the types of etching on the two opposite faces. 


(a) | ‘ | | (b) 
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Fic. 7. Traverse across the face of the same specimen 

as in Fig. 6(a). The top of the figure corresponds with 

the top of the specimen as placed in the apparatus. 

The traces of the etched planes lie at an angle of 40 

to the direction of the field. The etching is more 

pronounced at the bottom of the specimen. 75 

It is clear that the applied potential affects the 
etching of crystals with surfaces near a {100} plane, 
as well as for crystals with surfaces near a {111} 
plane. The etching is coarse on one face and much 
finer on the opposite side. After electropolishing and 
reheating with the polarity of the field reversed the 
nature of the etching on the surfaces was reversed. 
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Figure 7 is a series of photomicrographs taken in the 
centre of length of the specimen along a line per- 
pendicular to the field and the top of the figure 
corresponds to the upper edge of the specimen as it is 
placed in the apparatus. It is seen that the etching 
becomes noticeably heavier from the top edge to the 
bottom edge. This effect was only observed on 
specimens where the facets run at an oblique angle to 
the direction of the applied field. 


(b) Etching in nitrogen—d.c. potential applied 

The specimen from Section 3(a)(v) was electro- 
polished and mounted between two adjacent long 
conductors of silver together with a fixed thermo- 
couple at the centre. The entire assembly was fitted 
into a silica tube one metre long with both current 
conductors protruding through the same end of the 
tube. This was then evacuated and filled with 
nitrogen containing less than 20 p.p.m. oxygen. 
The tube was inserted in the furnace held at 700°C 
and as before a potential was applied sufficient to 
maintain the middle part of the specimen at 730°C. 

The results are shown in Fig. 8. Both faces of the 
specimen showed pitting but virtually no etching 
after 150 hr heating. 


(c) Etching in vacuo—d.c. potential applied 

An experiment was carried out, heating the 
specimen from Section 3(b) with d.c. alone in vacuo. 
The specimen was held between two silver con- 
ductors inserted in a glass bulb approximately 15 em 
in diameter and this was sealed off at a steady 
pressure of 10-> mm of Hg, and the specimen was 
then heated by direct current for about 5 hr. A 
brown film formed on the walls of the glass bulb 
indicating that considerable evaporation was taking 
place. The hottest region of the specimen at its 
centre of length reached a temperature of approxi- 
mately 700-750°C and typical results from this 
central region are shown in Fig. 9. Both faces of the 
specimen showed large pits or craters. The size of 
the pits diminished as the distance from the centre of 


length of the specimen increased. 


4. DISCUSSION 

Hondros and Moore‘ have shown recently that 
metal must be continuously evaporated from the 
surface in the presence of oxygen in order to produce 
and maintain a thermally etched structure on silver. 
In general a surface before etching would consist of a 
series of steps with the “risers”’ of the steps one atom 
high and the “treads” parallel to either {100} or 
‘111! depending on the surface orientation. It was 
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Fic. 8. Opposite faces of the single crystal after 
heating in nitrogen for 150 hr at 730°C in a potential 


gradient. 


Fic. 9. 


after heating in vacuo 


suggested that the monatomic steps drifted across 
the surface, as atoms first migrated from the step 
edges, and then evaporated from the “tread” of the 
step. The presence of oxygen caused the drifting 
steps to aggregate together thus forming the facets 
of complex planes. In a horizontal tube furnace 
evaporation at 900°C is sufficient to cause etching ina 
few hours,'®) but in the experiment carried out here at 
720°C with no potential gradient, the evaporation is 
reduced and the etching is very slight after 150 hr 
(Fig. 4). 

When a potential gradient is applied the same 
facets are developed, but there is a wide variation in 
the width of the facets, depending on the polarity 
relative to the crystallographic orientation of the 
crystal surface. The condition least favourable to 
etching is that when the facets of the (111) or (100) 
plane which is developed slope into the specimen in 
the direction of the negative end. The etching in this 
case is comparable to that produced by heating 


700 


Pitting of opposite faces of the single crystal 
for 
potential gradient. 


700—-750°C in a 
TOO 


5hr at 


without current. When the facets developed slope 
into the specimen in the direction of the positive end, 
they are large. With alternating current, smaller 
facets are formed giving an etched structure inter- 
mediate between the two extremes. 

Previous authors’? have explained the effects of a 
potential gradient on etching in terms of ionic 
In the present case 
the evaporation to 
thermal etching. and the necessity for the presence of 


migration in an electric field. 


which is known accompany 


oxygen, must also be considered. It is assumed here 
that the less strongly bound silver atoms on the 
surface of silver have some positive charge and may 
have a small drift in the direction of the field imposed 
upon their thermal motion. With no electric field, a 
silver atom could be detached from a step edge and in 
this weakly bound condition wander around the 
face of the step until it is either evaporated, or 
recaptured by the step edge. An electric field of the 
appropriate polarity will tend to cause the atom to 
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FACE A 


Complex plane 
with 


steps enlarged 
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Fic. 10. The step pattern on opposite faces of the etched crystal. 


drift away from the step edge and it will be less 
likely to return and hence more likely to evaporate. 
Thus the electric field increases the evaporation 
rate and hence increases the movement of steps 
across the surface. The presence of oxygen would 


have the same effect of stabilizing aggregations of 


monatomic steps as in normal thermal etching.‘ 
Fig. 10 shows diagrammatically the effect of polarity 
on types of steps on each side of the specimen. 

With an alternating field, it appears that there is an 
increase in the probability of etching during the 
appropriate cycle which is greater than the decrease 
during the unfavourable cycle, since the etching is 
enhanced on each side. A_ possible explanation is 
that when the field is favourable atoms will drift 
right across the tread of the step to sites on the 
“brink” of the next step, and at these positions 
there would be an increased probability of evapora- 
tion. 

The etching has not been noticeably influenced by 
thermal gradients. From the centre to either end of 
the specimen the maximum temperature gradient 
for the a.c. and d.c. experiments was 25°C/cm. 
However with the crystal oriented so that the etched 
ridges were perpendicular to the electric field, there 
was no asymmetry of the etching about the mid- 


point of the specimen where the temperature was 
highest. Thus a temperature gradient of 25°C/em has 
little effect on the etching compared with an electrical 
gradient of 0.04 V/cm. 

When the direction of the traces of {111} or {100} 
planes is oblique to the long axis of the specimen, 
then the striations do not appear uniformly across the 
), but tend to be reduced at one edge. 


specimen (Fig. 7 
It may be suggested that the electric field causes 
migration along the step edge after an atom has left a 
kink site. This is analogous to the field promoting 
migration across the face of the step after the atom 
has been detached from the step edge. These more 


complex effects are being investigated. 
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THE OXIDATION OF TITANIUM IN OXYGEN AT HIGH TEMPERATURES* 
J. STRINGER?+ 


The oxidation of titanium has been studied in the range 850°—-1L000°C and the results compared with 
those of earlier investigations. The oxidation rate is initially parabolic, the parabolic rate constant 
being the sum of two terms; one representing the formation of a rutile scale by the migration of anion 
defects with an activation energy of 25,400 1000 cal/mole, and one representing the formation of an 
oxygen solid solution by the diffusion of interstitial oxygen atoms in alpha titanium with an activation 
energy of 61.800 2000 cal/mole. Eventually the scale detaches by blistering away from the metal 
surface and reacts with oxygen to become stoichiometric. When this is repeated, a white laminar 
porous film forms and the rate law becomes linear. 

Finally it appears that gaseous diffusion of oxygen through the porous scale becomes the controlling 
step, and a new rate law is established, initially parabolic, but tending to linear at very long times. 
A model is suggested for this step and a rate law of the right form derived. When the pores are iden- 
tified with screw dislocation cores, quantitative agreement is obtained between calculated and observed 


rates. 


L,OXYDATION DU TITANE DANS L’OXYGENE A HAUTES TEMPERATURES 

L“oxyvdation de titane a été étudiée dans le domaine de température de 850-1000 C et les résultats ont 
été comparés avee ceux qu’ lon a obtenus lors des essais antérieurs. Au début, la vitesse d’oxydation 
suit une courbe parabolique et la constante parabolique est la somme de deux termes: lun rr présente la 
formation dune couche de rutile par migration de lacunes d’anion avec une énergie d’activation de 
25.400 1000 cal/mole et Vautre represente une solution solide d’oxy gene par diffusion d’atomes inter- 
stitiels doxygene dans du titane alpha avec une énergie dactivation de 61.800 2000 cal/mole. Even- 
tuellement la couche d’oxyde se détache du métal par formation de soufflures et réagit avec loxygene 
jusqu'a avoir une composition stoechiométrique. Ce phénomeéne étant répéteé, il se forme un film lamel- 
laire poreux et la vitesse d’oxydation devient linéaire. 

Finalement, i] apparait que la diffusion gazeuse d’oxygene a travers la couche poreuse deveint le facteur 
déterminant et une nouvelle loi de vitesse est établie dont la courbe est parabolique au début et linéaire 
pour des temps trés longs. 

L’auteur suggére un modéle pour cette étape et étabilit une loi de vitesse. Lorsqu’on identifie les pores 
avec les sources de dislocation, on obtient un accord quantittatif entre les vitesses calculées et observées. 


DIE OXYDATION VON TITAN IN SAUERSTOFF BEI HOHEN TEMPERATUREN 

Die Oxydation von Titan wurde im Bereich 850° bis 1000°C untersucht und die Ergebnisse mit denen 
friiherer Untersuchungen verglichen. Die Oxydationsgeschwindigkeit verlauft zu Beginn parabolisch, 
die parabolische Geschwindigkeitskonstante ist die Summe von zwei Termen; der eine entspricht der 
Bildung einer Rutilschicht durch Wanderung von Anionen-Defekten mit einer Aktivierungsenergie von 
25.400 1000 cal/Mol, der andere der Bildung einer festen Lésung von Sauerstoff durch Zwischengitter- 
Diffusion von Sauerstoff in x-Titan mit einer Aktivierungsenergie von 61.800 2000 cal/Mol. SchlieBlich 
lost sich die Schicht durch Blasenbildung von der Metalloberflache ab und reagiert mit dem Sauerstoff 
bis zur st6chiometrischen Zusammensetzung. Wenn sich dies wiederholt. bildet sich ein weier poroser 
Film und das Zeitgesetz ist linear. 

SchlieBlich wird offenbar die Diffusion von gasf6rmigem Sauerstoff durch die pordse Schicht der 
geschwindigkeitsbestimmende Schritt. so daB sich ein neues Zeitgesetz herausbildet. das zunachst parabo- 
lisch ist, sich aber bei sehr langen Zeiten einem linearen nahert. Fiir diese Stufe wird ein Modell 
vorgeschlagen und ein Zeitgesetz der richtigen Form abgeleitet. Wenn man die Poren mit Schrauben- 
versetzungskernen identifiziert, erhalt man quantitative Ubereinstimmung zwischen berechneten und 
beobachteten Reaktionsgeschwindigkeiten. 


INTRODUCTION Previous investigations of the kinetics of the oxi- 


Although a number of compounds of titanium with dation suggest that above 250°C the oxidation is 


oxygen are stable, only one oxide, the rutile modifi- 
cation of TiO,, has been found on titanium heated in 


oxygen. In addition, a considerable amount of 


oxygen dissolves in the metal, which in the alpha 


modification can dissolve 14 wt. °, (35 at. °,) of 


0 
oxygen, the oxygen atoms being accommodated inter- 
stitially. 
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parabolic,” but that at higher temperatures the rate 
may deviate from the initial parabola after about 100 
min, becoming linear.) The time at which this devia- 
tion occurs appears to be variable. In two investiga- 
tions) it is reported that a second faster parabolic 
rate supersedes the linear stage. During the initial 
stages of the reaction oxygen is dissolved in the metal 
as well as absorbed by the scale forming reaction. The 
proportion of the total absorbed oxygen entering the 
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metal initially increases from 22 per cent at 800°C to 
40 per cent at 900°C.4 The proportion falls off with 
time. Simnad ef a/.© attempted to separate the scale- 
forming part of the oxidation reaction from the oxygen- 
solution part by oxidizing specimens previously 
saturated with oxygen. The oxidation rate was still 
parabolic, and there was little difference in the rates, 
hut the activation energy was smaller. 

The scale formed during the initial parabolic stage 
is dark grey-blue in colour, but later in the reaction 
this changes to white. The grey scale has a high con- 
ductivity, while that of the white scale is very small. 
The grey scale when detached from the specimen and 
heated in oxygen turns white. Conversely, the white 
scale turns grey when heated in vacuo. The weight 
change associated with either of these reactions is very 
small, less than 4 parts in 10,000, and there is no detec- 
table change in lattice parameter. Both scales have 
the structure of rutile.“ These results suggest that 
the grey scale is very slightly oxygen deficient and it 
seems probable that the deficiency is accommodated 
by anion defects.“ This idea is supported by the 
observation that oxygen is the mobile species in the 
scale. 4) 

The white scale formed in the later stages of oxida- 
tion contains lenticular fissures parallel to the surface 
of the metal giving the scale a laminar structure.” 
Each lamination is composed of columnar crystals 
with the major axis normal to the plane of the lami- 
nation. The grain diameter in the plane of the lami- 
nation is shown by X-ray measurements to be less 
than 10-4 em.4) 

It is likely that the presence of significant amounts 
of nitrogen in the atmosphere alters the details of the 
oxidation considerably. 


EXPERIMENTAL PROCEDURE 

The major discrepancies in the published data 
relate to oxidation above about 850°C. Consequently, 
the experimental part of the present work was 
confined to reactions in the range 850° —-lLOO0O"C. 
Sievert’s method was used. The oxygen absorbed by 
the specimen was measured as a pressure drop in a 
fixed reaction volume. This method is only useful for 
oxidations which are known to be independent of 
pressure. 

The specimen material was magnesium reduced 
titanium in the form of arc-melted buttons* which 
were hot-forged in air at 750°C and _ hot-rolled to 
0.020 in. The thin surface film of oxide was removed 


* The titanium as supplied by ICI Metals Division had 
the following analysis: 0.040%, O,; 0.0129, Nog; 0.049% C 
and 0.1% W. Fe not given: prob. 0.059. Hardness was in 
the range 120-130 VPN. 
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by abrasion with 100 through 500 silicon carbide 


papers followed by 15 see immersion in an aqueous 
solution containing 2 per cent HF and 5 per cent 
HNO,. The edges of the specimens were prepared by 
filing and abrasion while clamped in a hardened steel 
jig. The final specimen size was 5 « 0.6 « 0.05 em, 
the weight of each specimen being approximately 0.7 g 


and the surface area about 7 cm?. A standard sur- 


face was prepared by annealing under a pressure of 


less than 5 10-° mm Hg for 30 min at 950°C. During 
vacuum annealing the specimens lost weight by eva- 
poration at the rate of about 0.05 mg/hr. A bright 
thermally etched surface was produced. The beta 
grain size of the specimens was large, about 2 mm dia- 
meter. The thermally etched beta grain structure was 
visible on the oxide surface after oxidation, although 
the grain structure of the oxide was in no way related 
to the metal grain structure. Oxidation was carried 
out in oxygen of commercial purity at pressures 
slightly less than atmospheric. The pressure drop 
during the reaction did not exceed 20 cm of mercury. 

Calculations of the accuracy of the method indicate 
that the oxygen reacting with the metal can be 
measured to +0.02 mg/em*, and this figure is con- 
firmed by the scatter of experimental points about 
the best smooth curve. 

The structure of the scale was checked by X-ray 
methods using the Debye-Scherrer technique with 
filtered radiation. As expected:* these 


measurements showed only rutile to be present. 


RESULTS 

Throughout the temperature range studied (850 
1000°C) the oxidation was initially parabolic after a 
very short period of about ] min, probably associated 
with the attainment of steady state conditions. Eventu- 
ally the rate deviated from this parabola, approach- 
ing a straight line. The straight line is parallel to a 
tangent to the parabola at a point rather earlier than 
the break-away. Eventually the linear rate was super- 
seded by a second parabolic rate, considerably more 
rapid than the first. In general, the lower the tempera- 
ture, the longer before the first parabolic rate law 
broke down. Some typical oxidation curves plotted 
according to a parabolic rate law are shown in 
Fig. 1. 

To determine the effect of varying the surface 
preparation two series of runs were performed, the 
first with a 15-min and the second with a 2-hr vacuum 
anneal at reaction temperature before oxidation. 
With the shorter anneal the parabolic rate was con- 
siderably slower and the break-away occurred at 


longer times. The parabolic rate constants for both 
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mg/cm? 


Oxygen absorbed, 


Time/* 
Some typical oxidation curves for titanium 
plotted according to a parabolic law. 


88 


Fic, 2. An Arrhenius plot of first stage parabolic rate 
constants showing effect of vacuum anneal. Closed 
points, short anneal; open circles, long anneal. 


series are plotted on an Arrhenius graph in Fig. 2, 
which clearly shows the drop in rate associated with 
the shorter anneal. 

The scale was grey-black during the period of the 
first parabola. Deviation from the parabolic rate was 
accompanied by the appearance of white blisters on 
the scale. These blisters were locations where the 
scale had detached from the metal surface and reacted 
with oxygen to become stoichiometric. The blisters 
spread until the entire scale was white and detached 
from the metal. The white stoichiometric scale so 
formed was apparently porous to gaseous oxygen 
because oxide 


new beneath the 


detached layer. This blistered in turn and the cycle 


coherent formed 
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was repeated. As each layer blistered it pressed 
against the already detached scale from underneath. 
The sequence is represented diagrammatically in Fig.3. 


This mechanism explains the scale structure found 


in earlier investigations® and the surface markings 
on the stripped metal core noted by Jenkins™. Fig. 4 
shows two blisters on a coherent scale. Fig. 5 shows a 


Fic. 3. A diagrammatic representation of the for- 
mation of a laminated porous scale by the repeated 
blistering of coherent layers. 


Fic. 4. White stoichiometric blisters on grey coherent 
seale. 30 
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blister cracked to reveal a second blister formed 
underneath; this is also cracked to reveal the metal 
surface. 

The white scale structure formed during both the 
linear and the second parabolic stages. The second 
rate change was not accompanied by any change in 


the structure of the oxide layer. 


5. 
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the total absorbed since the start of the 


reaction present in solution drops sharply after the 


oxygen 


break-away, very little oxygen must be entering th 


metal during the later stages. Again, there was no 


discontinuity in behaviour associated with the 
second rate change. 
For the series of runs at 950°C the metal was 


Outer blister (grey) cracked to reveal a second 


blister (white). This also is cracked to reveal the black 


A number of oxidations of different duration at 
950°C were performed to determine the partition of 
oxygen the and 
solution reactions. This was done by quenching the 


between scale-forming oxygen- 
oxidized specimens in water, when most of the scale 
spalled from the surface. The remainder was removed 
by careful abrasion. The weight of scale was found 
by taking the difference between the total weight as 
indicated by the Sievert’s apparatus and the weight 
of the stripped specimen. Assuming the scale to be 
100 per cent the 
proportions of the oxygen entering the metal and the 


stoichiometric rutile relative 


scale were calculated. This method produced quite 
reproducible results. As long as the scale was 
adherent, that is, during the first parabolic section, 
the proportion of oxygen entering the metal remained 
constant at about 45 per cent. After the break-away 
the proportion dropped until by the time the second 
parabola was established only about 5 per cent of the 
total oxygen absorbed was present in the metal. This 
is in agreement with earlier investigations.“ Since 
the proportion of the total oxygen involved in each 
reaction during the first parabolic stage remains 
constant, both the formation of scale and the solution 
of oxygen separately must be parabolic. This is in 
agreement with the results of Simnad ef al. on 


oxygen saturated specimens. As the proportion of 


metal surface. 


initially in the beta condition. However a small 
amount of oxygen dissolved in the metal is sufficient 
to stabilize alpha. It is therefore to be expected that 
during oxidation a layer of alpha will form on the 
surface of the specimen. Microscopic examination of 
the sectioned specimens revealed such a layer and 
measurements of its thickness coupled with the 
knowledge of the total weight of oxygen dissolved in 
the metal showed the average oxygen content to be 
constant at about 5 wt. °,. The hardness of alpha 
increases considerably with increasing oxygen con- 
tent. the 


alpha layer showed a gradient suggesting an oxygen 


Microhardness measurements across 
concentration gradient across the layer, in agreement 
with earlier investigations.) Thus it is reasonable 
to assume that the rate of increase in thickness of this 
laver is determined by the diffusion of oxygen across it. 

The second parabolic stage appeared to be pressure 
dependent, since when the pressure was allowed to 
drop markedly during oxidation the rate decreased, 
as shown in Fig. 6. The pressure dependence was not 
investigated further at this time. 

Jenkins has reported that the second parabolic 
stage tends to become linear at long times. One 
oxidation in the present study, in which the second 


parabolic stage was followed for 3 hr, appeared to 


confirm this observation. 
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Fic. 6. Oxidation of titanium, parabolic plot. The 
effect of pressure on the second stage parabolic rate. 


DISCUSSION 


First parabolic stage 


In this stage there is the simultaneous formation of 


rutile scale, by the migration of anion vacancies 
created at the scale/metal interface, and of an oxygen 
solid solution layer by the migration of interstitial] 
oxygen introduced at the scale/metal interface. These 
two diffusion processes are independent of each other. 
At any temperature the growth of each layer is para- 
bolic, and the overall reaction rate, which is a simple 
sum of the reaction rates of the two processes, will 
This 


experimentally. Thus 


also be parabolic. conclusion is confirmed 


k,=k,+k,, (1) 
where k, is the overall parabolic rate constant for the 
first parabolic stage, k, is the parabolic rate constant 
for the growth of the scale layer, and k,, is the para- 


bolic rate constant for the growth of the oxygen solid 
solution layer. The temperature dependence of these 


rates will depend on the temperature dependence of 


the diffusion processes and of the various interface 
concentrations. In the titanium—oxygen system the 
stability ranges of the phases are affected only slightly 
by temperature, and thus variation of the interface 
concentrations can be neglected in comparison with 


the Arrhenius terms: thus 
k, = kp,, exp (—Q,|RT) (2) 
kn, Kom exp (—Q,,/RT) (3) 
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where ky, and ky, are the frequency factors for the 
scale forming and solid solution forming reactions 
respectively: Q, is the activation energy for the 
diffusion of anion vacancies in rutile, and Q,, is the 
the 
oxygen in alpha titanium. The approximation made 


activation energy for interstitial diffusion of 
above is that the temperature dependence of the 
frequency factors can be neglected. Inserting these 
values in equation (1), 

k, = ky, exp (—Q,/RT) + ky, exp (—Q,,/RT). (4) 
iquation (4) suggests that a plot of the logarithm of 
the overall first stage parabolic rate constant for the 
oxidation of titanium versus the inverse of the abso- 
lute temperature will be curvilinear and the experi- 
mental data collected from the literature and plotted 
in Fig. 7 show that this is so. The full line drawn 
through the experimental points in Fig. 7 satisfies the 
equation 


k, = 1.007 10~® exp (—25,400/RT) 


320 exp(—61,800/RT7). (5) 
It is to be concluded therefore that the activation 
energy for the diffusion of anion vacancies in rutile is 
25,400 cal/mole and for the diffusion of interstitial 
oxygen in alpha titanium 61,800 cal/mole. These 
results seem reasonable compared with analogous 
results from other systems. 

After the forming operations there was a small con- 
centration of oxygen near the surface of the specimen, 
which diffused into the main body of the specimen 
during vacuum annealing. The oxidation rate should 
properly be expressed as a parabolic increase in 
thickness of the oxide layer, and this rate can be 
expected to be sensibly independent of small variations 
in the oxygen content of the metal. The average 
composition of the solid solution layer is 5 wt. °, 
oxygen, and if | wt. °, is already present in the metal 
a given rate of increase in thickness of the layer will 
require only 4/5 of the oxygen required by a pure 
specimen. The rate constant as measured by the 
Sievert’s technique will accordingly be less in the case 
of the specimen containing a small amount of dissolved 
oxygen, and also the proportion of the oxygen entering 
the metal will be less. Prolonged vacuum annealing 
before oxidation, by permitting the high surface 
concentration of oxygen to diffuse into the bulk of the 
metal will therefore produce an increase in the meas- 
ured first stage rate constant, and in the proportion of 
oxygen absorbed by the metal. These conclusions 
agree with observation. 
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blistering stage 
Because blistering occurs without loss of continuity 
in the scale layer, the initial formation of blisters will 
be a process requiring activation. Blistering releases 
the stored elastic energy in the strained coherent film, 
hut introduces two new energy terms: the surface 
energy of the detached region and the elastic energy 
stored in bending the oxide at the edges of the blister 
to maintain continuity with the still-coherent film. 
When the blister is very small, the last term will clearly 
predominate. The driving force is provided by the 
film maintaining coherency after the critical thickness 
has been reached. Accordingly, the oxidation rate 
first deviates from the first stage parabola at some 
time after the scale has exceeded the critical thickness. 
The blisters then spread rapidly over the surface. 
Since blistering will not in general proceed at exactly 
the same rate over the whole metal surface, the scale 
layer will cease to be composed of uniformly detaching 
envelopes. This means that a number of blistered 
scale/coherent scale fronts will always be present. 
Consequently, the blistering will not require activation 
but will occur as soon as the scale reaches critical 
thickness. 
The removal of metal to form scale will be faster on 
a newly-blistered surface than the movement of the 
alpha/beta interface inwards. The solution layer will 
thus decrease in thickness until it reaches a value which 
will be constant when averaged over the whole metal 
surface. This thickness will be that corresponding 
to the mean thickness of coherent scale according to 
the first stage mechanism. 
On each element of surface at steady state the oxide 


Me) 120 


Arrhenius plot of first stage parabolic rate constants collected 
from the literature. 


130 140 150 160 


grows to the critical thickness w, in ¢, seconds, where 


(6) 


k, is the first stage parabolic rate constant. At the end 
of this time, the scale is removed by blistering, and 
oxidation starts again. Thus a linear oxidation rate is 
established : 

dw/dt = (7) 


ky 


During this linear rate the thickness of the alpha 
layer remains constant, and only sufficient oxygen 
enters the metal to compensate for that removed by 
the scale forming reaction. It would be expected 
therefore that the proportion of oxygen entering the 
metal decreases sharply at the start of blistering, and 
then approaches zero asymptotically. This is in fact 
the behaviour found in the present investigation and 
in that of Jenkins. In addition, if the small tem- 
perature dependence of w, is neglected the Arrhenius 
plot of the linear rate constant should be curved in the 
same way as that for the first stage rate constant. 
Fig. 8 shows the linear rate constants for the present 
investigation and for that of Davies and Birchenall'?? 
on an Arrhenius graph, and it can be seen that the 
prediction is of the 
thickness of the scale from the parabolic and linear 


correct. Calculation critical 


rate constants gives reasonable values; generally about 
3/4 of the break-away thickness. 


Second parabolic stage 
There is no detectable change in the scale or the 
specimen at the change-over from linear to the second 
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Fic. 8. An Arrhenius plot of intermediate stage linear 
rate constants, 


parabolic rate, and the rate curve is continuous, that 
is, the straight line is tangential to the start of the 
second parabola. This means that the rate law alters 
discontinuously at the change over. Therefore it ap- 
pears that the second change in rate is not due to an 
alteration in mechanism. This behaviour suggests that 
some step in the oxidation becomes slower than the 
reaction in the neighbourhood of the metal surface, 
and so becomes controlling. The most probable step 
is the gaseous diffusion of oxygen through the porous 
scale. 

The scale is observed to contain large fissures paral- 
lel to the metal surface, but these are merely due to 
The 
pores through which the oxygen gains access to the 
the 
Microscopic examination at a magnification of 2000 


irregularities in the laminations of the scale. 


metal surface must pass through laminations. 


diameters reveals no such pores. However, if ink is 
dropped on one side of a detached scale, it eventually 
Under the 


microscope it can be seen that the flow of ink between 


penetrates through to the other side. 


scale laminations is very rapid, but the flow through 
laminations isslow. The ink penetrates the laminations 
at a number of discrete points. Again at 2000 » no 
pore is visible at any of these points. Thus it is con- 
cluded that the rate of gas flow through the scale is 
determined by the flow through very small pores 
through the laminations of oxide. 

Under steady state conditions, every layer that 
detaches from the metal will be identical. It is assumed 
that in each square centimetre of scale layer there are 
n circular pores of radius rg normal to the surface. 
Then, using Knudsen’s expression for the steady- 
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streaming of a gas through fine pores the following 
rate law is obtained: 
1/2 
Px 

where X is the scale thickness: p, is the density of the 
oxide: p, is the density of the gas at the temperature 
of the experiment and a pressure of 1 dyn/cem?; 
p is the pressure difference across the scale; and M is 
the weight fraction of oxygen in the oxide. 

Thus the rate constant should be linearly dependent 
on the pressure. There are insufficient experimental 
data to check this point. 

Equation (8) is only valid for the growth of an oxide 
on an infinite flat surface. When a finite specimen is 
oxidised, an envelope of oxide detaches and achieves a 
strain-free position at some distance from the metal. 
A second layer forms and in time becomes detached, 
but because the density per metal atom in the scale is 
lower than that in the metal, the strain-free equilibrium 
position of the second envelope overlaps the first. 
Since the tensile strength of an oxide layer is small 
compared to its compressive strength, the first-formed 
layer will be expanded. It is assumed that this expan- 
sion is accommodated by an enlargement of the pores 
in the first envelope. Thus the total pore area available 
for gas to diffuse through will increase as the layer is 
forced further and further away from its equilibrium 
position by successive layers blistering beneath. Using 
this more general model, the following rate law is 
obtained for the growth of an oxide on a cube of side Q: 


dX n 8 
dt Mp,3y2 (narQ?) 1/2 
4QX + 4X* 


In deriving this equation it has been assumed that the 
enlargement of the pore area is accommodated by an 
increase in the radius of the pores, their number 
remaining constant. 

At very short times as X —> 0 equation (9) reduces to 
equation (8), but at long times, large X, equation () 
gives a linear rate law: 


2 2 
32 
= 

3/2 Mp, Q 
Equation (9) thus represents a rate law which is 
initially parabolic, but tends at long times to become 
linear. This is qualitatively in agreement with the 


X t. (10) 


form reported for second stage oxidation. 


* See Appendix. 
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In order to calculate rate constants from equations 
(8) and (10) it is necessary to assume values for x and 


rg. In the present experiments microscopic exami- 


nation showed that the grain size of the oxide was 


approximately 2500 A, in agreement with the observa- 
tions of Jenkins“ and of Morton and Baldwin). If it 


is assumed that there is one pore per grain n ~ 1.6 


10° cm?. Since there is no sign of any pores, it can 
1000 A and probably of the 


be assumed that ry - 
order of 100 A. 
Keller et al.) and Booker et al™ have found that 


oxide formed anodically on aluminium consists of 


small columnar grains normal to the surface with a 


pore of diameter 120-330 A down the centre of each 
10% 


Dragsdorf and Webb examined whiskers of delta 


grain. The grain density was ~100 em?, 


Al,O, formed on aluminium, and found each had a 


screw dislocation down the centre, with a step height of 


about four repeat distances. Down the centre of each 


whisker was a pore of a diameter of the same 
magnitude as is given by Frank’s equation :— 
r 10 200 (11) 
u 


i 


the material: and uw is the rigidity modulus. y/u has 
the dimensions of a length, and for most materials is in 
the range 0.05-0.56 10-8 em. 
rutile, a weighted mean step height of five repeat 
23 A) gives for the maximum possible 


Using these data for 


distances 


pore radius 


60 A 


the actual value depending on the magnitude chosen 


for y/u. Using this value of r, together with the value 


of n given above and numerical values for the density 


terms for a temperature of 950°C equation (8) gives 


. 2 
k 2 10°8 g? em~4 sec”! 


2 cale 


and observed values for ky at 950°C are 


ks obs 1.66 10-8 
and 1.06 10-8 g? em~4 


Equation (10) gives for L, the linear rate constant, 


1 


L = 


cale 


10-6 g see 


and the one observed value of a long time linear rate is 


L 0.8 10-6 g em? sec}. 


obs 


These results show that a gaseous diffusion model can 


result in rates of the right magnitude. 
Finally, the stresses in the scale are such that failure 


where ¢ is the radius of the pore: bis the step height of 
the dislocation: y is the specific surface free energy of 
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in tension of the outer layers can be expected eventu 
ally. This would lead to irregular breaks in the rate 
of exactly the tvpe found at long time.“ 

The second parabolic rate constant appears to be 
strongly dependent on the material. Up to the limits 
of their experiments Davies and Birchenall found no 
second parabola superseding the straight line. Morton 
and Baldwin found a second parabola only in the 
purest grade of commercial titanium then available, 
and the rate they found is approximately 10? greater 
than that found in the present investigation. Jenkin’s( 
second stage appears to have been little different from 
the first stage. On the basis of the model proposed 
here these variations are easily explained in terms of 
the variation in pore density and size to be expected 
with changes in the purity of the metal. 
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APPENDIX 
Rate of growth of the oxide film 


Consider gas flowing down a tube the cross sectional area 


A and circumference C of which are both functions of the 


length measured from one end: 


A fix); ¢ g(a). 
The momentum communicated to an element of the tube 
length dx in time dt by the streaming gas is 
3a in 
vmevg(x) dx dt 
32 
where py is the number of molecules per unit volume; ™ the 


mass of a single molecule; ¢ is the arithmetic mean velocity 
of the molecules and v the velocity of the mass of gas. This 
expression can be rewritten: 


» 


8 
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where P is the pressure difference between the ends of the 
pore and p is the density of the gas at experimental tempera- 
ture and pressure. This momentum must be equal to the loss 
of momentum by the streaming gas which is, in the same 
element: 
dp 
— f(x) dx dt. 
dx 
The mass of gas flowing through the tube in unit time is G 
where 
G fla pda 3 pi P ( da 


where p, is the density of the gas at unit pressure. It is now 


required to find the time dependence of X, the thickness of 


the film. If the density of the forming oxide extending the 
pore is p, and is the weight fraction of oxygen in the oxide, 


a flow G corresponds to the formation of G/M px volumes of 


oxide. If there are m pores per unit area then nG@/M px 
volumes per unit area are formed. 
That is, 
dX nG@ 
dt M px" 
Substituting for G, the general growth law becomes 


dX n 


g(x) 


Ss 2\1/2 
dt (3) (2) Pi P 
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Now consider the oxidation of a cube side Q. After a scale 
layer thickness X has formed by repeated blistering, the 
outer layer has to cover an area of 6(Q? + 4QX 4X?) 
representing an increase in area of (4QX 4X*)/Q? per unit 
area. This assumes that the volume per metal ion of the 
oxide is large compared to that of the metal, so that the 
movement of the metal surface can be ignored. If the increase 
is entirely accommodated by a dilation of existing pores, 
each pore increases in area by (4QX 4X?) /nQ?. 

Now suppose the pores are circular, so f(x) mr?, g(x) 
2nr; r h(x) where r, the radius of the pore, is a new 
function of 2. Let the original pore radius of the just-blistered 
film be ry. This is the radius of the pore close to the metal, 
and we regard it as independent of time. 

Then 
4Qx + 42? 

nQ? 


4Qx + 42 


Putting this value in equation (Al) and evaluating the 
integral gives equation (9), the limits of which for small and 
large values of X, respectively, are given by equations (8) and 
(10) in the text. 


So 
1/2 
(Al) 
al 
8 
191 
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CONTRIBUTION OF DISLOCATION LINE TENSION AND THE DENSITY OF THE 
SOLUTE ATMOSPHERE TO THE YIELD POINT IN STRAIN AGED INGOT IRON*+ 


T. MURA? and J. O. BRITTAIN? 


An investigation was made of the 77°K yielding behavior of ingot iron specimens that had been 
prestrained and aged while under stress at 303°K. It was observed that the presence of a yield point at 
303°K after a strain aging treatment does not result in a yield point at 7 
ment is prolonged so as to result in an increase in the 303°K yield point of about 20 per cent. The 


7 K until the strain aging treat- 


sharpness and magnitude of the yield point at both 303°K and 77°K increased with an increase in the 


aging time and or an increase in the stress which was maintained upon the specimen during the aging 
treatment. The observations of the effect of the aging time and aging stress are discussed in terms of the 
contribution of the dislocation line tension and solute atmosphere density along the dislocation. 


CONTRIBUTION DE LA TENSION DES LIGNES DE DISLOCATIONS ET DE LA 
DENSITE DES ATMOSPHERES DES ATOMES DISSOUS AU DECROCHEMENT 
DANS UN LIQUIDE DE FER VIEILLI APRES DEFORMATION 


Une étude a été entreprise sur le comportement du décrochement & 77°K d’échantillons de lingots de 


fer qui ont été prédéformés et vieillis sous tension a 303°K. Ona observé que la présence du décrochement 


a 303°K aprés un traitement de vieillissement de déformation ne donne pas un décrochement a 77°K 


tant que le traitement de vieillissement de deformation n'est pas prolongé et que le décrochement a 


303°K n’augmente d’environ 20°,. 
La forme et la grandeur du décrochement tant & 303° K qu’a 77 K s‘accroissent avec une augmentation 
du temps de vieillissement et/ou un accroissement de la tension a laquelle se trouve léchantillon au cours 


du traitement de vieillissement. 
Les observations de l’effet du temps et de la tension de vieillissement ont été discutées en fonction de la 


contribution de la tension des lignes de dislocations et de la densité dés atmosphéres le long de celles-ci. 


BEITRAG DER VERSETZUNGS-LINIENSPANNUNG UND DER DICHTE DER VERUN- 
REINIGUNGS-ATMOSPHARE ZUR STRECKGRENZE VON VERFORMUNGSGEALTERTEM 
ROHSTAHL 

Von KokillenguB-Rohstahl-Proben, die vorverformt und bei 303°K unter Spannung gealtert worden 
waren, wurde das Verhalten der Streckgrenze bei 77°K untersucht. Es wurde beobachtet, daB das 
Vorhandensein einer Streckgrenze bei 303°K nach einer Verformungs-Alterungs-Behandlung nur dann 
zu einer Streckgrenze bei 77°K fiihrt, wenn man die Alterung solange fortsetzt, daB die Erhéhung der 
Streckgrenze bei 303°K etwa 20% betragt. Scharfe und GréBe der Streckgrenze bei 303°K wie bei 
77°K nahmen zu mit Zunahme der Alterungszeit und (bzw. oder) der Zunahme der Spannung, der die 
Probe wahrend der Alterung unterworfen war. Die Beobachtungen tiber den EinfluB von Alterungszeit 
und Alterungsspannung werden diskutiert, wobei die Beitrage der Linienspannung der Versetzung und 
der Dichte der Atmosphare geléster Atome entlang der Versetzung in Betracht gezogen werden. 


1. INTRODUCTION 


In a previous study” it has been demonstrated that hydrogen atmosphere and furnace cooled. The heat 


of 0.1 in. were annealed at 973°K for 4 hr in a dry 


the application of a tensile stress during strain aging treatment resulted in a grain size of 0.042 mm. The 


has a pronounced effect on the rate of strain aging. In — specimens were deformed in tension at 303°K at ahead 


a subsequent series of strain aging experiments it has speed of 0.01 in/min to a plastic strain of 0.04. 


been observed that contrary to an implication of Following the plastic deformation the load was re- 


Cottrell and Bilby®), the presence of a yield point duced toa predetermined stress levelandthespecimens 


in ingot iron at an elevated temperature does not result were aged while under load. The stress maintained on 


in a more pronounced yield point at a lower tempera- the specimens during aging is designated the aging 


ture. The current paper is concerned with the inter- stress. The aging times were varied so as to produce 


relation of the low temperature yielding phenomena an increase in the yield point* of about 2-20 per cent 


and strain aging under an applied stress. on a set of specimens tested at 303°K. A second set of 


specimens that had been given a similar strain aging 


2. EXPERIMENTAL PROCEDURE 
Ingot iron (0.013 C, 0.025 Mn, 0.023 Si, 0.005 P, 
0.023 Si, O.11 Cu, 0.004 N) tensile specimens which 


treatment at 303°K were immersed and held in liquid 


nitrogen for 15-20 min. The tension tests were then 


continued at 77°K. During the temperature change 


had a reduced gage section of 1.25 in. and a diameter 


sequence care was taken to hold the load on the speci- 


mens constant so that the specimens were not over- 


* Received December 10, 1959. 
+ This research was supported by the U.S. Air Force 
through the Air Force Office of Scientific Research of the 


loaded during cooling operation. 


Air Research and Development Command. * Here defined as Aa/a, where Ao 0, 0,, O, is the 
t Department of Metallurgy and Materials Science, stress at the upper yield point after aging and a, is the flow 
Northwestern University, Evanston, Illinois. stress at a plastic strain of 0.04, 
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3. EXPERIMENTAL RESULTS 

The stress-strain curves are shown in Fig. 1 where 
the solid curves are the results of tests carried out at 
303°K after the strain aging treatment at a constant 
aging stress at 303°K while the dash curves refer to 
the tensile data obtained at 77°K after the strain 
aging treatment at 303°K. 

It is quite apperent that specimens aged for 90-860 
sec have pronounced vield point when tested at 303°K, 
but the vield point does not appear in tests at 77°K 
until the strain aging treatment is extended to about 
The 
deformation at 77°K, here defined as the departure 


from linearity of stress-strain in the absence of a vield 


sec. stress for initiation of plastic 


point, increased with aging time at a constant aging 
stress, and finally approached the yield point of the 
material at the critical aging time, Fig. I(d). The 
stress strain curve at 77°K of a specimen which was 
not strain aged at 303°K is also shown in Fig. 1(f). 
The yield point of the unstrained specimen is quite 
sharp, but the lower vield point is appreciably less 
than that in the strain age condition where at least 
part of the increase must be attributed to the prior 
plastic flow. 

In order to investigate the relationship between the 
vield stress at the critical point (upper yield point 
equal to lower yield point) and the aging stress Gp, 
specimens which had been plastically strained 0.04 
and aged for 2800 sec at 303°K at various aging 
stresses 0-30,000 |b/in? were subsequently deformed in 
tension at 77°K. The stress-strain curves in Fig. 2 
show that both the magnitude and sharpness of the 
vield point varied with the aging stress. Thus, the stress 
for the initiation of plastic flow increased with aging 


ao} 
A 8 9) E F 
2100 / / 77x | 
a a 
= 80} a | aj 
a; 
w 8 ! 3 
x © = 
60 1 « 
ol w wt 
303"k 
20 | 
— 
TRUE STRAIN — in.-in 
Fic. 1. Stress—strain curves; the solid curves are the 


results of tests carried out at 303° K after the strain 
aging treatment at a constant aging stress 15,000 
Ib/in? at 303°K while the dash curves refer to the 
tensile data obtained at 77°K after the same strain 
aging treatment at 303° K. 
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Fic. 2. Stress-strain curves obtained at 77 K. after 


strain aging for 2800 sec at 303 -K at various aging 


stresses 0—30,000 Ib/in?. 
stress at a constant aging time and finally approached 
the vield point of the material at the critical aging 
stress. 
4. DISCUSSION 
Bilby® carbon 


around 


According to Cottrell and and 


nitrogen atoms form atmosphere 
dislocations and increase the resistance to motion of 
the dislocations. The dimensionless applied stress, X 
versus the dimensionless displacement of the dis- 
location Y in their theory is shown by the curve 
denoted by C = o in Fig. 3. The consequence of the 
maximum in the X ~ ¥ curve is the attainment of a 
vield point at X = 0.66. Thermal energy can assist 
vielding, in that a part of an infinitely long dislocation 
can move under a thermal fluctuation and exceed the 
maximum point even though X =< 0.66. The Cottrell- 
Bilby theory requires some modification in order to be 
applicable to the present observations that a vield 
point is observed under conditions of high thermal 
energy fluctuation the 
contribution of thermal energy to yielding is quite 


but is not observed when 
small. 

Utilizing the model proposed by Cottrell and Bilby, 
Fig. 4, assume that the dislocations are pinned by 
obstacles at A and B and that the average distance 
AB of the dislocation is subsequently maintained at 
the state ADB, (Fig. 4) by the aging stress o,. During 
the aging treatment at 303°K carbon atoms diffused 
to ADB and pinned the dislocation at this position. 
When the applied stress is increased, the disloca- 
tion moves, leaving the carbon atmosphere. Since 
the the 
the interaction between the dislocation and carbon 
atoms. When the strength of the line tension is large 
or the aging time is short, the interaction between the 
solute atoms and the dislocation will be minimized 


dislocation is bent, line tension affects 


4 
‘ 
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Fic. 3. The family of curves for the dimensionless 
applied stress X versus the dimensionless displace- 
ment of the dislocation Y with a parameter C 

(2L7AK/T p*)'*, where 2L is the distance between 
pinning points, AK number of solute atoms per unit 
length of the dislocation, 7 the line tension, A the 
interaction coefficient between solute atoms and the 
dislocation and p the initial distance between the 

solute atom and the dislocation. 


and the maximum of the stress-displacement curves 
will disappear. The calculations presented in the next 
section lead to the family of curves shown in Fig. 3 
as the relation between the dimensionless applied 
stress X and the displacement Y of the midpoint 
D of the dislocation. 

The portion of the dislocation ACB, Fig. 4, is 
assumed to be straight in the unloaded state after the 
plastic strain of 0.04. The origin of coordinates is 
taken to be A with the x,y coordinate axis parallel 
and normal to ACB, respectively. Under the action 
of the aging stress, ¢,, the dislocation is bowed into the 
form ADB with the new position of the dislocation 
described by y,(x). The solute atoms migrate to the 


y | 
Yo( X ) 
A 
L 


Fic. 4. Configuration of the movable part of a pinned 
dislocation, 
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curve ¥,(x) of the dislocation during aging, and it is 
assumed that the density of solute along thedislocation 
is not uniform. When the stress is increased, the 
“break away” of the dislocation from the solute 
atmosphere will occur in that region with the lowest 
density of carbon atoms, i.e. ADB.) The displace- 
ment of the dislocation is described in terms of y(). 
The increase in potential energy of the dislocation due 
to the displacement y is 
E, dx, 

J0 
where 7’ is the line tension of the dislocation and y’ the 
first derivative of y with respect to x. 7’ is assumed to 
be independent of x and y’ < 1. 

The work done by the applied stress o is 

Ww aby dx 
J0 
where 6 is the Burgers vector. 

The interaction energy between the dislocation and 
the array of solute atoms along ADB is approxi- 
mately 

, 
Eon = AK , dx 

Jo Yo)" + 
where A is the constant for the interaction between 
dislocation and the solute atoms, A is the number of 
solute atoms per unit length along the dislocation, and 
p is the distance between the dislocation ADB in the 
initial state and the solute atoms. The displacement 
y of the dislocation by the stress o is determined |} 
the principle of virtual work of the total energy: 

on E, — Ecp) = 9. (1) 
The Euler equation of (1) is 
2(Y — Yo) 
ob + y"7 AKp (). (2) 
‘ 2 212 
UY — Yo)” + P's 
This equation for equilibrium of the dislocation can 
be integrated by multiplying each term by (y’ — y,’) 
and noting that 
Yo. 1/R = (3) 
is independent of x, where F is the radius of curva- 


ture. Thus, 


Yo 
AKp/t(y — + =C,. (4) 


(y - T (y’ 


The integral constant, C,, is determined from the 
condition y'(L) = (L) = 0 because of symmetry of 
y and y, with respect to x at the point y = L, thus, 
= iy(L) Y(L)}(ab Ob) 
+ AKp/[iy(L) Yo(L)}* + 


14 | | 
| | 
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The integration of equation (4) gives: 


t= Y, — Y)(ob — a,b) 


20 


where Y = Y(xr) = y(x) — y,(x), VY, Y(L), and the 
integral constant is taken to be zero from the condition 
Y(0) 0. 

In order to obtain a relation between the stress 
ao — o, and the displacement y(L) — y(L) of the mid- 
point D of the dislocation, let « = L in equation (5), 


then. 


where C = {217AK/T 


X = (o — o,)bp?/AK, 


r — Y/p. 


The curves X versus ¥ have been plotted in Fig. 3 
from the results obtained by using an IBM 650 


computer to numerically integrate equation (6). 


The integral has been approximated by the Simpson 


rule and values of C were taken as 2.5, 3.0, 3.75, 4.0 
and 4.5. 
In the Cottrell and Bilby theory, ADB is an infi- 


nitely long straight dislocation. This is a special case of 


( = ow inthis paper. In this special case, r in equation 


(6) approaches Y and the denominator of the integral 


of equation (6) approaches zero, thus, 


X —lim | — (} r), 
\¥?+1 +1 
2¥/(¥? + 1)2. (7) 


This special case can be obtained also directly by 


taking y” and y, as zero in equation (2). The Cottrel 
and Bilby formula (7) is shown in Fig. 3 as a curve for 


C 00. 
It should be noted that the contribution of thermal 


energy to yielding has been neglected in this formu- 
lation, but the introduction of this effect can be 
carried out in the same way as in the Cottrell and 
Bilby theory. In this paper the magnitude of 7 is 
assumed to depend also on the temperature, though 


the quantitative relation is not known except that 7' 


increases as the temperature decreases. 
The shape of the curves is dependent upon the 


constant 


C = (2L°AK/T p*)'/2. (8) 
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The curves with C < 4 do not show maximum points. 
This is interpreted as meaning that dislocation solute 
interaction for which C is less than 4 will not show a 
vield point. The curves with C > 4 have a maximum 
point similar to that found in the Cottrell and Bilby 
theory and the larger the value of C the more pro- 
nounced the maximum of the curve, and thus the 
material can be expected to show a sharp yield point. 
The proposed modification of the Cottrell- Bilby theory 
predicts that the critical vield point, i.e. the upper 
vield equal the lower yield point, should occur when 
C equals 4. 

It is interesting to check the critical value C = 4 by 
the following physical constants used by Cottrell and 
Bilby®? 

A = 3 x 10°?! dyn/cm?, 


the saturated value of K 1/b = (1/3) 108 


» —8 
p=2 x 10° cm, 


T = 3 eV per atomic plane. 


We find L? = 1006? in order to obtain C = 4. 

Thomas and Leak) reported the saturated number 
of solute atoms (carbon or nitrogen) is 9.4 ~ 15.6 per 
atomic plane, Dahl and Liicke® 45 ~ 118 per atomic 
plane and Harper'® 6 ~ 13 per atomic plane. These 
values of A result in rather small values of L(L? 
1052). 

The low values of L are at least an order of magnitude 
less than the accepted value of the length of a Frank- 
Read source. It would appear that the discrepancy in 
the length of the source could result from either the 
influence of the prior plastic deformation on the 
source length or the interpretation placed upon 
the solute atmosphere density parameter, A. Plastic 
deformation could influence the active source 
length in that the multiple slip process in 
iron could lead to an increase in the density 
of the forest dislocations as well as those on the 
initially active system. The idea that the vielding 
phenomenon in iron is not due entirely to a solute 
atmosphere is not a new one.'*~®) There is substantial 
evidence that can be interpreted as indicating the 
presence of a precipitate along the dislocation as well 
as the presence of a solute atmosphere.‘7~®) The 
observation of the effect of the aging time on the 
77°K yielding can be rationalized in terms of a 
precipitation process that first involves the formation 
of a solute atmosphere around the dislocations, the 
solute atmosphere in turn gives way to a precipitate 
that forms at the longer aging times. In either case, 
the increase in forest dislocations or the formation of a 
precipitate along the dislocation, the initially active 
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The 


initially active length of the dislocation is of course 


length of the dislocation would be reduced. 


only a part of a Frank—Read source.) 

The experimental observation depicted in Fig. 1 can 
be explained as follows. As the temperature in the 
tension tests is decreased, the strength of the line 
tension 7’ is increased, partly because the width of the 
dislocation is smaller at low temperatures than at the 
higher temperatures. The line tension of the disloca- 
tion increases with a decrease of the width of the 
dislocation, according to Nabarro™® or Fig. 6. Thus, 
since C decreases with an increase in 7’, in equation (8) 
and the X ~ ¥ curve does not have a maximum for 
values of C less than 4, the specimen should not show a 
sharp vield point at the low temperatures. However, 
since C is also a function of A, the density of solute 
atoms per unit length along the dislocation, a yield 
point will be realized at the low temperatures provided 
K is increased. Since the solute atoms arrive at the 
dislocation by a diffusion process, the density of 
solute atoms at the dislocation X is time dependent’? ® 
of the form: 


At a constant aging temperature the density of solute 
atoms at the dislocations increases with aging time 
and for sufficiently large aging times C is greater than 
4 and thus a sharp yield point occurs at the larger 
aging time. 

The experimental observations shown in Fig. 2— 
that under a constant aging time, the elastic limit of 
the material increased with the aging stress and finally 
approached the yield point of the material at the 
critical aging stress, and the yield point became 
sharper with increasing aging stress—can be explained 
as follows: Schoeck and Seeger’s"” calculation of the 
increase of elastic energy, AF, of a dislocation of 
width # which was displaced from a straight line to a 
semi-circle of radius R is shown in Fig. 5. The line 
tension, 7’, is obtained from Fig. 5 by taking the slope 
d(AE)/d(7R), and as shown in 


The curvature of the 


of the curve, i.e. T 
Fig. 6, T increases with R. 
dislocation during aging is proportional to the aging 


stress, thus, 
(10) 


1/R x 


and as oy increases, R decreases and therefore 7’ also 
decreases. Thus an increase in o, results in a larger 
value of C and consequently a sharper yield point as 
experimentally observed in Fig. 2. Since the width of 
the dislocation, 9, decreases with decreasing tempera- 
ture, the value of 7’ increases with decreasing tempera- 
ture as previously mentioned in the discussion. 
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Fic. 5. The increase of elastic energy AE, of a dis- 


width 
? from a straight line, where yu is 


location with a 
semi-circle of radius 
the shear modulus of the material. 


which was displaced to a 


If the critical yielding occurs at a constant value 
of 


time and the aging stress for the occurrence of a yield 


there should be a relation between the aging 


point at 77°K. We cannot obtain the exact form of 
this relation since the dependency of the line tension on 
the aging stress and temperature has no explicit form. 
However, it is possible to obtain an approximate 
relation which can be used to summarize the quali- 
tative check of the theory with the experimental 
observation. It should be noted that the technique 
used to obtain the relation is based upon the assump- 
tions that were discussed with reference to equations 
(9) and (10) and Fig. 6. 


T 


ie) 2 3 a 5 6 
R/@A 


Fic. 6. The line tension 7' of a semi-circle dislocation 
of a radius R. 
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The yielding parameter C is taken as a function of ¢ 
and o, by means of equations (8), (9), (10) and Fig. 6 
for a given testing temperature. The assumptions that 
the experimental observation of Fig. 1(d) represents 
the critical vield point, ¢ = 2800 see and ao, = 15000 
lb/in?, and that the density of solute atoms at the 
dislocation A = 1/b resulted in a proportionality 
constant of 1.7 
Thus, the expression for the yielding criteria C = 4 


105 see in equation (9). 


becomes 


= 1.4 x 108 sec”*/dyn. (11) 
The values of L, A, and p are the same as previously 
used. By taking 7 = 3 eV per atomic plane under the 
aging stress of a, = 15000 |b/in?, the corresponding 
value of R/§ = 3.5 is obtained from Fig. 6 and equation 
(10) becomes 

52500 Ib/in?/R/O. (12) 


Fig. 6 used in conjunction with equation (12) enables 
us to evaluate 7 as a function of a, in equation (11), 
and the relation between ¢ and o, under the condition 
(' = 4is shown in Fig. 7 by a solid line. 

There is of course some uncertainty in the selection 
of a critical vield point as defined in this paper. Thus 
15000 


if the aging parameter of ¢ = 2000 sec and o, 


lb/in? are used as the critical vield point in the 
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Fic. 7. The cross-hatched band shows the aging times 
and stresses which resulted in critical yielding. 
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determination of the proportionality constant of 
equation (9), the lower dashed curve is obtained. The 
results shown in Fig. 7 are supported by the experi- 
mental data. In agreement with the theory those 
specimens which had aging stress and aging time 
coordinates above the band had a yield point, while 
the loci of aging times and stresses below the band did 
not have a yield point. The intensity of the yield 
point increased as the aging stress—aging time co- 
ordinates for a specimen lie further from the band 
on the yield point region of the graph. 

In the approximations used to obtain the curves 
shown in Fig. 7 it should be noted that the evaluation 
of the line tension is uncertain. However, a variation 
in the value of the line tension results in a change of 
the curve with respect to the abscissa thus leaving the 
form of the curve unchanged. We conclude then that 
the qualitative aspects of the mathematical treatment 
are in reasonable agreement with the experimental 
observations. 

5. CONCLUSION 


The dislocation theory of the vield point phenomena 
in iron and steel is based upon the concept of the 
presence of an atmosphere along the dislocations. It 
has found that 
yield point is not found even though an atmosphere 


been under certain conditions a 


exists. Thus, we conclude that while the presence of an 
atmosphere for a yield point may be a necessary 
condition for the existence of a yield point it is not a 


sufficient condition. The dislocation line tension and 


solute atmosphere density along the dislocation are 
factors that also influence the vielding of ingot iron. 
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DISPERSION HARDENING* 


W. H. MEIKLEJOHN? and R. E. SKODA+ 


The increase in yield strength of solid mercury due to dispersed iron particles is experimentally 
determined to be proportional to d/(.\ d) and therefore a function only of d/.A, where d is the particle 


diameter and \ is the spacing between centers of the particles. Since d/ is proportional to f!/3, where 


f is the volume fraction of precipitate, these results show that the yield strength is a function only of the 


volume fraction of precipitate. In the case of coherent particles, the stressed region through which 


dislocations will not pass must be included. An investigation of the temperature dependence of the 


yield strength shows that the increase in yield strength at any absolute temperature 7 is proportional 


to d(T, T)/(A d), where T,, is the melting point of the mereury matrix. 


The decrease in yield strength of overaged precipitation hardened systems is attributed to a loss in 


coherency between the matrix and precipitate and not to an increase in spacing between particles, 


DURCISSEMENT 


DE 


DISPERSION 


L’accroissement de la résistance a la rupture du mercure solide dai a la présence de particules de fer 
cispersées, a été déterminée expérimentalement. Il est proportionnel a : d//(A et il est uniquement 


fonction de //A, ot. d est le diamétre de la particule et A la distance entre centres de particules. Puisque 


d/.\ est proportionnel a f1/3 ot f est la fraction de précipité exprimée en volume, cesrésultats montrent que 


la résistance est fonction uniquement de la fraction volumétrique de précipités, 


Dans le cas de particule: cohérentes, la région sous tension, qui ne peut pas étre traversée par les 


dislocations, doit étre inclue. Une étude de leffet de la température sur la résistance a la rupture montr 
T)/(A /),ot T,,, est la température de fusion 


que laccroissement de celui-ci est proportionnel a d(T 


m 


du mercure et 7’ une temperature absolue quelconque. 


Les auteurs attribuent la diminution de résistance des systemes survieillis, A une diminution de 


cohérence entre la matrice et le précipité, et non a un accroissement de la distance entre particules. 


DISPERSIONSAUSHARTUNG 


Die Zunahme der FlieBspannung von festem Quecksilber, die von feinverteilten Eisenteilchen 
herriihrt, ergibt sich experimentell als proportional zu d/(.A d) und ist deshalb nur eine Funktion 
von d/.A, wobei d der Teilchendurchmesser und A der Abstand zweier Teilchen ist. Da d/A proportional 


zu f'/* ist, wobei f den Volumanteil der Ausscheidung bedeutet, zeigen die Resultate, daB die FlieBgrenze 


nur eine Funktion des Volumanteils der Ausscheidung ist. Im Fall koharenter Ausscheidungen mu 


das verspannte Gebiet, durch welches die Versetzung nicht dringt, mit eingeschlossen werden Eine 


Untersuchung der Temperaturabhangigkeit der FlieBspannung zeigt, daB der FlieBspannungszuwachs 


bei der absoluten Temperatur 7 proportional zu d(T, T)/(A d) ist, wobei 7 die Schmelz- 


temperatur der Quecksilbermatrix bedeutet. 
Die Abnahme der FlieBspannung in iiberalterten Aushartungssystemen wird dem Verschwinden de1 
Koharenz zwischen Matrix und Ausscheidungsteilchen zugeordnet und nicht einer Zunahme des 


Abstands zwischen den einzelnen Teilchen. 


INTRODUCTION The theory of Orowan was put forward to explain 


The theories of dispersion hardening which deal dispersion hardened systems and _pre- 


with the yield strength are due to Mott ..°.®, 
Nabarro,4,5,) and Orowan'?). The theories of Mott hen A > Gb/a,and A » d,where A is distance between 
the center of the particles, G is the rigidity modulus, 


dicts that the yield strength is proportional to 1/A 


and Nabarro deal with a flexible dislocation line 


b is the Burgers vector, a, is the internal shear stress 


moving through a stress field caused by the precipi- 


tate particles. They calculate that the yield strength and d is the diameter of the particles. The prediction 


is in disagreement with the result of this investigation 
which shows that o ~ d/A for the case of A >> d and 
A > 


In spite of this disagreement, we wish to emphasize 


is a function of the volume fraction of solute atoms and 


the state of dispersion. This prediction is in disagree- 


ment with the results of this investigation which show 
that the yield strength is a function only of the volume 
fraction of the dispersed phase through which disloca- 


even more strongly that the concept of the flexible 


tions will not pass dislocation line put forth by Mott and Nabarro and 


the concept of the “by-passing” of obstacles by dis- 


location lines with the prediction of ox1/A put forth 


* Received December 28, 1959; revised January 29, 1960. — by Orowan were the starting points of this investi- 
+ General Electric Research Laboratory, Schenectady, ath 
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The iron mercury system was chosen for this investi- 
gation because iron particles can easily be created in 
mercury by electrodeposition. lron particles are 
created in the mercury after the solubility (1 part in 
10°) is reached. The particles can be made as small as 
50 A diameter. These iron particles are very uniform 
in size and are wet by the mercury. The particles are 
essentially ellipsoids of axial ratio 1.5-1. They can be 
grown by heat treatment (100-200°C) to any size up 
to 1000 A, and even larger, still maintaining the same 
shape. Having iron particles of a given diameter in 
mercury, the spacing between the particles can be 
varied by merely adding mercury, or removing 
mercury. 

The tensile tests were performed at liquid nitrogen 
temperature on extruded wire specimens. 


PREPARATION OF TENSILE SPECIMENS 

As a result of previous work’) on the magnetic 
properties of iron amalgams we could prepare mer- 
cury containing iron particles of uniform diameter in 
the size range of 50 A-1000 A. The procedure con- 
sisted of placing 80 cm? of pure mercury in a 600 ml 
beaker with a 0.35 molar ferrous ammonium sulfate 
solution above the mercury. 

An iron anode was suspended in the electrolyte 
above the mercury and electrical contact was made to 
the mercury cathode. A current of 3 A (5.6 A/cm?) 
was passed through the solution while the mercury 
was being stirred. The plating time was varied to 
obtain the desired concentration. The cathode effi- 
ciency of plating was about 90 per cent. The iron 
particles obtained from this procedure are about 50 A 
diameter and are uniformly dispersed in the mercury. 

Let us concern ourselves right now with the prepara- 


tion of tensile specimens containing these 50 A 


diameter particles with various spacings between 
particles. The mercury obtained from the plating 
procedure has 50 A particles of a given spacing be- 
tween particles that is determined by the amount of 
iron electrodeposited in the mercury. This 80 cm? of 
mercury was then divided into eight batches of 10 em? 
each. Different amounts of mercury were added to 
four of the batches to increase the spacing between 
the particles to a predetermined value. The spacing 
between the particles in the remaining four batches 
was decreased by holding a beaker containing a 10 
em® batch in a 20,000 Oe magnetic field and pouring 
off a predetermined amount of mercury. The mag- 
netic field holds the iron particles while some of the 
mercury is free to be poured off. Because the iron 
particles wet the mercury, there is a lot of mercury 
that cannot be poured off. To decrease further the 


spacing between the particles it is necessary to force 
the mercury through a chamois, which will hold back 
the iron particles. 

In order to ensure that the particles are uniformly 
distributed in the tensile specimen it is necessary to 
chill cast the mercury containing the iron particles. 


If this is not done the particles will be pushed ahead of 


the solid—liquid interface as the mercury solidifies. 
Moreover, in order to insure a small grain size, com- 
pared to the diameter of the test specimen, the chill 
cast mercury was extruded, as suggested by Gutt- 

The extrusion die was immersed in liquid nitrogen. 
This cooled the die to liquid nitrogen temperature and 
also excluded moisture from the die. One of the 
batches of mercury containing iron particles was then 
poured into the die and it solidified very rapidly. The 
die was then placed in a press and a 0.064-in. diameter 
wire of mercury containing iron particles was extruded 
into liquid nitrogen bath. The wire was cut with a 
pair of wire cutters to the proper length for tensile 
test as it was being extruded. 


HEAT TREATMENT 

The particles of iron were grown to a larger diameter 
than that obtained in the plating procedure by placing 
the beaker of iron amalgam in an air oven. The oven 
was constructed to condense the mercury vapor formed 
during the heat treatment. 

The time and temperature of heat treatment to 
obtain a given particle diameter was determined from 
the previous work of Meiklejohn’ and Luborsky“® on 
the magnetic properties of iron amalgams. Using 
the curves of particle diameter vs. time of heat 
treatment, Fig. 1, Ref. (7), it was possible to select a 
heat treatment that would give approximately the 
desired particle diameter. The actual particle diameter 
was determined in a manner to be described later. 

Tensile specimens of the heat treated iron amalgams 
with various spacings between particles were prepared 
in the same manner as described for the 50 A particles. 


PARTICLE SIZE AND SPACING 

The diameter of the iron particles was determined 
by magnetic coercive force measurements and by 
electron microscopy. The coercive force was measured 
in a manner described in Ref. (7). Using the coercive 
force and the curve of coercive force vs. particle 
diameter shown in Fig. 3, Ref. (10), it was possible 
to determine the iron particle diameter. This method 
was used to obtain the particle diameters shown in 
Fig. 7 of this paper. 

The particle diameters shown in Figs. 3 and 4 of this 
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paper were determined by electron microscopy. The 
mercury containing the iron particles was placed in a 
“mercury oxifier’” which allows oxygen to diffuse to 
the iron particles and oxidize the surface of the par- 
ticles. The particles are no longer wet by the mercury 
and they float to the surface to form a black powder. 
This powder is collected and prepared in the usual 
manner for electron microscopy. An electron micro- 
graph of 115 A particles is shown in Fig. 5 of Ref. (8). 
It should be emphasized that this dispersion of par- 
ticles is not that of the particles in the mercury. Work 
is in progress to replicate the surface of the solid 
mercury to determine the dispersion of the particles, 
as well as the grain size. 

The dispersion of the iron particles in the solid 
mercury was assumed to be uniform. The spacing 
between particles was determined by the formula 
A = n~'3 where A is the spacing between centers of the 
particles and » is the number of particles per cubic 
centimeter. 

The number of particles per cubic centimeter was 
determined by the formula » = 6V,/7d°V, where V, 
is the volume of iron in the mercury, d is the diameter 
of the iron particles and V, is the total volume of iron 
and mercury. 

From these formulae it is found that 

A = 0.82d/f1/8 (1) 


where f is the volume fraction of iron in mercury. 


TENSILE TESTING PROCEDURE 
The tensile testing equipment is quite similar to that 
described by Andrade“. The horizontal arrange- 
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ment of the test specimen as shown in Fig. 1 lends 
itself better to loading the equipment than does a 
vertical arrangement. The specimen can be easily 
manipulated while it is under liquid nitrogen. The 
liquid nitrogen container is styrofoam and an Instron 
head is mounted on rollers to measure the load. The 
Instron chart is not shown in Fig. 1. A synchronous 
motor turns a pulley to apply the load at a constant 
strain rate of 0.1 in/in/min. 

The horizontal guide consists of a rod that has 
been milled flat along its length on three sides with 
120° between flats. Ball bearings push against these 
flat surfaces to provide a minimum of friction, and yet 
guide the slide. Resistors are attached near these 
rollers and are used as heaters to prevent ice from 
forming on the slide. 

The major problem that had to be solved in the 
testing equipment was the breaking of the specimens 
at the chucks. The chucks are standard pin vices that 
are mounted in ball bearings so that the specimen 
could be rotated. A mesh screen wire was used inside 
the chucks and this reduced the breaks at the chuck to 


a small percentage of the total breaks. 


YIELD STRENGTH AS A FUNCTION OF A AND ¢/ 
We decided to plot the yield strength against the 
reciprocal of the particle spacing to determine if the 


Orowan relation for the yield strength (¢,), o,x1/A 
was true for this iron mercury system. We found that 
we did not get straight lines and shifted to the modi- 
fied Orowan relation 

a,a1/(A — d) (2) 


:. 1. Apparatus for measuring the yield strength of mercury wires 
at liquid nitrogen temperature. 


775 
wt 
4 


A dislocation loop passing between particles of 
diameter d and spacing between centers .\. 


Fic, 2. 


and found that this did hold for a given particle 
diameter. Fig. 2 shows a dislocation line pinned in the 
modified Orowan fashion. 

The vield strength was taken as the strength at 1/4 
per cent strain, and the stress-strain curves were 
measured at 0.1 in/in/min strain rate. Essentially the 
same results are obtained if the vield strength is 
determined at —50 per cent of this strain. The effect 
of strain rate was not investigated. 

A plot of the vield strength asa function of (A — d)"! 
is shown in Fig. 3 for different particle diameters. It is 
observed that the results do obey equation (2) for a 
The data been 


without obtaining 


given particle diameter. has also 
plotted against (A)~! and (A 
d) is the mean free path 
hetween particles, and is given by A — d = d(xf/ 
()) § — 2/3d where A is the spacing between centers of 


a linear relationship. (A 


particles, d is the particle diameter and f is the 
volume fraction of precipitate. 

The result shown in Fig. 3 is described by the 
equation 
f(d)/(A — d) (3) 


u 


where o, is the vield strength with particles of diam- 
eter d and spacing A, oy is the vield strength of the 
mercury matrix, /(d) is the slope of the lines and is a 
function of the particle diameter. 

It was necessary to determine f(d), so the slopes were 


plotted as a function of the particle diameter as shown 
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Fic. 3. Yield strength of mercury containing iron 


particles of the diameter shown plotted against 


(A — d)-. 


Measurements at 77° K. 
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in Fig. 4. Since this result is described by the relation 


f(d) = ad (4) 


where @ is a constant we can substitute equation (4) 
into equation (3) and obtain 
a(d/A) 


ad/(A 
u /( ad) 


(5) 


Equation (4) tells us that the increase in vield 
strength due to a dispersed second phase is a function 
only of d/A. The particles can be of any diameter and 
any spacing and as long as d/A is the same value, the 
vield strength will have the same value. 

If we substitute equation (1) into equation (5) we 
obtain 
af'/3/(0.82 — (6) 


O Oy 


Now we see that the increase in vield strength due 
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Fic. 4. Slopes of the lines in Fig. 3 plotted as a 
function of particle diameter. 


to a dispersed second phase is a function only of the 
volume fraction of dispersed phase. Obviously the 
dispersion must be uniform on a macroscopic scale, i.e. 
a tensile specimen containing one steel ball would not 


obey equation (6). 


INFLUENCE OF EXTRUSION 


The extrusion of the mercury containing iron 


particles probably results in some work hardening of 
the material which should be eliminated by an anneal 
in order to measure only the particle hardening. 

We measured the vield strength of material con- 
taining 50 A iron particles in various concentrations, 
both as extruded and after annealing for 3 hr at 
190°K (80 per cent of the melting point) and found 
a very small difference. The results are shown in 
Table 1. Only the pure mercury specimen showed an 
appreciable change due to the anneal. One explanation 
of these results is that the increase in yield strength 
due to the extrusion process is very small compared to 
the effect of the particles. 
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TABLE |. The ratio of the yield strength of annealed (80 per 

cent of melting point) specimens to extruded specimens is 

shown for various per cent volume fractions of iron particles 
(50 A diameter) 


f o, annealed 
(%) o, extruded 
0.7 0.95 
O54 1.02 
0.10 0.98 
0.03 0.98 
0.013 0.92 
0 0.72 


YIELD STRENGTH AND COHERENCY 

If a “best fit” straight line had been drawn through 
the data of Fig. 4, it would not go through the origin. 
The line was drawn through the origin because we 
believe that the yield strength of the 50 A and 120 A 
particles are high because of coherency with the 
matrix. 

The lattice spacing of the (100) face of iron is 2.861 
and the lattice spacing of the (100) face of the mercury 
is 2.999. This is a 5 per cent difference which is a little 
greater than one would like in order to predict 
coherency. The rhombohedral cell of the mercury 
has an angle of 98°15’. Although the lattice para- 
meters are not as close as one would like in order to 
predict coherency, they certainly are not so different 
as to preclude coherency. 

X-ray diffraction experiments have not elucidated 
the problem. An indirect approach was taken to 
investigate the idea of coherency in the 50 A and 120 


A particle sizes. The reasoning proceeds as follows. If 


the vield strength is a function only of the volume 
fraction of precipitate, then a batch of material of a 
given volume fraction of iron should have a_vield 
strength vs. particle diameter curve as shown in Fig. 
5. An important point to be established is that, as co- 
herent particles grow in diameter, the coherent region 
increases in such a manner that if the volume fraction 
of iron remains constant the volume fraction of 


f= CONSTANT 


oy, psi. 


COHERENT 


dinA 


Fic. 5. Predicted behavior of the yield strength as a 
function of particle diameter for a constant volume 
fraction of particles. 
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coherent region plus iron remains constant, although 
greater in value. 

Consider a particle of radius 7, as shown in Fig. 6, 
From elasticity theory where is the 
strain, &) is the strain at the surface and r, is the radius 
vector. This relationship is shown in Fig. 6 and for 
convenience the curve is shown in relation to the 
particle. Also we may write o = Ge = Ge,(r,/r)' 
where (@ is the shear modulus. Now if the dislocation 
moves toward the particle until it reaches a stress 
region og, which it cannot pass through, then the 
effective particle diameter is r,. So we have o, 

G €9(r9/7,)°. Now we wish to show that the ratio of the 


volume of the iron particle to the volume of region 


Fic, 6. Stress and strain in the matrix around a 
coherent particle of radius ry. 


through which the dislocation will not pass is inde- 


pendent of the particle diameter. 


4/3ar,> Ge, f 


where f’ is the volume fraction of coherent volume plus 
particle volume and /f is the volume fraction of par- 
ticles. Since o,, @ and eé, are constants then f’// 
remains constant as the particles grow. 

Such an experiment was performed ona given volume 
of iron and mercury prepared by T. O. Paine to have a 
very uniform particle diameter. The material was 
tested, heat treated to a larger particle diameter and 
tested, re-heat treated and tested many times. 

The results of this experiment are shown in Fig. 7 
Although we established the behavior predicted in 
Fig. 5, we also found a peculiar behavior below 50 A 
diameter (25 A particle radius). The loss of coherency 
appears over a very narrow region of 100-125 A 
particle diameter. The fact that it is not an abrupt 
drop may be due to a slight spread in particle diam- 
eters or a statistical distribution of coherent and 


incoherent particles for a given particle diameter. 
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Fic. 7. Yield strength of mercury containing iron 


particles as a function of particle diameter with a 
constant volume fraction of particles. Measurements 


at 


Although these results do not establish coherency in 
the of 50-125 A the 
results are certainly consistent with this point of view. 
In fact one can determine that the effective particle 
Assuming an 


range particle diameters, 


diameter has a reasonable value. 


effective volume fraction f’ in the coherent region and 
a volume fraction f in the incoherent region we have 


o (0.82 — fl’) /f’\ 3 
where o’ and a are the vield 

strengths in the coherent region and _ incoherent 


Using equation (6) and the 
1.5d where d’ is the 


regions, respectively. 
data of Fig. 7 one obtains d’ = 
effective diameter in the coherent region and d is the 
actual particle diameter. Hence, the thickness of the 
highly stressed shell around the 50 A particle is 12 A 
and around the 100A particle is 25 A. These are 
reasonable values. 

The reason for the increase in yield strength below 
the 50 A particle diameter is still being investigated. 
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8. Predicted behavior of yield strength as a 


Fic. 
function of time of heat treatment for a precipitation 
hardened alloy. 
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PRECIPITATION HARDENING 


Equation (6) describes the yield strength as a 
function of the volume fraction of dispersed phase 
through which dislocations will not pass. 

The application of this equation to a precipitation 
hardened system predicts a curve for the vield strength 
as a function of time as shown in Fig. 8. Section a of 
the curve represents precipitation of a coherent 
second phase at a constant rate until it is all precipi- 
tated at time ¢,, then the yield strength remains 
constant as in section 6 until time f,. Section ¢ 
represents loss of strength due to loss of coherency 
which occurs over a period of time due to a particle 
size distribution. At time f, all the second phase is 
incoherent and the vield strength remains constant as 
in section d. The curve will tend to be smoothed out if 


iron 


Fic. 9. Yield containing 


strength of 
particles as a function of temperature for specific 


mercury 


values of d/(\ — d). Measurements at 77 K. 


there is a large particle size distribution or if the 
precipitation does not occur at a constant rate. 


TEMPERATURE DEPENDENCE OF THE 
YIELD STRENGTH 

The temperature dependence of the vield strength 

for a given value of d/A was investigated with the 

result shown in Fig. 9. These results are expressed by 

the equation 


o,(d/A, T) = F(d/A)(T yy T) (7) 


where o,,(d/A, 7) is the yield strength of iron particles in 
mercury of diameter d and spacing A measured at a 
temperature 7’. F(d/A) is the slope of the lines in Fig. 
9 which is a function of d/A. 7',, is the melting point of 
the mercury matrix. 

To determine F(d/A) the slopes were plotted as a 
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Fic. 10. Slopes of the lines of Fig. 9 plotted against 
d/(A — d). 


function of d/(A — d) as shown in Fig. 10. This data is 
expressed by 


F(d/A) = F(0) + bd/(A — d) (8) 
where F(0) is the slope of line for pure mercury. 
Combining equations (7) and (8) 


bd 


o,(d/A, T) = F(O)(Ty, — T) A—d 


but it is obvious from equation (7) that 
F(0)(T,, — T) = 4,(0, T) (10) 
so we may write 


o,(d/A, T) — o,(0, T) bd (1) 
Ty —T 


Substituting equation (1) into this equation we obtain 


= 12 
0.82 — 


Al 

Ty —1 
Equation (12) describes the dispersion strengthening 
of the iron mercury system as a function of tempera- 
ture and the volume fraction of precipitate. This 
equation was used to describe the data shown in 
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Fic. 11. Experimental data compared with the 
predictions of equation (12). 
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The data on the ‘‘coherent”’ 50 A and 120 A 
volume 


Fig. 11. 
particles has been omitted because the 
fraction of particle plus coherent region cannot be 
determined. The data agree with equation (12). 


BEHAVIOR AT HIGHER VOLUME 
FRACTIONS 


The data shown in Fig. 11 were extended to higher 
volume fractions of iron and the results are plotted in 
Fig. 12. 
the volume fraction at a stress of 7000 Ib/in? and 8 per 


The yield strength becomes independent of 


cent volume fraction. This break in the curve is 
believed to be due to reaching a stress at which other 
slip planes become active. At this stress, cross-slip 
occurs and the dislocation loops climb over the 


particle. 
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Fie, 12. Yield strength of mercury containing iron 
particles. 
LIMITING YIELD STRESS 

The yield stress for iron particles in mercury reaches 
a maximum value as shown in Fig. 12 and remains 
constant as the spacing between particles is decreased. 
There are two possible reasons for this behavior. One 
is that at this maximum stress of 7000 Ib/in? cross-slip 
takes place, and the dislocation loops climb over the 
particles instead of leaving a dislocation loop around 
the particles as in the Orowan mechanism. 

Another explanation of the behavior would be that 
the dislocations pass through the particles at this 
stress level. A rough calculation of the stress due to a 
pile-up of the dislocations gives a value of 10° Ib/in? 
which is greater than the vield strength of iron of usual 
dislocation content. However, since these particles are 
small, there is the chance that they are free of disloca- 
tions and this stress would not be sufficient to shear the 
particles. 

Which process is operative in this mercury iron 
system has not been determined. 


EXTENSION OF RESULTS TO USEFUL 
MATERIALS 


We believe that the results of our investigation of 
the iron mercury system are directly applicable to 
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other materials that derive their properties, or change 
in properties with heat treatment, solely from a dis- 
persed phase. An additional requirement is that the 
dispersed phase must be infinitely strong compared 
to the matrix so that the dislocations will not shear the 
particles. 

Equations (5) and (6) are directly applicable to these 
materials and even equation (12) may apply in many 
cases. Since it is extremely difficult to measure the 
particle diameter and spacing in useful materials, 
equation (6) is better to use for a comparison. Even 
here there is some difficulty, because one must deter- 
mine the actual volume fraction of dispersed phase and 
know that it is incoherent with the lattice, or know the 
volume fraction of particles plus coherent region. We 
believe that in most cases, the iron mercury system 
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Fic. 13. Data of Turkalo and Low compared with the 


predictions of equation (12). 
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being an exception, the amount of dispersed phase 
cannot be determined from chemistry and a phase 
diagram. We believe that the determination of the 
volume fraction of dispersed phase by electron 
microscopy is much more reliable. 

Figure 13 shows a comparison of equation (16) and 
the room temperature data of Turkalo and Low“? 
ov the vield strength of steels. The volume fraction of 
precipitate was determined by electron microscopy 
and therefore should compare favorably with equation 
(6). The data on one steel departs considerably from 
the curve and we have no explanation for this behavior. 
The extrapolated value of the yield strength for pure 


iron is in good agreement with actual data. 
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A THEORY OF DIFFUSION OF IMPURITIES IN PURE SILVER* 


J. M. TOBIN+ 


A new ionic model for the determination of H and D by the method used by Lazarus has been used to 
obtain values for period V elements in silver with an improved agreement between calculated and 
observed values. 

With the same model, the difference in ion core size and effective nuclear charge in periods TV and VI 
was used to calculate values of H and D. The agreement for the activation energy values is within 3 
per cent except for the element gold. The observed lower values of activation energies for periods IV 
and VI than for corresponding elements in period V is explained to be a result of their effects on the 


repulsive potentials, 


THEORIE DE LA DIFFUSION DES IMPURETES DANS L’ARGENT PUR 

L’auteur utilise un nouveau modéle ionique pourla détermination de H et de D par la méthode de 
Lazarus. Il obtient des valeurs pour les éléments de la période V qui conduisent & un meilleur accord 
entre les valeurs calculées et expérimentales. En utilisant le méme modéle, auteur a calculé également 
les valeurs de H et D en utilisant la différence de dimensions du noyau ionique et la charge nucléaire 
effective des éléments des périodes [IV et VI. Sauf pour lor, l erreur dans la détermination des valeurs de 
l’énergie d’activation, est inférieure a 3°,. 

On explique que les faibles valeurs observées pour les énergies d’activation des éléments des périodes IV 


et VI par rapport aux éléments correspondant de la période V, 


répulsifs, 


résultent d’effets sur les potentiels 


THEORIE DER DIFFUSION VON VERUNREINIGUNGEN IN REINEM SILBER 


Fiir die Bestimmung von H und D nach der Methode von Lazarus wurde ein neues Lonenmodell 


benutzt. 


Damit wurden Werte fiir Elemente der Periode V in Silber bestimmt, es ergab sich verbesserte 


Ubereinstimmung zwischen berechneten und beobachteten Werten. 
Mit demselben Modell wurden Werte von H und D fiir Elemente der Perioden [TV und VI auf Grund 
der Unterschiede der GréBe der Ionenschalen und der effektiven Kernladung berechnet. Abgesehen 


von Gold stimmen die Werte der Aktivierungsenergie innerhalb 3°, iiberein. 


DaB man fiir Elemente 


der Perioden IV und VI geringere Werte der Aktivierungsenergie beobachtet als fiir die entsprechenden 
Elemente der Periode V, wird als Ergebnis ihrer Wirkung auf die AbstoBungspotentiale erkliart. 


INTRODUCTION 


The recent use of radioisotopes in the study of 


diffusion has made it possible to obtain more accurate 
diffusion coefficient measurements. Much of this gain 


in accuracy is attributed to the high specific activity of 
the isotopes and the improved sensitivity of analysis of 


the concentration of the impurity atoms diffusing in 
pure solvent metals. It is now possible to interpret the 
data to find regular relationships indicating the 
mechanisms involved in impurity diffusion. 

An important step towards an understanding of the 
diffusion of impurities in metals was made by Laza- 
rus). He showed a correlation between the frequency 
factor, Dy, and the activation energy, H, in the equation 


D = D, exp —(H/RT) (1) 


which expresses the usual temperature dependence of a 
diffusion coefficient, D, when 7 is the absolute tem- 
perature and R is the gas constant. He also developed 
equations for calculation of the activation energy and 
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frequency factor by comparison with the corre- 
sponding values for silver self-diffusion. The theory 
is successful in explaining the measured values of D, 
and H for cadmium, indium, and tin™ and antimony?) 
as impurities in pure silver. The calculation is based 
on the electrostatic repulsion between silver and 
impurity ions, and the effect of this repulsion on the 
microscopic elastic moduli. 

The success of the theory is limited thus far to a few 
impurity elements in period V because it deals pri- 
marily with the screened nuclear charge and does not 
account for the chemical nature of the impurities, the 
periodic variation in their chemical nature, nor the 
difference in effective nuclear charge bet ween chemical 
periods. Improvements in the theory, as suggested by 
Lazarus, deal with the interaction energy between the 
screened solute atom and a vacancy, as shown by 
Alfred and March), or with the size of the impurity 
ion. 

A new model of the impurity ion in silver has been 
found which accounts for variations in the electronic 
configuration of the impurity ions, their effect on the 
electrostatic repulsion potential and the size of the ion 
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cores. Using this model, the Lazarus theory has been 
extended successfully to elements in periods IV and 
VI, including the recent data on diffusion of krypton” 
and xenon'®) in silver. 
THEORY AND RESULTS 

(1) Model of impurity ion in silver 

For many years, the mobility of impurity atoms 
diffusing through a metal was compared with the size 
of the atom. In particular, the activation energy, H, 
was thought to be proportional to the Goldschmidt 
atomic radius, where the atoms larger than solvent 
metal atoms are more mobile than atoms which are 
smaller. The large atom was said to be easily rejected 
from a lattice site because of its misfit, or its elastic 


strain energy. The available data for the diffusion of 


thirteen impurity elements in silver do not follow this 
relationship, as indicated in Fig. 1. In fact, both large 
and small atoms diffuse in silver with low activation 
energies. 

One model of an impurity atom present in a mono- 
valent metal was suggested by Jones). He assumed 
that the impurity atom releases its valence electrons 
to the monovalent metal lattice upon solution. Then 
the dissolved ion has extra positive charges, Y, equal to 
the difference in valence. This model was used by 
Lazarus, and he called Q@ the excess valence. The im- 


purity ion in this model is isoelectronic with the silver 


ion, Ag*!: that is, it is considered to have the same 


number of electrons as the pseudo-inert gas ion, Ag*!. 
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The excess valence in this series of isoelectronic ions is 
the difference in nuclear charge, and therefore 


= Zimp Z ag: (2) 


Lazarus used examples of Q = +4 for antimony 
(Z = 51) in silver (Z = 47), andQ = —3 for ruth- 
enium (Z = 44). These values of QY are determined 
by the number of the element in the periodic 
table. 

The application of equation (2) is limited to those 
elements which can form ions which have the electronic 
configuration of 1s?, 2s?2p®, 3s73p%3d!9, 
in silver. Elemental palladium (Pd°), monovalent 
silver (Ag*!) and divalent cadmium ions (Cd*?) have 
this electronic configuration. However, a considerable 
amount of energy is required to form In*3, Sn*4 or 
Sb*®. The chlorides of these elements are primarily 
covalent, rather than ionic, which indicates that the 
valence electrons are not removed from the atom, 
but are shared with the chlorine atoms. InCl,, for 
example, has physical properties similar to AICI. The 
possibility of forming the multivalent ion Xe** is even 
more remote. 

Therefore, the present model assumes that there is 
not sufficient energy available by solution in silver to 
form multivalent ions. Silver, copper and gold will be 
monovalent in the metal lattice. The rest of the metal- 
lic elements will appear to be divalent. The non- 
metallic elements will be assumed to be monovalent so 
that they will be small enough not to strain the lattice. 
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Activation energy for diffusion in Silver, Q, 
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Thus, all the elements from copper to krypton, silver 
to xenon, and gold to radon will be either monovalent 
or divalent positive ions in silver. The electrostatic 
repulsion potential for the multivalent ions can be 
simply related to that for the monovalent or divalent 
ion models, as shown in the following section. 

It is also assumed that there is a simple periodic 
relationship between the diffusion mobilities of ions 
having the same electronic configuration, but different 
principal quantum numbers. The electron density 
around the Cu*(3d!°), Ag*(4d™), and Au*(5d*®) ions 
is spherically symmetrical, according to Unséld‘*). 
Using these three ions as basic structures, it is possible 
to make approximate quantum-mechanical calcu- 
lation of the forces operating between silver and 
impurity ions by the methods described by Pauling. 


(2) Electrostatic potential around the ions 

According to the laws of electrostatics, the potential, 
¢, around the positively charged nucleus of an atom 
decreases inversely with distance, r, and directly with 
the charge, Ze, thus 


d(r) 


where Z is the nuclear charge of the element, and e is 


(Ze)/r (3) 


the unit of charge. However, the decrease of potential 


is more rapid than indicated in equation (3) because of 


The 
charge on the nucleus is said to be screened by the 
electrons. A part of the nuclear charge is neutralized 
by the electrons. A screened potential has been given 
for metals by Mott”: thus, 


h = (ze)/r exp (—qr) (4) 


the electrons circulating around the nucleus. 


where q is a screening constant. The value of gq was 
calculated for the silver metal solvent by Mott using a 
linearized Thomas—Fermi equation, and is numerically 
equal to 1/0.58 A. 

The charge z is the ionic charge and is equal to the 
positive charge on the nucleus minus the number of 
orbital electrons, or 


In the Lazarus theory, z was set equal to the excess 
valence, Q, since the ionic charge is equal to the 
valence for the multivalent ion model. For the mono- 
valent model, z= 1, and for the divalent model, 
2= 2. 

The potential energy of a crystal changes with the 
separation distance between ions. This change can be 
used to determine the effect of ionic charge and ion 
core size on the mobility of impurity ions. The poten- 
tial energy, V, can be written as the sum of the 
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Coulombic and Born repulsive energies and the 
electronic attractive energy, J. 


V = Azre?/r + Be®/r" — J (6) 


where A and B are constants and r is the separation 
distance. The exponent » is the Born exponent and ean 
be obtained from compressibility data. A table of 
values for » is given in Table 1. 

The first differential of the potential energy with 
respect to r, if J is uniform throughout the metal 


TABLE |, Values of the Born exponent 


Ion type 
A and Cu 9 


Kr and Ag 10 
Xe and Au 12 


crystal, can be used to determine the effect of ion core 
size on the diffusion mobility. Thus, 
dV Az*e? n Be* 
dr 
At the equilibrium separation distance, the potential 


is at a minimum, and dV/dr = 0, thus 


(n—1) 


(S) 


The equilibrium separation distance depends upon the 
ionic charge, z, so that the apparent size of the ion in 
the metal, if the ion is multivalent (z = a) is 
| (n—1) 
Ay? 


And if the ion is monovalent, (z 


The monovalent ion is larger by the factor Q? 


1) 
(10) 


1) 
When this is applied to the potential function for the 
multivalent ion model, a new potential is obtained 
which accounts for the effect of a decrease in size of the 
monovalent ions on the potential with increasing 
atomic number in a periodic series of elements: 


(qr) (11) 


( 
d(r) 2/(n—1) exp 


d(r) exp 
(3) Activation energy, H 
(a) Period V (Non-transition elements). The acti- 


vation energy, H, for diffusion of an atom is the sum 


— 


of the energy, E,, for formation of a vacancy next to 
the atom and the energy, £,,, for motion of the atom 
into the vacancy, 


H = N,{E, (13) 


E,,) 
N, is Avogadro’s number. Since these energy barriers 
will be temperature dependent, the sum in equation 


(13) can be written as a Taylor’s expansion 
T dE, 
+ E,,)/dT 


(E, 0 


m 


(14) 


where second and higher order terms are neglected, 
since the observed temperature dependence of D is 
given by equation (1), and may be written as 


E,,)/RaT}] 
E., RT| 


D = [r,2v exp —(dN,(E, 


exp —[N,(E£, (15) 


where r, is the jump distance and » is the atomic vibra- 
tion frequency. Thus, D, is given by 


D, = exp —{dN,,(E, + E,,)/RdT} (16) 
and H is given by 


The increase in the energy of formation of a vacancy 
near the impurity atom depends upon its repulsive 
potential as 


AE, = —ed(r). (1s) 


The increase in the energy for motion of the impurity 
into the vacancy Lazarus") 
from microscopic shear moduli in the face-centered 


was determined by 


cubic lattice to be 


(19) 


led(r) [q?r? — Sqr — 5). 
So that the activation energy for the impurity atom is 
given by 

— 

5qr — + H(solv.) 


H(imp) 


(20) 


Monovalent 


Element 


36.3 


Ag 47 0 44.8 
Cd 45 1.00 (43.0) 
In 49 1.72 (41.6) 
Sn 50 2.35 (40.5) 
Sb 51 2.94 (39.4) 
re 52 3.50 38.4 
I 53 4.04 37.4 
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where r is 2.88 A. The activation energy for self- 
diffusion was measured as 44.09 keal/mole by Tomi- 
zuka and Sonder™® and as 45.5 kcal/mole by Sawatsky 
and Jaumot"!), The mean value is 


H(solv.) = 44.8 kcal/mole. 
The activation energies for the elements to the right 
of silver in the periodic table are found from equation 
(20) using the potential function of equation (12). 
The calculated values for the monovalent and divalent 
models are compared to the observed values in Table 2. 
A comparison is made between the calculated and 
measured values of activation energy by plotting each 
against Q”—3/"—1 for the assumed monovalent ions, and 
against (Q + 1)"-*'"—! for the divalent in Fig. 2. The 
straight line gives the calculated values of activation 
energy and has the slope 
AH/A(Q"-3'"~1) = 1.84 keal/mole 
and passes through the observed mean value for silver 
self-diffusion. The agreement with the observed values 
is good, for the assumed ionic charges. 

(b) Periods IV and VI (Non-transition elements). 
The activation energies for many period IV and VI 
elements have been determined experimentally. In a 
previous article it was pointed out that a periodic 
relationship exists among the measured values of 
H(imp). Another observation of theoretical interest 
is that elements in both period [V and VI diffuse with 
lower activation energies than the corresponding 
elements in period V, when present as impurities in 
silver. It is apparent that an independent considera- 
tion of size without allowance for nuclear and ionic 
charge effects is not sufficient to explain this effect. A 
combination of the effects is required for the explana- 
tion, since the repulsive force is directly proportional 
to the positive ionic and nuclear charges and inversely 
proportional to the distance separating the charges. 

A simple relationship of the sizes of an isoelectronic 


Observed 


Divalent 


H (obs) 


H(imp) (keal/mole) 


1.00 44.5 (10, 11) 
1.72 41.6 41.7 (2) 
2.35 40.5 40.63 (2) 

2.94 39.4 39.3 (2) 
3.50 38.4 38.32 (3) 
4.04 (37.4) 

4.54 (36.3) 


gag 
3 
| 
Kes 
| 8 
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Xe 54 4.54 5.04 37.5 (6) 
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Activation energy, H, 


2.0 
Q”™ 3/n-l 
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series of ions which have a unit ionic charge but in- The size of the ions is directly propotional to C,. 


creasing effective nuclear charge was given by The period IV impurities have lower activation 


Pauling? as energies because of the relatively smaller size, and 
C,, period VI impurities have lower activation energies 

(21) because of the greater effective nuclear charge, Z 
Z Zeott vecause O 1e greater effective nuclear charge, “err. 


If the difference in effective nuclear charge is given 


where (, is a constant, and Z — SN is the effective 


as 


nuclear charge (=Z,,,). The screening constant, S, was 
Z o¢(imp) Z ot (22) 


determined by Pauling from mole refraction’) and 


X-ray term values. he values for C,, and Zoi are then the potential function for periods IV, V and V1 is 


. 


given in Table 3. 


TABLE 3. Values for C, and Zer; 


d(r) (AZ Q)"-3/"—-1 exp (qr). (23) 
(imp) r 


Ze ott 


Cu 10.81 17.4 11.6 The calculated and observed values of period IV and 
As aon =e 11.9 V1 impurities are compared in Table 4. The predicted 
Au 22.31 62.7 16.3 


values of activation energy are also compared in 


Observed 


Monovalent Divalent 


Z 


Element 


| H(imp) AZers Q AZer H (imp) Hi (obs 


(keal/mole 


Cu 29 0.3 0.405 16.2 0.7 O.S846 16.1 (14) 
Zn 30 0.7 0.846 (41.8) 1.7 1.49 $1.0 $1.7 (11 
Ga 31 1.7 1.49 (41.0) ey 2.11 39.4 

Ce 32 2.3 2.11 (29.4) 3.7 2.67 38.0 36.5 15 
As 33 3.7 2.67 (38.0) 4.7 3.19 36.6 

Ss 34 4.7 3.19 26.6 5.7 3.69 (35.4) 

Br 35 5.7 3.69 35.4 6.7 1.16 (34.2) 

Kr 36 6.7 4.16 34.2 1.62 35.0 (5) 
Au 79 4.4 3.07 41.0 5.4 3.98 45.5 (16 
Hg SO 5.4 3.98 (39.9) 6.4 4.57 39.1 38.1 (14 
Tl SI 6.4 4.57 (39.1) 7.4 5.14 38.4 37.9 (17 
Pb 82 7.4 5.14 (38.4) 8.4 5.70 37.7 38.1 (ILS) 
Bi 83 s.4 5.70 (37.7) 9.4 6.26 37.0 

Po S4 9.4 6.26 (37.0) 10.4 6.79 36.4 

At 85 10.4 6.79 36.4 11.4 7.33 (35.7) 

in 86 11.4 7.33 35.7 12.4 7.85 
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Fig. 3 by plotting both predicted and observed values 
against (AZ or + Q)"-*"~! for assumed monovalent 
ions and (AZ + + 1)"-3'"—! for divalent ions. The 
calculated slope for the period IV line is 2.56 keal/mole 
and the slope for period VI is 1.24 keal/mole. Both 
lines pass through the observed value for silver self- 
diffusion. 

The calculated values are within 3 per cent of the 
observed values for the elements considered, with the 


exception of gold. 


(4) Frequency factor D, 


An estimation of the derivative of equation (16) was 
made by Lazarus: 
d(E, + E,,)/dT - 


4 
m 


(OE,/Or), + (24) 


where x is the linear thermal expansion coefficient 
(1.9 « 10-° deg). The value of the constant C is 
obtained from the self-diffusion measurements, and 

The ratio of frequency factors for impurity and 
solvent can be found from equation (16), using equa- 
tion (24), and 


D,(imp)/D,(solv) = exp {—zed(r)/k[(qr + 1) 
C/4(—qr? + 6q?r? + Sgr + 5)]!. (25) 
The general potential function of equation (23) may 
be used with equation (25) to obtain a set of calculated 


values for the fiequency factors of periods IV, V and 
VI non-transition elements. These values are given in 


[4 
3. 


4.0 


Table 5, along with the experimentally measured 
values. The agreement is not good. The calculated 
values are about one-half of the measured values. The 
value for krypton is off by a factor of 10. 

Although the agreement of experimental and calcu- 
lated values of the frequency factor is not as close as 
for the activation energies, the diffusion coefficient is 
less sensitive to error in the frequency factor (see 


equation 1). 


SUMMARY AND CONCLUSIONS 


A new ionic model for the elements to the right of 
silver in period V has been used in the determination of 
H and D, by the method used by Lazarus”. The 
result has been an improved agreement between calcu- 


lated and observed values. 

With the same model, the difference in ion core size 
and effective nuclear charge in periods IV, V and VI 
was used to calculate values of H and D, for the three 
periods. The agreement of experimental and calcu- 
lated values of H is within 3 per cent except for the 
element gold. The fact that observed values of 
activation energies are less for period IV and VI 
elements in silver than the corresponding elements in 
period V is explained to be a result of their effects on 
the repulsive potential. The mobility of the impurity 
elements is found to be inversely proportional to the 
calculated ion core size and directly proportional to the 
The agreement of experi- 


effective nuclear charge. 
mental and calculated values of Dy is not as good; 
however, the diffusion equation is not as sensitive to 


errors in Dp. 
The diffusion coefficients of the elements considered 
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TABLE 5. Values of the frequency factor, Dy, for period IV, V and VI non-transition elements 
(Mean obs. D, for silver = 0.560 cm?/sec) 


Monovalent Divalent Observed 


Element 
D,(imp) 
(em?/sec) 


D,(imp) D, (obs) 
(em?/sec) (cm?/sec) 


(AZere + (AZerr 4 )n—3yn 


0.63 .23 
(0.39) AS 0.31 0.54 
31) 2. 0.25 
.25) 2.67 0.20 0.084 
.20) 3.1! 0.16 
.16 68 (0.14) 
.14 (O.11) 
ll y 1.05 
0.560 
0.29 0.44 
0.22 0.41 
0.18 0.25 
O.15 0.169 
(0.12) 
(0.10) 


560 
.37) 
29) 
22 
18) 
15 
12 


1 


0.036 


0.26 
0.10 0.079 
(0.10) 0.08 
(0.08) 0.06 0.22 
(0.06) 1.26 0.05 
(0.05) 0.04 
0.04 (0.03) 
0.03 
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Cu —(0.405 (14) 
Zn 0.846 (11) 
Ga 1.49 
Ge 2.11 (15) 
As 2.67 
Ss 3.19 
Br 3.69 
Kr 4.16 (16) 
Ag 0 (10, 11) . 
Cd 1.00 (2) 
In L.72 (2) 
Sn 2.35 (2) 
Sb 2.94 (3) 
Te 3.50 
I 4.04 
Xe 4.54 0 4 | (6) 
Au (17) 
Hg (18) 
Tl (19) 
Pb (20) 
B oa 
Po 8.26 
At 6.79 
Rn 7.33 
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ON THE EFFECTIVE SURFACE ENERGY INVOLVED IN 
THE BRITTLE FRACTURE OF 70/30 BRASS* 


H. NICHOLS and W. ROSTOKER*+ 


A 70/30 brass wetted with mercury fails at about the engineering vield stress in a brittle manner. The 


degree of embrittlement is temperature dependent, showing an abrupt reversion to the fully ductile state 


in the manner of the transition displayed by body-centered cubic metals. The effective surface energy 


associated with this brittle fracture has been analysed from experimental measurement of op vs. d-!/? 


and ao, vs. C (crack length). In both cases, the evidence is that the effective surface energy is less than 


10° ergs/cem?. 


ENERGIE 


EFFECTIVE DE 
RUPTURE 


SURFACE 
FRAGILE 


LA 


MISE LORS DE 


DUN 


EN OEUVRE 
LAITON 70/30 


Un laiton 70/30 imbibé de mercure se rompt d'une maniére fragile aux environs de sa limite d’élasticité 


pratique. Le degré de fragilité dépend de la température et on peut montrer qu‘il y a transition brusque 


et retour a létat ductile. 


Cette transition s’effectue de manié¢re semblable a celle observée dans les métaux a réseau cubique. 
La relation entre l’énergie effective de surface et la rupture fragile a été étudiée a partir de mesures 


expérimentales de dg» en fonction de d~!/? et agp en fonction de C (longueur des fissures). 


ZUR EFFEKTIVEN 


Dans les deux cas, il apparait que énergie effective de surface est inférieure a 10% ergs/em?. 


OBERFLACHENENERGIE BEIM 


SPRODBRUCH VON 70/30-MESSING 


70/30-Messing. das mit Quecksilber angefeuchtet ist, bricht in spréder Weise bei ungefahr der normalen 


FlieBspannung. 


Der Grad der Versprédung hangt von der Temperatur ab und zeigt einen abrupten 


Ubergang zum vollduktilen Zustand, ahnlich dem Ubergang, den kubisch-raumzentrierte Metalle 


aufweisen. 


Versuchsergebnissen von gegen und op gegen (Riblange) abgeleitet. 


sich heraus, da®B die effektive Oberfiachenenergie kleiner als 10° erg/em? ist. 


Die effektive Oberflachenenergie. die mit diesem Sprédbruch verkniipft ist, wurde aus den 


In beiden Fallen stellt 


tecrystallized alpha brass containing 30 per cent 
Zn when wetted with liquid mercury or mercury 
amalgams will fracture in simple tension at room 
temperature at or near its normal engineering vield 
with increasing of testing. 


point: temperature 


ductility is progressively restored. A graphic plot of 


tensile ductility against test temperature takes the 
brittle to ductile 


havior found with most body-centered cubic metals. 


form of the transition from he- 
The transition temperature, which is quite sharp, is 
governed by the recrystallized grain size in the same 
fashion as predicted for body-centered cubic metals.” 
It is the intent of this paper to demonstrate further 
that fracture originating at the wetted interface is 
basically the same as encountered in brittle body- 
centered cubic metals and that true surface energy is a 
dominant factor in the process. 

The structure of 7030 brass provides a good 
opportunity to demonstrate the magnitude of liquid 
The 


crystallized structure is populated by twin bands. In 


metal embrittlement on a_ micro-scale. re- 


cross-section the twin interfaces are straight lines 


which terminate abruptly and without change of 


direction at grain boundaries. Since the brittle 
fracture produced by wetting with mercury is 


* Received February 5, 1960. 
+ Metals Division, Armour Research Foundation, Chicago, 
Illinois. 
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exclusively intergranular in recrystallized metals, 
bending of the twin band interfaces provides an 
observable measure of plastic distortion. The micro- 
structure at 250 « magnification of the cracked zone 
in a coarse-grained brass specimen is illustrated in 
Fig. 1. 


resolution used, which means that if a plastically 


Clearly any plastic distortion is beyond the 


deformed zone exists at the fracture surface it is less 
10-3 mm in thickness. This is con- 
mm 


plastically worked metal discovered by Orowan') on 


than about | 


siderably less than the 3 thickness of 


Fic. 1. Intersection of twin interfaces with an inter- 
granular crack in 70/30 brass embrittled by wetting 
with mercury. 250 
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the fracture surface of low carbon steel broken below 
the transition temperature. This point is of con- 
siderable importance since, according to Orowan, the 
effective surface energy associated with common 
brittle fracture must be of the order of 10° ergs/em? 
rather than the 1-2 « 10° ergs/em? characteristic of 
true surface energies. 

Assuming for the moment that the brittle fracture 
of 70/30 brass wetted with mercury does not involve a 
plastic energy dissipation term, the effective surface 
energy can be estimated from the Cottrell—-Petch 
criterion for a ductile—brittle transition. Rearranging 
the terms of their equation of parameters, the surface 
energy, y, becomes 

a,K 
BG 
where o, = flow stress; 
K, = slope of the flow stress vs. d~'? function; 
d = mean grain diameter; 
fp = numerical factor; 
G = modulus of rigidity. 


For a mean grain diameter of 0.062 mm, the flow 
stress of 70/30 brass was determined as 15.8 « 10° 
lb/in?; values of A, and G were determined as 
13.5 « 108 and 6.03 » 10° lb/in?, respectively. Using 
Petch’s® estimate of / as equal to 4, y is calculated to 
be 2.4 « 10° ergs/em?. This signifies that in the 
truly brittle fracture of 70/30 brass, the associated 
surface energy should be less than this value. 

The surface energy associated with brittle fracture 
can be estimated from the relationship 


Op = 6, + Kd 


where o,, = fracture stress; 
Oo) = an intercept value; 


brGy 
kK the function : 


y Poisson’s ratio. 


Stroh has shown that the measured values of A 
permit the derivation of reasonably correct values of 
y for Fe, Zn, Mg and Mo. In these cases y refers to the 
surface energy of the metal with respect to its own 
rapor. Petch® has shown that hydrogen embrittle- 
ment of iron can be interpreted on a model of reduced 
surface energy (reduced value of A) brought about by 
adsorption of hydrogen to crack nuclei surfaces. 

The fracture stresses of recrystallized 70/30 brass 
wetted with mercury for a range of grain sizes have 
been measured at room temperature and are plotted 
in Fig. 2. It will be noted that a linear relationship 
exists between o, and d~'*. From the measured 
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Fic. 2. Fracture stress at room temperature of 70/30 
brass as a function of grain size, d, when unwetted and 
when wetted with mercury. 


value of AK, the magnitude of y* is computed to be 
280 ergs/em?. This is well below the maximum value 
set by the Cottrell-Petch criterion and supports the 
assumption that brittle fracture is obtained without 
significant plastic strain energy absorption. 

The effective surface energy associated with brittle 
fracture can be estimated from the Griffith condition 
for the propagation of an existing crack: 


\ (Ey Cc’) 


i 


where o, = stress to re-initiate propagation in an 
existing crack of length, C; 
E = Young’s modulus. 

If the crack propagation follows the Griffith relation- 
ship, the slope of the plot of ¢, against C~'? vields a 
term which is equal to (Hy)"*. This analysis applied 
to ship plate steel below its transition temperature led 
Felbeck and Orowan'® to estimate the apparent 
surface energy to be of the order of 10® ergs/cm?, 
which was in good agreement with the plastic energy 
associated with the plastically worked zone revealed 
by X-ray diffraction. 

Crack propagation studies have been made on 


annealed brass sheets (0.020 in. thick 12. in. 
wide « 16 in. long) under uniaxial tensile loading. 


Susceptibility to brittle fracture was produced by 
wetting the sheet specimens with mercury in a broad 
band across the 12 in. width of the test specimen. 
A 5/64 in. slot was located in the wetted zone at a 


point equidistant from both edges: It is characteristic 


* This should signify the surface energy of 70/30 brass with 
an adsorbed film of mercury. 
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of brittle fracture in brass that velocities of propaga- 
tion are not high. One can initiate a crack and stop its 
propagation by rapid unloading of the tensile machine. 
On re-loading, two observers watched and measured 
the crack length on demand, and another recorded 
the applied load. The crack could be essentially 
“walked” across the width of the specimen and a 
series of crack lengths and their associated propagation 
loads measured. In all cases, the cracks remained in 
the wetted zone and propagated transversely to the 
axis of tension. 

When the 


specimen was wetted with mercury only on one side, 


Two types of curves were obtained. 


the crack propagated across the width of the specimen 
faster than through the thickness direction, with the 
result that there was brittle fracture on one side and 
superficial ductile fracture apparent on the other. 
The plot of ¢, against C~!? for this test is shown in 
Fig. 3. 


value of apparent surface energy was computed to be 


From the slope of the linear plot obtained, the 


about 10° ergs/em? in good agreement with the work 


of Felbeck and Orowan. 
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Fic. 3. Stress to propagate a crack as a function of 
70/30 brass sheet wetted on one side 
with mercury. 


erack length. 
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Fic. 4. Stress to propagate a crack as a function of 
crack length. 70/30 brass sheet wetted on both sides 
with mercury. 


By wetting both sides of the thin brass sheet, the 
ductile portion of fracture, by all appearances, was 
eliminated. The results of several specimens are 
plotted together in Fig. 4. This 
because the slope is obviously approaching zero as is to 


Was necessary 
he expected if the surface energy is to decrease from 
10° to 108 ergs/cm? or less. Within the scatter band of 
the data, one cannot do other than estimate the 
surface energy as between zero and about 108 ergs/em?. 

By all methods of evaluation, the fracture of 70/30 
brass wetted with mercury appears to be nearly 
ideally brittle. 
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COTTRELL LOCKING AND THE FLOW STRESS IN IRON* 


H. CONRAD? and G. SCHOECK?+ 


The effect of temperature and grain size on the yield and flow stress of electrolytic iron at a constant 
structure was investigated. It was found that the flow stress o,, for a strain beyond the Liiders strain 
obeyed the equation 

Or t (st) kd-1/2 

where st represents the structure due to strain, solute atoms, precipitates, etc., and d is the grain diameter. 
The thermal component of the flow stress G(T) exhibited the same temperature dependence as the 
lattice friction stress ¢, obtained from plots of the lower yield stress versus d-'/*. The value of k was 
equal to that for the lower yield stress from 300° to 110°K. In this temperature range k was relatively 
independent of temperature. Below 110°K, k increased with decrease in temperature for the lower yield 
stress but not for the flow stress. It is suggested that this increase may be due to the occurrence of 
twinning. 

The equivalence of the temperature and grain size dependence of the lower yield and the flow stress 
suggests that the lower vield represents the movement of dislocation and does not include a thermally- 
activated lockingterm. Since the upper vield stress exhibited a stronger temperature dependence than 
the lower vield, it is suggested that this stress represents the tearing of dislocations from their Cottrell 


atmosphere. 


BLOCAGES DES “COTTRELL” ET LA TENSION D’ECOULEMENT 
DANS LE FER 

Les auteurs envisagent l'effet de la température et de la dimension du grain sur la tension de décroche- 
ment et d’écoulement dans du fer électrolytique de structure constante. 

Ils montrent que la tension d’*écoulement ¢,, pour une déformation au dela de la déformation de Liiders 
obéit a Péquation 

Gy, | T) (st) kd-1/2 
ou st représente la structure due a la déformation, aux atomes en solution, aux précipités, ete. .. et d est 
le diamétre du grain. 

La composante thermique de la tension d’écoulement Gy1,(T) dépend de la température comme la 
tension de friction du réseau cette tension étant obtenue en portant la tension élastique inférieure en 
fonction de d-!/2, 

La valeur de k est la méme que celle de la limite élastique inférieure entre 300 et 110°K. Dans cette 
gamme de température, k est relativement indépendante de celle-ci. 

En dessous de 110°K, & s’accroit avec diminution en température pour la limite élastique inférieure, 
mais non pour la tension découlement. I] est suggéré que cet accroissement est dG au maclage qui peut 
apparaitre a ces températures. L’équivalence de la dépendance de la température et de la dimension du 
grain sur la limite élastique inférieure et la tension d’écoulement suggére que la premié¢re représente le 
mouvement des dislocations et n’inclut pas un terme de blocage activé thermiquement. 

Comme la limite élastique supérieure dépend plus fortement de la température que de la limite inféri- 


eure, il est suggéré que cette tension représente l'arrachement des dislocations de leur atmosphere de 
Cottrell. 


COTTRELL-VERANKERUNG UND DIE FLIESSSPANNUNG IN EISEN 
Der EinfluB von Temperatur und KorngréBe auf die Streckgrenze und Flie8spannung von Elektrolyt 
Eisen (mit konstanter Struktur) wurde untersucht. Fiir eine Verformung, die gréBer ist als die Liiders- 
Verformung, gehorcht die FlieBspannung der Gleichung 


6,,.(7) (st) kd-/2 


fly 
wo st die Struktur infolge Verformung, geléster Atome, Ausscheidungen usw. bedeutet, und d der 
Korndurchmesser ist. Die temperaturabhangige Komponente der FlieBspannung zeigte dieselbe 
Temperaturabhangigkeit wie die Gitterreibungsspannung, die sich bei Auftragung der unteren Streck- 
grenze gegen d-'/? ergibt. Der Wert von & war zwischen 300° und 110°K gleich dem fiir die untere 
Streckgrenze. In diesem Temperaturbereich war k relativ temperaturunabhangig. Unterhalb 110°K 
nahm k fiir die untere Streckgrenze mit abnehmender Temperatur zu, aber nicht fiir die FlieBspannung. 
Es wird vorgeschlagen, daB diese Zunahme auf dem Auftreten von Zwillingsbildung beruhen kann. 

Die gleichartige Abhangigkeit der unteren Streckgrenze und der FlieBspannung von Temperatur und 
KorngréBe legt die Vermutung nahe, daB die untere Streckgrenze der Bewegung von Versetzungen 
entspricht und keinen Verankerungsterm ent halt. Da die obere Streckgrenze eine starkere Temperaturab- 
hangigkeit zeigt als die untere, wird vorgeschlagen, daB diese Spannung dem Wegziehen der Versetzun- 
gen von ihrer Cottrell-Atmosphare entspricht. 


* Received January 28, 1960. 
+ Formerly with Westinghouse Research Laboratories; now with Atomics International, Box 309, Canoga Park, California, 
t Metallurgy Department, Westinghouse Research Laboratories, Pittsburgh 35, Pa. 
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INTRODUCTION 
The lower vield stress a, of polycrystalline iron 


obeys an equation of the form -* 
Ory = 6; + kd“? (1) 


where d is the grain diameter. A theoretical inter- 
pretation of this equation has been given by Petch’?.”) 
and Cottrell. They suggest that vielding is caused 
by the stress concentration of dislocation pile-ups at 
grain boundaries. o, then represents a_ frictional 
stress impeding the individual dislocations in the 
pile-up. The constant k is given by k = (21)!¢,(7) 
where ¢,(7') is the stress required to unlock the dis- 
location of a Frank—Read source a distance / ahead of 
the pile-up. Heslop and Petch‘® have shown that the 
frictional stress o, depends on the temperature, and 
therefore the temperature dependence of the yield 
stress does not represent the temperature dependence 
of the locking stress. 

To obtain the magnitude of ¢, and its temperature 
dependence one has to measure the dependence of the 
lower yield stress on the grain size d at various 
temperatures. This usually involves a large number of 
tests with samples of different grain sizes. In order to 
obtain the different grain sizes, different heat treat- 
ments are required. This may well produce different 
dislocation structures in the different samples and 
hence, by influencing /, change the value of & in 
equation (1). 

There is some uncertainty about the nature of the 
frictional stress ¢,. According to Heslop and Petch ®, 
it is the sum of a part o; (7’) which is only dependent 
on temperature and a part o, (st) which is only 
dependent on the structure and which results from 
lattice imperfections such as solute atoms and 
precipitates. Thus 


g, = 4,(T) + G,,(st). (2) 


It has been suggested‘® that o, (7) is due to a large 
Peierls force. Since this would only act on dis- 
locations lying in certain crystallographic directions, 
it is hard to see why the arbitrary pile-up should all 
have such an orientation. o, (st) depends on the 
structure of the crystal and has been found to increase 
linearly with the concentration of C and N in solid 
solution. It can be shown that such an effect is 
expected.() However, o, (st) is also increased by the 
presence of precipitates. It is hard to see how the 
periodic stress-field of precipitates should act like a 
frictional force on each single dislocation in the 
pile-up. 

If we assume the interpretation of equation (1) to be 
correct, then a, is a frictional force which acts on free 
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dislocations.“® Hence, o; should also give a con- 
tribution to the flow stress under conditions where the 
dislocations have been freed from their atmosphere by 
preceding deformation. Especially the temperature 
dependence of ¢,; should show up in the temperature 
dependence of the flow stress o,,. By measuring the 
difference between a, and o,,, in principle it should 
then be possible to obtain a direct determination of the 
constant k and in turn an evaluation of ¢;. This was 


the object of the present investigation. 


EXPERIMENTAL PROCEDURE 
The material employed was vacuum melted electro- 
lytic iron of the following composition (Wt.°,): 


N Oo Si Ss Mn 
0.014 0.003 0.005 0.06 0.003 O.O11 0.002 
c 
C 
d 
B 
uy 
A 
4 
a oy 
300 °K T 300 °K 


——+ 


Strain 


Fic. 1. Schematic of test procedure in present 
investigation. 


Wire of 1.6 mm dia. was prepared by cold swaging, 
without intermediate annealing, a previously hot- 
rolled 12.5 mm dia. rod. Test specimens 10 cm long 
were cut from the wire and chemically etched to give a 
reduced section of 1.3 mm dia. and 6 cm length. To 
obtain a variation in grain size, the etched specimens 
were sealed in evacuated quartz tubes and heated for 
various times at 720°-920°C. Specimens annealed 
above 720°C were first furnace cooled to 720°C. All 
specimens were air cooled from 720°C. Following 
cooling to room temperature the specimens were aged 
for 24 hr at 150°C to obtain a stable precipitated 
structure. 

The essential objective of the experiments was to 
make a direct comparison between the yield stress and 
the flow stress for the same dislocation structure. 
In order to accomplish this, the testing procedure 
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given in Fig. 1 was employed. The annealed and 
stabilized specimens were initially strained approxi- 
mately 5 per cent at room temperature to o,, and then 
unloaded, except for a small load to maintain axial 
alignment. One group of specimens was then 
immediately cooled to a lower temperature (3-5 min 
were required for the cooling) and the straining 
continued at this lower temperature, giving the value 
of the flow stress o, at the new temperature 7’. This 
established the effect of temperature on the flow stress 
associated with the movement of unlocked disloca- 
tions. 

A second group of the strained specimens was aged 
for 1 hr at 150°C under a small load required to 
maintain specimen alignment. These were then 
tested at various temperatures to establish the effect 
of temperature on the strain-aged upper yield stress 
o, and lower yield stress ¢,. It is believed that this 
additional aging treatment did not change the 
distribution of the original precipitate because the 
samples had been previously aged for 24 hr at the 
same temperature. Also, 150°C is below the tem- 
perature where recovery might change the dislocation 
structure formed during the initial straining. The 
only change one expects from the aging treatment is 
that a cloud of C and N atoms forms around the 
dislocations. We may therefore assume that the 
freshly deformed and the strain-aged crystals have the 
same dislocation structure, but the dislocations are 
free in the first group of specimens and locked by a 
Cottrell atmosphere in the second. 

The tensile tests were conducted with an Instron 
tensile-testing machine operating at a constant cross- 
head speed of 0.25 cm min~!. The strain was taken 
from the time axis of the speedomax load-recorder. 
The stress and strain sensitivity were estimated to be 
0.1 kg/mm? and 2 »« 10-4, respectively. 

Temperatures below room temperature were obtain- 
ed by the method described by Wessel and Olleman‘*, 
which employs a nitrogen vapor spray on the specimen. 
The temperature was controlled by an on-off magnetic 
valve which regulated the flow of nitrogen vapor 
from a large dewar. Temperatures above room 


obtained by controlling the 


temperature were 
current passing through nichrome heating elements 
which had been inserted in the low-temperature test 
In all cases the temperature was main- 
+-1°C, 


chamber. 
tained within 


DISCUSSION OF EXPERIMENTAL RESULTS 
1. Effect of grain size 


Since Petch and others"~® had already established 
the validity of equation (1) in regard to the effect of 
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Fic. 2. Effect of grain size on the initial lower yield 


stress of electrolytic iron. (Numbers refer to number 
of specimens. ) 


grain size on the initial lower yield stress in iron, it 
was decided that only a limited number of grain 
sizes need be investigated to evaluate the parameters 
o, and k for the electrolytic iron used in the present 
study. The effect of grain size on the initial lower 
vield stress observed for the present material is given 
The value of k at 300°K is 2.2 kg/mm?*- 


in Fig. 2. 
mm"? in good agreement with that of Petch and 


g 
co-workers:3,6,91 for various irons and mild steel. 
It is seen from Fig. 2 that k is relatively independent 
of temperature between 300°K and L10°K:; only at 
90°K is the slope greater than that at 300°K, being 
2.6 Data by Petch' and Heslop 
and Petch”® indicate that k is relatively independent 
of temperature between 300° and 194°K. At 78°K 
they found k about 2 times that at 300°K. Since they 
did not give data between 194° and 78°K, com- 
parisons cannot be made in this temperature range. 
Figure 3 gives the effect of grain size on the flow 
stress at 300°K for a strain of 5 per cent (i.e. on the 
stress o, in Fig. 1). It is seen from Fig. 3 that the data 
points for the flow stress lie on a straight line parallel! 
to that for the initial yield stress. Thus, the effect of 
grain size on the flow stress is given by 
(3) 
where & has the same value as for the initial lower 


vield stress. 


Fic. 3. Effect of grain size on the initial lower vield 
stress o,y and on the flow stress after a strain of 0.05 
Cexo.o5 at 300°K, 
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Fig. 4. Effect of grain size on the difference between 

the lower yield stress after strain aging ozy’ and the 

flow stress Gexo,05 at 300°K previous to aging. (Num- 
bers refer to number of specimens.) 


Subtracting equation (3) from equation (1) one 
obtains 


(4 


0 
07, = (0; — ) + (kyy 


4 


If o,,'(T) is defined as the strain-aged lower yield 
stress at a given temperature 7’ and a,,(7'9) is the flow 
stress (o, = 0.05) at 300°K previous to aging, then 
one expects from equation (4) that o,y'(7’) — o,,(T9) 
will be independent of grain size in the temperature 
range where k,y = k,, and k,, is independent of 
temperature, i.e. from 300° to 110°K. At 90°K a plot 
of o,y'(T) — o,,(T'9) versus should have a slope 
given by the difference in k,y between 90°K and 
300°K. Fig. 4 shows that these predictions are 
realized for the strain-aged lower yield stress, while 


Fig. 5 shows similar behavior for the upper vield 
stress. Figs. 3-5 thus indicate that the flow stress in 
iron obeys the same grain size dependence as the 


upper and lower yield stress in the range 300° to 110°K. 
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Fic. 5. Effect of grain size on the difference between 


the upper yield stress after strain aging ovy’ and the 
flow stress Gexo.05 at 300°K previous to aging. (Num- 
bers refer to number of specimens.) 
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The slope observed in Figs. 4 and 5 at 90°K and data 
on the effect of grain size on the temperature depend- 
ence of ¢,, (to be discussed below) indicate that k,,+ 
and k,, are larger than k,, at 90°K. 

Of significance in regard to the effect of grain size 
on the flow stress are the results obtained for metals 
with close-packed crystal structures (f.c.c. and ¢.p.h.). 
The flow stress at small strains, “‘vield stress’, for 
these metals also obeys a d~'? grain size depend- 
ence,“)) indicating that the d~'? relationship is not 
restricted to materials which exhibit a pronounced 
yield point.* 


2. Effect of temperature 

The temperature dependence of the flow stress 
(i.e. the applied stress required for further deformation 
after the lower yield elongation) cannot be determined 
by comparing the flow stress of different samples at 
different temperatures. This is the flow 
stress depends on the structure of the material, and 


because 


f T T T T 
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Fic. 6. Effect of grain size and strain on the change 


in flow stress associated with a change in temperature, 


even if the measurements are taken at the same 
elongation, the preceding yield process may produce 
different dislocation structures at different tempera- 


tures. Therefore, in the present investigation the 
temperature dependence of the flow stress was 
measured by changing the temperature during 


deformation,“3. in this way ensuring that com- 
parisons are made at the same structure. 

Typical results for the temperature change tests 
are shown in Fig. 6. Here the change in flow stress 
Ao,, = O7 — (i-e. —o, of Fig. 1) 
temperature change between 300°K and the indicated 
temperature is plotted versus the strain ¢ for several 


for a 


* The value of k is, however, smaller for the close-packed 
metals than that observed for the electrolytic iron used in the 
present investigation. However, Petch"?) has indicated that 
k for iron with very low C + N contents is approximately 
that for close-packed metals. 
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grain sizes. It is seen from Fig. 6 that Ag,, is independ- 
The 


results of Fig. 6 thus indicate that although the flow 


ent of grain size and total previous strain.* 


stress o,, depends on the structure sf (i.e. on the grain 
size, strain, precipitates, solute atoms, ete.), the 
Ao,, is 


independent of structure. We can, therefore, express 


change in flow stress with temperature 


the results of Fig. 6 by the differential equation 


7. = 
(5) 
| 
which gives upon integration 
6,,(T) G,,,(st). (6) 


Further, combining equations (3) and (6) one obtains 


= (T) + + (7) 


that the 
dependence of the flow stress is due to an intrinsic 


Equation (6) indicates temperature 
frictional force, which is not influenced by preceding 
deformation. The behavior of iron is thus different 
than that of f.c.c. metals where at higher deformations 
the change in flow stress with temperature increases in 
proportion to the applied stress.7*-1® An increase is 
expected if the temperature dependent part of the 
flow stress is due to the intersection of the dislocation 
forest and the density of the forest increases with 
strain. 

A behavior similar to that indicated by equation (6) 
has been observed in the easy-glide of f.c.c. single 


(15,16) 


crystals 


and in Mg single crystals (which 
has a c¢.p.h. structure), where the density of the 
forest does not increase during deformation, because 
This, 


cannot explain the behavior of polycrystalline iron, 


only one glide plane is operating. however, 
for at the stresses which were employed, many glide 
planes are expected to be operating. 

In view of equations (2) and (6) it appears reason- 
able to obtain the temperature dependence of the 
plotting the 


flow and a,, by 


difference between the stress at a temperature 7’ and 


parameters 6; 


at a fixed reference temperature 7°) (which was chosen 
to be 300°K) versus the temperature. In such a plot 
any athermal component of the flow stress due to the 
structure is eliminated. o, and o,, obtained in the 
present tests are plotted in this manner in Fig. 7. 
Also included are data on mild steel: o@, by Heslop and 
Petch® and o,,- for a grain size of 0.065 mm _ by 
Wessel (19.20), 


From Fig. 7 it is seen that o, and o,, for the 


*In these tests the specimen temperature was alternated 
between room temperature and the indicated temperature 
until fracture occurred. 
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Fic. 7. Effect of temperature on the flow stress o,, and 


the friction stress 


electrolytic iron of the present investigation exhibit 
the same temperature dependence. Between 300° and 
110K the curve for ¢, for mild steel by Heslop and 
Petch'® falls only slightly below that for oa, and o,, of 
the present investigation: however, below LLO°K the 
difference between the two curves becomes greater. 
This difference in the temperature dependence of a, 
between the two sets of data is probably for the most 
part due to the difference in strain rate employed.t 
Support for this is provided by Wessel’s data“®?® on 
ao, Which were obtained at a strain rate of 2 1O-8 


sec’ !, and which are in good agreement with the 


present results. 
The data of Fig. 7 indicate that the flow parameters 
and a,, all exhibit the same 


9; temperature 


dependence. However, the upper vield stress o,-, 


was found to exhibit a temperature dependence 
greater than that observed for these flow parameters 
This is shown in Fig. 8, where the difference between 
the upper and lower yield stress is plotted versus the 
temperature for the electrolytic iron of the present 


investigation and for the mild steel by 


Electrolytic tron 
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Fic. 8. Effect of temperature on the _ difference 


between the upper vield stress and the lowe1 vield 


stress. 


+ Although Heslop and Petch do not give the strain rate, 
it is estimated to be 10-4 sec! on the basis of other data by 
these investigators.?:9!" The present tests were conducted 


at a strain rate of 7 10-4 see=!, 
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It is here seen that the difference between the upper 
and lower vield stress in both cases increases with 
decrease in temperature. 

CONCLUSIONS 

The identity of k for ¢,, and a,, between 300°K 
and 110°K and the fact that and a,, show the 
same temperature dependence indicates that 
and o,, all represent the same deformation mechanism 
in the range 300° to L1O-K. It seems reasonable to 
assume that this mechanism is the motion of free 
dislocations through the lattice. 

If the flow parameters o,). and represent 
the motion of free dislocations, it is desirable to know 
the mechanism which controls this motion, because it 
is responsible for the strong temperature dependence 
that is observed for these parameters. Heslop and 
Petch’® have suggested that the motion is controlled 
by the Peierls stress. However, as indicated in the 
introduction this idea needs further evaluation before 
it can be accepted without reservation. 

The stronger temperature dependence of the upper 
vield as compared to the other flow parameters 
suggests that another mechanism is controlling here. 
This may be the thermally-activated tearing of 
dislocations from their Cottrell atmosphere. 

Finally, there is the question of the significance of 
k. Since k is independent of temperature in the range 
of 300° to LOK, it must represent some athermal 
mechanism rather than the thermally activated 
unpinning of dislocations as suggested by Cottrell. 
One such mechanism in iron is the athermal tearing of 
dislocations from a Snock-type atmosphere. How- 
ever, since k is independent of the interstitial con- 
tent and since k also occurs in the expression for the 
flow stress of f.c.c. metals as well as b.c.c. metals, it 
may represent the athermal generation of dislocations 
from sources in or near the grain boundary. Inserting 
the value of k obtained in the present experiments in 
the equations given by Cottrell! for the stress 
concentration due to a pile-up of dislocations at a 
grain boundary, one obtains for the stress oa, to 
operate a source at distances of / to 10-4 em ahead of 
the piled-up group values of (where 
is the shear modulus). These are of the order of 
magnitude one might expect for the generation of 
dislocations at sources other than the Frank—Read 
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type. A third possibility is that k may represent the 
relationship between the dislocation substructure in 
the grains and the grain size. A variation of sub- 
structure with grain size may result from the different 
annealing treatments which are employed to obtain 
the different grain sizes. In this latter case the 
quantity kd~'* would merely represent a contri- 
bution to the long range internal stress and would be 
proportional to the shear modulus. From this it is 
evident that additional investigations are needed to 
establish the significance of k. 

The increase in k at temperatures of 90°K and 
below may be due to twinning, which is known to 
occur at low temperatures. 
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THE INFLUENCE OF IMPURITIES ON THE ANNEALING OF NICKEL 
AFTER COLD WORK* 


L. M. CLAREBROUGH, M. E. HARGREAVES, M. H. LORETTO AND G. W. WEST? 


Measurements of stored energy and of changes in electrical resistivity and density accompanying 
annealing have been made on nickel of 99.85 per cent purity deformed in torsion and compression. 
There are notable differences from the behaviour found previously for nickel 99.6 per cent purity. 
The results suggest that, in the purer nickel, little or no recovery involving dislocations occurs between 
room temperature and the recrystallization temperature, in contrast to previous results for 99.6 per 
cent pure nickel. There appear to be two stages of annealing prior to recrystallization in the 99.85 per 
120°C and 260°C and are 


cent material although they are not clearly resolved. These are centred at 
tentatively ascribed to the annealing of interstitials and vacancies respectively. On 


this basis the 


observed changes in resistivity and density can be explained. 
Stored energy measurements on still purer nickel specimens, 99.96 per cent, deformed in compression 
indicate that in this material these first two stages are clearly resolved, provided the deformation is low 


enough to ensure that recrystallization does not interfere with their observation. 


DU NICKEL APRES 


LE RECUIT 
A FROID 


IMPURETES SUR 
DEFORMATION 


INFLUENCE DES 


Les auteurs ont déformé en torsion et compression des échantillons de nickel de pureté 99,85°,. 
ont mesuré l’énergie retenue et les variations de la résistivité électrique et de la densité qui se produisent 


au cours du recuit. 

Ils ont observé de notables différences vis-a-vis du comportement du nickel de pureté 99,6. 

Ces résultats suggérent que dans le nickel le plus pur, il ne se produit que peu ou pas de restauration 
faisant intervenir des dislocations lors du chauffage depuis la température ambiante jusqu’a la tem- 


pérature de recristallisation. 
Bien quils n’aient pas été clairement reconnus, il semble qu'il existe deux stades de recuit précédent 
Ils se produisent aux environs des températures 120°C et 260°C, 


Ils 


expliquent alors sur cette base les variations qu’ils ont observée dans les valeurs de la résistivité et de la 


la recristallisation du nickel a 99,85. 
Les auteurs pensent pouvoir les attribuer respectivement au recuit des interstitiels et des lacunes, 


densité. Les mesures de énergie retenue dans le cas d’échantillons de nickel trés pur (99,96°,) déformeé 


par compression indiquent que pour ce métal les deux premiers stades sont nettement distincts lorsque 
la déformation est suffisamment faible pour éviter une interférence de la recristallisation. 


NACH 


ERHOLUNG VON NICKEL 


DER EINFLUSS VON VERUNREINIGUNGEN AUF DIE 
KALTVERFORMUNG 


An 99,85°%, reinem Nickel wurden Erholungsversuche nach Torsions- und Kompressionsverformung 
durchgefiihrt. Dabei wurden die gespeicherte Energie und die Anderungen des elektrischen Widerstands 
Es bestehen bemerkenswerte Unterschiede zu dem Verhalten, das friithe: 


und der Dichte gemessen. 
bei 99.69%, reinem Nickel gefunden worden war. Die Ergebnisse deuten darauf hin, da in reinem 


Nickel zwischen Raumtemperatur und der Rekristallisationstemperatur wenig oder keine Erholung 
reinem 


auftritt, die mit Versetzungen verkniipft ist, im Gegensatz zu friiheren Ergebnissen an 99.6 
Nickel. Es scheinen im 99,85°, reinem Material vor der Rekristallisation zwei Erholungsstufen aufzu 
Ihre Schwerpunkte liegen bei 120°C und bei 260°C; 


treten, sie lassen sich allerdings nicht klar auflésen. 
sie werden versuchsweise dem Ausheilen von Zwischengitteratomen bzw. von Leerstellen zugeschrieben 
Auf diese Weise lassen sich die beobachteten Anderungen des Widerstands und der Dichte erklaren 

Messungen der gespeicherten Energie an noch reineren Nickelproben von 99,96 nach Kompressions 
versuchen zeigen. daB diese beiden ersten Stufen in diesem Material klar aufgelost sind, wenn die 


Verformung geniigend gering ist, so daB die Rekristallisation die Beobachtung dieser Stufen nicht stort. 


Previous papers have described investigations of 
the annealing of deformed nickel of commercial purity 
(99.6 per cent nickel) by means of measurements of 


neighbourhood of 600°C, 


stored energy, electrical resistivity, density and 
hardness."-2). Two definite stages were found for this 


+ Division of Tribophysics, C.S.I.R.O., University of 
Melbourne, Australia. 
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their results they make considerable use of 


1. INTRODUCTION material, one of which was attributed to the disap- 
pearance of vacancies at temperatures up to 350°C, and 


the second to recrystallization at temperatures in the 


tecently Sosin and Brinkman? have published the 
results of an investigation of the recovery of electrical 
resistivity in nickel of purity 99.98 per cent after cold- 


* Received December 21, 1959. work and after electron irradiation. In interpreting 


the 
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measurements referred to above. They discern three 


stages in the recovery of resistivity in the range of 


temperature from room temperature to the recrystal- 
lization temperature. The first of these stages, centred 
near LOO’C, was not observed for nickel of 99.4 per 


cent purity nor was it found in our investigations of 


nickel of 99.6 per cent purity. 
This paper describes measurements of stored energy, 


density and electrical resistivity on two grades of 


nickel purer than that used in our previous experi- 
ments. These experiments have evidently been 
proceeding concurrently with those of Sosin and 


Brinkman. 


2. EXPERIMENTAL 

2.1 Specimens 

The specimens were of two grades of nickel kindly 
supplied to us by The Mond Nickel Company Ltd.: 
one was of purity 99.85 per cent, batch 7, and the 
other of purity 99.96 per cent, batch V. Specimens for 
deformation in torsion were prepared from batch 17, 
and these were of the type used previously, having 
After 
machining they were annealed for 30 min at 700°C in 


a gauge length of 8 in. and a diameter of ? in. 


vacuo, prior to deformation. To obtain specimens of 
this material of suitable dimensions for deformation 
in compression it was necessary to hot-upset the bar 
available. During this process grain growth took 
place at the forging temperature and thus the com- 
pression specimens were of larger grain size than the 
torsion specimens. From the forged pieces specimens 
i} in. in diameter were machined, the initial length 
depending on the degree of deformation required. After 
machining these were annealed at 700°C in vacuo, 
prior to deformation. 

For the high purity specimens of batch V only 
deformation by compression was used. The specimens 
were of the same form as those of batch V7 and were 
annealed at G00°C in vacuo, after machining and prior 
to deformation. 

From the deformed bars, specimens for the deter- 
mination of stored energy, density and _ electrical 
resistivity were machined, care being taken to use 


slow speeds of machining and a copious flow of coolant. 


2.2 Stored energy measurements 

The form of the specimens used and the technique of 
measuring the stored energy have been fully described 
previously.” Briefly the power required to heat the 
deformed specimen through a particular range of 
temperature is compared continuously with that 
required to heat asimilarannealed specimen. Thecom- 
parison is made under conditions which ensure that 
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the specimens are virtually isolated thermally. The 
rate of heating in these experiments was 6°C/min. 
The result obtained is a curve of power difference 
(AP) as a function of temperature (or time) which 
shows the instantaneous rate of release of stored 
energy at any temperature, and which may be inte- 
grated to obtain the amount of energy released in any 
interval of temperature. 


2.3 Measurements of density 


The differential method used for determining the 
change in density associated with the annealing of the 
deformed specimens was similar to that described 
previously.->) The density of the deformed specimens 
is compared to that of a fully annealed standard, of 
almost identical mass, taken from the same deformed 
bar as the specimen itself. The weights of the two 
specimens are compared in air and when immersed in a 
dense liquid (1,1,2,2-tetrabromoethane). 

The only change in the apparatus previously descri- 
bed was the use of an air-damped, semi-micro balance 
of capacity 100 g fitted with a projection scale which 
could be read to 0.01 mg. The measurements were 
made at ambient temperature as it had been estab- 
lished that the variations in room temperature 
encountered were too small to affect the results of the 
differential method for the small differences in density 
observed. 

The specimens were cylinders ground to a_ fine 
surface finish under coolant and were approximately 
1} in. in length, ? in. in diameter and 80 g in weight. 

After determination of the difference in density 
between an annealed specimen and the corresponding 
specimen in the deformed state, the deformed speci- 
men was annealed in stages and the difference in 
density determined at each stage. The annealing was 
done in a stainless steel tube under pure nitrogen at 
atmospheric pressure, a thermocouple being attached 
to the specimen. The tube was placed in a furnace and 
heated at 6°C/min until the specimen reached the 
first temperature selected. The tube was removed and 
cooled in water and the density of the specimen deter- 
mined. The specimen was returned to the tube and 
heated rapidly to the temperature reached previously, 
in a second furnace maintained at a high temperature. 
Then the tube was transferred to the first furnace to 
continue heating at 6°C/min to the next temperature 
selected. This procedure was repeated as required. 
It was designed to make the annealing of the density 
specimens as similar as possible to the continuous 
heating used in the measurements of stored energy, 
by minimizing the time the specimen was at elevated 
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temperatures during heating to, or cooling from, a 
particular annealing temperature. 


2.4 Measurements of electrical resistivity 


made with a Kelvin 


These measurements were 


double bridge on specimens in. 
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removed from the jig and replaced in the same posi- 
tion so that the needles fitted exactly into the small 
indentations made in the previous insertion. 

The procedure for annealing these specimens in 
stages was exactly the same as for the density speci- 


mens. 
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torsion. Above, WV nickel, 99.85 per cent purity, deformed to 


nd/l 
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gauge length and / 


2.01. 
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maintained at 0°C. During measurement the speci- 
mens were held in a jig in which current leads could be 


screwed to the ends and potential contacts made by 


pressing the specimen against a pair of gramophone 


needles fixed in the jig. The specimen could be 


number of turns, d 
gauge length. 


Below, nickel of 99.6 per cent purity deformed 


diameter of 
Heating rate 6 C/min. 


3. RESULTS 


. 


3.1 Stored energy 

In Fig. 1 the stored energy (AP) curve for specimens 
of nickel of batch M (99.85 per cent purity) is com- 
pared with that for the specimens of nickel of 99.6 per 
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tures, for MW nickel, these being centred at approxi- 


cent purity used in previous experiments,"-?) the 


specimens having been given similar deformations in mately 120 and 260°C. 

torsion. It is evident that the purity of the specimen In Fig. 2 the AP curve for WM nickel deformed 70 
has a considerable effect on the manner in which the per cent in compression is shown together with the 
energy is released. For the less pure material, the peak results of electrical resistivity and density measure- 
ments. The AP curve shows the same general features 


at low temperatures, previously identified with the 
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Fic. 2. Curves of power difference (AP), as a function of 
temperature, and of the increment in electrical resistivity 
(Ap) and fractional change in density (A D/D) after annealing 
to various temperatures, for MW nickel, 99.85 per cent purity, 
deformed 70 per cent in compression. Heating rate in the 
stored energy determination and the annealing treatments 
6 C/min, 


disappearance of vacancies, is superimposed on a as that for deformation in torsion, but the recrystal- 


plateau-like area which extends up to the second peak, _ lization peak is broader because of the larger grain size 


which corresponds to recrystallization. This plateau- of the specimens before deformation.“ This curve 


like area has been attributed to recovery involving the may be compared to those for the high purity, V, 


rearrangement and annihilation of dislocations.“’ nickel shown in Fig. 3. 
However, for the WV nickel this plateau-like area is not For N nickel (99.96 per cent purity) after the 
apparent and the AP curve descends to zero at approx- heavier deformation of 70 per cent compression, only 


imately 340°C and does not rise again until recrystal- two separate peaks can be distinguished because the 


lization commences. The recrystallization temperature — recrystallization temperature decreases to 325°C for 
is considerably lower for the .W nickel than for the this material. However, at the lower deformation of 


specimen of lower purity as would be expected. In 10 per cent compression three stages are clearly 
addition to these changes in the AP curve it is ap- resolved. The first two stages correspond approxi- 


parent that there are two peaks at lower tempera- mately in temperature with the first two stages 
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Compression 10 “I, 
a 


100 200 300 400 500 
Temperature °C 


Fic. 3. Curves of power difference (AP) as a function of 
temperature for specimens of V nickel, 99.96 per cent purity, 
deformed in compression. 

70 per cent compression ; below, 10 per cent Compression. 


observed for the M nickel. It appears that the tail on 
the low-temperature side of the recrystallization peak 


for 70 per cent deformation is due to the second of 


these stages. 


3.2 Density and electrical resistivity 

The curves showing the changes in density and 
resistivity which occur during the stage by stage 
annealing treatment are shown in Fig. 2, for the J/ 
nickel deformed 70 per cent in compression. It is 


Stored 
Defect 


energy 
assumed 


Stage 
(eal g) 
Interstitials 0.044 5.5 
Vacancies 0.056 8.7 10 

Dislocations 0.201 6.6 10-5 


> 200°C 
200-350 
Recrystallization 


Fractional change in density. Ap 


AD/D 


* Calculated from stored energy assuming the following energies: 
Interstitial 5eV, Vacancy 1.5 eV, 
+ Caleulated from concentration assuming the following dilatations: 


1.5 at. vol. per length a/y 2."°) a = lattice parameter. 


Interstitial 8 em/at. 


OF IMPURITIES ON ANNEALING 80] 


Heating rate 6 C/min. Above 


TABLE 1. Changes in properties in JW nickel (99.85 per cent Ni) during annealing following deformation in 
compression (70 per cent) 


AD/D exptl. 


* Calculated from concentration assuming the following changes in resistivity: 
%, Vacancy 4 cm/at. Dislocation 1.8 


clear that changes in these properties accompany each 
of the stages of release of energy which are observed in 
the AP curve. 


resistivity and density are clearly resolved ; the density 


For recrystallization the changes in 


curve shows distinct evidence of resolution of the 
first two stages and there is some indication of this 
resolution in the curve for resistivity. The changes in 
density, resistivity and the corresponding values of 
stored energy for each of the stages are collected in 
Table 1. 


4. DISCUSSION 
4.1 Dislocations 


The discussion in this section is so intimately con- 
nected with that in a previous paper,” that it will be 
assumed that the reader is familar with that paper, in 
order to avoid considerable repetition. 

The most marked effect of increasing the purity on 
the AP curves for nickel is the virtual disappearance of 
the plateau-like area preceding recrystallization. The 
behaviour of nickel is therefore similar to that of 
copper in this respect as only a single peak correspond- 
ing to recrystallization is observed for the purest 
copper examined, whereas the plateau occurs for 
arsenical copper.) 

The release of energy corresponding to this plateau 
has been attributed to recover, involving the rear- 
rangement and annihilation of dislocations. It 
appears that the effect of impurities is to inhibit the 
movement of dislocations during recovery. In the 
relatively pure metals, recovery involving movement 
of dislocations is virtually complete at room tem- 
perature, and so no release of energy due to this 
process is observed. In the impure materials this 
recovery is delayed until higher temperatures, and the 
plateau-like areas in the AP curves are observed. For 
the intermediate case in coppel of 99.96 per cent 
purity a tail appears on the low temperature side of the 
recrystallization peak” and this has been attributed 


Ap calc. 


em 


Concentration * 


Ap exptl. 


em) cale. 


AD/D cale.? 


0.02 lo at, % 1.5 O.O17 
0.07 9.5 10-7 at. 7.6 0.038 
1.06 7.0 O.0019 


em/em? 


Increment in electrical resistivity. 


Dislocation 4.4 108 eV 
Interstitial 2 at. vol.. Vacancy 0.8 at. vol., Dislocation 


N, em, 


VOL. 
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to the completion of recovery.* It is important to 
decide whether recovery involving dislocations con- 
tributes to the release of energy prior to recrystalli- 
zation in the intermediate case of W nickel (99.85 per 
cent purity). This appears to be unlikely in view of 
the results obtained for copper, where any residual 
recovery immediately precedes recrystallization, even 
though in fine-grained material it may appear as a 
small discrete release of energy.‘®) Therefore most, if 
not all, the energy released in the two stages observed 
below 350°C in VW nickel must be attributed to causes 
other than dislocations. 

With respect to measurements of resistivity, there is 
an indication in the present results of two stages in the 
decrease of resistivity on annealing below 350°C for the 
M nickel (99.85 per cent). Definite resolution into two 
stages was observed by Sosin and Brinkman for nickel 
3) 


of 99.98 per cent purity.’ Measurements on nickel of 


99.6 per cent purity”) showed only a decrease in 


resistivity corresponding to the second stage of 
annealing centred at approximately 260°C. Similarly, 
for nickel of 99.4 per cent purity, Sosin and Brinkman 
found no decrease, but in fact a slight increase, in 
resistivity in the temperature range in which the first 
decrease in resistivity is observed for the purer 
materials. Both sets of experiments indicate that the 
first stage is not observed in the presence of substan- 
tial concentrations of impurities. 

It was shown previously that for arsenical copper 
the initial stages of recovery were accompanied by an 
increase in resistivity and this was attributed to the 
dispersal of atmospheres of impurity atoms when the 
dislocations moved away under thermal activation 
during recovery.) Subsequent experiments on single 
crystals by Schréder™ have shown that strain ageing 
does occur in this material. Clearly the operation of a 
similar mechanism in impure nickel could) mask 
the first stage observed for the purer materials. This 
agrees with the conclusion reached by Sosin and 
Brinkman. 

The relations between the values of stored energy 
and the changes in resistivity and density for 
nickel during recrystallization, shown m Table 1, are 
similar to those found previously for copper® and 
nickel.) The value of the change in density calcu- 
lated from the dislocation density agrees with the 
observed value. For resistivity there is the usual large 
discrepancy by a factor of about 50. Seeger“® has 
suggested that this discrepancy can be removed by 


* In this connection it should be noted that Sosin and 
Brinkman", in their Fig. 1, have reproduced one of these 
curves for copper of 99.96 per cent purity and labelled it 
incorrectly as being for copper of 99.98 per cent purity. For 
the purer material the tail is virtually absent. 
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taking into account the contribution of the stacking 
faults to the resistivity, which he considers increases 
the resistivity due to the dislocation by a factor of 40. 


4.2 Point defects 

For all samples of nickel investigated, a peak in the 
AP curve centred at 260-270°C is observed, the tem- 
perature at which this peak occurs being «lmost inde- 
pendent of the purity of the specimen and the degree 
and nature of the deformation. Evidence that this 
peak is due to the disappearance of vacancies has been 
presented previously,” for the impure nickel (99.6 
per cent), and presumably this interpretation is valid 
for the purer materials. This view has been adopted by 
Sosin and Brinkman. 

These authors suggest that the stage in the anneal- 
ing of resistivity centred near 100°C is due to the 
disappearance of interstitials. If this interpretation is 
adopted for the releases of energy centred at approxi- 
mately 120°C, observed for the purer samples of 
nickel in the present experiments, it is then possible to 
compare the values of stored energy and the changes 
in density and resistivity with those to be expected 
The 


comparison for the .W nickel are shown in Table 1, the 


from theoretical estimates. results of such a 


separation between experimental observations for 


interstitials and vacancies being made somewhat 


arbitrarily at 200°C. The possible contribution of 
dislocations to the stored energy or changes in pro- 
perties below 350°C has been ignored in compiling the 
table. There are wide discrepancies between various 
estimates of the effects of point defects on the pro- 
perties of metals in general and few estimates for 
nickel 
some cases by analogy with values for copper, as inter- 
the the 


The values selected have been chosen, in 


mediate between extremes of estimates 
available. 

There is quite good agreement between the mea- 
sured and calculated values for the changes in pro- 
perties. This indicates only that the values taken for 
the changes produced by particular defects are in 
approximately the right ratios to one another, as the 
calculated values of the changes in properties depend 
directly on the value for the energy assumed for the 
defects. 


due to a vacancy, i.e. 0.8 atomic volume, should not 


However, the value assumed for the dilatation 


be in error by a large factor, so that, if the assignment 
of the processes responsible for the changes in pro- 
perties is correct, the comparison suggests that the 
other values are not greatly in error. 
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diagrams for binary systems with complete solid solubility. 


NOTE ON THE THERMODYNAMICS OF THE LIQUIDUS AND SOLIDUS 
CURVES IN SYSTEMS WITH COMPLETE SOLID SOLUBILITY; 
THE SYSTEM SILVER-GOLD* 


O. J. KLEPPAt 


A simple, general expression is derived which permits the calculation of AF’ 


AF' from the phase 


In systems with a narrow liquidus—solidus 


gap good values of A( AF’) may be obtained without any use of detailed information on the free energy of 


formation of the equilibrium phases. 


A(AF) 


SUR LA 
DANS 


NOTE 
SOLIDUS LES SYSTEMES 


LE 


diagrammes de phases de systemes binaires, a solubilité solide compléte. 


THERMODYNAMIQUE DES COURBES DE 
A SOLUBILITE 


SYSTEME 


L’auteur établit une expression générale et simple qui permet de calculer AF: 


For silver-gold the use of this method gives the expression 


ISTX cal/mole. 


LIQUIDUS ET DE 
SOLIDE COMPLETE; 


ARGENT-OR 


AF! a partir des 


Dans le cas de syst¢mes qui 


présentent une lacune liquidus solidus étroite. on peut obtenir de bonnes valeurs de A(AF) sans utiliser 


dindications complémentaires sur l’énergie libre de formation des phases d’équilibre. 


teme mit vollstandiger gegenseitiger Léslichkeit 


argent—or, lemploi de cette méthode conduit a expression: A(AF) 
BEMERKUNGEN UBER DIE THERMODYNAMIK DER LIQUIDUS 
BEIT SYSTEMEN MIT VOLLSTANDIGER GEGENSEITIGER LOSLICHKEIT; 
SILBER 


Es wird ein einfacher, allgemeiner Ausdruck hergeleitet. der die Differenz A F* 
aus dem 


Pour le syst¢me 
IST7TX 4, cal/mole. 


UND SOLIDUS—LINIEN 
DAS SYSTEM 
GOLD 


AF' fiir binare Sys- 


Phasendiagramm zu berechnen gestattet. 


Bei Systemen mit geringem Abstand zwischen Liquidus- und Solidus-Linien bekommt man gute Werte 
von A(AF). ohne da®B& genaue Kenntnis der freien Bildungsenergie der Gleichgewichtsphasen ndétig 


ware, 


A(AF) 


Fiir Silber-Gold ergibt die Methode den Ausdruck 
cal/Mol. 


A few years ago it was pointed out by Wagner), 
that 
which is based on thermal analysis information only, 


the accepted phase diagram for silver—gold, 


shows a much wider liquidus—solidus “gap” than 
should be expected from the reported thermodynamic 
properties of the solid and liquid alloys formed by 
these if this 
svstem were ideal both in the solid and in the liquid 


X,,,') should be about 2.: 


two metals. Wagner calculated that 
state, the gap (X,,° 
at.“/, 
the solid and the liquid phase show pronounced 
negative deviations from ideality. Therefore an even 
the 
approximate values for the excess free energy of 
mixing Wagner estimated that the gap should be 
1.3 at.°, near the 50-50 composition. More recently 


near the equiatomic composition. In fact both 


smaller gap must be expected. On basis of 


White ef al have made an extensive survey of the 
available thermodynamic data for silver-gold. From 
these data they calculate a “theoretical” phase 
diagram for this system. Their diagram exhibits the 


narrow liquidus—solidus gap predicted by Wagner 


* This work was supported by the O.N.R. under Contract 
No. Nori-2121 with the University of Chicago. Received 
February 1, 1960. 

+ Institute for the Study of Metals, University of Chicago. 
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with both phase boundaries reasonably close to the 
“old” liquidus. Only last vear White confirmed this 
However, his new 
liquidus—solidus slight 
difference from the old data and from the “theoretical” 
curves of White ef al. 
thermodynamic consequences of White’s work. 


narrow gap experimentally.) 
values show a systematic 
This led us to reconsider the 
We 
are interested in particular in the possibility of 
deriving from his data improved values of the interest- 
ing quantity 

AF', 


A(AF) AF’ 


i.e. the free energy of formation of the solid alloy 
referred to the pure solids, less the free energy of 
formation of the liquid alloy of the same composition 
referred to the pure liquids. 

On the basis of certain reasonable and simplifying 
assumptions regarding the free energy of mixing of the 
liquid alloys, White et al. arrived at the following 
expression for this quantity: 


A(AF) = —(194 + 80)X4,X,,, cal/mole. 


White made an attempt to derive improved values of 
A(AF) from his own data. However, his method 
relates A(AF) to the gap width. For small gaps this 
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will necessarily introduce a large uncertainty in the 
calculated values of A( AF). 

It is the purpose of the present note to show that 
quite reliable values of A( AF) can be readily derived 
from White’s phase diagram data. In our derivation 
the gap width and the free energy of mixing for the 
alloy solution enter only in the form of a small 
correction term. Therefore our computation provides 
an independent check of the internal consistency of 
the White et a/. data. Our method may also be used 
for other systems with a known and larger gap width, 
in cases where free energy data are available for the 
solid or for the liquid solution system. 

Let F,(X,) be the relative partial free energy of 
component | at composition X, referred to the pure 
component in the same state of aggregation. If we 
make the usual assumption that the entropy of 
fusion of the pure metal AS, is independent of tem- 
perature between the melting point 7’, and the 
considered temperature 7’, we may write the following 
equilibrium condition for component 1: 


Similarly for component 2: 
F,*(X,) 


F,'(X,') + AS,(T, — 7). 


Here X, (= 1 X,) is the mole fraction of com- 
ponent | in the solid solution, while X,’ is the mole 
fraction of the same component in the co-existing 
liquid. 

Let us now denote the width of the liquidus 


solidus gap by 
6= X, — X,' = X,' — Xj. 


If we multiply equation (la) by X, = X,’ + 6 and 


equation (lb) by X, = X,’ — 6 and add, we obtain 
X,F(X,) + 
X,AS8,(7, — T) 
X,AS,(T, — T) 
(X,' + 6) F,'(X,’) 
(X,' — 0) P,'(Xy’) (2a) 
or more simply 
AF*(X,) = X,AS,(T, — T) 
X,AS,(7, — T) 
- F,'(X,') — F,'(X,')}. (2b) 


AF'(X,’) 


THERMODYNAMICS OF 


THE LIQUIDUS AND SOLIDUS 805 


Since, at constant pressure and temperature 


AF"(X,) = AF"(X,’) + (X, — —;} 
dX, 
(X, X,)* h.o.t. (3) 
and 
1AF' 
— = F(X,') — F,'(X,') (4) 
dX, 
we finally obtain 
A, AF(X,)} = X,AS,(7, — T) 
X,AS,(T, — T) 
d?AF' 
— h.o.t. (5a) 
2 dX," 


A completely analogous expression is 


A{AF(X,')} = — 7) 
X,'AS,(7', 
h.o.t. (5b) 
2 dX;* 


These expressions may be used to make a precise 
calculation of A(AF) from the phase diagram if we 
have thermodynamic data which permit an evaluation 
of (d?A F/dX?) i.e. of the curvature of AF. for either 
the solid or the liquid phase. Note that 

d?AF RT 
dX? X(1 X) dX? 


(6) 


where F¥ is the excess free energy. Thus for an ideal 
system at 50-50 composition this term is 4 R7’. It 
should also be recognized that for systems with a 
negative deviation from ideality the curvature is 
larger, while for systems with a positive deviation it is 
smaller than the ideal. It is this very fact which 
gives rise to small liquidus-solidus gaps in systems 
with negative deviations from ideality (e.g. Ag—Au) 
and wide gaps in systems with positive deviations 
(e.g. Au—Pt). 

A particularly simple situation exists where 0 = 0 
i.e. when the liquidus-solidus gap vanishes. This 
Oand X 


and at phase diagram maxima and minima. Then we 


occurs in the two trivial cases when X 


have simply 


A(AF) = X,AS,(7, — T) + X,AS,(T,— 7). (7) 


This equation was previously derived by Wagner), 
and was used by him to evaluate A(AF) for a few 
systems with phase diagram minima. However, we 


S06 


TABLE l. Values of A(AF) AF? AF' for the silver gold 

system as calculated from the liquidus data of White. The 

entropies of fusion of silver and gold were taken from Kuba- 
schewski and 


Liquidus A(AF) 
temperature equation (7 
(cal/mole) 


Liquidus 
composition 


Xau 


A(AFP)/XauXag 


(cal/mole) 


1279 40) 213 
1282 44 228 
0.501 1308 48 192 
0.503 1309 50 200 
0.522 1308 44 176 
0.760 1327 33 ISI 
0.761 1327 33 Isl 
0.768 1329 35 19S 


0.251 


0.262 


will show that the same expression may be used with 
nearly equal confidence for solid solution systems 
with a narrow liquidus—solidus gap. 

In Table 1 we give the values of A( AF) for silver 


gold as derived from equation (7) by the use of 


White's data. This calculation, which 


makes no specific use of information on the liquidus— 


liquidus 


solidus gap, yields the following expression 


A( AF) 


with a mean deviation of about 7 per cent. 
It remains to estimate the error arising from our 


omission of the last term in equation (5b). At the 
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50-50 composition (d?AF* dX?) ~ 15.000 calories. 
while (62/2) ~ 1074. This gives a correction term of the 
order of +-1.5 cal/mole (or 3 per cent). At the 25-75 
composition the corresponding corrections are about 
2 cal/mole (or 5-6 per cent). 
With these corrections our expression for A(AF) 
becomes 


A(AF) 


This differs by less than 4 per cent from the one 


ISTX,,X,,, cal/mole. 


recommended by White ef al. 
In order to the 
calculation we must consider the uncertainty arising 


estimate absolute error in our 
from the adopted values of the entropies of fusion 
(probably less than 3 per cent). and in particular the 
possible error in the liquidus. We believe that White's 


estimate of an absolute uncertainty of +4° in his 


liquidus values probably is too conservative. The 


corresponding errors in the values of A(AF) would be 


15 to —20 cal/mole. 
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Porosity in plastically deformed 
single crystals* 


The concept of vacancy generation at jogs in moving 
screw dislocations is well known.“4-%) As part of an 
inquiry into this matter, single crystals of Ag, Cu 
and a Cu-0.1°,, Al alloy were extended to fracture at 
room temperature and at a uniform strain rate (0.003 
min-'). The specimens were prepared by the Bridg- 
man technique ina vacuum of 10-° mm Hg. Chemical 
analyses of the Ag and Cu specimens are given in 
Table 1. 
were not found in either specimen and are not included 
in the Table: Al, As, Au, Be, Bi, Cd, Co, Cr, Cs, Ga, Ge. 
H, Hg, K, Li, Mo, Na, P, Pt, Pb, Sr, Ta, Te, Ti, V. W. 
Zn, Zr. The tensile axis of the specimens was a (100 
The gross features of the fractures in Ag and Cu are 
Both crystals failed at about 45° to 
The Ag specimen dis- 


The following elements were looked for but 


shown in Fig. 1. 
the tensile axis (Fig. 1 a,c). 
plaved V-type fracture surfaces while the Cu speci- 
men exhibited knife-edge fracture surfaces (Fig. | b,d). 
It is apparent that considerable necking occurred prior 
to fracture, the reduction in area at the fracture surface 
being almost 100 per cent. 

Under the experimental conditions. the necking 
phenomenon is dynamically unstable and could be 
related to the occurrence of local, intense multiple 
glide and the subsequent production and coalescence of 
In fact, the (100) crystal orientation was 
selected to produce large amounts of slip on intersec- 
If this is so, it might be expected that 


vacancies. 


ting planes. 
metallographic sections near the fracture surface would 
exhibit observable porosity. The photomicrographs 
in Fig. 2(a-c) show the porosity existing in sections 
about | mm from and parallel to the fracture surface 
in Ag. Cu and the Cu—0.1°,, Al alloy. The holes asso- 
ciated with the porosity in Cu (Fig. 2a) are round 
while those in Ag (Fig. 2b) are lenticular, and are 
oriented in the A—B direction shown in Fig. I(a). It 
is noteworthy that the large axis of the cavities is 
perpendicular to the stress axis. Close examination of 
the cavities indicate that the lenticularity is due to a 


TABLE l. 


Specimen 


Cu 


Ag 1000 


100 


Cu 
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Chemical analyses of the 


coalescence of several spherical pores. Such a phe- 
nomenon is indicated by the cavity above the arrow in 
Fig. 2(b). The 


prepared by metallographic polishing and are unetched. 


sections in Fig. 2(a) and (b) were 
The effect of etching such a section is shown in Fig. 
2(c) for the Cu-0.1°, Al alloy. This procedure was 
used for enlarging the pores by preferential attack, 
and serves to emphasize that most of the porosity 
occurs parallel and very close to the plane which 
bisects the crystal along its largest dimension. 

If the observed porosity is due to vacancy conden- 
sation as a result of extensive multipie glide, then it is 
thought that some significance can be given to the 
empirical concept of an equicohesive temperature.“ 
The equicohesive temperature is that temperature 
above which the fracture of polycrystalline metals 
changes from a transgranular to an intererystalline 
nature. Transgranular fractures are favored by (1) 


3) 


low temperatures, (2) fast rates of deformation, (° 
It is 


noteworthy that all the factors favoring transgranular 


large grain size and (4) high impurity contents. 


fracture would also inhibit migration and 


condensation at grain boundaries, which could lead 


vacancy 


to intercrystalline failure. The low temperature would 
lower the diffusion rate of vacancies: the fast deforma- 
tion rate would provide less time for the migration of 
vacancies to the boundaries: the larger grain size 
would increase the average distance for the vacancies 
to reach the boundaries; and the high impurity content 
could provide sinks for vacancies within the grain. 
As a final observation. it would seem from the data 
in Table 1 that the porosity observed in these crystals 
on fracture cannot be attributed directly or indirectly 


to the presence of dissolved gases or a second phase 
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Twinning in iron* 


In 1953 Paxton” could state that “Alpha-iron and 
its dilute alloys appear to be the only body-centered 
cubic metals in which mechanical twinning has been 
definitely demonstrated”. Generally deformation at 
very low temperature or deformation by impact is 
needed to produce mechanical twins (Neumann bands 
or lamellae), and less pure iron seemed to show a 
greater ease of twinning than the purer.) 

An indication that in contradiction to this the ease 
of twinning may increase with increase of purity was 
obtained in this laboratory when during rolling of a 
zone melted iron bar to 20 per cent reduction of 
thickness at room temperature mechanical twins were 
found in the areas near to the edges of the rolled strip. 
Similar twins, but now heavily deformed due to defor- 
mation after their formation, were found after rolling 
of other specimens to 60 per cent reduction of thickness. 
In another as-melted bar in one area mechanical twins 
had been formed due to an accidental deformation. 
Slow bending of a neighboring area at room tempera- 
ture produced no twins in the bent region, but a new 
twin appeared close to the already twinned area. 
An interesting detail found in this specimen is the easy 
crossing of subgrain boundaries by twins as shown in 
Fig. 1. The subgrain boundaries by remaining visible 


in the twin nicely illustrate the displacement of the 


parts of the crossed subgrains and the twin nature of 


the Neumann bands. 

Further support for a hypothesis that increased 
purity increases the ease of twinning has been found in 
the frequent formation of annealing tivins in zone 
melted iron observed in this laboratory. Thus 
annealing twins were repeatedly observed in specimens 
used in experiments for production of single crystals. 
Lately annealing twins were also observed on the as- 
zone-melted surface of iron bars. One of these anneal- 
ing twins which particularly well illustrates the twin 
nature is shown in Fig. 2. 

A more frequent occurrence of annealing twins in 
purer metals has been suggested by Berghezan™ when 
working on face-centered cubic metals. Generally 
annealing twins have not been considered to occur in 


body-centered cubic metals, although among others 


McKeehan'®) produced some annealing twins in iron by 
a very special heat treatment, and Lacombe and 
Berghezan'® reported on the appearance of many 
insular crystals in twin position to the matrix grains 
after a special heat treatment of Armeo iron in 


* The project of which this work is a part was sponsored by 
the Union Carbide Corporation, New York, N.Y. Received 
May 19, 1960, 
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Fic. 1. Crossing of two subgrain boundaries by a 
mechanical twin. 


hydrogen. At least McKeehan’s annealing twins 
might be explained as the result of a purification 
considering the very high temperature (1400°C) 
the hydrogen atmosphere and the slow zone heating 
method applied to his 1 mm dia. wire made from 
Armco iron welding rod. The removal of e.g. oxygen 
and sulphur from iron—which results in a considerable 
increase of the surface tension of liquid iron—most 
probably will also, by increasing the mean grain 
boundary energy more than the coherent twin bound- 
ary energy, increase the ratio of these two energies 
and thus favour the growth of annealing twins in iron 
As to the mechanical twins, among others Smith and 
Rutherford™ found the most extensive mechanical 
twinning during slow deformation at low temperatures 
in their purest iron. 

Recent data on other body-centered cubic metals 
also support the hy pothesis that increasing the purity 
increases the ease of twinning, as pointed out by 
Anderson and Bronisz‘*) when they produced twinning 


in pure electron beam melted tantalum by hammering 


- 


Fic. 2. Annealing twin on as-zone-melted surface of 
iron bar. Block spots are due to lengthy handling, and 
are not inclusions. 
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at room temperature, while less pure tantalum only 
twins at liquid nitrogen temperature. Thus Adams et 
al.) report that melted 
niobium can be made to twin, while Fourdeux and 


electron bombardment 
Berghezan by transmission electron microscopy 
find stacking faults in zone melted niobium rolled at 
room temperature and annealed. 

It may prove fruitful to examine what relation there 
is to another phenomenon which is definitely favoured 


by increase of purity, namely the formation of 


subgrains. 


_ 


BULL SIMONSEN 


European Research Associates, 8.a. 
Brussels, Belgium 
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The effect of pressure on the second stage 
parabolic rate in the oxidation of titanium* 


The oxidation of titanium at high temperatures is 
initially parabolic, a coherent rutile scale forming and 
growing by anion vacancy migration.”) The scale is 
under compressive stresses and eventually blisters 
from the metal surface, absorbing oxy zen to become 
stoichiometric. The detached stoichiometric envelope 
is evidently porous, for oxidation restarts under- 
neath it. and the cycle is repeated. During 
this process, the rate becomes linear, a laminar 
scale forming from the repeated blistering en- 
velopes. Eventually the linear rate is superseded by 
a second parabolic rate, which is considerably more 
rapid than the first stage parabola. The scaling 
behaviour is the same for this second parabolic stage as 
for the intermediate linear stage, and at the point 
where the linear rate gives way to the second parabola 
the two curves have the same slope. Because of this, 
it has been concluded” that the appearance of a 
second parabolic rate indicates that a step in the oxi- 
dation process, hitherto more rapid than the reaction 
near the metal surface. becomes slower than this 
reaction, and thus determines the rate. The only step 
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2 6 800l 2 4 6 8Ol 
Am mg/cm per /sec 
Fic. i. Pressure dependence of the second parabolic 
stage in the oxidation of titanium. The lines drawn 
through the experimental points correspond to a linear 
dependence of the parabolic rate constant on oxygen 
pressure. The points representing the oxidation of 
titanium at 1000°C have been displaced to the left for 
clarity. 
in the oxidation which could produce a_ parabolic 
rate without altering the scale appearance is the 
gaseous diffusion of oxygen through the scale. On the 
basis of this model a parabolic rate law has been caleu- 
lated which, when reasonable values for the size and 
density of the pores in the scale are inserted, gives 
oxidation rates close to those observed. 

The calculated rate law predicted a linear depen- 
dence of the parabolic rate constant on oxygen pres- 
sure. The experimental evidence of this point was 
inconclusive. Jenkins) attempted to measure the 
pressure dependence of the oxygen rate when a porous 
scale was formed by abruptly lowering the oxygen 
pressure, but found that the results obtained suggested 
a slow evolution of oxygen from the porous scale. 

In this investigation the pressure dependence was 
studied by oxidizing separately twosamples of titanium 


and one titanium-4°, iron in a Sieverts apparatus of 


the type described earlier.”) The pressure was allowed 


to fall to low values during the oxidation. Then the 


difference AM between two consecutive readings of 


the weight of oxygen absorbed per unit area by the 
scale was divided by the difference A(f/?) in the square 
roots of the times of the two readings and plotted on 
a logarithmic scale versus the logarithm of the mean 
pressure p between the two readings. The results are 
shown in Fig. 1. 

This method overcomes the difficulty encountered 
by Jenkins®, but it has some disadvantages. The 
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difference between adjacent readings is only about 10 
times the estimated error of the Sieverts method at 
the most,“ and becomes even less as the rate becomes 
slow at low pressures. There is a small error possible in 
the time readings as well, since the experimental method 
requires simultaneous reading of two manometer arms. 
For this reason Am/ Ay ¢ versus p is plotted rather than 
the more natural (Am)?/At versus p since squaring the 
term containing both the possible errors would mag- 
nify the scatter. The possible error increases as the 
pressure falls. 

The theory for the oxidation process requires that 

m? = k’pt 
where k’ is a constant independent of pressure. Thus 
Am t should vary as p'/?. This relation is shown as 
the full lines in Fig. 1. It can be seen that the agree- 
ment is extremely good. 

The effect of sharply varying the pressure was 
studied by adding further amounts of oxygen and 
measuring the change in rate. A rate curve plotted as 
mg em? of oxygen absorbed versus time is shown in 
Fig. 2. The oxidation was allowed to proceed until the 
atmosphere was nearly exhausted, and a small amount 
of oxygen added, sufficient to alter the pressure to 550 


mm Hg. The rate immediately increased, falling off 


as the atmosphere was again exhausted, retracing the 
last part of the original oxidation curve. At this point 
a large addition of oxygen was made, sufficient to 
raise the pressure nearly to atmospheric. In this case 
the rate rose sharply for a very short while, then fell 


off until the reaction almost stopped. The rate then 
slowly increased, eventually reaching a normal rate. 


3rd addi tition = 39 mg/cm? 


| |_2nd addition4 O8 mg/cm: 


16 initial addition |4.89_m 


5 


£ 


Time, 


Fic. 2. The effect of abrupt pressure changes on the 
oxidation rate of Ti-4%, Fe at 910°C. 
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This is the inverse of the effect noted by Jenkins on 
dropping the pressure. 

This effect can be accounted for in terms of the 
gaseous diffusion model. The gas diffuses through 
small pores through the laminations. Large fissures 
between the laminations connect the ends of the pores 
in adjacent layers without introducing any resistance 
to flow.) This isthe situation under normal conditions 
when the pressure difference across any single lami 
nation is small. However, if the pressure is suddenly) 
raised on the outside of the scale, the outer laminations 
will be compressed, thus reducing or removing the 
parallel fissures between the laminations which connect 
the pores. The number of diffusion paths to the meta! 
surface will therefore be much reduced, until the slow 
flow of gas through the remaining paths has equalised 
the pressure distribution through the scale. The rate 
will then increase to the steady state value. 

The results obtained in this series of experiments 
confirm that the controlling step in the second para- 
bolic stage in the oxidation of titanium is the diffusion 
of gaseous oxygen through the porous scale, and in 
particular they show that the parabolic rate constant 
is linearly dependent on oxygen pressure, as required 
by theory. 

The materials for this investigation were supplied by 
L.C.1. Metals Division. 

J. STRINGER 
Department of Metallurgy 
University of Liverpool 
References 
a STRINGER, Acta Met., 8, 758 (1960). 


J. 
2. A. E. Jenkins, J. Inst. Met. 82, 213 (1953-54). 


* Received February 26; revised April 1, 1960. 


The structure of slip band extrusion revealed by 
transmission electron microscopy* 


Earlier observations” on various materials have 
shown that fatigue stress caused the extrusion of thin 
scrolls of debris from slip bands. This phenomenon 
was very marked in solution treated aluminium—4° , 
copper alloy fatigued at room temperature, where it 
was observed to occur suddenly within a few stress 
cycles.) The maximum height of the extrusions 
observed in this alloy was approximately 10 uw, and 
interferometric measurements suggested that they 
were not thicker than 0.1 uw. A light micrograph of a 
typical slip band extrusion is shown in Fig. 1. In an 
earlier study?) the extrusions stripped from a specimen 
on a ‘*Perspex”’ replica were examined both by reflected 
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Fic. 1. Optical micrograph of a typical slip band 
extrusion, 1500 


and transmitted light. Their high reflectivity and 
their opacity suggested that they were metallic. 

In order to understand the extrusion mechanism it 
is important to know if the extrusion has been enriched 


with or depleted of solute atoms. but at the time of 


writing no satisfactory method of analysis has been 
evolved. We have, however. been able to study the 
structure of the slip band extrusion by transmission 
electron microscopy. 

Specimens of aluminium—4°, copper alloy were 
solution heat treated at 520°C, cold water quenched 


and fatigued at room temperature. The slip band 
extruded material was stripped from the specimen 
surface embedded in either carbon or formvar replicas. 
Judging from the appearance of extrusions when 
viewed in the electron microscope, they must all be 
remarkably similar in thickness, and the 0.1 4 upper 
thickness limit originally estimated by interferometry 
is consistent with their transparency to electrons. The 
back ends of the extrusions were serrated in a manner 
similar to fractures we have produced by straining 
thin aluminium foils in the electron microscope. 
These torn edges must have occurred during the 


stripping operation, and this suggests that the 


extrusions were still coherent with the crystal material 
when stripped. This continuity between extrusion 
and crystal has been confirmed by ‘‘fractographic”’ 
examination of the edges of the fatigue fracture 
where extrusions still adhere. Figs. 2 and 3 are 
transmission electron micrographs of extrusion 
stripped on a formvar replica showing a striated or 
elongated substructure typical of all extrusions 
examined. 

This structure seemed to be composed of elongated 
crystallites lying in a direction parallel to the slip band 
from which the extrusion came. No discrete disloca- 
tions could be detected in these long parallel boundaries 
(indicated by arrow A, Fig. 3) although cross linking 
boundaries (indicated by arrow B) were sometimes 
resolved as small angle dislocation arrays. The 
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Fic. 3. Transmission electron micrograph of slip band extrusion showing elongated substructure. 62.000 


electron diffraction pattern shown in Fig. 4 confirms caused complete polygonization to an equiaxed form. 


the presence of this substructure. The long boundaries It is known from observation that extrusion occurs 


were unusually straight and were not jogged by the in a few stress evcles (~10 cycles) and as there are 


cross linking boundaries. They were in all respects about the same number of striations in the extrusions 
similar in appearance to large angle grain boundaries, — it is reasonable to suppose that each striation corre- 
but prolonged heating in the electron microscope — sponds to, and is the result of, one cycle of stress. It 
is, however, difficult to ascertain the true nature of 
the boundaries between the elongated crystallites 
They may be arrays of edge dislocations lying paralle| 
to the extrusion surface with their Burger's vector in 
the extrusion direction. These could result from the 
polygonization of buckles formed in the extrusion 
process, or directly from sharply kinked bands as 
illustrated in Fig. 5. It can be seen that a kink band 
would naturally form where the extrusion emerged 
from the crystal surface, during that part of the cycle 


4) 
Slip plane 
Fic. 4. Electron diffraction pattern from slip band Fic. 5. Diagrammatic representation of extrusion 


extrusion (ITT). process. 
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Fic. 6. Transmission electron micrograph of slip band 
extrusion showing precipitation produced by heating 
in the electron beam. 8.000 


when two parts of the crystal on each side of the 


extrusion were moving together in the directions x 
and y. We visualize that during this part of the cycle 
sliding will occur along c-d as indicated by the arrows, 
but a—h will be stuck. 

When the cycle reverses sliding will occur along 
a-b, and c-d will be stuck. If a kink band forms 
during this half of the cycle, i.e. when the crystal 
surface is extended, it must be less heavily bent than 
its predecessor because a rolling up of the extrusion is 
always observed as indicated in Fig. 5. This suggests 
that edge dislocations of one sign predominate in the 
extrusion. This predomination of one sign becomes 
greater near the tip because the sub-boundaries that 
exist there are more closely spaced, and this results in 
the curling observed at the tips. 

It has been stated that the thickness of these 
extrusions was remarkably constant, and in this 
respect they are dissimilar to those observed in silver 
chloride and in many metals. It seems that in 
aluminium—4°,, copper—and we suspect in other 
aluminium allovs—the sliding involved in the extrusion 
process occurs on a relatively small number of slip 
planes. In many other cases slip is occurring on a 
more widely distributed series of planes. It is clear 
that reverse glide is the mechanism of extrusion, but 
it is difficult to ascribe a particular dislocation 
mechanism. It is certain that a gyrating screw 
dislocation mechanism is untenable in this case, nor 
can the mechanism of interfering slip on different 


planes be applicable.“ 


Any mechanism would have to take into account 
the new observation that dislocation arrays, most 
probably edge dislocations predominantly of one sign. 
exist in the extrusion. This is most likely to be the 
result of changing frictional forces under extension 
and closure of the surrounding crystal. It may be 
that reverse sliding occurs on the plane a—) and only 
in one direction on the plane c-d. Slip cannot occur 
in the reverse direction d—c because the kink band 
across a—d acts as an obstacle. It is likely that true 
cohesion is soon lost along a—), but the friction 
hetween the two faces will be greater under the 
closure half of the cycle than on the extending half. 

There is evidence that, as with silver chloride, 
extrusion in aluminium—4°,, copper alloy does not 
leave behind a void. It is likely that the extrusion— 
crystal interface a—) nearest the specimen surface, i.e. 
the interface that forms an acute angle with the sur- 
face, loses cohesion and becomes a crack. This loss 
of cohesion could occur before the extrusion and he 
the cause rather than the effect. 

Prolonged heating in the electron beam caused 
precipitation of 6° in about the same quantity and 
form as appeared in thin foils of the homogeneous 
aluminium—4°,, copper alloy heated in a_ similar 
manner.'?) This is shown in Fig. 6. If any change in 
the distribution of solute had occurred with fatigue 
stress it does not seem to have affected the material 
extruded. It may be that the important structural 
changes occur on the extrusion—crystal interface 
rather than in the material that is eventually ex- 
truded. If this is so it will make detection very much 
more difficult, and illustrates in a striking manner 
how sharply confined to a few crystal planes the true 
fatigue damage may be. 

P. J. E. Forsytu 
Ministry of Aviation C. A. STUBBINGTON 
Farnborough, Hants. 
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Migration energies in quenched 
and deformed gold* 


Activation energies as determined by slope inter- 


section method were measured for the recovery of 


residual resistivity in gold which had been quenched 
and then subsequently plastically deformed at 
—195.8°C. The purpose of this investigation was the 
study of the physical nature of the interactions bet ween 
point defects and dislocations. These results indicate 
that other processes must be considered in addition to 
that previously considered, which was the factor of 
increased sink density due to the increase in dislocation 
density resulting from plastic deformation. 

The experimental procedure was as follows: Gold 
samples of specified purity 99.999 per cent, and with 
a ratio of room temperature resistivity to that of liquid 
helium of 2000 or higher were quenched from 1000°C 
down to 0°C with a quenching speed of 30,000°C sec. 
The wires were immediately transferred from the 0°C 
hath into a liquid nitrogen bath. Plastic deformation 
was introduced by bending while the specimen was 
still in the liquid nitrogen bath following the quench. 
The residual resistivity was then measured at 4.2°K. 
The specimen was then placed in various constant 
temperature baths and the resistivity again measured 


at 4.2°K following each annealing period. For one of 


the annealing runs an unquenched sample was used and 
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195.8°C and subsequently an- 


was deformed at 
nealed as for the quenched and deformed samples. 

The recovery of residual resistivity at raised tem- 
peratures is shown in Fig. 1. In Fig. 2 the activation 
energies obtained from Fig. | are plotted against the 
(Pp; 
p; is the resistivity after quenching and deformation, 
and py is the resistivity at the completion of aging at 
100°C. The effect of the plastic deformation is the 


fractional residual resistivity (p py) Where 


very low activation energies observed in the early 
part of the recovery process. These activation energies 
are considerably below those for quenched and unde- 
formed samples. The activation energy increases mon- 
otonically with aging back to that for the quenched 
and undeformed specimens. About 80 per cent of the 
resistivity recovers with close to the same activation 
energy as the quenched but undeformed samples. 
The unquenched sample which was subjected to the 
same deformation and subsequent annealing as the 
quenched and deformed samples exhibited a recovery 
similar to that of the early part of the recovery process 
for the quenched and deformed samples, except that 
the magnitude of the recovered resistivity was much 
less than when quenched-in defects were present. 
The striking feature of the present results is the very 
low activation energies. These cannot be accounted 
for merely by the additional sinks of vacancies due to 
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Activation energies obtained in Fig. | plotted 
against the fraction of residual resistivity. 


the increase in dislocation density. The possibility 
that elastic interaction between vacancies and disloca- 
tions may account for the low activation energy obser- 
ved seems unlikely, because the interaction is not 
great enough to account for the low values observed. 

The possibility that the low energy processes are due 
to the motion of vacancy clusters can be excluded 
because vacancy clusters are present even in quenched 
and undeformed material, and for this case such low 
activation energies have never been observed. We also 
note that this rejects the possibility that first recovery 
step in gold deformed at —195.8°C is due to migration 
of vacancy aggregates." 

Two possible solutions which can account for the 
observed results are the following: (1) Plastic deforma- 
tion may produce clustered interstitials, probably in 
the form of rows or platelets. During annealing the 
interstitials may break away from the clusters and 
recombine with the lattice vacancies present as a 
result of quenching. (2) If. following the quenching 
and deformation processes there is a significant con- 
centration of vacancies near dislocation lines, a possible 
mechanism for the rate controlling process would be 
the migration of vacancies along the dislocation lines. 
However, this seems the less likely process, because 
such a process should occur more rapidly than that 
which is observed experimentally. It is concluded that 
the first mechanism is the one which corresponds to 
the experimental data obtained. 

We may further note that the difference in the 
recovery characteristics of resistivity between cold 
worked copper and irradiated copper may be explained 
by the difference in the production of interstitial atoms, 
that is, local regions containing interstitial atoms are 
expected for the case of cold work, whereas a random 
distribution of interstitial atoms is likely to be created 
for the case of electron irradiation. Therefore one may 
conclude that the apparent lack of any recovery 


process in cold worked copper below about 120°K does 
not eliminate the possibility of interstitial atoms 
produced as a result of cold work. 


Department of Materials Science M. Mesut 
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Evanston, Illinois 
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On Meiklejohn and Skoda’s letter 
“Dispersion Hardening’’* 
Meiklejohn and Skoda" have shown that the vield 
strength, o,, of mercury hardened by electrodeposited 


u 
iron particles, tested at 77°K. is given by: 


(1) 


where d is the particle diameter, / is the distance 
between centers of the particles, a) is the yield 
strength of the matrix, and 4 is a constant. Later 
tests. as a function of temperature, gave 
o,(T) — o,(T) 
(7, — T) 


where 7' is the test temperature, 7',, is the melting 


(2) 


point of mercury, and ~ is another constant. 

The following explanation of the observed depend- 
ence of vield strength on particle size. spacing and 
temperature of test, is proposed. As the mercury is 
cooled from its melting point to the testing tempera- 
ture, strains will develop due to differential contraction 
between the mercury and the iron particles. It is 
supposed that these strains can be relieved by the 
creation of dislocation loops, as has been observed in 
silver chloride.®) The volume change per particle due 
to differential contraction is: 


Ty, — 


where ¢ is the difference in volume thermal expansion 
coetticients of iron and mercury ~ 9 © 10°9/°C). 
The volume change accommodated by each dislocation 
loop is: 

where 4 is the Burger's vector, and R the radius of the 
loop. This radius is approximately equal to 1/y 2 
times the particle radius.“ Each particle must give 
off NV loops to accommodate all the strain, such that 


we(7',, — T) d* (3) 
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The enhanced strength of the material, due to the 


N =—(T,—T)d. (4) 


presence of the precipitate particles, arises from the 
necessity for deformation dislocations to cut through 
these dislocations loops. The yield strength is then 
given by: 

a,( 7’) 


+ o,(T) (5) 


Where uw is the shear modulus of the matrix (4 ~ 
5 « 10! dyn/cm? for mercury), and p is the number 
of loops per unit length through which a dislocation 
must cut. 

(6) 
since (2 d) is the distance between particles, and 
the loops may be given off in three directions. 

Substituting equations (4) and (6) in equation (5 
eq 


(T' T) d 
T (7 
( ) 9 d) 1) ) 
or 
(T)—a f(T) Awe d 
Oy ‘yy ‘yy (8) 


This is the same as Meiklejohn and Skoda’s result 
(equation 2) with « = 4ue/9. This ignores any change 
with temperature in w or e, but such changes are 
Using the above values of yu 
and ¢, 28.4 lb/in?/°C. 
Meiklejohn and Skoda give an experimental value for 


The 


excellent agreement between these values needs no 


expected to be small. 
the calculated value of is 


this constant of approximately 30 |b/in? °C. 


comment. 

D. Dew-HvUGHES 
IBM Research Center 
Poughkeepsie, New York 
Now at 
Department of Metallurgy 


Cambridge University 
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Thermal cycling creep of «-uranium* 
When a polycrystalline material contains inter- 
granular stresses that bring its grains to the point of 


TO THE 
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TABLE |. Coefficients of thermal expansion (» 107°) along 
crystal axes in alpha uranium 
Axis 25—125°C 25-325°C 25-650°C 
100 21.7 26.5 36.7 
O10 1.5 2.4 9.3 
23.2 23.9 34.2 


vielding, it is unable to support even small applied 
loads without giving way plastically. In many cases 
such intergranular stresses are smoothed away by dif- 
ferential plastic deformation during the early stages of 
of the 


stresses the material quickly becomes able to oppose 


loading and because of this “shakedown” 


its full vield strength to the applied load. However, 
under certain circumstances the intergranular stresses 
can be continually regenerated and the inability of the 
material to support small applied loads then persists as 
a permanent feature. The material then responds to 
such loads as if it were a viscous fluid and obeys 
Newton's law of viscosity in the limit of small applied 
stresses, even though its grains fully retain their 
original crystal structure and mechanical properties. 
A good example of the effect is the “irradiation 
creep” that occurs when alpha uranium is irradiated 
with neutrons.”)? The intergranular stresses in this 
case are produced by the anisotropic “irradiation 
growth” that the 
0-450°C. The effect is also expected to appear when 


occurs In temperature range 


alpha uranium is subjected to thermal cycling, 
since the coefficient of thermal expansion is very 
anisotropic, as shown in Table 1. 

The experiments described below were made to 
test this point. 

Four uranium rods 6 mm diameter were cut from a 


cast bar of calcium reduced uranium. The rods were 


swaged to | mm diameter wire and to minimize 


texturing were vacuum annealed at 600°C after every 
The 


springs of | em diameter and after a heat treatment to 


50 per cent reduction. wires were coiled into 
produce a small grain size were mounted vertically in a 
glass furnace in a helium atmosphere. The specimens 
were then cycled between two given temperatures 


4°C. At 
cooled to room temperature and the length of the 


controlled to intervals the furnace was 
springs measured without removing the specimens 
from the apparatus by using a cathetometer. 

As a control, some springs were held at a constant 
temperature of 350°C under the maximum applied 
load for 200 hr; they showed no observable creep. 

The full lines in Fig. | show the results of cveling 
between the limits LOO°C and 300°C on specimens 
186, 1048 and 1697 The 


elastic deflections produced by these loads were 0.06, 


loaded to Ib/in?. initial 
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Fic. 1. Spring deflection versus number of cycles for Ca-reduced uranium cycled between 100°C and 300°C 
and also between 50°C and 300°C. The broken line shows the effect of recommencing cycling after dis- 
turbing the internal stresses. 


0.32, and 0.46 mm, respectively. It will be seen that 


deflections of about 10 times these amounts occurred 
during the first few cycles. Thereafter the deflections 
increased gradually until they reached 20-25 initial 
elastic deflections and then stopped. 

The initial yield strength was determined from 
experiments on uncycled springs to be 27,500 Ib/in? 
which corresponds to an elastic strain at the vield 
point of 10-3. From the values of thermal expansion 
in Table 1 we expect a change of 200°C to create a 
maximum thermal strain between neighbouring 
grains of about 5 « 10-3. This is much greater than 
the elastic yield strain so that the experimental 
conditions were suitable for producing the observed 
effect of cvcling. 

Two effects may contribute to the decrease in creep 
rate as the number of cycles increases. First is the 
“shakedown” of the intergranular stresses. If, at a 
given temperature and stress, one grain happens to be 
straining plastically at a faster rate than its neigh- 


hours. the stress in that grain relaxes and the rate of 


straining there falls towards the average value. The 
intergranular stresses thus shake down into a pattern 
which subsequently minimizes the individual plastic 
strains of the grains. In effect. after the first few 
cycles each grain becomes able to use its whole 
elastic range, from compression to tension, to accom- 
modate the intergranular thermal strains. Thus the 
effective total elastic yield strain increases from 10-4 
to about 2 x 10°. 
accommodate the thermal strains completely, we 


If the latter was enough to 


would expect from the shakedown argument that 


after the first few cycles the specimen would stop 
deforming plastically. 
However, the thermal strains are much larger than 


2 « 10°3 and to account for the observed decrease of 


creep rate to zero, we must suppose that the elastic 
range is widened by work hardening from the alter- 
nating thermally induced plastic strain. In fact, the 
vield strength at room temperature after 400 cycles 
from 100 to 300°C was found to be 79,000 Ib/in?, 


which corresponds to an initial elastic yield strain of 


3 and a total elastic range of 6 
Since the vield strength of uranium decreases by 
10,000-15,000 Ib/in? on heating from room tempera- 
ture to 300°C®) the total elastic range at the tempera- 
ture of the experiment is about equal to the thermal 
strain. This is to be expected, for once the elastic 
range has grown sufficiently to accommodate the 
thermal strain, plastic deformation and work harden- 
ing should cease provided the state of intergranular 
stress is not disturbed in any way. 

Experiments were made to test these deductions 
and specimens were first cycled between the limits 
50°C and 300°C. It was found that they followed the 
curves for the 100°C to 300°C cycling range. One set, 
at 500 cycles, was cooled to room temperature, 
removed from the apparatus, pulled to their yield 
points and reassembled in the apparatus to continue 
the cycling experiment. The reason for pulling the 


specimens was to disturb the shakedown state of 


intergranular stresses so that the material would no 
longer be able to offer its total elastic range to resist 
the thermal strains until the shakedown state had been 
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established again. As a result, the thermal cycling 


treatment then becomes capable once 
producing plastic strains, shown by the broken lines in 
Fig. 1. 

The shakedown state of the intergranular stresses 
may also be disturbed by raising the upper tempera- 
ture of the thermal cycle. Specimens were first 
eyeled between 50°C and 300°C for 350 cycles at 
which point they had stopped elongating, and were 
then cycled between 50°C and 400°C. 


commenced and gave no indication of stopping, 


Creep re- 


probably because the thermal strain always exceeds 
the elastic range. 

The experiments show that when alpha uranium is 
subjected to large thermal cycles in the range up to 
300°C it initially cannot support even small applied 
After a 


cycles. provided the amplitude of thermal cycle is 


loads without deforming plastically. few 


not too large, the material becomes able to support 


small loads elastically partly due to a redistribution of 


the intergranular stresses and partly to work harden- 
ing which increases the elastic range. 
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F.R.S.. for suggesting the experiment and for many 
the A.E.R.E. 


Harwell, for the facilities made available during my 
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Use of the marker method in studying the 
mechanism of oxidation of metals* 


In recent years the application of the marker 
method in investigating the mechanism of scale 
formation on metals and alloys has become more and 
more common. In many cases, however, the results 
of these investigations (when interpreted convention- 
ally) do not agree with theoretical considerations and 
with self-diffusion data.“ 
rightly suggest that the results obtained by marker 
method should be interpreted very cautiously because 


4) Cagnet and Moreau 


TO 


more of 


THE 


EDITOR 


S14 


of the possibility of secondary processes which can 
disturb the location of the marker in the scale layer 

The authors mentioned emphasize that the success 
ful use of this method is conditioned chiefly by the 
exact contact between the marker and the original 
metal surface. Therefore, Cagnet and Moreau fastened 
their wire-marker on the metal surface by welding 
The contact between the wire and the metal surface 
can, however, in this case be only fragmentary. 
Moreover the alloy formed during the welding process 
covers a considerable part of the specimen surface, 


which can lead to further errors.)  Czerski has 


earlier proposed another method consisting in 
“clinging” the wire-marker to the surface of metal by 
means of an electrolytically deposited layer of the 
same metal. The thickness of this layer should 
amount to about 1/10 of the diameter of the used 
wire-marker. In the discussion of the results obtained, 
the presence of this electrolytically deposited layer 
should be taken into account. This method seems to 
be better than the method proposed by Cagnet and 
Moreau because it gives the guaranty of a very tight 
contact between the marker and the surface of the 
specimen. 

According to Cagnet and Moreau" the location of 
the marker in the scale layer formed on iron at 
1006°C is not determined by the inward diffusion of 
the oxidant (as it was assumed by Engelland Wever”) 
the location of the marker is believed to be influenced 
by the “flow” of the scale around the marker owing 
to the plasticity of the wiistite phase. We agree with 
the opinion of the authors mentioned, according to 
which the location of the marker in the scale layer can 
not be treated as sufficient evidence of the inward 
diffusion of the oxidant, but in our opinion this 
location does not depend on the plasticity only. In 
Fig. | a photomicrograph of a transverse section of a 
sulphide layer formed on silver at 444°C is shown. 
The location of the platinum marker at the metal 
scale interface is clearly observable on this micrograph. 
the 
growth of the sulphide layer, with the scale towards 


As can be seen, Pt-marker flowed, during the 


the metal in spite of the fact that—before starting 
the reaction—the platinum wire was stretched on 
the silver surface similarly as in the experiments of 
Engell and Wever". The location of the marker at 
the metal-seale interface indicates that during the 
srowth of the scale its location relative to the marker 
does not change, although at 444°C the plasticity of 
z-Ag,S is almost the same as the plasticity of wiistite 
in high temperatures. 

After longer times of oxidation the scale thickness 


passes a certain critical value depending on the 


Fic. 1. 


temperature of the reaction and on the geometry of 
the specimen. At this stage, however, the loss of 
metal can not be compensated by shrinking of the 
scale layer due to its plasticity: between the metal 
and the scale layer a longitudinal crack is formed, the 


the metal and the scale becomes 


contact between 
interrupted and the chemical potential of the metal 
contained in the scale layer decreases. Therefore, 
vapour pressure of the oxidant in the longitudinal 
crack becomes greater than the dissociation pressure 
of the scale remaining in equilibrium with the metal. 
On the metal surface starts a secondary process 
consisting in formation of compounds from metal 
and oxidant. This reaction is accompanied by the 
decomposition of the scale on the scale-crack interface 
and results in formation of an inner scale layer 
according to the mechanism proposed by the authors 


(8) and of 


in the case of sulphurization of copper 
silver.%) The growth of the inner layer results in 
formation of “bridges’’ connecting the metal surface 
with the outer scale layer. This leads to a partial 
re-establishment of contact between the scale and the 
metal. The oxidation can thus proceed in spite of the 
Basing on results of 
Birchenhall 


Meussner" have drawn analogous conclusions in the 


longitudinal cracks formation. 


their experiments. Rickert™® and and 


case of sulphurization of silver and iron. A similar 
mechanism of the inner scale layer formation was 
first suggested by Dravnieks and McDonald"?), 

In the case discussed the two-layer scale is formed 
exclusively due to the outward diffusion of metal. 
Until the moment of crack formation the marker is to 
be found at the metal-scale interface (Fig. 1). At 
this stage the conventional interpretation of results 
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Photomicrograph of a transverse section of sulphide scale formed on silver in liquid sulphur at 444 C. 105 


obtained by the marker method is correct. When the 
longitudinal cracks are formed, the marker is carried 
off from the metal surface together with the scale and 
is to be found on the scale—crack interface. Between 
the metal and the marker, the inner scale layer begins 
to be formed according to the mechanism discussed 
After the finished the 
marker can be found imbedded in the scale at the 


above. reaction has been 
interface of both its layers in spite of the fact that 
the inward diffusion of the oxidant did not take part 
in the oxidation process. This was definitely proved 
by our investigations carried out on systems Cu-SC"'® 
and Ag-S“'™' using both the marker and the radio- 
active indicators 

It is very probable that, in the case of oxidation of 
iron and other metals at high temperatures, the 
location of the marker in the scale layer is also 
determined by the formation of an inner scale layer, 
analogous to the mentioned sulphurization processes. 
The probability of such a mechanism of scale formation 
on iron is confirmed by the fact that this scale consists 
If the 
scale is moving with reference to the marker and this 
motion is due to plasticity, there ought to be no 
the both 


sides of the marker (one-layver scale). 


of two layers (the inner one being porous). 


structural differences between scales on 

tecent investigations of Wallwork and Jenkins“ 
have demonstrated that the inner scale laver can also 
be formed as a result of dissolution of the oxidant in 
As the metal-core thickness decreases, an 
the 


the metal. 


oversaturated solution of oxidant in metal is 


formed and a corresponding compound is deposited 
on the metal-scale interface. In this case it can be 


expected that the marker shall be found also in the 
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interior of the scale, although the inward diffusion of 
the did not take part the 
process. 


oxidant in oxidation 

From these considerations it will be evident that 
the conventional interpretation of results obtained by 
the marker method is insufficient and should take into 
consideration the following: 

(a) The location of the marker at the metal-—scale 
interface indicates that the scale is formed exclusively 
due to the outward diffusion of metal: 

(b) the location of the marker at the scale—oxidant 
interface indicates that the scale is formed due to the 
inward diffusion of the oxidant: 

(c) location of the marker in the interior of the 
scale indicates only that the outer layer 
is formed due to the 


between 
the marker and the oxidant 
outward diffusion of metal. The inner layer—between 
the marker and the metal—can be formed as a result 
of (i) inward diffusion of the oxidant, (ii) formation 
of cracks and then of the inner porous scale layer by 
the mechanism discussed above, (iii) formation of 
the 


(iv) simultaneous occurrence of all mentioned pro- 


oversaturated solutions of oxidant in metal, 


Cesses. 
From the location of the marker in the interior of 
the scale formed on relatively small specimens no 
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conclusions about the mechanism of the inner scale 


layer formation can be derived. Neither is it possible 


to decide which of the mentioned partial processes are 


the most important in a given case. 
S. Mrowec 
T. WERBER 
Department of General and Coal Chemistry 
School of Mining and Metallurgy 
Krakow, Poland 
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MAGNETIC ANALYSIS OF THE PRECIPITATION OF IRON FROM BETA BRASS* 
A. E. BERKOWITZ? and P. J. FLANDERS? 


Single crystals of beta brass containing 0.07 wt. % iron were annealed at 300°C and 400°C to precipitate 
the iron. At various stages in the anneals, magnetization curves, hysteresis loops and torque curves were 


measured. These magnetic data were analysed in terms of the concepts of fine particle ferromagnetism to 
derive size and shape distributions of the iron precipitate particles and the orientations of their erystal- 
lographic and shape symmetry axes. 

In the superparamagnetic size range average diameters were determined up to 140 A. These particles 


showed no shape anisotropy, and had the same saturation magnetization and magnetocrystalline 
anisotropy symmetry as bulk iron. The crystal habit of the particles coincided with that of the beta brass 


matrix. With further annealing single domain properties appeared, and the particles showed increasing 


elongation in the (100) directions as determined by analysis of the torque data. Distributions of shapes 


and sizes of the single domain particles were calculated from remanent torque data. These calculations 


were consistent with the conclusions from remanence measurements. The shapes of the hysteresis loops 


and the spread in annealing time between maximum coercive force and maximum remanence could be 


simply interpreted on the basis of mixtures of superparamagnetic, single and multidomain particles, 


When the particles were principally in the multidomain (+300 A diameter) range, little information 


about size distributions could be derived, although the data indicated that the particles become 


progressively elongated in the (100) directions. Electron micrographs of replicas gave qualitative 


confirmation of the conclusions from the magnetic analysis. 


ANALYSE MAGNETIQUE DE LA PRECIPITATION DU FER DANS LE LAITON £ 


Les auteurs ont recuit a 300 et 400°C des monocristaux de laiton # contenant 0,079, en poids de fer 


afin de précipiter ce dernier. A divers stades des recuits, ils ont tracé les courbes d’aimantation, d’hysté 


résis et de torsion. Ils ont analysé résultats de ces mesures magnétiques en fonction des concepts de 


ferromagnétisme des fines particules et en ont déduit les distributions en forme et en dimension des 


particules de fer précipitées ainsi que les orientations de leurs axes cristallographiques et de leurs axes 


de symétrie. 


Ils ont relevé que, jusqu’a 140 A de diamétre moyen, les particules sont superparamagnétiques. Elles 


ne présentent pas d’anisotropie de forme et possédent les mémes aimantation A saturation et anisotropie 


magnétocristalline que le fer massif. Leur structure coincide avec celle de la matrice de laiton $8. Lors 


@un recuit ultérieur, les propriétés des domaines simples apparaissent et les particules montrent, par 


analyse des résultats de torsion, un allongement croissant dans les directions (100 


Les auteurs ont également calculé, & partir des valeurs du couple rémanent, les distributions en 


forme et en dimension des particules ne comportant qu'un seul domaine. Les résultats se sont avérés 


compatibles avec les conclusions des mesures de rémanence. Ils ont pu interpréter simplement les formes 


des courbes d’hystérésis et la dispersion des temps de recuit entre les maximum de force coercitive et de 


rémanence, sur la base de mélanges de particules superparamagnétiques, a simple et A multiples domaines 


Quant aux particules & domaines multiples (de diamétre supérieur a 300 A), les auteurs n’ont pu 


déduire des mesures que peu d’informations sur leur distribution dimensionnelle, si ce n’est un allonge 


ment progressif dans les directions (100). 


Enfin, des micrographies électroniques de répliques ont donné une confirmation qualitative des con 


clusions de analyse magnétique. 


MAGNETISCHE UNTERSUCHUNG DER AUSSCHEIDUNG VON EISEN AUS §-MESSING 
] 


Einkristalle von 8-Messing mit 0.07 Gewichtsprozent Eisen wurden bei 300°C und 400°C ausgelagert, 


um das Eisen auszuscheiden. In verschiedenen Stadien der Auslagerung wurden Magnetisierungskurven, 


Hystereseschleifen und Drehmomentkurven gemesse. Diese magnetischen Ergebnisse wurden mit 
Hilfe der Vorstellung eines Ferromagnetismus kleiner Teilchen analysiert und daraus die Verteilung 
von GréBe und Gestalt der ausgeschiedenen Eisenpartikeln und die Orientierung ihrer kristallographi 


schen und Gestalt-Symmetrie-Achsen bestimmt. 


Im GréBenbereich des Superparamagnetismus wurden Durchmesser bis zu 140 A gemessen. Dies 


Partikeln zeigten keine Gestalt-Anisotropie, und ihre Sattigungsmagnetisierung und Symmetrie det 


kristallographischen Anisotropie war dieselbe wie bei massivem Eisen. Der Kristallhabitus der Partikeln 


stimmte mit dem der 8-Messing-Matrix iiberein. Bei weiterem Anlassen traten Eigenschaften von 


einzelnen Bezirken auf, und die Partikeln zeigten eine wachsende Verlangerung in den (100>-Richtungen 


wie sich aus einer Analyse der Drehmomentmessungen ergab. Verteilungsfunktionen fiir GréBe und 


Gestalt der Ein-Bezirks-Partikeln wurden aus den Angaben iiber das remanente Drehmoment berechnet 


es ergab sich Ubereinstimmung mit den SchluBfolgerungen aus den Remanenzmessungen. Die Formen 


der Hystereseschleifen und die unterschiedlichen Auslagerungszeiten fiir maximale Koerzitivkraft bzw 


maximale Remanenz lieBen sich einfach erklaren durch die Vorstellung einer Mischung von superpara 


magnetischen, Ein- und Mehr-Bezirkspartikeln. Wenn die Partikeln hauptsachlich im Bereich mehreres 


Bezirke (Durchmesser 300 A) liegen, ist iiber die GréBenverteilung wenig Auskunft zu bekommen: 


die Messungen deuten jedoch darauf hin, daB die Teilchen zunehmend in den (100>-Richtungen verlan 


gert sind. Elektronenmikroskopische Abdruckaufnahmen ergaben qualitative Bestaétigung der Schliiss 


aus den magnetischen Untersuchungen. 


* This research was supported by the United States Air Force through the Air Force Office of Scientific Research of the Air 
tesearch and Development Command under Contract AF 49(638)-159,. Received August 28, 1959; revised April 11, 1960. 

+ The Franklin Institute, Philadelphia 3, Pennsylvania. 
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INTRODUCTION 

The theory of fine particle ferromagnetism can be 
usefully applied in the investigation of ferromagnetic 
precipitate particles in a non-magnetic matrix. The 
magnetic behavior of these systems can be analysed to 
infer various structural properties of the precipitate 
particles such as total volume, size and shape distri- 
butions, crystallographic and shape orientation, and 
strain. Conversely, these precipitating systems often 
simplify the study of the magnetic properties of fine 
particles since the particles are generally well separa- 
ted and oriented with respect to crystallographic and 
shape svmmetry axes. Much of the previous research 
in this area has been concerned with the Alnicos.“~® 
More recently, simpler alloys have been investigated 
in this manner."*-!) The work of Smith®® indicated 
that «-Fe precipitated quite readily from beta brass. 
Presumably this occurs because of the similarity in 


lattice spacing and crystal structure, and because of 


the limited solubility of copper and zine in iron at 
moderate temperatures. 

The interpretation of the magnetic data is made on 
the assumption that three classes of ferromagnetic 
fine particles can be distinguished; namely, super- 
paramagnetic, single domain and multidomain. The 
properties of these three classes have been discussed 
elsewhere,'*!-*8) and will be noted only briefly here. 

(a) Superparamagnetic (generally < 150 A diam- 
eter). These particles are always spontaneously 
magnetized to saturation. However, they are so 
small that their magnetic anisotropy energy, which 
would tend to stabilize their direction of magneti- 
zation, is less than, or of the same magnitude as 
thermal fluctuation energy at the measuring 
temperature. Therefore, their magnetization rotates 
randomly under thermal activation. Assemblies of 
these particles show a paramagnetic behavior 
although the moment of each particle may be quite 
large since 

p= VI, (1) 
where uw is the particle moment, V its volume, and 

I, the spontaneous magnetization per cm? of the 
particle material. At low enough temperatures, the 
particles have single domain properties. 

(b) Single domain (generally 150A to 500A 
diameter). These particles are also uniformly 
magnetized, but are large enough so that, in zero 
applied field, they are magnetized in an “‘easy” 
direction determined by a minimum in their 
magnetic anisotropy energy, K. K can represent 
shape, magnetocrystalline or magnetostatic aniso- 
tropy. These particles have a magnetic hysteresis 
determined by K and J,. 
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(c) Multidomain (generally >500 A diameter). 
These particles are so large that their magnetization 
is non-uniform. Thus, changes of magnetization can 
be accomplished by the relatively easy process of 
domain wall motion, and magnetic hysteresis is low. 


EXPERIMENTAL PROCEDURE 

Cylindrical and disc shaped samples were cut from a 
high purity single crystal rod of beta brass containing 
0.07 wt.°% iron. The axis of the rod was 12° from the 
nearest (111) direction. The dise samples had (100) or 
(110) faces and weighed about 300 mg. The cylindrical 
samples were sections of the crystal 7/8 in. long 
1/4 in. diameter. 

The samples were coated with magnesium oxide 
and enclosed in brass foil during annealing. The rod 
was initially given a solution anneal for 2 weeks at 
850°C. After cutting off the samples, and electro- 
polishing off deformed layers, the samples were given 
anadditional solution anneal for 15 min before quench- 
ing into water. Sample surfaces were electropolished 
when occasional minor evidence of oxidation or 
dezincification were noted. X-ray diffraction patterns 
of the quenched samples indicated that only the b.c.c. 
beta phase of brass was present. 

The total aging times for different samples were 
approximately 30,000 min at 300 and 400°C, The 
magnetic data, obtained after quenching at intervals 
during the anneals, included magnetization curves, 
hysteresis loops and torque curves. 


RESULTS AND DISCUSSION 

(a) Magnetization data 

For short annealing times, magnetization data 
obtained at three temperatures (77, 200 and 300°K) 
superimposed when plotted against H/T. Fig. 1 is an 
example of this superposition for a sample annealed 
40 min at 300°C. This superparamagnetic behavior is 
described by the Langevin relation 


kT 
— = coth —_ — —— 
oO kT wH 


where o, is the saturation magnetization per gram, 
the moment of each particle (defined in equation 1), 
H the applied field, k is Boltzmann’s constant, and 7 
the absolute temperature. The low and high field 


approximations give 


3kT 
for the initial susceptibility and 
kT 
=1-— (4) 
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Fic. 1. Superposition of magnetization data taken at 
three temperatures when the precipitate particles are in 
the superparamagnetic size range. Sample annealed 
40 min at 300°C, 


for the approach to saturation. Equations (3) and 
(4), in combination with equation (1) can be used to 
estimate the average particles size of the superpara- 
magnetic assembly. Average particle sizes from equa- 
tion (3) will be weighted toward the larger particles 
since they are most easily magnetized; whereas 
equation (4) will weight the average size toward the 
smaller ones since they are the most difficult to mag- 
netize. Becker™ has pointed out that if the data indi- 
cate that the distribution includes very small particles, 
then the mean volume determined from equation (3) is 
not very sensitive to the actual shape of the distri- 
bution. 

o, must be known to apply equations (3) and (4). 
Fig. 2 shows o, as a function of annealing time at 
300°C. An extremely large temperature dependence 
is noted for short annealing times. These data were 
obtained by extrapolating on a 1/H plot from a 
maximum field of 11,000 Oe. If these data are valid, 
they imply that o, of small iron particles has a much 
greater temperature dependence than does bulk iron 
(about 2 per cent between 77 °K and 300°K). Bean and 
Livingston have discussed the available data 
relating to this problem and have concluded that both 
iron and cobalt particles with diameters greater than 
20 A apparently have no anomalous temperature 
dependence. In support of this conclusion are the 
following : 

Equation (3) for the initial susceptibility can be 
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transposed to 


oT 
H 3k 


Thus, if an anomalous temperature dependence exists, 


oc lta 


the ratio 


(7 )300°K 
(o,)2 300°K 


(6) 
(o,)° 77° K 


should show a corresponding trend. A plot of (o7'/ 
H) 300°K/(oT/H) 77°K versus annealing time showed 
random scatter about an average value of ¢,(300°K)/ 
o,(77°K)= 0.96 as compared to 0.98 for bulk iron. 
The temperature dependence indicated in Fig. 2 for 
the shorter annealing times probably results from the 
fact that our highest measuring field was too small. 
Consideration of the Langevin relation'*®) indicates 
that for the fields available, reliable 1/H extrapolations 
should be obtained for iron particles with diameters 
greater than 30 A. The discussion below shows that 
during the initial annealing stages, there were appre- 
ciable volumes of particles with diameters <30 A. 
When equations (3), (4) and (1) were used to com- 
pute particle diameters it was assumed that, (a) the 
particles were spherical and (b) a, was the equilibrium 
value after long anneal. Assumption (a) is confirmed 
by torque data discussed below; (b) follows from 
if the 


in Fig. 2 were used, they would have yielded a 


the discussion above. Even values of o, 
difference of only 5 per cent in the values computed 
for the particle diameters. Fig. 3 shows the computed 
particle diameters for the 300°C and 400°C anneals 
Data 


The diameters for 


as functions of aging time. are shown for 


measurements at 300°K and 77° K. 
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Fic, 3. Average particle diameters during the super- 
paramagnetic stage of the 300°C and 400°C anneals. 
Upper two curves calculated from initial susceptibility 
data; lower curve calculated from approach to 
saturation during 300°C anneal. 
the 300°C anneal were computed from both initial 
susceptibility and approach to saturation data and 
showed the expected larger and smaller average 
values, respectively. The diameters computed from 
the approach to saturation data clearly demonstrate 
the presence of very small particles, in agreement with 
the discussion above concerning the difficulty in 
saturating the small particles during the early anneal- 
ing stages. From Fig. 2. it is noted that single domain 
properties are first observed for average particle 
diameters of ~100 A at 77°K and 140 A at 300°K. 
Since a distribution of sizes is evident. and the larger 
particles in the distribution first show single domain 
properties. these diameters represent minimum values 
for the critical single domain size. As such, they are in 
good agreement with various theoretical estimates of 
the critical single domain size in iron (200-300 A). 
Neel’s theory of superparamagnetism defines a 
relaxation time, 7, for the magnetization. Assum- 
that a 


single domain) when 7+ 
24) 


particle becomes 


100 sec. Neel’s 


ing superparamagnetic 
stable (i.e. 
expression gives' 

KV 


25 kT (7) 


when a particle is spherical with positive magneto- 


crystalline anisotropy. For iron, equation (7) gives 
diameters of 160 A and 250 A for the single domain 
The 


reasonable 


transition at 77K and 300°K, respectively. 


transition diameters from Fig. 2 are in 


agreement with these values since the former are 


averages of a distribution. 
Further annealing produced more 
Fig. 4 shows coercive 


(Ip/Is) as 


single domain characteristics. 
force (,H,| and remanence/saturation 


functions of annealing time at 300°C and 400°C. The 
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data were obtained at 77°K and 300°K. At the top 
of Fig. 4 are traces of hysteresis loops obtained after 
the indicated aging times; in each case, the upper 
loop was taken at 77°K, the lower one at 300°K. The 
interpretation of the data in Fig. 4 can be made on the 
assumptions that the average particle size increases 
with aging time and that there always exists a distri- 
bution of particle sizes. Thus, for shorter annealing 
times, a mixture of superparamagnetic and _ single 
domain particles are present; as aging progresses, the 
particles become principally single domain and multi- 
domain. Furthermore, the initial susceptibility of the 
superparamagnetic particles is much higher than that 
of multidomain particles. Thus the superparamagnetic 
particles reduce the coercive force of the single domain 
particles to a much greater extent than do the multi- 
domain particles. The first set of hysteresis loops were 
taken at the time of maximum /;//, at 77°K for the 
400°C anneal. The very large temperature dependence 
of both ,H, and J,,/I., shows that as the temperature 
is lowered, many superparamagnetic particles become 
stable single domains. The high initial susceptibility 
of the superparamagnetic particles combined with 
the rather square loop of oriented single domain 
particles produced the ““wasp-waisted” loop at 300°K, 
The same behavior is noted in the third set of loops 
taken at an equivalent time during the 300°C anneal. 
The second set of hysteresis loops was obtained at a 
much later time during the 300°C anneal, correspon- 
ding to maximum ,;H,. The particles have grown to 
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Fic. 4. Coercive force and remanence/saturation as 

functions of annealing time at 300°C and 400°C, 
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indicated annealing times. 
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the point where they are principally single and multi- 
domain. The very flat loops are due to the small 
initial susceptibility of the multidomain particles. 
Thus, even though there is a much smaller volume of 
single domain particles at this time than at the 
time corresponding to maximum J p/J.,, the coercive 
force is higher because the multidomain particles have 
a much smaller susceptibility than do the single 
domain particles. Therefore, the long spread in aging 
time between the J;,/J, maximum and the ,H, maxi- 
mum is quite reasonable. It should be noted from 
Fig. 4 that up to 30,000 min aging time at 300°C, no 
hysteresis was observed at 300°K. 


(b) Torque measurements on demagnetized samples 


Torque curves were measured in the (100) and (110) 
planes of samples annealed for various times at 300 


and 400°C. The torque was measured as a function of 


field at 77°K and 300°K. For the 300°C anneal, aniso- 
tropy was apparent at both measuring temperatures 
after 40 min, at which time the magnetic particle 
diameter was 30 A. The symmetry of the torque 
curves in both planes was the same as that for mater- 
ials with positive, cubic magnetocrystalline aniso- 
tropy (e.g.. Fe). During the early anneals, the torque 
amplitudes showed large temperature dependence, 
and could not be sufficiently saturated to determine 
accurately the anisotropy coefficient AK. Torque 
curves were measured at intervals during the 300°C 
anneal up to a total annealing time of 1600 min. No 
hysteresis was observed in the samples during this 
time (see Fig. 4). As the annealing progressed, the 
torque maintained the same symmetry and could be 
very nearly saturated in fields ~10,000 G. After 1600 


min, when the particle diameter was 80 A, the calcu- 
lated magnetocrystalline anisotropy constants were 


4.2 and 5.6 10° ergs/em’ at 300°K and 77°K, 
respectively. These values are in fair agreement with 
the recent determination of the anisotropy constants of 
iron by Graham), namely: 4.8 10° and 5.2 10° 
at the same temperatures. Livingston and Bean‘ 
have discussed torque measurements on systems of 
aligned superparamagnetic particles. Their analysis 
involves the approximation AV < kT, which is not 
valid for these data. However, it appears that the 
symmetry and amplitude of the torque curves meas- 
ured during the superparamagnetic stage of the 
300°C anneal are compatible with iron particles pre- 
cipitated with the same crystal habit as the beta brass 
matrix. 

Torque curves were measured during the 400°C 
anneal up to a total aging time of 9000 min. During 
the initial, superparamagnetic stage, the conclusions 
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Fic. 5. Torque curves in (110) plane on demagnetized 
samples during the 400°C anneal. 
Upper curves: Torque in low field after 68 and 218 min 
at 400°C showing increased shape anisotropy with 
annealing time. Lower curves: Torque in increased 
fields after 218 min anneal showing disappearance of 
shape anisotropy component, 


were the same as for the 300°C anneal. After 68 min 
at 400°C, when the average particle diameter was 
about 90 A, the symmetry of the torque curves indi- 
cated a component due to shape anisotropy superim- 
posed on the magnetocrystalline anisotropy. At high 
fields, the shape component was reduced to zero, as 
was previously observed in Alnico.@) At this stage, 
the measured magnetocrystalline anisotropy constants 
were 5.4 « 10° and 6.6 = 10° ergs/em® at 300°K 
and 77°K, respectively. Rotational hysteresis also 
appeared at this annealing time. As the 400°C anneal 
progressed to the point at which single domain 
behavior was noted (see Fig. 4), increased evidence 
of shape anisotropy and rotational hysteresis were 
observed. Fig. 5 shows some typical torque curves 
after 68 and 218 min at 400°C measured in the (110) 
plane at 300°K. The upper curves were taken in the 
same field after the two annealing times. It is noted 
that after the longer annealing time, much greater 
evidence of shape anisotropy is present, producing 
an extra peak in the torque curve. The lower curves 
were taken at higher fields after the 218 min anneal, 
As the field is increased the component due to shape 
anisotropy disappears, and the torque symmetry is 
that of a _ single crystal with positive, cubic 
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magnetocrystalline anisotropy. Furthermore, — the 
rotational hysteresis apparent at the lower fields is not 
present at the higher fields. As the 400°C anneal was 
extended beyond the times at which single domain 
behavior was dominant, the shape component became 
increasingly difficult to reduce to zero in the available 
fields. Evidence for increasing shape anisotropy with 
annealing time is discussed in the next section. This 
increasing shape anisotropy could account for part 
of the difficulty in saturating the shape component. 
However, it is likely that the general difficulty in 
saturating a particle with only a few domains (as 
discussed by Amar')) is mostly responsible for this 
behavior. 

The measured values for the magnetocrystalline 
anisotropy quoted above for the 400°C anneal are 
typical for all stages of that anneal for which such data 
could be obtained. We have no satisfactory explana- 
tion for the fact that the values for the 400°C anneal 
were about 25 per cent higher than the bulk values, 
whereas substantially better agreement was noted for 
the one annealing time at 300°C for which these data 
were obtained. It seems unlikely that this behavior 
could arise from the increasing solubility with 
temperature of copper and zinc in iron, since most 
observations! indicate a decrease in the magneto- 
crystalline anisotropy of iron when other elements are 
dissolved in it. A strain induced anisotropy also seems 
unlikely since no decrease in anisotropy was noted 
with longer annealing times. There remains the 
possibility that the volume of precipitated iron 
(necessary for the calculation of A) was incorrectly 
determined from the measured saturation magnetiza- 
tion of the sample. However, this latter possibility 
seems to be ruled out by the relatively constant 
saturation magnetization with annealing time. 

In principle, it should be possible to decompose the 
torque curves into the shape and magnetocrystalline 
components and thereby determine the directions of 
elongation of the particles. Sometimes this is quite 
difficult in practice. In the first place, the net torque 
curves from equal volumes of particles elongated 
in each of a family of directions are always skewed and 
vary in a complex manner with field strength 
and degree of elongation. Furthermore, the peak 
amplitudes of the shape component usually occur at 
fields in which the magnetocrystalline component is 
not saturated. Therefore, it is difficult to determine 
the amplitude of either component which is to be 
subtracted from the net experimental curve. Also, if 
the elongation of the particles is not extreme (as in 
the present case), it is sometimes uncertain as to 
which of two families of elongation better fits the 


data. In the present case, torque curves in the 
(100) and (110) planes were synthesized by adding 
magnetocrystalline anisotropy torque to that resulting 
from particles elongated in the (100), (110) or (LIL) 
families. The most extensive deviation from 
magnetocrystalline symmetry was noted in the 
experimential curves taken in the (100) plane in 
moderate fields (~4000 Oe). This symmetry was 
matched only by the (100) curves’ synthesized 
from magnetocrystalline anisotropy torque added to 
the torque from (100) particles in corresponding fields. 
The experimental data taken in the other planes were 
also consistent with the assumption of (100) particles. 
However in these planes, it was more difficult to make 
a unique choice from among the three possibilities. 
Therefore, it was concluded that the shape anisotropy 
that appeared in the torque curves at the same anneal- 
ing times at which hysteresis was first noted, origi- 
nated from particles elongated in the (100) family. 
In the discussion above of shape anisotropy, and in 
those to follow, the term “elongation” is always used. 
Actually, the symmetries of the torque curves on 
demagnetized samples, discussed above, are as consis- 
tent with the assumption of (100) platelets as with 
100) elongations. Further, if the platelets are elon- 
gated in their planes, then all of the data discussed 
below is equally consistent with elongated platelets as 
with elongated particles. Thus the term ‘elongated 
particles” shall be understood to include “elongated 
platelets”. Platelets whose planes are magnetically 
isotropic can probably be ruled out because rotational 
hysteresis was observed in fields up to 2000 Oe which 
would be inconsistent with such platelets. 


(c) Remanent torque curves 

Two types of torque measurements were made on 
samples in the remanent state. These data were 
obtained in order to clarify the problems of the distri- 
butions of anisotropies (elongations) of the single 
domain particles, and the orientations of the elongated 
axes of the particles. It is assumed that in the rema- 
nent state all single domain particles are magnetized 
in the “easy” direction closest to the saturating field 
direction. The easy directions for spherical single 
domain particles would be the (100) directions. For 
sufficiently elongated single domain particles, the 
“easy direction would be along the longitudinal axis, 
Thus, the torque curve of a sample in the remanent 
state will have a sin 6 symmetry when measured at 
sufficiently low fields. The net “easy” direction of 
such a sample is defined as the direction in which the 
torque goes through zero with a negative slope. 

The first type of remanent torque measurement was 
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to determine the dependence of the resulting “easy” 
direction on the saturation direction. These measure- 
ments were made in the (100) and (110) planes. In 
the (100) plane, the results were as follows: When 
saturated in any member of the (100) or (110 
families of directions the resulting easy direction was 

When saturated in any 
direction was between the 
100) type direc- 


in the saturation direction. 
other direction, the “‘easy”’ 
saturation direction and the nearest 
tion. This behavior may be interpreted by assuming 
that the single domain particles are classified into two 
(a) spherical single domain particles with 
100) directions, (b) elongated 


groups: 
“easy” axes along the 
single domain particles with “‘easy”’ axes along the 
elongation direction. The elongated particles are 
divided into three equal groups, each of which is 
elongated in one of the (100) directions. When satura- 
ted in any direction other than a (110), the spherical 
particles in the remanent state are magnetized in the 
100) direction nearest the saturation direction. When 
saturated in a (110) direction equal volumes of the 
spherical single domain particles are magnetized, at 
remanence, in the two (100) directions nearest the 
110) saturation direction. This gives a net (110 
“easy” direction. When the elongated single domain 
particles are saturated in any direction other than a 
100), the particles are magnetized at remanence in 
their elongation direction closest to the saturation 
direction. This produces a net (110) “‘easy”’ direction. 
When the elongated particles are saturated in a (110 
direction, those particles elongated normal to the 
saturation direction are randomly magnetized at 
remanence, and do not contribute to the torque. 
Therefore, the easy direction is in the saturation direc- 
tion. Thus, considering both spherical and elongated 
the following net easy directions result: 
110) direction 


particles, 
(a) When saturated in either a (100) or 
both types of particles have a net “easy” 
(b) when saturated in any 


direction in 
the saturation direction; 
other direction, the spherical particles are magnetized 
at remanence in the (100) nearest the saturation 
the elongated particles have a net (110 
easy direction. Therefore, the resultant easy axes 
lie between the (100) and (110) nearest the satura- 
various situations are shown 
The results in the (110) plane 
The data were not 


direction: 


tion direction. These 
schematically in Fig. 6. 
produced the same conclusions. 
consistent with elongation in any of the other low 
index families of directions. 

The second type of remanent torque data provided 
information about the shape distributions of the single 
domain particles after various annealing times. The 
sample was saturated in the 001) direction in the (100) 
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Fig. 6. Dependence on saturation direction in the (100) 
plane of the net “easy”? direction of spherical and elon 
gated single domain particles in the remanent state. 

plane. Sin § torque curves were then measured in 
increasing fields and the peak torque amplitude 
(occurring in the (O10) direction) was plotted as a 
function of measuring field. According to the above 
discussion concerning the orientations of the longi- 
tudinal axes of the elongated particles, we would 
expect the following to be the distribution of magneti- 
zations among the single domain particles in the 
remanent state: All particles with nominal elonga- 
tions <1.1 (i.e. length to width ratios approximately 

1.1) would be magnetized in the (O01) direction. Of 
the particles with greater elongations, 1/3 would be 
magnetized in the O01) direction. The rest would be 
equally distributed among the (O10), O10), (100) and 
L100) and would contribute no net torque with the 
With these 


assumptions about the distributions of magnetization, 


measuring field in the (O10) direction. 
the experimental curves of peak torque vs. measuring 
field can be synthesized by weighted curves of the 
same quantities calculated for particles of different 


anisotropy values A. These curves are calculated from 


L 


where ZL is the torque amplitude in the measuring 
field H; K 1/2(N, — N,) 


the demagnetizing coefficients in the transverse and 


the relation 


I? where N, and N, are 


1 


longitudinal directions, respectively; and J, is the 
magnetization of the particles. The weighting of the 


calculated curves for different A-values required to fit 
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Fic. 7. Synthesis of experimental remanent torque 
eurve by weighted, calculated torque curves for 
particles of various elongations. 

Sample saturated in (001) direction in (100) plane; 
peak torque measured (010) direction. Sample 
annealed 1619 min at 400°C. 


the experimental curve gives the distribution of single 
domain particle shapes. 

An example of the fitting of the experimental curve 
is shown in Fig. 7. The data were obtained on a sample 
annealed for 1619 min at 400°C. The properly weigh- 
ted calculated curves for various AK (or N, — N,) 
values are shown in the lower part of Fig. 7. When 
these curves are summed, it is seen that a good fit with 
the experimental curve is obtained. 

The resulting distribution does not include the 2/3 of 
the elongated particles which contributed no net 
torque. The correction is made by tripling the volume 
of particles with (V, — N,) > 0.33 which is the value 
for which the resulting A is equal to the magneto- 
crystalline anisotropy. The resulting distributions of 
single domain particles for three annealing times are 
shown in Table 1. The data in Table | show a progres- 
sive elongation of the single domain particles with 
annealing time. However, the average elongations of 
the particles are not very great. Although these 
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distributions refer only to the single domain particles, 
the moderate elongations would suggest that the 
difficulty in saturating the shape component in the 
torque curves on demagnetized samples was indeed 
due to the general difficulty in saturating particles 
having only a few domains. 

When the magnetocrystalline anisotropy was 
explicitly introduced into the analysis of the sample 
described in Fig. 7, the resulting distribution did not 
differ significantly from that obtained by the procedure 
discussed above. 

A check on the validity of these distributions can be 
made as follows. The distributions in Table | give the 
volume of single domain iron present. This can be 
expressed as a fraction of the total iron in the sample. 
The same fraction can be determined from the rema- 
nence data (Fig. 4) for the same annealing time. The 
remanence values were measured on a cylindrical 
sample in which the orientation of the axis was known. 
It is assumed that in the remanent state, the spherical 
single domain particles are magnetized in the (100) 
direction nearest the cylinder axes; the elongated 
single domain particles are magnetized along their 
longitudinal axis nearest the saturation direction. The 
comparison of the results from these two methods of 
computing the volume of single domain particles is 
shown in Table 2. The agreement is quite good and 
suggests that the distributions in Table | are probably 
valid. 

The distributions in Table | were also used to 
calculate the torque curves of demagnetized samples 
for various applied fields. The calculated curves were 
subtracted from the experimental curves for the cor- 
responding fields. The resulting net curves always had 
the symmetry corresponding to a magnetocrystalline 
anisotropy with A > 0. This served as a confirma- 
tion both of the validity of the distributions and the 
assumption of elongation in the (100) family of direc- 
tions. 


TaBLe 1, Distribution of elongations of single domain particles as calculated from remanent torque data obtained after various 
annealing times (400°C) 


N, — N, Length/width 
0.3% 1.07 315 
0.40 1.08 314 
0.42 1.09 314 
0.50 1.11 314 
0.6% 1.14 312 
0.7% 1.16 310 
0.84 1.19 308 
1.06 1.25 305 
1.26 1.30 304 
1.47 1.36 302 
1.76 1.45 300 


* Using the criterion discussed by W. F. Brown'??), 


Per cent of single domain volume 


364 min 1619 min 32.893 min 
60.7 37.0 
9.0 
8.5 12.8 
7.3 10.7 
2.9 12.7 20.6 
2.5 
4.3 12.8 
3.4 5.2 
1.4 4.2 46.4 
2.6 
2.0 33.0 
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TABLE 2. Volume per cent of single domain iron precipitated 
after various annealing times at 400°C as determined from 
remanence saturation and remanent torque data 


Annealing time Volume per cent single domain iron 


(min) 


Rem./sat. Rem, torque 


364 56 5S 

1619 20 
10,000 

32,893 12 


* Using the fractions of elongated and spherical particles 
determined from the 32,893 min remanent torque data. 


(d) Electron micrographs 

A number of electron micrographs were made of 
replicas taken from the surfaces of various samples. 
The object was to obtain size and shape distributions 
of the iron precipitate particles and to compare 
these distributions with those determined from the 
magnetic data. Great difficulty was encountered in ob- 
taining replicas showing clearly defined iron particles 
which could be readily distinguished from the beta 
brass background. This problem prevented the deter- 
mination of a reliable size-shape distribution. Fig. 8 
shows one of the best of the micrographs. The sample 
was mechanically polished and then electropolished at 


annealed 9215 min at 


MAGNETIC 


ANALYSIS OF PRECIPITATION 


ice temperature in the solution: 


50°% orthophosphorie acid 


25% ethyl alcohol 
water. 


The current density was approximately 500 mA/em?*. 
The silicon monoxide replica was shadowed with 
tungsten oxide. The sample was the end of a single 
crystal cylinder which had been annealed for 9215 
min at 400°C, 
nearest 111 


The cylinder axis was 12° from the 
In this micrograph, the background 
shows considerably less structure than was apparent in 

The large (~2500 A) particles 
the this 


annealing time, the remanence indicated that less than 


the majority of cases. 
are assumed to be iron precipitate. At 
5 per cent of the particles were single domains. This is 
in agreement with the particle sizes in the micrograph 
they are mostly in the multi-domain size range. Only 
moderate shape anisotropy is noted; this was the case 


for particles observed at all annealing stages. 
CONCLUSIONS 


The demonstrated that the signifi- 


cant structural features of the iron precipitate particles 


investigation 


can be determined for sizes up to the single domain 


Electron micrograph of replica of sample 


C, 
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limit (~300 A). These properties included size and 
shape distributions and the orientations of the 
crystallographic and shape symmetry axes. For larger 
particle sizes, the shape symmetry axes could be 
distinguished, but particle sizes could not be inferred 
due to the inadequacy of fine particle theory in this 
size range. 

The magnetic data indicated that the saturation 
magnetization of superparamagnetic iron particles is 
the same as that of bulk iron, confirming previous 
data.'*4) The symmetry of the magnetocrystalline 
anisotropy of superparamagnetic iron particles is also 
the same as that of bulk iron, although the torque of 
the small particles could not be saturated sufficiently 
to determine the magnitude of A. The variation in 
shapes of hysteresis loops and the wide separation in 
annealing time between maximum ;H, and Ip/Is 
could be simply interpreted in terms of the properties 
of the three classes of ferromagnetic fine particles. 
The data suggests that a relatively hard process of 
magnetization exists for particle sizes just above the 
single domain size limit. The superposition of shape 
and magnetocrystalline anisotropy could be success- 
fully analysed. Torque data are extremely useful in 
this type of investigation. In particular, the remanent 
torque data provide a technique for analysing the 
distribution of properties of any set of single domain 
particles. 
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THERMODYNAMICS OF THE SOLID SOLUTIONS OF MERCURY IN 
SILVER AND GOLD* 


H. W. RAYSON? and W. A. ALEXANDER?+ 


Thermodynamic properties of the silver-mercury and gold—mercury f.c.c. solid solutions have been 
determined using an isopiestic technique, the equilibrium compositions of the alloys being mainly 
obtained by X-ray analysis. Dilute solutions in the two systems have similar entropies and may be 
“regular”. Excess entropies occur in the mercury-rich gold—mercury solutions. Integral heats of 


solution for the gold—mercury system are parabolically related to composition throughout the solid 
solution range, but for silver-mercury alloys the relationship is more complicated, as shown by the 
partial heat curves. 

Partial heats of solution of liquid mercury in solid silver and gold at infinite dilution are —4.05 and 


—2.19 keal/g atom, respectively. The magnitudes of the heats of solution for silver-mercury and 


gold—mercury are discussed and compared with those in closely related systems. The present data are 
used to evaluate conflicting results regarding the position of the solidus in the silver-mercury equilibrium 
diagram. 


THERMODYNAMIQUE DES SOLUTIONS SOLIDES DU MERCURE DANS L’ARGENT ET L’OR 
Les auteurs ont déterminé a l'aide d’une technique isopiestique les propriétés thermodynamiques des 
solutions solides c.f.c. Argent—Mercure et Or—Mercure. Les compositions a l’équilibre ont été princi- 


palement déterminées par rayons X. 


Dans les deux systémes, les solutions diluées ont des entropies semblables et peuvent étre considérées 


comme idéales. Les solutions Or—Mercure, riches en mercure, possédent des entropies en excés. Pour le 
systeme or—mercure, les chaleurs totales de dissolution varient paraboliquement avec la composition 


dans tout le domaine de la solution solide. Pour les alliages argent—mercure, la relation est plus complexe, 


ainsi que le montrent les courbes de chaleur partielle. 

Les chaleurs partielles de dissolution du mercure liquide dans largent et dans lor sont respectivement 
de —4,05 et —2,19 Keal/at.gr. 

Les auteurs discutent et comparent les valeurs des chaleurs de dissolution des syst¢mes argent—mercure 


et or—mercure avec celles de systémes analogues. 
Enfin, les résultats de cette étude permettent la critique des différentes positions du solidus du dia- 


gramme argent—mercure fournies par la littérature. 


DIE THERMODYNAMIK DER FESTEN LOSUNG VON QUECKSILBER IN SILBER UND GOLD 


Die thermodynamischen Eigenschaften fester kubisch-flachenzentrierter Lésungen von Quecksilber 


in Silber und Gold wurden gemessen, dabei wurden die Gleichgewichtszusammensetzungen hauptsach- 


lich réntgenographisch ermittelt. Die verdiinnten Lésungen beider Systeme haben ahnliche Entropien 


und kénnen “regular” sein. UberschuBentropien treten bei quecksilberreichen Gold—Quecksilber 


Legierungen auf. Die integralen Lésungswarmen im Gold—Quecksilber-System hangen im ganzen 
Léslichkeitsbereich parabolisch von der Zusammensetzung ab, wahrend bei Silber-Quecksilber-Legie 
rungen der Zusammenhang komplizierter ist, wie die Kurven der partiellen Losungswairmen zeigen. 


Die partiellen Lésungswirmen von fliissigem Quecksilber in festem Silber und Gold betragen bei 
unendlicher Verdiinnung —4,05 bzw. —2,19 Keal/gAtom. Die GréBenordnungen der Losungswiairmen 
bei Silber-Quecksilber und Gold—Quecksilber werden diskutiert und mit denen in verwandten Systemen 
verglichen. Die vorliegenden Daten werden verwendet, um zwischen widerspriichlichen Ergebnissen 
iiber die Lage der Soliduslinie im Silber—Quecksilber-Gleichgewichtsdiagramm zu entscheiden. 


INTRODUCTION EXPERIMENTAL DETAILS 

The present work on silver-mercury was under- The metals used were: mint grade, 0.25 mm silver 
taken to fill a gap in thermodynamic knowledge of — wire (99.99 °, Ag) containing traces of copper, cadmium 
what appeared to be a particularly simple solid and lead; triply distilled mercury containing less than 


solution, having small size and electrochemical effects. 1 p.p.m. each of copper, silver and silicon; 0.25 mm 

Gold—mercury was included as it had only once been gold wire, drawn from doubly electrolysed gold and 

previously examined in any detail” and the re- equivalent in purity to the best available spectro- 

ported constancy of heat of formation with com- graphic standard. 

position called for further investigation. The experimental method was similar to that 
described by Herasymenko"), The silica reaction 


vessel (Fig. 1) contained a concentric central tube 


* Received November 28, 1959; revised April 26, 1960. 

+ Institute of Technology, Bradford, Yorks; formerly at 
N.R.C., Ottawa. onan oe wires fitted in narrow grooves in a silica specimen 
+ Applied Chemistry Division, National Research Council, 
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which supported a series of specimen wire rings. The 


carrier, reproducibly located relative to the bottom of 
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Fic. 1. Quartz reaction vessel. 


the central tube, in which the measuring thermocouple 
was inserted. After charging with a series of specimens 
of silver or gold wire and an excess of mercury, the 
vessel was evacuated to 0.2 wand sealed. It was placed 
in a gently sloping tubular gradient furnace so that 
the mercury remained at one end of the vessel. The 
furnace had three independently controlled, tapped 
windings separated by narrow cooling coils, enabling a 
variety of temperature gradients to be attained. 
Temperatures were controlled with commercial 
proportioning controllers, one of which was fitted with 
a “failsafe device. Each controller was actuated by 
two chromel-alumel thermocouples in series, placed 


near the furnace windings. During an initial period of 


2 days, adjustments were made to place the excess 
mercury in a position corresponding to a shallow 
temperature minimum, the temperatures of the 
specimens increasing to a suitable maximum at the 
opposite end of the tube. Temperature control was 
then established to within +1.5°C at the hotter end, 
and +-0.5°C elsewhere for the duration of the experi- 
ment—normally about 3 weeks. Radial temperature 
gradients between the measuring thermocouple and the 
specimens were found to be negligible. 

At the end of the heating period, the temperatures 
of the specimens and of the mercury were measured 
with a platinum-—platinum 10°, rhodium thermo- 
couple calibrated before and after the experiments. 
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The vessel was rapidly cooled in oil, the specimens 
taken out as soon as possible and stored at —5°C until 
required. 

Times necessary to reach equilibrium throughout 
the wires were found to be excessive below 550°C. 
High temperature experiments were undesirable 
because of the deviation of mercury vapour from ideal 
gas behaviour at pressures much above atmospheric. 
In a few long-term experiments of about 6 weeks 
duration, at 
compositions were obtained from the increases in 


moderate temperatures, equilibrium 


weight of the specimens. In other cases, the permis- 
sible temperature range was increased by using X-ray 
analysis of the wire surfaces, allowing shorter times of 
heating at lower temperatures. An equilibrium sur- 
face layer only 10-3 em deep was sufficient to give 
reliable results because of the small penetration 
of the Cul. radiation used—calculation showed that 
the intensity of the incident beam was reduced to 1/600 
of its original value, i.e. became too weak to give 
visible reflections, after passing through 2.7 » 10-3 em 
of a silver specimen. The absorption was similar in 
the presence of mercury or gold atoms. 


RESULTS 
The first experiments were carried out on silver 
alone, but in runs 9, 10 and 11, gold wires were also 
Sufficient 
generally with X-rays, using the lattice-parameter 


included. specimens were analysed — 


relationships previously determined@’—to define the 
isobars, which are plotted against reciprocal alloy 
temperature in Figs. 2 and 3. These reciprocal plots 
were linear at higher mercury contents, permitting 
accurate short extrapolations. The smoothed curves 
only are given for runs 4 and 5. Experimental points 
fitted these curves as closely as in the other runs. The 
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Fic. 2. Isobars for silver—-mercury alloys. 
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Fic. 3. Isobars for gold—mercury alloys. 


third experiment was not satisfactorily completed. 
Compositions obtained by weighing were consistent 
with X-ray analysis and no inconsistency was found 


between the runs composed of silver alone and those 
combined with gold. Spectrographic analysis showed 
that the residual mercury maintained its original 
purity, with one exception, when 40 p.p.m. of silver 
were found. In the combined runs, contamination of 
silver was negligible, as might be anticipated since 
the vapour pressures of Ag and Au at 800°C (the 
highest temperature used) are only 4.6 « 10-° mm 
and 1.7 « mm. 

It is readily shown from the Clausius—Clapeyron 


equation that 


C C 
( 0 1) AH, 

where 7), 7’, are the temperatures of a solute and a 
solution in equilibrium, AH, and AH, are the respec- 
tive heats of vaporization, Cy and C, are integration 
constants, and R is the gas constant. 1/7’, is propor- 
tional to 1/7’, if the heats of vaporization are indepen- 
dent of temperature. Birchenall and Cheng) have 
used this method for checking the consistency of 
results obtained by the dew-point technique. Although 
AH, for mercury is not constant, straight lines were 
obtained, within experimental error, by plotting 
reciprocal alloy temperatures for integral composi- 
tions, obtained from Figs. 2 and 3, against the known 
reciprocal mercury temperatures corresponding to the 
isobars (see Figs. 4 and 5). The linearity—perhaps due, 
n the present case, to compensating changes in AH, 


with temperature—allowed the results to be sum- 
marized by equations (Table 1) of the form 


1/T, =a/T, +5 (1) 


for any particular alloy. The lines were generally 
obtained from the experimental data by the “least 
squares” method. Mean deviations corresponded to 
an error of 1.5°C. 

Knowing the coefficients a and 6, and using the 
mercury vapour pressure equation given by Kubas- 
chewski and Evans‘®) 


3305 
0.795 
Po 7 0.795 


T + 10.355 = (2) 
the appropriate activities and partial molar free 
energies of mixing were calculated. The latter appear 
in Table 1 with other important thermodynamic 
properties. Values of AG, were first calculated at 
500°K and 600°K, well within the experimental range. 
Partial entropies were obtained from the relationship 
AGT.) — AGT,) 


AS T, —T, (3) 
As a check on the validity of equation (3), part ia 
entropies were also calculated by an alternative 
method for selected compositions at a specific tem- 
perature of 550°K. It is readily shown, using equations 
(1) and (2) that 


AG = 4.574 [—3305(a + bT, — 1) 
(4) 


+ 0.7957, logy, (a + 
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and is constant, within experimental error, over the whole 
L.AT9bT, range of the Ag—Hg solid solution. may thus be 
AS = —15117b 


+ 3.6363 logy, (a + (5) 


at temperature 7’, for an alloy with coefficients a and b. 
The two methods of obtaining AS agreed closely. 
The average partial entropies (500—-600°K) for both 
systems are plotted in Fig. 6 together with the 
‘regular’ partial entropy relation AS = — R Inc. The 
difference between the “‘ideal” and actual values of AS 


expressed in terms of the ideal expression, as ASu. = 
— 3.83 (+£0.08) cal/g atom. 

The entropies of the gold—mercury alloys are slightly 
higher, except in dilute alloys, where the entropies in 
both systems are seen to be equal. 

Partial heats of solution for 500-600°K are plotted 
in Fig. 7. Heats of solution at infinite dilution in solid 
Ag and Au are —4050 and —2190 cal, respectively, 
relative to liquid mercury. Integral AH values 
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TABLE 1. 


Au AND Ag 


(Thermodynamic functions are relative to liquid mercury) 


Silver alloys 


AGue 
500 K 
(cal/g atom) 


6080 
5260 
4807 
4364 
3981 
3639 
3270 
2966 
2607 
2309 
1994 
1703 
1417 
1163 
889.2 
630.1 
377.8 


AGug 
600° K 
(cal/g atom) 


smoothed 
(cal/g atom) 


(cal/deg) 


AH 


(cal/g atom) 


6494 
5523 
4995 
4494 
4053 
3665 
3278 
2925 
2555 
2229 
1904 
1604 
1296 
1040 


4.14 
2.63 
1.88 
1.30 
0.72 
0.26 
0.07 
0.41 

O51 

0.79 
0.89 


4010 
3946 
3865 
3743 
3620 
3450 
3262 
3061 

2860 
2642 
2441 

2230 
2020 
1820 
L616 
1407 

1203 


Gold alloys 


4465 
4009 
3190 
2525 
2013 


.093 
O79 
070 
058 
021 
005 
0.989 


(Table | and Fig. 8) were obtained by graphical inte- 
gration of the Duhem—Margules equation in the form 


AH =N,| de 
0 


where NV , = mol. fraction of Ag or Au, x = Vp/N , 
and N,, = mol. fraction of Hg. Values of AA were 
first smoothed as in the Table, and have in effect 
the first 
stage occurring when data were transferred from Figs. 
2 and 3, to Figs. 4 and 5. The point at 1 per cent Hg in 


undergone a “double smoothing” process, 
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ATOMIC PERCENT MERCURY 
Fic. 6. Partial molar entropies of solution of liquid 
mercury in its alloys with silver and gold. 


4987 
4425 
3476 
2736 
2169 
732 
1382 
L074 
766.2 
476.5 
195.4 


2072 
1960 
1723 
1500 
1270 


Au was ignored, since it was based on extrapolated 


evidence and appears inconsistent with the other 


results. 
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ATOMIC PERCENT MERCURY 
Partial heats of solution of liquid mercury in 
silver and gold alloys. 
@ Obtained by visual estimation 
Obtained by “mean square’? method 
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(at.%) (x 108) 
2 1.259 322.4 S| 
4 1.257 214.5 160 
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34 1.085 116.8 213.7 1.65 so 
1.114 391 5.21 
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Fic. 8. Integral molar heats of solution relative to 


liquid mercury, solid silver and gold. 
DISCUSSION 
(1) Comparison with previous work 

(a) Silver-mercury. The authors are not aware of 
any other detailed of the 
dynamics of the Ag—Hg solid solution. A liquid alloy 
containing 92 per cent Hg was found by Eastman and 
Hildebrand to have an activity of 0.98 at 590°K. In 
the present work on solid alloys, the activity near the 
limit of the solid solution (i.e. at 34 per cent Hg) was 
0.84 at a similar temperature (600°K). 

(b) Gold—mercury. Results obtained by Biltz and 
Meyer" indicated that an alloy containing 24 per cent 
Hg had the same vapour pressure as pure mercury. As 
observed by Kubaschewski and Catterall), this is 
extremely unlikely, since there is a 20 per cent solu- 
bility of gold in liquid mercury at the temperature of 


investigation thermo- 


their investigation. In the present work, the vapor 
pressures observed were generally about 30 per cent 
lower than those of Biltz and Meyer. In addition, 
AA, varied between —2072 (1 per cent Hg) and 

112 cal/g atom (18 per cent Hg), although previously 
reported as constant at — 1400 cal across the x solid 
solution at 573°K. Eastman and Hildebrand” investi- 
gated liquid Au—Hg alloys at 590°K obtaining activi- 
ties of 0.93 in the region of the liquidus compared with 
the present value of 0.67 for a composition (18 per 
cent) near the solidus at 600°K. 


(2) Entropies of solution 

The partial entropies of the dilute solutions of 
mercury in silver and in gold are about 3.8 cal/deg less 
than than those for regular liquid solutions. This 
discrepancy, which remains remarkably constant 
across the whole range, i.e. 36 per cent, of the silver— 
mercury solid solution but is gradually reduced with 
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increasing content in the gold—mercury 


system, can be explained in the following ways: 


mercury 


(i) If the silver-mercury and gold—mercury solid 
solutions were in fact “regular”, their partial entropy 
curves would coincide and would be displaced from 
the plot of —R In ¢ (Fig. 6) by a constant amount, 
equivalent to the entropy of melting of the hypotheti- 
cal f.c.c. modification of pure mercury. Since constant 
displacement is observed for silver-mercury and 
coincidence with the gold—mercury curve occurs in 
dilute solutions, it is possible to assume that 3.8 cal/ 
deg is the entropy of melting of f.c.c. mercury at 550°K. 
This conclusion is dependent on extrapolation across 
the major portion of the silver—-mercury system, but is 
worthy of consideration because of the accuracy with 
which the data follow the fundamental logarithmic 
relationship to the limit of the solid solution. 

The above argument then suggests that the silver— 
mercury and the dilute gold—mercury solid solutions 
are ‘regular’. 

(ii) It may be assumed that the entropy of melting 
of f.c.c. mercury, like that of other f.c.c. metals, is of 
the order of 2.2. cal/deg. It must be emphasized that 
since mercury never adopts this structure, it cannot 
necessarily be assumed that its hypothetical entropy 
of melting must be similar to that of real transfor- 
mations. If this hypothetical melting entropy were 
2.2 cal/deg, then the dilute solutions of the gold and 
mercury systems have an entropy deficit of 1.6 cal/deg 
compared with regular solutions. 

(iii) Intermediate possibilities cannot be completely 
ruled out, in which the melting entropies of f.c.c. Hg 
lie between 2.2. and 3.8 cal/deg. As in (ii), the 
entropies of mixing would be smaller than the ideal 
values. 
behaviour in the silver-rich and gold-rich alloys are 
remarkable if both systems are showing appreciable 


The similarities observed between entropy 


negative entropy deviations. 

(iv) It can be deduced in any case that the partial 
entropy of silver in silver—-mercury solid solution is 
‘regular’. 

If the dilute solutions are regular, as justified in 
the first argument, the mercury-rich gold mercury 
alloys display excess entropy. Such excess entropies 
of mixing have been reported in a number of other 
gold systems, e.g. Au-Fe®) Au-Sn, Au-Pb, Au—Bi® 
Au-Ni“@ and have occasionally been observed in 
systems containing silver e.g. Ag—Zn.“*) Although an 
excess of unlike neighbours may be anticipated in 
solutions formed exothermally, randomness is largely 
preserved by thermal agitation unless the heat of 
solution much exceeds RT cal. 
randomness could thus be anticipated in Ag—Hg 


A large degree of 
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and Au—Hg solutions. For Ag-Cd® and 
solutions, to which similar arguments apply, kinks in 
the entropy curves, attributed to local ordering at 
specific compositions, have been reported. No sharp 
irregularities were observed for Ag-Hg and Au-Hg, 
although it is believed that alloys were examined at 
sufficiently intervals of composition to 
observe such effects if they had occurred. 


frequent 


(3) Heats of solution 

Heats of solution depend on size effects, generally 
believed to give only endothermic contributions and on 
electronic effects due to differences in valency and 
electron affinity of the components. 

An important possibility in studying heats of 
solution at infinite dilution is to obtain information on 
the solvent Fermi level, in simple cases of negligible 
strain energy effect. The ideal gas reference state is 
fundamentally the most suitable for the solute, since 
the type of bonding in its condensed state is elimi- 
nated as a variable. Even this approach is limited, 
since many metals do not form ideal gases. Certain 
qualitative conclusions which are independent of 
the solute reference state can, however, be drawn from 
the present data. The difference in heats of solution of 
mercury in silver and gold may be compared with 
similar paired observations for other solutes. The 
Au-Hg and Ag—Hg size factors are small and their 
valency effects are identical, therefore some criterion 
of electron affinity must explain the more negative 
heat of solution with siiver, e.g. the bigger difference of 
the first ionization energies of Ag and Hg than of the 
Au-Hg pair (2.85eV and 1.21 eV_ respectively). 
Conversely, the standard electrode potential series 
indicates a stronger electronegativity difference 
between gold and mercury. Kleppa has investigated 
the solutions of cadmium, indium and antimony in 
silver and gold" obtaining a more negative heat 
effect with gold for every solute. This is explicable in 
terms of the electrode potential series, since gold 
is the most electropositive of the metals, and silver is 
more electropositive than Cd, In and Sb. It must be 
observed that the alloying behaviour of gold can be 
rather complex. The theory of heats of solution 
developed by Varley“ is much less acurate for gold 
than for other metals, a fact which he explains by the 
strong Van der Waals interaction of the well screened 
outer electrons of the gold atom. 

Regarding the general form of the observed heats of 
solution curve, it can be shown by plotting AH/c 
against (1 —c) that their usual linear relationship 
applies over wide ranges of composition; 0?H/dc? is 
positive in both systems at the mercury deficient end, 
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in agreement with Friedel’s theory"® for solutions in 
which the solute valency exceeds that of the solvent. 
The lattice spacing curve shows negative deviations 
for Ag—Hg,") (Au-Hg is linear), indicating that the 
system finds some means of lowering its internal 
energy below the value possible by simple geometric 
close packing. Thus both the lattice parameter and 
AH curves are consistent in indicating an exothermic 
heat of formation for Ag—Hg in excess of that deriv- 
able from elementary theories of atomic interaction. 


Estimation of maximum solid solubilities 


Conflicting data on the position of the solidus in the 
Ag-Hg system can be evaluated from the present 
work, since maximum solubilities are obtainable by 
extrapolating the composition/reciprocal temperature 


500 — 
Ag- Hg 
«-PHASE BOUNDARIES 
FROM MOST RECENT \ 
WORK Au-Hg 
\ 
400}— SOLUBILITY FROM 
THERMODYNAMIC \ 
DATA 
o 
-——.- &- PHASE LIMIT ° \ 
(HUME -ROTHERY ) \ 
> ET AL: MURPHY ) ' 
« 
300 
a ' 
= i 
200}— 
! 
100 : 
° 10 20 30 40 
ATOMIC PERCENT MERCURY 
Fic, 9. Comparison of solubility limits from various 


sources with thermodynamic data. 


curves of Figs. 4 and 5 to the reciprocal temperature of 
the mercury for each experiment. (The solidus composi- 
tion obtained by combination of the present activity 
data with data on liquid alloys is more accurate, 
but the error in neglecting change of activity in the 
liquid is only about | per cent mercury.) 

It is seen from Fig. 9 that the solidus obtained by 
Day and Mathewson”? (full-line) is above the maxi- 
mum that of 
Murphy“® and Hume-Rothery®, must be preferred. 


permissible mercury content and 
Fig. 9 also shows that the solid solubility in the Au- 
Hg system, based on recent work," is compatible with 


the thermodynamic data. 
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SUR LE DURCISSEMENT DO A LA RECOMBINAISON DES DISLOCATIONS* 


G. SAADA*+ 


Nous étudions deux modéles simplifiés qui montrent comment la recombinaison des dislocations 
influe sur le durcissement. Nous établissons ainsi que, dans une forét, le franchissement des arbres 
“attractifs” conduit & des contraintes nettement plus fortes que le franchissement des arbres “répul- 
sifs."” Le mécanisme de recombinaison est responsable de la formation de lacunes et d’interstitiels, 
et le réle joué par l’activation thermique est négligeable. 


Nous supposons les dislocations non dissociées. 


ON HARDENING DUE TO THE RECOMBINATION OF DISLOCATIONS 


Two simplified models have been studied which show how the recombination of dislocations influence 
hardening. It has also been established that, in a dislocation “‘forest’’, the piercing of attracting “trees” 
results in stresses which are decidedly greater than those accompanying the penetration of repulsing 


“trees”. 


The recombination mechanism is responsible for the formation of vacancies and interstitials; the role 


played by thermal activation being negligible. 
UBER INFOLGE 


An 


DIE 


vereinfachten 


VERFESTIGUNG 
Modellen 


zwel wird der 


Baumen zu etwas starkeren Spannungen fiihrt als das Schneiden von ‘‘abstoBenden”’ Baumen. 


It is supposed that the dislocations are not dissociated. 


REKOMBINATION VON VERSETZUNGEN 


EinfluB 
Verfestigung gezeigt. Es wird festgestellt, daB in einem Versetzungswald das Schneiden von ° 


der Rekombination von Verestzungen auf die 


anziehenden”™ 
Fiir die 


Bildung von Leerstellen und Zwischengitteratomen ist der Mechanismus der Rekombination verantwort- 


lich, die 


Die Versetzungen werden als nicht dissoziiert vorausgesetzt. 


Rolle der thermischen Aktivierung ist zu vernachlassigen. 


1. INTRODUCTION 

Lorsqu'une dislocation Z de vecteur de Burgers b 
glisse dans son plan de glissement P et rencontre une 
dislocation L, de vecteur de Burgers b,, elle se combine 
partiellement avec L, pour donner une dislocation L 
de vecteur de Burgers b’ si: 


b, + < |b, 


ro 


Alors: 


b’+b, +b, = 90. 


La dislocation L’ se situe A l’intersection de P et 
P, (Fig. 1). 

La cission o qui provoquait le glissement de L doit 
alors étre suffisante pour courber L et détruire tout 


» 


Premier modeéle. 


Fic. 2. 


au moins partiellement la dislocation recombinée L’ 
Hirsch eft al.) ont fait remarquer que cette interaction 


la dislocation 
et D, 


18) 
contribue au durcissement des solides au cours de la 
déformation. 
Dans cet article, nous étudions ce mécanisme de 
durcissement sur deux modeéles simples. 
Dans le premier (Fig. 2), la dislocation fixe est 
inclinée d’un angle q sur le plan P; 
mobile est ancrée a ses deux extrémités C 
C B symétriquement, par rapport a la dislocation fixe, 


Décomposition d’un point quadruple en deux 
points triples. 


* Recu le 3 Decembre, 1959. 
+ Source de Physique, IRSID, Saint Germain en Laye 
(S.O.). 
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mais suivant une orientation quelconque. 

La Fig. 3 représente un cas particulier de ce modéle 
dans lequel les points C et D sont situés sur l’inter- 
section des plans P et P,. Dans le deuxiéme modéle 


(Fig. 4), nous considérons une rangée de dislocations 


| 
—_= 
VOL. AN 
8 
\ 
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Fic. 3. Cas particulier du premier modeéle. 


fixes, paralléles, équidistantes situées dans le méme 
plan P,, inclinées d’un angle g variable sur le plan 
P: la dislocation mobile est infinie. 

Pour ces deux modéles, nous négligeons les inter- 
actions élastiques 4 grandes distances entre disloca- 
tions et supposons que les dislocations ne sont pas 


dissociées. Nous supposons par ailleurs que la 
dislocation recombinée ne peut se déplacer: nous 
justifierons cette approximation. Nous étudions 


l’équilibre de la dislocation mobile sous l’action d’une 
contrainte g: et nous allons montrer que cet équilibre 
nest possible que pour < est une contrainte 
dépendant des paramétres du probleme. La cission 6, 
est atteinte avant la recombinaison ne_ soit 
enti¢érement détruite. Nous évaluons la valeur moy- 


enne de o, dans tous les cas et indiquons comment ce 


que 


mécanisme peut étre cause de la formation de lacunes 
et interstitiels. 

Dans un dernier paragraphe, nous précisons le réle 
joué par l’activation thermique. 

2. PREMIER MODELE 

2.1. Généralités. Equations du probleme 

La dislocation L, de longueur 2/ est fixée en A et B: 
la dislocation mobile, de longueur 4/, est fixée en C 


et D. Les deux dislocations se coupent en leur milieu 
O (Fig. 2). 
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b, b, — b,|; 


nous négligerons les contraintes élastiques exercées par 


Nous supposerons de plus 


les dislocations les unes sur les autres et nous sup- 
poserons que C’D’ est une barriére de Lomer—Cottrell. 
Ces conditions correspondent aux cas les plus fré- 
quemment rencontrés dans les structures cubiques a 
faces centrées. Ecrivons l’équilibre du point triple D’ 
sous l'action d’une contrainte. Avec les notations de 
la figure et pour x et @ différents de O, nous pouvons 
écrire : 

OD = AB = 2 

. 
OD’ = sin(g, — ¢)/sin 
OD’ + AB cos = 21 cos % 


AB sin Pp = 2/sinz/sin Pp = 2R sin e. 
Si nous avons un écrouissage assez fort, la tension de 
ligne™ 7 des dislocations est donnée par 
= pb*/2. 
L’équilibre du point triple D’ exige que 
COS + cos (Pp + i. (1) 
L’équilibre de l’are CD exige que 


ao=7/R. 


Nous poserons ¢ = yub/2/; en tenant compte des re- 


lations précédentes, nous pouvons écrire-les relations 


sin (gy, — @)/sing, = 2sin(? —)/sinp (2) 
y = sin sin e/sin (3) 


Pour x et w donnés, les équations |, 2 et 3 permettent 
de déterminer la contrainte réduite y = 2/o/ub en 
fonction de l’angle g,. Nous avons effectué numérique- 
ment les caleuls pour g = 20°, 40°, 60°, 80°, et pour 
chaque valeur de gy, nous avons tracé les courbes y(@) 


Fic. 4. Deuxiéme modeéle. 
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méme que le point D’ rattrape le point C’ avant 
que la contrainte maximum ne soit atteinte. 


Dans ce cas, le systéme cesse d’étre stable avant 


que la contrainte correspondant au maximum 


ne soit atteinte. Dans les moyennes que nous 


calculons plus loin, nous ne tenons pas compte 


des corrections trés légéres dues a cet effet. 


De toutes facons, nous pouvons dire que, au 


moment ott la dislocation mobile est arrachée de la 


barriére, la dislocation fixe voit son centre fortement 


déplacé. 


Afin de pouvoir effectuer la moyenne des contraintes 


obtenues, il est nécessaire de faire les mémes ealculs 


pour 0). 


2.3. Cas particulier 


2.3.1. Généralités. Equations du probleme. Avec les 


notations de la Fig. 3, nous avons alors: 


Fic. 5. Courbes pour 40°. 


COS + COS l (4) 

pour x = 15°, 30°, 45°, 60°; nous avons représenté 9 sin € ‘a 

Fig. 5 les courbes y(¢ our 40°. y 5) 
2 — cos — sin cot gq 


2.2. Interprétation des résultats y 


Les courbes y(g,) présentent un maximum, s’annu- 
lent et deviennent négatives : 


a) Les parties négatives correspondent a une 
5 


cission sur DD’ dirigée en sens inverse de celle qui est 


représentée sur la figure. Nous pouvons encore dire 


que ceci correspond a l’action de la cission telle que 


nous l’avons représentée, mais s’exercant sur l’are 
CC’. Autrement dit, la contrainte représentée sur la 
figure a tendance a déplacer le point C’ vers la gauche. 

(b) Les parties positives présentent un maximum. 


(i) Pour une contrainte supérieure a celle du maxi- 
mum, la portion DD’ va se développer en 


spirale tandis que D’ se déplace vers C’. Autre- 5, 

ment dit, le systéme cesse d’étre stable avant 

que la dislocation recombinée ne soit compléte- 
Fic. 7. Courbes y(g,) dans le cas ot 0. 


sient détruite. 


(ii) Ce maximum correspond parfois 4 une valeur de Le probleme est sensiblement plus facile A résoudre. 


Nous avons représenté Fig. 7 les courbes y(q,) pour ¢ 
variant de 10° en 10° de 10° A 80 


y, inférieure a ~. Dans ce cas, la configuration 


d’équilibre est représentée Fig. 6. Il arrive 
Pourg =0,y=2; pour g = 7/2,y = 0. 


Soit 2/’ la longueur de la dislocation recombinée au 


moment de |’arrachement. 


Si l’on pose p = /'/1, on peut dresser le Tableau 1. 


TABLEAU | 


60 70 80 


40 50 


0,56 


O87 0,75 


23 1,08 


1,4 


p 0.69 0.38 0.2 0 0 0 


Fic. 6. Déplacement de la dislocation recombinée. 
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2.3.2. Interprétation des résultats. Les courbes y(q@,) 
présentent encore un maximum; mais elles n’ont pas 
cette fois, de portions négatives, en raison de la 
symétrie existant entre CC’ et DD’. Les ares CC’ et 
DD’ se développent simultanément en spirale. Le 
milieu de la dislocation fixe n'est done pas déplacé par 
larrachement. 

Nous pouvons maintenant, a l'aide des résultats 
obtenus au paragraphe 2 étudier la variation de 
20°, 40°, 60°, 80°. Les résultats 
On peut remarquer que 
ces courbes sont méme allure sauf pour q voisin de 


avec % pour ¢ 


fm 


sont représentés sur Fig. 8. 


90°, et qu’elles sont toutes pratiquement confondues 
pour x > 70°. A partir de ces courbes, nous pouvons 


a 


Fic. 8. Variation de y,,(q.g,) avec 
pour chaque valeur de g indiquée, faire une moyenne 
de y,,(¢.%) sur les angles x. On peut dresser le tableau 
suivant: 


20 40 60 


0,72 0.63 0,505 0,455 


Nous pouvons alors évaluer la moyenne de 7,,(q) 
lorsque g varie de 0 a 7/2. Pour cela, nous pondérons 
par sin g, probabilité pour qu'une dislocation 


AB coupe le plan de glissement. Nous évaluons done 


| sin dq 
0 


sin dq 


(6) 


> 
| 


Nous avons tracé Fig. 9 la courbe 7,,(g) sin g. On 


trouve 7,, ~ 0,40. Si nous nous étions contentés 
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Fic. 9. Variation de y,,(Q.q,.%) sin @. 
d’étudier de cas particulier x = 0, nous aurions obtenu 
des contraintes environ 50 pour-cent trop fortes. 
Nous avons également caleulé le rapport p = 
C'D'/A Ba Véquilibre et nous avons fait des moyennes 
comme précédemment. Le résultat est 


p= 0,05. 
3. DEUXIEME MODELE 
3.1. Introduction. Equations du probleme 

Avec les mémes hypothéses que précédemment, 
nous considérons cette fois une rangée de dislocations 
AB, A'B’.. 
coupant le plan de glissement de la dislocation fixe 
sous l’angle g (Fig. 4). Si les vecteurs de Burgers des 


.identiques et paralléles, de longueur 21, 


dislocations de la barriére et de la dislocation mobile 
satisfont aux mémes conditions que précédemment, la 
recombinaison se produit et nous pouvons écrire avec 
les notations de la figure: 


I’ 
sing sing, 
i—l’ 

sin ab 


d’ou 


olb |. sin (¢ q) 
j 


sin : (7) 
T sin Py 
L’équilibre aux points triples entraine que: 
cos g, + cose = |. (8) 


En posant o = yub/2l, 2 = 1, 7 = wb?/2, Véquation 
(7) devient: 
sin € 
(9) 
“ — cos sin p cot g 
— COS ¢ sin @ cotg qy 

Nous avons résolu numériquement le systeme (8,9) 
par diverses valeurs de @. 


< 
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| 
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Fic. 10, Courbes y(q,), deuxiéme modeéle. 


3.2. Résultats 
3.2.1. 
y(q lorsque varie de 2° 


Valeurs de y. Nous avons tracé les courbes 
a 85° et représenté Fig. LO 
les courbes y(q,) pour pg > 30°. Nous pouvons remar- 
quer que les résultats du paragraphe précédent restent 
qualitativement valables: les courbes y(q,) présentent 
un maximum pour une valeur de gy, — ¢ non négli- 
geable: la partie recombinée C’D’ a encore une lon- 
gueur notable au moment de l’arrachement. Nous 
pouvons dresser le Tableau 2. 

3.2.2. Etude de y (q). 


vm 


on remarque que qg,,, tend vers 7/2. 


» 


Pour que gy = 7/2 on voit 


physiquement que y,, 0. Lorsque g tend vers 0 


Précisons cette 
remarque par un calcul. 
Posons : 


— = 9. 


Les équations 8 et 9 deviennent: 


cos € = 1 — sin# (10) 
sin 
(11) 
l COS sin 


Dérivons les équations (10) et (11) par rapport a 4, il 
vient: 


cos 4 
(12) 
sin 
0) de sin esing 
sin cos € 
dé 


cos? 


(1 


— COS q 


dy 
do 


(1 — cos + sin gtg4)? 
En utilisant les équations (10) et (12), on peut écrire: 
(1 — sin gtg) (1 - 


cos? sin (1 


COS sin 


dy 
df 
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- COS q 


DES DISLOCATIONS 845 


Si nous faisons ’hypothése que 4 et g sont du méme 
ordre de grandeur lorsque g tend vers 0, on peut 
voir en développant au second ordre que 


dy ~ (0 F (9,9) 


F(9,@) 
F, et F, étant tels que, pour 9 = g/2, F,/F, tend vers 
La valeur maximum y 


ém 


» 


0 avec @p. est done obtenue 


pour 4 = q/2 lorsque @ tend vers 0. On a alors: 
Lim 


q (13) 


3 
mémes méthodes que précédemment la moyenne de p 


Valeurs moyennes. Nous calculons suivant les 


et de y,, 
Il vient p = 0,2. 

La courbe y,,(q@) présente une branche infinie lorsque 

q >0 et 


lintégrale de la formule (6) est finie. Nous avons 


(q) lorsque @ varie de 0 a 90 


— 0, mais y,,(g) sin g ~ g'* lorsque ¢ 


évalué numériquement : 
=30 


dg, 


J0 


Ym(P) sin p dq et calculé 


ef 


Le deuxiéme terme est de l’ordre de l’ordre de 0,03 et 
nous pouvons le négliger. 

Nous avons représenté Fig. 11 la courbe y,,(@) sin @. 
Nous avons 

Fm = 1,9. 
4. APPLICATION AU DURCISSEMENT 

4.1. Généralités 

Les modeéles précédents correspondent au cas ot 
b, b, b, — b, 
cubiques a faces centrées ou aux solides ioniques de 
structure NaCl. 
établissons ici restent qualitativement valables pout 


et sappliquent aux métaux 
Cependant les résultats que nous 


d'autres systémes. 
Nous avons supposé d’autre part que la dislocation 


est paralléle 4 l’intersection des plans de glissement, 


recombinée était une barriére de Lomer. 


ce nest pas le cas et en toute rigueur les calculs 
valables. Cependant la 
telle la 


mobile est la plus favorisée, ce qui minimise l’effet des 


précédents ne sont pas 


contrainte est en général que dislocation 


contraintes extérieures sur la dislocation recombinée 
aussi bien que sur la ou les dislocations fixes. D’autre 
part, le mouvenent des éléments que nous avons 
supposés fixes va se produire alternativement dans 
un sens ou dans l’autre pour une contrainte donnée. 
Les valeurs moyennes calculées plus haut peuvent 


done étre considérées comme satisfaisantes. 
sin 


9) cos? 6 sin 


1| sin ¢ 


#=30 
¢=80 
| | 
VOL. 
8 
1960 
de 


0.999 O.987 0,972 


y, et p sont évalués avec une meillieure précision que ¢,,,. 


am 


4.2. Durcissement di a la traversée dun forét de 
dislocations 

Le premier modéle représente assez bien une forét de 
de dislocations de longeur moyenne /,, = 2/, percant le 
plan de glissement en des points distants en moyenne 
de /,: Vhypothése consistant a fixer C et D est en effet 
& peu prés équivalente a celle de dislocations fixes 
placées en C et D et empéchant la dislocation mobile 
de progresser. 
La contrainte & calculée est de la forme 


ub 
kl, 


avec k ~ 2.5. 


Le résultat est nettement supérieur a celui que nous 
avions obtenu dans le cas répulsif® ou nous avions 
trouvé k ~ 5.6.6 

Le terme de durcissement dt aux dislocations 
attractives est done supérieur a celui da aux dis- 
locations répulsives. Ceci ne contrarie pas lhypothese- 
que la dislocation peut étre arrétée en A et B par 


d’autres dislocations. 


0 10 


Fic. 11. Variation de y,,(g,q,) sin @. 
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0,56 


4.3. Déviation d'une dislocation au cours de la traversée 
dune forét 

Lorsqu'une dislocation traverse une forét, elle se 
recombine partiellement avec un certain nombre 
arbres ce qui lui donne une forme de zig-zag. On 
peut refaire ici avec la valeur de p calculée plus haut 
le caleul de Friedel™ (Fig. 12). 


Fic. 12, Dislocation zig-zag. 


Si W est la tension de ligne, /’ la portion recom- 
binée, | énergie gagnée par la recombinaison est en 
moyenne E, = }Wl'=43Wal, p étant le rapport 
calculé au paragraphe 2. 

En déviant de sa course, la dislocation dépense une 


énergie : 
E Ww D Wa? 


Les recombinaisons interviennent a peu prés | fois sur 
3 dans le systéme C.F.C., d’ou: 
2D = 
En remplacgant x par cette valeur et en minimisant 
) — E, — E, par rapport a D, il vient avee p = 0,05: 
1 } p 
D=9 
= 0,331. 


Ces valeurs sont un peu différentes de celles données 
par Friedel mais elles confirment le fait qu'une dis- 
location est trés peu déviée lorsqu’elle traverse une 
forét. 


4.4. Intersection de deux systeémes de glissements 

Le deuxiéme modéle sert 4 décrire exactement ce qui 
se passe a l’intersection de deux systémes de glissement 
Il indique que les contraintes exercées peuvent étre 
considérables, en moyenne de l’ordre de 2yb/d si d est 
la distance entre dislocations. Ce résultat ne doit pas- 
surprendre: en effet lorsque les dislocations de la 


4 
2 ae d 2 5 10 20 30 40 50 60 70 = 85 
116 34 13.5 4.1 2,45 1.75 1,2 0,94 0.75 0,43 
dim SS S4 S86 80 75 75 73 69 70 85 
7 
p O88 0.74 0.6 0.4 0.17 0 0 0 
VO 
VO 
8 
= 
D 2D* 
Im Sind 
| 
| 
} 
| 
| 
bo 
| 
| 
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barriére sont suffisamment rapprochées et inclinées 
(angle @ faible), la reeombinaison est telle que les ares 
CD de la Fig. 4 sont trés petits et la cission nécessaire 
a leur déformation devient de ce fait considérable. 


Fic. 13. Production de lacunes. 


4.5. Production de lacunes et d’interstitiels 


Les deux modeéles conduisent a affirmer que la 
dislocation mobile commence a sedévelopper en spirale 
avant que la dislocation recombinée ne soit détruite. 

On peut voir sur les Fig. 13 (a—c) que le cran formé 
en P sur la dislocation aprés passage aura de la peine a 
glisser pour deux raisons: tout d’abord l’angle formé 


en P par les deux branches de la dislocation est aigu: 


il faut remarquer ensuite que la dislocation n’est pas 
en équilibre au moment ot le cran se forme et que 
le déplacement dynamique de la dislocation fait mon- 


ter le cran. Ceci a pour conséquence d’amener la 
formation d’un certain nombre de lacunes et d’inter- 
stitiels par montée de P et par montée de P’ lorsque 
la boucle laissée autour de l’arbre se referme.©:7? 


4.6. Activation thermique®>” 


Pour arracher la dislocation mobile de la dislocation 
recombinée il faut obtenir des angles ¢ ~ 40°. Si done 


oO < 


m 


la dislocation ne peut franchir l'arbre méme avec 
aide de l’agitation thermique en raison de |’impor- 
tance des déplacements a effectuer. 

Lorsque o > a,, au contraire, le franchissement a 
lieu et le déplacement ultérieur de la dislocation est tel 
que |’énergie nécessaire & la formation du cran peut 
étre prélevée sur l’énergie cinétique de la dislocation 
mobile. L’activation thermique joue done un role 
faible méme pour la formation du cran. 
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DUCTILE-BRITTLE TRANSITION IN ALPHA BRASS* 
H. NICHOLS and W. ROSTOKER*+ 


It is demonstrated that embrittlement of alpha brass by liquid mercury is temperature dependent and 


that the functional relationship is a transition from ductile to brittle behavior in the same manner as 


experienced by iron and other body-centered cubic metals tested in their normal recrystallized state. 


The transition 


TRANSITION DE RUPTURE 


temperature is governed by the recrystallized grain size. 
dependency is discussed in terms of current dislocation theory of the transition effect. 


DUCTILE-FRAGILE 


The significance of this 


DANS LES LAITONS ALPHA 


Les auteurs démontrent que la fragilité d’un laiton g sous action du mercure est fonction de la 


température. Ils indiquent ensuite que la relation fondamentale montre une transition de l’état ductile 
a l'état fragile, semblable a celle observée dans le cas du fer et d'autres métaux a structure cubique 


centrée étudiés dans leur état normal de cristallisation. 
La température a laquelle s‘opére cette transition et fonction de la dimension des grains cristallisés. 


DER UBERGANG VOM 


Ils discutent cette relation en fonction dela théorie courante des dislocations sur l’effet de transition. 


DUKTILEN ZUM SPRODEN 


BRUCH IN ALPHA-MESSING 


Es wird gezeigt, daB die Verspré6dung von Alpha-Messing durch fliissiges Quecksilber von der Tempera- 


tur abhangt und da der funktionale Zusammenhang einen Ubergang vom duktilen zum spréden 


Verhalten in derselben Art darstellt, wie er bei Eisen und anderen kubisch raumzentrierten Metallen in 
ihrem normalen rekristallisierten Zustand auftritt. Die Ubergangstemperatur wird bestimmt durch die 


Korngr6Be des rekristallisierten Materials. 


neueren versetzungstheoretischen Deutung des Ubergangseffektes diskutiert. 


Die Bedeutung dieser Abhangigkeit wird an Hand der 


It has been known for many years that residual 
stresses in 70/30 brass cause cracking on immersion in 
aqueous mercurous nitrate solution. The cracking can 
occur instantaneously or after a lapse of time, but is 
always associated with the deposition of metallic 


The 


liquid mercury on the surface of the brass. 


aqueous solution is only a convenience for removal of 


oxide films and for supply of metallic mercury by 
chemical displacement. Identical cracking effects can 
be brought about by any other means by which liquid 
mercury or its amalgams can be made to wet the 
surface of brass sustaining residual or applied tensile 
stresses. 

The correlations of fracture with stress and wetting 
by a liquid metal are more conveniently studied in the 
simple uniaxial, continuous-loading tensile test. Under 
these circumstances, annealed 70/30 brass wetted by 
liquid mercury or mercury amalgams over a small 
area in the gauge section will break at or slightly above 
the engineering yield point. The fracture always 
occurs in the wetted zone. In recrystallized metal the 
fracture is invariably intergranular. Microstructural 
examination reveals no plastic distortion of grains on 
either side of the crack. Time of prior exposure to 
liquid mercury is not a factor in cracking under con- 
tinuous loading. Except at elevated temperatures, as 
will be pointed out later, mercury does not visibly 


* Received January 6, 1960; revised April 14, 1960. 
+ Metals Division, Armour Research Foundation, Chicago, 
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diffuse or penetrate into brass before the initiation of 
fracture. 

With increasing temperature of testing, the brittle- 
ness engendered by wetting with liquid mercury under- 
goes a sharp reversion to the ductile state. The 
transition from ductile to brittle behavior of struc- 
tural materials wetted by liquid metals is a charac- 
teristic behavior of many systems. By way of exam- 
ples, high-strength aluminum alloys wetted by molten 
mercury, indium and tin exhibit this.“) Rozhanski 
et al.) have shown that single crystals of zinc wetted 
with mercury also experience temperature-dependent 
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Fic. 1. Tensile elongation as a function of temperature 
for 70/30 brass wetted with mercury, at one grain size. 
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Fic. 2. Curves of transition from brittle to ductile 
behaviour of 70/30 brass wetted with mercury at 
various grain sizes. 


transition from brittle to ductile behavior. An exam- 


ple of the transition from brittle to ductile behavior of 


70/30 brass wetted with liquid mercury is shown in 
Fig. 1. The present work has undertaken to provide 
evidence that the transition in 70/30 brass is governed 
by the same model and mechanisms currently pro- 
posed for body-centered cubic metals. 

According to various models proposed by Stroh"), 
Petch® and Cottrell®, a stable crack nucleus can 


result from the shear stress operative on a line of 


dislocations in a slip plane piled up against a barrier. 
This barrier can be either a grain boundary or the 
intersection with another slip band. From this, the 
grain size is deduced to be a primary factor governing 
the temperature at which a transition from ductile to 
brittle behavior occurs. Experimental work on mild 


steel,” molybdenum and niobium amply verify 
this. Recently, Petch® in analysing the dislocation 
model for initiation of a brittle crack has postulated 
that the interrelation between transition temperature, 
T,, and average grain diameter, d, should be of the 
form: 

Ind. 

The transitions from brittle to ductile behavior of 
70/30 brass of various annealed grain sizes, all wetted 
with liquid mercury, are shown in Fig. 2. The transi- 
tions are all quite sharp. and so the transition tem- 
perature can be estimated with good accuracy. In 
Fig. 3, the transition temperatures for five grain sizes 
are plotted against the logarithm of the mean grain 
diameter, demonstrating an excellent linear corre- 
lation. 

This is taken as evidence that brittle fracture 
produced by the establishment of a liquid metal- 
solid metal interface is governed by the same processes 
as occur in body-centered cubic metals at low tem- 
peratures. One must wonder about the nature of the 
obstacle to dislocation pile-up which can exist at the 
liquid—solid interface and, of course, one can only 
speculate at this point. The simple picture wherein a 
slip band emerges to the free surface or interface 
cannot provide the proper conditions. In their study 
of dislocation distribution by etch pit patterns in 
coarse grained silicon ferrite, Low and Guard) showed 
that these assumed the appearance of the pile-ups 
against grain boundaries postulated by Stroh®?. 
Micrographs showed etch-pit identified slip bands 
held up by grain boundaries and slip bands which had 
forced continued propagation into adjacent grains. 
From this one can deduce that slip directions can 
develop not only at various inclinations with respect 
to the surface but also in the surface plane itself. 
When the free surface becomes a liquid—solid interface, 


it must be those slip systems w ith slip directions in the 


350 


fe} 


nN 


Transition Temperature, °C 


TTT 


i 
-010 
Average Grain Diameter, mm 


Fic. 3. Correlation between transition temperature 
and average grain diameter for 70/30 brass wetted with 
mercury. 
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plane of the interface which generate the crack 


nuclei. 
The dislocation models for the transition in duc- 
tility" construct a balance between yield stress and 


effective surface energy associated with crack form- 
ation such that a high surface energy and a low flow 
stress are conductive to ductile behavior and a low 
surface energy and a high flow stress are conductive to 
brittle behavior. 
shown that the creation of a liquid—solid interface can 
significantly reduce the effective surface energy. It 
remains therefore to apply the temperature depen- 
dence of the flow stress of 70/30 brass to the model to 
produce the condition where a critically low surface 


In a forthcoming paper it will be 


energy and a critically high flow stress combine to 
produce brittle fracture. The brass represented in 
Fig. | showed an almost linear yield point dependence 
rising from 38.000 Ib/in? at 250°C to 56.000 Ib/in? at 
100°C. 


It will be noted in Fig. 2 that the resurgence of 


ductility in the coarser grain sized brasses is progres- 
sively more restricted with increasing temperature. 
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Metallographic examination shows that this is related 
to the visible occurrence of mercury diffusion into the 
brass. This clearly demonstrates that two species of 
liquid metal embrittlement can occur—one which is 
accentuated by decreasing temperature and one which 
is accentuated by increasing temperature. 
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THE GROWTH OF TWINS IN TIN SINGLE CRYSTALS AS OBSERVED BY 
TRANSMISSION ELECTRON MICROSCOPY* 


J. T. FOURIE+, F. WEINBERG? and F. W. C. BOSWELL: 


The nucleation and growth of twins in melt-grown tin single crystals has been examined by transmission 
electron microscopy. The fact that the structures observed were twins was established by selective area 


electron diffraction. Twins were observed to nucleate after the crystal had been exposed for several 


minutes in the electron beam. They formed primarily at the edge of the foil, as well as at etch pits, 


other twin boundaries, and in several cases at defects in the foil. In general, nucleation occurred in 


areas relatively free from dislocations. 
Twins were observed to grow at rates in the order of 10-° cm/sec. A cine film was made by photo- 


graphing the screen of the electron microscope. From the film, measurements of the growth rates of 


individual twins and groups of twins were made. 


DE MACLES DANS DES MONOCRISTAUX D’ETAIN, OBSERVEE PAR 
MICROSCOPIE ELECTRONIQUE DE TRANSMISSION 


Les auteurs examinent par transmission au microscope électronique, la formation et la croissance de 


LA CROISSANCE 


macles sur un monocristal d’étain préparé par cristallisation et croissance a partir bain fondu. 


En choisissant différents plans de diffraction, ils ont pu établir que la structure observée était celle de 


macles. Celles-ci se forment aprés quelques minutes d’exposition au faisceau d’électron. 


Elles apparaissent d’abord aux bords de la lame, aux endroits attaqués, au voisinage d’autres macles 


et dans plusiers cas aux imperfections de la lame. En général, la naissance de macles a lieu sur une 


surface relativement exempte de dislocations. 


Les auteurs obserbent que la vitesse de croissance des macles est de l’ordre de 10-® cm/sec. Ils ont 


réalisé un film en photographiant l’écran du microscope électronique. 
A partir de ce film, ils ont effectué des mesures de vitesse de croissance de macles seules ou groupes de 


macles. 


UNTERSUCHUNG DES WACHSTUMS VON ZWILLLINGEN IN EINKRISTALLEN AUS ZINN 
MITTELS ELEKTRONENMIKROSKOPISCHER DURCHSTRAHLUNG 

Keimbildung und Wachstum von Zwillingen in SchmelzfluB-Einkristallen aus Zinn wurde mittels 
elektronenmikroskopischer Durchstrahlung untersucht. Durch Feinbereichsbeugung wurde sicher- 
gestellt, daB die beobachteten Strukturen Zwillinge sind. Die Keimbildung der Zwillinge setzte ein, 
nachdem der Kristall mehrere Minuten dem Elektronenstrahl ausgesetzt worden war. Die Zwillinge 
bildeten sich hauptsachlich an den Kanten der Folie und an Atzgriibchen, an anderen Zwillingsgrenzen 
und in einigen Fallen an Defekten in der Folie. Im allgemeinen erfolgte die Keimbildung in relativ 
versetzungsfreien Gebieten. 

Die Zwillinge wuchsen mit Geschwindigkeiten der GréBenordnung 10-° cm/sec. Vom Leuchtschirm 
des Mikroskops wurden kinematographische Aufnahmen gemacht. Auf dem Film wurde die Wachstums- 
geschwindigkeit von einzelnen Zwillingen und von Zwillingsgruppen ausgemessen. 


1, INTRODUCTION 


Although increasing attention has been directed ciently slow to allow observation of their growth 


tron beam, and that they often grew at rates suffi- 


towards the study of plastic deformation in metals in characteristics. The present report deals with these 


recent years, relatively little has been reported con- observations and the conclusions derived from them 


cerning mechanical twinning. The reason for this, at regarding the twinning process. Comparisons are 
least in part, is the difficulty in obtaining significant made between the present conclusions and_ those 


observations of the twinning process since twins are reported in the literature. 


initially small, nucleate under relatively complex The general characteristics of the twinning process 


deformation conditions and grow at very rapid rates. jin bulk materials has been described in a number of 


As a result, there is appreciable disparity in the articles~* along with a summary of existing obser- 


results reported in the literature, with at least two  yations and proposed mechanisms. The pertinent 
distinct mechanisms being proposed for the nucleation points concerning the nucleation and growth of twins 


and growth of twins. are summarized below: 


In examining thinned single crystals of tin by 


(1) The resolved shear stress required to initiate 


transmission electron microscopy, it was observed by 


twins is considerably greater than that required 


the present authors that twins were sometimes nucle- 


to initiate slip ( 100 for basal slip in zine“). 


ated by stresses arising from the action of the elec- 


(2) No unique critical resolved shear stress exists for 


twinning.) 


* Published by permission of the Director, Mines Branch, 
Department of Mines and Technical Surveys, Ottawa, (3) The stress required to propagate twins is less than 
Canada. Received January 26, 1960. 

+ Present address C.8.L.R.. Pretoria, South Africa. that required to nucleate twins (by a factor of 10 

t Metal Physics Section, Physical Metallurgy Division, in zine“), 

Mines Branch, Department of Mines and Technical Surveys, 
Ottawa, Canada. 
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(4) Twinning in metals is always preceded by slip.“ 
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(5) Twins are initiated in bursts and grow in a spas- 
modic manner. The rate of propagation is very 
rapid (2 10° cm/see in cadmium")). Twins 
widen at slower rates (10~? cm/sec in zine‘). 

(6) Two different basic mechanisms are proposed for 
the nucleation of twins. 

(a) A dislocation mechanism described by Thomp- 
son and Millard and Cottrell and Bilby™. 
Essentially, the mechanism consists of the 
rotation of a twinning dislocation about a 
sessile screw dislocation whose Burgers vector 
equals the spacing of the twinning planes. As 
the twinning dislocation rotates and climbs, 
loops are generated on successive twinning 
planes. The loops expand to produce a macro- 
scopic twin. 

(b) Homogeneous nucleation as described by Bell 
and Cahn") and by Orowan'*). Stresses applied 
to the specimen are locally enhanced by the 
presence of dislocation pile-ups against sessile 
dislocations. When 
theoretical twinning stress, twin nuclei form 
homogeneously. The nuclei, if greater than a 
critical size (+250 A in zine“)), will generally 


local stresses reach the 


grow rapidly into macroscopic twins since the 
stress required to propagate twins is less than 
that required to nucleate them. 


2. EXPERIMENTAL 

Controlled orientation single crystals were grown 
from the melt in a horizontal graphite boat according 
to the method described by Chalmers”. The crystals 
were normally grown in slabs of rectangular cross- 
section of | mm » 20mm. The purity of the tin used 
was 99.997 per cent Sn with Fe as the major impurity. 

All of the crystals investigated were grown with 
the (110) direction parallel to the growth direction. 
The faces of the crystal used for the major part of the 
investigation were parallel to (001) planes and in the 
other cases to (110) planes. 

The crystals were thinned down by electrolytic 
polishing methods which are described in detail else- 
where.“ The polishing was performed in two stages, 
the first giving rapid dissolution of the specimen down 
toa thickness of 0.2 mm. The second stage produced a 
high quality mirror-like polish and was continued 
until holes appeared in the foil. Relatively large 
regions near the edges of the holes were found suffi- 
ciently thin for transmission electron microscopy. With 
reasonable care, the thinning and mounting procedure 
could be carried out without deforming the crystal in 


the regions to be investigated. 
In order to make a quantitative study of the rates 
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of propagation of twins under conditions existing in 
the electron microscope, a cine film of growing twins 
was produced. 

A Kodak-special 16 mm cine-camera was used to 
record (at 16 ft/sec) the images appearing on the 
fluorescent screen of a Siemens Elmiskop I, operated at 
80 or 100 kV. Two lenses were employed, namely, a 
25 mm f/1.4 lens and a 50 mm //1.6 lens, of which 
the latter was found more suitable because of its 
greater magnification. To measure the rates of twin 
propagation, the image of the cine film was projected 
screen at a_ total 
Successive positions of the tips of the 


onto a ruled magnification of 
200,000, 


twins were measured at 5-sec intervals. 


3. OBSERVATIONS 

When a tin single crystal with a (001) face was 
placed in the microscope, and one area exposed to the 
electron beam for a period of 2—5 min, bands occasion- 
ally appeared near the edge of the foil. On further 
exposure the bands became larger, appearing as shown 
in Fig. 1. They were observed to grow parallel to the 
edge of etch pits in the foil, which corresponds to 
growth along traces of the (301) plane, suggesting that 
they might be twins. To determine whether they were, 
in fact, twins, selected area diffraction measurements 
were made in regions of the foil where these structures 


were present. 


3.1 Diffraction evidence for twins 

p-tin has a body-centred tetragonal structure, with 
a c/a ratio of 0.541. The twinning plane is {301} and 
the twinning shear direction is (103). 

The diffraction pattern from an untwinned crystal 
with [001] parallel to the beam direction consists of 
spots having indices of the form (2h, 2k, 0), where h 
and k are integers > 0. These are the intense spots 
arranged on a square grid in Fig. 2. Twinning consists 
of a rotation of the lattice about a [100] axis. In 
general, such a rotation will give rise to a diffraction 
pattern with spots of indices (2h, mk, nl) where h, k 
> Oand m,n are integers > 0. For 
10’ which 


and / are integers 
twinning in tin, the angle of rotation is 6: 
brings the {O11} planes within 2° of the beam direction 
and hence in this case n = m = 1. Thus in a pattern 
from material containing both untwinned and twinned 
material, there will be two sets of spots with indices 
(2h, 2k, 0) and (2h, k, 1). 
obtained from regions containing the bands and is 
shown in Fig. 2. Normal to the |100] direction in the 
pattern, the spacing of the main spots corresponds to 
= 0.3430 while that of the secondary 
(twin) spots corresponds to = 0.3580 


Such a spot pattern was 
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1. 


Regular sequence of twins growing from the 
edge of a foil. (From cine film.) » 17,500 


Fig. 2. Part of the electron diffraction pattern of a (001) 
tin foil containing a twin. 
3.2 Nucleation of twins 

The stress required to nucleate twins in the foils 
examined was produced by allowing the electron beam 
to pass through a local area of the foil for several 
minutes. Estimates of the value of the stress will be 
discussed later. 

It was observed that twins generally nucleated near 
the edge of the foil or at etch pits near the edge. The 
regions of the foil in which they nucleated appeared 
to be relatively perfect; they did not nucleate in 
regions where a high density of dislocations was 
observed. An example of the nucleation of a twin is 
shown in Fig. 3(a) and (b), which are adjacent frames 
taken from the cine film. It can be seen that twin 
A—A has nucleated and grown to the size shown within 
a period of less than 1/16 of a second. Measurements 
of the initial dimensions of twins which appeared in 
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(b) 
Fic. 3. Nucleation of twin A—A near the edge of the 
foil. Adjacent frames from the cine film (1/16 sec 
interval). 25,000 


this manner were made from the film. The minimum 
size measured was 400 A thick by 20,000 A long. The 
dimensions of a critical twin nucleus must therefore 


be equal to or less than these values. 

It was generally observed that once one twin had 
nucleated others nucleated in the same vicinity, often 
with remarkably uniform spacing between nucleating 
sites. This is shown by the regularity of the spacings 
of the twins in Fig. 1. 

In several cases twins were observed to nucleate at 
loop-like discontinuities of unknown origin in the foil. 
An example is shown in Fig. 4(a) and (b), which shows 
adjacent frames in the cine film. In Fig. 4(a) a twin 
has nucleated from the discontinuity and grown out of 
the field of view. In Fig. 4(b) a second twin, B—B, has 
nucleated from the same source and grown in the 


opposite direction. Fig. 5 shows another example of 
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Fic. 4. Nucleation of twin B-—B from discontinuity in 
foil. Adjacent frames from cine film. » 25,000 


nucleation from a loop discontinuity. Here, however, 
one twin has nucleated on the (301) planes and the 
other on the (031) planes. 

Twins which belong to an alternate system of 
twinning planes are often nucleated at the boundaries 
of existing twins. An example is shown in Fig. 6, 
where adjacent frames of the cine film show the 
nucleation and growth of a twin C-C from an existing 
twin. It can be observed in Fig. 6(b) that the freshly 
nucleated twin can be associated with a twin which 
had previously impinged on the other side of the parent 


twin. This was found to be the case, generally, in the 


thin foil observations. 
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Fic. 5. Nucleation of twins on (301) and (031) planes 
from the same discontinuity in the foil. 9000 


Fic. 6. Nucleation of twin C-C at the boundary of an 
existing twin. Adjacent frames from cine film. 
25,000 
3.3 Propagation of twins 
Measurements were made of the positions of an 
advancing twin interface as a function of time, from 
the cine film. Some of the results are shown in Fig. 7, 
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Fic. 7. Curves showing the position of the tips of advancing twins as a function of time in four fields of 


view. Zero time is an arbitrarily selected point. 


where the position of the tip of an advancing twin is 
plotted as a function of time, starting at an arbitrary 
stage in its growth. Four sets of curves are shown. 
Each curve corresponds to an individual twin; each 
set of curves pertains to a number of parallel adjacent 
twins which were observed and measured at the same 
time. In order to prevent the curves from overlapping, 
they have been shifted along the vertical axis by 


arbitrary amounts. However, the relative positions of 


the twins are indicated by the vertical lines to the right 
of the curves, the height of each line indicating the 
final relative positions of the corresponding twin inter- 
faces. 

Starting with the series of curves in Fig. 7(a), it 


is seen that, in this case, the rates of propagation of 


the twins were relatively constant over the distances 
measured. Two of the curves, 2 and 3, had a higher 
rate of propagation than the others; they were also 
ahead of the other twins, as shown by the vertical 
lines. In the case of series B, all of the curves are 
similar, and show a gradual decrease in the rate of 
propagation as growth continued; twin interfaces 
here were close together. In series C the leading twins 


again have the highest rate of propagation; however, 


The final relative positions of the tips of the twins are 
indicated by the height of the vertical lines. 


in this case the rate cycled as the twins advanced. In 
the series D the two leading twins, 2 and 4, were 
arrested temporarily in the region of ft = 20 sec, then 
propagated at a more rapid rate while the lagging two 
twins progressively slowed down. 

In general, therefore, the leading twins have the 
highest rate of propagation. Rates of propagation 
can be constant, gradually decreasing or cyclic, 
depending on the particular twin being measured. Simi- 
lar variations in the rate often occur simultaneousl\ 
in neighbouring twins. All of the rates shown are in 
the order of 10~® cm/sec. The maximum rate observed 
based on movements between adjacent frames in the 
cine film, was 5 « 10-3 em/sec. 

In two instances measurements were made of the 
twin interface as it approached the edge of the foil. 
The results are shown in Fig. 8, where the distance 
from the tipof the twin to the edge of the foil is plotted 
as a function of time. In both cases the rate of propa. 
gation progressively decreased with time, and the 
twins stopped before reaching the edge of the foil. 

When twins are formed in thin foils they are usually 
observed to grow transversely as well as in the for- 
The rate of transverse growth is 


ward direction. 
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Fic. 8. Position of the tips of twins approaching the 
edge of the foil as a function of time. 
usually a number of orders smaller than the rate of 
forward propagation. It is further a general observa- 
tion that fast propagating twins grow relatively 
slowly in width. 

A twin is usually wider at its origin than in the 
vicinity of the tip, as shown for example in Figs, | and 
3. On occasion, however, it has been observed that the 
leading part of the twin is a number of times wider 
than its width nearer to the origin. An example of 
this is found in Fig. 9. 


3.4 Coalescence of twin boundaries 


When a number of twins are nucleated side by side, 


9. Twins which widen close to the tip. (From 
cine film.) 25,000 


their boundaries will generally move transversely 
until they touch one another. At the point of contact a 
coalescence of the boundaries will appear to take 
place, and this point will begin to move in the forward 


direction of twin propagation. The movement of this 


point of contact between the boundaries can take 
place either slowly or at a rate comparable to the 
fastest twin propagation observed. In this manner 
the boundaries between “elementary” twins elimi- 
nated and very wide twinned regions have been ob- 
served to form as a result of the coalescence of a 
number of twins. 


Fic. 10. Same area of foil at different times, showing 
coalescence of twins A and B. x 28,000 

In Fig. 10(a) and (b) an example is shown of two 
twins coalescing. Here a relatively narrow twin is 
coalescing with a wider one of which only the one 
boundary is shown. The configuration which can be 
seen at the tip of the coalescing point is typical of 
many others that were observed. The micrograph 
for Fig. 10(a) was taken after reducing the beam 
current to a minimum, which caused the coalescence 
to be halted temporarily. The beam current was then 
increased for a short period, during which the coales- 
cence point moved to the new position shown in 
Fig. 10(b). It is interesting to note that a dislocation 
has been left in the wake of the coalescing point. 
From the tracks in Fig. 10 it is likely that this dis- 
location moved through twin B to the boundary and 
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was stopped there. When the twins coalesced, the 


dislocation was left behind in the same position. 


3.5 Deviating twins 


As a group of twins grew in the normal [100] 


direction, it was occasionally observed that one or 
more of the this 
Examples of this phenomenon can be observed in 
Fig. 1l(a) and (b). It will be noted in Fig. 11(a) that 
there are two twins which deviate in opposite direc- 


twins deviated from direction. 


tions. 
The possibility that a different twinning system 
might be operative in the case of deviating twins was 


Fic. 11. Twins deviating from normal [100] growth 
direction. (From cine film.) » 25,000 
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rejected for two reasons. First, the angle of deviation 
was found to differ in six cases examined, with the 
maximum angle of deviation equal to 13°. Secondly, 
the diffraction pattern obtained for deviating twins 
was identical to that obtained for normal twins. 


A special case of deviation is shown in Fig. 12 where 


Fie. 12. Twin growing around an obstacle in its path. 


(From cine film—-not consecutive frames.) 22,000 
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TOP VIEW 


Fic. 13. (a) Tip of twin. ~« 190,000 
(b) Sketch showing features of (a) related to 
the cross section of the foil. 


a twin deviated to escape an obstacle, and then pro- 
ceeded in the normal direction. 
3.6 The configuration of the tips of growing twins 
It is generally difficult to obtain high resolution 
micrographs of the tips of twins. This is largely due 
to the fact that the tips are usually in motion, and 
also to the fact that twins do not form before a certain 
amount of contamination has built up on the foil. 
However, several reasonable photographs of twin 
tips at high resolution have been obtained. An exam- 


ple is shown in Fig. 13(a): in Fig. 13(b) the geometry of 


the twin in relation to the foil is shown diagrammati- 
cally. The fringes parallel to the sides of the twin are 
due to interference effects resulting from the presence 
of overlapping wedge shaped crystals as described by 
Whelan et al."). The system of dots at the tip ap- 
parently arises from the overlapping of the two fringe 
systems in that region. 

The boundaries of the twin shown in Fig. 13(a) can 
only converge as a result of the presence of twinning 


dislocations. By assuming a twinning dislocation to 


be present on every twinning plane one can estimate 
the density of dislocations in the boundaries from the 
degree of convergence observed. For the twin shown 
in Fig. 13(a) a twinning dislocation should be situated 
about every 15 A along the boundary to account for 
the convergence. Thus, even if it were possible to see 
an isolated single twinning dislocation (which is open 
to question because of the small Burgers vector 
involved), they would not be resolved in the present 
case, 

It is evident from the uniform spacing of the dots 
in the tip shown in Fig. 13(a), that the convergence and 
hence the dislocation density in the boundaries re- 
mains approximately constant to the very tip. How- 
ever, in Fig. 14 an example is shown where the spacing 
between the row of dots decreases markedly towards 
the tip. This can be explained by assuming an 
increasing convergence and hence an increasing dis- 
location density towards the front of the twin. 


:. 14. Tip of twin with curved twin boundaries. 
69.000 
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Some photographs of the tips of twins produced by 
impact in a bulk specimen were also obtained. An 
example is shown in Fig. 15(a) and (b). Fig. 15(a) is a 
light micrograph of a twin which ended in the matrix 
and which at this magnification appeared to have a 
rounded tip. An electron micrograph obtained from a 
replica of the same area by the method of Fourie?) 
is shown in Fig. 15(b), from which it is evident that the 
configuration at the tip is generally similar to that of 
twins observed in the foils. 


3.7 Substructure in non-coherent twin boundaries 


In general, individual dislocations could not be 
observed in twin boundaries, even at the highest 
magnification used. However, in some cases, a 
substructure could be observed in segments of non- 
coherent boundaries. Examples are shown in Figs. 16 
and 17. In the former photograph one segment of a 
twin is joined by non-coherent boundaries to a dis- 
placed segment. The substructure can be seen as a 
series of alternately dark and light regions in the non- 
coherent boundaries. The “‘wedge”’ fringes can be 


(a) 


Fig, 15. (a) Specimen surface showing twin produced 
by impact in bulk specimen. 150 
(b) Electron micrograph from surface replica 
of (a). *« 15,700 
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observed in the relatively coherent as well as in the 


non-coherent boundaries. Fig. 17 shows a_ twin 
formed in a (110) foil. In this particular case the 
substructure can be observed in the non-coherent 
boundary on one side of the twin, and not on the other 
side which appears straight and coherent. 
Measurements of the spacing between the dark 
bands in the substructure were made and the average 
number of twinning planes Ni, between each band 
determined from the relation 
x 
dn 


where x is the lateral displacement of a section of 


301 


incoherent boundary, 
dis the distance between the intercepts of 
adjacent (301) planes with the plane of the 
foil, 
n is the number of bands measured in the 
region 
The results for six specimens are given in Table 1. 


TABLE | 
Sample d(A) n a(A) N ise) 

M27 (O01) 1.945 16 760 24 
M27 (QOL) 1.945 9 560 32 
H2 (OOL) 1.945 22 1420 33 
N5 (OOL1) 1.945 10 500 26 
K3 (110) 2.08 17 1000 28 
K4 (110) 2.08 12 650 26 
Average No; 28 planes 


3.8 Pre-twinned foils 

Twins which had previously been produced by 
impact in a bulk specimen gave a similar diffraction 
pattern to those produced in thinned tin crystals by 
the electron beam. 

Although some of the existing twins produced by 
impact could be made to move slowly under the 
influence of the electron beam, the majority remained 
stationary. The rate of propagation of those which 
did move was much less than the average rate of those 
which had nucleated in undeformed foils. In no 
instance were any new twins observed to nucleate in 
pre-twinned foils. 

A number of cases were observed where twins in a 
pre-twinned foil would shrink in the foil during 
observation in the electron microscope. This is 
illustrated in Fig. 18(a) and (b), which represents 


electron micrographs taken in that order. 


3.9 Movement of individual dislocations 
In many cases, individual dislocations were observed 
to move in the foil, and produce tracks similar to those 
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Substructure in non-coherent twin boundary (001) foil. 


Substructure along one twin boundary (110) 
foil. 66,000 


observed in other metals. An example is shown in Fig. 
19, where the track left by a dislocation which had 
The 


appeared suddenly—within 1/16 of a sec—and sub- 


cross-slipped can be clearly noticed. track 
sequent to its formation slowly disappeared. In other 
cases dislocations were observed which had irregular 
curved paths. This implies that only the slip direction 
is fixed and that slip can occur on any plane containing 
this direction. In this respect, the slip process in tin 
resembles that in iron. 

In a number of cases, individual dislocations were 
clearly observed to slow down, temporarily, the 
propagation of a twin. No clear case was observed 
where the twins were entirely stopped by dislocations. 


4. DISCUSSION 
4.1 Nucleation of twins 
The present observations pertaining to the nuclea- 
tion of twins in foils are summarized below: 
(a) A time 


interval of 2-5 min elapses after the 


1960 


200,000 


foil is placed in the electron beam before twins 
nucleate. 

(b) On nucleating, the twins initially grow very 
rapidly, then continue at a slower, comparatively 
uniform rate. 


(b) 


Fic. 18. Shrinking of a twin which had been produced 
by impact in a bulk specimen. » 85,000 


— 


Fic. 19. Dislocation 
(From cine film.) 


trace in (001) faced specimens. 
20,000 


(c) Twins nucleate near the edge of the foil, at etch 
pits close to the edge, at the boundaries of other 
twins; and in isolated cases at crystal imperfec- 
tions in the body of the foil 

No appreciable buckling of the foil precedes 
nucleation. Dislocations or dislocation pile-ups 
are not generally observed in the nucleating 
region. 

(e) The nucleation of a twin is often followed by the 
nucleation of an adjacent twin. This can result in 
the formation of a regular sequence of twins, nuc- 


leated progressively along the edge of the foil. 


The observation that a time interval elapses before 
twins nucleate suggests that progressively increasing 
local stresses are introduced in the foil by the action 
of the electron beam. This is in keeping with the 
observations of Hirsch et al.“* who found that a time 
period elapsed before dislocations were observed to 
move in foils examined under similar conditions. 

The detailed mechanism by which local stresses are 
introduced in the foil by the electron beam is not 
clearly understood. Hirsch) that the 


stresses are produced by the growth of a contami- 


suggests 


nating carbon layer on the surface of the specimen. 
The local stresses would then increase as the contami- 
nating the 
gation it was observed that a contaminating layer 


layer thickened. In present investi- 
always formed and progressively thickened on the 
specimen surface, as indicated by the progressive 
darkening of the image in the microscope. Further, 
a contaminating layer was clearly observed in some 
cases projecting from the edge of the foil. 

A value for the stress produced in aluminum foils 
by the action of the electron beam has been estimated 
by Whelan et al.“)), on the basis of the curvature of the 
dislocation lines moving under stress, to be approxi- 
mately 4 « 108 dyn/em?. Since the shear modulus for 
tin is within 10 per cent of that of aluminum, this 
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value will be assumed to be applicable to the tin foils 
examined in the present investigation. 

It is interesting to compare this stress with the 
This 


latter stress is given approximately by the expres- 


estimated stress required to nucleate twins. 


sion (G/27)y, where G@ is the appropriate shear stress 
and y is the twinning shear. In the case of tin this is 
3.5 


higher than the stress in the foil. 


10° dyn/em?, which is an order of magnitude 
However, it is 
reasonable to suppose that twins would be nucleated 
more readily near the edge of the foil, as is observed 
with dislocations,“” in which case the stress in the 
foil could be of the order required to nucleate twins. 

The above considerations and the observation that 
the 
vicinity of twin nuclei, suggest that the Cottrell 


dislocations were not observed in immediate 
Bilby mechanism for the nucleation of twins is not 
applicable in the present case. It is possible that some 
dislocations in the foil were not observed in the micro- 
the Cottrell—Bilby 


requires a specific configuration of dislocations for each 


scope. However, mechanism 
of the twins nucleated, and had these been present, 
some of the dislocations would have been favourably 
oriented for observation in the electron image. In 
addition, to account for the regular sequence of twins 
which were often observed (Fig. 1), a regular series of 
twin sources would be required near the edge of the 
foil, which is improbable. 

The present observations thus support the nucle- 
ating mechanism proposed by Bell and Cahn and 
Orowan® in which homogeneous twinning takes 
place at the theoretical shear stress required for 
The 


occurs is not clearly understood. 


homogeneous 
Bell and 


Cahn suggest that a twin nucleus is created as a whole 


twinning. manner in which 


twinning 


by local homogeneous shear of the lattice and not by 
the progressive motion of a dislocation. For zine they 
estimate the critical nucleus diameter to be 250 A, 
In the present observations, twins of widely varying 
observed to form in the interval 


dimensions were 


between adjacent frames of the cine film. However, 
it is not clear whether small nuclei form and expand 
rapidly, or whether the observed twins are near the 
critical size when formed. 

Bell and Cahn proposed, on the basis of their 
investigation, that dislocation pile-ups resulting from 
plastic deformation were a necessary condition for the 
nucleation of twins in bulk material. They estimated 
that the applied stresses had to be increased by a 
factor of 35 in order to reach the theoretical shear 
stress for twinning. The present observations clearly 
indicate that twinning can occur without the presence 


of dislocation pile-ups in thin foils. 
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Twins were observed to nucleate at the boundaries 
of existing twins. This occurred in the body of the 
foil where the local stresses were estimated to be less 
than that required for the nucleation of twins. In 
general, each of the twins nucleated in this manner 
could be associated another twin which had 
impinged on the other side of the parent twin. It is 
possible (see Fig. 6) that the impinging twin can cause 
slip to occur in the parent twin. This would result in 
the formation of a dislocation pile-up on the other 
side of the parent twin which would enhance the local 
stress sufficiently to cause twins to nucleate. In this 
particular case the mechanism is very similar to that 


with 


proposed by Bell and Cahn. 

Twins were also observed to nucleate, in isolated 
cases, at lattice imperfections which had an appear- 
ance suggestive of loops. The nature of the imper- 
fections is not clear. Presumably their presence in the 
lattice results in sufficient local enhancement of the 
stress to cause the formation of a twin. 

Regular sequences of twins were observed to nuc- 
leate and grow at the edge of the foil, as shown in Fig. 1. 
This could be accounted for if the stress relaxation 
resulting from the formation of a twin causes a local 
stress concentration near the edge of the foil, a dis- 
tance S away. Since the overall stress is steadily 
increasing during observation, a second twin will 
eventually be nucleated at S and so on to produce a 


regular series. 


4.2 Propagation of twins 

In general, the manner in which twins were obser- 
ved to propagate is consistent with the assumption 
that the twin interface 
consists of an array of twinning dislocations. For the 
(O01) tin crystals, they would be screw dislocations 
terminating at the surfaces of the foil, and having a 
Burgers vector equal to the twinning shear dislacement. 

The above assumption would account for the obser- 


advancing non-coherent 


vation that twins propagate in the body of the foil 
where the stress level is below that required to nuc- 
leate twins. Also that the rate of twin propagation is 
roughly comparable to the rate of movement of slip 
dislocations in the foil under similar stresses. The 
observation that twins often propagate in jumps, can 
be attributed to both the presence of obstacles, such as 
dislocations, in the path of the twin, and the inter- 
action of the twinning dislocations with the contami- 
nated surface of the foil. The latter factor is similar 
to the interaction of slip dislocations with the surface 
as discussed by Whelan et al.“). 

The twinning dislocations at the incoherent twin 
interface would be produced in the nucleating process 
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and would be confined to the twinning plane on which 
they initially formed. The present observations indi- 
vate that twin dislocations can also form as the twins 
propagate, since twins were observed to widen appre- 
ciably during growth (Fig. 9) and deviate appreciably 
from the normal [100] growth direction (Fig. 11). The 
mechanism by which twins widen is not clear. How- 
ever, if twins can nucleate homogeneously, it appears 
reasonable that additional twinning dislocations 
should be formed on the interface during growth. The 
most notable examples of local widening in the present 
observations generally occurred when an advancing 
twin was slowed down or stopped by an obstacle in 
its path (Fig. 12). 

In many cases, the appearance of neither the devi- 
ating twins nor the matrix in which they grew gave any 
indication as to why these twins deviated and others 
did not. The deviation could be a result of higher local 
stresses on one side of a twin, leading to an enhanced 
rate of nucleation on that side as the twin widened, due 
to inhomogeneities in the contaminating layer in the 
foil producing the local stresses. Or, a partial blocking 
of one side of a twin by a dislocation or dislocation 
array, which was not favourably oriented to be 
observed in the microscope, could result in enhanced 
growth on one side of the twin. 

The rate of propagation of the twins observed in 
the present investigation was found to be of the order 
of 10° cm/sec. This is very much slower than the 
growth rate of twins in bulk specimens, estimated to 
be 1/10 the velocity of sound™ (2.5 « 105 cm/sec). 
This difference in growth rate can be attributed 
primarily to the different conditions existing during 
the growth of twins in the thin foils as compared to the 
bulk specimens. In the case of thin foils, it is probable 
that the contaminating layer produced a high localized 
stress in the foil. This stress is relieved almost entirely 
in the immediate vicinity of the nucleated twin, and 
the rate of further propagation of the twin is a 
measure of the rate of contamination build up, which 
takes place in a slow and controlled manner. In the 

vase of bulk specimens, the stresses are not localized 
and thus twins can propagate at high rates over large 


distances. 


4.3 Substructure in non-coherent twin boundaries 

In Fig. 16 the fringes due to overlapping wedge 
shaped crystals appear to be stepped in the region 
E-E. A tentative explanation can be advanced as 
follows: 

When a narrow twin terminates in the matrix, an 
elastic shear displacement parallel to the twinning 
plane is required for coherency at the twin boundaries, 


|_| 
V 
8 
19 


FOURTE, 


the extent of the displacement depending on the width 
of the twin. It can be seen, by comparing atom posi- 
tions across the coherent twin boundaries, that this 
shear displacement is an almost periodic function of 
the twin width, passing through a minimum at every 
thirty-four (301) plane spacings. As a result, for 
narrow twins, the elastic strain energy will similarly 
pass through minima. Hence twins will widen in 
increment of thirty-four (301) planes. Further, an 
incoherent boundary such as E-E will tend to be 
stepped, with the step heights corresponding to about 
thirty-four (301) plane spacings which compares 
reasonably with the measured step heights of twenty- 
eight (301) plane spacings in Fig. 16. 
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carbon dioxide—80°, carbon monoxide atmosphere. 


GASEOUS DECARBURIZATION OF WHITE CAST IRONS* 
J. BURKE?+, J. BELL+ and D. R. BOURNES 


Decarburization of two white cast irons, differing only in microstructure, has been studied using a 20% 
Carbon loss and depth of decarburization at L000°C 


and 1050°C were measured as a function of time. A mathematical analysis of decarburization is developed 
and from a comparison of this with the experimental results it is concluded that the diffusion of carbon in 


austenite is the rate controlling process. 


DECARBURATION GAZEUSE 


DE FONTES BLANCHES 


Les auteurs étudient la décarburation de deux fontes blanches se différencient uniquement par leur 
microstructure. Ils utilisent un mélange gazeux contenant 20°, d’anhydride carbonique et 80°, d’oxyde 
de carbone. Ils déterminent la perte en carbone et la profondeur de décarburation en fonction du temps. 

Ils font ensuite lanalyse mathématique de ce phénoméne et en comparant avec les résultats expéri- 
mentaux déduisent que la diffusion du carbone dans l’austénite détermine la vitesse de décarburation. 


ENTKOHLUNG VON WEIBEM GUBEISEN IN GASATMOSPHARE 


Die Entkohlung von zwei Sorten weiBen GuBeisens, die sich nur in der Mikrostruktur unterschieden, 


wurde in einer Atmosphare von 20°, Kohlendioxyd und 80°, Kohlenmonoxyd untersucht. 


Kohlen- 


stoffverlust und Tiefe der Entkohlung wurden bei 1000°C und 1050°C als Funktion der Zeit gemessen. 


Eine mathematische Beschreibung der Entkohlung wird entwickelt; 


aus einem Vergleich mit den 


experimentellen Ergebnissen laBt sich dann schlieBen, daB die Diffusion von Kohlenstoff in Austenit der 


geschwindigkeitsbestimmende ProzeB ist. 


1, INTRODUCTION 

The gaseous decarburization of cast irons involves 
the following basic steps: (a) removal of carbon in 
solution in austenite by reaction at the surface with 
the gas, (b) diffusion of carbon through the austenite 
from the core to the surface and (c) dissolution of the 
carbon-rich phase to maintain the supply of carbon to 
the surface. If the starting material is a white iron 
graphitization proceeds concurrently with decarburi- 
zation. It was commonly assumed following the work 
of Baukloh et al.” that the rate of carbon removal is 
governed by the diffusion of carbon in austenite. 
However some recent experimental results cannot 
be reconciled with this theory. Moore’) showed that 
during the decarburization of commercial white irons 
the onset of graphitization retards decarburization. 
Since there is only a slight change in the austenite 
composition as a result of graphitization diffusion rates 
should not be affected. the rate of 
decarburization of pre-graphitized malleable irons was 
shown to be dependent on the form of the graphite, 


Furthermore. 


being greatest when the graphite was finely dispersed. 
It was concluded that the rate of solution of the graph- 
Moore later 


prior to 


ite was the rate determining step. 


studied decarburization of white irons 


graphitization. Again it was found that the finer the 
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structure the more rapid the rate of loss of carbon. 
Since the finer structure is associated with the greater 
carbide—austenite interfacial area, the conclusion was 
that the rate of solution of cementite was the rate 
Evidently, more work is required, 
preferably using different experimental methods 
before the range of applicability of the two theories 
‘an be defined. The present work consists of a study 
of decarburization of two white cast irons whose purity 
is higher than those alloys examined previously using 
a new experimental approach. 


controlling step. 


2. THEORETICAL BASIS OF EXPERIMENTS 
Consider a cylindrical sample of white cast iron 
maintained in a decarburizing atmosphere at a con- 
stant temperature in the austenite range. Let 


R, be the radius of the sample, 

c, be the carbon content of the alloy, 

cy be the carbon content of austenite in “‘equi- 
librium” with cementite at that temperature, 

c, be the carbon content at the surface in equi- 
librium with the gaseous atmosphere. 


It is assumed that the temperature and composition 
are such that no graphitization occurs during the 
experiment and that decarburization takes place by 
the inward growth of a zone, of thickness x, free from 
cementite. This assumption is justified experiment- 
ally—see, for example Fig. 5 and Moore’s work.) 

Neglecting losses from the ends, the weight loss per 
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unit length of sample is dw in time dt; this equals the 
weight of carbon dissolved from the cementite whilst 
the interface between the decarburized zone and the 
original structure moves dx plus the carbon loss due 
to the concentration gradient in the zone extending a 
distance dx. 


Then 
dw = 2n(R, — x)(c, — Cy) dx 

+ Xn (R, — x) (co — dx 

= 2n(R, — — 


(1) 


Equation (1) applies irrespective of the controlling 


+ dx. 


mechanism. In any step-wise process the rate of 
reaction is equal to that of the slowest step. Below, 
the rate of decarburization is calculated for each of the 


possible controlling steps. 


(a) Decarburization when the rate of solution of cemen- 
tite is the controlling process 


The rate of solution of cementite, S, is defined as 
the mass of carbon dissolving in austenite per unit 
time per unit area of cementite surface. The amount 
of carbon entering the austenite depends upon the 
surface area. This is difficult to estimate since particles 
other than those contiguous with the decarburized 
zone may if the austenite is continuous 
throughout the specimen. The effective surface is 
related to the area of the inner surface of the decar- 
burized zone, 27(R, — x), by some factor A which can 


dissolve 


be greater or less than unity. 
Amount of carbon dissolving in time dt is 


27(R, — x)AS dt 
— x) dx [ey — + €3)| 
27(R, — x)ASdt (2) 
dx AS 
From equation (3) and (1) 
dw/dt = 2n(R — at) ale, — + (4) 
Integrating 
W = mra(2Rt — af?)[c, — + (5) 


The constant of integration is zero in this equation. 
Thus if the rate of solution of the cementite is rate 
controlling, x, the depth of decarburization, is a linear 
function of time, and the weight loss per unit length is 
If solution is the controlling 


a quadratic function. 
factor the rate of decarburization will depend on the 
microstructure since the parameter A will increase as 
the cementite—austenite eutectic is refined. 
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(b) Decarburization when the rate of diffusion of carbon 
in austenite is the slowest step 

In this case the flux of carbon atoms is given by 
Fick’s law 


Flux = —2n(R, — x)D (6) 


where D is the diffusion coefficient assumed indepen- 
dent of composition. The steady state solution of 


Fick’s law for cylindrical symmetry is 


dc Co — C3 I 


— (7 
OR R,—x' R. 
log 
Combining equations (1), (6) and (7) gives 
Co — Ce 
— 
R, ( R, r) 
log 
dx 
27( R, r)[c, —43(Cy + Cz) (8) 
dt 
and rearranging 
R 
D dt log ( v) dx 
(Cy C3) | R, r 


R rx)? R »> 2 
2 ( ‘| 1 (10) 
R, 4 


The second term on the right hand side is the inte- 


gration constant. Equation (10) can be simplified by 


means of the expansion 


log (1 — y) = —y — 4y* — hy’. (11) 


Taking the first two terms of this series gives 


t= 
C3) | 
(R (2x R,? 
| > | (12) 
4 R, Rk, 4 

=. (13) 
4k? 


The second term in equation (13) is small compared to 
the first and thus 


(14) 


[ey 2(Cy 


Thus if decarburization is controlled by the rate of 
diffusion 2? is approximately a linear function of time. 


| (9) | 

VOL. Integration of equation (9) gives 

8 

C3 > 
= 
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For the initial stages of decarburization equation 
(14) can be combined with equation (1) 
dw 


(Ry p/t — P)ley — + (15) 
Thus 


w = 7 [2Ryy (Bt) — — + (16) 


Equation (16) should be obeyed initially, the diver- 


gence increasing with time. 
(ce) Decarburization controlled by the surface reaction 
In this case the rate of weight loss is constant 


w = const. t. (17) 


(d) Multiple control 


Since the rate of reaction for the cases of solution and 
diffusion control decreases with time it is possible for 
the controlling mechanism to change during the course 
of decarburization. The possibilities are (1) the surface 
reaction controls initially followed by solution and then 
diffusion or (2) the surface reaction is followed by 
diffusion. Which of these is applicable depends upon 
the actual values of the parameters in the equations. 
The sequence can vary from alloy to alloy, and maybe, 
from temperature to temperature. 


3. EXPERIMENTAL DETAILS 
The present experimental method consisted of 
studying the time dependence of the weight loss and 


. Microstructure of alloy 1. Etched in 4% picral. 
60 


depth of decarburization in two white irons of nearly 
identical composition but of different microstructure. 
The data were compared with equations (3), (5), (7), 
(10), (14), (16) and (17). The analysis of the weight loss 
results demands that the decarburization via the ends 
of the specimens is negligible. Since this was not 
achieved experimentally greater importance was 
placed upon measurement of the depth of decarburi- 
zation. 

The two white cast irons studied had the following 
composition : 


Cc Si Mn P 


Alloy 1 3.86 0.15 <0.02 0.016 0.027 
Alloy 2 3.73 0.15 <0.01 0.018 0.024 


Alloy | had a relatively coarse structure (Fig. 1), 
having been cast into a refractory mould, whilst alloy 2 
possessed a fine structure (Fig. 2). Both alloys were 
made by the British Cast Iron Research Association 
and had been melted in vacuum and cast in argon. 

Cylindrical specimens, | cm diameter and | cm long, 
were suspended by nichrome wires in a vertical tube 
furnace the temperature of which was controlled 
to +3°C. The decarburizing gas was led into the 
bottom of the furnace and out of the top. Specimens 
were inserted into the furnace, previously equi- 
librated at the required temperature, with the gas 


We 


/ 


2. Microstructure of alloy 2, Etched in 4°, picral. 
60 
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flowing. The time required for the specimen to attain 
the furnace temperature was approximately 1 min 
which is small compared to the time of decarburization. 
At the end of a run the specimen was raised into a 
cooler zone of the furnace, allowed to cool to about 
500°C and then quenched. This slow cool permitted 
the pro-eutectoid and eutectoid reactions to proceed 
normally and the resultant microstructure was a 
valuable guide to the composition gradient existing in 
the decarburized zone at the experimental temperature. 

Decarburization was effected in a mixture consisting 
of 20 per cent carbon dioxide and 80 per cent carbon 
monoxide (volume composition). The relevant equi- 


libria are 


Fe + CO, = FeO + CO (18) 
k= PcolPco, 
C(in y Fe) + CO, = 2CO 
k = pio,|Pco,%e- 


In writing equation (18) it is permissible to ignore 
the carbon in solution since the surface concentration 
is maintained at a low value throughout the experi- 
ment. The values of & for this reaction have been 
tabulated by Darken and Gurry®). Mixtures with less 
than 26 per cent CO, are reducing at all temperatures 
below 1090°C. Smith’s data for reaction (19) 
indicates that at 1000°C 20 per cent CO, is capable of 
reducing the surface to 0.05 wt. °{ carbon. Thus the 
mixture used was both decarburizing and reducing. 

The gases were mixed in a suitable gas holder and, 
before entering the furnace, they were dried by passing 
over calcium chloride, magnesium perchlorate and 
phosphorous pentoxide. The flow rate was 200 cm3/ 
min, equivalent to a linear velocity past the specimen 
of 8 cm/min which is considerably greater than the 
value of 1 em/min which, from Baukloh’s results,” is 
the minimum velocity that will ensure that the surface 
reaction does not limit the rate of decarburization. 

The progress of decarburization was followed by 
noting the loss in weight of specimens heated for 
successively longer times. After decarburization each 
specimen was sectioned transversely through its mid- 
point, care being taken to ensure that the section was 
normal to the cylindrical axis. The depth of decar- 
burization x, defined as the difference in the radii of 
the specimen and of the cylinder circumscribing the 
undissolved cementite, was measured microscopically 
after suitable polishing and etching. The results quoted 
are the average of not less than ten readings taken 
around the circumference. 


ASEOUS DECARBURIZATION 867 
4. RESULTS AND DISCUSSION OF RESULTS 


Decarburization at 1000 and 1050°C 

The weight loss curves for both alloys are shown in 
Fig. 3 (1050°C) and Fig. 4 (1000°C). The important 
features are: (1) the rate of weight loss decreases 
with time indicating that the surface reaction is not 
the rate limiting process over the major portion of the 
time. The accuracy of the data is not sufficient to 
establish the period for which the control must be 
exercised by the surface reaction (c.f. Section 2d) but 
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Fic. 3. Weight loss versus time for alloys 1 and 2 at 


1050°C, 
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(2) The loss of carbon is greater 
This 
observation is contrary to the results of Moore); it 


it must be very short. 
in the alloy having the coarse structure (alloy 1). 


implies that the rate of solution of cementite is not the 
(3) The differ- 
ence between the weight losses of the two alloys is 
at 1000 than 1050°C, 

The microstructure of the decé 


‘ate limiting process (c.f. Section 2a). 


greater 
rburized zone in a 


typical specimen is shown in Fig. 5. It is to be noted 


that there is a sharply defined boundary between the 
The 


decarburized zone and the residual cementite. 


Microstructure of a typical decarburized zone. 
Alloy 1 at 1000°C, 80 


Fic. 5. 


only exceptions were specimens heated for more than 
15 hr at 1050°C in which extensive decarburization and 
graphitization had combined to produce an ill-defined 
boundary. Thus the assumption made in Section 2 is 
justified. The surface of the specimens was ferritic 
which demonstrates that the surface reaction did not 
limit the rate of decarburization, in accordance with 
the form of the weight loss curves. 

The depth of decarburization x is plotted against 
time in Fig. 6. Decarburization is more extensive in 
alloy | than alloy 
The 


view of equation (3) it can be concluded that, in these 


2. confirming the weight loss results. 
rate of increase of x decreases with time. Thus in 
alloys, decarburization is not governed by the rate of 
solution of cementite. 


as a function of time. The graphs 


Figure 7 shows 2? 


ACTA METALLURGICA, VOL. 


1960 


8, 


1050°C 
0.2 1000" 

€ 00 
f 

3 

2 wae 

al 

C=Coorse 

£ f = Fine 

2 

= 

ie) 10 20 30 40 


Time, hr 


Fic. 6. Depth of decarburization, x, as a function of 


time. 


are approximately linear in all four cases, in conform- 
ity with equation (14) based upon diffusion controlled 
decarburization. Extrapolation of the graphs does 
not pass through the origin but intercepts the time axis 
at some positive value. This implies the existence of a 
delay period prior to the onset of decarburization, 
being greater for alloy 2 than alloy 1. The production 
of a white iron requires a fast solidification rate 
resulting in there being less austenite and of a lower 
carbon content than indicated by the iron-cementite- 
silicon constitutional diagram. The delay periods are 
probably associated with the time required to restore 
internal equilibrium. This phenomenon will be more 
pronounced in the more rapidly cooled alloy 2, and 
this, in fact, has the longer delay period (Fig. 8.).. The 
differences in the decarburization of the two alloys 
is much less at 1050 than at L000°C. This can be 
explained on the basis of a more rapid restoration of 
equilibrium at the higher temperature. 

Thus the results suggest that decarburization of 
these alloys at 1000 and 1050°C is diffusion controlled. 
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0.06 
Alloy 
J Alloy z 
A 

Time, nr 
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At 1000°C 
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Fic. 8. Graphs of x? versus time at 1000°C. 


5. ANALYSIS OF RESULTS 

It was shown in the previous section that the results 
at 1050 and 1000°C are qualitatively in agreement with 
the theory that the diffusion of carbon is the slowest 
step in the decarburization reaction. Complete proof 
demands that the experimental results be in agree- 
ment with those predicted by the analysis in Section 
2(b). 

Equation (14) gives the slope of the x? versus ¢ 
graph as 6 where 


p=2D 
[ey + €3)] 


The value of the diffusion coefficient for carbon in 
austenite was determined by Wells et al.™. D varies 
appreciably over the range of carbon contents existing 
in the decarburized rim, and thus it is necessary to 
select some mean value. It can be shown from the 
solution of Fick’s law that during diffusion out of a 
cylinder the concentration decreases logarithmically 
as the radius increases. Thus the value of D selected 
must be weighted in favour of lower carbon concentra- 
tions. The value of D at 0.2 per cent carbon has been 
arbitrarily selected for the calculations. 

The value of c, was obtained from the cementite 
thermodynamically — by 
Darken and Gurry); ¢, was evaluated by interpo- 


solubility line calculated 


lation of Smith’s data.“ The density values used to 
convert the concentrations into units of weight per 


TABLE |. Values of quantities used 


c 
Temperature 


(wt.%) (g/cm) (wt. %) (g/cm) 


1050 3.86 


0.2786 1.70 0.1269 


1000 3.86 


0.2886 1.53 


0.1142 


4—(20 pp.) 


(wt.%) 
0.038 


0.060 
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unit volume were obtained from the densities and 
thermal expansion data given in Ref. (9). The ac- 
curacy of these calculated densities is difficult to assess 
but it is of little importance because the value of / is 
insensitive to the actual values used. In fact, using 
the concentrations in weight per cent (implying that 
the density is independent of carbon content) has no 
appreciable effect on /. 

The results of the calculations are given in Table | 
for alloy 1 at 1000 and 1050°C. 
considered because the departure from equilibrium is 
Satisfactory 


Alloy 2 was not 


more severe, as discussed previously. 
agreement is obtained between the calculated and 
experimental values of /. 

In making the estimate of £ the effect of the small 
silicon content was ignored. Since silicon increases the 
activity of carbon in austenite c,, c, and c, will be 
reduced. Since this affects both the numerator and the 
denominator of the expression in a similar manner the 
net effect is very small, and it is considered justifiable 
to ignore it. 

Equation (10) in Section 2 gives x as a function of ¢ 
throughout the process, and it is of interest to compare 
the calculated and the experimental curves. Equation 
(10) is plotted in Fig. 9 for alloy 1 at L000 and 1050°C, 
In order to compare the experimental results with 


Width of rim, 


Fic. 9. Comparison between the calculated and 
measured values of depth of decarburization for alloy 
1 at 1000 and 1050°C. Full curves were calculated from 
equation (10); the points are experimental 
measurements, 


in the calculation of # for alloy | 


Cy D p (em?/sec) 
(em?/sec) 
(g/em$) Caleulated 


Experimental 
0.0028 5 > . 5.52 » ‘| 8.33 x 10 


0.0045 


003 
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Ule 
1960 | 
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| 
| 
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2.87 x 10-7 | 2.60 x 10-7 2.50 10-7 
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these curves it is necessary to make allowance for the 
“delay period” because this is not allowed for in 
equation (10). This can be done by taking zero time as 
the end of the delay period. Experimental points thus 
modified are seen to fit reasonably well to the calcu- 
lated curves. 

The final point of correlation between theory and 
experiment is between the weight loss and equations 
(16) and (17). 
carbon extracted from the end of the specimens. In 


A difficulty is to make allowance for the 


one series of tests (alloy 1 at 1000°C) end losses were 
reduced (but by no means eliminated) by mechanical 
Thus, this is the only one for which even 


Table 2 


clamps. 
approximate agreement is to be expected. 


TABLE 2. Values of weight loss in alloy | at 1000°C 
Time Weight loss (g) 
(hr) 
Calculated Measured 
] 0.0227 0.012 
2 0.0307 0.030 
4 0.0430 0.050 
5 0.0485 0.060 
12 0.0650 0.098 


gives measured and calculated values; up to 5 hr the 
agreement is fair but becomes progressively worse at 
longer times. The disparity at long times is due to (a) 
equation (16) being less accurate at longer times and 
(b) the influence of the end losses. 


6. GENERAL DISCUSSION 
The agreement between the experimental results and 
those calculated on the basis of diffusion controlled 
decarburization leads to the conclusion that the process 
is governed by the rate of diffusion of carbon in 
austenite. The qualitative observations are also 


consistent with this conclusion. Thus the present 


allovs must differ from the commercial alloys studied 
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by Moore®), It would appear that slight changes in 
composition or microstructure or some other more 
subtle factor can cause an alteration of the controlling 
process due, presumably, to its effects on the rates of 
diffusion or solution of carbide. It is of interest to note 
that recent work on the analogous process of graphi- 
tization shows that different controls are also possible 
for that reaction in alloys which differ little in composi- 
tion.°) 


data indicate that solution of cementite is the slowest 


However, for graphitization the available 


step in high purity alloys and diffusion the slowest 
step in commercial alloys,7° the reverse of the 
situation during decarburization. At the moment there 
is no obvious explanation of these effects and it is clear 
that much more work is required before the reactions 
will be fully understood. 
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ON THE DETERMINATION OF DIFFUSION COEFFICIENTS IN CHEMICAL DIFFUSION* 


R. W. BALLUFFI+ 


The equations describing chemical diffusion in the general case where the partial molal volumes of the 
diffusing components may differ and may vary with composition are reviewed and discussed. Exact and 
easily applied relations for obtaining chemical and intrinsic diffusivities are derived. The results should 
replace the standard Darken equations and Boltzmann—Matano analysis whenever there is any 
possibility that differences and variations of the partial molal volumes are of significance. 


SUR LA DETERMINATION DES COEFFICIENTS DE DIFFUSION DANS LA DIFFUSION 
CHIMIQUE 
L’auteur examine et discute les équations relatives au coefficient de diffusion chimique dans le cas 
général oti les volumes partiels molaires des constituants peuvent différer ou varier suivant la composition, 
Il déduit des relations exactes et facilement applicables qui donnent le coefficient de diffusion chimique 
et le coefficient de diffusion intrinséque. Ces relations pourraient les équations de Darken et de Boltzmann 
Matano chaque fois qu'il y a possibilité de différences et de variations du volume partiel molaire. 


UBER DIE BESTIMMUNG VON DIFFUSIONSKOEFFIZIENTEN BEI CHEMISCHER 
DIFFUSION 

Die Gleichungen, die die chemische Diffusion im allgemeinen Fall beschreiben. wo die partiellen 
molaren Volumina der diffundierenden Komponenten verschieden und von der Zusammensetzung 
abhangig sein kénnen, werden zusammengestellt und diskutiert. Zur Bestimmung chemischer und 
innerer Diffusionskonstanten werden exakte und leicht anwendbare Beziehungen hergeleitet. Wenn die 
Méglichkeit besteht, daB Unterschiede und mangelnde Konstanz der partiellen molaren Volumina von 
Bedeutung sein kénnen, sollten die Ergebnisse an die Stelle der Gleichungen von Darken und det 


Durchrechung nach Boltzmann-Matano treten. 


1. INTRODUCTION 

Most analyses of chemical diffusion have ignored 
possible effects due to differences in the partial molal 
volumes of the diffusing components and variations 
of these partial molal volumes with composition. For 
example, the standard Darken” equations assume 
that the partial molal volumes of the diffusing com- 
ponents are constant and equal. In the general case, 


this condition does not hold and the analysis of 


diffusion then becomes more complicated. An 
excellent discussion of this problem has been given by 
Crank”. These complicating effects generally have 
been ignored by workers in the field since they are 
usually small (at least in metallic systems). However, 
with the development of more accurate techniques for 
measuring diffusion coefficients, these effects should 
be of significance in a number of systems. The purpose 
of the present paper is to present a set of exact and 


easily applied relations for obtaining chemical diffusivi- 
ties from experimental data. It turns out that the 
labor involved in the application of the general 


equations is not much greater than in the case where 
constant and equal partial molal volumes are assumed. 
It is strongly recommended that the general relations 
be used whenever there is any possibility that effects 
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due to differences and variations of the partial molal 


volumes are significant. 


2. GENERAL EQUATIONS 
We shall limit our discussion to unidimensional 
diffusion in a binary sandwich-type couple of con- 
stant cross section. Measurements on actual diffusion 
couples have shown that the cross section of such a 
diffusion couple remains essentially constant when 
the couple is sufticiently massive in the x directions. 


The initial condition is 


(1) 

The x = 0 plane is fixed with respect to the non- 
diffused end of the couple at x 1 for allt. Also. 
OC, = Oat x 20. 

The fluxes across any section fixed with respect to 
the origin are 

0c 
) 
‘ Ox 


where 7 1 or 2. The D, are the intrinsic diffusivities 


i 


I 


of Darken™ and Hartley and Crank) and measure 
the fluxes relative to the crystal which is mechanically 
flowing with a velocity, v, relative to x=0. As 
Bardeen and Herring’ point out, equation (2) holds 
for a vacancy diffusion model as long as vacancy 
supersaturation effects are negligible. This condition 
should be met in most diffusion couples at diffusion 
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times of interest.) The C, are measured in moles per 
unit volume and obey the standard equations 


dv, Cs dv, =0 (3) 
V,dC, = 0 | 
where the PT, are partial molal volumes. Following 


Prager and Crank) the accumulation equations are 


oc, ec, D (a¥,\(ac,\* 
(4) 


where D is the chemical diffusion coefficient which is 
given by 
D=D, + D,V,C. 
The velocity of flow is 


We note that the macroscopic diffusion is described in 


terms of a single chemical diffusion coefficient. 
However, the usual simple forms of Fick’s laws do 
not pertain. The integral term in equation (6) 
is a small velocity term arising from variations of the 
partial molal volumes with composition. Such varia- 


tions will generally cause the couple, as a whole, to 


swell or shrink. 


3. THE DETERMINATION OF THE CHEMICAL 
AND INTRINSIC DIFFUSIVITIES 

The determination of the chemical diffusivity, D, is 
somewhat complicated by the fact that it appears 
behind the integral in equation (4). Crank’) reviews 
two approximate methods for its determination. In 
the following we solve for D exactly. The solution is 
expedited by introduction of the functions 


Ox 
0, = D, — (7) 
Then 
9 ac, 
Ji ‘a (8) 
oc. oC. 
at (9) 
and 
D = C,V,,0, + (10) 


For the present boundary conditions, the 9, may be 
determined by the usual Boltzmann—Matano method 
is introduced and the 


where the variable 2 = at 
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solution C, = C,(A) is assumed. We first note that 
the #, are functions of 4 of the form 


d) D Ps) (=) di. (11) 


6.= D — 
‘dC, \ da di 


Since the 9, are functions of 4, they are also functions 
of the composition since 2 = 2(C). the 6 
are not functions of composition in the general sense 
since the relation 2 = A(C,) depends upon the par- 
ticular boundary conditions of the diffusion couple 
The Matano integration of 


However, 


under 
equation (9) yields 


investigation. 


Ox mene 
2t ac, JC ‘ 


Using equations (12), (10) and (3) we solve for D in the 
convenient form 


D= — 0,(¥, — 3 


+ | 


(12) 


C\(2) 
(>, 


Equation (13) may be solved graphically by the usual 
means. The second integral will generally be quite 
small compared to the first and is readily evaluated by 
scaling down the «x coordinate of the penetration curve 
by the factor (7, — V,)/VP,. It is stressed that the origin 
is located at the x = 0 plane under all circumstances. 
The plane defined by 


acy) . (13) 


+o) 
x dc, 
J x) 
will not generally coincide with the « = 0 plane. 


Inspection of equations (7) and (12) shows that coinci- 
dence is only obtained in the special case when the 
couple as a whole does not expand or shrink. This result 
may also be demonstrated by integrating under the 
diffusion curve to find the amount of either component 
which has crossed the « = 0 plane during the diffusion. 

When marker movement data are available, the 


intrinsic diffusivities may be obtained from the 
relations 
1/ Ox 
D, =~ ( )| [ (4 
1 ac, m~1 1 ) 
1/ Ox ,@) 
D, = — (. ) +f 


The slopes and integrals in equations (14) and (15) 
are the same as in equation (13); and, therefore, the 


VO] 
8 
19¢ 


BALLUFFI: 


DIFFUSION 


D, are readily determined if the marker velocity, v,,, is 
known. 

We conclude by showing that an inert marker 
initially placed at 2 = 0 will move parabolically with 
time. For this marker then, the term 2¢v,, in equations 
(14) and (15) is simply represented by the marker 
displacement: i.e. 
2tv,, = Ly 


(16) 


The instantaneous velocity of any marker is given by 
equation (6). Making the A substitution we have 


| PD, — D,) 
D dV, dc, | 
(17 
d} ) t! (17) 


This equation is satisfied by a particular marker 
traveling at constant composition at a constant value 
of A, say /,,, whose motion is given by 


m?* 


a, = AS. (18) 


In this case v,, = dx,,/dt = 7,,/2t* where 


A, =2 — Dy)Cy'(Am) 


D (273) (10: 


+ | — = constant. 
— dp , 


4. CONCLUDING REMARKS 

The previous equations may be readily applied 
when VP, and , are known as functions of composition. 
In such a case, the labor in determining diffusion 
coefficients is not markedly greater than when the 
standard Darken equations” are employed as an 
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approximation. In many cases, an excellent first order 
approximation is obtained when it is assumed that P, 
and PV, are each constant. The equations then become 
quite simple. The integral term in equation (4) and (6) 
vanishes, 6; = D,, Fick’s 
laws pertain. When the detailed behavior of 7, and 


and the usual forms of 


7, is unknown, it is suggested that the investigator 
measure the density of the two terminal alloys em- 
ployed in the couple and use the approximation of 
constant and P,. 

Another method of coping with volume changes 
during diffusion is to employ a non-laboratory coor- 
dinate system where equal increments of the co- 
ordinate in the direction of diffusion contain equal 
numbers of atoms.":*,! In this type of space, the 
simple form of Fick’s laws always pertain. However, 
in order to determine D by this method, 7, and PV, 


must be known; a Boltzmann—Matano type inte- 


gration must be carried out; and further manipu- 
lations are required. The advantages of this method, 
therefore, appear open to question. 
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ELECTRON-MICROSCOPIC STUDY OF RECRYSTALLIZATION TWINS IN COPPER* 


E. VOTAVA and H. HATWELL*+ 


By the use of transmission electron microscopy of thin copper foils, direct evidence has been found of 


twinning dislocations and of their association with recrystallization twins. Although several properties 


of recrystallization twins can be explained on the basis of these dislocations, the origin of the twins is 


ETUDE PAR MICROSCOPIE 


DANS 


still a matter of speculation, 


ELECTRONIQUE 
LE CUIVRE 


DES MACLES DE RECRISTALLISATION 


Par observation directe au microscope électronique, de feuilles minces de cuivre, les auteurs mettent 


en évidence les dislocations de macles et montrent leur association avec les macles de recristallisation. 


Bien que la plupart des propriétés de ces derniéres puissent étre expliquées sur la base des dislocations 


ELEKTRONENMIKROSKOPISCHE 
ZWILLINGEN 


observées, lorigine des macles n'est pas encore bien déterminée. 


UNTERSUCHUNG 
IN KUPFER 


VON REKRISTALLISATIONS- 


Diinne Kupferfolien wurden im Elektronenmikroskop durchstrahlt. Dabei wurden direkte Beweise fiir 


die Existenz von Zwillingsversetzungen und ihren Zusammenhang mit 


gefunden. 


Obwohl sich verschiedene Eigenschaften der Rekristallisationszwillinge mit 
Versetzungen erklaren lassen, ist doch der Ursprung der Zwillinge noch nicht ganz aufgeklart. 


Rekristallisationszwillingen 


Hilfe dieser 


In preceding papers":*) it has been shown that 


non-coherent recrystallization-twin boundaries are 
the emergence points of a certain kind of imperfect 
dislocation, called a twinning dislocation. This has 
been shown by the formation of evaporation spirals 
at these points by the reversed spiral-growth mecha- 
nism of Frank. 

have been 


of this work. efforts 


made to get direct evidence of these dislocations, by 


In continuation 


the use of transmission electron microscopy, in order 
to arrive at a better understanding of recrystallization 
twins. 
EXPERIMENTAL TECHNIQUE 

By 70-80 per cent cold-rolling, copper foils of about 
0.025 mm thickness were produced and then electro- 
lytically thinned until they were suitable for trans- 
mission electron microscopic work. Zone-refined 
copper with a purity of 99.995 per cent was used in 
most cases, but occasionally also 99.999 per cent 
copper from the American Smelting and Refining 
Company. Some of the copper foils were recrystallized 
in high-vacuo after cold-rolling and then thinned: 
the rest were thinned in the deformed state and after 
mounting on the grids were heated in high-vacuo in a 
metal boat, directly heated by current, between 
This 


method permits the production of small recrystal- 


600-LOO00°C for some seconds (flash heating). 


lization nuclei in the thin foils in a controlled way. 
For both sets care was taken that only primary 
recrystallization take place, because only then can 
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one obtain sufficiently small recrystallization twins. 

The electrolytic thinning was usually carried out 
with the Jacquet electrolyte® but occasionally the 
Knuth—Winterfeld electrolyte D2 with 
It was observed that the copper foils were 


was used 
success. 
attacked more strongly on the electrolyte—air interface 
than in the electrolyte itself, so that the foils became 
detached; the foils were therefore gradually pulled 
up during polishing. Only the last, pointed part of 
the foils was allowed to detach itself by continued 
polishing, and the fragments were attached to copper 
grids without adhesives. 


EXPERIMENTAL RESULTS 


In general a twin boundary shows up in the electron 
microscope as a set of fringes parallel to the direction 
of the boundary. These fringes have been explained 
in terms of the dynamic theory of electron diffrac- 
tion.“ As mentioned by Hirsch et al.) these fringes 
are not related to the structure of the twin boundaries 
because the spacing of the fringes changes on tilting 
the sample. However, at certain angles of the twin 
boundary with respect to the electron beam one can 
reach a stage where, superposed on these fringes, one 
can see the twinning dislocations, as is clearly shown 
in Fig. l(a). In this micrograph a part of a recrystal- 
lization nucleus is seen to be surrounded by a strongly 
the 
recrystallization twins are evident and the non- 


deformed matrix. Inside nucleus a series of 
coherent boundaries of these twins are clearly visible 
as short black lines, representing the imperfect 
dislocations. That one is really dealing in this case 


with recrystallization twins becomes evident from 
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Fig. 1(b), which shows the same part of the sample at 
another tilting angle. The twin relation is demon- 
strated here by the difference in diffraction. 

An additional noteworthy detail in Fig. l(a) is the 
arrangement of the twinning dislocations in the two 
crossed twins in the left upper part of the micrograph. 
In this case the disoleations are bent from one twin 
plane to the other and thus build up corresponding 
non-coherent boundaries on the two different twin 
interfaces. 

In general the dislocation structure is more complex 
than in this simple case where the twins have just 
formed. This can be seen on Fig. 2. At the place 
marked with an arrow a twinning dislocation is found 
partly surrounding the area of misfit. Other twinning 


dislocations on the interface are arranged at angles of 
60° to one another. This angular relation is still 
more evident in Fig. 3, which shows a twin boundary 
in a completely recrystallized foil. 

Up to now only cases have been discussed where 
the upper and lower part of the twinned crystal 
terminates on the surface. The most general case 
would be a twin completely embedded in the un- 
twinned matrix, as seen in Fig. 4. In the left and 


right parts of this micrograph two twins have formed 


and these twins are separated from the untwinned 
matrix by twinning dislocations which are partly 
surrounding them. However, the left twin shows 
also dislocation networks at places where the twin 
changes its direction. This twin is probably composed 
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VOTAVA HATWELL: 
of two crystals with different orientation and the 
network is produced by the interaction of the twinning 
of the 
cross-slip taking place in the vicinity of the different 


dislocations two twins. The pronounced 


twins is also noteworthy (see Fig. 4). 


CONCLUSION 

These experimental results clearly demonstrate 
the association of twinning dislocations with re- 
crystallization twins and also verify in a direct way 
our earlier observations.":?) Therefore the properties 
of recrystallization twins depend on the properties of 
the twinning dislocations. Thus, phenomena like the 
growth and disappearance of twins parallel to the 
(111)-twin plane, preferential etching of non-coherent 
coherent bound- 


boundaries in contrast to 


(6-8) or 


twin 


aries, preferential precipitation on such 


laces’! are now explicable. Some other problems 


such as the origin of recrystallization twins still 
remain a matter of speculation,” and it cannot be 
decided on the basis of these results whether the 
mechanical nucleation hypothesis is more or less valid 
than the growth fault hypothesis. 
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whereas after deformation it is 0.64 


INFLUENCE OF PLASTIC DEFORMATION ON THE 
ANNEALING OF QUENCHED GOLD* 


S. YOSHIDA? and J. S. KOEHLER} 


It is found that small amounts of plastic deformation greatly enhance the rate of annealing in gold 
quenched from 700°C, It is found that the activation energy of motion before deformation is 0.82 eV, 
0.03 eV. Using the theory of Cochardt et a/.‘®) it is shown that this 


change can be understood by supposing that near a dislocation lattice vacancies prefer to exist as 
divacancies, since as divacancies there is a larger attractive interaction. The possibility of trapping 


defects of low symmetry near dislocations is discussed. 


INFLUENCE DE LA DEFORMATION PLASTIQUE SUR LE RECUIT DE L’OR APRES TREMPE 
De faibles pourcentages de déformation plastique ralentissent fortement la vitessee de recuit de lor 
trempé a partir de 700°C. L’énergie d’activation qui, avant la déformation est de 0.82 eV, est devenue 


apres 0.64 


0.03 eV. En utilisant la théorie de Cochardt et al.,*) les auteurs montrent que cette 


modification peut s’interpréter en admettant qu’au voisinage d’une dislocation du réseau, les lacunes 
existent préférentiellement par paire: en effet, dans cette disposition il existe une interaction attractive 
plus élevée. Enfin, attraction des défauts de faible symétrie par les dislocations, est envisagée. 


EINFLUB PLASTISCHER VERFORMUNG AUF DIE ERHOLUNG VON ABGESCHRECKTEM 
GOLD 

Schon geringe plastische Verformungen beschleunigen die Erholung von Gold, das von 700°C abges- 
chreckt wurde, sehr. Vor der Verformung ist die Wanderungsenergie 0.82 eV, nach der Verformung 
0.64 + 0.03 eV. Mit Hilfe der Theorie von Cochardt u.a.'*) wird gezeigt, daB dieser Wandel auf Grund 
der Annahme verstanden werden kann, daB in der Nahe einer Versetzung die Leerstellen vorzugweise 
als Doppelleerstellen existieren; fiir Doppelleerstellen ist namlich die anziehende Wechselwirkung 
gréBer. Die Méglichkeit, daB Defekte mit niedriger Symmetrie in der Nahe von Versetzungen einge- 


fangen werden, wird diskutiert. 


1. INTRODUCTION 
Quenching experiments are among the simplest 
experiments in which non equilibrium defect concen- 


trations are observed during annealing. In spite of 


this, unexpected features are observed: for example, 
in gold the annealing behavior of specimens quenched 
from 800°C and above differs markedly from that 
seen in specimens quenched from 700°C." The 
present observations were also unexpected. However, 
we would like to suggest a possible way in which the 


observations can be understood. 


2. EXPERIMENTS AND RESULTS 
The experiments were designed to study the 
influence of plastic deformation on the annealing 
behavior of lattice vacancies. The 99.999°, pure 
polycrystalline gold specimens were therefore quenched 
from 700°C. The specimens were of 0.40 mm diameter 
108°C 


sec). All resistance measurements were made at 


and were quenched into water (cooling rate 3 


liquid nitrogen temperature. 

The annealing of an undeformed specimen was 
similar to that observed by Bauerle and Koehler™. 
In particular the quenched-in resistance decayed 
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exponentially with time. The time 7 required for 
the resistance to decay to one ith the original value 
was 150 hr on annealing at 40°C and 25 hr on annealing 
at 60°C. This gives an energy of motion of 0.82 
0.05 eV which is just Bauerle and Koehler’s value. 

In the deformation experiments after quenching 
the specimen wire was chucked at two positions each 
about | cm outside one of the potential leads and the 
specimen was pulled in tension at room temperature. 
Extensions ranged from 0.1 to 0.5 per cent. In a 
separate test experiment a well annealed specimen 
was deformed. An increase in the liquid nitrogen 
resistance was observed of an amount consistent with 
the change in specimen geometry. No annealing of 
this specimen was observed on holding at 40°C. 

During the annealing after deformation the initial 
rate of decay was often found to be rapid, but after 
the initial transient the decay was exponential. The 
decay time 7 was 30-35 hr on annealing at 40°C and 
7-8.5 hr on annealing at 60°C. The activation energy 
for the motion of this defect was determined from 
the ratio of the decay rates at 40°C and 60°C. One 
finds = 0.64 
in Figs. 1 and 2. 


0.03 eV. Typical data are shown 
In plotting this data the resistance 
increase produced by deformation was subtracted 
from the values observed after deformation and 
during subsequent annealing. 
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Fic. 1. Influence of deformation on the activation 

energy for motion of the defect. Specimen quenched 

from 700°C, annealed first at 40°C, extended 0.1 per 
cent, annealed at 40°C, then at 60°C. 


3. SUGGESTED INTERPRETATION 

The fact that the observed activation energy is less 
than that observed before deformation suggests that 
for some reason more divancies and perhaps more 
higher vacancy clusters exist in the deformed speci- 
mens than in the annealed specimens. 

It is of interest to inquire why a deformed specimen 
should have a higher divacancy—vacancy ratio than 
an annealed specimen. This can be understood as 
follows: Divacancies have on the average a larger 
attractive interaction with dislocations than vacancies 
for two reasons: First, the relaxation around a 
divacancy is probably larger than that around a 
single vacancy. This results from the fact that the 
twelve atoms around a lattice vacancy support one 
another somewhat so that only limited inward 
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Fic. 2. Specimen quenched from 700°C, annealed first 
at 60°C, extended 0.1 per cent, annealed at 60°C, then 
at 40°C, 
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relaxation occurs. In the case of the divacancy the 
four atoms which neighbor both vacancies have added 
freedom. This results in more relaxation of the entire 
structure. Secondly, the divacancy has axial rather 
than cubic symmetry. Now Cochardt ef al. in an 
excellent paper have shown that a defect having axial 
symmetry will have an elastic interaction with both 
edge and screw dislocations whereas a defect of cubic 
symmetry will only interact with edge dislocations. 
Their detailed calculation refers to interstitial carbon 
in body-centered cubic iron but one can use exactly 
the same methods to establish the above result for a 
divacancy in a _ face-centered cubic metal. The 
detailed calculation yields the following form for the 
intersection energy: 


A 
e(r0) = — 


where r is the distance to the dislocation and f(4) is 
the other cylindrical coordinate which gives the 


Fic. 3. The atomic relaxations near a divacancy in a 
face-centered cubic metal. 


position of the defect relative to the dislocation. One 
finds that: 


| f(O)d0 = 0. 

eV 
In addition, the positions around the dislocation at 
which (9) has its maxima and minima differ for 
various orientations of the divacancy. 

To make the discussion quantitative, it is first 
necessary to estimate the relaxations which occur in 
various directions near the divacancy. Two points 
stand out. First, the contraction of the four atoms 
which are nearest neighbors of both vacancies is very 
large. Secondly, the amount of relaxation is very 
anisotropic. Fig. 3 shows the atomic displacements 
in the vicinity of the divacancy. Note that even if 
the atoms were rigid spheres one would find that 
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Fic. 4. Coordinates of a divacancy near a screw dis- 
location in a face-centered cubic metal. (The divacancy 
is on the y’ axis.) 

where a is the lattice parameter. Actually, one 
expects a slightly larger value. The contractions in 
the other directions should be small and they will be 
taken to be both equal to e,a. 

Consider the interactions of various divacancies 
with a screw dislocation along the [110] direction 
(see Fig. 4). 


different kinds of divacancies with this dislocation 


The interaction energies of the six 


are: 
A(e, — &5) cos 6 
uS101] = = — 
U*\110] = U*{110] = 0 


A(e, — &) cos 


U*(011] = = 


where @ is the angle the radius vector 7 makes with 
the [001] direction. One finds that: 


Ghat 


(4) 


where G is the modulus of rigidity, b is the magnitude 
of the Burgers vector and a is the lattice parameter. 
The [ijk] above refer to the direction of the divacancy 
axis. The material has been assumed to be elastically 
isotropic in this calculation, an assumption which is 
certainly not very good for gold. Since the relaxation 
around a divacancy is not very well known for gold, 
it is rather difficult to estimate the strength of the 
interaction. However, we will use ¢, = 0.170 and 
€, = 0.020. For a full screw dislocation one finds 
A = 0.862 ergem (where we have taken 
G = 2.78 x 10"dyn/cm?). If a divacaney is three 
interatomic distances away from the center of the 
dislocation, the resulting attractive interaction using 
the above figures is 0.094 eV which is measureable. 
If we consider an edge dislocation along a [112] 
direction which has its Burgers vector along [110], 
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Fic. 5. Interaction energy of a divacancy with a screw 


dislocation as a function of the angle @. 


one finds that 
Dsin d 


6r 


U*(101] = U*{101] = - 


- (7 + + 2(e, 
2 D cos cos 24 
. (é 
3r 
D sind 
6r 
[(5 + 2v)e, + (7 + 1Or)eg + 2(€, — cos? — 
2 D cos ¢ cos 26 
3r 
Dsind 


[(1 + 4y)e, + (5 + 2v)eg — 2(e, — cos* (7) 


cos® + 


[(5 + 2r)e, 


(5) 


U*(011) = U*{011) = — 


1— 


U*|110] = U*{110) = - 


where ¢ is the angle that the radius vector makes 
with the Burgers vector. For an isotropic elastic solid 
one finds: 
Ghat 
D = (8) 
— v) 

The largest attractive interaction (using Poissons’s 
ratio, i.e. vy to be 0.42) occurs in equation (5) when 
¢=~ 70°. The value is 0.246eV when r is three 
interatomic distances. Hence, the binding energy to 
edge dislocations is more than twice that to screw 
dislocations. Moreover, the binding energy is large 
enough so that it will probably play a role in the 
annealing phenomena. 


4. DISCUSSION 
It should be noted that the interaction imposes 
certain restrictions on divacancy diffusion since 
changes from one type of divacancy to another may 
be associated with increases in the energy of the 
specimen. In Figs. 5 and 6 the interaction energy has 
been plotted against and ¢ respectively for given r. 
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Fic. 6. Interaction energy of a divacancy with an edge 
dislocation as a function of the angle 4. 


Note that a [101] divacancy, which is in the [001] 
direction from a screw dislocation running along [110], 
is associated with lowest energy for the given r. 


Since this divacancy must move by having one of 


its vacancies jump to an atomic site which is a nearest 
neighbor to both vacancies of the divacancy it can 
change to an [O11], [O11], [110] or [110] divacaney. 
Note that any of these jumps will be discriminated 
against because they all involve an increase in the 
interaction energy of the system. 

In the case of edge dislocations, a [101] type di- 
racancy having ¢ in the region between 80° and 45° 
has lowest energy. It can, however, jump changing 
into a [110] or a [110] type without too large an 
increase in energy. Even when r is only three inter- 
atomic distances the increase is only 0.053 eV. 

This restriction is much more serious in the case 
of carbon in iron where more than half of the angular 
positions around a screw dislocation give rise to 
trapped carbon atoms which cannot move without 
very materially raising their interaction energy (see 
Cochardt ef al.’)). Such interactions should be 
capable of very severely anchoring the dislocations 
in iron because a very large number of carbon atoms 
can take part. In fact, carbon atoms out to a distance 
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that the 
orientations is an appreciable fraction of Ey, (the 


such difference in energy between two 
activation energy required to move a carbon atom) 
are all involved in anchoring the dislocation. It should 
also be pointed out that carbon can also be trapped 
near an edge dislocation in iron (see Fig. 4 of Cochardt 
et al. where an [010] carbon atom is trapped if y is 
in the vicinity of 0°). 

In any specimen there will be a region sufficiently 
near the dislocations so that L’(r,d) is large compared 
with the thermal fluctuations. In this region the 
energy of the system dislocation plus two vacancies 
will be lowered by B* B — U(r.d) where B is the 
divacancy binding energy in a stress free region. 
Hence, if the divacancy is attracted to the dislocation, 
i.e. if U(r.) is negative the effective binding energy 
B* is increased. Note also that the divacancies which 
are attracted toward the dislocation will be especially 
effective for annealing since the force field sweeps 
them in. 

Let us now return to the experiments. In a well 
annealed specimen the fraction of the vacancies which 
are close enough to a dislocation to have B* differ 
from B by more than kT is so small that the annealing 
is controlled by the energy of motion of a single 
vacancy. In the deformed specimens the average 
vacancy is closer to a dislocation and hence the 
interaction energy becomes more important. 

It should of course be mentioned that in the 
deformed specimen the divacancy diffusion should be 
treated taking into account the influence of the 
interaction. 

Detailed calculations aimed at giving the strength 


of the interaction are in progress. The influence of 


partial dislocations and the diffusion of divacancies 
in the force field of the dislocations should be investi- 


gated. 
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DILUTE SOLUTIONS IN ALLOYS* 
Cc. B. ALCOCK and F. D. RICHARDSON?+ 


By a quasi-chemical approach an equation has been derived for the activity coefficient of a dilute 
solute in a mixture of two metals. This is simply related to the activity coefficients of the solute in each 
metal separately, and the separate activity coefficients of the metals in the mixture. The equation is an 
advance on that derived earlier for a random solution and in cases where the energies of interaction of 
the solute with the two metals differ widely, e.g. Fe + Al + O, it removes a significant source of error. 

Application of the equation to data on sulphur and oxygen in various liquid alloys leads to the 
conclusion that the pairwise interaction energies of a solute atom with each of the surrounding metal 
atoms, may vary considerably with alloy composition. In the cases considered variations up to 50 per 


cent are necessary to account for the changes which occur in the activity coefficient of the solute when 


the atom fractions of the two components of the alloy vary from zero to unity. 


LES SOLUTIONS DILUEES DES ALLIAGES 


Par une méthode de calcul quasi-chimique, les auteurs établissent une équation donnant le coefficient 


dactivité d'un élément dissous & trés faible teneur dans un mélange de deux métaux. Cette équation 
fait simplement intervenir les coefficients d’activité du soluté dans chacun des métaux et les coefficients 
d’activité de ces métaux dans le mélange. Elle présente un progrés sur celle établie précédemment pour 
une solution quelconque. Dans les cas oti les énergies d’interaction du soluté avec les deux métaux 
differént fortement, par exemple Fe + Al + O, elle élimine une source importante d’erreurs. L’emploi 
de cette relation aux données concernant le soufre et loxygéne dans différents alliages liquides conduit a 
la conclusion que les énergies d’interaction de l’atome dissous avec chacun des atomes métalliques 


environnant peut varier considérablement avec la composition de lalliage. Dans les cas étudiés, des 


variations jusque 50°, sont nécessaires pour tenir compte des modifications du coefficient d’activité du 


soluté lorsque les fractions atomiques des deux compositions de lalliage varient de 0 a lunité. 


VERDUNNTE LOSUNGEN IN LEGIERUNGEN 

Eine quasichemische Naherung fiihrt zu einer Gleichung fiir den Aktivitatskoeffizienten eines in 
einer Mischung zweier Metalle verdiinnt gelésten Stoffes. Dieser wird einfach mit den Aktivitatskoeffi- 
zienten des gelésten Stoffes in jedem einzelnen Metall und mit den einzelnen Aktivitatskoeffizienten der 
Metalle in der Mischung verkniipft. Die Gleichung ist ein Fortschritt gegeniiber der friiher fiir eine 
statistische Lésung abgeleiteten Gleichung und sie beseitigt bedeutende Fehlerquellen in Fallen, bei 
denen die Wechselwirkungsenergien des gelésten Stoffes mit den beiden Metallen sehr verschieden sind, 
zum Beispiel Fe + Al O. 

Die Anwendung der Gleichung auf Daten von Schwefel und Sauerstoff in verschiedenen fliissigen 
Legierungen fiihrt zur Folgerung, daB die paarweisen Wechselwirkungsenergien eines gelésten Atoms 
mit jedam der umgebenden Metallatome sich betrachtlich mit der Legierungszusammensetzung andern 
kann. In den betrachteten Fallen sind Variationen bis zu 50°, notwendig, um die Anderungen zu 
erklaren, die bei den Aktivitatskoeffizienten des gelésten Stoffes auftreten, wenn die Molenbriiche der 
beiden Legierungskomponenten zwisch null und eins variieren. 


In a recent paper” an equation was derived for the It was shown that with these equations, it was 


activity coefficient of a dilute solute, S, in an alloy of — possible to predict with useful accuracy, the behaviour 


two metals, X and Y. This equation, which is given of dilute solutes in ternary solutions from data for 
below, was based on the assumption that the distri- the three binary systems concerned. The first 


bution of atoms in the solution is random, that the equation was reasonably accurate in cases where the 


co-ordination number of all three types of atoms is differences between In x(x. and 


equal and that the energy of interaction between yy ,y.)-)] were less than unity. The second gave 


atom pairs is independent of concentration. values of the interaction parameter e¢, (defined by the 


first term in equation (2)) which were correct in sign, 


In Ny lInygx) + Ny ny gy) 


but between two and three times smaller than the 


— Ny Inyyyy.yy) — Ny Inyyyy.y)y- (1) measured values. It was suggested that these differ- 


ences might be partly or entirely caused by clustering 
about the solute atoms, of that component of the 


For the same model the following equation was 


also derived, 


alloy which interacted more strongly with the solute. 
It has subsequently been pointed out that an e> treme 


Olny 
example of clustering may occur in mixtures of iron 


(2) and aluminium when oxygen is the solute. Gokcen 


and Chipman” have derived a value of —780 for ¢ 


* Received January 28, 1960. ' from their measurements at 1760°C, whereas an esti- 
+ Department of Metallurgy, Royal School of Mines, 
London. 8.W.7. mate based on the likely thermodynamics of oxygen in 
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aluminium, and the known properties of solutions of 
oxygen in iron and of aluminium in iron leads (vide 
infra) to values of the order of — 10. 

In an attempt to account for this behaviour, 
equations based on a quasi-chemical model have 
been derived. 
the application of this model to binary metal mixtures* 


Oriani has already indicated that 


is not very helpful, for it leads to free energies of 
mixing which are little different from those calculated 
with the regular solution model. The major source 
of error in the regular model is probably the assump- 
tion that the energies of interaction between atom 
pairs are independent of the composition of the 
solution. This error remains in the quasi-chemical 
model and in most cases is likely to be greater than 
any error arising from the neglect of clustering. 
Nevertheless in certain ternary mixtures, particularly 
non-metals in metals, (suchas Fe — Al O mentioned 
above) the main error might conceivably arise from 
neglect of clustering, when there are great differences 
between the pairwise energies of interaction. 


DERIVATION OF EQUATION 

Let us consider the case of a dilute solute S in a 
mixture of X and Y, and assume that each atom 
interacts with the same number of nearest neighbours 
z, which would normally be taken equal to the 
co-ordination number. Thus in the melt there are 
+ Ny n,-)/2 atom-atom interactions or con- 
tacts. 
S is so small that the number of S—S contacts is 
negligible, and that the distribution of X and Y 
atoms is random except in the co-ordination shell 
around each S atom. If the number of Y—S contacts 
is represented by the symbol n(Y—S) ete. it follows 

that 
n( Y-S) 


( S) 


Ny 


(3 
Vy exp (u ) ) 


where w/z is the energy change which occurs when a 
Y-S contact is changed to an X-S contact, by 
exchange of a Y atom in the co-ordination shell of 
the S atom with an X atom in the body of the melt. 
From the equations given immediately below, it 

is clear that 
wizk = W/zR 


where 


W = AB x) -AB xy) AB AA 


2 (X-X) = o(X-S) AH = x) 


which the heats of mixing do not normally exceed a few 


DILUTE 


It will be assumed that the molar fraction of 


SOLUTIONS IN ALLOYS 


AH = 


soln. Y in soln, AH = AA 


X in soln, = (X—X) 

and (X—X), (X-—S) ete. represent atom-atom contacts, 
To a first approximation RT In yy) ete. may be 
put equal to ete. 


S) 


n(X—S) N 


| (SCX) (4) 


LYsiv) YNCX 

where Vy and NV, obtain in the bulk of the solution. 
If the last term is put equal to A, we have for the 
mole fractions (N®) of XY and Y in the co-ordination 


shells around the solute atoms 
N x 


The heat change associated with the addition of ng 
atoms of S to a large volume of X Y is then given 
by the equation 


AH = 3D-ng + NyExg 


[NyON VE yy 
N,°NyEyy] 


where D is the dissociation energy of the solute such as 
O, or S,, and Fy, etc. are the pairwise energies of 
interaction. When allowance is made for the fact, that 


AA yx) = 4D Exy, = ete., it 


2E vs 
follows that 


N,*ARg, 
NV, °AA, (X4+¥)J 


AH = 


NAA 


where and hold for the com- 


position Vy and and 


Ny — ABxix.y)) 
Ny {AA gay, — 


AMA 


AGg yy) can be obtained by integration of this 


equation, according to the general relationship, 


0/(AG 


AH 
T? 


2(¥-S) = 48, + (Y-Y) | 
> (Y-Y) + 
KN, 
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One then obtains, after converting partial heats to 
activity coefficients, 


7 
YV(X+Y) 
r 0 avy ro ivy y 
+ In — + ln — + In Ng 


where V, the atom fraction of solute in the solution is 
much less than 1. The first two terms represent 
AA +)/RT and the last three The 
last term is the ideal partial entropy of solution and 
the third and fourth terms are the excess entropy of 
solution arising from the fact that Vy° is not equal 
to Vy. 

It follows that, 


Yar 
KNy +Nx 
KNy + Nx 
Ny ] 
KNy +N, KNy+Nx 
KN, K 
-2—= — In — —, (5) 
KNy+Ny KN, + Nx 
With the substitution «= 1/(KANy + Nx), p= 
K/(KNy + Ny), equation (5) can be simplified to 
YX(X+Y) 
= In zIn (KNy + Nx) 
YX(X+Y) 
(6),* 


whence 


dln 


Olnygxiy) Alnygx) 


ON, 


-(K —1+WNy x) 


KN, + Nx 


The activity coefficents of solute in X and Y are 

constant and the activity coefficients of X and Y are 

independent of V,-, as Vy tends to 0 or unity. Thus 
ok 
ON, 


dln 
ON, 


In 


0 
aN, 


* Ny, the concentration of Y outside the co-ordination shells 
of S, is effectively equal to the atom fraction of Y over the 
entire solution if 


—Nsgé or Ny >2Ng 


and this is so for the solutions considered in this paper. 
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and 


k In —2z(K — 1) 
ON), Nror Ny KN, 


By rewriting equation (6) and simplifying the resulting 


expression, it can be shown that 
1/z 
‘S(Y) 


when Vy + Ny ~ 1. 

The following equation, which was obtained by 
Wagner™ for the solubility. 7, of a dilute solute at 
constant activity in a Raoultian binary solvent, is a 
particular solution of this equation. 


= + (9) 


1 
YS(X+F) 


(8) 


Because the activity coefficients in equation (8) may 
be related to partial molar heats, e.g. 


AA x +Y | 


Ys(x+¥) = €Xp | RT 


the equation can be expressed in the form 
exp — 
zRT 
AA gx) — AA 
zRT 
AA — 
zRT 


= Ny, exp — | 


+ exp 


If the exponentials are expanded and all except the 
first terms are ignored, i.e. it is assumed that 
MAg x.y) — x.y) and AA gy) — 
AAy;y.) are all small compared with zR7, the 
equation reduces, as one would expect, to the form, 
In = Vx In + Ny 

YX(X+¥) YX(X+¥) 

which is identical with equation (1). 


DISCUSSION 

It is interesting to compare the values of ¢ cal- 
culated from equations (2) and (7) for a case where 
the energies of interaction between the dilute solute 
and the two metals differ greatly. The only extreme 
case for which any relevant data exist is the system 
Fe + Al+ 0. As mentioned above, Chipman has 
derived a value of —780 for ¢ at 1760°C from experi- 
ment and this is probably correct to -+-50 per cent. 
From measurements of the activity coefficient of 


* See footnote on previous column. 


| 
( 7 )* 
P 
L 
| 
: 
‘ 
VC 
190 
2 
4 
tae 
23 


TABLE 1 


Values of ¢ 
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Interchange energy (cal) 


System * Temp. (°C) 
Exptl. Quasi-chemical Random Exptl. Quasi-chemical 

Cu[S + Fe] 1500 4.6 3.5 3.0 1,620 1,290 
Fe[S + Cu] 1500 0.8 2.5 1.6 360 1,300 
Fe[O + Al] 1760 780 7 9 18,600 4,600 
Fe[O + Ni] 1600 0.5 to 0.9 1 3.1 4.6 240 + 2,440 
NI[O + Fe] 1600 —7.4 3.7 2.8 2,420 1,400 
Fe[O + Co] 1600 + 1.7 2.4 2.9 870 1,350 
CofO Fe} 1600 3.5 3.5 2.9 1,350 + 1,350 


aluminium in iron’) it is evident that is 
not likely to be much more negative than —13 keal. 
The value of — AM is not likely to 
differ greatly from —50 keal, which is the difference 
between the chemical potentials of oxygen, per gram 
atom, in equilibrium with Fe + FeO and of Al 4 
Al,O,. If z is taken as 8, equation (7) gives a value 
of 3.2 for K at 1600°C, and a value of —17 for e. 
The latter is nearly twice the value which would be 
obtained for ¢ from equation (2). The quasi-chemical 
value of ¢ is markedly influenced by the choice of 
co-ordination number: it would, for example, become 
—36 if z were taken as 4, with the same values for 
the partial molar heats. It is evident that although 
equation (7) looks a better proposition than equation 
(2), it falls far short of accounting for the experi- 
mental value of e. 

The values of ¢ which can be derived from equations 
(2) and (7) for the system Cu + Fe + 8, may be 
compared with the experimental values that are 


available.’ The results for z = 8 are given in Table 1. 
The values of log yg which can be calculated by the 


application of equation (6) assuming z= 8 are 
indicated by the broken curve in Fig. 1. The full line 
represents the experimental results. The values 


12) 0.2 0.4 0.6 0.8 1.0 
Cu Atomic fraction of Fe Fe 


Fic. 1. The activity coefficients of sulphur at high 
dilution in alloys of iron and copper. Full line: experi- 
mental values at 1500°C; broken line: values derived 
from equation (6). 


* The element outside the square brackets corresponds to element ‘“X”’ in equation (7). 


calculated from equation (1) lie slightly above the 
broken line but never more than 0.015 from it. 
Attention has been drawn elsewhere” to the fact 
that the behaviour of oxygen in iron-nickel alloys is 
different from that given by equation (1). According 
to this equation In y, should deviate from the full 
straight line shown in Fig. 2 by an amount equal to 
AG**/RT for the Fe 


the negative of which is plotted at the base of the 


Ni system. This function, 


figure, can be derived from the activity measurements 
of Zellars et al.‘®. The oxygen activity coefficients 
obtained experimentally by Chipman and Wriedt‘? 
are represented by the full curve A. The two broken 
curves show the values calculated from equation (8) 
for different values of z, 8 (curve C) and 2 (curve D). 

From the data so far considered, one is forced to 
the conclusion that although the quasi-chemical 


is 
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Fe Atomic fraction of Ni Ni 


Fic. 2. The activity coefficient of oxygen at high 
dilution in alloys of iron and nickel at 1600°C, Full 
lines: A, experimental values of Chipman and Wriedt'”? 
B, —AG4*S/RT for Fe + Ni from Zellars et al.‘); 
broken lines: C, values from equation (6) with z 8, 
D, values with z 2, to show effect of changing z by an 


extreme amount, 
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equation (8) with z equal to the co-ordination number 
(i.e. about 8) appears to be a slight improvement on 
equation (1), it often falls far short of accounting for 
the measured values of ¢. One or all of the following 
would seem to be possible reasons for the discrepancies. 

(a) The with the 
interactions between the atoms of the ternary may 


energies associated pairwise 
differ from those for the three separate binaries. 

(i) The solute-solvent interactions may vary with 

the proportions of each solvent atom about 
the solute. 
(ii) The interactions between unlike neighbouring 
solvent atoms in the co-ordination shell around 
each solute atom may be different from those 
between unlike solvent atoms in the remainder 
of the solution. 

Experimentally, (i) and (ii) are not likely to be 
distinguishable. 

(b) The co-ordination number for the solute zg may 
be different from those for the other atoms of the 
solution: in that event the third and fourth terms 
on the right hand side of equation (1) would have to be 
is 


increased or decreased according to whether z, 


greater or less than z. In equation (4) the two solute 
activity coefficients would have to be raised to the 
power 2/z.. 

(c) The number of strong pairwise interactions 
about any solute atom may be much less than the 
co-ordination number. 

The most reasonable explanations seem to lie in 
(a,i) and (aii). The values of ¢ found experimentally 
Ni 


7.4 in nearly pure nickel. One thus 


in the case of Fe O are about —0.5 in nearly 
pure iron and 
concludes that the value of W/z, the energy change 
(per gram mole) associated with altering a nickel 

oxygen contact in the alloy to an iron + oxygen 


contact, varies from —240 cal in nearly pure iron to 


2420 cal in nearly pure nickel, when z = 8. The 
values calculated from the equation 
, (Ni) Fe(Ni) , 
W /z RT \Ink (10) 


~ Yo(Fe) YNi(Fe) 


2440 cal at the iron limit and 1400 cal at the 
In order to account for the difference in 


are 
nickel limit. 
the iron rich alloys one can suppose—possibility (a,i) 
for example—that the introduction of a nickel atom 
into the co-ordination shell of the oxygen results in 
the strengthening of the remaining seven iron 

oxygen contacts by 310 cal apiece: alternatively the 
nickel 


2200 cal in the presence of seven iron atoms or both 


oxygen contact may be strengthened by 


contact energies in the alloy may differ from their 


values in the separate metals. Correspondingly in 
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nearly pure nickel, each nickel — oxygen contact 
may be strengthened by some 150 cal when a single 
iron atom enters the co-ordination shell of the oxygen; 
alternatively the single iron may be bonded to the 
oxygen 1020 cal more strongly than when it is in 
company with seven other iron atoms, or again both 
contact energies may be altered together. 

Of these possibilities the simplest appear to be the 
second in each case. In any event the changes which 
in the metal inter- 


have to be assumed oxygen 


action energies—or metal — metal interaction ener- 
gies, if the differences are attributed to (a,ii) instead 
of (a,i)—are not unreasonable in comparison with 
20,000 — 2000 cal for 
These be 


the total energies: these are 
each O + Fe or O + Ni 
calculated from the heats of solution of oxygen in 


contact. may 
iron and nickel,* if z is taken as 8 and allowance is 
made for the dissociation energy of oxygen, and the 
energies of the metal — metal contacts which can be 
derived from the heats of vaporisation. It is of interest 
to note that a linear relationship between the Fe — O 
and Ni 
of Fe and Ni is not compatible with the experimental 
results. One possible relationship, but not the only 


O contact energies, and the atom fractions 


one, can be derived by taking tangents and intercepts 
in Fig. 2. 


This requires that, 


= OF x, oO OE oO 
Nye an 
Ni VNi 
where Ey; , etc. are the contact energies. 
Variation of the pairwise interaction energies 


between solute and metal atoms could also reasonably 
account for the great difference between the cal- 
culated and experimental of the 
Fe — Al + O. If z is again taken as 8, the pairwise 
Al-O interaction energy when only one aluminium 


values system, 


atom (and seven iron atoms) are associated with the 
oxygen would have to be 14,000 cal more negative 
than when the oxygen is surrounded entirely by 
aluminium.+ This increase may be compared with an 
estimated value of —26,000 cal for the Al-O pairwise 
interaction energy in pure aluminium. On the other 
hand possibility (c) might apply in this case and in 
other cases where there is a very great difference 
between the affinities of the two solvent metals for the 
dilute solute. 


* — 27,900 and —14,310 cal, respectively. 

+ It is interesting to note that this value leads to nearly the 
same variation of ¢ with temperature as reported by Gokcen 
and Chipman. Because in their experiments No was about 
10-4, Na) about 3 10-4 and ¢ about — 800, N4) for the entire 
solution would be rather more than Nx, outside the co- 
ordination shells of the oxygen atoms. It can be shown that 
this would make the measured value for ¢ smaller than the 
theoretical value by only some 10 per cent. 
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The assumption that the energies associated with 
the 
affect the validity of the calculation of limiting values 
for K and W/z from e. 
one component of the alloy tends to zero, the values 


interactions vary 


with composition does not 


of the energies for the two pairwise solute—metal 
interactions must become constant, because the only 
possible co-ordination shells about the solute atoms 
are those containing z of one component only or z — 1 
Thus the 
conditions for passing from equation (6) to equation 


of one component and 1 of the other. 


(7) are still maintained. 

Possibility (a) is an acceptable explanation for the 
data for the solutions Cu +- Fe + S shown in Fig. 1. 
In this case, however, a co-ordination number for 
sulphur which is equal to that of the metal atoms in 


the iron rich solutions and is 1.5 * as great in the 


copper rich solutions, is an alternative conceivable 


explanation. Values of W/z are also given for some 
of the other solutions in Table 1. 

The activity coefficients of oxygen in cobalt and 
iron 
Floridis and Chipman‘® at 1600°C. These agree more 


two cobalt alloys have been measured by 


DILUTE 


When the concentration of 
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closely with values derived from the quasi-chemical 
equation (the activity coefficients of Co and Fe being 
taken as unity) than do those for oxygen in iron 

nickel mixtures. The extent to which the pairwise 


interaction energies change with composition is 


therefore variable, depending presumably on the 
chemical properties of the components of the solution. 
The next task would seem to be to relate these changes 
in interaction energy with the positions of the com- 
ponents in the periodic table. 


REFERENCES 


c. &. RiIcHARDSON, Acta Met. 6, 385 
(1958). 

2. N. GoKCEN and J. CHIPMAN, 
(Metall.) Engrs. 197, 173 (1953). 
R. A. Ortant, National Physical Laboratory Symposium 
No. 9, Paper 2A H.M. Stationery Office, London (1959). 

. C. WAGNER, Thermodynamics of Alloys. Addison-Wesley, 
Reading, Mass. (1952). 

5. J. CorpMAN and T. P. Fioripis, Acta Met. 3, 456 (1955). 

3. G. R. 8. L. PAyNeE, J. P. Morris and K. L. Kipp, 
Trans. Amer. Inst. Min. (Metall.) Engrs. 215, 181 (1959). 

7. J. CHrPMAN and H. A. Wriept, Trans. Amer. Inst. Min. 
( Metall.) Engrs. 206, 1195 (1956). 

T. P. Froripis and J. Trans. Amer. Inst. Min. 
(Metall.) Engrs. 212, 549 (1958). 


AuLcock and D. 


Trans. Amer. Inst. Min. 


: . 
VOL. 
8 
1960 


ACTIVITIES OF MANGANESE IN SOLID PLATINUM* 


K. P. ABRAHAM, M. W. DAVIES, J. L. BARTON and F. D. RICHARDSON* 


The activities of manganese in solid alloys of manganese and platinum have been measured at 1500 


and 1650°C. The activity coefficients range from 1.3 10-° and 3.2 x 10-° at extreme dilution to 


6.0 10-4 and 1.4 


ACTIVITIES DU 


10-3 at 25 at.°4 manganese. AH yp is about —40 keal. 


MANGANESE 


DANS LE PLATINE SOLIDE 


Les activités du manganése dans les alliages solides de manganése et de platine sont mesurées a 1500 


et 1650°C. Les coefficients d’activité s’étalent de 1,¢ 
10° pour une concentration atomique de 25°, en manganése. AHyp est 


10-4 et 1,4 
40 Keal. 


jusque 6,0 
voisin de 


AKTIVITAT VON MANGAN IN FESTEM PLATIN 


10-5 et 3,2 10-° pour une dilution maximum 


Die Aktivitat von Mangan in festen Mangan-Platin-Legierungen wurde bei 1500°C und 1650 C 


gemessen. Die Aktivitatskoeffizienten reichen von 1.3 
10-3 bei 25 Atom®, Mangan. AH yy hat etwa den Wert —40 keal. 


bis zu 6.0 10-4 und 1.4 


10-° und 3.2 10-° bei extremer Verdiinnung 


In the course of measurements of the activities of 
manganese oxide in silicate melts at high tempera- 
tures, it became necessary to determine the activities 
of manganese in its solid alloys with platinum at 
1500° and 1650°C and at concentrations up to about 
25 at.°,. The only information at present available 
on the Mn + Pt system is the phase diagram which 
has been investigated by Nemilov et a/.“ and Raub 
and Mahler'??. 

The technique adopted was to measure the manga- 
nese taken up by solid platinum, when brought into 
equilibrium with pure manganese oxide at controlled 
partial pressures of oxygen, ranging from 10~* to 10-3 
atm. Account has to be taken of the non-stoichio- 
metry of manganous oxide which has already been 
established.‘ 

EXPERIMENTAL 
Materials 

Manganous oxide. The oxide was prepared by 
dissolving electrolytic manganese (99.99 per cent) in 
concentrated nitric acid and evaporating the solution 
to dryness. The residue of pure manganese dioxide 
was baked at 200°C for lhr, crushed and then 
reduced to green manganous oxide by heating in a 
stream of hydrogen at 1100°C for 2hr. Analysis 
showed the oxide to be virtually stoichiometric. 

Platinum strips. Foil 0.002 in. thick (99.98 per 
cent) was used. 

Containers. Platinum cups 1 cm in diameter and 
3 mm deep were made from foil 0.005 in. thick. They 
held about 0.5 g of oxide, and were supported in 
trays made from alumina cement. 


* Received February 12, 1960. 
+ Nuffield Research Group in Extraction Metallurgy, 
Imperial College, London. 
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Gas mixtures. Mixtures of H,, CO, and oxygen- 
free N, were used, the proportions being adjusted to 
give the oxygen potentials required at the temperature 
of the experiments. The gases were taken from 
evlinders and dried by passage through magnesium 
perchlorate. Mixing was controlled by capillary flow 
meters containing x-dibutylphthalate. 

Equilibrium apparatus. This was similar to that 
used by Fincham and Richardson™ except for slight 
modifications. The molybdenum winding of the 
furnace was supported on a separate alumina tube, 
within which the reaction tube was held. The control 
thermocouple was inserted between the furnace tube 
and the reaction tube, the hot junction being at a 
point about 120°C cooler than the hottest zone, so as 
to lengthen its useful life. The flowing gases (about 
600 ml/STP/min) were made to leave from both ends 
of the reaction tube so as to eliminate any possible 
lack of control in the gas composition which might 
arise from the dead space between the end of the gas 
inlet tube and the end of the reaction tube. 

Procedure. Strips of platinum 1.25 in. long and 
0.1 in. wide were wound into open spirals. One was 
placed in each of four platinum cups, which were then 
filled with pure manganous oxide. The four cups were 
mounted in the alumina tray. 

The furnace was brought to the required tempera- 
ture and the reaction tube flushed with a stream of 
nitrogen. With the nitrogen still flowing, the tray of 
cups was put into the reaction tube and pushed 
slowly into the central even-temperature zone. The 
nitrogen was passed for a further 15 min before the 
controlled gas mixture (CO, + H, + N,) was allowed 
to enter. Nine hours were required to bring the 
platinum to equilibrium with the solid oxide at both 
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TABLE 1 


Te. Wt. % : . No. of V 
= pO. Mn | No. separate “Mn log 
| expts. (mean) 
1500 238 4 2 0.077 4.384 
1500 ip 3.77 3 2 0.123 4.079 
1500 10-6 5.58 3 2 0.174 3.721 
1500 10-7 7,92 3 2 0.234 3.347 
1650 10-3 2.30 4 2 0.077 3.994 
1650 10-4 3.87 3 2 0.125 3.695 
1650 ie 87 3 2 0.182 3.343 
1650 10-8 7.97 4 2 0.236 2.949 
Errors: 
Temperature, reading and calibration of optical pyrometer: ee 


Ingoing gas composition, calibration and reading of flowmeters: 1 per 
cent. 


Analysis. Mn in the alloy: 1 per cent. 


temperatures, so the experiments were normally run 
for periods of 9-12 hr. 

At the end of each experiment, the mixed gases 
were turned off and the reaction tube again flushed 
with nitrogen. The oxide samples were pulled rapidly 
into the water cooled end of the reaction tube and 
allowed to cool. The platinum spiral was separated 
from the oxide and cleaned by rubbing on 00 emery 
paper. It 
microscope and any remaining traces of the oxide 


was then examined under a_ binocular 


scraped off. 


Analysis 

The platinum manganese alloy was dissolved in 
aqua regia and evaporated to dryness. The residue 
was treated with concentrated sulphuric acid and 
heated until fuming started, in order to drive off HCI. 
The product was dissolved in water. The manganese 
was oxidized to permanganate by KIO, and finally 
measured colorimetrically with a Unicam_ spectro- 
photometer. 

RESULTS 


The results obtained are listed in Table 1. 


DISCUSSION 
The values of the activity coefficient of manganese 
listed in Table 1, have been calculated by application 
of the equation 


OF = 108 


O,.Ny, 2.303 RT” 


Here pO, and Ny, are measured values, and dy,6 
is the activity of stoichiometric MnO in the oxide, 
which is non-stoichiometric when pO, exceeds 10~® 
atm: 
Davies and Richardson®). AG*,, is the free energy of 


this activity has already been measured by 


formation of one mole of stoichiometric MnO from 
solid manganese and oxygen, the values being derived 
by extrapolation above 1244°C of the AG° values 
calculated by Coughlin’ from heat of formation and 


heat capacity data. 


RICHARDSON: 
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-log 


Fic. 1. 

solid Mn 
top line 
activity coefficient of liquid iron in solid Fe Pt 
alloys at 1550°C as measured by Larson and Chipman’, 


The activity coefficient of solid manganese in 


Pt alloys at 1500 and 1650°C The 
shows on the same scale, values for the 


Log yy, is shown as a function of composition in 
Fig. 1. The points represent the individual values 
for the different samples and not the mean values 
given in Table 1; the reproducibility of the results 
can thus be clearly seen. Any error in AG”, for MnO 
would influence the calculated activity coefficients. 
150 cal at 298°K: 
250 cal is more likely, and this 
0.031 in log y. The 
contribute a 


Coughlin estimates this error to be 
at about 1600°C, 
would give rise to an error of 
listed 
further error of +0.022 to log y, 


sources of error earlier would 
and the possibility of 
0.01 per cent O, in the CO, might bring in an addi- 
tional error of 0.05 on log p'’*O, at the highest oxygen 
pressures, and a far smaller one at the lowest. The 
error in the logarithms of the activity of manganese 
oxide in the non-stoichiometric oxide might reasonably 
amount to 0.02. It would thus appear that the values 
of log y are correct to about 0.05 and y is correct to 
about +10 per cent. 

Also shown in Fig. | are some of the results obtained 
by Larson and Chipman‘® for iron in solid platinum 
at 1550°C. 
1550°C is so near its melting point, the activity 


Liquid is the standard state but because 


coefficients of solid iron are indistinguishable from the 


values shown. The linear relation between log y and 
atom fraction which Larson and Chipman found to 
hold from 0 to 0.2 atom fraction of iron appears to 
hold for manganese also. 

Extrapolation to infinite dilution gives an activity 
at 1500°C 


These values are some 


coefficient for manganese of 1.26 
and 3.16 at 1650°C. 
10 times smaller than those for iron in platinum. The 
heat of solution of solid manganese in solid platinum 
Yun With 
In view of the fact that the lines for 


can be calculated from the variation of log 
temperature. 


| LA | 
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Activities 
Atom fraction 
of Mn 


1500 1650°C 


3.34 10-6 
1.43 
4.59 10-5 
1.29 
3.45 10-4 


almost parallel, is 


7 keal g-atom 


approxi- 
1 


manganese are 
mately constant and equal to —39 
over the range of compositions, which all lie within 
the x region.'?) The value of AG", at 0.08 Mn and 
1500°C, is —35.4 + 0.3 keal. The agreement between 
these two values indicates that the values of AS,,,, may 
not be far from ideal at this composition. In so far, 
becomes less negative as the 
concentration of Mn increases ( 0.03 keal at 
a Mn of 0.23) whilst Af7y,, remains about the same, 


however, as 
27.2 
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AS may become greater than ideal at higher 
Mn = 

concentrations and less than ideal at lower. The 

precision of the measurements does not justify further 


calculations of partial properties. Activities for 


platinum can be derived by extrapolating the values 


of log yy, linearly to zero manganese and then making 

a Gibbs—Duhem integration. The values obtained are 
given in Table 2. 
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Stress induced ordering in gold-silver alloys* 


The preliminary work described here was under- 
taken to determine if stress induced ordering could be 
observed in a system whose components have the 
same The 
purpose of this letter is to report the unexpected 


ralence and essentially the same size. 


existence of stress induced ordering in several con- 
centrations of the AuAg system. Internal friction 
studies have been made on a number of systems which 
exhibit a Zener peak (attributed to stress induced 
ordering). Lulay and Wert point out, however that 
even with all the data so far available it is difficult to 
establish criteria for the existence and magnitude of 
the effect in terms of the other facts known about a 
given alloy system. The first explanation, presented 
by Zener®), interpreted the effect as being due to a 
preferential orientation of atom pairs under the 
applied stress, to relieve partially the strain resulting 
from the different sizes of solute and solvent atoms. 
LeClaire and Lomer“) have developed a theory which 
takes the solution to be ideal and considers only 
interactions with nearest neighbors. The work of 
Seraphim and Nowick") indicates that this theory 
must be modified. Nevertheless it satisfactorily 
accounts for the differences in the effect determined by 
the relaxation strength of the CuZn, CuAl, and 
AgZn systems. 

The theory of LeClaire and Lomer states that the 
relaxation time is proportional to the rate of change 
of lattice spacing with concentration. For a system 
whose components have essentially the same _ size 
there will be a negligible change in lattice spacing 
with concentration. Consequently, on the basis of 
current theory one does not expect to see a Zener peak 
in such a system. 

The selection of the AuAg system to test this 
conclusion was at the suggestion of Professor Lawrence 
Slifkin. The positive result of this test is even more 
significant because the availability of internal friction 
data, coupled with diffusion data can lead to a better 
understanding of small scale atomic movements. To 
this end the AuAg system is indeed ideal and not 
subject to the limitations pointed out by Childs and 
LeClaire®. For the solid solution exists over the 
entire range of concentrations, and reliable thermo- 
dynamic and physical data are available for each pure 
component and various alloy concentrations. 

The data presented were obtained employing an 
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Internal friction as a function of temperature 
for a series of silver—gold solid solutions 


inverted torsion pendulum for relaxation measure- 
ments of the order of one second and an elastic-after- 
effect apparatus for measurements of the order of 
L000 sec. 
tional type described by 


This equipment is similar to the conven- 
Wert. The 0.030 in. 
samples were maintained in a vacuum of approxi- 
mately 10~° mm of Hg, and the temperature difference 
over their 9 in. length was | C” or less. 

In part (a) of Fig. 1 are plotted three torsion 
pendulum runs for 42 per cent gold in silver. The 
same specimen was used but the grains were coarsened 
prior to each run by the strain anneal technique in a 
vacuum better than 10-> mm of Hg. The peak which 
occurs at approximately 450°C is due to grain boundary 
relaxation since as the grains are coarsened this peak 
is suppressed. With sufficient suppression one can see 
a peak which appears at approximately 320°C. Parts 
(b) and (c) of Fig. 1 show the occurrence of this peak 
in samples of 58.5 and 68 per cent gold, respectively. 

Figure 2 is a plot of relaxation time as a function of 
inverse temperature. Assuming an Arrhenius type 
equation the slope of this line yields an activation 
energy of 43.8 kcal/mole. 

From the appearance and behavior of the peaks 


1 + + + T rs 
| | | 
50 
2 42.1%) 
| 
| 
20 | 
VOL. | 
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s 
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time , 


Relaxation 
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1.8 Lg 2.0 2.1 2.2 
T' “no” 
Fic. 2. The time of relaxation for stress induced order- 


ing as a function of inverse temperature for a 58 per 
cent gold in silver solid solution. 


illustrated in Fig. 1 it is concluded that they are 
Zener peaks attributed to stress induced ordering. It 
is significant that the peak exists in an alloy whose 
components differ in atomic size by only 0.01 A. This 
is strong evidence that an “‘effective size” resulting 
from compressibility difference may be the most 
important criterion for stress induced ordering. 

The theory of LeClaire and Lomer predicts a 
relaxation strength which is symmetrical in that it 
between solute and solvent 


makes no distinction 


atoms. Consequently they no longer consider the 
movement of one type of atom alone as being respon- 
sible for the relaxation. The peak heights shown in 
Fig. 5 of Ref. (3) illustrate that the effect is not 
symmetrical about the 50 per cent concentration. 
Preliminary data indicated that the effect is a maxi- 
mum on the gold-rich side. 

Hino et al. have performed a careful study of 
internal friction and diffusion in alpha-brass. The 
overall objective of their work was to see if the internal 
friction which gives rise to the ordering peak is closely 
related to diffusion. They found the activation energy 
for the Zener effect to be less than that for tracer 
diffusion of copper or zinc into alpha-brass. This result 
correlates with incomplete relaxation data obtained 
in this laboratory on AgCd and AgIn. However the 
activation energy of 43.8 kcal/mole for the Zener effect 
in the 58 per cent AuAg alloy lies between the values 
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obtained by Mallard et al'®). These are approximately 
42 and 44.3 kcal/mole for silver and gold into AuAg, 
respectively. 

A more complete report to be published later will 
include the results of work now in progress on other 
concentrations and using much shorter relaxation 
times obtained with high frequency apparatus. 
T. J. TURNER 
G. P. WILLIAMS JR. 


Department of Physics 
Wake Forest College 
Winston-Salem, North Carolina 
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The orientation of martensite in 
austenitet 


New measurements have been made of the orienta- 
tion of single martensite plates in an austenite mat- 
rix using the back reflection Laue method and an X-ray 
microbeam technique with pinholes 10-50) 
diameter.” The accuracy of the results, briefly repor- 
ted here, is considerably greater than can be achieved 
with the pole figure method or variations of it.{?-%) 
Also any arbitrarily polished surface of the specimen 
could be examined thus avoiding laborious and delicate 
sectioning of the specimen to obtain a_ pre-selected 
martensite plate and yet retaining and possibly even 
surpassing under favorable conditions, the precision 
attainable by that method. A 
martensite plates in the specimen is desirable, other- 


small number of 
wise the distortion of the retained austenite becomes 
too great to give Laue photographs suitable for 
accurate orientation determination. 

Figure | shows a martensite plate in an Fe—32°, Ni 
alloy cooled to liquid nitrogen temperature. Table 1 
gives the angles between certain prominent zones of 
the austenite and the martensite as measured from the 
Laue photographs. The habit plane (given in Table 2) 
and the surface of polish were estimated as being paral- 
lel to within better than 3°. In such a case no further 


+ RIAS (Research Institute for Advanced Study), Balti- 
more, Md., U.S.A. 
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TABLE |. Angles between the (111)4 and (011), spots and between prominent zones of the austenite (A) and martensite (MV) 
as determined from Laue photographs (column headed ‘*Observed’’) and by calculation for the orientation relationship (Table 2 


which gives the best fit with the observed angles 


Fe-32% Ni 28 Cr 150 


Observed Calculated * Observed Calculated * 
(+4°) (cla = 1) (+1°) (c/a = 1.068)* 
(111), A (O11) 0.7 1.0 
(Ol AL 6 5.9 7.0 
[110], A[100)y 0.9 5 


[112 ALOT] 


* For orientation relationship given in Table 2. 
+ From Ref. (13) for 1.5 per cent C. 


TABLE 2. Summary of orientation relationships and habit planes for iron alloys 


Orientation relationship 


Present investigation ofe ‘ Habit plane 
(or % C) 


Axis of rotation* Angle of rotation 
1.00 (+) 0.043 0.77 
Fe-32% Ni (—) 0.007, 45.1° + 0.15 0.17 
(0% C) (+) 0.949, 0.61; 


~1.068 +) 0.029 0.30 

28 Cr 150 (—) 0.014 44.2° + 0.15 0.86 
(~1.5% C) (+) 0.957 0.41 

(see text) 


Earlier investigations 


1.000 (+) 0.031, 
(—) 0.031, 42.8 
(0% C) (+-) 0.937 


1.045 +) 0.024, 


(—) 0.023, 43.0 (252) 
Kurdjumoyv and Sachs (1% ©) ( (eRe) 
1.063 (+) 0.022 (see text) 
(—) 0.021 43.0 
[OUT 111 Jar (1.4% C) (+) 0.957 
(approximate) 
1.090 (+) 0.018 
(—) 0.017 43.1, 
(2% C) (+-) 0.965 
1.414 0 
(v2) 0 45.0 
(~9.2% C) (+) 1 
Nishiyama (1934): 
Fe—29.90% Ni 1.00 (+) 0.040 {295} 
(LL1)4l|(OLL) (—) 0.007 46.0 (see text) 
{112} (0% C) (+) 0.953 


(approximate) 


Greninger and Troiano 1.045 (+) 0.027 0.18, 
(1941, 1949): (—) 0.009, 43.9; 0.82 
0.8% C, 22% Ni (=1% C) (+) 0.963, 0.54 


* Squares of the direction cosines of axis of rotation given. Sign in brackets to be applied after extraction of square root. 
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Martensite plate (untempered) in Fe—32°, Ni 
alloy; electrolytically polished. 200 


information is obtained by exposing a second face at 
right angles (two-surface analysis) because of practi- 
cal limitations on the sharpness of the edge that can be 
retained after polishing and etching. Removing a deter- 
mined amount from the same surface by re-polishing is 
more informative. 

The experimental error for the normal to the habit 
plane (Table 2) of the Fe-32°, Ni alloy is defined by a 
cone with semi-angle approximately 1° and with the 
normal as its axis. 

The martensite plate appeared to be divided into 
two parts, I and II, Fig. 1: the direction AA was 
found to be nearly parallel to |715],,* (a few degrees 
from {111],), and the orientation of both parts was 
essentially identical. AA could conceivably be a fine 
twin in the martensite since [715] ,, lies in (121) ,, which 
is a possible twin plane for b.c.c. structures. 


Fic. 2. Martensite plate (untempered) in 28 Cr 150 


alloy; electrolytically polished. « 400 


* The subscripts A and M denote that the indices are 
referred to the austenite and martensite axes, respectively. 
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Also listed in Table 1 is the orientation of a marten- 
site plate shown in Fig. 2. The iron alloy in this case 
contained 2.8 per cent Cr, 1.5 per cent C, and was 
cooled to —52°C after austenitizing 50 hr at 1200°C. 
The directions of the martensite plate and of the mid- 
rib as observed in the surface of polish (Fig. 2) are given 
in Table 3. The two directions are approximately 
5° apart. The value for the direction of the martensite 
plate was used in applying the phenomenological 
theories‘® to calculate the habit plane given in Table 2. 
This habit plane falls within the range of those deter- 
mined in an earlier investigation of the same alloy. 

The Laue photographs were carefully inspected for 
any evidence that might suggest the presence of twins 
in the martensite, but none that could be conclusive 
was found. 

The orientation relationships have been worked out 
in terms of an axis and an angle of rotation, which, 


TABLE 3. Directions of the martensite plate and of the mid- 
rib for alloy 28 Cr 150, in the plane of polish, Fig. 2 


As measured on 
stereographic net 
with respect to 
austenite axes 


After 
normalizing 


Direction of martensite 60.8 0.3 0.48, 
plate in surface of 76.5 O.¢ 0.23, 
polish (Fig. 2) 32.5 0.3 0.84, 
Direction of mid-rib 63.5° + 0.3° 0.44, 
in surface of polish 72.1 0.3 0.30, 
(Fig. 2) 32.8 + 6.3 0.84, 


when applied to the austenite axes would bring them 
The 
2 


into coincidence with the martensite axes.‘7:®) 
axes and angles of rotation are given in Table 
Since the sum of the squares of the direction cosines 
is unity, a triangular co-ordinate net can be used 
to plot quite rapidly the axes of rotation. In Fig. 3 
the axes of rotation have been plotted into one 
stereographic triangle to indicate clearly the amount 
by which the new observations differ from earlier 
ones..3.4) (Note that the unit stereographic triangle 
has, in such a plot, straight lines for all three of its 
sides.) The inhomogeneous distortion has also been 
calculated for the present data, using the current 
phenomenological theories.‘® Table 4 gives the results 
and compares them with similar calculations for data 
gathered from the literature (orientation relation- 
ships, habit planes,“>® lattice parameters? In 
allcases, except one, [111],, isa shear direction. This is 
consistent with the concept" that the shear elements 
of the inhomogeneous distortion in the formation of 
martensite correspond to those characteristic of slip 
or twinning in b.c.c. metals. 
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KS (42 98°) ,1%C 


@ KS(43.03%, 


KS(43.15°),2%C 


@ 28Cr 15014421") 
\ 
\ \ 


\ 
G-T (43.95°) 
@ Fe-32Ni (4511° ) 
N (45.98°)\ 


va 


0.95 0.94 0.93 


0.99 0.98 0.97 0.96 


in terms of the axis and angle of rotation. Values 


Fic. 3. Various orientation relationships plotted in 
brackets represent angular rotation about the relevant axis to bring the austenite axes into coincidence with 
martensite axes. The axis 7 [nN ng] is plotted on a triangular co-ordinate net in terms of n,7n,77,°. 


TABLE 4. Theoretically calculated slip systems (assuming 0 1) of the inhomogeneous deformation in the formation of marten 
site for the known orientation relationships and habit planes listed in Table 2 


Slip system 


Possible variants of “1: . 
Slip system (with respect to austenite axes) 
(with respect to 


habit plane for variant 
of orientation relationship 

given in Table 2 Shear plane Shear direction 


Fe—-32% Ni 0.77 f 0.08 .07 
cla 1.00, 17 1°) from 0.73 5° from 67 5° from (L12)[ 111] 
1.0136 61, 67 74 

30 69, 
from 


28 Cr 150 .30 
cla 1.068, .86 43° from 5 .92, 4} from (211), 111 


1.0383 41 .23 
Data from the literature 


- fr fror fron 111 
Kurdjumoy and Sachs 
cla 1.063 
(1.4% C), 32 Ol. 
87 2 from 5 .65 54° from 42, 24° from (O11) O11 


Nishiyama from § from from 
cla 1.00, 
V 1.028 
(V 1.04 
actually used) 


from from from 


Greninger and Troiano 
cla = 1.045, .82 from from (112)[111 
V = 1.0384 5 f 


from 


0.04 
004 
0.03 KS(42.85°) 0% 
\ 
0.02 
0.06 4 
0.07 
\ 
\ \ 
\ \ 
8 
1960 
0.34 2 0.49 0.70 | 
0.37; 0.56 | 083 
0.20 » 0 0.60 l 
0 (112) 111 
l 
0 
l (112)[111 
0.49; » 0.60. l l 
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This was done employing one or more of the follow- 
ing methods: (1) Stereographic manipulation com- 
bined with matrix algebra; (2) Vector algebra using 
the stereographic projection and Rodrigue’s formula: 
(3) Mackenzie’s method.‘®? 

If the condition 6 = | is relaxed, the analysis to 
determine the elements of the inhomogeneous distor- 
van be carried through without knowing the 
The resulting values are 


tion 
lattice parameter ratios. 
however too sensitive to the number in the third 
decimal place of the input data, and are therefore not 
included here. 


Numerous valuable comments by Dr. M. 8.Wechsler 
are gratefully acknowledged. 

H. M. Orre 
Research Institute for Advanced Study 
Baltimore, Maryland, U.S.A. 
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Effect of zone-refining and orientation on the 
hardness of high purity rhenium* 


A single crystal of rhenium (close packed hexagonal, 
1.615) 0.23 em dia. 
from sintered round bar using the electron bombard- 
The single crystal 


c/a = 15cm long was grown 
ment floating zone technique. 
occupied the central portion of the 25 cm long bar, 
with a recrystallized matrix adjacent to the first and 
last zones to freeze. The orientation, and longitudinal 
and circumferential Knoop hardness were determined 
after two, four and six zone passes along the original 
15-cm long single crystal. 

From Fig. 1, it is seen that crystals grow with the 
basal plane approximately parallel to the rod axis. 
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Fic. 1. Orientation of rhenium crystals. 


Circumferential hardness, taken at the mid-point of 
the crystal, is plotted in Fig. 2. With the orientation 
given in Fig. 1, these curves give the hardness variation 
for planes with a common [1100] zone axis. 

The material is extremely anisotropic, with a 
variation in Knoop hardness from ~250 down to 
~50 (5:1) and has a minimum in hardness for impres- 
sions made on planes making angles of > ~60° with 
the basal plane (Fig. 2). Similar measurements for 
zinc give an anisotropy factor of only 3:1 i.e. from 
18 Knoop up to ~60 Knoop hardness, with a minimum 
in hardness on the basal plane. This is consistent 
with the c/a ratios of 1.615 for rhenium and 1.856 for 
zine since for c/a < 1.633 compression parallel to the 
basal plane leads to twinning with a shortening of the 
axis of compression. For zinc, compression perpen- 
dicular to (0001) leads to twinning and shortening of 
the compression axis. 

Longitudinal hardness for the softest and hardest 


Knoop hardness 


2 
@> 4 Passes 
6 


160 i20 80 40 40 80 160 
Circumferential angle, degrees 
Fic. 2. Circumferential hardness variation for rhenium 


single crystals. 
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Fic. 3. 


orientations, after two, four and six zone passes, is 
plotted in Fig. 3. For two zone passes (the zone 
length is 3 mm) the Knoop hardness of material in the 
first zone to freeze rises from 34 up to ~68 Knoop and 
from 180 up to ~240 Knoop for the soft and hard 
orientations, respectively. After four and six zone 
passes, hardness is constant along the crystal except in 
the last zone to freeze where the material is consider- 
ably harder. 

The shape of the hardness curves for two passes 
indicates that purification by zone refining is occurring, 
after which the ultimate hardness to be 
relatively unaffected by further zoning. Hardness of 
recrystallized material adjacent to the end zones is in 
the range 220-265 Knoop depending upon grain size. 
This Knoop figure, identical to that at the maxima of 
the cyclic curves in Fig. 2 again indicates that the 


appears 


zoning reduces the impurity content; otherwise, the 
polycrystalline hardness figure would be expected to 
lie near to the average for the anisotropic single 
crystal. There is certainly a reduction in gas content 
during electron beam zone refining. 

Back reflection Laue spots from the impure last 
zone gave no evidence of lineage substructure. For a 
refractory close packed hexagonal material of melting 
point 3167°C, the extremely low Knoop figure of 50 in 
the softest orientation indicates low resistance to dis- 
location movement on the close packed planes. 

This work is part of a programme sponsored by the 
Office of Naval Research on contract NONR 551 (19). 
The rhenium used was loaned by the Chase Brass and 
Copper Co., Waterbury, Connecticut. 

A. LAWLEY 
School of Metallurgical Engineering R. MappIn 
University of Pennsylvania 
Philadelphia, Pa. 
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Entstehung und Orientierung on 
Wolfram-Whiskern* 


Wie Cech” an Nickel zeigen konnte, ist dic 2 \dung 
Whiskern durch Reduktion der Oxy 
modglich. Wahrend er aber von der von Brenn 
beschriebenen Reduktion von Halogeniden ausgii 
soll im folgenden ein Verfahren beschrieben werden 
bei dem Wolfram-Whisker nur durch Reduktion des 
Oxyds erzeugt wurden. 

Die Whisker starke 
Draihte aus handelsiiblichem ‘*Nonsag-Wolfram’’ in 
feuchtem Wasserstoff im direkten Stromdurchgang 
2800°C erhitzt werden. 


von 


entstehen, wenn 0.2. mm 


auf Temperaturen  iiber 
Dabei kommt es zu einer Verdampfung des fliichtigen 
Wolframoxyds. Glithungen in getrocknetem Wasser- 
stoff fiihrten nicht zu Whiskerbildung. 
Wahrend der Gliihung wachsen am 
kleine, aber auch einzelne langere Whisker auf, wie es 
Abb. 1 zeigt. Sie sind bis zu 1 mm lang und einige ys 
Von einer punktformigen Aufwachsstelle am 


Draht viele 


dick. 
Draht verdicken sie sich kegelf6rmig und sind an der 
Kristallflachen 


Spitze von deutlich erkennbaren 
begrenzt. Abgesehen von dem hierdurch gebildeten 


Kubus haben die Whisker kreisformigen oder polygo- 


nalen Querschnitt. Die Seiten erscheinen durch 
stufenformig hervortretende Kristallflachen haufig 


schuppig. 

Entgegen den bisher bei den meisten Whiskern 
gefundenen, niedrig indizierten Wachstumsrichtun- 
gen, haben die Wolfram-Whisker héher indizierte 


tichtungen als Lingsachse. Drehkristall-Aufnahmen 


zeigten, da die Orientierung der Whiskerachse 
innerhalb einer Fehlergrenze von +4 mit der 


Langsachse (Drahtachse) des Aufwachskristalles tiber- 
einstimmt. In Abb. 2 sind die Orientierungen von 
20 Whiskern und den zugehorigen sehr groben, bei der 
Sekundar-Rekristallisation Drahtkri- 
stallen, an denen sie aufwuchsen, dargestellt. 

Die Bildung der Whisker wird durch die beim 
stattfindende Rekristallisation weder her- 
beeinfluBt, da 


entstandenen 


Glithen 


beigefiihrt bereits 


noch auch an 


mit 


sekundir rekristallisierten Draihten Whisker 
derselben Orientierungsbeziehung aufwuchsen. 
Laue-Aufnahmen der Mutterkristalle zusammen 


Ass. 1. Wolframdraht mit aufgewachsenen Whiskern. 
14 
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ABB. 2. Orientierungen von zwanzig Whiskern. Whis- 
kerachse (@), Drahtachse des Aufwachskristalls (QO). 
mit den aufgewachsenen Whiskern zeigten in vierund- 
Fallen Cher- 
einstimmung eines {110}-Flaichenpoles vom Whisker 
|110}-Flachenpol Drahtkristall. 
Draht hatten also eine gemeinsame 


zwanzig fiinfundzwanzig eine 
mit einem 


Whisker 


110)-Richtung und somit eine {110'-Flache parallel 


vom 


und 


zueinander. In dem einen Ausnahmefall lag eine 
}100}-Flache des Whiskers einer {110!-Flache im 
Drahtkristall parallel. Bei sieben der untersuchten 
fiinfundzwanzig Whisker stimmte die Orientierung 
vollig mit der des Drahtkristalles iiberein, d.h. der 
Whisker war eine Fortsetzung des Mutterkristall- 
Whisker- 


kristall gegen den Drahtkristall um die gemeinsame 


gitters. In den anderen Fallen war der 


110>-Richtung gedreht. Abgesehen von der {211} 


‘l11)-Zwillingslage, die in drei Fallen gefunden 


wurde, lieBen die Verdrehwinkel keine bevorzugte 
Lage erkennen. 

Offensichtlich erfolgt der Aufwachsvorgang iiber 
'110!-Flache. dichtest 
Bemerkenswert ist, dab die 


Indizes der Laingsachse des Whiskers durch die des 


die gemeinsame also. die 


belegte Netzebene. 
Drahtkristalls bestimmt sind, nicht jedoch durch eine 
niedrig indizierte eigene Wachstumsrichtung. 

Rieck™ nimmt als Ursache der héher indizierten 
Faserachse sekundar rekristallisierter Wolfram-Draht- 
orientierte Keimbildung im Zusam- 


kristalle eine 


menhang mit der vorhergegangenen Verformung 


an. Bei der Bildung der Whisker handelt es sich um 
einen reinen Wachstumsvorgang. Es ist daher zu 
vermuten, dah 


sekundiren Rekristallisation des gedopten Wolframs 


auch das Kornwachstum bei der 


einen Wachstumsvorgang darstellt, der nicht mehr in 


ursichlichem Zusammenhang mit der vorherigen 


Verformung steht. Die Versuche werden fortgesetzt. 
Institut fiir Metallkunde 


Bergakademie Clausthal 


H. AHLBORN 
G. WASSERMANN 
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Growth substructures in weld metal* 


Recent investigations have revealed the presence 
of growth substructures in both mild and stainless 
steel weld pools, after melting and rapid cooling, 
using an argon tungsten are spot welding torch. 
Following the original work on solidification sub- 
structures by Rutter and Chalmers”, Winegard and 
the 
supercooling to explain the solidification of castings. 


Chalmers used concept of constitutional 
Since then a number of investigators have described 
the formation of substructures in low melting point 
alloys solidified under controlled laboratory conditions; 
but to the authors’ knowledge ranges of substructures 
of a similar type have not previously been reported in 
welds. Previous work and present theoretical ideas 
on the formation of substructures have recently been 
reviewed by Elbaum™). The formation of substruct- 
ures in systems with a positive liquid temperature 
gradient results from the build-up of a concentration 
of solute in the liquid ahead of the solid—liquid inter- 
face. The distribution of the solute in this region 
after steady state conditions are attained is given by: 


k R 


xr 
D 


exp 


where 
(', = concentration of solute in the liquid at a 
distance x from the solid—liquid interface 
initial concentration of solute in liquid 
equilibrium partition coefficient of solute 
between solid and liquid 
rate of advance of interface 


diffusibility of solute in the liquid. 


A typical curve of C, against 2 is shown in Fig. 1(a) 
and the corresponding liquidus temperatures are 
shown in Fig. 1(b). If the real temperature gradient 
is now superimposed upon this latter curve, e.g. a 
line OG, it is clear that if the gradient is less than that 
of OG’ (the tangent to the curve) constitutional 
supercooling will occur. The type of substructure 
developed will depend upon the degree of this con- 
stitutional supercooling. During welding a very high 
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The grain boundaries and varying con t o1 
surface have been revealed by the therm 
and slight oxidation taking place during « 
impure argon. The cell diameter appears t 
between 3 and LO 4 whilst the diameters of indiviv 


Solute concentration 


cells in any one group are approximately consta: 


and do not vary significantly along their length 


Interface (a) 


Measurements have also been made on the cell 


Distance from solid-liquid interface structures revealed after grinding off the surface to a 
depth of about 250 uw, polishing and heavily etching. 
The cells were revealed less distinctly but were not 


| 1G Real tempercture G 


of liquid 
5 significantly different in appearance from those on 
B Equilibrium liquidus the original surface. Fig. 3 shows a region where a 
5 group of cells have grown in a direction normal to the 
9 Region of constitutional 
Q super- cooling surface, revealing their essentially hexagonal shape. 
© Liquid 

Interface 


Distance from solid-liquid interface 


Fic. l. (a) Variation of solute concentration in the 
liquid, with increasing distance from the solid—liquid 
interface. (b) Equilibrium liquidus temperature curve, 
corresponding to the variation of solute concentration 
ahead of the solid—liquid interface shown in Fig. l(a). 

The actual temperature gradient existing in the 
liquid has been superimposed. 


temperature gradient exists initially in the liquid of a 
weld pool, but the gradient will decrease progressively 
during solidification. Thus one might expect a range 
of solidification structures between the edge and centre 
of the weld pool. 
Figure 2 shows the surface of a weld pool in a low Fic. 3. Same specimen as in Fig. 2, ground, repolished 
art teel. Cell and heavily etched. Shows cells growing normally to 
carbon steel. ell or corrugation structures have the surface near the centre of the molten pool. 


developed along the direction of solidification. These 210 
growth structures were formed in the original delta 

ferrite and are independent of the subsequent phase Stainless steel is of course more heavily alloyed 
changes. than mild steel and consequently the degree of 


constitutional supercooling is greater. Thus the cells 


rapidly begin to assume a dendritic form as the centre 


of the weld is approached. Fig. 4 shows a region 


transitional from cells to columnar dendrites. The 


transition is orientation dependent so that neigh- 


bouring grains do not necessarily show the transition 


simultaneously even though they previously experi- 


enced similar thermal histories. Nearer the centre of 


the pool where the thermal gradient in the liquid was 
smaller, there was a further transition from columnar 


dendrites to dendrites of various orientations nucle- 


ated ahead of the advancing interface. It is thus 


possible to rationalise the formation of substructures 


in welds in terms of constitutional supercooling as had 


previously been done for castings.) Further work is 


Fic. 2. Surface corrugations on the surface of a weld 


pool in a low carbon steel, due to cellular growth in progress to try to control the formation of growth 
substructures developed during solidification. : 


87.5 structures by varying the welding conditions. In 
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Fic. 4. Substructures produced in austenitic 18 Cr—12 
Ni-Nb steel weld metal, showing a region of transition 
from cell to columnar dendritic structure. 

< 280 


such a way it might be possible to control the mechani- 
cal properties of weld metal more precisely. 

The authors are grateful to Professor W. C. Wine- 
gard for helpful discussions and advice and to Mr. G. 
experimental 
Weck for his 


Regelous for his assistance with the 
work. They are also grateful to Dr. R. 
interest and encouragement. 

F. A.C. CALvo 
British Welding Research Association K.P. BENTLEY 


Abington Hall, Cambridge, England R.G. BAKER 
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Twinning in vanadium* 


Recent studies have shown that niobium” and 
formation of mechanical 
Both metals were reported 
impact loading even at room 
temperature if the purity was high. On the other 
hand, data reported by Clough and Pavlovic’) show 
form deformation 


tantalum”.®) deform by 
twins with relative ease. 


to form twins under 


commercially pure vandium to 
twins only for impact loading below —78°C and only 
within one or two grains of a cleaved surface. 

At this laboratory, 


electron-beam melted vanadium after deformation by 


twins have been observed in 
slow compression at liquid nitrogen temperature. 
Single crystals were cut from an ingot having the 
following interstitials content: 0.033 per cent C, 
0.0047 per cent O,, 0.0005 per cent N,, and 0.0012 
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per cent H,. The oxygen and nitrogen contents of 
this material were an order of magnitude lower than 
in that studied by Clough and Pavlovic while the 
carbon and hydrogen contents were only slightly 
lower. 

The twins were quite similar in appearance to those 
found in the other body-centered cubic metals—thin 
with serrated boundaries. A two-surface analysis of 
the twin traces established the twin plane as {112}, 
as expected. 

Thus, it appears that all of the Group Va body- 
centered cubic metals twin with relative ease below 
room temperature if they are very pure and have a 
large grain size. 

C. J. McHARGUE 
Metallurgy Division 
Oak Ridge National Laboratoryt 
Oak Ridge, Tennessee 
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The use of lattice spacings data to evaluate 
the effective valency of transition metals 
in Ag-based h.c.p. phases* 


Studies of certain ternary h.c.p. phases based on 
copper and silver have shown that the axial ratio is 
affected very little in a ternary system if one solute is 
substituted for another along a line of constant 
electron-to-atom ratio.“;2) On the basis of this 
observation it has been suggested by one of the 
present authors (T. B. M.)® that lattice spacing 
measurements could be employed to study the 
electronic contributions to the copper- or 
silver-based h.c.p. phases caused by the addition of 
second solute elements, the valency of which is not 
certain. This suggestion is of some interest since it 
provides a new approach to the study of the effective 
valencies and also possible changes of valency of the 
transition elements when dissolved in alloys based on 


binary 


noble metals. 
It is an implicit assumption of this method that all 
the plots of axial ratio versus electron-to-atom ratio 
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Fic. 1. Variation of axial ratio as a function of electron 
concentration for silver-based h.c.p. phases. 


for binary alloys based on copper or silver should very 
nearly superimpose to give a master curve. However, 
a recent study™ of several binary h.c.p. phases based 


on silver has shown that the assumption of a master 


curve is valid only in a limited range of electron 
concentration near 1.4, where the plots converge 
towards a value near the ideal axial ratio as shown in 
Fig. 1. At higher values of electron concentration 
the rate of change of axial ratio varies with differing 
solutes, and hence variable valencies of an additional 
solute would be obtained depending on which binary 
plot is selected as the master curve. For example, 
the valency of indium when referred to silver—tin as a 
standard (Ag valency = 1, Sn valency = 4) would 
vary from 3.08 to 3.39 for the alloys shown in Fig. 1. 
Conversely, using silver-indium as a standard (In 
valency = 3), the calculated value for tin would vary 
from 3.9 to 3.5. Similar apparent changes of valency 
may be obtained also for other combinations of solute 
elements. Thus, the application of a method relating 
valency to axial ratio in silver-based alloys may prove 
fruitful only for the case of alloys which possess nearly 
ideal axial ratios as indicated in Fig. 1. The use of a 
similar approach at values of axial ratio for which 
the plots do not superimpose will lead to estimated 


valencies, or to apparent changes in ey, th 
meaning of which may be uncertain. 

T. B. Mass 
Mellon Institute H. W. Krvxe 
Pittsburgh 13, Pennsylvania 
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Electron microscopic investigation of the phase 
transformation of thin cobalt samples* 


Cobalt in bulk form shows at 417°C a reversible 
phase transformation from the hexagonal to the 
face-centred cubic form. This transformation has 
been observed directly in the electron microscope by 
heating and cooling recrystallized and electrolytically 
thinned cobalt samples (some 1500 A thick) in a 
special sample holder. The following results have 
been obtained: 

(a) At room temperature in the hexagonal form 
the samples are covered extensively with 
stacking faults, as can be seen in Figs. | and 2. 
Total dislocations, also present in the lattice, 
are evident as black lines. 

On heating the stacking faults start to disappear 
at about 450°C with formation of total disloca- 


tions by the coalescence of the partials. This is 


(b 


— 


demonstrated by comparing Fig. 2 with Fig. 3. 
Further heating to 800°C almost completely 
eliminates stacking fauits from the samples 
Some total dislocations remain, but most have 
moved and are pinned on grain boundaries or 
other obstacles. 

On cooling (cooling rate: around 30°C/min) 
from above the transformation temperature, 
the total dislocations start to split individually 
between 200°C and room temperature with 


formation of long stacking faults. This is 
demonstrated by comparing Fig. 4 with Figs. 2 
and 3. During this period some stacking faults 
can be moved to and fro by displacing the 
electron beam from the sample. This can be 
due either to small stresses, produced by the 
local variation of heat flux in the sample, or to 
the change of the magnetic field, produced by 
the traversing electron beam. Some. total 


dislocations still remain at room temperature, 


as can also be seen from Fig. 4. 
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Fic. 1. Aspect of cobalt at room temperature after thinning. One observes 
many stacking faults and also total dislocations, which are evident as black lines. 


mee Fic, 2. Recrystallized cobalt after thinning. 
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Fic. 3. Same field as Fig. 2, but heated to 470°C and photographed at this 
temperature. As compared with Fig. 2 it shows that many stacking faults 
have disappeared, thus transforming the hexagonal into the f.c.c. lattice. 


Fic. 4, Same field as Figs. 2 and 3, but further heated to 550°C and then cooled 

down to room temperature. The total dislocations have split into long stacking 

faults, some remaining unchanged. Compared with Fig. 2 the number of stacking 
faults has decreased considerably after the heating cycle. 
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These results show clearly that the phase trans- 
formation of cobalt proceeds by the help of partial 
dislocations, but it shows also that the properties of 
thin cobalt samples of some 1500 A thickness are 
somewhat different from that of the bulk material. 
This is demonstrated in the first place by the extensive 
supercooling as shown by the lowering of the trans- 


formation temperature. Secondly, a comparison of 
the quantity of stacking faults present in Figs. 2 and 4 
shows that the number has been greatly diminished 
after one heating cycle. Because the stacking faults 
are responsible for the phase transformation f.c.c. > 
hexagonal on cooling, this means that in thin foils the 
f.c.c. structure can be preserved in much greater 
quantity than in a bulk material. This has also been 
confirmed by electron diffraction work, carried out by 
Dr. N. Terao of our laboratory. 

These differences can be interpreted by assuming 
that the dislocation nodes of two partials and one pole 
dislocation, proposed by Bilby™ and Seeger™ for the 
phase transformation of cobalt, are drastically 
hampered from development by the thinness of the 


foil. After thinning most of the stacking faults no 
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longer have common pole dislocations and on heating 
disappear mostly as total dislocations on grain 
boundaries and other obstacles, where they are pinned. 
The few remaining total dislocations in the matrix 
will split up on cooling, but at a much lower tempera- 
ture because they are pinned on both surfaces of the 
sample. This also explains why the f.c.c. structure is 
preserved after one heating cycle. 

It is planned to publish these results in greater 
detail elsewhere. This work is part of a research 
program, sponsored by Union Carbide Corporation, 
New York, N.Y., for whose assistance the author is 


rrateful. 
E. Vorava 
European Research Association, s.a. 

Bruxelles 18, Belgium 
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